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FOREWORD 


We take pleasure in presenting this 206th Volume of the Transactions of the American Institute of Minin 
eens Petroleum Engineers. It contains those papers and discussions of the Extractive stauueer: 
and Steel Divisions which were accepted after careful screening by the Divisional 

The Institute of Metals Division has contributed 128 papers, including the 35th Institute of Metals Lecture 
by Andre Guinier; the Extractive Metallurgy Division 19 papers; and the Iron and Steel Division 20 papers, 
including the 33rd Howe Lecture by the late Dr. H. J. French. According to custom, the authors are privileged 
to submit short notes on their current work, and Volume 206 includes 47 Technical Notes. 

For the Metals Branch members I should like to express our appreciation to the authors and their sponsors 
for the preparation and submission of their manuscripts, to those who submitted discussions, to the Headquarters 
Staff for their painstaking efforts in carrying out the many details incident to the organization and publication 
of this volume, and to the Divisional Publications Committees for their competent review and constructive criti- 
cism of the manuscripts. These efforts gave assurances that not only were standards met, but also that the best 
use was made of the pages available to us for publication. Finally, we gratefully acknowledge the support 
given by industry to our publications program through contributions to the Metals Branch Research Publications 


Fund. Their contributions to this fund made possible the publication this year of 656 pages more than would 
otherwise have been possible. 
A. W. Thornton 


Metals B h i 
December 18, 1956 etals Branch Council, AIME 


Pittsburgh, Pa. 
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Interaction Between Metals and Atmospheres 


During Sintering 


by John T. Norton 


N order to attempt to arrive at a better under- 

standing of the whole basic problem of sintering, 
these remarks will serve as an introduction for dis- 
cussion that is included and will, perhaps, help to 
isolate specific questions which need to be answered 
or to suggest some definite avenues of investigation 
which should be followed. 

To bring some sort of logical order into the pre- 
sentation, I will consider the various types of inter- 
action between the metal to be sintered and the 
atmosphere which surrounds it, depending upon 
whether the phenomena are essentially chemical or 
physical in nature. For example, when the only nec- 
essary criterion for the satisfactory sintering of a 
certain powder is the removal of an oxide skin, then 
the problem of choosing a suitable atmosphere is 
primarily chemical; however, if a special surface 
condition as a consequence of the oxide skin re- 
moval is necessary for particularly effective sinter- 
ing, then the problem becomes a physical one. Of 
course, the two aspects overlap considerably, but it 
may be possible to make a distinction in principle if 
not in practice. The chemical characteristics of the 
phenomena will be emphasized, since these are the 
better known. 

Metal-gas reactions involved in sintering are con- 
trolled primarily by the thermodynamics of the 
processes involved. In which direction will a reac- 
tion go and how far before it stops? The answer is 
to be found in the magnitude of the free energy 
change associated with the reaction. If a constituent 
is to be removed from the specimen as completely 
as possible or if a constituent is to be formed in the 
specimen as completely as possible, then one 
chooses conditions which are far from equilibrium 
so that the reaction is driven toward completion. On 
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the other hand, if the composition is to be main- 
tained at a desired value, then conditions are ad- 
justed as closely as possible to the equilibrium point. 
This aspect of the problem is susceptible to quite 
precise analysis, provided, of course, that the sig- 
nificant reactions can be recognized and the required 
thermodynamic data are available. 

Conversely, if one asks how fast the reaction goes 
or how far it proceeds in a given time, the an- 
swer is frequently much more difficult to answer in 
quantitative terms. Yet the rate-controlling factors 
of the reactions may be of primary importance in 
the success of a particular operation, especially 
where competing processes are at work. Both equil- 
ibrium and rate factors must be understood if a 
clear picture is to be obtained. For instance, in a 
process for carburizing titanium dioxide, is the diffi- 
culty of obtaining a stoichiometric TiC due to a true 
limitation of the equilibrium or simply to a very 
slow rate of reaction? An example of this appears 
in the work of Kalish and Mazza.* They showed 
that the oxygen content of sintered iron compacts 
was lower when sintered in pure hydrogen than in 
the case where the hydrogen was diluted with 
either argon or nitrogen. The equilibrium oxygen 
content of the iron would be the same in the two 
cases, Since it is determined by the ratio of the par- 
tial pressures of water vapor and hydrogen and this 
pressure ratio 1s unchanged by dilution. The rate of 
oxygen removal, however, under the conditions of 
a constantly replaced furnace atmosphere, depends 
upon diffusion and thus upon the concentration of 
hydrogen in the furnace atmosphere. Possibly the 
clearest way to illustrate the interplay of these two 
factors is to consider in more detail some of the 
typical metal-gas reactions. 


Adsorbed Gases 


It is common experience that fine metal powders 
with their very large surface areas often contain 
large quantities of gas. This gas, which results from 
exposure to air or perhaps from some step in the 


JANUARY 1956, JOURNAL OF METALS—49 


Powder Metallurgy Symposium 


preparation of the powder, is not in solid solution 
nor in the form of chemical compounds but is held 
to the surface by the forces of adsorption. The term 
adsorption is used here in its most general sense. 
This complex phenomenon has been discussed else- 
where’ and one needs only to emphasize that in the 
case of fine powders the volume of gas per unit 
weight of metal may be very large. 

Adsorbed gas is usually not removed in significant 
amounts simply by changing the surrounding at- 
mosphere but is largely removed by heating to 
temperatures below the normal sintering tempera- 
tures. It is desirable to remove this gas at an early 
stage of the sintering operation because of the com- 
peting reactions of solution in the metal or forma- 
tion of stable metal compounds. These also proceed 
with increasing rate as the temperature is increased 
and result in fixing the gaseous elements much more 
firmly. The gas may also be entrapped by the closing 
pores at the early stages of densification. In most 
practical cases, the problem of the elimination of 
adsorbed gas can be solved by a suitable control of 
the rate at which the specimen is heated to the sin- 
tering temperatures. 

Little data are available on actual equilibrium 
pressures for desorption and probably the values are 
not specific but very dependent upon the nature and 
condition of the powder particle surface. However, 
at temperatures of the order of sintering tempera- 
tures, the values are certainly quite high. Increasing 
temperatures and decreasing total pressures of the 
atmosphere will increase the desorption rate, pro- 
viding that competing reactions do not interfere. 


Evaporation of Metals During Sintering 


Another reaction in which the atmosphere is in- 
volved is the evaporation of the metallic elements 
in the specimen. This is especially important as the 
sintering temperature approaches the melting point 
and often seriously limits the use of high vacuum 
sintering where, for other reasons, its application 
would be highly desirable. Evaporation takes place 
when the vapor pressure of the solid or liquid metal 
exceeds the partial pressure of the metal vapor in 
the atmosphere. Since normal atmospheres contain 
no metal vapor, evaporation is inevitable and the 
reactions would go to completion if time were avail- 
able because of the condensation in the colder parts 
of the furnace. 

The rate of evaporation, however, can be con- 
trolled by the atmosphere pressure. The pressure 
determines the mean free path in the atmosphere, 
hence, the rate of diffusion of the vapor away from 
the metal surface. Consequently, the rate of evapo- 
ration increases inversely as the total pressure, at 
least until the mean free path is comparable in 
length to the size of the furnace. Increasing the total 
pressure decreases the rate very materially. For 
instance, at 1500°C, cobalt is evaporated from 
WC-Co hard metal alloys if the pressure is lu but 
the evaporation is negligible at a pressure of 1 atm. 
The evaporation rate depends upon the size and mass 
of the gas molecules of the atmosphere. In a very 
light gas like hydrogen, diffusion will be more rapid 
than, for example, in argon at the same temperature. 

Evaporation may play a very useful role in puri- 
fication if the body to be sintered contains a metallic 
element with a relatively high vapor pressure. The 
reaction is of such a nature that the concentration 
can be reduced to a very low value and in a reason- 
able time if high temperatures and low pressures 
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can be used. Perhaps an extreme example is the 
fugitive-binder technique used when it is desirable 
to obtain dense refractory alloys such as carbides or 
nitrides without binder. A small amount of a metal 
such as cobalt is added, which materially aids in the 
initial densification by providing a liquid phase, but 
final high sintering in a good vacuum removes prac- 
tically all trace of the binder by evaporation and re- 
sults in a very dense body. 


Direct Dissociation of Metal Compounds 

A metal compound such as a hydride, nitride, or 
oxide will dissociate directly into its elements, pro- 
vided the partial pressure of the gaseous dissociation 
product is lower than the dissociation pressure of 
the compound. Hydrides are quite unstable and hy- 
drogen is readily removed by this sort of reaction. 
Some oxides and nitrides also are relatively easy to 
dissociate. It is very difficult to believe, however, 
that the same mechanism applies to the oxide sur- 
face layers on metals like beryllium, titanium, chro- 
mium, and zirconium, or even iron. The dissociation 
pressures for most oxides and nitrides are known. 
For instance, at 1500°K, the values for FeO, Cr.O,, 
and TiO, are 10”, 10”, and 10° mm, respec- 
tively. This obviously is far beyond the capabilities 
of even the best vacuum system. Yet, if titanium is 
taken as an example, it is possible to sinter titanium 
powder, which must have at least partially oxidized 
particles, in high vacuum to give dense and reason- 
ably ductile bodies; and, in fact, vacuum-fusion 
analyses indicate that the oxygen content may be 
slightly reduced by such sintering. Some other 
mechanism seems needed to account for the result. 

One might postulate that the atmosphere always 
contains traces of carbon and that the TiO, is re- 
duced by CO. This atmosphere, however, would be 
actively carburizing toward titanium, and the car- 
bon content of the sintered body would be increased. 
Another possible mechanism would involve the 
evaporation of TiO. The thin TiO, layer would be 
transformed to TiO by reaction with the titanium 
metal and the TiO would evaporate as TiO vapor, 
condensing in the colder parts of the furnace. From 
the data of Coughlin,’ the vapor pressure of TiO can 
be calculated, and at 2000°K the value is about 2.8. 
This is a very substantial pressure and the rate of 
evaporation could be expected to be significant in a 
vacuum. As soon as the TiO layer is removed, the 
titanium surface, saturated with oxygen in solid 
solution, remains. Since this surface was in equilib- 
rium with solid TiO, it must also be in equilibrium 
with the same pressure of TiO vapor, and oxygen 
will continue to evaporate as TiO. As the oxygen 
content of the titanium decreases, the equilibrium 
pressure of TiO vapor will also decrease. Possibly 
the rate-controlling factor at this stage is the diffu- 
sion of oxygen in titanium metal. 

This mechanism is based, of course, on the as- 
sumption of the existence of a relatively stable TiO 
vapor. It is not unreasonable, since the purification 
of silicon and germanium apparently can proceed by 
the same mechanism. It seems as if the investigators 
who have worked on the high vacuum sintering of 
titanium must have some information on this prob- 
lem which has not yet found its way into the liter- 
ature. If not, it is a problem that should receive 
some quantitative investigation. 


Reduction and Carburization 
The reactions of oxidation-reduction and carbur- 
ization-decarburization are probably of the greatest 
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DISCUSSION PREPARED BY AMOS J. SHALER 


The following summary, which was prepared by Dr. 
Shaler, is based on a panel discussion of J. T. Norton’s 
presentation on sintering. Among those who took part 
were: H. Blumenthal (American Electro Metal Corp., 
Yonkers, N. Y.), A. S. Doty (P. R. Mallory & Co., Inc., 
Indianapolis), E. W. Engle, Jr. (Vascoloy-Ramet Corp., 
Waukegan, Il.), S. J. Garvin (Arnold Engineer- 
ing Co., Marengo, Ill.), J. Gurland (Firth Sterling Inc., 
Pittsburgh), H. H. Hausner (Sylvania Electric Prod- 
ucts Inc., Bayside, N. Y.), H. Hirsch (Knolls Atomic 
Power Laboratory, General Electric Co., Schenectady), 
Ki. S. Kalish (Sylvania Electric Products Inc., Bayside, 
N. Y.), A. G. Metcalfe (Armour Research Foundation of 
Illinois Institute of Technology, Chicago), F. N. Rhines 
(Carnegie Institute of Technology, Pittsburgh), C. H. 
Sump (Armour Research Foundation of Illinois In- 
stitute of Technology, Chicago), A. D. Schwope (Brush 
Laboratories Co., Cleveland), and L. L. Seigle (Syl- 
vania Electric Products Inc., Bayside, N. Y.). 

The discussion began with the subject of the in- 
fluence of the atmosphere on the rate of sintering. It 
was concluded that the rate may be increased if the 
atmosphere contributes to the vapor-phase transport 
of some of the metallic atoms from one part of the 
compact to another. Atmospheres containing water 
vapor, or some of the halides, might affect sintering 
rates this way. Another mechanism affecting the rate 
of sintering in the presence of an inert atmosphere 
might be the increase in the rate of spheroidization re- 
sulting from the shortening of the mean free path for 
metal evaporation. Yet another might involve the 
activation of the particle surface by the formation of 


volatile compounds as a result of atmosphere-compact 
interaction. 

There was considerable discussion of the infiltration 
process as it is affected by the atmosphere. It was con- 
cluded that cleanliness of the particle surface con- 
tributes to more efficient infiltration but that cleanli- 
ness could be achieved by more positive means than 
vacuum sintering; atmospheres reacting with surface 
oxides, or even altering the composition of the surface, 
might provide a greater cleanliness from the point of 
view of infiltration than a surface that is simply free 
of contaminants. 

The techniques of introducing special atmospheres 
were discussed. The usefulness of such practices as 
adding decomposable hydrides to the metal, ball mill- 
ing volatile materials onto the particles, and selecting 
lubricants to leave a desirable residue was brought out. 

Another subject discussed in detail was the influence 
of the atmosphere on the nucleation and growth in the 
compact of certain phases which may or may not be 
desirable and which appear under some conditions and 
not under others. Typical of this type of interaction is 
the formation of the yn phase in carbides. 

Finally, the group discussed the importance of the 
topography of the particle surface on the rate of sin- 
tering and infiltration. It was brought out that this 
topography could be altered by sintering a compact 
first in an oxidizing atmosphere, then in a reducing 
one. The topography of the resulting surface, formed 
by reduction of a deliberately formed oxide, might 
have better properties than a surface not subjected to 
such a cycle. 


practical importance and it is convenient to consider 
them in the same category because of the dual 
nature of carbon in this respect. The chemical equa- 
tions describing the metal-gas reactions of this type 
usually involve a gaseous phase on each side of the 
equation and the equilibrium constant will then de- 
pend upon the relative partial pressures of the two 
gases. It may or may not depend upon the total pres- 
sure of the atmosphere. The simplest example per- 
haps is the sintering of iron and steel parts for which 
excellent data are available. One can calculate 
readily the composition of an atmosphere which will 
be reducing with respect to the iron but at the same 
time will maintain the carbon content at a specified 
value at the desired sintering temperature. 

A more complicated situation has been discussed 
in an excellent paper by Meerson and Krein’ on the 
influence of the atmosphere on the carburization of 
TiO.. They determined experimentally the equil- 
ibrium compositions of titanium, carbon, and oxygen 
in specimens subjected to sintering at temperatures 
of 1300° to 1500°C and atmosphere pressures of 0.1 
to 100 mm. They postulated that the TiO, was 
reduced and carburized to form what they termed a 
Ti-TiC-TiO solid solution, that is, a face-centered- 
cubic lattice of titanium atoms in which some of the 
interstitial positions were filled with carbon, some 
with oxygen, and some were unoccupied. 

The results of their experiments showed that 
when the total pressure of the atmosphere, which 
was essentially CO, was about 10 mm, the maximum 
combined carbon content was obtained and at this 
pressure the carbon content increased with increas- 
ing temperature. Even at 1500°C, however, the 
equilibrium carbon content was less than the theo- 
retical 50 atomic pct. In other words, there were 
some vacant positions in the structure. 
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At a pressure of 1 mm, the carbon content was less 
and there were more unoccupied positions. The at- 
mosphere under these conditions was less carburiz- 
ing than at the higher pressure but again increasing 
temperature increased its carburizing potential. No 
oxygen was present in the equilibrium structure. On 
the other hand, an increase of pressure to 100 mm 
also caused a decrease in carbon content but at the 
same time introduced oxygen atoms into some of 
the interstitial sites. Thus, at this higher pressure, 
the CO atmosphere becomes oxidizing as well as de- 
carburizing. From the equilibrium data, the equilib- 
rium constants of the several reactions were cal- 
culated and from this the authors were able to pre- 
dict that, at a pressure of 1 to 10 mm and in a tem- 
perature range from 1600° to 1700°C, the completely 
saturated TiC with 20 pct combined C would be 
obtained. They obtained, experimentally, specimens 
with 19.9 pet combined C under these conditions. 

It is very interesting to realize that a carbon- 
deficient TiC, having a defect structure, can actually 
be an equilibrium structure and that a carbide con- 
taining carbon, oxygen, and holes can exist in 
equilibrium with a seemingly carburizing atmos- 
phere. It has generally been believed that the diffi- 
culty in obtaining completely carburized titanium 
was due to some rate-determining process but these 
experiments have shown that the equilibrium itself 
can be controlling. 

In the sintering of WC-Co hard metals, the control 
of the carbon content is of the greatest importance 
and the control depends in large measure upon the 
atmosphere. At normal atmospheric pressures, the 
hydrogen atmosphere, if employed directly, is de- 
carburizing. Consequently, steps must be taken, 
such as packing in closed graphite boats, in order to 
increase the carburizing potential in the neighbor- 
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hood of the parts being sintered. Just how important 
and how critical is this control has been shown by 
Gurland.’ In this ternary system W-C-Co, too much 
carbon means free graphite, which is bad, and too 
little means the formation of the 7 phase, W:Co.C, 
which is worse. Using a 16 pct Co alloy, Gurland has 
shown that an alloy with less than 6.00 pct C in the 
carbide phase formed 7» at the sintering temperature 
and that this was retained even on slow cooling. Be- 
tween 6.06 and about 6.12 pct, the stoichiometric WC 
composition, no 7 formed at any temperature. Above 
about 6.15 pet C up to about 6.3 pct, graphite forms 
on cooling from the sintering temperature. In the 
composition range between 6.00 and 6.06 pct, there 
is a narrow range of sintering temperatures where 
yn can be formed and retained by rapid cooling. 

These results show how critical the control of car- 
bon content is and that not only must the starting 
material be correct but the atmosphere must main- 
tain it at the correct value. Specimens originally of 
low carbon content but which were recarburized by 
the atmosphere showed abnormal growth of large 
grains resulting from the decomposition of the 7 
phase as its carbon content was increased. 

When the hard metal grades being sintered con- 
tain TiC as well as WC and cobalt, the problem of 
carbon control is quite as critical from the point of 
view of properties and is more difficult to carry out. 
In practice, the TiC is added as the TiC-WC solid 
solution, but if the particles are oxidized the oxide 
probably is TiO., which is difficult to reduce with 
hydrogen. Within the body, the oxide reduction is by 
carbon, usually from the carbide, and this carbon 
must be replaced by an atmosphere of the correct 
carbon activity. If the composition is to be uniform 
throughout the body, this carbon replacement must 
take place while the part is still porous. 

Although this operation is carried out success- 
fully in practice, using the same technique as for the 
straight WC grades, Brownlee et al.° have pointed 
out the possible advantages of vacuum sintering. 
Here the atmosphere is essentially CO in a pressure 
range from 0.05 to 1.0 mm and it has free access 
to the parts. At a pressure of 0.05 mm, the atmos- 
phere is only very slightly carburizing and there is 
some loss of cobalt by evaporation. At 0.2 mm, the 
atmosphere is slightly more carburizing; while at 
1.0 mm, it is quite strongly carburizing. Thus, by 
adjusting the pressure, particularly in the later 
stages of sintering, a simple and direct control of 
the carbon content is possible. 

In the category of reduction and carburization, 
one should also place the analogous reactions in- 
volving nitrogen. This gas is not a reducing agent 
but it does play an important role in some metals if 
present in the atmosphere. A splendid example is 
that given by Kalish and Mazza’ on the sintering of 
stainless steel in an atmosphere of dissociated am- 
monia. They show clearly the role played by chro- 
mium and nickel and the important influence of the 
nitrogen content on the properties of the sintered 
product. Under such conditions, nitrogen is far from 
being an inert gas. 


Surface Tension 

To this point, I have given primary consideration 
to the problem of the exchange of chemical elements 
between the metal and the atmosphere. However, 
the surface properties of the powder particles also 
play an important role which may vary consider- 
ably, depending upon the nature of the atmosphere 
with which this surface is in contact. These proper- 
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ties, perhaps, may be considered as more physical 
than chemical in nature. Surface tension is one of 
the important surface properties and one which is 
frequently susceptible to conditions in the atmos- 
phere. Perhaps it would be more correct to describe 
the property as surface free energy but it seems un- 
likely that any misunderstanding will occur if 
surface tension is used for solid and liquid metals. 

Herring’ has observed that “‘sintering is a splendid 
example of a process motivated by surface tension.” 
In the current theories of sintering, this property 
plays a prominent part and although a discussion of 
these theories cannot form a part of this introduc- 
tion, it is pertinent to consider the influence of the 
atmosphere. The principal influence is the reduction 
of the surface tension as compared to that of a 
clean metal surface through the formation of an ad- 
sorbed layer. In previous sections, adsorption was 
used in a very general sense to indicate the associa- 
tion of gas with the metal. Here, it is used in a 
more specific sense to represent the layer of the gas 
atoms which exists on the surface of a metal when 
the metal and gas are in equilibrium with one an- 
other; it can, in general, be thought of as a complete 
or partially complete monolayer. 

The surface tension can be expressed in terms of a 
clean surface, the temperature and the pressure of 
the gas in the atmosphere by Gibbs’ adsorption 
equation. Unfortunately, there are relatively few 
examples of experimentally determined values of 
surface tension which are of interest in connection 
with sintering atmospheres. Udin® and his students 
have examined silver and copper using the 
weighted-wire method. They found in the case of 
silver, for instance, that oxygen in the atmosphere 
markedly reduces the surface tension, the effect in- 
creasing with increasing partial pressure of the oxy- 
gen. CO, on the other hand, had almost no effect 
upon the surface tension. Kingery’ and his stu- 
dents, using the sessile-drop method, have investi- 
gated liquid iron in equilibrium with several gases. 
The results showed that sulphur was very active in 
reducing surface tension, oxygen somewhat less so, 
nitrogen only slightly active, and carbon not at all. 
Direct measurements of surface tension are ex- 
tremely difficult to carry out but more information 
on other metal systems and on other atmospheres is 
badly needed if the general picture of sintering 
kinetics is to be carried forward. 

Another aspect of the problem, applicable to sin- 
tering in the presence of a liquid phase, is the rather 
ambiguous question of wettability which is also as- 
sociated with interfacial energies; again, the atmos- 
phere plays a role. Kingery” * and his students have 
studied this problem also by observing the shapes of 
the sessile drops of iron on various refractory sub- 
strates. Taking iron on an alumina substrate as an 
example and comparing the results with those of 
surface tension mentioned previously, they found 
carbon to be the most effective, oxygen somewhat 
less, sulphur considerably less, and nitrogen not 
effective at all in reducing the contact angle or in- 
creasing the wettability as compared with pure iron 
in an inert atmosphere. Here again, more experi- 
mental evidence is necessary if a good understand- 
ing of sintering is to be obtained and the full poten- 
tial of sintered products is to be realized. 


Activated Sintering 
Numerous experiments have shown that the rate 
of densification during sintering can be accelerated 
and improved mechanical properties of the sintered 
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body obtained if certain auxiliary means are em- 
ployed. These may involve use of mechanical pres- 
sure, ultrasonic vibration, or magnetic fields applied 
during sintering. One of these means involving the 
atmosphere has been described by Eudier™ and in- 
cludes the addition of halide compounds to the fur- 
nace gases. In the case of sintered iron, for instance, 
he has suggested that, at a comparatively early stage 
of sintering, the halide vapor reacts with the iron at 
the surfaces of pores, forming an iron halide. This 
compound melts and collects at the sharp angles of 
the pores, making them rounder. At higher temper- 
atures, the iron halide is decomposed, leaving me- 
tallic iron to round out the pores. The significantly 
improved mechanical properties are ascribed to this 
effect. Eudier™ also points out that the formation of 
metal halides from the special atmosphere may 
greatly facilitate the exchange of place of metal 
atoms in the compact and, for instance, expedite the 
formation of a homogeneous solid solution of silicon 
in iron when the two metal powders are sintered 
together. 

Actually, the details of the activation mechanism 
must be very complex and will require much fur- 
ther study. However, very real improvements appear 
to be possible by such techniques. This opens up a 
new area for research in powder metallurgy and 
would seem to justify the best efforts of those who 
are wise in the ways of surface chemistry. 

The operation of sintering a mass of powder into 
a strong tough and dense body with all the desirable 
properties that are required in the finished part is 
an extremely complex one. The problem has many 
individual facets, all of which are interconnected in 


their action. Apparently it is not possible to conduct 
this operation without an atmosphere of some sort 
and it is important to learn more about the basic 
part which it plays. With all this complexity, one 
might marvel at the fact that sintered parts are as 
good as they usually turn out to be. But the very 
complexity should give strong assurance that a 
clearer understanding will, in the end, make them 
very much better. 


Discussion of this paper, if any, will appear in 
JOURNAL OF METALS, November 1956, and in AIME 
Metals Branch Transactions, Vol. 206, 1956. 
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Surface Tensions of Silicates 


The literature dealing with the surface tension of molten silicates with composi- 
tions of metallurgical interest has been reviewed. Useful generalizations exist with 
ionic potentials and types of chemical binding. There are numerous applications to 


operating problems. 


by R. E. Boni and G. Derge 


URFACE tensions of molten silicates are of 
metallurgical importance for many reasons. 
From a knowledge of their values, an insight into 
the problem of liquid slag structure can be gained. 
Also, such problems as separation of slag from 
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metal, slag penetration of refractories, spreading of 
enamel coats on metals, bonding of cutting wheels, 
adsorption of gases, frothing of slags, and homogen- 
ization of slags are related to the surface tensions of 
the silicates. 

Because of the absence of a correlated review of 
the work that has been conducted in this field, the 
following survey is presented. It is not a complete 
summary of all the surface tension studies of sili- 
cates but only a review of the literature which is 
pertinent to metallurgical applications and research. 


Liquid Surface Tension 
The surface of a liquid differs from the interior in 
that its particles (ions, atoms, or molecules) are not 
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completely surrounded by neighbors as they are in 
the bulk. Because of the fact that there are no 
particles above those in the surface layer to satisfy 
the chemical or binding forces directed perpendicu- 
larly and away from the surface, a net inward 
attraction results normal to it. 

Surface energy is the work which must be done 
against these inward attractive forces to bring 
particles from the interior to the surface in the ex- 
pansion of surface area. From a thermodynamic 
point of view, surface energy is the energy of the 
system due to the fact that there is a surface. For 
liquids, the terms surface tension and surface energy 
may be interchanged. 

Because there is a tendency for every system to 
reduce its energy to a minimum, there is a difference 
in composition between the interior and exterior of 
a multicomponent liquid. The Gibbs’ adsorption rule 
states that the component with the lower surface 
tension will concentrate at the surface, thereby re- 
ducing the surface tension of the system. An approxi- 
mate form of the Gibbs equation for ideal dilute 
solutions is 


dy 
_ RT dc 


where I is the excess surface concentration of the 
solute in mol per centimeter, c is the bulk concen- 
tration of the solute in mols, R is the gas constant: 
8.31x10° erg per °K per mol, T is the temperature in 
°K, and d/dc is the concentration coefficient of sur- 
face tension in ergs per square centimeter per mol. 
The final point to be considered before the 
methods of surface tension measurement are pre- 
sented is the influence of temperature upon surface 
tension. Generally, the surface tensions of liquids 
decrease with increasing temperature because the 
kinetic agitation of the surface particles and their 
tendency to fly outward from the surface increase 
as the temperature is raised. Thus, as the restrain- 
ing force on the surface particles decreases with the 
rise in temperature, so does the surface tension. At 
the critical temperature, where the meniscus be- 


tween a liquid and its vapor disappears, the surface 
tension vanishes. 

With increased thermal motion, the surface par- 
ticles may be disoriented or dissociated into simpler 
groups so that additional forces are unsaturated, 
which increase the surface tension. In addition, the 
excess surface concentration of the component with 
lower surface tension could decrease with increasing 
temperature if its evaporation or solubility in the 
bulk increased, thus raising the surface tension. All 
of the factors mentioned previously must be consid- 
ered before the effect of temperature upon surface 
tension can be explained. 


Methods of Surface Tension Measurement 

Drop-Weight Method—Quincke’ in 1868 and Til- 
lotson® in 1911 used the drop-weight method for 
measuring the surface tensions of glasses. This is 
based upon the observation by Tate* that the weight 
of a drop falling from a rod is proportional to the 
diameter of the rod and the surface tension of the 
material. 

A modification of the drop-weight method was 
presented in 1924 by Lecrenier,’ who permitted 
drops of molten glass to issue from the orifice of a 
crucible rather than from the end of a rod. 

Sessile-Drop Method—Quincke® in 1869 was the 
first to apply the sessile-drop method to a liquid at 
high temperatures. Through the use of an approxi- 
mation formula, he was able to calculate the sur- 
face tension of molten B,O, from the measurement 
of the dimensions of its stationary liquid drop rest- 
ing on a horizontal pedestal, i.e., from the diameter 
of maximum horizontal cross-section and maximum 
height of the portion of the drop above this plane. 
Detailed accounts of the use of this method and the 
approximate solutions appear in the excellent work 
by Ellefson and Taylor.’ 

Fiber-Weight Method—The origin of this method 
rests with Berggren,* who in 1914 heated a glass 
fiber and compared the length of the shrunken por- 
tion with that of the elongated part. In 1927, Tam- 
mann and Rabe’ heated a vertical glass fiber at a 


Table |. Comparison of Surface Tension Results Obtained by Various Methods 


Approximate Composition Surface Tension, 


of Liquid, Wt Pct Dyne per Cm Method References 
Approx. 1200°C 
73 SiOz, 10 CaO, 17 NazO 156 Rod drop-weight Tillotson$ 
160 Fiber-weight Keppeler15 
167 Dipping-weight Washburn, Shelton, Libman}8 
265 Dipping-cylinder Vickers16 
304 Max. bubble-pressure Parmelee, Badger, Williams17 
304 Dipping-cylinder Babcock!s 
305 Max. bubble-pressure Williams, Simpson!9 
307 Max. bubble-pressure Parmelee, Harmon 
310 Bulb Pietenpol?! 
310 Max. bubble-pressure Keppeleri5 
405 Crucible drop-weight Lecrenier5 
470 Crucible drop-weight Morey? 
Approx. 700°C 
100 32.7 Fiber-weight Keppeler 15 
45.0 Rod drop-weight Tillotson’ 
74.2 Dipping-cylinder Shartsis, Spinner, Smock 
84.5 Sessile-drop Quinckeé 
Approx. 1200°C 
58 SiOe, 42 NasO 140 Rod drop-weight Tillotson’ 
286 Dipping-cylinder Shartsis, Spinner 
290 Crucible drop-weight Appen® 
296 Max. bubble-pressure Lyon?26 
298 Sessile-drop Ellefson, Taylor27 
315 Dipping-cylinder King?7 
: Approx. 1200°C 
76 SiOz, 33 NazO 136 Rod drop-weight Tillotson? 
162 Dipping-cylinder Washburn, Shelton, Libman13 
281 Dipping-cylinder Shartsis, Spinner 
288 Max. bubble-pressure Lyons 
291 Max. bubble-pressure Williams, Simpson!® 
292 Crucible drop-weight Appen?25 
321 Dipping-cylinder Vickers16 
355 Max. bubble-pressure Vickers16 
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predetermined position to a particular temperature. 
If the weight of the fiber below the point at which 
heat was applied was too great for surface tension 
to support, this portion extended; whereas, the 
heated portion was drawn up into the rod in a 
spherical form if the surface tension was greater 
than the force due to the weight of the fiber below 
the heated position. At the point at which neither 
extension nor contraction of the heated portion oc- 
curred, the fiber was sectioned; and surface tension 
was calculated from the weight of this length. 


Maximum Bubble-Pressure Method—Although 
the theoretical basis for this method was established 
as early as 1851 by Simon” and 1891 by Cantor,” 
Jaeger” in 1917 was the first to apply it to high tem- 
perature measurements of viscous liquids. He meas- 
ured the pressure required to cause a bubble of 
nitrogen to break away from the end of a platinum 
capillary tube which was immersed to a given depth 
in the liquid medium. This pressure was a result of 
surface tension and hydrostatic head which oppose 
the bubble formation. 


Dipping-Cylinder Method—In 1924, Washburn, 
Shelton, and Libman™ developed a method based 
upon that of Wilhelmy”™ in which they suspended a 
hollow platinum cylinder from a sensitive spiral 
spring which was made to contact the surface of the 
molten glass by raising the crucible. After contact 
was made, the crucible and its contents were low- 
ered; and the spring was extended until its resultant 
vertical force balanced the surface tension This 
extension, along with the spring constant, the cir- 
cumference of the cylinder, and the contact angle 
between the liquid and the cylinder, enabled the 
calculation of surface tension. 

Bulb Method—In 1936, Pietenpol® adapted the 
soap-bubble method to the measurements of the sur- 
face tensions of molten glasses. Here the pressure 
within a bulb is balanced against a small head of 
liquid within a manometer. A thin glass bulb was 
blown on the end of a tube which was attached to a 
manometer. The bulb and tube assembly were 
heated to a particular temperature in a furnace and 
the excess above atmospheric pressure was recorded. 
This pressure was due to the surface tension of the 
glass which opposed expansion of the bulb. 

Comparison of Methods—As can be seen in Table 
I, where the surface tensions* of various liquid sili- 


* These values represent the interface between the liquid and air 
unless specified otherwise. 


cates measured by the different methods are com- 
pared, the best agreement is reached among the 
values obtained with the maximum bubble pressure, 
dipping cylinder, sessile-drop, and crucible drop- 
weight methods. The high surface tensions of the 
73 pet SiO.-10 pet CaO-17 pct Na,O composition ob- 
tained by Lecrenier’ and Morey” with the crucible 
drop-weight method are ascribed to too rapid form- 
ation of drops. Using the same technique but form- 
ing the drops more slowly, Appen” secured values 
for the Na,O-SiO, melt which agree with those of 
investigators who used other methods. 

The surface tensions of the 67 pct SiO.-33 pct 
Na.O slag listed by Vickers” disagree with the 
others. High values result for viscous liquids with 
the maximum bubble-pressure method when the 
bubbles are blown too rapidly. An assumption of 
too low a contact angle might be the explanation for 
the high surface tension obtained with the dipping- 
cylinder method. 
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Fig. 1—Lines and data points show the variation of surface 
tension of pure oxides with ionic potential at 1400°C. 


The surface tensions obtained by Washburn et al.” 
with the dipping-cylinder method are too low be- 
cause they assumed incorrectly zero contact angles 
between the melts and cylinder, i.e., complete wet- 
ting of the cylinder by the liquid when this was not 
the case. Ellefson and Taylor’ showed experiment- 
ally that the contact angle between platinum and 
Na.SiO; in the presence of N. was 60° instead of 0°. 
Although the contact angle between the molten sili- 
cate and platinum in the presence of air might be 
different from 60°, it is probably not 0°. 

Table I shows that the values obtained by Tillot- 
son* with the rod drop-weight method and by Kep- 
peler” with the fiber-weight technique are about 
half the accepted ones. These inaccuracies are prob- 
ably due to the failures of the theories upon which 
the methods are based. 

The maximum bubble-pressure method has been 
used more extensively for the measurement of the 
surface tension of glass than any other single method. 
Of the acceptable means, it is the simplest and prob- 
ably the most accurate if the proper precautions are 
taken in its application to slag measurements; these 
precautions are a slow rate of bubble formation and 
the selection of tubes from material which the slags 
wet at least partially. This latter consideration is 
necessary because the bubbles break away from the 
inner radius only when the tube is wet by the 
medium, i.e., when the contact angle is greater than 
90°, the bubbles break away at positions intermedi- 
ate between the inner and outer radii. Thus, the 
effective radius of the tube, i.e., the bubble radius, is 
difficult to determine under these conditions. 

The dipping-cylinder method or modifications of 
it are quite suited to measurements of the surface 
tensions of slags. Although the apparatus required 
is more complicated than that for the maximum 
bubble-pressure method and the measurements are 
more time-consuming, it has been used fairly ex- 
tensively and satisfactorily, as described in Table I. 

In review, the most suitable methods for the meas- 
urement of slag surface tensions are the maximum 
bubble-pressure, dipping-cylinder, crucible drop- 
weight, and sessile-drop methods in order of de- 
creasing suitability. The criteria upon which these 
selections were based are accuracy of results, rapid- 
ity of measurement, simplicity of apparatus, and 
ease of analysis of the experimental data. 


Results of the Surface Tension Investigations 
Slag Constitution—Like viscosity and electrical 
conductivity, surface tension is a slag property 
which has aided the development of the structural 
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Table II. Surface Tensions of Various Substances 


Surface Tension, 
fe} 


Substance Dyne per Cm Reference 
Metallic 
Ni 1615 in He 1470 28 
Fe 1560 in He 1550 28 
Cd 500 29 
Covalent 
FeO 584 1400 30 
Al2O3 580 2050 31 
CueS* 410inA 1130 32 
Slag 
MnO:SiO:z 415 1570 27 
CaO-SiOz 400 1570 27 
NazO-SiO2 284 1400 24 
Tonic 
Li2SO 220 860 12 
CaCly* 145in A 800 32 
CuCl* 92in A 450 32 
Molecular 
H2O 76 0 33 
s 56 120 34 
PsOc6 37 34 33 
CCLa 29 0 35 


* These values were obtained by the authors, using the maximum 
bubble-pressure method with argon. The melts were contained in 
alumina crucibles. 


picture of molten silicates. Table II shows the re- 
lation between bond types in liquids and their sur- 
face tensions. The highest surface tensions accom- 
pany the strongest binding, e.g., nickel; whereas, the 
lowest surface tensions accompany the molecular 
liquids, e.g., CCl,. It is evident that the surface ten- 
sions of the molten binary silicates lie between the 
ionic and covalent types and, indeed, both types are 
believed to exist. 

Correlations between the experimental surface 
tensions and those calculated by use of surface ten- 
sion factors of oxides and the ionic potentialst of 


+ Ionic potential, Z/r, is a measure of the binding force between 
the cation and some anion, where Z is the valence of the cation 
and r is its radius. 


the cations appear in Table III and Fig. 1. Although 
Dietzel” and Lyon® calculated surface tension factors 
for oxides from their contributions to the surface 
tensions of multicomponent glasses, their data are 
not used here for reasons which will be presented 
after their methods are described. 


 AMnO-Si02 


FeO-SiO2 
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Surface Tension (Dynes/Cm.) 
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Fig. 2—Variation of surface tension with silica content at 
1570°C is plotted. Symbols on the graph represent data of 
various investigators: triangles, King;” squares, Shartsis and 
Spinner; and circles, Shartsis, Spinner, and Smock.” 
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From the surface tensions and compositions of 
several multicomponent glasses, Dietzel calculated 
the surface tensions of the constituent oxides by 
solving simultaneous equations of the type 


y = MF, + + + [2] 


where y is surface tension, M; is mol percent of the 
i component, and F, is its surface tension factor. 
This expression has an empirical basis. 

The method used by Lyon involved averaging the 
compositions and surface tensions of many of the 
same glasses that Dietzel used to obtain a single 
composition and surface tension. Then by trial and 
error, he obtained surface tension factors of the 
separate components, which when substituted into 
the various compositions yielded the least standard 
deviation from the experimental values and which 
calculated exactly the surface tension of the aver- 
age composition. These values agree with those of 
Dietzel. 

Probably because they calculated factors for com- 
ponents which were minor constituents in the glass, 
they obtained some unreasonable values. Dietzel’s 
factors for PbO and V.O; are negative. His factors 
for K,O, TiO., and CaO seems too small from a con- 
sideration of measured slag surface tensions, and his 
factor for B,O; is much larger than the experimental 
value. Although his factors yield surface tensions 
which are in fair agreement with the measured 
values for glasses in the same composition range as 
that from which he made his calculations, they do 
not work successfully for other compositions. For a 
slag whose composition in weight percent is 35.5 wt 
pet SiO,, 12.5 wt pct Al.O;, 42.0 wt pet CaO, 8.4 wt 
pet MgO, and 1.6 wt pet FeO, Sauerwald” obtained 
a surface tension of 495 dyne per cm at 1545°C with 
the maximum bubble-pressure method. Using the 
temperature corrected factors of Lyon, which are 
similar to those of Dietzel, and an equation similar 
to Eq. 2 but expressing the composition in weight 
percent, the following calculation is made 


y = 35.5 Fsio, + 12.5 Faizo, + 42.0 Foao + 8.4 Fargo + 
1.6 Freo = 35.5(3.23) + 12.5(5.75) + 42.0(4.92) + 
8.4(5.29) + 1.6(4.3) = 455 dyne per cm. 


This calculated value does not agree with the ex- 
perimental value. 

Because of these reasons and the recent avail- 
ability of new surface tensions for binary silicates 
and pure oxides, the data which appear in Table III 
and Fig. 1 were compiled and calculated. The fac- 
tors listed were obtained by solving two simultane- 
ous equations similar to Eq. 2, utilizing the surface 
tension data whose references occur in Table III. 
Only for BaO and CaO were data from ternary 
compositions used, and here the experimental value 
for Al,O; was used to confine the problem to the 
solution of two equations for two unknowns. The 
value for ZnO was obtained from the binary borate, 
so it differs from the others which were all obtained 
from silicates. It is interesting to note that the ex- 
perimental and calculated values agree for FeO and 
PbO. In addition, the values for CaO calculated from 
independent measurements are in accord. The low 
value obtained for SiO, may be attributed to the 
fact that it was obtained from data on low silica 
binaries. Although the relations between surface 
tension and silica content for FeO, CaO, MgO, and 
MnO, are linear in the investigated composition 
ranges they may deviate from linearity at higher 
or lower silica contents. See Fig. 2. Thus, linear 
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Table III. Calculated Surface Tension Factors of Oxides 


Surface Tension Factors, 
Dynes per Cm 


Oxide Range Reference for Data 


Oxide Z/1 1300°C 1400°C 1500°C Slag System Mol Pct Used in Calculation 
K:0 0.75 168 156 K»O0-SiO2 33 to 17 24 
308 297 NazO-SiO2 49 to 20 24 
420 403 LizO-SiOz 46 to 29 24 
366 366 50 to 34 32 
2 1.51 140 140 PbO-SiO2z 83 to 33 23 
PbO 1.51 138* 140* PbO 100 23 
CaO 1.89 602 586 CaO-SiOz 50 to 39 27 
CaO 1.89 614 586 CaO-SiOz 50 to 34 30 
MnO 2.17 653 641 MnO-SiOz 67 to 48 27 
ZnO 2.38 550 540 ZnO-B2O3 67 to 52 23 
FeO | 2.44 570 560 FeO-SiOz 77 to 60 27 
FeO 2.44 584* FeO 100 30 
MgO 2.56 512 502 MgO-SiO» 51 to 46 27 
ZrOs 4.55 4707 10 to 0 37 
Al203 5.26 640¢ 630¢ 100 31 
6.25 380 TiOz-FeO 18 to 0 30 
Si02§ 10.2 285 286 Binary-SiOz 83 to 50 24 
SiOs# 10.2 181 203 Binary-SiO» 50 to 33 27 
BzO3* 14.3 33.6* 96+ 100 23 


* This is an experimental value. 
; Figure was calculated by A. Dietzel.37 
¢ Value was extrapolated from the experimental value. 


§ The values given represent averages calculated from high S$iOe-binary. 
# The values given represent averages calculated from low $iOe-binary. 


extrapolations may not yield the true surface ten- 
sion contribution of silica. 

Using these values and the composition of the 
previously mentioned slag expressed in mol frac- 
tions, the following calculation of its surface tension 
at 1400°C may be made. 


y = 0.35(285) — 0.07(640) — 0.45 (608) — 
0.12 (512) — 0.01(570) 


y = 487 dyne per cm. 


This calculated value is in accordance with the ex- 
perimental 495 dyne per cm. 

The authors realize that the calculation of the 
surface tension of one slag is scarcely sufficient to 
establish the accuracy of these surface tension fac- 
tors. However, the fact that these factors yield a 
value closer to the experimental surface tension 
than the factors derived from glasses is a point in 
their favor. This is especially true, since the factors 
are used to calculate the surface tension of a slag 
completely independent from those from which the 
factors were derived. 

Fig. 1 shows the distinct relationship between the 
surface tension factor of an oxide and the ionic po- 
tential of its cation. As the ionic potential of the 
cation increases from 0.75 for K* to 2.17 for Mn”, 
the surface tension contribution at 1400°C increases 
from 156 to 653 dyne per cm. Ions on this branch of 
the curve behave as basic cations in molten silicates, 
i.e., they yield their O* to the Si* and appear in the 
interstices between complex silicate anions. The 
basicity of the oxides on this branch decreases as the 
series is traversed from K.,O to MnO, i.e., the K* gives 
up its O* more readily than the Mn” because the 
K-O bond is weaker than the Mn-O bond. The sur- 
face tension contribution of K.O is less than MnO for 
the same reason. 

As the ionic potentials increase above 2.4, the 
factors decrease until the lowest is reached for B.O; 
at an ionic potential of 14.3. Ions along this branch 
of the curve are anion formers because of their 
strong cation-oxygen attractions, ie., they take up 
the O? from basic cations and form complex anions. 
The O* reduces tension contributions of these rela- 
tively strong cations by shielding a high proportion 
of the charge. As the ionic potentials increase, the 
ions become stronger polarizers and expend more of 
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their unsaturated fields in deforming the valence 
orbit of the O*. As a result, the contributions to 
surface tension decrease as the ionic potentials in- 
crease on this branch. 

It is also observed from this plot that the points 
for Mg”, Al’*, and Fe” lie near the intersection of the 
curves. These ions may behave as cations or anion 
formers. In explaining the seemingly low surface 
tension of FeO, Kozakevitch®” postulated the pres- 
ence of Fe* and thus the possibility of complex 
anions containing Fe* and O*. It may be that an 
explanation similar to this is also valid for mixtures 
containing Al,O,; or MgO; however, there is insuffi- 
cient evidence from surface tension data to conclude 
what types of complexes are present. 

Fig. 24 is presented to show the effect of SiO, ad- 


t Figs. 4 and 2 are somewhat similar to those appearing in ref. 40. 


ditions upon the surface tensions of binary systems 
containing basic oxides. Silica lowers the surface 
tensions of MnO, CaO, FeO, MgO, and Li,O, i.e., SiO, 
is surface active in these binary systems. In these 
cases, the contribution of the complex silicate anion 
to the surface tension is less than that of the basic 
cation. On the other hand, PbO and K.O are surface 
active in binary silicate melts, i.e., their cationic con- 
tributions to the surface tension are less than those 
of the silicate anions. These facts are shown more 
clearly by Fig. 1, the data for which were obtained 
in part from Fig. 2. 
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Fig. 3—Curves show the relation between surface tension and 
composition for binary FeO systems at 1400°C, after 
Kozakeyvitch.*° 
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Fig. 4—Relation between ionic potential and temperature 
coefficient of surface tension for metasilicates is plotted. 
Symbols represent data from various inyestigatiors: diamonds, 
King;” squares, Shartsis, Spinner, and Smock;* and circles, 
Shartsis and Spinner.* 


In Fig. 3, the effect of various additions upon the 
surface tension of FeO is shown. It is seen that 
P.O;, Na.O, SiO., and TiO, lower the energy of the 
binary FeO systems, as predicted by their contribu- 
tions in Fig. 1. The minimum in the CaO curve and 
the trend toward minima in the MnO and TiO, are 
difficult to explain. 

Fig. 4§ shows that the temperature coefficients of 


§ Fig. 4 is similar to one appearing in ref. 40. 


surface tension of the metasilicates become more 
positive as the ionic potentials increase. T. B. 
King™® observed from his data that the tendency 
for temperature coefficients to become more positive 
increased with SiO, content to a greater extent for 
the cations with higher ionic potentials. 

King attributed the increase of surface tension at 
high temperatures to the dissociation of complex 
silicate anions. The extent of the breakdown was 
assumed to be greater in the case of higher cation- 
oxygen attraction because more of the higher com- 
plexes are present. If increased thermal agitation 
could dissociate the complex silicates, this mech- 
anism would explain why the coefficients were more 
positive at the higher SiO, contents also. 

Desorption of the excess surface active material 
at higher temperatures can affect an increment in 
surface tension. King reasoned that the effect of 
silica upon the surface tensions of the various sili- 
cates was too small to permit a slight desorption of 
the already low excess to account for all of the ab- 
normal behavior. However, the following consid- 
erations should not be overlooked: Since the most 
positive temperature coefficients are obtained with 
the silicates whose surface tension-composition 
curves are the steepest and since the abnormal be- 
havior increases with silica content, it does seem 
that desorption is important. It is interesting that 
the miscibility gaps in the temperature-composition 
diagrams widen as the ionic potentials of the basic 
cations increase. The presence of miscibility gaps 
attests the limited solubility of SiO, in the binary 
melts. In the case of the most limited solubility, it is 
expected that the solute will concentrate most at the 
surface, e.g., the MgO-SiO., melt. An increase in 
temperature would decrease the surface concentra- 
tion of SiO, most in this case and thus cause the 
greatest increase in surface tension. Where there is 
almost complete miscibility, the temperature coeffi- 
cients are negative, e.g., K,0—, Na.O—, Li,O—SiO,. 


58—JOURNAL OF METALS, JANUARY 1956 


Thus, surface tension measurements have shown 
that there is a relation between cation-oxygen 
attraction and surface tension and its temperature 
coefficient. From this and from the comparison be- 
tween type of binding and surface tension, the ionic 
nature of silicate melts is indicated. 

Relations to Operating Problems—In addition to 
the structure information on slag, surface tension 
investigations have afforded some practical infor- 
mation. From his investigation of the silicates, Ko- 
zakevitch” concluded that the surface of an open 
hearth slag should be rich in adsorbed SiO., since 
SiO. is surface active in this composition range. 
Then, because SiO, increases the viscosity of a slag, 
the surface should be extremely viscous; and the 
stability of the foam on open hearth slags during 
carbon elimination could be explained. T. B. King” 
objected to this explanation on the basis that the 
excess is insufficient to make the surface more vis- 
cous than the bulk. 

A. E. J. Vickers” observed that the condition of 
the furnace atmosphere influenced the rate at which 
slags corrode refractories. Using a 33 wt pct Na.O 
and 67 wt pct SiO, glass, he observed a tremendous 
decrease in surface tension when NH;, H.O, or H. 
instead of air provided the atmospheres above the 
glass. Hydrogen reduced the surface tension most. 
He attributed these effects to the increased solubili- 
ties of these gases in the glass over that of air. 
G. Tammann’® had observed the same reduction of 
the surface tension of glass by H.O and attributed 
this to the adsorption of the hydroxyl ion. It is 
evident from these investigations that hydrogen in 
any form reduces the surface tensions of silicates 
and may increase the wetting of the refractories, 
which increases their deterioration. Also, worthy 
of note is the possible use of surface tension meas- 
urements to determine the relative solubilities of 
N., H., H,O, and SO, in slags. From such an investi- 
gation, the proper selection of slags with regard to 
limiting the transfer of gas from the atmosphere 
through the slag to the metal could be simplified. 

The working and pouring characteristics of slags 
with low viscosity are controlled by their surface 
tensions. Parmelee and Lyon™ made the qualitative 
observation that slags with high surface tensions but 
low viscosities tend to form spherical masses and do 
not pour freely. Thus, where the metal must be 
covered and the slag must pour freely, a slag of low 
surface tension should be used; however, this might 
lead to an increased attack on the refractories be- 
cause they are wet more by the slags with lower 
surface tensions. 

W. B. Silverman“ observed that the appearance 
and persistence of inhomogeneities in glasses are 
influenced by surface tension. When the surface 
tension of the inclusion was greater than that of the 
glass, the inclusion persisted; however, if its surface 
tension was less, it disappeared. Some of the diffi- 
culties in slag homogenization may be similar to 
this problem. 

These are only a few of the practical results that 
have evolved from surface tension investigations. 
Many metallurgical phenomena are related to the 
surface tensions of slags; and, because this approach 
has yielded fruitful information in the few instances 
in which it has been used, it would seem that it is 
a method which should be used more widely. 


Discussion of this paper, if any, will appear in 
JOURNAL OF METALS, November 1956, and in AIME 
Metals Branch Transactions, Vol. 206, 1956. 
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Surface Structure of Nonoxidizing Slags 


Containing Sulphur 


Application of surface tension measurements has been made to molten silicates in 
order to determine the effect of sulphur upon the surface tensions of synthetic blast fur- 
nace slags. In meits with the same molar ratios of Al,O; + SiO. to the basic oxides 
BaO, CaO, and MgO, the surface tensions increase in the order of oxides listed. Sulphur 
lowers the surface tensions of the basic BaO, basic CaO, acid BaO, acid CaO, and acid 
MgO slags in that order; and the concentration of excess sulphur at the slag surface in- 
creases in this same order of slags. The rate and amount of desulphurization of iron 
by these slags is favored by a low excess surface sulphur in the slag. 


by R. E. Boni and G. Derge 


| N a previous paper,’ the authors discussed the ap- 
plications of surface tension measurements of mol- 
ten silicates to problems of metallurgical interest. 
Of major importance is the aid that such studies 
lend to forming a working concept of slag structure. 

Since the ability of a slag to desulphurize metal 
depends strongly upon its composition, funda- 
mental information about the structural differences 
between various slags which contain sulphur should 
aid the development of better desulphurizing media. 
For that reason, the present investigation concerns 
the effect of sulphur upon the surface tensions of 
synthetic blast furnace slags. 


R. E. BONI, Junior Member AIME, formerly Graduate Fellow, 
Carnegie Institute of Technology, is Research Metallurgical Engi- 
neer, Timken Roller Bearing Co., Canton, Ohio, and G. DERGE, 
Member AIME, is Jones and Laughlin Professor of Metallurgical 
Engineering, Carnegie Institute of Technology, Pittsburgh. 

Discussion of this paper, TP 4135C, may be sent, 2 copies, to 
AIME by Mar. 1, 1956. Manuscript, Dec. 27, 1954. Chicago Meeting, 
February 1955. 

This paper is based on a portion of a thesis by R. E. Boni sub- 
mitted, in partial fulfillment of the requirements for the degree of 
Doctor of Philosophy, to Carnegie Institute of Technology. 


TRANSACTIONS AIME 


Experimental Procedure 

The maximum bubble-pressure method was used 
to measure the surface tensions of synthetic blast 
furnace slags in the temperature range 1300° to 
1600°C. The method is based upon the equation 
which was developed by Schroédinger® from a con- 
sideration of the forces of hydrostatic pressure and 
surface tension of a liquid which oppose bubble 
formation when a gas is forced through a tube im- 
mersed in the liquid. 


rg (Hs, — j 
3 (Hs, — 


| 


where y is the surface tension between argon and 
slag in dynes per centimeter; g is the gravitational 
constant, centimeters per second’; H is the mano- 
meter reading in centimeters; s. is the density of 
manometer fluid in grams per cubic centimeter; s, 
is the density of the medium in grams per cubic 
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Table |. Compositions of Synthetic Blast Furnace Slags 
MgO CaO BaO SiOz AlsO3 
Slag No., wt Mol wt Mol wt Mol wt Mol wt Mol 
Designation Pet Pet Pet Pet Pet Pet Pet Pet Pet Pet 
1, acid CaO 31.3 33.5 52.4 57.3 16.3 9.2 
2, basic CaO 44.5 49.8 40.3 41.1 14.9 9.1 
3, acid BaO 54.0 33.5 36.2 57.3 9.8 9.4 
4, basic BaO 69.2 49.8 22.4 41.2 8.4 9.0 
5, acid MgO 23.6 33.5 60.0 57.2 16.4 9.2 


centimeter; t is the depth of immersion of the tube 
in centimeters; and r is the radius of the tube open- 
ing in centimeters. The method assumes that the 
medium wets the tube sufficiently to permit bubbles 
to break away from the inner periphery of the tube. 
In addition, Parmelee et al." have shown that the 
bubbles must be blown very slowly in highly viscous 
liquids in order to prevent errors caused by the 
hindrance of viscous forces to bubble formation. 

Fig. 1 is a schematic sketch of the apparatus used 
to obtain the measurements. It consists of a micro- 
meter and spring arrangement to lower the bubbler 
tube into the melt and a manometer for measuring 
the pressure developed as argon is admitted through 
the tube into the melt. A Meriam manometer oil is 
the fluid (s, = 0.824 g per cu cm at 20°C), and a 
machinist’s rule (0.01 in. divisions) is the mano- 
meter scale. An X6 traveling telescope is used to 
make the pressure readings. Because the tempera- 
ture of the room in which the measurements were 
taken was approximately constant and because the 
temperature coefficient of the manometer fluid was 
small, the manometer was not encased in a thermo- 
static jacket. 

Copper tubing, % in. diam, connects the Pyrex 
manometer circuit to the tube assembly and to the 
needle vaive at the argon tank. With the aid of %4 
in. Cu sleeves which are soldered to these terminals, 
the tubing is connected directly to the glass joints 
and valve with a minimum amount of rubber tubing. 

The Inconel tube, which threads into the graphite 
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Fig. 1—Apparatus for measurement of surface tension by 
maximum bubble-pressure method is shown in this two-part 
schematic diagram. Section 1 illustrates the general arrange- 
ment, while details of the graphite tip at location O are 
shown in section 2. 
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bubbler tube, is brazed into a threaded brass head 
which has a ¥ in. opening to accommodate the 
copper tubing which leads from the manometer cir- 
cuit. A leak-proof junction between the manometer 
and bubbler tube circuits is obtained by means of 
a rubber washer arrangement between a brass head 
and cap. 

The slags were melted in graphite crucibles, 2 in. 
ID by 2% in. OD by 4% in. inside height by 5 in. 
outside height, which were insulated from the high 
frequency induction coil by globular alumina. A 
cylindrical refractory brick with holes to accom- 
modate the bubbler tube, thermocouple sheath, and 
atmosphere tube was placed on top of the crucible. 

Temperature readings were obtained by means of a 
Pt—Pt-10 pct Rh thermocouple in a mullite sheath, 
protected by a graphite tip on the portion immersed 
in the melt. The junction was placed near the bub- 
bler tip so that temperature measurements were 
representative of the bubble temperature. Period- 
ically, the thermocouple was calibrated against a 
standard couple in the temperature range 1300° to 
1600°C; and it did not deviate more than +1°C from 
the standard. 

Temperature control within +4°C was achieved 
through a variable resistor across the grids of the 
oscillator tubes of the high frequency induction 
generator. Very little adjustment of the power out- 
put was necessary during a surface tension measure- 
ment at a given temperature. 

The ternary slags whose compositions are reported 
in Table I were prefused from chemically pure rea- 
gents (0.01 pet maximum impurities) in low sulphur 
graphite crucibles. After the slag became molten, 
the melt was stirred with a graphite rod and held 
at 1500°C for 20 min to insure homogenization. 
Then, the slag was poured into a graphite dish and 
allowed to cool, whence a representative sample for 
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Fig. 2—Surface tension is plotted vs temperature for SiQo- 
Al:Q3-alkaline-earth oxide slags. Numbers keyed to curves 
refer to slags so designated, Table |, in which compositions 
are given. 
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Fig. 3—Surface tension is plotted vs temperature for acidic 
CaO slags (designated No. 1) with 0 to 0.79 wt pct S added. 
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Fig. 4—Surface tension is plotted vs temperature for basic 
CaO slags (designated No. 2) with 0 to 1.46 wt pct S added. 


chemical analysis was obtained. The major con- 
stituents of the slags were determined with stand- 
ard gravimetric analyses. 

Sulphur was added as CaS to the CaO slags, as 
MgS to the MgO slags, as BaS to the BaO slags, or 
through desulphurization of carbon-saturated iron. 
In the latter case, the slags were held for long times 
at 1500°C in graphite crucibles to reduce the FeO 
which resulted from the reactions 


HeSiron (FeS) 


where R is calcium, magnesium, or barium, Sulphur 
in the slags was analyzed by the combustion method 
with the Leco apparatus. 

For a surface tension measurement, the desired 
slag composition was melted in a graphite crucible 
under an argon atmosphere (99.9 pct pure A with 
N. as the major impurity), with the tip of the bub- 
bler tube just slightly above the melt. At the de- 
sired temperature, the bubbler tube with argon (of 
the same purity) flowing was lowered until its tip 
contacted the surface of the melt. Contact was de- 
tected by the increased manometer reading caused 
by the obstruction at the tube opening. Approxi- 
mately 1144 min were allotted per bubble. Readings 
of the maximum pressures were not recorded until 
consistent maxima were observed over a 5 min 
interval. This was necessary because some of the 
slags did not wet the graphite at first. As a result, 
very low maxima resulted because the bubbles 
broke away at the outer periphery of the tube 
rather than at the inner opening. Because a shorter 
time was required to attain constant maxima with 
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Fig. 5—Surface tension is plotted ys temperature for acidic 
BaO slags (designated No. 3) with 0 to 0.74 wt pct S added. 
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Fig. 6—Surface tension is plotted ys temperature for basic 
BaO slags (designated No. 4) with 0 to 2.67 wt pct S added. 


the acid slags, it was concluded that silicon carbide 
rather than a basic carbide was formed at the tube- 
slag interface. That the slag wet the carbide but 
did not dissolve it was exhibited by the constant 
maxima that were obtained after sufficient time 
elapsed to cover the tip of the tube with the carbide. 
The waiting period was necessary only at the tem- 
perature of the initial measurement, and less time 
was required when the measurements were begun 
at 1550° rather than 1350°C. 

After a series of measurements were completed, 
the tube was removed from the apparatus and a 
slice containing the bubbler tip was cut. This was 
mounted on the micrometer stage of an X20 micro- 
scope, and the diameter of the tube opening was 
measured in several directions and averaged. 


Results 
The surface tension-temperature results for the 
synthetic blast furnace slags without sulphur are 
presented in Fig. 2.* For reference purposes, these 


* All surface tensions reported in this paper are for slag vs argon. 


same data are plotted in Figs. 3 through 7 along 
with the results for sulphur-bearing slags. It is 
believed that the general consistency of the data, 
and their reproducibility on heating and cooling, is 
good indication of adequate experimental control of 
slag homogeneity and composition and temperature 
uniformity. No gas evolution from slag-graphite re- 
actions was observed at the temperatures reported. 

The surface tension of 495 dyne per cm at 1500°C 
for the basic CaO slag No. 2+ agrees exactly with 


+ See Table I for the compositions which correspond to these slag 
designations: Nos. 1 through 5. 
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the values for a similar slag obtained by Sauerwald,' 
who also used the maximum bubble-pressure method 
with argon as the gas. This value is higher than the 
450 dyne per cm for the same slag against air meas- 
ured by King* with the dipping-cylinder method. 
The discrepancy may be due to the fact that oxygen 
and possibly nitrogen are probably surface active 
and therefore yield a lower slag-gas surface tension 
than the one reported vs an inert gas. 

Surface tensions of the BaO slags (Nos. 3 and 4) 
at 1300°C are slightly higher than the value against 
air reported for a slag in their composition range by 
Appen and his co-workers,’ who used the crucible 
drop-weight method. Thus, in both instances, there 
seems to be a lowering of the surface tension by air 
when compared to an inert gas. 

Surface tensions were obtained both during heat- 
ing and cooling to check the reproducibility of the 
measurements and to determine whether the hys- 
teresis effect reported by King* for molten MnO- SiO, 
is present in the ternary slags. He attributed the 
thermal behavior to the irreversibility of the struc- 
tural breakdown of the silicates. It is evident from 
Fig. 2 that the values obtained during cooling are 
the same as those for heating. Therefore, recon- 
struction of the complex silicate network on cool- 
ing is probably the exact reverse of the breakdown 
caused by increased thermal agitation on heating if 
such a process exists. However, definite evidence 
that the breakdown is temperature sensitive has not 
been offered so that this reversibility is certainly no 
proof of its existence. 

Figs. 3 through 7 show that sulphur lowers the 
surface tensions of all of the ternary slags. In order 
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Fig. 7—Surface tension is plotted ys temperature for acidic 
MgO slags (designated No. 5) with 0 to 0.42 wt pct S added. 
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Fig. 8—Curve and data points show the relation between sur- 
face tension and ionic potential of cation in acid-alkaline- 
earth oxide slags. 
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Bulk Sulfur Concentration (Mol.%) 
Fig. 9—Surface tension is plotted ys bulk sulphur concentra- 
tion for five slags at 1500°C. Numbers keyed to the curves 
refer to slags so designated, Table |, in which compositions 
are given. 


of decreasing effect, sulphur lowers the values of 
the acid MgO (No. 5), acid CaO (No. 1), acid BaO 
(No. 3), basic CaO (No. 2), and basic BaO (No. 4). 

Although the slopes of the surface tension vs tem- 
perature relationships for most of the sulphurous 
slags are not much different from those of the base 
melts, there is one marked exception. The curve for 
the acid MgO slag (No. 5) containing 0.42 wt pct S 
exhibits a maximum at approximately 1450°C; see 
Fig. 7. This behavior is probably due to the desorp- 
tion of sulphur from the slag surface as the tem- 
perature is increased from 1350° to 1450°C. Since 
sulphur lowers the surface tension, i.e., it is surface 
active, a decrease in its concentration at the surface 
affects a rise in surface tension of the melt. 


Interpretation 


Fig. 8 shows that the increase in surface tensions 
of the acid slags at 1500°C parallels the rise in ionic 
potentials of the alkaline-earth cations. This be- 
havior is expected, since Z/r (Z is valence and r is 
cationic radius) is a measure of the binding force 
between unlike ions and surface tension is a result 
of unsatisfied binding forces of the surface ions. This 
general behaviour is similar to that observed in binary 
silicates.” 

Fig. 8 may be interpreted also as a basicity plot 
where this quantity decreases as the ionic potential 
increases. Thus, Mg™ is a weaker basic ion than 
Ca* or Ba™. The following very much simplified 
expressions are presented to facilitate the interpre- 
tation of this statement 


Ki 

Ka 

3 Ca* + Si,O,” + 3 O* 3 + 3 Ca* [2] 
Ks 

3 Mg* + Si,O,” + 3 =3 + 3 Mg”. 


Because the ionic potentials of the basic cations in- 
crease in the order Ba”, Ca**, and Mg”, these ions 
yield their O* ions to the complex silicate anions 
less readily in the same order. Thus 


ky > Ka Re 
or approximately 


| (S107) | 
% (Si,O,” ) (O*)* 
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Fig. 10—Excess sul- 
phur at the surfaces 
of the RO-AI20;-SiO2 
slags at 1500°C is 
plotted. Numbers 
keyed to curves and 
data symbols refer to 
slags so designated, 
Table |, in which 
compositions are 
given. 


w oO 
je} fe) 


(lons of S/Cm?2) x 1078 
w 


10 


O 02 04 06 08 
Mol %S in Bulk 


The O* ions of the basic cations are polarized 
jointly by the Si* and basic cations. A covalent bond 
of varying degree is formed between the basic cation 
and oxygen anion in the SiO,“ group depending 
upon the ionic potential of the cation. The bond 
formed between Mg™ and O”* in the SiO,’ radical 
is more covalent than that between Ba* or Ca* and 
the O* ion. 

Fig. 9 is a summary of the surface tensions at 
1500°C presented in Figs. 3 through 7. It is evident 
that sulphur reduces the surface tensions of the 
basic BaO (No. 4), basic CaO (No. 2), acid BaO 
(No. 3), acid CaO (No. 1), and acid MgO (No. 5) 
slags increasingly in that order. 

So that this behavior can be explained, the S* 
anions will be assumed to replace the O* ions which 
are associated with the basic metal ions only, i.e., 
not the O* in the complex silicates. The S* ion be- 
cause of its greater size is more highly polarizable 
than O* so that in the presence of a strong polarizer 
like Mg* a more strongly polarized bond is formed 
between it and Mg* than between O* and Mg”. 
Therefore, the unsatisfied force about the MgS group 
is less than it is about the Mg-O bond. Thus, the 
surface tension, which is a result of the unsatisfied 
force fields about the surface ions, of the MgO-Al,0,- 
SiO, is reduced by the introduction of S* ions. Be- 
cause Ca** and Ba”™ are weaker polarizers than Mg”, 
the Ca-S and Ba-S bonds are less covalent than the 
Mg-S bond. Therefore, the unsatisfied surface bonds 
of these melts are not affected as greatly by the 
introduction of S* ions. 

The assumption that the S* ions are associated 
with the basic cations only and not with the Si* ions 
is based upon the conclusions derived from two re- 
cent investigations. Richardson and Fincham” found 
in the case of CaO-SiO, melts that the sulphur- 
holding capacity decreases by a factor of 630 as the 
molar fraction of CaO falls from 0.90 to 0.30. There- 
fore, they concluded that S* does not substitute for 
O* bonded to two Si“, i.e., in the acid complex Si,O,". 
Also, a nearly twofold increase should be expected 
as CaO is increased from 0.30 to 0.60 mol if S* re- 
places the O* in the SiO,“ groups, since the number 
of O* associated with one Si* (SiO,* groups) in- 
creases proportionately. Instead, an elevenfold in- 
crease is realized at 1500°C. Hence, they concluded 
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Fig. 11—Bulk slag sulphur after 1 hr desulphurization is 
plotted ys excess sulphur at surface for 0.01 mol pct S in 
bulk at 1500°C. The following symbols refer to slags so 
designated in Table | (where compositions are given): circle, 
No. 1; square, No. 2; upright triangle, No. 3; diamond, No. 
4; and inverted triangle, No. 5. 


that S* ions replace the O* associated with the basic 
cations only. 

Fulton and Chipman” observed that sulphur in- 
creases the activity coefficient of SiO, in CaO-A1,O,- 
SiO, slags. They deduced that sulphur partially 
neutralizes CaO through replacement of the oxide 
ions by sulphide ions in the approximate ratio of 
one molecule of CaO per sulphur atom. 

The interpretation of the effect of sulphur upon 
the surface tensions of the synthetic blast furnace 
slags is facilitated further by the use of the Gibbs 
adsorption equation for dilute solutions 


c- dy 
iat’ [3] 

Cc 
where, in the present case, T is the excess concen- 
tration of sulphur at the surface in mol per cm’, c is 
the bulk concentration of sulphur in mol pct, R is 
8.315x10" erg per °K per mol, T is the absolute tem- 
perature in °K, and y is the surface tension in erg 
per cm’. The data which appear in Figs. 10 through 
12 and in Table II were calculated by means of Eq. 3 
with the aid of plots similar to Fig. 9. Slopes of the 
curves, dy/dc, at various sulphur concentrations, c, 


Table II. Gibbs Adsorption Relations for Sulphur in Synthetic 
Blast Furnace Slags 


Excess Sulphur Concentration Reciprocal 
in Surface, Temperature 
Ions per Cm?2x10-4 at Coefficient 
Slag wt Mol of Excess, 
Designation Pct S Pct S 1360°C 1400°C 1450°C 1500°C dI/d(1/T) 
1-0 0 0 0 0 0 0 0 
1-1 0.26 0.0081 7.2 7.6 6.8 6.6 +2.5 
1-2 0.43 0.0134 15.1 15:5 12.9 14.0 +5.7 
1-3 0.70 0.0219 40.8 36.0 36.8 33.2 +16.2 
1-4 0.79 0.0247 51.5 40.3 41.5 40.3 +30.9 
2-0 0 0 0 0 0 0 0 
2-1 0.32 0.0100 4.3 3.6 4.0 3.3 +1.8 
2-2 0.69 0.0216 13:5 12.9 13.2 D7, +3.7 
2-3 0.93 0.0291 20.6 20.5 21.0 21.7 0 
2-4 1.13 0.0353 26.4 26.6 28.0 28.8 —4.9 
2-5 1.24 0.0387 31.9 33.1 32.5 37.3 —8.0 
2-6 1.46 0.0456 44.5 45.0 44.1 49.5 +3.3 
3-0 0 0 0 0 0 0 0 
3-1 0.29 0.0090 5.7 5.2 5.8 6.1 +0.8 
3-2 0.54 0.0169 20.6 13.0 17.0 12.8 +6.8 
3-3 0.74 0.0231 48.3 23.3 32.1 21.5 +17.5 
4-0 0 0 0 0 0 0 0 
4-1 1.06 0.0331 17.6 16.8 17.2 15.8 +3.7 
4-2 1.69 0.0528 31.9 28.6 27.5 25.3 +13.5 
4-3 2.67 0.0835 50.5 45.0 43.5 40.2 +21.0 
5-0 0 0 0 0 0 0 0 
5-1 0.10 0.0031 5.4 5.9 5.2 1.5 
5-2 0.18 0.0056 11.6 ables 9.4 +5.4 
5-3 0.42 0.0131 27.7 25.0 22.0 +16.8 
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were determined for several temperatures and ex- 
cess surface concentration of sulphur, I, calculated. 

The excess sulphur ions at the surface are plotted 
in Fig. 10 as a function of bulk sulphur content for 
each of slag Nos. 1 through 5; also see Table II. This 
might be considered as a relative solubility plot if 
the reason for the excess concentration at the sur- 
face is incompatibility of sulphur with the bulk of 
the slag, the solubility of sulphur being greatest in 
the basic BaO slag (No. 4) and least in the acid 
MgO slag (No. 5). Experiments are necessary to 
confirm this hypothesis. 

The reciprocal temperature coefficients of the ex- 
cess sulphur at the surfaces of the various slags are 
listed in Table II. Generally, the greatest decrease 
in surface concentration with temperature rise is 
observed for the acid MgO slag (No. 5) and the least 
decrease for the basic BaO melt (No. 4). 

On the basis that Fig. 10 is a relative solubility 
plot, the surface tension data were utilized to ap- 
praise the relative desulphurizing powers of the 
synthetic blast furnace slags. Both the amount of 
sulphur removed and the rate with which it is 
removed were considered in the appraisal of this 
quantity. 

Desulphurization rate data for the CaO slags were 
available from the recent work by Derge, Philbrook, 
and Goldman.” Comparable data for the other slags 
were obtained at 1500°C for new slag compositions 
by the same technique. 

In Table III and in Figs. 11 and 12, the final 
sulphur in the slags after desulphurizing carbon- 
saturated iron for 1 hr and the rate constants for 
desulphurization are presented as functions of the 
excess surface sulphur for 0.01 mol pct bulk S at 
1500°C. The curves show that the rate of desulphur- 
ization and the final bulk sulphur of the slag de- 


Table III. Correlations of Excess Sulphur at the Surfaces of Slags 
vs Their Desulphurizing Powers 
T at 0.01 Mol Pct Ku, Mol Sulphur in Slag 
5S at 1500°C, Ions per Cm, after 1 Hr Desulphur- 
Slag per Cm?x10-18 Min ization, Mol Pct 
Acid MgO 16.0 2.2x10-6 0.002 
Acid CaO 10.0 5.6x10-6 0.005 
Acid BaO 6.5 2.4x10-5 0.024 
Basic CaO 3.5 4.4x10-5 0.028 
Basic BaO 2.5 3.1x10-4 0.090 
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creases as the excess sulphur concentration at the 
surface increases, i.e., as the solubility of sulphur 
decreases. Thus, the slag which is the poorest sink 
for sulphur appears to offer the greatest resistance 
to its transfer from metal to slag. 

That sulphur has only limited solubility in these 
slags was suggested first by the observation of 
Holbrook and Joseph’ that sulphur accumulates at 
slag-metal interfaces. Prestrud” assumed that the 
amount of sulphur removed from blast furnace metal 
is proportional to the solubility of CaS in the slag 
components after the FeS has been reduced accord- 
ing to the reaction 


(FeS) + (CaO) + C> Fe + (CaS) + CO. 


These observations are in accord with the explana- 
tion of the varying degrees of reduction of slag sur- 
face tensions by sulphur additions. 


Summary 

Based on the information now at hand, the fol- 
lowing points can be made: 

1—In melts with the same molar ratios of Al,O; 
+ SiO, to the basic oxides BaO, CaO, and MgO, the 
surface tensions increase in the order listed. This is 
the same order as the increase of ionic potentials 
for these basic cations. Thus, low surface tension is 
associated with high basicity. 

2—Sulphur lowers the surface tensions of the 
basic BaO, basic CaO, acid BaO, acid CaO, and acid 
MgO slags; the degree of lowering increases in the 
order listed. 

3—The concentration of excess sulphur at the 
slag surface increases in the same order as the sur- 
face tension, i.e., in the order listed in conclusion 2. 

4—The excess sulphur at the slag surface is de- 
sorbed by increase in temperature. The amount of 
desorption parallels the increase in surface tension 
as listed in conclusion 2. 

5—Both the rate and amount of desulphurization 
of iron by these slags decrease in the same order as 
listed previously, i.e., desulphurization is favored by 
a low excess surface sulphur in the slag (as com- 
pared to the bulk sulphur analysis). 
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Diffusion and Marker Movements in Beta Brass 


Diffusion coefficients and marker movements have been determined in £ brass 
using welded couples. Three different concentration ranges were employed at 
750°C, while a fourth concentration range was measured at 500°, 600°, 700°, and 
800°C. Marker displacements toward and porosity development in the high zinc side 
of the couple were observed in all cases. The results were interpreted as favoring 


a vacancy diffusion mechanism. 


by Ulf S. Landergren, C. Ernest Birchenall, and Robert F. Mehl 


N the large amount of diffusion literature which 

has accumulated during the past half century, 
very few experimental data have been presented on 
body-centered-cubic metallic phases. The impres- 
sive combination of experimental and theoretical 
studies which has given the vacancy mechanism a 
fairly secure position as the preferred mechanism 
for most face-centered-cubic metals has no counter- 
part for body-centered-cubic phases, although the 
theoretical picture seems to be in a better state than 
the experimental work. 

The attempts to select diffusion mechanisms by 
the theoretical calculation of the activation energy 
for the various conceivable unit diffusion processes 
and the energy of formation of the type of lattice 
defect required have been based on models of two 
kinds. The first kind utilizes potential functions 
fitted for certain properties of pure crystalline cop- 
per; the second kind is fitted for sodium. The latter 
is an example of an open metal in which the metallic 
ion is small compared with interatomic distance,’ 
while the former is characteristic of the larger class 
of metals in which the ions have diameters about as 
large as the interatomic distance. 8 brass should 
resemble copper in this fundamental property. It 
should be evident that results on the mechanism of 
diffusion obtained for one of these classes need not 
necessarily apply to the other. 

Huntington and Seitz,’ using a model of the cop- 
per type, showed that the activation energies to be 
expected for interstitial migration or a two-atom 
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direct interchange were much higher than that for 
vacancy diffusion. Zener* pointed out that a four- 
atom ring rotation would involve an activation en- 
ergy considerably lower than the two unlikely 
mechanisms although still higher than the vacancy 
mechanism in the face-centered-cubic structure. 
Furthermore, he argued, the four-atom rotation 
would be relatively easier in a body-centered-cubic 
lattice and might be competitive with the vacancy 
mechanism. 

Paneth* showed that a body-centered-cubic crys- 
tal-like sodium could form interstitial defects of 
special type, called a crowdion, by crowding an extra 
atom into <111> directions where the defects would 
affect a line of about eight atoms. The defect was 
constrained to move along the defining line. 

Unlike the face-centered-cubic case, therefore, 
the theoretical calculations for the body-centered- 
cubic mechanism do not provide a very clear-cut 
answer, and the absence of adequate experimental 
studies is the more serious. 

This investigation was undertaken for the purpose 
of obtaining useful information on diffusion in body- 
centered-cubic phases. 8 brass was chosen for sev- 
eral reasons: 1—the phase field is sufficiently wide 
at high temperatures to permit the use of diffusion 
couples with adequate concentration ranges for 
satisfactory chemical analysis, 2—thermodynamic 
activity data are available for the calculation of 
mobilities from diffusion coefficients, 3—the phase is 
as close to the theoretical model of the copper type 
on which the calculations have been done as any 
body-centered-cubie metallic phase is likely to be. 

Measurements of the movements (if found) of in- 
ert markers during the diffusion process would indi- 
cate that a vacancy or interstitial mechanism played 
a major role in diffusion in 8 brass. If no marker 
movement should be found, a ring mechanism would 
be indicated but not assured. 


Experimental Procedure 
The alloys used in these experiments, listed in 
Table I with analyses, were supplied by the Naval 
Research Laboratory. They were from ingots of 3x3 
in. cross-section, heated to 760°C, reduced under a 
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forging hammer until the temperature dropped to 
about 480°C, and then reheated and reforged three 
more times to give finished bars about 144x1% in. 
cross-section. The bars were annealed for 2 hr at 
425°C and furnace-cooled. Cylindrical disks 1% in. 
diam and %4 to % in. thick were cut from the bars. 
The opposite faces of the disks were carefully 
ground parallel within 0.005 mm. The average grain 
diameters were about 0.1 mm, but recrystallization 


Table |. Analyses of Alloys Used 


Zn 


Alloy Cu Impurities, 
No. Wt Pct Wt Pet Atomic Pct Wt Pct 

1 9.0 4 40.2 0.2 

2 50.0 49.7 48.9 0.3 

3 46.4 53.4 52.6 0.2 

4 56.0 43.7 43.0 0.3 

5 9.7 50.0 49.2 0.3 


during welding produced grain diameters ranging 
between 0.1 and 10 mm. 

Marker wires, 2 mil W, were supplied by Sylvania 
Electric Products Inc. 

Sandwich-type couples were prepared by welding 
two disks of one alloy to each face of an alloy of 
lower zinc content with tungsten wire markers 
crossing the weld interfaces. Thus, a couple desig- 
nated 3/1/3 would consist of a disk of alloy No. 1, 
Table I, welded between two disks of alloy No. 3, 
Table I. Couples of type 3/1/38, 2/1/2, and 3/2/3 
were run at 750°C, some for the determination of 
diffusion penetration curves, others for the direct 
determination of marker displacements. Couples of 
type 5/4/5 were run at 500°, 600°, 700°, and 800°C 
for the determination of penetration curves. 

The cylindrical disks were given a metallographic 
polish, thoroughly cleaned with soap and alcohol, 
and etched lightly in a 50 pct aqueous solution of 
HNO,. The wire was wound around the central disk, 
the outer disks placed on it, and the unit subjected to 
10,000 psi in a hydraulic press. The pressed couple 


Table II. Diffusion Couples and Their Annealing Treatment 


Diffusion Diffusion 
Type of Couple No. Temperature, °C Time, Hr 
For Determination of Penetration Curves 
3/1/3 47 750 0.9 
59 750 2.0 
60 750 3.9 
2/1/2 62 750 0.8 
66 750 3.7 
67 750 8.4 
68 750 11.8 
3/2/3 56 750 4.5 
57 750 7.0 
5/4/5 50 800 1.0 
51 800 ea 
38 800 4.2 
53 700 5.3 
39 700 9.3 
24 600 21.4 
27 600 25.9 
26 600 29.5 
21 500 72.0 
For Direct Measurement of Marker Displacements 
3/1/3 32 750 0.9 
33 750 2.0 
45 750 3.9 
46 750 8.8 
2/1/2 31 750 0.8 
40 750 2.2 
41 750 3.7 
30 750 8.4 
58 750 9.1 
61 750 
3/2/38 44 750 
42 750 4.5 
43 750 9.1 
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Fig. 1—Average curves show the dependence of the diffu- 
sion coefficient of 6 brass on the concentration at 750°C. 
Concentration is given in atomic pct Zn. 


was held for 10 min at 650°C in an atmosphere of 
flowing hydrogen, with light pressure applied to pre- 
vent loss of alignment. Heating times ranged from 
15 to 20 min. After welding, the specimens were re- 
moved from the furnace and air-cooled. Corrections 
for diffusion during welding were applied by con- 
verting the time at welding temperature to an 
equivalent time at diffusion temperature. Correc- 
tions were always small compared with the actual 
diffusion time. 

Two plane and parallel surfaces were then 
machined perpendicular to the weld interfaces, and 
small cuts made to avoid excessive cold work. After 
metallographic polishing, the interfaces were exam- 
ined microscopically and unsound welds rejected. 
Because of smearing during polishing, some faulty 
welds escaped detection but later failed during 
machining for analysis. These specimens were also 
discarded. 

For determining marker displacements by the 
direct measurement of distances between the 
markers in the two parallel interfaces, a Kodak 
contour projector made available by the East Pitts- 
burgh plant of Westinghouse Electric Corp. was 
employed. This comparator was capable of measur- 
ing distances to +0.00005 in. Reference marks were 
made at the ends of the couples, which were always 
placed in the same position in the comparator. 
Changes in distance were determined for pairs of 
markers and averages were taken over all pairs in 
the two interfaces, resulting in slightly better ac- 
curacy than the procedure of da Silva and Mehl.* 

One or two diffusion couples were placed in a 
bomb constructed of 14% in. ID black iron pipe and 
fitted at the ends with screw caps. The dead space 
in the bomb was packed with a mixture of 8 brass 
chips to decrease vaporization losses of zine from 
the couple and lampblack to prevent the couple 
from sticking to the bomb. 
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Two tube furnaces with a 6 in. constant tempera- 
ture zone were used for the diffusion anneals. Each 
had one winding that operated continuously and an- 
other controlled automatically to maintain the tem- 
perature within +2°C during the diffusion runs. To 
minimize heating time, the furnace was brought to 
temperature and stabilized before the bomb was 
inserted. The couple temperature was measured by 
a chromel-alumel thermocouple placed against the 
end of the bomb which contained the specimen. The 
thermocouple was checked frequently against a 
Bureau of Standards Pt—90 pct Pt-10 pct Rh ther- 
mocouple. An atmosphere of flowing nitrogen was 
maintained in the furnace tube. At the completion of 
the run, the bomb was removed from the furnace 
and cooled in air. 

Specimens were carefully machined to produce 
new flat surfaces parallel to the old surfaces but be- 
yond the layer which had gained or lost zinc through 
the surface. The new flat regions were ground, 
polished, and etched. For some couples, the distances 
between markers were measured on the comparator. 
The remaining couples were aligned in a lathe, sight- 
ing the markers with a telescope to assure that cuts 
would be taken parallel to the weld interfaces. The 
outer surface was turned off in order to eliminate 
any material affected by the gain or loss of zinc 
through the surface. Outside the diffusion zone, 4 to 
6 mil cuts were begun. In the diffusion zone the cuts 
were 2 to 3 mil with 2 mil or smaller cuts being 
taken in the steep part of the penetration curve. The 
distances as measured on the feed micrometer on 
the lathe were checked after every tenth cut with a 
portable micrometer. 

Traces of the wires were usually found in two to 
four cuts, never more than five. This indicates that 
the weld interfaces were reasonably plane and the 
alignment for machining satisfactory. The uncer- 
tainty in locating the marker interface by this 
method is estimated to average less than 1 mil. 

Near the weld interface, every second sample was 
analyzed; away from the interface, every third 
sample was chosen. Each penetration curve had 
about 30 analyses. If a particular value was doubt- 
ful, samples from the adjoining cuts were run. On 
the 0.1 g samples available, electrodeposition of cop- 
per gave a mean deviation of only +0.2 pct Cu. This 
precision was satisfactory for all except two couples 


Table IV. Diffusion Coefficients at 750°C 


Couple No., Dx107 Cm? per Sec 


Atomic Pct 
zn 047 059 060 062 066 067 068 056 057 
40.5 4.6 8.2 5.2 6.0 6.1 5.8 7.0 
41 4.8 6.7 6.4 7.4 
41.5 5.1 8.3 6.3 6.9 7.3 6.5 7.6 
42 5.4 9.0 6.3 6.8 6.9 6.0 7.6 
42.5 5.5 9.3 6.3 6.7 6.7 6.5 7.9 
43 5.6 9.2 6.6 6.8 6.6 6.7 8.1 
43.5 6.2 9.2 7.0 7.2 6.9 Tel 8.6 
44 6.9 9.1 7.8 8.0 7.8 75 9.0 
44.5 7.4 9.1 8.5 9.2 8.6 8.0 10.0 
45 7.9 9.1 953) 1056 9.5 8.5. - 11.2 
47.5 14:0 1275, 1378 91520 
49 16:3) 16.0 10.8 
49.5 16.4 13.0 14.1 
50 19.4 18.4 17.4 12.0 15.4 
50.5 20/47 ~18.9 13.5 15.7 
51 20.5. 18-3 15.2 17.6 
51.5 20.9 18.7 19.5 16.7 20.5 
52 (20/5) 16.5. 23.1 
52.5 — 18.6 21.2 
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of type 3/2/3 in which the concentration range was 
only 3.7 atomic pct. As a result, the diffusion coeffi- 
cients are determined with lower precision for these 
couples than for the others. 


Experimental Results 


Diffusivities—Table II lists the couples used in 
this investigation, the identifying numbers, type, 
temperature, and time of diffusion anneal. Table III, 
copies of which are available,* gives the results of 


* Table III, which gives the results of chemical analysis for the 
group for which penetration curves were determined, has been 
deposited as Document No. 4515 with ADI Auxiliary Publications 
Project, Photoduplication Service, Library of Congress, Washington 
Pys\, 10), Cc. A copy may be secured by citing Document No. 4515 and 
by remitting $1.25 for photoprints or $1.25 for 35 mm microfilm. 
Advance payment is required and checks or money orders should 
Sy made payable to: Chief, Photoduplication Service, Library of 

ongress. 


chemical analysis for the group for which penetra- 
tion curves were determined. The distances are 
taken from the marker interface to the center of the 


Table Y. Diffusion Coefficients for Type 5/4/5 Couples 


Couple No., Temperature °C, Dx10% Cm2 per Sect 


800 700 600 500 


Atomic Pct 
050 O51 038 053 «(039 (024 037 026 O21 


43.5 10.3 16.8 16.2 5.5 5.3 1.7 2.1 19770538 
44 10.4 17.3 16.2 5.9 5.6 1.9 2.1 1.9 0.43 
44.5 6.0 5.9 1.9 2.2 2.0 0.41 
45 14.0 17.4 16.2 5.8 5.8 1.9 2.1 2.1 0.42 
45.5 5.9 5.9 2.0 2.1 2.0 0.45 
46 18.4 182 17.9 5.9 6.3 2.3 2.3 2.0 0.49 
46.5 20:5) 1957, 6.3 7.3 2.6 2.4 2.3 0,58 
47 22.2 21.3 19.7 7.2 8.4 2.9 2.6 2.8 0.65 
47.5 24.6 22.2 22.0 8.1 9.5 2.9 2.7 3 0:71 
48 25.4 22.0 21.6 9.6 9.5 3.0 2.8 3.4 0.78 
48.5 24.8 21.8 22.2 10.7 9.2 2.9 3.0 3.6 0.77 
49 23.4 20:9 21.9 10.4 8.9 3.4 2.9 0.77; 


machined layer; the analyses are in terms of atomic 
percent zinc. These data were plotted on probability 
paper, and the smoothed curve from this plot was 
used to calculate the diffusion coefficient as a func- 
tion of concentration by the Boltzmann-Matano* 
procedure. The results are given for all couples at 
750°C in Table IV and for all 5/4/5 couples at 500°, 
600°, 700°, and 800°C in Table V. 

The averaged curves for the three types of couples 
employed at 750°C and interpolated values for the 
same temperature from the 5/4/5 couples are plotted 
in Fig. 1. Since the data within each type of couple 
exhibit a considerable amount of scatter, it cannot 
be concluded from these results that the diffusivity 
depends upon the concentration range as well as the 
concentration itself. However, the diffusivities for 
the low zine end of the 3/2/3 type couples lie 
appreciably below the other results for couples 
which are losing zinc at the same concentration. Un- 
fortunately, the experimental uncertainty associ- 
ated with this type couple is rather large. 

Fitting the 5/4/5 couple data to the equation 
D = D, e°®’" yields values for D, which run from 
about 1.8x10° cm’ per sec at the low zinc end to 
about 1.3x10~° at the high zine end, while the activa- 
tion energy also appears to vary from 19.9 kcal per 
mol to about 18.2. Fitting these same data to the 
expression introduced by da Silva and Mehl’ 


M = Kyt?? 


where M is the Matano area, Ky, is a constant, and 
Q, is the average heat of activation for the diffusion 
process over the specified concentration range, leads 
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Fig. 2—Curves and data points illustrate the temperature 
dependence of 6 brass diffusion coefficients. Open circle 
represents D, calculated from self-diffusion data of Inman.” 


to the values: Qy = 19.2 kcal per mol and Ky = 25.7 
atomic pct times cm per hr. 

Marker Shifts—The results of the direct measure- 
ment of marker shifts’ are listed in Table VI. Table 
VII gives values of the shift attained by comparing 
the location of the markers observed during machin- 
ing of analytical specimens with the Matano inter- 
face determined on the penetration curves. Although 
the latter show much greater consistency than the 
former, reasons will be given in the discussion for 
believing that the former are more nearly correct. 
However, the compositions and slope of the penetra- 
tion curve at the marker interface are taken as 
nearly correct. It seems likely that there is a sys- 
tematic error in the location of the Matano interface, 
probably arising from the fact that the high zinc 
end of the couple tails off very gradually and may 
be seriously shortened due to normal scatter in the 
chemical analyses. It is found that arbitrarily shift- 
ing the Matano interface by small amounts produces 
little change in the diffusion coefficients calculated 
for the middle of the concentration range. However, 
if the curve is adjusted at the ends to keep the area 
balanced as required, the diffusion coefficients cal- 
culated at the concentration extremes vary widely. 

The amount of shift to be expected on the basis of 
lattice parameter changes’ is of the order of 10* cm, 
which is only about 10 pct of the observed values. 
No correction for this effect has been included be- 
cause of its small magnitude. 

An undetermined amount of porosity was found 
in the high zinc side of each couple near the marker 
interface. Quantitative measurements were not sat- 
isfactory due to distortion in metallographic pre- 
paration. No attempt has been made to correct for 
this porosity. 
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The scatter in the direct marker shift measure- 
ments may be partially due to one or more of the 
following conceivable sources: 1—failure of the 
same fraction of vacancies to remain as porosity in 
each specimen, 2—relief of welding stresses which 
may not have been uniform from sample to sample, 
3—absorption or evolution of gases (hydrogen was 
used for welding, nitrogen for diffusion, and lamp- 
black for packing the bombs), and 4—distortion of 
the surface in machining, grinding, and polishing of 
the flat face. These things should affect all speci- 
mens so that an additional systematic source is re- 
quired to account for the much larger indirect shifts 
recorded. 

Discussion 

Errors in Diffusion Coefficients—The errors from 
nonsystematic sources are those of distance, time, 
temperature, and chemical analysis. The uncertainty 
in distance was of the order of 10 pct of the thick- 
ness of a cut, therefore causing the largest error for 
diffusion at short times and low temperatures. The 
uncertainty in time measurement due to welding 
and heating and cooling may approach 50 pct on the 
very short runs while accounting for only a few 
percent on the long runs. Control of temperatures to 
+2°C should assure comparatively small error from 
this source. The +0.2 pct Cu uncertainty in chemical 
analysis together with the large number of samples 
analyzed per couple enabled penetration curves to 
be located precisely in the middle of the concentra- 
tion range for most couples. However, at the ex- 
tremes of the penetration curves and for the whole 
range of the 3/2/3 couples which had a small total 
concentration difference the true penetration curve 
was difficult to draw. The uncertainty may have been 
close to 50 pet in these instances. 

Since none of the 3/2/3 type couples were run for 
very short times, it seems likely that the uncertainty 
in these couples, in other couples run for very short 
times, and at the extremes of the concentration 
range in all couples is about 50 pct, with a decided 
improvement for the median concentrations of wide 
range couples run for relatively long times. The 
overall uncertainty for composite curves such as 
those recorded in Fig. 1 is probably about 25 pct 
for the diffusion coefficients. 

Systematic errors due to the failure of Fick’s law 
to hold precisely when porosity develops or to vari- 
ations in the bulk concentration at the ends of the 


Table VI. Marker Displacements by Direct Method 


Type Diffusion Diffusion Shift x 102 
Couple No. Couple Time, Hr Time?/2 Cm 
032 3/1/3 0.9 0.95 0.14 
033 3/1/3 2.0 1.41 0.57 
045 3/1/3 3.9 1.98 0.53 
046 3/1/3 8.8 2.96 0.92 
031 2/1/2 0.8 0.89 0.29 
040 2/1/2 2.2 1.48 0.17 
041 2/1/2 3.7 1.92 0.21 
030 2/1/2 8.4 2.90 0.83 
058 2/1/2 9.1 3.02 0.65 
061 2/1/2 11.8 3.44 0.84 
044 3/2/3 dal: 1.05 0.05 
042 3/2/38 4.5 2.12 0.52 
043 3/2/3 9.1 3.02 0.94 


couples must be added. Balluffi and Seigle® obtained 
diffusion coefficients in a brass in the absence of 
porosity that agreed well with da Silva and Mehl’s® 
couples which developed pores. 

Comparison of Diffusion Coefficients and Marker 
Displacements with Other Measurements—The 
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Table VII. Marker Displacements by Indirect Method 


Diffu- Diffu- Diffu- Matano Cmatano, Cwires, d Nan 
ne on sion sion sion Area, Atomic Atomic Shift ’ 
ouple Type Tempera- Time, Time!/, Atomic Pct Pct x 102, ax 
No. Couple ure, °C Hr Hr!/2 PctxCm Zn Zn Cm Cm-1 
047 3/1/3 750 0.9 0.95 0.43 47.35 48.05 1.26 0.489 
059 3/1/3 750 2.0 1.41 0.66 47.20 47.90 2.00 0.318 
060 3/1/3 750 3.9 1.98 0.91 47.25 47.85 2.50 0.217 
062 2/1/2 750 0.8 0.89 0.26 45.00 45.35 0.77 0.404 
066 2/1/2 750 3.7 1.92 0.54 45.00 45.25 1.34 0.203 
067 2/1/2 750 8.4 2.90 0.81 45.10 45.35 1.78 0.145 
068 2/1/2 750 11.8 3.44 1.06 45.05 45.30 2.11 0.101 
056 3/2/3 750 4.5 2.12 0.32 50.85 50.90 0.87 0.0657 
057 3/2/3 750 7.0 2.65 0.44 50.85 50.95 1.12 0.0506 
050 5/4/5 800 1.0 1.00 0.24 46.45 46.60 0.90 0.189 
051 5/4/5 800 1.7 1.30 0.38 46.25 46.55 1.74 0.155 
038 5/4/5 800 4.2 2.05 0.58 46.25 46.45 1.95 0.102 
053 5/4/5 700 5.3 2.30 0.40 46.35 46.55 1.35 0.160 
039 5/4/5 700 9.3 3.05 0.54 46.40 46.60 1.66 0.101 
024 5/4/5 600 21.4 4.63 0.48 46.35 46.60 2.06 0.117 
037 5/4/5 600 25.9 5.09 0.52 46.25 46.50 2.00 0.113 
026 5/4/5 600 29.5 5.43 0.56 46.40 46.60 1.58 0.111 
021 5/4/5 500 72.0 8.48 0.42 46.45 46.60 1.03 0.576 

earlier measurements of Seith and Krauss” lie about D = Na Doi +Neu Din [3] 


an order of magnitude below those reported here. 
Since their a brass measurements obtained in the 
same investigation by the questionable vapor loss 
method also differ considerably from the accepted 
values, it seems likely that their results are in error. 

Better agreement exists with data reported by 
Petrenko and Rubinstein” which were also obtained 
by a vaporization method. Their heat of activation 
of 18.5 kcal per mol for diffusion in £ brass is close 
to the average value of 19.2 for this investigation. 

A value of D at 46 atomic pct Zn obtained by da 
Silva (unpublished) in a couple containing a moving 
a-B phase boundary is in good agreement with the 
authors’ results. 

The results of this investigation accord with the 
observation made earlier by Petrenko and Rubin- 
stein that diffusion in 6 phases in Ag-Zn, Ag-Cd, and 
Cu-Zn is much more rapid than in the a phases of 
the same systems. This is generally attributed to the 
less dense packing in the body-centered-cubic struc- 
ture. The activation energy for 8 brass diffusion is 
almost exactly half that for a brass diffusion. 

Inman” has reported self-diffusion coefficients for 
both copper and zinc in a 45 pct Zn £8 brass at five 
temperatures between 678° and 870°C. Over this 
range, the ratio of zinc to copper mobility drops 
steadily from 2.08 to 1.75. His data are plotted in 
Fig. 2. Utilizing Darken’s” analysis of the Kirkendall 
effect, chemical diffusion coefficients are calculated 
from Inman’s mobilities and Hargreaves™ vapor 


pressure data. 
In Yun 

(Nou D* an + Nan D* cu) 1 + ———— [1] 
Nin 


where the N’s are atom fractions, D*’s are self- 
diffusion coefficients and y is the thermodynamic 
activity coefficient. 

yan 


Nam 
pendent of both temperature and composition within 
the precision of Hargreaves’ data. It is seen from 
Fig. 3 that the calculated D’s are in reasonably good 
agreement with the present results although they lie 
somewhat lower. 

The expected marker shift may be calculated 
from the observation of Inman that D*,, = 2 D*eu 
and from Darken’s equations 

(Dz, — D) O Nan 


X = 2t {2] 
Nan Ox 


is found to be about 5.30, nearly inde- 
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where t is the diffusion time, X is the marker dis- 
placement, and < is distance. 


Zn 


The values of Nz, and at the marker are 


given in Table VII as obtained from the penetration 
curves. Average values of D for the concentration 
and temperature appropriate to each marker inter- 
face were taken from the data reported herein. The 
displacements are plotted against the square root of 
time in Fig. 3. Direct measurements of the displace- 
ment are plotted on the same figure. It is evident 
that, in spite of the large scatter in the direct meas- 
urements, the two sets of data are in substantial 


Open Figures— Direct Measurement 
Closed Figures— Calculated 
Circles— Type 3/1/3 Couples 
° 
9F Squares— Type 2/1/2 Couples 
Triangles—Type 3/2/3 Couples fo] 
4 
(2) 
6t 4 
° 
E a 
a 
bad 
ab 4 
ab 4 
fa] 
iL 4 
2 3 


t' (hours) '“? 


Fig. 3—Dependence of marker displacements in 8 brass on 
time at 750°C is illustrated by lines and data points. Note: 
The calculated shifts for type 3/2/3 couples are too low by 
a factor of 2.5. The filled triangles and the lowest line which 
they define should be raised by this factor. The open tri- 
angle at longest time should also be raised to a displacement 
of 9.4x10 cm. 


FEBRUARY 1956, JOURNAL OF METALS—77 


oN 


agreement. It is just as evident that the indirect 
measurements are much higher and must be incor- 
rect due to some systematic error. In fact, if indi- 
vidual mobilities are calculated from these marker 
movements by equations of types 2 and 3, negative 
values for D*,, are obtained, as has been pointed 
out by Heumann.” 

Thus marker displacements toward the high zinc 
side of the couple are present in magnitude expected 
from the differences in mobility of the individual 
components. As in most other systems showing this 
behavior, porosity develops in the couple on the side 
rich in the faster diffusing component, in this case 
the high zine side. Therefore, it seems probable that 
a vacancy mechanism of diffusion also applies in 8 
brass, although an interstitial mechanism remains 
possible. A ring-type mechanism seems to be ruled 
out as a major contributor. 


Summary 


1—The chemical diffusion coefficients for 8 brass 
have been determined as a function of composition 
at temperatures from 500° to 800°C. Within the pre- 
cision of the data, the diffusion coefficient was found 
to be a single valued function of concentration, sig- 
moid in shape, without regard to the concentration 
range of the diffusion couple. 

2—The activation energy appeared to decrease 
slightly with increasing zinc content showing an 
average value of 19.2 kcal per mol, about half that 
generally accepted for a brass. 

3—A displacement of tungsten wire markers 
toward the high zine side of the couple was observed 
by the so-called direct method. In spite of consider- 
able experimental scatter, the magnitude of the dis- 


placement was in agreement with the values calcu- 
lated from Inman’s self-diffusion measurements 
using Darken’s equations. 

4—Porosity in undetermined amount was found 
to form near the marker interface on the high zinc 
side of each couple. 

5—The composition at the marker interface was 
found to be independent of time and temperature 
but dependent upon the range of concentration. 

6—It was concluded that the evidence favors a 
vacancy mechanism of diffusion although it does not 
exclude an interstitial mechanism. 
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Technical Note 


X-Ray Diffraction Study of the Nitrides of Uranium 


by D. A. Vaughan 


OMPOUNDS in the U-N system have received 

little attention since the work of Rundle, Baen- 
ziger, Wilson, and McDonald in 1948.’ They de- 
scribed the three nitrides UN., U.N,, and UN as the 
only phases in this system. The region between UN 
and U.N; was reported to consist of the two phases 
while the region between U.N; and UN, is a homoge- 
neous solid solution in which the U.N, structure 
transforms with increasing nitrogen content into the 
UN, structure. This report presents the results of an 
X-ray diffraction study of the phases present in the 
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region of the diffusion gradient on uranium reacted 
with nitrogen at several temperatures between 500° 
and 915°C. 

Several samples of uranium used in U-N gas- 
metal reactions by Mallett and Gerds’ were available 
for X-ray diffraction study of phase composition 
through the diffusion gradient. X-ray diffraction 
data were obtained using filtered iron radiation at 
intervals through the diffusion layer of the several 
samples on filings or turnings at approximately 0.001 
in. increments down to the base metal. 

Representative X-ray diffraction patterns from 
various layers through the case on uranium after 
nitriding at 850°C are shown in Fig. 1. These data 
show that three different phases are present in the 
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Fig. 1—Representative X-ray 
diffraction patterns from vari- 
ous layers through the case on 
uranium after nitriding at 
850°C are shown in the com- 
posite figure. Nos. 1 through 
6 are various phase patterns 
which are described in the text. 


nitride layer. Similar data were obtained over the 
temperature range 650° to 900°C. X-ray study of 
layers on uranium nitrided at 500°C gave the pat- 
tern of one nitride phase, UN.. 

Pattern 1 of Fig. 1 is that of UN. and was obtained 
from the loose powder lightly brushed off the sur- 
face. Patterns 2 through 6 show the change in phase 
composition with depth from the surface. Additional 
data were obtained at greater depths but are not 
shown here since no other nitride phases were ob- 
served. Pattern 6 is that of UN and was found as a 
thin layer adjacent to the base metal. Faint lines 
of UN, and FeK® lines of UN are present in pattern 
6. A number of diffraction lines of the same rela- 
tive intensity which do not belong to the UN, or UN 
patterns are present in patterns 2 through 5. Fur- 
thermore, the layer which gave the highest intensity 
of these lines lies between UN, and UN, suggesting 
an intermediate nitride phase. The diffraction pat- 


z@ 


Fig. 2—Five-part drawing shows the diffraction patterns of 
the various uranium nitride phases that were observed in 
the present study and/or by other investigators. No. 1 is 
the pattern for UN»; No. 2, UsNs, observed by Rundle et al.* 
but not observed in this study; No. 3, the new uranium ni- 
tride; No. 4, ThsNs, observed by Zachariasen and included 
for comparison;® and No. 5, UN. 
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terns of the various uranium nitride phases observed 
in the present study are shown in Fig. 2, along with 
the pattern of U.N; reported by Rundle.’ It can be 
seen that the pattern of the new uranium nitride 
does not correspond to any of the previously known 
nitride phases of uranium. 

The spacing of the diffraction lines of the new 
phase indicated a hexagonal-close-packed structure. 
A good match of lines on a hexagonal-close-packed 
net was found for an axial ratio of 1.58 with a,= 
3.69 + 0.01A and c, = 5.83 + 0.01A. Consideration of 
possible structures revealed that the new uranium 
nitride has the same structure as that proposed by 
Zachariasen® for Th.N,; (the La.O, type of structure). 
A comparison of the diffraction patterns of Th.N, 
and the new uranium nitride is shown in Fig. 2. 
The agreement in the relative intensities of the dif- 
fraction lines is seen to be very good, and the two 
structures are apparently isomorphous. 

The present investigation has shown the existence 
of a new nitride phase in the U-N system. The oc- 
currence of this phase indicates a nitrogen composi- 
tion less than UN. and greater than UN. The iso- 
structural relationship between this phase and Th.N, 
suggests a composition of U.N, for the new nitride 
phase. Since the X-ray diffraction pattern does not 
agree with Rundle’s pattern for U.N;, further proof 
of the nitrogen content of the new phase is needed 
to resolve the difference between Rundle’s U.N, and 
the new nitride phase. It is possible, however, that 
this and Rundle’s U.N, structures are polymorphic 
modifications of the same compound. No study has 
been made of the thermal stability of the new phase. 
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Preferred Orientations in Rolled 
And Annealed Titanium 


by J. H. Keeler and A. H. Geisler 


Preferred orientations in rolled and annealed titanium sheets were determined by the 
Geiger counter spectrometer X-ray diffraction technique. Five annealing textures de- 
pendent upon the temperature range of annealing were found, and in order of increasing 
annealing temperature are: 1—a deformationlike texture, 2—a rotated a-recrystallization 
texture, 3—a retained «-recrystallization texture on annealing at lower temperatures of 
the 8-region, 4—a transformation texture based on recrystallized « and predicted by the 
Burgers’ relationship, and 5—a £-cube texture. These results are examined in terms of 


current theories of recrystallization textures. 


UMEROUS investigators have described the tex- 
ture obtained by cold rolling the hexagonal 
metals, titanium, zirconium, and beryllium, which 
have c/a ratios less than that of ideal packing, 1.633. 
The basal planes are rotated out of the rolling plane, 
about the rolling direction, so that the basal poles 
are tilted toward the transverse direction as shown 
schematically in Fig. la. In all instances but one,’ 


it was also reported that the [1010] direction was 
parallel to the rolling direction (see Fig. 1b). 

Hot rolling has been reported’ as causing a simi- 
lar tilt of the basal poles in the transverse direction 


(see Fig. la) and causing the [1010] direction also 
to be parallel to the rolling direction as shown sche- 
matically in Fig. 1b. 

Annealing after deformation does not appreciably 
change the tilt of the basal poles in the transverse 


direction.*’ Beryllium’ continues to have the [1010] 
direction in the rolling direction after annealing, and 
similar observations for titanium*® and zirconium” * 
have been reported for annealing at fairly low tem- 
peratures, again as in Fig. lb. 

At higher annealing temperatures, however, the 
recrystallized grains of titanium® and zirconium* * * 


have an orientation such that the [1120] direction 
is approximately in the rolling direction, although 
the basal poles are still inclined in the transverse 
direction. Figs. la and le show the resulting orien- 
tations schematically. This change in orientation 
has been described as a nominally +30° rotation of 
the hexagonal crystallites about the basal poles of 
the cold rolled texture and is apparent from the 
results which are summarized in Table I for inves- 
tigations with the X-ray diffraction technique em- 
ploying film. The angles y, 8, and 8 are indicated 
in Fig. 2 which represents the stereographic projec- 
tion of (1010) poles for the mean orientation of a 
pole figure. 

Texture determinations for titanium using the 
Geiger counter spectrometer” ° have provided simi- 
lar results except that in some instances additional 
components of the texture were proposed, as shown 
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Fig. 1—Shown are schematic pole figures of basal poles (a) 
and prism poles (b and c) for previously reported sheet ori- 
entations of hexagonal metals with c/a ratios less than 1.633. 


by the summary of data in the upper half of Table II. 
On the other hand, the spectrometer technique, 
when applied to zirconium,* has revealed a splitting 


* Recently completed studies of the textures of annealed zirco- 
nium!° show zirconium to possess textures very similar to those re- 
ported here for titanium. Therefore, much of this discussion will 
include zirconium by virtue of its close similarity to titanium in 
preferred orientations. 


of the intense areas of the pole figure for samples 
annealed at 600°C. This splitting could be described 
by a 7° rotation of the tilt axis about the normal 
to the rolling plane.” ‘ Such a splitting for the an- 
nealed texture relative to the cold rolled texture 
was not observed in other determinations for either 
zirconium or titanium using the less sensitive film 
X-ray method®* *° and makes the relationship be- 
tween the two types of texture more complex than 
the simple rotation about the (0001) pole based on 
film work. The more precise investigations on zir- 
conium” * permit the descriptions in the lower part 
of Table II, which:show that the texture depends 
quantitatively on the temperature of annealing. 
When zirconium is annealed at temperatures up to 
400°C, the texture is similar to the cold rolled tex- 
ture, while annealing in the range 500° to 900°C 
produces a texture which is only approximately de- 
scribed as [1120] in the rolling direction. More pre- 
cisely described results for zirconium show that the 
two types of splitting (1—about an axis in the roll- 
ing plane through an angle given in the second 
column in Table II and 2—about the normal to the 
rolling plane through an angle given in the third 
column of Table II) depend on annealing tempera- 


ture. The [1120] is the rolling direction only when 
the annealing temperature is in the vicinity of 900°C 
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and only the split about an axis in the rolling plane 
(in the rolling direction) remains. 

In two investigations, annealing above the allo- 
tropic transformation temperature did not appre- 
ciably change the texture obtained by annealing 
somewhat below the transformation temperature for 
titanium® and zirconium,’ although, in another in- 
stance,‘ coarse grained zirconium was reported as 
showing more scatter in the transformation texture 
than in the recrystallization texture. 

In this study, the spectrogoniometer method of 
pole figure determination was used with the objec- 
tive of procuring more detailed and more precise 
information for titanium than had been available. 


Experimental Procedure 

The material used in this investigation was high 
purity titanium prepared by the iodide process. 
The crystal bar titanium was consolidated by arc 
melting under argon in a multihearth furnace con- 
taining a number of water cooled copper crucibles 
and a tungsten-tipped electrode. In order to mini- 
mize contamination of the titanium by the traces of 
oxygen and nitrogen remaining in the furnace after 
evacuation and flushing with argon, 50 g of zirconium 
were melted to act as a getter before the titanium 
was melted. After the first melting, the 50 g Ti 
ingot was inverted and melted a second time. 

Cold rolled specimens were prepared from the 
ingot by a series of reductions of approximately 
0.010 in. until the sheet reached a thickness of 0.010 
in. From this dimension, it was further reduced to a 
thickness of 0.001 in. by cold rolling between sheets 
of alloy steel. The total cold reduction amounted to 
about 99.7 pct. Specimens were annealed for a 
fixed time of 1 hr in an evacuated Vycor or quartz 
tube. Annealing temperature was investigated ex- 
tensively, but other factors such as annealing time 
and amount of prior deformation were not included 
as variables. 

An X-ray spectrogoniometer with CuKa radiation 
was used to obtain transmission pole figures by 
the quantitative method of Decker, Asp, and 
Harker” modified by Geisler.” Also used in this in- 
vestigation was the automatic pole figure recorder 
reported recently by Geisler.” All four quadrants 
were examined with 5° increments along the radius 
of the pole figure. The inner 40° of the pole figure 


Table |. Previous Results of Texture Analyses Using Film Techniques 


Angle 
Between Angle 


Angle Axis of Between 
Between Tilt and Roll- 
Rolling Rolling ing Direc- 
Plane and Direc- tion and Refer- 
Metal Treatment (0001), y tion,5 [1010], 8 ences 
Be Cold rolled 0 to 65° 0 0 2 
Annealed at 700°C 0 to 40 0 0 2 
Zr Cold rolled 0 to ~35° 0 30°* 1 
Cold rolled 0 to 30° 0 0 4 
Annealed at 650°C 30° 0 30°* 4 
Annealed at 800° 30° 0 30°* 4 
to 860°C 
Ti Cold rolled 30° 0 0 6 
Cold rolled Oat fee 0 0 3 
Annealed at 500°C 30° 0 i 6 
Annealed at 535°C Zhe 0 0 3 
Annealed at 705°C 27° 0 0 3 
27° 0 
Annealed at 815°C eile 0 30°* 3 
Through trans- 27° 0 SO 3 
formation 


* [1120] appeared to be in rolling direction. 
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Fig. 2—Represented 
is the stereographic 
projection of (1010) 
poles for the mean 
orientation of a pole 
figure showing the 
angles y, 5, and B 
used in describing the 
preferred orientation. 
y is the angle be- 
tween the rolling 
plane and (0001), 6 v- 
is the angle between 
the axis of tilt and 
the rolling direction, 


and £ is the angle 
between the rolling B 
direction and [1010]. 4 


was not determined because the specimen holder 
interfered with the passage of the X-ray beam. It 
was not necessary to examine this area, since con- 


sistent pole figures of [1010] poles, which were con- 
firmed by making (0002) pole figures for most 
samples, were obtained in the outer 50°, thus defin- 
ing the textures. Absorption corrections were made 
for changes in length of the X-ray path through 
the sample as inclination of the sample to the beam 
changed. During examination, the specimen was 
translated back and forth in its plane through a 
1 in. distance in order to increase the total number 
of grains contributing to the measured X-ray 
intensity. The intensity contours were expressed in 
multiplicities of the intensity of a comparable sam- 
ple, but with randomly oriented crystallites. 

A 3° source slit has been used frequently in the 
determination of pole figures by the X-ray spectro- 
goniometer technique. However, spurious areas in 
(0002) pole figures were found which were caused 


by lack of resolution of the (0002) and (1011) re- 
flections only 2° apart in 20. This difficulty, encount- 
ered when a determination of the pole figure for 
(0002) planes for the cold rolled sheet was made 
in this investigation, should be recognized before 
attempting to rationalize pole figures in general 
which have been determined by the spectrogonio- 
meter technique.“ It would be expected that the 
(0002) pole figure would only show nodes in the 
transverse direction as in Fig. la, since the basal 
plane is tipped about the rolling direction. On the 
other hand, the first observed pole figure which is 
reproduced in Fig. 3a exhibited additional intense 
areas which could not be attributed to (0002) poles 
of the expected texture. These spurious areas, in- 
dicated by triangles in Fig. 3a, occurred at orienta- 


tions which correspond to (1011) reflections of the 
basic texture. Improving the resolution of the spec- 
trometer by substituting a 1° source slit for the 
normally used 3° source slit caused the spurious 
areas to disappear almost completely, as shown in 
Fig. 3b. They also were removed when a cobalt 
filter was used to remove the Ka component from 
the copper radiation, thus showing that they were 
reflections of Ka radiation in contrast to components 
of the white radiation which have produced similar 
spurious areas in pole figures of iron and nickel 
alloys.“ 
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Fig. 3a—Shown is the (0002) pole figure for the same speci- 
men as Fig. 4. The use of a 3° slit allowed (1011) reflec- 
tions indicated by the triangles to be picked up by the 
counter. The real (0002) poles are those indicated by the 
circles. 


Areas of all the pole figures to be presented sub- 
sequently have been verified for authenticity. 


Results 


The Cold Rolled Texture—The pole figure for the 
99.7 pct cold reduced sheet shown in Fig. 4 indi- 
cates that the [1010] direction is in the rolling di- 
rection and that there is a tilt of the hexagonal 
unit cells in such a manner that the basal planes 
are rotated 50 + 10° out of the rolling plane about 
the rolling direction. This amount of tilt, confirmed 
by the (0002) pole figure in Fig. 3b with the peak at 
about 49°, is greater than that reported by earlier 
investigators.” ° This result may be due to the 
greater cold reduction in the present investigation. 

Recent investigations using the Geiger counter 
technique rather than the film technique have 
shown that for zirconium” ‘ the spread in the trans- 
verse direction did not extend all the way across the 
pole figure. Williams and Eppelsheimer*® failed to 
observe a strong segregation of (1010) poles at 60° 
to the rolling direction of titanium as in Fig. 4 al- 
though their pole figure for the (0001) planes 
showed distinct nodes. No evidence of the double 
rolling texture observed by Williams and Eppel- 
sheimer®* was found in this investigation. 

Recrystallization Textures—As in the case of 
zirconium, the annealing textures of titanium were 
found to depend both qualitatively and quantita- 
tively on the temperature of annealing. 

Deformationlike Annealing Texture: The tex- 
ture for annealing at 400°C shown in Fig. 5 is sim- 
ilar to the rolling texture, but the tilt of the basal 
planes about the rolling direction is approximately 
7° less, as shown in Table III. A similar change in 
tilt had been observed for zirconium annealed at 
300° or 400°C; see Table II. 

Rotated « Annealing Textures: For annealing at 
500°, 700°, and 950°C, a texture different in kind 
from the rolled texture was developed, as shown by 
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Fig. 3b—Drawn is the (0002) pole figure for the same speci- 
men as Figs. 3a and 4. Use of a 1° slit eliminated all but a 
few traces of the (1011) reflections found in Fig. 2. The 
(0002) reflections are indicated by the circles. 


Figs. 6, 7, and 8. The general feature of this type 
of texture is that two intense areas now replace 
each of the intense areas of the cold rolled texture. 
This type of splitting had not previously been re- 
ported for titanium and had been observed only in 
spectrogoniometer determinations of the textures 
for zirconium. The annealing texture is character- 
ized by a [1010] direction being parallel to the roll- 
ing plane and 14° to 20° away from the rolling di- 
rection (depending on temperature, as shown in 
Table III), with the basal planes rotated approxi- 
mately =£35° out of the rolling plane about the 


[1010] directions in the rolling plane. The orienta- 
tions are illustrated in Fig. 9. 

Inspection of the pole figures in Figs. 6 to 8 dis- 
closes that the reorientation after recrystallization 
does not correspond to a simple rotation about the 
basal poles, as has been suggested for titanium*® 
and for zirconium." ** This feature is seen from 
the observations that: 1—high intensity areas of 


(1010) poles remain on the basic great circle, i.e., 
in the plane of rolling, 2—high intensity regions 
located 45° from the rolling direction are tilted 40° 
out of the rolling plane about an axis in the rolling 
direction, and 3—high intensity regions located 75° 
from the rolling direction are tilted about 30° out of 
the rolling plane about an axis in the rolling di- 
rection. Thus, it is apparent that all prism poles are 
not 90° away from a basal pole tilted in the trans- 
verse direction (which would have to be true if 
only rotation about the basal poles occurred during 
annealing after cold deformation). A rotation about 
a perpendicular to the rolling plane combined with 
a rotation about the rolling direction more easily 
describes the change in orientation from the de- 
formation texture to the recrystallization texture, 
as shown in Fig. 10. A similar type of rotation 
about a normal to the rolling plane was mentioned 
as being able to describe the texture change in the 
500°C annealing of zirconium,” as seen from Table 
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Fig. 4—Drawing shows (1010) pole figure for 99.7 pct cold 
reduced titanium sheet. The orientations of (1010) poles for 
the deformation texture (0001) [1010] with a tilt of +49° 


about the rolling direction as an axis are indicated by the 
squares. 


II; but on annealing at 600° to 900°C, the [1010] 
direction no longer remained in the rolling plane, 
and a rotation about the basal poles was a more 
fitting rationalization. 

8B Annealed a-Like Textures: In the current in- 
vestigation, annealing at 950°C, which is about 70°C 
above the allotropic transformation temperature, 
produced a texture which also conformed to a ro- 
tation about a normal to the rolling plane, as is 
seen by the comparison of Fig. 8 with Fig. 7. The 
texture after this heat treatment is the same in type 
as that of titanium annealed below the a-to-f trans- 
formation temperature. This finding of the return 
to the sheet texture of a-annealed material after 
being transformed to the body-centered-cubic mod- 
ification is in agreement with earlier investigations 
for titanium® and zirconium. On the other hand, 
annealing at temperatures further above the trans- 
formation temperature promoted the development 
of new textures which are described in the next 
section of the paper. 

Transformation Textures—Texture Based on Re- 
crystallized a: When the low temperature hexagonal 
modification of titanium is heated to transform it 
to the body-centered-cubic form and the latter is 
subsequently cooled to retransform it back to the 
hexagonal form, many new orientations would be 
expected to appear. This behavior is based on the 
observed orientation relationship” “ in which the 
(0001) plane of the hexagonal modification forms 
parallel to one of the {110} cubic planes with a 


[1120] hexagonal direction parallel to one of the 
<111> ‘cubic directions. Although this orientation 
relationship was observed for the cubic to hexa- 
gonal transformations, it would also be expected to 
obtain for the hexagonal to cubic transformation. 
Thus, the effect on room temperature texture of 
annealing rolled titanium at temperatures above 
the transformation temperature would reside in the 
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Fig. 5—Drawing shows (1010) pole figure for 99.7 pct cold 
reduced titanium sheet annealed 1 hr at 400°C. The ori- 
entations for a 42° tilt of the basal planes in the transverse 
direction with (1010) poles in the rolling direction are indi- 
cated by the squares. 


behavior whereby each hexagonal orientation on 
heating would produce six cubic orientations with a 
(110) plane parallel to the original (0001) hexa- 
gonal plane and with the six possible combinations 
of parallel directions (two <111> directions in the 
(110) plane and three <1120> directions in the 
(0001) plane). On cooling each of the six cubic 
orientations would provide 12 orientations of the 
hexagonal product (two different combinations of 
the parallel directions for each of the six (110) cu- 
bic planes). A four orientation recrystallization 
texture of the type in Figs. 6 to 8 thus would be 
replaced by a texture with 288 orientations on 
heating to above the transformation temperature 
followed by cooling to room temperature. 
Annealing at 1000° and 1050°C produced textures 
which could be related as previously to the recrys- 
tallized-type hexagonal texture found at 500° to 
950°C. The (1010) pole figure in Fig. lla for the 
1050° anneal was not strikingly different from that 
for the 950°C anneal (Fig. 8), but six major new 
maxima appeared adjacent to the base great circle 
of the pole figure and the four internal areas near 
the rolling direction were displaced away from the 
base great circle. The latter behavior suggested a 
rotation in a manner that would place a <1120> 
direction in the rolling direction. The predicted 
orientations for the (1010) poles for material that 
had been heated above the transformation temper- 
ature is shown in Fig. 11b.7 Although the many new 


+ The split about the normal to the rolling plane was neglected 
in drawing the stereographic projection of predicted poles. When 
considered, this split would cause an additional minor spread in the 
locations of the predicted poles. 


orientations tended to produce a general flattening 
of the texture, the density of poles at areas corres- 
ponding to the nodes of Fig. lla was generally 
greater than average. This correlation was es- 
pecially evident for the six major nodes of Fig. 11a, 
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Fig. 6—Drawing shows (1010) pole figure for 99.7 pct cold 
reduced titanium sheet annealed 1 hr at 500°C. The orien- 
tations for a 35° angle between the rolling plane and the 
(0001) planes, a 14° angle between the axis of tilt and the 
rolling direction, and an angle of 14° between the rolling 
direction and the [1010] direction are indicated by the 
squares. 


and the encircled areas of Fig. 11b. On the other 
hand, a more pronounced difference was observed 
for the (0002) pole figure shown in Fig. 12a, since 
the recrystallized-type texture showed only intense 
areas 35° from the rolling plane towards the trans- 
verse direction, and a more satisfying correlation 
existed between the observed texture and the pre- 
dicted orientations; see Fig. 12b. In view of the 
good correlations, the cold rolled hexagonal sheet 
evidently recrystallized during heating before 
transforming. The recrystallized texture evidently 


Table II. Previous Results of Texture Analyses Using 
Geiger Counter Spectrometer 


Angle 
Between Smallest 
Angle Axis Angle Be- 
Between of Tilt tween Roll- 
Rolling and Roll- ing Direc- 


Plane and _ ing Direc- tion and Refer- 
Treatment (0001), y tion, 6 [1010], 8 ences 
Cold rolled 30° 0 0 8 
30° 0 0 8 
Cold rolled 20° 90° 
Commercial titanium, 12 9 
hr, 650°, 800°, or 850°C 30° 20° 20° 
Iodide titanium, 5 min, 30° 0 0 
800°C 30° 0 30° 9 
Zirconium, cold rolled 36° 0 0 a 
Cold rolled 40° 0 0 5 
Annealed 1 hr, 300°C 38° 0 0 5 
Annealed 1 hr, 400°C 45° 0 0 5 
Annealed 1 hr, 500°C 38° 14° 14° 5 
Annealed 1 hr, 600°C 36° Whe 20°" 7 
Annealed ¥2 hr, 600°C 35° i fee 20°* 5 
Annealed ¥2 hr, 900°C 40° PAD 24°* 5 
Annealed ¥% hr, 600°C 40° 0 30°* 5 
and 900°C 


* [1010] not in rolling plane. For the case when this angle is 30°, 
the [1120] is in the rolling direction. 
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Fig. 7—Drawing is of (1010) pole figure for 99.7 pct cold 
reduced titanium sheet annealed 1 hr at 700°C. The orien- 
tations for a 35° angle between the rolling plane and the 
(0001) planes, a 17° angle between the axis of tilt and the 
rolling direction, and an angle of 17° between the rolling 
direction and the [1010] direction are indicated by the 
squares. 


was somewhat different from that for annealing at 
950°C and lower temperatures, according to the 
measurements in Table III for the base texture. 
B-Cube Texture: On annealing at 1125° and 
1200°C, a second type of transformation texture, 
shown in Figs. 13a and 14at was observed. The 


{ The individual intense areas and the irregular contours of Fig. 
14a are due to the large grain size produced in the 1200°C anneal. 


striking feature of this texture which was apparent 
in both the (1010) and (0002) pole figures was the 
fourfold symmetry which at once suggested that 
the high temperature form of titanium with its 
cubic symmetry played a preponderant role in the 
development of the texture. The fourfold symmetry 
of a cubic material is evident only when a (100) 
plane is parallel to the rolling plane and such would 
occur if a cube texture could be developed in the 
high temperature modification by secondary re- 
crystallization. Predicted poles for hexagonal prod- 
uct formed from the cubic form with a cube texture 
are given in Figs. 13b and 14b for comparison with 
the observed pole figures. The agreement is very 
good and permits the conclusion that annealing at 
1125° and 1200°C developed a cube texture in the 
body-centered-cubic phase. Since the (0001) plane 
forms parallel to the {110} planes, the presence of 
nodes in the (0002) pole figure at 45° positions 
readily shows that a cube texture must have existed 
in the high temperature phase. This texture predoin- 
inately controlled the transformation texture for 
1125° and 1200°C annealing; not a recrystallization 
texture of the hexagonal modification. 


Discussion of Results 


The present results taken together with recent 
results for zirconium” ” provide the most complete 
survey yet available for the textures of the two 
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Fig. 8—Drawing shows (1010) pole figure for 99.7 pct cold 
reduced titanium sheet annealed 1 hr at 950°C. The orien- 
tations for a 35° angle between the rolling plane and the 
(0001) planes, a 20° angle between the axis of tilt and the 
rolling direction, and an angle of 20° between the rolling 
direction and the [1010] direction are indicated by the 
squares. 


hexagonal metals, titanium and zirconium. The ob- 
served behaviors are similar to the extent that there 
are five temperature ranges of annealing which in 
order of increasing temperature correspond to: 
1-the deformationlike texture, 2-the rotated a-re- 
crystallization texture, 3-the retained a-recrystal- 
lization texture on annealing at lower temperatures 
of the B-region, 4-the transformation texture based 
on recrystallized a, and 5-the £-cube texture. This 
discussion will be devoted to interpreting the origin 
of the textures associated with the five temperature 
ranges and any conclusions would appear to be 
equally applicable to either titanium or zirconium 
because of the similarity of their behaviors. 

One interesting general aspect is the fashion in 
which the texture depends primarily on annealing 
temperature. A dependence of texture on annealing 
temperature has been observed for other metals and 
must be given due consideration in any theory of 
the origin of annealing textures.” * With zirconium 
and titanium, the recrystallization texture tends to 
appear on the periphery of intense areas of the cold 
rolled texture, and it departs more and more from 
the areas of maximum intensity in the cold rolled 
texture as the annealing temperature is increased. 
Quantitative measurements of the departure are 
plotted for various annealing temperatures in Fig. 
15 where the angle between the location of (1010) 
maxima in the rolled texture and in the annealed 
texture are plotted. The initial part of the curve 
with low slope corresponds to the region of the de- 
formationlike texture, the sharply increasing 
branch to the a-recrystallization textures and the 
upper flat part corresponds to the transformation 
textures. Each of these should be considered sepa- 
rately, since different phenomena are involved. 

Deformationlike Annealing Texture—The de- 
formationlike texture persists on annealing at tem- 
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Fig. 9—Diagrams give schematic representation of deforma- 
tion and recrystallization textures found in titanium sheet. 


Fig. 10—lIIlustrated is the stereographic projection describ- 
ing changes in position of (1010) poles with successively 
higher annealing temperatures. Solid arrow represents the 
rotation about the rolling direction and dotted arrow, the ro- 
tation about the normal to rolling plane. Symbols represent: 
cross, location of (1010) poles in the deformation texture; 
circle, annealed at 400°C; open square, annealed at 500°C; 
filled square, annealed at 700°C; and bisected square, an- 
nealed at 950°C. 
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Fig. 1la—Drawing is of (1010) pole figure of 99.7 pct cold 
reduced titanium sheet annealed 1 hr at 1050°C. 


peratures of 400°C or less. The significant differ- 
ences relative to the cold rolled texture include 


first, a sight rotation about the [1010] which is in 
the rolling direction and second, a general sharpen- 
ing of the texture. The observed rotation for tita- 
nium was about 7° whereas that for zirconium was 
2° to 5° (Table II). Sharpening of the texture is 
clearly evident from the more closely spaced con- 
tours of 400°C annealed sample, Fig. 5, compared 
with that for the cold rolled sample, Fig. 4. Mc- 
Geary and Lustman’ have determined the kinetics 
for this reaction by determining the change in 


intensity of the [1010] reflection in the rolling di- 
rection and have shown that the intensity increased 
during the annealing at the lower temperatures. 
According to the data for zirconium the process was 
complete in 1 hr at temperatures from 350° to 
400°C. Thus observations presented for 1 hr at 
400°C (Tables II and III) would be expected to 
represent the end state of this particular process, 
providing there are not significant differences in 
composition of materials investigated. Measure- 


Table Ill. Summary of Preferred Orientations for Titanium 
Angle Angle 
Angle Between Between 
Between Axis of Tilt Rolling 
Rolling Plane and Rolling Direction 
Treatment and (0001), 7 Direction, 6 and [1010], 6 


Cold rolled 49° 0 0 
Annealed 1 hr, 400°C 42° 0 0 
Annealed 1 hr, 500°C Bis)? 14° 14° 
Annealed 1 hr, 700°C 
Annealed 1 hr. 950°C 35g 20° 20° 
Annealed 1 hr, 1000°C 37° iD 24° 


Plus other components of transformation 

texture from this recrystallized qa texture. 
38° 8° Zor 

Plus other components of transformation 

texture from this recrystallized a texture. 
Annealed 1 hr, 1125°C 45° 0, 90° e 
90° 45° 45° 


Annealed 1 hr, 1050°C 


Annealed 1 hr, 1200°C Transformation from f cube texture same 


as 1125°C. 
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Fig. 11b—Drawing shows predicted orientations for (1010) 
poles for titanium heated above the transformation with the 
initial orientation (0001) 40° to rolling plane and [1120] in 
rolling direction. The encircled points indicate superposition 
of 2, 3, or 6 poles with the number increasing with size 
of circle. 


ments made in the rolling direction do not form 
sufficient basis on which to decide whether the in- 
tensity increase was due to the appearance of more 
crystallites with the [1010] aligned in the rolling 
direction (texture sharpening) or to recovery from 
diffraction line broadening.§ In view of the slight 


§ Line broadening would result in abnormally low intensity 
mainly when conditions for maximum resolution were used in the 
X-ray diffraction spectrogoniometer. 


rotation apparent—only the (1010) reflections that 
are remote from the rolling direction—it can be 
concluded that the process involved crystallite re- 
orientation. Analysis of the data of McGeary and 
Lustman has shown that the activation energy for 
the process is in the range of 36,000 to 44,000 cal.” 
The process has been referred to as recrystallization 
in situ’ and recrystallization into the [1010] anneal- 
ing texture.” Its nature appears to be adequately 
described by a rearrangement of imperfections into 
a subgrain structure, i.e., polygonization probably 
followed by the favored growth of some of the 
slightly disoriented regions to account for the ob- 
served rotation. The kinetics of annealing clearly 


indicate that the formation of the [1010] annealing 
texture is the first stage of recrystallization which is 
followed by the process in which a more signifi- 
cantly rotated texture is evolved. 

Rotated a-Annealing Textures—The a-recrys- 
tallization textures formed in the region of 500° to 
950°C cannot be described precisely on a 30° ro- 
tation about the pole of the basal plane but include 
a component around the normal to the sheet surface. 
Thus, including these metals in any generalization 
that describes the recrystallization texture by a 
rotation of the deformation texture around the 
normal of the closest packed plane” is an oversim- 
plification of the texture change. Instead, the axis 
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Fig. 12a—Drawn is (0002) pole figure of 99.7 pct cold re- 
duced titanium sheet annealed 1 hr at 1050°C. 


normal to the sheet surface for the one component 


of titanium is about 3° from the pole of the (1125) 
plane. When the component for the additional tilt 
about the rolling direction is included, the axis 
which describes the whole process becomes even 
more complex. The kinetics of the process for an- 
nealing zirconium at 600°C have been adequately 
followed by determining the increase in diffracted 
intensity at a position in the 600°C pole figure 


which corresponds to the nominal location of (1010) 
poles.’ The results suggest that the process is 75 to 
85 pet complete in 1% to 1 hr, thus showing that the 
annealing time periods used in this and previous 
work’ were sufficient for substantially complete re- 
crystallization. On the other hand, the variations in 
orientation of the texture with annealing tem- 
perature reported here for titanium (Table III) and 
zirconium (Table II) show the inadequacy of ex- 
ploring the kinetics at various temperatures using 
the assumption that only a single type of recrys- 
tallization texture obtains. For example, in a sam- 
ple annealed for 1 hr at 500°C, McGeary and Lust- 
man found that the 600° annealing texture was pre- 
sent to the extent of only 35 pct whereas the defor- 
mation texture had disappeared to the extent of 
65 pet. Since the peak intensity where measure- 
ments should be made is at a different location for 
the 500°C annealing texture than for the 600°C 
texture, a greater percentage of recrystallized tex- 
ture consistent with the disappearance of the de- 
formation texture would be expected if the proper 
location in the pole figure had been explored.{ 


§ Another example of an inconsistency which may be clarified by 
considering temperature dependence of texture appears in Fig. 8 of 
the paper by McGeary and Lustman. The illustration is a micro- 
graph of a 97 pct cold rolled sample that had been annealed 96 hr 
at 395°C. It shows an equiaxed grain structure which is clearly a 
substantially recrystallized structure but X-ray diffraction measure- 
ments showed that only 55 pct of the material had reoriented from 
the rolled texture with 35 pct appearing in the 600°C annealing 
texture. Analysis of the complete pole figure undoubtedly would 
have shown that a texture with maxima at locations between those 
for the cold rolled texture and those for the 600°C anneal would 
have been completely developed but that the rotation had been an 
amount less than that for 600°C annealing. 
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Fig. 12b—Shown are predicted orientations for (0002) poles 
for titanium heated above the transformation with the initial 
orientation (0001) rotated 30° from rolling plane about 
[1120] axis at 8° to rolling direction. The encircled points 
indicate superposition of 2 or 3 poles with the number in- 
creasing with size of the circle. 


Previously the suggestion was made that three 
types of annealing textures should be distinguished 
for zirconium.” The results of the type shown in 
Fig. 15 suggest that there is a continuous change of 
the texture in the a-recrystallization range. Each dif- 
ferent annealing temperature would require meas- 
urements at a different location relative to the roll- 
ing direction and rolling plane. Such would be 
required for any accurate evaluation of the ac- 
tivation energy of the recrystallization process. 
Each of the textures which have been determined 
for annealing in the range from 500° to 950°C ap- 
pears to be distinctive rather than a combination 
of more basic components such as would be the case 
if recrystallization had not been substantially com- 
plete in the annealing interval used. The relation 
of the recrystallization textures to the deformation 
texture is such that the proportion of original 
grains contributing their orientation to the recrys- 
tallization texture decreases with annealing tem- 
perature. That is, the component of the deforma- 
tion texture which develops into the recrystalliza- 
tion texture is of a decreasing minority. Possibly 
the favored orientation has less competition for 
growth as temperature increases until the recrys- 
tallization texture is the ideal one which satisfies 
the relation of 30° rotation about the pole of the 
basal plane. This condition is attained during a 
900°C anneal (following a 600°C anneal) for zir- 
conium but apparently requires a much higher 
temperature, well into the 8-region, for titanium, 
which then is complicated by the transformation 
texture. A further consideration on the quantita- 
tive variation of the annealing texture with tem- 
perature supposes that, if interfacial energy for 
nucleation or growth of certain orientations is the 
controlling factor, then the dependence of interfa- 
cial energy on orientation is a function of tempera- 
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Fig. 13a—Drawing is of (1010) pole figure of 99.7 pct cold 
reduced titanium sheet annealed 1 hr at 1125°C. 


ture. There appears to be agreement between the 
proponents of the various theories for recrystal- 
lization textures that the driving energy of recrys- 
tallization is interface energy associated with 
boundaries between lattice regions of different 
orientation.” Considerable variation of anisotropy 
of growth rates alone with annealing temperature 
during primary recrystallization does not seem 
likely.” * Thus, a variation with temperature of the 
orientation dependence of nucleation is suggested 
by these results for explaining the textures which 
are observed. As annealing temperature is increased, 
those nuclei which depart more and more from the 
major orientation of the deformation texture are 


Fig. 14a—Shown is (0002) pole figure of 99.7 pct cold re- 
duced titanium sheet annealed 1 hr at 1200°C. 
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Fig. 13b—Drawn are (1010) poles for «-titanium trans- 
formed from a cube texture of 8. 


activated and grow to dominate the recrystallization 
texture. 

The thought that the textures observed in the 
range 500° to 950°C are grain coarsening textures 
rather than primary recrystallization textures can- 
not be readily dismissed. This premise is supported 
by the conclusion that the recrystallization texture 
of beryllium was the same as the rolling texture*** 


** A detailed investigation on the annealing textures of beryllium 
has not yet been made but might well be expected to provide re- 
sults similar to those reported here for titanium. 


which might also be the case for zirconium and tita- 
nium. McHargue and Hammond’ have proposed that 
the deformation texture of titanium is retained by 
the material just recrystallized, and as the tempera- 


RD 


Fig. 14b—Shown are (0001) poles for a-titanium trans- 
formed from a cube texture of f. 
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ture is increased and grain growth and secondary 
recrystallization take place, a new texture is pro- 
duced. Furthermore, the metallographic observa- 
tions of McGeary and Lustman’ for zirconium have 
shown that annealing in the range 500° to 600°C is 
accompanied by grain coarsening after an induction 
period. If the process is one of secondary recrystal- 
lization, the variation in texture with temperature 
could then be attributed to a temperature depend- 
ence of growth rates in various directions. On the 
other hand, McGeary and Lustman were unable to 
find evidence that discontinuous grain growth typi- 
cal of secondary recrystallization had occurred. 
They found that about 40 pct reorientation had oc- 
curred before the start of grain coarsening. In addi- 


tion, formation of the [1010] annealing texture was 
associated with only a small fraction of the soften- 
ing rather than the substantial amount which is 
normally associated with primary recrystallization. 
In view of those various features of the process, a 
clear distinction between primary and secondary 
recrystallization cannot be made for annealing in 
the temperature range of 500° to 900°C.7++ 


7+ Additional work is now in progress for annealing in this tem- 
perature range in order to explore the effect of time on the anneal- 
ing texture. 


8-Annealed, a-Like Textures—Proceeding to the 
textures formed on annealing in the 6-temperature 
region, the failure to detect an appreciable change 
in the recrystallization a-texture on heat treating 
at temperatures 40° to 70°C above the transforma- 
tion” ° can be interpreted as the result of either the 
failure of the transformation to occur or the rever- 
sion of material to the original orientation of the 
a phase rather than to the many orientations sug- 
gested by the Burgers’ orientation relationship. The 
latter seems more likely, since similar observations, 
mainly on single crystals which had been subjected 
to transformation cycles, have been made by New- 
kirk and Geisler” for titanium, for zirconium by 
Burgers,” for thallium by Dehlinger,” and for cobalt 
by Dehlinger, Osswald, and Bumm.” Each £-orien- 
tation formed on heating from the original a-phase 
should be capable of providing 12 orientations of 
crystallites of the a-phase on cooling. It is improb- 
able that an a-grain would favor any one of these 
orientations without the influence of some nucleat- 
ing agent. Such an agent may be a crystalline in- 
clusion, an oriented overgrowth, or a special condi- 
tion of residual stress.tt Increasing the S-annealing 


ttIn a very recent study2! Glen and Pugh discuss the possible 
orientations which can arise from several transformations. They 
suggest that dislocations in the parent phase may be responsible for 
a reversion to the original texture after a transformation cycle. 


temperature to 1000°C and above would reduce the 
influence of the nucleating agent by allowing greater 
solution of impurities and by relief of lattice strain. 
In this way all the orientations of the family would 
have equal probability of occurrence and the modi- 
fied a-textures would be expected as observed. 

Transformation Textures Based on Recrystallized a 
—The texture formed at intermediate temperatures 
in B-temperature range has been clearly rationalized 
on the basis of an a-recrystallization texture modi- 
fied by the transformation cycle a > B > a. Two 
conclusions apparently are permitted by the inter- 
pretation of this texture: 1—the deformed a-phase 
had recrystallized prior to the transformation and 
2—the orientation relationship which has been de- 
- termined for the 6-to-a transformation also serves 
for the a-to-8 transformation. 
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Fig. 15—Annealing temperature vs angular change in posi- 


tion of (1010) peaks from position in deformation texture is 
charted. 


B-Cube Texture—The cube texture in zirconium 
and titanium apparently is a product of secondary 
recrystallization, for, when cold worked sheet is 
annealed at 1000° to 1100°C, the transformation 
texture is derived from the primary recrystalliza- 
tion texture of a. Consequently, the heating rate 
presumably had been such that a recrystallized 
before the transformation temperature had been 
reached. At the higher annealing temperatures, the 
primary $-texture from which the cube texture is 
derived thus may be regarded as the transformation 
texture of 8 derived from the recrystallization tex- 
ture of a. The predicted locations of cube poles in 
the transformation texture (Fig. 16) show that a 
minor component indicated by circles in Fig. 16 
approximates the cube orientation. The nominal 
orientation for the recrystallized hexagonal phase 


Fig. 16—Drawing shows location of (100) poles of cubic f 
form of titanium after transformation from recrystallized 
hexagonal « in the orientations (0001) +38° to rolling 
plane tilted about axis 8° to rolling direction. Cube texture 
is indicated by squares. 
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of (0001) tilted 38° to the rolling plane about an 
axis 8° to the rolling direction provides four 6-orien- 
tations (of 24) which are 7° to 8° away from the 
cube position. On the other hand, material which 
departs slightly from the nominal orientation of the 
recrystallized a-texture to the extent that the basal 
plane is tilted 45° to the rolling plane about an axis 
about 5° to the rolling direction would provide four 
orientations which are precisely in the cube orien- 
tation. These orientations, which represent about 
17 pet of the total, deviate appreciably from the 
balance, which tend to cluster about other areas of 
the pole future. Thus, one of the requirements pro- 
posed by Dunn*—that secondary grains arise from 
growth of primary grains, which deviate in orien- 
tation from the major percentage of the primary 
grains—tends to be fulfilled. The second require- 
ment—that a number of primary grains in the de- 
viating orientation be larger than the average size 
of the primary grains by a factor of two or three— 
cannot readily be verified but could reasonably be 
expected to obtain. Such would happen if the pri- 
mary #-grains of cube orientation were the first to 
form in the hexagonal to cube transformation and 
thus had the opportunity to grow before transfor- 
mation to B-grains of other orientations occurred. 
Stimulation of one orientation in a transformation 
at the expense of other crystallographically equiva- 
lent orientations is a common phenomenon in phase 
transformations. Although the details have not yet 
been determined, the stimulation might well involve 
the same factors that account for the return to the 
same a-orientations when lower annealing tempera- 
tures in the f-temperature range were used. 

The origin of the cube texture in titanium and 
zirconium does not seem to reside in a 30° to 40° 
rotation about the pole of the close packed (110) 
plane away from a major component of the original 
texture as has been proposed for the primary re- 
crystallization texture of iron” or the cube texture 
of face-centered-cubic metals.” The two major com- 
ponents in Fig. 16 might be regarded as those of the 
type approximated by crosses which correspond to 
(112) [111]. The relation of this orientation to the 
cube texture can be described by a 35° rotation 
about a (110) pole, but a 45° rotation about [001] 
is also required. Thus, the process cannot be de- 
scribed as a simple rotation of the intense areas 
about the pole of a close-packed plane. It more 
readily meets the requirements for secondary re- 
crystallization specified by Dunn as described in the 
previous paragraph. Regardless of the specific mech- 
anism which produces the cube texture, the develop- 
ment of this single sharp texture from a multi- 
component matrix is noteworthy. 


Summary 


1—The deformation texture of cold reduced sheet 
titanium discloses a symmetrical orientation char- 
acterized by an average tilt of the basal plane 
50° + 10° out of the rolling plane toward the trans- 
verse direction and about the rolling direction. There 
are two orientations corresponding to the two direc- 
tions of tilt of the basal plane. Annealing at 400°C 
produced a similar type of texture, but the basal 
planes were somewhat less tilted. 

2—The texture for annealing at 500° to 950°C is 


also a symmetrical orientation with a [1010] direc- 
tion lying in the rolling plane 14° to 20° away from 
the rolling direction and the basal poles at an angle 
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of 35° from the rolling plane. There are four such 
orientations. 

3—The relation between the a-recrystallization 
texture and the deformation texture can be described 
as a 14° change in the amount of tilt of the basal 
planes followed by a rotation of +14° to 20° about 
a normal to the rolling plane. This analysis does not 
agree with earlier results for both titanium and 
zirconium, wherein a rotation about the basal pole 
described the final relation. 

4—Annealing at 950°C, above the allotropic trans- 
formation temperature, produces a texture very 
similar to that obtained by recrystallization below 
the allotropiec transformation temperature. 

5—Annealing at higher temperatures in the B-tem- 
perature region, at temperatures of 1000° and 
1050°C, produced additional texture components 
that could be predicted by the Burgers’ relationship 
from the a-recrystallized texture. 

6—Annealing at 1125° and 1200°C, in the 6-tem- 
perature region, produced a-titanium textures that 
could be shown to have transformed from a cube 
texture of 8-titanium. 

7—The behavior for titanium was found to be 
similar to that for zirconium, according to recently 
obtained data on the latter. These results were 
examined in terms of current theories of recrystal- 
lization textures. 
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Thermodynamic Properties of Solid Fe-Au Alloys 


Free energies, heats, and entropies of mixing of solid Fe-Au alloys have been measured 
by the galvanic cell method between 800° and 900°C. A positive deviation from Raoult’s 
law and a large excess entropy of mixing were observed, both attributable to lattice dis- 
tortion caused by the disparity in component atom sizes. Since the terminal solid solu- 
tions are not regular, thermodynamic properties computed from the location of the mis- 
cibility gap do not agree well with measured quantities. The electromotive force data 
suggest some changes in the existing Fe-Au phase diagram. 


by L. L. Seigle 


LTHOUGH a considerable amount of informa- 

tion has been accumulated about the thermo- 
dynamic properties of metal solid solutions which 
exhibit negative deviation from Raoult’s law, par- 
ticularly those in which ordering occurs, relatively 
few experimental measurements have been made on 
solutions with positive deviation. This is due to the 
infrequency of broad homogeneous regions suitable 
for experimental measurement in solutions of this 
type, since any marked positive deviations from 
ideality lead to restricted solubility and the forma- 
tion of miscibility gaps. Thermodynamic data re- 
ported in the literature for such systems have usually 
been calculated from the location of the miscibility 
gap boundaries under the assumption that the en- 
tropies of mixing are ideal, i.e., the terminal solu- 
tions are regular.’ 

One of the few binary systems with both positive 
deviation and a wide homogeneous range in the 
solid is the Ni-Au system. A recent investigation 
of solid Ni-Au alloys’ revealed that the entropies 
of mixing were much larger than ideal and conse- 
quently thermal data computed from the phase 
boundaries assuming regular solutions were seri- 
ously in error. Theoretical considerations put for- 
ward by Zener® * indicated that high entropy values 
should generally be associated with systems possess- 
ing a miscibility gap in the solid, when this is due 
to differences in the size of component atoms. These 
facts suggest that the regular solution assumption 
is a poor approximation for many solid solutions 
with positive deviation and that reliable thermo- 
dynamic data generally cannot be obtained by con- 
ventional methods from the location of miscibility 
gap boundaries. 

The Fe-Au system, Fig. 1, resembles the Ni-Au 
system in certain respects. The presence of a mis- 
cibility gap in the solid indicates a large positive 
deviation from ideality, but there is nevertheless an 
extensive single phase region suitable for experimen- 
tal measurement. The following investigation of solid 
Fe-Au alloys was carried out in order to obtain 
additional data on the thermodynamic properties 
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Fig. 1—Fe-Au phase diagram is presented. Symbols repre- 
sent: cross, data of Isaac and Tammann;’ circle, data of Jette 
et al.;° and plus, data from the present inyestigation. 


of metal solid solutions with positive deviation from 
Raoult’s law and to further compare thermodynamic 
data computed from miscibility gap boundaries with 
those measured experimentally. 


Experimental Method 

The thermodynamic properties were derived from 
measurements of the potential developed between 
pure solid iron and Fe-Au alloys in a high tempera- 
ture galvanic cell. The experimental apparatus and 
technique were the same as those used for the 
Ni-Au alloys and described in a previous report.’ 
Cell electrodes were 1/16 in. diam rods swaged from 
chill-cast ingots and annealed for one week at 850°C. 
The alloys were prepared by melting fine gold 
granules under argon with pure iron obtained from 
the National Research Co. The cell electrolyte was 
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Fig. 2—Plot of experimental potential ys temperature curves shows 
that cell potentials were the same on heating and cooling. Equilib- 
rium was evidently attained in the homogeneous alloys. Crosses 
represent cooling and circles, heating. 


an equimolar mixture of KCl and NaCl to which 
was added 0.2 mol pct FeCl, and 0.5 mol pet NH,Cl. 
Traces of FeCl, were removed by evaporation at 
temperatures well below the cell operating tem- 
peratures (boiling point of Fe.Cl, = 319°C). The 
cell was heated under purified argon from 700° to 
900°C in 10° steps, allowing 1 hr before measuring 
the final potential difference at each temperature. 


Experimental Results 

Shortly after reaching temperature, a steady 
potential was developed in the galvanic cells which 
remained constant within a few tenths of a millivolt 
for a period of days. The slight tendency for poten- 
tials to drift noticed in the Ni-Au cells’ was almost 
completely absent. Chemical analysis revealed 
changes in alloy electrode compositions amounting 
to no more than a few tenths of an atomic percent 
after immersion for about one week in the molten 
electrolyte. Furthermore, the amount of gold picked 
up by the pure iron electrode varied from 0 to 0.02 
atomic pct, and evidently a smaller transport of gold 
through the electrolyte in the Fe-Au than in the 
Ni-Au cells was responsible for the increased cell 
stability. 

As shown in Fig. 2, cell potentials were the same 
on heating and cooling, and equilibrium was evi- 
dently attained in the homogeneous alloys. The 
variation of cell potential was very nearly linear 
with temperature, but for all of the alloys a slight 
negative curvature was observed whose significance 
becomes clear when it is recalled that the pure 
a-iron electrode passes through its Curie point at 
770°C. Since the pure iron electrode undergoes a 
change of state involving a heat effect within the 
temperature range studied, it is to be expected that 
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Fig. 3—Free energies of solid Fe-Au alloys are plotted at 
850°C relative to a-iron. Solid lines represent experimental 
data and dashed lines, data calculated from the phase diagram. 


the partial heats of mixing and therefore the slopes 
of the curves will vary with temperature. Partial 
heats and entropies of mixing were obtained from 
the slopes of the curves between 800° and 900°C 
and therefore represent the values of these quan- 
tities in the paramagnetic face-centered-cubic alloys 
relative to paramagnetic body-centered-cubic iron. 


Free Energies of Mixing and Activities 

Values of these quantities determined from the 
experimental data at 850°C are compared in Figs. 
3 through 5 with values calculated from the position 
of the miscibility gap. A direct application of the 
Borelius method’ for calculating thermodynamic 
properties from the equilibrium diagram is not pos- 
sible in this system, since the phases in equilibrium 
have different crystal structures. However, a varia- 
tion of this method was devised for deriving these 
properties from the location of the phase boundaries 
between 400° and 700°C (see Appendix) which 
takes advantage of the facts that the solubility of 
gold in a-iron is very low and the free energy dif- 
ferences between a and y-iron well known, and 
which makes the usual regular solution assumption 
for the y’ phase. 

The values of thermodynamic constants shown in 
Figs. 3 through 5 and throughout the manuscript 
are values relative to pure solid a-iron, and for this 
reason the free energy and activity calculated for 
the face-centered-cubic phase from the equilibrium 
diagram do not go to zero and unity, respectively, 
fOrexGe—Lasinee AF at 850°C is 14 cal per mol. 


This quantity is so small, however, that the free 
energy and activity curves at 850°C are practically 
identical whether referred to pure a or y-iron as a 
standard state. Calculation of free energies and 
activities from the potential data was carried out 
by the usual methods (see ref. 2). Graphical inte- 
gration of the Gibbs-Duhem equation yielded par- 
tial molar free energies and activities for the homo- 
geneous gold-rich alloys. In the heterogeneous 
alloys, these quantities are shown as constants in 


TRANSACTIONS AIME 


| 
110 | 
| 
x? 
105 x? | 
| 
100) 
95 sae | 
. | 
85 | 
x ° | 
| 
80 | 
x | 
75) | 
7 
xe | 
65 | 
60 
a 
55 | 
x, 24.48 
45 
x 
40 
x 
x 
35 
« ox 
30 
20 | 
oF 
| 
x x 
42,96 
2 xox | 
ewe 5210 


accordance with well known principles. The values 


of AF, and ay, for the a-phase shown in Figs. 3 and 
5 are estimated values. 

As expected from the appearance of the phase 
diagram, the free energy and activity values for 
iron indicate a positive deviation from Raoult’s law. 
However, throughout most of the homogeneous 
range, the deviation for gold is negative. This nega- 
tive deviation is, formally, a consequence of the 
fact that the iron activity curve starts out with a 
positive curvature. If the Gibbs-Duhem equation 
is written in the form Xy. dln yp. + Xa. d In Mien == 


then 
dyan ( Xie Yau ) dyre ) 
AX ir. Yre AX re 
A Yau ) ; d 
since( is always positive, the sign of a 
>. Yre dX ve 


e 


is opposite to that of It is obvious from the 
Fe 
positive curvature of the iron activity curve through- 


dyre 
out the region X;. = 0 to 0.2 that a 


is positive 
Fe 


Yau 


and hence 


negative, which means that ys. must 


Fe 


be less than unity throughout this region. Pecu- 
liarities in the gold-rich solutions are also indicated 
by the occurrence of maxima and minima in the 
partial excess free energies of iron and gold (Fig. 
4); however, the integral excess free energy is 
positive throughout. 

The free energies and activities computed from 
the phase diagram do not coincide with the experi- 
mental values, but there are some parallels in the 
calculated and experimental curves. For example, 


in Fig. 4 the calculated values of AF 4x°* remain close 
to zero throughout the range of compositions in 
which the experimental values are negative. The 


calculated AF,.°* curve begins to level off at about 


EXCESS FREE ENERGY cal/mol 


X Fe 


Fig. 4—Excess free energies of solid Fe-Au alloys are plotted 
at 850°C relative to a-iron. Solid lines represent experimental 
data and dashed lines, data calculated from the phase di- 
agram. 
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the same point that the experimental curve goes 
through a maximum. Similarly, the calculated and 
experimental activity curves in Fig. 5 remain ap- 
proximately parallel throughout the homogeneous 
range, although there are no inflections in the cal- 
culated curves. Within the two phase region, the 
dotted lines represent calculated values for the 
metastable face-centered-cubic solid solution. 


Heats of Mixing 

Heats of mixing for the homogeneous alloys were 
calculated from the potential data using standard 
methods already described.* Values of the slopes of 
the potential temperature curves at 850°C were ob- 
tained from a straight line drawn through the points 
between 800° and 900°C, since these temperatures 
are above the Curie point of iron. Experimental 
curves within the heterogeneous region of Fig. 6 
were constructed by first evaluating AH,."*t from 
the potential temperature curves for a series of 
heterogeneous alloys, using the Gibbs-Helmholtz 
equation. As shown in Fig. 6, the value of AH,,"** 
is constant within the heterogeneous region and dif- 
ferent from the relative partial molar heats of mix- 
ing of the homogeneous phases.* Having established 


*If AH is the relative integral molar heat of mixing, then AHre 
dAH. Since the proportions of the two phases 
= AH + (1—Xre) 


Fe 
vary linearly with composition in the heterogeneous region, AHhet 
is a linear function of X, AHhet = MXre + b, AHrebet = MXre + 
b + (i—Xre)M = M + Db = constant. This fact is readily seen 
from a plot of the heat of mixing vs mol fraction, as pointed out by 
Wagner (chap. 1, ref. 1). 


the value of AH,."** from the experimental data, the 
values of AH in the heterogeneous region were ob- 
tained graphically by extending the AH,,"** hori- 
zontal until it intersected the vertical axis X;. = 1 
and connecting this point with the point of inter- 
section of the AH curve for the homogeneous alloys 
and the vertical line representing the left-hand 
phase boundary, X;. = 0.562. The value of AH,,"* 
was then determined by extending this line to the 
vertical axis, X,, = 1. 

In Fig. 6 the values for the heats of mixing for 
the face-centered-cubic phase calculated from the 


(y’) 


/ 
rs 
aL / 
/ 
/ 
1 of 
if 
/ 
/ 
/ 
/ 
/ 
/ 
/ 
ov 
Au 3 


Xen 


Fig. 5—Activity curves are given for solid Fe-Au alloys at 
850°C and refer to a-iron as the standard state. Solid lines 
represent experimental data and dashed lines, data calcu- 
lated from the phase diagram. 
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phase diagram are shown as dotted lines. These 
values are referred to pure a-iron as a standard 
state and, therefore, the calculated and experimental 
heats of mixing for the homogeneous alloys are 
directly comparable. The calculated curves inter- 
sect the pure iron line at a value of 340 cal per mol 
corresponding to the heat of transformation from 
y to a-iron at 850°C. It is immediately apparent 
that there is a much greater discrepancy between 
experimental and calculated enthalpies than be- 
tween experimental and calculated free energies 
(Fig. 3); and in this system, as in the Ni-Au sys- 
tem, calculations from the phase diagram do not 
yield reliable values for the heats of mixing. This 
is true, again, because the entropies of mixing (Figs. 
7 and 8) are considerably higher than the ideal 
entropy, and the regular solution assumption does 


not hold. The leveling off of the calculated AHy. 


curve, and near zero values of AH, occurring be- 
tween X;, = 0.4 to 0 are not borne out by the ex- 
perimental data and it is evidently not safe to draw 
conclusions from the shapes of the calculated curves 
as has been done for very similar examples in the 
Au-Pt system.* From its shape throughout the 
homogeneous region, the integral heat of mixing 
curve is clearly quite asymmetric. 


Entropies of Mixing 


Relative partial and integral molar entropies, 
presented in Figs. 7 and 8, were calculated from 
the slopes of the potential temperature curves be- 
tween 800° and 900°C. Construction of the curves 
for the heterogeneous region was accomplished as 
already described for the AH values. A large excess 
entropy of mixing was found in the solid FeAu 
alloys which are, therefore, similar in this respect 
to the Ni-Au alloys. 

It appears from a consideration of the enthalpy 
and entropy curves in Figs. 6 through 8 that the 
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Fig. 6—Enthalpies of solid Fe-Au alloys are plotted at 850°C 
relative to a-iron. Solid lines represent experimental data and 
dashed lines, data calculated from the phase diagram. 
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odd shape of the excess free energy curves of iron 
and the negative deviation of gold are due to an 
exceptionally rapid increase in the excess entropy 
with addition of iron to the high gold solid solutions. 
Thus the negative deviation of gold is not due to 
an energy effect, since the addition of gold to these 
alloys is accompanied by the absorption of heat but 
is associated, seemingly, with the exceptionally 
large entropy of mixing in the gold-rich alloys. 


Fe-Au Phase Diagram 

The potential temperature curves of alloys con- 
taining 95 to 100 pct Fe were not in agreement with 
the accepted phase diagram for the Fe-Au system 
in the neighborhood of the a-y transformation, and 
some consideration was given to redrawing the dia- 
gram in this region. Fig. 1 shows all of the experi- 
mental data reported in the literature for this system. 
The lattice parameter measurements of Jette, Bruner, 
and Foote’ precisely establish the miscibility gap 
boundaries between 300° and 750°C, but the anti- 
quated data of Isaac and Tammann‘ form a very 
poor basis for the involved configuration in the 
region around the a-y transformation shown in the 
Metals Handbook. These data, for example, give the 
a-y transformation temperature for pure iron as 
827°C. In addition to the foregoing, the phase dia- 
gram in Metals Handbook has been copied to some 
extent from a paper of Nowack® who based his ver- 
sion on data by Wever that was apparently unpub- 
lished. 

The experimental potential temperature curves 
for alloys containing 95.9, 97.0, 98.3, and 98.9 atomic 
pct Fe all possessed an inflection which occurred at 
about 855° to 865°C, suggesting the existence of an 
isothermal reaction at this temperature level, in dis- 
agreement with the minimum shown in the accepted 
phase diagram. Moreover, the activity of iron in the 
two phase alloys at 850°C varied from 0.986 to 0.990. 
Since Raoult’s law is probably obeyed in these 
dilute solutions, the solubility of gold in a-iron at 
this temperature must be less than 1.5 atomic pct 
which is considerably less than that indicated in the 
current diagram and makes the appearance of a 
minimum ail the more unlikely. 
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Fig. 7—Entropies of solid Fe-Au alloys are plotted at 850°C 
relative to a-iron. Solid lines represent experimental data and 
dashed lines, data calculated from the phase diagram. 
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Fig. 8—Excess entropy of solid Fe-Au alloys is plotted at 
850°C relative to a-iron. 


These experimental data are in accord with the 
occurrence of a eutectoid reaction at 855° to 865°C 
and an attempt was made to construct the phase 
diagram assuming a eutectoid horizontal at 860°C. 
The eutectoid composition was calculated from the 
thermodynamic data to be X;, = 0.978 and the peak 
of the miscibility gap to lie at 1172°C, X;. = 0.793 
(see Appendix). The calculated height of the mis- 
cibility gap relative to the solidus confirms the 
existence of a peritectic transformation in this sys- 
tem. Using these facts as a guide, the diagram was 
drawn as shown in Fig. 1. 


Discussion of Results 

As expected from the appearance of the phase 
diagram, solid solutions in the Fe-Au system exhibit 
a positive deviation from ideality. This statement 
is made on the basis that the excess free energy of 
mixing is positive throughout, although the partial 
values for gold are negative in most of the homo- 
geneous region. In addition, the heat of mixing of 
the solid alloys is positive. 

It seems likely that this positive deviation in the 
Fe-Au, as in the Ni-Au alloys, is a consequence of 
the atomic size factor, since the gold atom is about 
14 pct larger than the iron atom, using Pauling’s 
metallic radii for coordination No. 12.° The magni- 
tude of the distortional energy term may be calcu- 
lated on the basis of the model suggested by Lawson,” 
modified to take into account the fact that the atoms 
are compressible and therefore do not occupy the 
same volume in solid solution as in the pure solid.” 
It is assumed that the addition of an off-size atom 
to the solid solution lattice results in a primarily 
shear distortion of the lattice and volume expansion 
or contraction of the solute atom. Based .upon a 
simple elasticity picture, therefore, the total strain 
energy is the sum of the shear-strain energy of the 
lattice, plus the hydrostatic work of expansion or 
compression of the solute atom, and can be written 


as 
2Gm 


K, 
( ) 2 ( ) [ ] 


_where V,, and V, are molar volumes of matrix and 
solute, respectively, G, is the shear modulus of 
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matrix, K, is the bulk modulus of pure solute, and 
V is the molar volume of solute in solution. 

It is considered that the molar volume of the 
solute in the solid solution will be that which min- 
imizes the total elastic strain energy and is given by 


or 


Vn Vs (4Gn + K,) 


V= [3] 
4 Gy + 3 Wea 


Substituting this value of V in Eq. 1, an expression 
is obtained for the strain energy increment upon 
adding one mol of solute of molar volume V, to an 
infinite matrix of molar volume V,,; in other words, 
the partial molar free energy of the solute due to 


elastic distortion, AF, 
GH (V.-Vin) 
4 Gr aE 3 Wes K, 


and AE, = X, AF AF the following expres- 
sion is obtained for the distortional energy term 


AE, = 2X, (Vi—V.)? 
[4] 


4V,+3K,A 4V,.+3K,A 


and X, are mol fractions of constituents, V, and V, 
are molar volumes of constituents, G, and G, are 
shear moduli of constituents, and K, and K, are bulk 
moduli of constituents. 

Substituting appropriate values for molar volumes 
and elastic constants? in the foregoing, AE, for X = 


+ Appropriate values for molar volumes and elastic constants are: 


ni (900° = 6.63 cu cm per mol 
Vrey (900°C) = 7.26 cu cm per mol 
Vau (900°C) = 10.33 cu cm per mol 
Kwni (900°C) = 1.60x1012 dynes per sq cm 
Kyey (900°C) = 1.21x1012 dynes per sq cm 
Kau (900°C) = 4.90x104 dynes per sq cm 
Gwi (900°C) = 6.00x104 dynes per sq cm 
Fey (900°C) = 4.54x1011 dynes per sq cm 
Gau (900°C) = 1.84x101 dynes per sq cm. 


Values of bulk and shea 
data,” assuming vy = 1/3. 


moduli were estimated from K6ster’s 


0.5 is computed to be 1500 cal per mol for Ni-Au 
and 850 cal per mol for Fe-Au solid solutions at 
900°C. As Machlin has pointed out in a recent note,” 
the strain energy computed by such an isothermal 
work calculation is free energy and not internal 
energy. Therefore, AE, should be compared with 
the excess free energy and not with enthalpy as 
done previously.” Experimentally measured values 
of excess free energy at X = 0.5 and 900°C are 1100 
cal per mol in the Ni-Au and 680 cal per mol in the 
Fe-Au solutions. The magnitude of strain energy 
given by the foregoing expression is in better agree- 
ment with the experimental data than that given 
by previous formulas (see refs. 2 and 11). 

An important feature of the thermodynamic data 
for both the Fe-Au and Ni-Au solid solutions is 
the existence of an entropy of mixing which is con- 
siderably in excess of that for an ideal solution. For 
this reason, heats of mixing computed from the 
miscibility gap boundaries, assuming regular solu- 
tion behavior, are seriously in error for both of 
these systems. In addition, the usual statistical 
treatments of solid solutions, which ignore vibra- 
tional entropy changes, are probably not applicable. 

It appears from an examination of the literature 
that large positive excess entropies are not excep- 
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tional in metal solutions. In addition to the results 
for the Ni-Au and Fe-Au systems, positive excess 
entropies have been measured in solid solutions of 
Cu=Pt (AS* = 1.1) Com- 
putations based upon the solubility of various ele- 
ments in the terminal solid solutions of aluminum 
indicate the existence of large partial excess entro- 
pies for the solute elements.‘ Similar results have 
been obtained for the Cd-Zn system.” The data col- 
lected by Chipman and Elliott (p. 102, ref. 4) show 
that many liquid metal solutions also possess excess 
entropies ranging up to 0.6 E.U. Move recently, 
Kleppa” has measured positive excess entropies in 
liquid Ti-Au, Sn-Au, Pb-Au, and Bi-Au varying 
from a few tenths to about 1.0 E.U. 

In solid solutions, the excess entropy can be at- 
tributed to an increase in vibrational specific heat, 
and correspondingly vibrational entropy, as a result 
of lattice distortion arising from the disparity in 
atom radii. Such an increase in vibrational entropy 
was predicted on thermodynamical and statistical 
mechanical grounds by Zener* and Lumsden (p. 343, 
ref. 16) and recently confirmed by direct experi- 
mental measurement of the heat capacity of a 50-50 
Ni-Au alloy by DeSorbo and Oriani.” Although it 
does not appear that the excess entropy of liquid 
solutions can be explained in terms of lattice dis- 
tortions, Kleppa™ has observed that there is a qual- 
itative relationship between the magnitude of AH in 
liquid solutions with positive deviation and differ- 
ence in the size of the component atoms. He be- 
lieves that the excess entropies are related to these 
size differences and that the size factor plays a role 
in liquid solutions similar to that in solid solutions. 

As already mentioned, the predicted and observed 
large deviations from ideal entropy of mixing in 
solid solutions of atoms of different size invalidate 
the usual methods of computing thermodynamic 
data from phase boundaries, which depend upon the 
regular solution assumption. These methods have 
naturally been applied mainly to systems possessing 
a miscibility gap, but it is just such systems in 
which large excess entropies are to be expected. It 
appears, therefore, that thermal data for solid solu- 
tions computed from the location of phase bound- 
aries by the usual schemes are not generally reliable. 


Conclusions 

1—Measurements of the thermodynamic proper- 
ties of solid Fe-Au alloys between 800° and 900°C 
indicate, in agreement with the phase diagram, that 
the solid solutions deviate positively from ideal be- 
havior. This positive deviation is apparently due to 
lattice distortion arising from the difference in size 
of the component atoms. 

2—In Fe-Au as well as Ni-Au solid solutions, a 
large excess entropy of mixing occurs which is ap- 
parently a consequence of the disparity in com- 
ponent atom sizes as predicted by Zener. Since the 
size factor is frequently responsible for limited solid 
solubility, it appears that abnormally high mixing 
entropies may often be associated with the presence 
of a miscibility gap in the solid. Therefore, the usual 
methods of calculating thermal data from the posi- 
tion of the miscibility gap are not accurate because 
they assume that the entropy of mixing is ideal. 

3—The currently accepted phase diagram of the 
Fe-Au system may be in error in the region near 
the a-y transformation of iron. The present data 
are consistent with the occurrence of a simple eutec- 
toid reaction rather than the involved picture trans- 
cribed from ancient documents. 
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Appendix 
Following Borelius,’ it is assumed that the rela- 
tive integral molar free energy of the y’ phase can 
be represented as a function of composition and 
temperature as follows 


a 
RT 45 (1-08) tn. 


The partial molar free energy of iron in the y’ 
phase relative to pure y-iron may then be written 


AF, = Fy. — F°, = a, + (2a, — 8a,) X + 
(3a, — 10a, + 22a,) X* + (4a, — 10a, + 18a; — 
28a,) X*° + (—8a, + lla, — 14a, + 17a,) X* 
+ (4a, — 4a. + 4a, — 4a,) X° + RT In [6] 


The partial molar free energy of iron in the y’ phase 
referred to pure a-iron as a standard state is given 
by AR AP 

Accordingly 


IND == In = (2a; 8a.) 


To evaluate the unknown coefficients a, to d, 
values of a». were obtained from the solubility of 
gold in the a phase at 400°, 500°, 600°, and 700°C, 
assuming that Raoult’s law applies to iron as the 
solvent in this dilute solution. The positions of the 
phase boundaries are accurately known in this tem- 
perature range from the work of Jette et al.° Values 
of F°, — F°, were obtained from the tabulations of 
Zener” and Darken.” Having evaluated a, to a, it 
was possible to compute the thermodynamic func- 
tions for the y' phase at any temperature. Values 
for the coefficients are as follows: a, = 7016, a, = 
11243, as = 7309, and a, = 1909. 

The peak of the miscibility gap was located at 
1172°C and X;, = 0.793 by making use of the fact 
that at this point 

@AF 

ax? 
and 

Since 1172°C is above the solidus temperature for 
this composition, the calculations bear out the exist- 
ence of a peritectic reaction in this system. 

Finally, the eutectoid composition was calculated 
by inserting the experimental value of AF;. = ie 
— F°, at 860°C in Eq. 6 and solving for X. The value 
obtained was X,, = 0.978 and represents the com- 
position of iron-rich y-phase which is in equilibrium 
with a at 860°C. 
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Technical Note 


New Intermediate Phase in Burnt Tungsten Steels 


by Kehsin Kuo 


D*® steel with 1.47 pct C, 0.42 pct Mn, and 8.22 
pet W contains Fe,C and WC in the annealed 
state and WC embedded in a martensitic matrix in 
the hardened state (quenched from 800°C). The 
presence of a large amount of undissolved angular 
WC carbide particles makes this steel extremely 
wear-resistant. 

However, the WC carbide begins to dissolve in 
the austenite when the heating temperature is raised 
above 1000°C, but this solution process is still not 
complete at 1250°C although partial melting has 
already taken place at the austenite grain bound- 
aries. At 1325°C, this steel contains austenite and 
liquid metal but no WC carbide, Fig. 1. On quench- 
ing into brine, the liquid metal solidifies into a con- 
stituent which etches differently from the austenite- 
martensite matrix. This constituent appears lighter 
than the matrix at the 1250°C stage when etched 
with 2 pct nital but darker in Fig. 1 when etched 
with Murakami’s reagent. Such a constituent has 
also been found in burnt tungsten high speed steels. 

This constituent has been isolated from the matrix 
by anodic dissolution in a 5 pct HCl electrolyte and 
was found by the X-ray powder method to be iso- 
morphous with @-manganese, Table I. The agree- 
ment in line intensity between these two phases 
indicates that there is no ordering in this new phase. 
The calculated cube edge of this phase is 6.395A, 
somewhat larger than that of B-manganese (6.30A). 

Besides this phase, the anodic residue also con- 
tains free carbon from the matrix and amorphous 
WO., although the X-ray powder pattern of the 
residue shows the presence of only this phase. This 
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Fig. 1—Die steel 
containing 1.47 pct 
C, 0.42 pct Mn, and 
8.22 pct W_ was 
heated at 1325°C 
for 5 min and water 
quenched. Micro- 
graph _ shows new 
phase into which the 
liquid metal solidi- 
fied on quenching. 
Etched with Mura- 
kami’s reagent. 
X1200. Area reduced 
approximately 10 pct 
for reproduction. 
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Table |. X-Ray Diffraction Data for the New Phase* 


111 0.0432 0.0436 Vw 2.7 
210 0.0724 0.0727 WwW 9.1 
211 0.0877 0.0872 Vw 1.6 
300, 221 0.1307 0.1308 vs 272 
10 0.1454 0.1453 ) 163 
311 0.1599 0.1598 MS 89.6 
321 0.2036 0.2034 M 28.8 
411, 330 0.2621 0.2615 M 30.5 
0.2900 0.2906 M 28.6 
332 0.3194 0.3197 WwW 5.1 
510, 431 0.3783 0.3778 iS) 142.2 
511, 333 0.3922 0.3923 WwW 25.3 
520, 432 0.4217 0.4214 Ss 127.2 


* CuKa radiation. 
7; Letters represent: VS, very strong; S, strong; MS, medium 
strong; M, medium; W, weak; and VW, very weak. 


makes it impossible to determine directly the com- 
position of this phase from the residue. Attempts 
to prepare an alloy containing only this phase have 
hitherto been fruitless. The following experiments 
serve to show that this phase can only be obtained 
by drastic quenching from the liquid state and that 
its tungsten and carbon contents must be lower than 
those in the Fe,W,C carbide. 

On air cooling from 1325°C, the liquid metal 
solidifies into a eutectic consisting of austenite and 
the Fe,W.C carbide. The nature of this dark-etching 
Fe,W:C has also been ascertained by X-rays. This 
eutectic becomes coarser on furnace cooling. The 
solidification of a specimen cooled for 5 min from 
1325° to 1200°C and water quenched is still not 
complete and the fine eutectic is formed during the 
quenching. Since this new phase can be replaced 
by a eutectic of austenite and the Fe,W-.C carbide, 
its composition must lie somewhere between the 
latter two phases. The special features of this phase 
are: 1—it can only form directly from the liquid 
state by drastic quenching and 2—it is a ternary 
phase of iron, tungsten, and carbon. 

The 8-manganese structure of this phase is also 
interesting. In the Periodic Table, iron and tungsten 
lie on opposite sides of manganese; a certain com- 
bination of these two elements, in the presence of 
carbon, may have average properties similar to 
those of manganese. It has already been established 
that the x phase, a ternary one of iron, chromium, 
and molybdenum, has the a-manganese structure.”* 
A similar phase has also been found in the ternary 
system Fe-Cr-W’ and in the following binary sys- 
tems: Re-Cb, Re-Ta, Re-Mo, and Re-W.° 
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System Zirconium-Nitrogen 


lodide zirconium was combined with calculated amounts of nitrided zirconium sponge 
and arc melted to prepare alloys in the 0 to 6 wt pct N region. Annealing treatments 
were carried out at 21 temperature levels. Metallographic examination of the heat- 
treated specimens permitted construction of the binary phase diagram from 0 to 6 pct N. 
Features of the diagram include the peritectic formation of both a and 8 solid solutions. 
The maximum solubility of nitrogen is 0.8 pct in 8 zirconium and 4.8 pct in o zirconium. 
An X-ray study of nitrided materials was made in the range 6 to 13 wt pct N region be- 
cause serious nitrogen losses were experienced when attempts were made to arc melt these 


high nitrogen alloys. 


by R. F. Domagala, D. J. McPherson, and M. Hansen 


HASE relationships in the Zr-N system have been 

determined. Due to the inability to retain nitro- 
gen in nitrogen-rich alloys subjected to arc melting, 
definitive work was possible only in the range 0 to 
6 wt pct (0 to 30 atomic pct) N. Sufficient comple- 
mentary X-ray work was done to permit construc- 
tion of the binary phase diagram up to 13.3 wt pct 
(50 atomic pct) N (ZrN). 

Small ingots were prepared by arc melting master 
alloys with enough zirconium to produce an alloy 
of the desired composition. Following pretreatment, 
alloys were annealed at temperature levels between 
600° and 2020°C. Determination of the phase bound- 
aries was then accomplished by metallographic 
evaluation of specimens quenched from the various 
temperatures. Incipient melting techniques were 
used to corroborate solidus curves, and X-ray dif- 
fraction was employed to study the nitrogen-rich 
region of the a + ZrN phase field. 


Materials 


Westinghouse Grade 1 iodide zirconium crystal 
bar served as the base material for this investiga- 
tion. The as-received bars were lightly sandblasted, 
pickled in a 20 pct HNO,-5 pct HF aqueous solution, 
rinsed in water and acetone, and dried. They were 
rolled to about 1/32 in. strip and acid-pickled, fol- 
lowed by water and then acetone rinses. The mate- 
rial was sheared to approximately % in. squares, 
cleaned with acetone, and stored for use. 

Pure zirconium nitride is not commercially avail- 
able, according to correspondence with possible sup- 
pliers. A literature survey indicated that nitrogen 
may be introduced into zirconium metal by passing 
nitrogen or ammonia gas over zirconium at an ele- 
vated temperature.” After considerable experi- 
mentation, a train was devised whereby high quality 
nitrogen was passed through a series of bubblers to 
remove the last traces of oxygen, through an H.SO, 
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bubbler and a cold trap to remove moisture, and 
finally over zirconium within a resistance furnace. 

Hand-picked Bureau of Mines magnesium-reduced 
zirconium sponge proved more amenable to nitriding 
than the crystal bar. The nitrogen used was extra 
pure gas purchased from Linde Air Products Co. 
The first two bubblers through which the gas was 
passed contained a solution suggested by L. F. Fieser® 
as being ideal for removing the last traces of oxygen 
from nitrogen. The solution contains 20 g KOH, 
2 g sodium-anthraquinone 6-sulphonate, and 15 g 
NaHSO, dissolved in 100 ml water. It is blood-red 
and turns brown when contaminated with oxygen. 

A saturated lead acetate solution, next in the 
series of bubblers, removed any H.S which might 
have formed in the O, removal stage. An H.SOQ, 
bubbler and cold trap removed moisture before the 
nitrogen was passed over the zirconium. The zir- 
conium was contained in a stainless steel screen 
within a Vycor or quartz tube in a resistance fur- 
nace. Unreacted nitrogen passed out of the system 
through a mercury bubbler. 

A nitriding run was performed in the following 
manner: Zirconium was placed in the screen within 
the furnace tube. The unit was assembled, suitably 
clamped off, and evacuated to remove the air and 
moisture within the tube and that trapped by the 
zirconium sponge. The unit was flushed with nitro- 
gen and evacuated twice. After nitrogen was allowed 
to pass over the zirconium for about 30 min, the 
furnace was turned on; several hours were required 
to reach temperature. The reaction was allowed to 
continue at temperature for about 4 hr and the 
screen was then withdrawn from the hot zone of 
the furnace by means of a Nichrome or Kanthal rod. 
The screen and its contents were allowed to cool at 
the end of the tube and were then removed. 

At 800°C no more than about 5 pet N could be 
introduced into the sponge zirconium. This mate- 
rial was designated M-1 (master alloy No. 1) and 
reserved for the preparation of alloys in the dilute 
nitrogen region. A second set of experiments was 
conducted at 1000°C; no more than 7.2 pct N could 
be introduced into the zirconium at this tempera- 
ture. Enough material (M-2) of this nitrogen con- 
tent was prepared to produce a second set of alloys 
to complement the first and to provide alloys in the 
0 to 6 wt pct N range. 

It was hoped that a diffusion anneal plus a re- 
nitriding might yield a material of higher nitrogen 
content. The material containing about 7 pct N 
was therefore given a homogenization treatment at 
1000°C for 6 hr under an argon atmosphere. It was - 
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Fig. 1—In this expanded diagram of the zirconium-rich re- 
gion of the Zr-N system, the circle represents one phase; 
plus, two phases; the open triangle, melting, a and/or £; 
closed triangle represents melting in which ZrN appears. 


then exposed to nitrogen for an additional 4 hr 
treatment at the same temperature. Analyses con- 
ducted on samples of these materials showed no 
nitrogen increase. This experiment was repeated a 
second time and the same results were experienced. 

It appeared necessary to investigate the results 
of nitriding at higher temperatures. In order to 
accomplish this a new unit was constructed, utilizing 
a small globar heated tube furnace and a quartz 
tube. Following the same technique employed at 
lower temperatures, a small quantity of M-2 (7 pct 
N) was exposed to nitrogen at 1200°C for 4, 8, and 
12 hr. After 4 hr there was an initial nitrogen in- 
crease to about 9 pct; after 8 hr the nitrogen content 
was 10.4 pct and seemed to level off at about this 
value. An X-ray powder pattern was made using 
material containing 10.6 pct N. The nitrided sponge 
was then arc melted and a small quantity of the 
melted button was submitted for X-ray diffraction 
study and chemical analysis. Analytical data showed 
the nitrogen content to drop from 10.6 to 5.6 pct and 
the X-ray patterns showed that, while the as- 
nitrided material contained only a very few faint 
lines of a solid solution, the arc melted material 
clearly contained many a lines. Some loss of nitrogen 
on are melting was experienced whenever the nom- 
inal nitrogen content of an alloy exceeded about 4 
pet. It was not possible to retain more than about 
6 pct N in any of the arc melted alloys. 

A third batch of sponge zirconium was nitrided 
for 4 hr at 1000°C and 8 hr at 1200°C prior to runs 
at higher temperatures. This material was analyzed 
and found to contain about 8.5 pct N. It was desig- 
nated M-3 and divided into five equal parts, each 
weighing about 50 g. Each small lot was exposed 


TRANSACTIONS AIME 


Atomic Percent Nitrogen 


2900 
A. V5260 
2800 © = One Phase 
+,x = Two Phases Ze — 5000 
2700} 4 = Melting, a and/or B 
a = Melting, ZrN Appears 4800 
2600+ 9,8 = X-Ray, |,2 Phases | 4 
2400+ 4400 
2300+ | 4200 
2200 L+ZrN —| 4000 
2100 — 3800 
2000 4 _!985 
= 1852 3400 
1800 x | 
3200 
£ 1700 x 4 4 
\ — 3000 
1600 x 
a@+ZrN 
1300 7 — 2400 
1100 x 2000 
1000 xx \ 
900 
862 
800 x 
1400 
TOO joccx00 0 OO x x x 


\ 


Weight Percent Nitrogen 


Fig. 2—Partial diagram of the Zr-N system shows phase re- 
lationships up to ZrN. 


to nitrogen for 4 hr at temperatures from 1200° to 
1400°C, the limit of the apparatus. Analytical data 
from samples of each lot indicate that it is not 
readily possible to produce an appreciable quantity 
of stoichiometric ZrN (13.3 pct N) even at relatively 
high temperatures. The highest average nitrogen 
content reached was about 11 pct. Accordingly, it 
was decided to cease nitriding experiments at this 
point and attempt to equilibrate the nitrided sponge 
and to subject such material to X-ray studies to 
supplement the metallographic work. 


Equipment and Procedures 


A nonconsumable electrode arc melting furnace 
was used to prepare alloys. Details of operation, 
including drawings of this type furnace, may be 
found in the literature.’ 

Twenty gram alloy ingots containing 0 to 3 wt pct 
N were prepared by combining calculated amounts 
of iodide zirconium and M-1 master alloy, which 
after consolidation by are melting was found to con- 
tain 5 pet N. Alloys in the nominal composition 
range 3.25 to 7.0 wt pct N were prepared by utiliz- 
ing the M-2 master alloy containing 7.2 pct N. No 
attempt was made to consolidate this second master 
alloy by are melting. Although such a pretreatment 
would have been desirable, it was deemed inadvis- 
able due to the nitrogen losses experienced pre- 
viously. During are melting operations, current levels 
were kept below 300 amp to minimize losses. 

Before the regular isothermal annealing treat- 
ments were carried out, all alloys were homogenized 
for 48 hr at 1200°C and certain alloys were cold 
worked to hasten the approach to equilibrium dur- 
ing the anneals. Samples were sealed in either Vycor 
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or quartz bulbs for isothermal annealing treatments 
up to 1400°C, where resistance-type porcelain tube 
furnaces were employed. Vycor bulbs were employed 
for temperatures up to 1100°C and quartz was used 
from 1100° to 1400°C. The bulbs were evacuated 
before sealing for treatments up to 950°C. For an- 
neals above this temperature, a reduced pressure of 


Table |. Analyses of Zr-N Alloys 


Analyzed Analyzed 
Alloy Nitrogen, Allo Nitrogen, 
No.* Pet No.* Pct 
ZN 0.1 — ZN 2.75 >= 
ZN 0.2 0.21 ZN 3.0 3.08 
ZN 0.3 — ZN 3.25 3.2 
ZN 0.4 0.33 ZN 3.5 3.7 
ZN 0.5 —_ ZN 3.75 3.4 
ZN 0.6 0.62 ZN 4.0 3.6 
ZN 0.7 — ZN 4.25 3.8 
ZN 0.8 0.86 ZN 4.5 4.2 
ZN 0.9 _- ZN 4.75 4.2 
ZN 1.0 0.91 ZN 5.0 4.3 
ZN 1.25 — ZN 5.25 4.6 
ZN 1.5 1.63 ZN 5.5 4.8 
ZN 1.75 — ZN 5.75 4.8 
ZN 2.0 2.05 ZN 6.0 5.0 
ZN 2.25 _ ZN 6.5 5.7 
ZN 2.5 2.63 ZN 7.0 5.9 


* The alloy number is divided in two parts: ZN refers to a Zr-N 
alloy and the digits following denote the nominal nitrogen content. 


argon was admitted to the bulb before sealing. 
Temperature control in general was +3°C. Speci- 
mens were quenched at the conclusion of an anneal 
by rapidly withdrawing the bulb from the furnace 
and breaking it under water. 

Inasmuch as nitrogen additions to zirconium raise 
its melting point as well as its transformation tem- 
perature, important phase boundaries had to be de- 
lineated at temperatures well above the maximum 
operating temperature of the furnaces normally 
employed for annealing treatments. A complete 
description, including a drawing, of the furnace 
constructed for very high temperature use may be 
found in an earlier paper on the Zr-O binary phase 
diagram. Briefly, a split cylindrical resistor of 
molybdenum sheet serves as a heater. Extremely 
high temperatures are obtained when a low voltage 
high current source is applied. Temperatures are 
measured optically, and temperature corrections are 
applied according to a calibration curve based on 
the observed melting points of high purity metals. 
Although very rapid heating rates are possible in 
this furnace, specimens were brought to tempera- 
ture in about 15 min and held there from 2 to 6 min 
before quenching onto a water-cooled brass bottom 
plate. Pressure less than 0.lun (1x10* mm Hg) was 
maintained during annealing runs. Temperature 
control during treatments was held within +10°C. 

The vacuum induction furnace used to aid in out- 
lining the solidus curves for this system has been 
described in detail.’ Specimens supported on wolfram 
wire are rapidly heated until visible melting occurs; 
then samples of the same alloy content are quenched 
from successively lower temperatures. By metal- 
lographic evaluation of the resulting structures, the 
solidus curve is determined. 

A Debye-Scherrer powder camera was used for 
all X-ray work on this system. A copper target was 
used and a nickel filter permitted only CuKa radia- 
tion to reach the specimen. The powder specimen, 
passed through a 200 mesh screen, was placed in a 
Pyrex capillary at the center of a 14 cm diam camera. 

Nitrogen analyses for this study were obtained 
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by a modified Kjeldahl method which provided re- 
producible results for the Zr-N alloys. 


Results and Discussion 

Thirty-two alloys were arc melted for a study of 
the phase relationships in this system in the 0 to 6 
wt pet N region. All alloys were prepared, utilizing 
nitrided sponge zirconium as the alloy addition and 
iodide zirconium as the diluent. A complete tabula- 
tion of these alloys together with analytical data is 
given in Table I. Alloys up to about 3.25 pct N were 
found to contain the intended nitrogen content within 
+0.1 pet. Beyond 4.0 pet N, serious nitrogen losses 
were experienced, apparently due to the arc melt- 
ing. Regardless of the nitrogen content of the master 
alloy, it was not possible to prepare alloys contain- 
ing more than 6 pet N by arc melting. Many un- 
successful attempts were made to produce such 
ingots. The diagrams were constructed on a basis 
of analyzed compositions of alloys. 

All as-cast alloys were given a homogenization 
anneal at 1200°C for 48 hr. Ingots in the very dilute 
alloy region were amenable to a slight amount of 
cold work by rolling; alloys containing more than 
0.3 pet N could not be cold worked. 

Subsequent to homogenization and cold rolling, 
specimens were sawed or broken up to provide speci- 
mens suitable for isothermal annealing treatment. 

In addition to the data collected through the metal- 
lographic study of the arc melted alloys, additional 
information was acquired by an X-ray study of 
selected portions of nitrided sponge. Such data were 
carefully evaluated and used in completing the par- 
tial diagram up to ZrN. A discussion of this study 
is given later. 

A complete list of the number of alloy composi- 
tions treated at each temperature level is given in 
Table II. Except at temperatures above 1800°C, a 
control sample of unalloyed zirconium was included 


Table Il. Annealing Schedule of Zr-N Alloys 


No. of Com- 


Temperature, °C Time, Hr positions Treated 


2020 <0.1 5 
2000 <0.1 6 
1975 0.1 6 
1900 0.1 7 
1850 0.1 4 
1840 0.1 5 
1800 0.1 14 
1720 0.1 2 
1700 0.1 13 
1600 0.1 14 
1500 0.1 16 
1408 1 27 
1300 3 20 
1205 5 28 
1100 30 17 

998 70 27 

952 75 19 

896 100 27 

801 150 18 

700 305 19 

598 500 19 


with each annealing treatment. The anneals at all 
temperatures above 1400°C were carried out in the 
high temperature vacuum resistance furnace, while 
treatments at or below this temperature were made 
in the regular annealing furnaces. 

Alloys containing nominally 0.5, 1.0, 3.0, and 7.0 
pet N were treated for three times at 800°, 1000°, 
and 1200°C. The ingots previously had been given 
a homogenization anneal at 1200°C for 48 hr. A 
metallographic study of these alloys showed no 
change in the relative amounts of phases after 150, 
50, and 5 hr at 800°, 1000°, and 1200°C, respectively. - 
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Fig. 3—Transformed 6 phase appears in 
micrograph of 0.6 pct N alloy, as-cast. 
Sample was etched. X150. Area reduced 
approximately 25 pct for reproduction. 


Fig. 6—Transformed £ solid solution ap- 
pears in micrograph of 0.2 pct N alloy 
quenched from 1205°C. Sample was 
etched. X250. Area reduced approxi- 
mately 25 pct for reproduction. 


Fig. 9—All-a structure appears in 2.0 pct 
N alloy quenched from 1205°C. Sample, 
taken in polarized light, is unetched. 
X500. Area reduced approximately 25 
pct for reproduction. 
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Fig. 4—In 0.8 pct N alloy, as-cast, pri- 
mary a dendrites appear in a matrix of 
transformed 6. Sample was etched. X250. 
Area reduced approximately 25 pct for 
reproduction. 


Fig. 7—Isothermal a plus transformed 6 
appear in 0.3 pct N alloy quenched from 
1205°C. Sample was etched. X250. Area 
reduced approximately 25 pct for repro- 
duction. 


Fig. 10—All-a structure appears in 4.3 
pct N alloy quenched from 1205°C. Un- 
etched sample was taken in polarized 
light. X500. Area reduced approximately 
25 pct for reproduction. 


Fig. 5—In 2.5 pct N alloy, as-cast, pri- 
mary particles of ZrN appear within a 
grains in a transformed 6 matrix. Speci- 
men was etched. X250. Area reduced 
approximately 25 pct for reproduction. 


“7 


Fig. 8—Micrograph shows a plus last 
traces of transformed 6 in 1.75 pct N 
alloy quenched from 1205°C. Sample 
was etched. X500. Area reduced approxi- 
mately 25 pct for reproduction. 


Fig. 11—Micrograph shows @ plus ZrN 
structure appearing in 4.6 pct N alloy 


quenched from 1205°C. Sample was 
etched. X500. Area reduced approxi- 
mately 25 pct for reproduction. 
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Fig. 12—Micrograph shows a plus last 
traces of transformed @ in 3.0 pct N al- 
loy quenched from 1800°C. Unetched 
sample was taken in polarized light. 
X500. Area reduced approximately 25 


pct for reproduction. duction. 


Fig. 13—Micrograph shows all-a struc- Fig. 14—Micrograph of 4.6 pct N alloy 
ture in 3.2 pct N alloy quenched from 
1800°C. Unetched sample was photo- 
graphed in polarized light. X500. Area 
reduced approximately 25 pct for repro- 


quenched from 1800°C shows all-a struc- 
ture. Unetched sample was photographed 
in polarized light. X500. Area reduced 
approximately 25 pct for reproduction. 


Fig. 16—Micrograph of 3.0 pct N alloy 
quenched from 1840°C shows a. Un- 
etched sample was photographed in polar- 
ized light. X250. Area reduced approxi- 
mately 25 pct for reproduction. 


Fig. 15—Micrograph of 5.0 pct N alloy 
quenched from 1800°C shows a plus par- 
ticles of isothermal ZrN. Sample was 
etched. X500. Area reduced approxi- 
mately 25 pct for reproduction. 


The results of this work were extrapolated to pre- 
dict proper annealing times at all levels employed 
for the study of this system. 

Partial diagrams of the Zr-N binary system are 
presented in Figs. 1 and 2. The former figure is an 
expanded diagram of the zirconium-rich region, 
while the latter presents the phase relationships up 
to ZrN. These two diagrams are documented with 
most of the data points necessary for the construc- 
tion of the diagram. 

Important features of the diagram include: 

1—£ solid solution forms on cooling by the peri- 
tectic reaction: liquid (0.7 wt pct, 4.4 atomic pct N) 
+ a (3.0 wt pct, 16.8 atomic pct) > 6 (0.8 wt pct, 
5.0 atomic pct N), at 1880+10°C. 

2—Nitrogen additions stabilize a zirconium, rais- 
ing the transformation temperature and resulting 
in the peritectic reaction: liquid (2.4 wt pct, 13.5 
atomic pct N) + ZrN solid solution (~11.5 wt pct, 
~46 atomic pct N) > a (4.8 wt pct, 25 atomic pct 
°C. 

3—The maximum solubility of nitrogen in B zir- 
conium is 0.8 wt pct (5.0 atomic pct) at the peri- 
tectic reaction and decreases to 0 at the transforma- 
tion temperature, 862°C. 
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Fig. 17—Micrograph of 3.0 pct N alloy 
quenched from 1900°C shows a plus signs 
of melt. Compare with Fig. 16. Unetched 
sample was photographed in polarized 
light. X500. Area reduced approximately 
25 pct for reproduction. 


4—The a modification of zirconium can dissolve 
4.8 wt pct (25 atomic pct) N at the temperature of 
the peritectic formation of a, and the solubility de- 
creases with decrease in temperature to about 4 wt 
pet (21 atomic pct) N at 600°C. 

5—The intermediate phase ZrN has a reported 
maximum melting point at approximately 2980°C 
and has a range of homogeneity on the zirconium 
side of the stoichiometric composition (13.3 wt pct, 
50 atomic pct N). It was not possible to determine 
this boundary accurately but it is believed to ex- 
tend from about 11.5 wt pct (~46 atomic pct) N at 
1985°C down to nearly stoichiometric ZrN at tem- 
peratures below 600°C. No attempt was made to 
determine the possible extent of the field on the 
nitrogen side of ZrN. 

6—There are no additional singular phases be- 
tween zirconium and ZrN. 

The melting point of zirconium, 1852°C, used in 
the construction of the diagram was experimentally 
determined in previous phase diagram work® and 
was corroborated in this study. The temperature of 
the allotropie transformation, a S 8, was positioned 
at 862+5°C. This corresponds to the value given by 
Vogel and Tonn” and was checked in the present’ 
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Fig. 18—Melting in 
an all-a structure 
appears micro- 
graph of 4.1 pct N 
alloy quenched from 
1975°C. —_Unetched 
sample was _photo- 
graphed in polarized 
light. X500. Area 


reduced approxi- 
mately 25 pct for re- 
production. 


Fig. 20—ZrN crystals 
appear in the melted 
region of 4.1 pct N 
alloy quenched from 
2000°C. Compare 
with Fig. 18. Sample 
was etched. X250. 
Area reduced ap- 
proximately 25 pct 
for reproduction. 


work by a metallographic investigation of struc- 
tures in unalloyed are melted zirconium annealed 
at five temperature levels between 845° and 885°C. 
As in past work, a transformation range was indi- 
cated in the vicinity of the value given previously. 

The compositions noted and the positions of the 
phase boundaries in the diagrams are considered to 
be accurate within +0.2 pct in the 0 to 6 pct N 
region, while the a + ZrN/ZrN boundary is be- 
lieved to be within +0.5 pct N of the equilibrium 
value. Evidence substantiating the placement of 
various phase boundaries and temperature hori- 
zontals is presented in the micrographs.* 


*The composition values given in the discussion of structures 
refer to weight percent. The etchant employed was 20 pct HF and 
20 pet HNOs in glycerine. 


Fig. 19—All-@ struc- 
ture with no signs of 
melting appears in 
micrograph of 4.6 
pct N alloy quenched 
from 1975°C. Un- 
etched sample was 
photographed in po- 
larized light. X500. 
Area reduced ap- 
proximately 25 pct 
for reproduction. 


Fig. 21—Micrograph 
shows 2.5 pct N al- 
loy quenched from 
1975°C in the incipi- 
ent melting furnace. 
Figs. 19 to 21 posi- 
tion the peritectic 
formation of a at 
1985+15°C. Sample 
was etched. X250. 
Area reduced ap- 
proximately 25 pct 
for reproduction. 


alloy containing 0.2 pct N (Fig. 6) is seen to consist 
of transformed 6, while at 0.3 pct N (Fig. 7) ana 
plus transformed £6 structure is observed. Samples 
containing 1.75 and 2.0 pct N are shown in Figs. 8 
and 9. The 1.75 pet composition is mostly a with 
residual particles of 6, while at 2.0 pct N the struc- 
ture is 100 pct a. The a/a + ZrN boundary is posi- 
tioned at 1205°C by the micrographs of Figs. 10 and 
11, 4.3 and 4.6 pct N alloys, respectively. The former 
is all a, while the latter is two phase, a + ZrN. The 
markings which appear in the ZrN in Fig. 11, as 
well as in other structures, have been identified as 
anisothermal a, rejected from the compound during 
the quench. These markings have been observed to 
blend without interface into the a matrix. 


A series of as-cast structures, which clarifies the 
solidification history of Zr-N alloys, is shown in the 
first few micrographs. An 0.6 pct N alloy is shown 
in Fig. 3 and a single phase, transformed #6 struc- 
ture, is seen. At 0.8 pct N, Fig. 4, primary crystals 
of a form on solidification and are contained in a 
transformed 8 matrix. These two structures posi- 
tion the composition of the liquid involved in the 
peritectic formation of 8 at about 0.7 pct N. With 
increasing nitrogen contents, more primary a crys- 
tals appear. Primary crystals of ZrN make their 
initial appearance at 2.5 pect N as shown in Fig. 5. 
The primary ZrN particles are surrounded by a in 
a matrix of transformed f. Fig. 5 confirms the peri- 
tectic formation of a; the composition of the liquid 
entering into the reaction was positioned at 2.4 pct 
N. Increasing amounts of ZrN primary crystals were 
observed in as-cast alloys containing more nitrogen. 

“Micrographs of specimens quenched from 1205°C 
are presented in the next set of figures. Here an 
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Table III. Results of Combined X-Ray and Analytical Study 


Com- Quench- 

position, ing Tempera- Phase Lines Parameter 
Pet N ture, °C Present ZrN,* kX 
10.5 1800 ZrN + weak a F 4.567 
11.0 1850 ZrN + very faint a 4.569 
11.0 1800 ZrN + very faint a 4.567 
11.3 1800 ZrN 4.567 
ila 1700 ZrN + faint a 4.567 
12.0 1600 ZrN + faint a 4.567 
13.5 1600 ZrN 4.567 


*The parameter of ZrN was calculated on a basis of the (331), 
(420), (422), (511), and (440) lines, plotted vs sin? @ and extrapo- 
lated to sin? 6 = 1. ZrN has a cubic NaCl-type structure. 


An alloy containing 0.5 pet N quenched from 
1800°C consisted of a coarsened transformed 8 struc- 
ture, while at 0.8 pct N an a@ plus transformed B 
structure was present. With increasing nitrogen 
content, the amount of a increases until at 3.0 pct N 
(Fig. 12) only residual 8 particles remain. At 3.2 
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pet N (Fig. 13), a 100 pct a structure is seen. Alloys 
containing 4.6 and 5.0 pct N, also quenched from 
1800°C, are shown in Figs. 14 and 15. The former 
figure shows an all-a structure, while the latter 
manifests ZrN particles in an a matrix. Markings 
in ZrN appear as before. 

It was found that the presence of holes and cracks 
in the very brittle a structures was unavoidable. 
Particular care during the metallographic prepara- 
tion of samples provided some improvement in the 
final appearance, but since the a alloys containing 
more than 2 pct N are inherently brittle, they are 
very susceptible to cracking. 

The next series of structures positions important 
diagram features in the vicinity of the two peri- 
tectic reactions. A 3.0 pet N alloy quenched from 
1840°C is shown in Fig. 16. The all-a structure 
positions the maximum extent of the a+ B/a 
boundary at about 3.0 pct N. The same alloy 
quenched from 1900°C is shown in Fig. 17. The 
appearance of melting in this structure places the 
temperature of the peritectic formation of 8 at some 
temperature below 1900°C. Since the melting point 
of zirconium is 1852°C and is raised by nitrogen 
additions, the peritectic formation of 6 must occur 
between 1852° and 1900°C; with the aid of other 
metallographic and incipient melting data, this 
level was positioned at 1880 + 10°C. 

The next two micrographs present structures ob- 
served in alloys quenched from 1975°C. At 4.1 pct 
N, signs of melt appear in an a structure as shown 
in Fig. 18. At 4.6 pct N only a, with no signs of 
melt, may be seen, as indicated by Fig. 19. The 
maximum solubility of nitrogen in a zirconium was 
therefore placed at 4.8 pct N, since the next alloy 
in the series, 5.0 pect N, had an a + ZrN structure 
with no signs of melting. 

The position of the peritectic formation of a 
at 1985+ 15°C is confirmed by the structures of 
Figs. 20 and 21. The former figure is a 4.1 pct N 
alloy quenched from 2000°C, and particles of ZrN 
are seen to appear in the melted region. These ZrN 
particles did not appear in this alloy when quenched 
from 1975°C, as was shown in Fig. 18. The last 
figure is that of a 2.5 pct N alloy quenched from 
1975°C in the incipient melting furnace. As in Fig. 
20, ZrN particles have formed in the melted regions. 
Although this represents the only case of ZrN ap- 
pearing in a or a + B alloys quenched from 1975°C, 
it helps position rather accurately the temperature 
level at which the reaction, L + ZrN > a, occurs. 

Inasmuch as nitrogen losses were experienced 
during the arc melting of some compouositions, it was 
considered possible that annealing treatments, 
especially at elevated temperatures, might result 
in composition changes in the alloys treated. Ac- 
cordingly, four alloy compositions (0.2, 2.0, 3.25, 
and 5.0 pct N) were slowly heated to 1600°, 1850°, 
and 2000°C in the incipient melting furnace. After 
holding for about 1 min at these high temperatures, 
the specimens were quenched and submitted for 
chemical analysis. The results showed that no ni- 
trogen losses had occurred. 

A cursory incipient melting study confirmed the 
solidus curves determined from a metallographic 
study of specimens heat treated at elevated tem- 
peratures. The results of the incipient melting work 
are plotted on the diagrams. 

Since it was not possible to retain more than 
about 6 pct N in alloys prepared by arc melting, 
other experimental techniques were necessarily ap- 
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plied to determine the position of the a + ZrN/ZrN 
phase boundary, and to make at least a cursory ex- 
amination of the a + ZrN field. A combined X-ray 
analytical study with complementary metallo- 
grapnic work was used. Materials subjected to 
tunis study consisted of as-nitrided and nitrided and 
nomogenized sponge zirconium. Data points deter- 


mined by these methods are indicated by squares 


on the diagrams; arrows attached to data points in- 
dicate as-nitrided specimens, while the absence of 
an arrow means that the specimen was heat treated 
at the temperature indicated prior to examination. 

Slight surface contamination of all metallo- 
graphic specimens annealed between about 900° 
and 1400°C was visible. It was therefore deemed ad- 
visable not to perform any bulb anneals of nitrided 
sponge due to the small particle size involved. Even 
a slight layer of contamination on small specimens 
could easily lead to spurious X-ray data. Conse- 
quently, data for this study were collected on speci- 
mens taken directly from the nitriding unit or on 
samples given a heat treatment in the high tem- 
perature vacuum resistance furnace where neither 
contamination nor nitrogen losses were experienced. 

In connection with the initial nitriding experi- 
ments, conducted at temperatures not exceeding 
1200°C, various materials were submitted for X-ray 
diffraction and analysis. Without exception, these 
materials yielded a + ZrN patterns and are indicated 
in Fig. 2 by a half-filled square with an arrow at- 
tached. The arrow is intended to mean that, al- 
though the cooling rate was not known, the two 
phase structure is characteristic of that composition 
at some lower temperature. 

Subsequently, a comprehensive study of nitrided 
materials prepared at 1200° to 1400°C was made. 
Small quantities of nitrided sponge from each of 
these batches were annealed at temperatures be- 
tween 1600° and 1850°C for from 0.1 to 0.2 hr in 
the high temperature resistance furnace. After 
quenching, particles of about 20 mesh material were 
ground to 200 mesh and submitted for X-ray dif- 
fraction and chemical analysis. Exposure times in 
the powder camera were held constant and all films 
were developed simultaneously. Analyses were con- 
ducted on the powders from which the X-ray sam- 
ple was taken. The results of this study are pre- 
sented in Table III. It may be seen that in only two 
instances were a solid solution lines absent from the 
X-ray films. In one case, an analysis showed the 
material to be of the stoichiometric ZrN composi- 
tion within analytical error. However, the absence 
of a lines in the case of the sample containing 11.3 
pct N may not necessarily mean that no a existed in 
the specimen, since lines may not be detected when 
the quantity of a phase is small. A metallographic 
study of these nitrided and annealed particles has 
shown that complete homogeneity was not attained, 
even after annealing at 1850°C. At the center of the 
specimens ZrN and a were present, while the ex- 
terior generally consisted of single phase ZrN. It 
is interesting that whenever ZrN existed in the 
form of a layer on the nitrided particles it was en- 
tirely free of the markings observed in ZrN in the 
interior of the metallographic specimen. The mark- 
ings were identified as anisothermal a in the metal- 
lographic work. This positive evidence of a de- 
creasing solubility of zirconium in ZrN with de- 
creasing temperature was applied in the construc- 
tion of the a + ZrN/ZrN boundary. Because of the 
extreme difficulty of preparing samples approaching: 
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the stoichiometric composition, it was not possible 
to bracket the boundary, but the position indicated 
on the drawings is believed to be accurate to about 
+0.5 wt pct N, 

The fact that the parameter values for ZrN were 
always the same, regardless of the thermal history 
of the specimen, means either that the change in 
parameter within the ZrN field is small and could 
not be measured or, alternatively, that all a was 
rejected by an unsuppressible precipitation, result- 
ing in stoichiometric ZrN in every case. It seems 
more likely, considering the metallographic evi- 
dence, that a was rejected. 


Table IV. Parameter Data for ZrN 


Parameter Value, kX Reference 
4.63 14, 15 
4.59 16 
4.56 2 
4.61 14 
4.567 17 and present 
investigation 


Some material, after nitriding and homogeniza- 
tion, was subjected to a second nitriding and homo- 
genization cycle. Analyses indicated that practically 
no increase in nitrogen content was realized as a 
result of this treatment. The X-ray and metal- 
lographic study of such specimens provided no new 
information. These data are included in Table III. 

Summarizing the results of this phase of the 
study, the following facts were established: 

1—It is very difficult to produce an appreciable 
quantity of ZrN even by exposures to nitrogen at 
temperatures as high as 1400°C. 

2—The decreasing solubility of zirconium in ZrN 
with decreasing temperature was confirmed and a 
semiquantitative placement of the a + ZrN/ZrN 
boundary was possible. 

3—Complete equilibration of nitrided sponge is 
difficult even when such treatment is conducted at 
temperatures as high as 1850°C. 

4—No nitrogen losses were experienced in this 
phase of study, and it may be inferred that the loss 
of nitrogen on are melting is a direct result of the 
dissociation of ZrN at temperatures above 1850°C, 
and very likely at temperatures above its melting 
point, 2980°C. 


Comparisons with the Literature 

A survey of unclassified literature on ZrN alloys 
has disclosed limited data for comparison with the 
present investigation. Several authors” have re- 
ported that the a8 transformation temperature 
is raised by the addition of nitrogen to zirconium. 
One group of investigators" presented data on the 
solubility of nitrogen in 8 zirconium from the trans- 
formation temperature up to 1600°C. The data 
herein presented coincide with their line within 0.1 
pet N. DeBoer and Fast” reported the solubility of 
nitrogen in a zirconium to be about 20 atomic pct, 
which is in good agreement with the value deter- 
mined in this work. 

The melting point of ZrN, not determined in this 
investigation, has been variously reported as 
2930°?* and 2980+50°C;*™ the latter value rep- 
resents the most recent work and was used in 
constructing the binary phase diagram. Various 
lattice parameters have been reported for ZrN. 
All investigators agree that the phase is yellow in 
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color and has an NaCl-type structure. The various 
parameter data are summarized in Table IV. 

No direct data were found in the literature sug- 
gesting the peritectic formation of either a or f, nor 
was there any mention of a homogeneity range for 
the phase ZrN. 

Summary 

Metallographic analysis of as-cast and annealed 
specimens of arc melted alloys, plus a combined 
X-ray and analytical study of nitrided sponge, 
yielded the partial Zr-N binary phase diagram. 

Features of the diagram include: 

1—A peritectic reaction between liquid (0.7 wt 
pet, 4.4 atomic pct N) and a (3.0 wt pet, 16.8 atomic 
pet N) occurs at 1880°C. The product of the re- 
action is 8 solid solution (0.8 wt pct, 5.0 atomic 
pet N). 

2—a solid solution is stabilized to increasing tem- 
peratures by nitrogen additions. At 1985°C, a solid 
solution (4.8 wt pct, 25 atomic pct N) enters into a 
peritectic reaction with liquid (2.4 wt pct, 13.5 
atomic pct N) and ZrN solid solution (~11.5 wt pct, 
46 atomic pct N). 

3—At the temperature of the peritectic formation 
of , 0.8 wt pct (5.0 atomic pet) N is soluble in the 
B phase. This solubility decreases to 0 at the trans- 
formation temperature. 

4—a zirconium has a maximum solubility for 
nitrogen of 4.8 wt pet (25 atomic pct) N at 1985°C, 
which decreases to about 4 wt pct (21 atomic pct) 
N at 600°C. 

5—The intermediate phase ZrN has a reported 
maximum melting point of 2980°C. There is a 
range of homogeneity for this phase extending from 
about 11.5 wt pet (46 atomic pct) N at 1985°C to 
nearly stoichiometric ZrN (13.3 wt pct, 50 atomic 
pet N), at temperatures below 600°C. 
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Creep-Rupture by Vacancy Condensation 


The possibility that formation of voids under creep-rupture conditions may take place 
by the condensation of vacancies has been investigated theoretically. It has been con- 
cluded that nucleation of voids under creep-rupture conditions by vacancy condensation is 
highly improbable. However, growth of pre-existant voids by vacancy condensation is prob- 
able. A number of predictions made in this theory have been verified by the data. It has 
been predicted and checked that the product of rupture life and steady-state creep rate 
for preannealed metals and single phase alloys is an approximately invariant quantity, 
independent of stress, temperature, and atomic number for a given type structure. The di- 
rection of the effect of cold work on this product has been predicted and found in agree- 
ment with experiment. A number of experiments to evaluate the vacancy condensation 


mechanism further are described. 


by E. S. Machlin 


EVERAL papers have appeared recently which 

speculate on the origin of voids formed at grain 
boundaries under stress.” * The object of this paper 
is to examine quantitatively the proposition that 
the voids produced in a creep test are a result of 
vacancy condensation. A result of this paper is a 
theory of creep-rupture. 


Void Nucleation 

Application of standard nucleation theory® to the 
problem of void nucleation leads to the following 
conclusions: 

1—Homogeneous nucleation of voids requires a 
supersaturation ratio (concentration of vacancies in 
supersaturated to that in saturated solution) of 400 
for a reasonable surface energy of 1000 erg per cm’ 
and 1.4 for the improbably low surface energy of 10 
erg per cm’. 

2—Heterogeneous nucleation of voids at plane 
interfaces between two phases requires a supersat- 
uration ratio of 2.5 for a typical contact angle of 
145°.* 

3—Void nucleation about a solid particle may be 
accomplished at a supersaturation ratio of 1.17 for 
a typical value of work of adhesion; of 60 erg per 


+ The work of adhesion is the surface work to replace two solid- 
vapor surfaces by a solid-solid interface. 


cm’* between an oxide and a metal in the presence 
of a surface active element such as sulphur. 
Estimates of the supersaturation ratio at which 
voids are produced in diffusion experiments yield a 
maximum of 1.01. Inasmuch as the foregoing me- 
chanisms of void nucleation probably will not oper- 
ate at this level—too low a surface energy is re- 
quired—the investigator is led to the conclusion 
that voids must already exist. That is, nucleation 
of voids probably does not occur. Rather, existing 
submicroscopic voids grow out to visible size. Al- 
ready existing voids might be produced during 
solidification or working. Supercritical sized part- 
icles which contain cracks may act as heterogeneous 
void nuclei. Gas pockets may act as void nuclei, 
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Meeting, October 1955. 
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Experiments are desired to determine the nature of 
the heterogeneous void nuclei which grow out to 
voids in both diffusion and creep experiments. 


Void Growth 

Void growth might occur in at least two possible 
ways, depending upon whether the already existing 
void nuclei are at grain boundaries or within the 
grains. In the case of a spherical void far from a 
crystal boundary, vacancies are generated during 
creep as a consequence of the migration of suitable 
dislocation jogs’ and are also annihilated at sinks. 
Under these conditions, a steady-state concentration 
of vacancies is built up in the crystal, defined by the 
condition that for any differential volume the rate 
of generation of vacancies in that volume equals the 
rate of annihilation of those vacancies.° 

This equality would lead to the development of 
a gradient of vacancy concentration radially out- 
ward from the void surface up to a radius where the 
vacancy lifetime becomes equal for all directions of 
vacancy migration. The distance over which this 
vacancy concentration gradient extends equals about 
2\/D,T** where D, is the vacancy diffusivity and T* 
the vacancy lifetime in a crystal outside the gradient 
in a zone of constant vacancy concentration. 

The vacancies generated in the region over which 
the gradient exists will annihilate more often at the 
void than elsewhere. Approximately a little over 
one-half the vacancies generated in the gradient 
zone will annihilate at the void. Hence, the growth 
rate of the void is given by 


or 
dR = 


where R is the radius of void in centimeters, © is 
the atomic volume, and R, is the rate of generation 
of vacancies, number per centimeter® per second. 

R,, D, and T* may be estimated in terms of other 
physical parameters.’ In particular, 


R, = n, e/b? [3] 


where n, is the average number of vacancy produc-~ 
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Fig. 1—Elongation COPPER. 
vs temperature. * | o—._.__ 
Note: transcrystal- 3 °° 

characterized by “ 
values than inter- 100. 200. 300. 400. 800. 600 


crystalline rupture TEMPERATURE °C 


(higher temperature region). Inflection points are close to boundary 
between transcrystalline, intercrystalline rupture. Greenwood et al.’ 


ing jogs per centimeter length of dislocation, é is the 
creep rate, inches per inch per second, and b is the 
Burgers’ vector in centimeters. 

The value of n,, the average number of vacancy 
producing jogs per centimeter length of dislocation 
contributing to the creep strain, can be estimated on 
the basis of a number of models. The result is 


where L is the average half-distance moved by a 
dislocation from source to barrier either during 
creep or during the previous working history of the 


specimen, N, is the number of dislocations per unit 
area, and f is the fraction of jogs which generate 


vacancies. The product D,T* has been shown by 
Seitz’ to be given by 
D,T* = mb? [5] 


where m is the average number of atomic jumps a 
vacancy will take between source and sink, and b is 
the Burgers’ vector (as given previously). 

Estimates of m, assuming the absence of inter- 
stitialcies, depend upon whether a dislocation is an 
effective trap or only dislocation jogs are effective 
traps for vacancies. The former is believed to be 
applicable in the temperature range in which a 
Cottrell atmosphere of vacancies can be formed,’ the 
latter only at higher temperatures.° The two cases 
are then described by 


- (low temperature region) [6] 
Na 


or 


i — (high temperature region) [7] 


a’ N, N; b 
where a and a’ are the sticking coefficients: fraction 
of number of collisions between vacancy and dis- 
location (dislocation jog) that do not result in re- 
evaporation of vacancy and 


1—a ~ exp (—V/kT) [8] 


where V is the interaction energy between vacancy 
and dislocation. 


Table |. Effect of Cold Work on Elongation for Transcrystalline 
Rupture of Monel* 


State Elongation, Pct 
Cold Worked 10 to 20 
Annealed 40 to 55 


* Data are from Grant and Bucklin.? 


If the application of the equations is carried 
through to the relatively low temperature region, 
interesting results are predicted. Eq. 8 indicates that 
‘a will be appreciable for most values of T (assuming 
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Substituting Eqs. 6, 5, 4, and 3 in Eq. 2 yields 
G=Kb\/Ne [9] 
where 
K = fL/V/a [10] 


will be treated as a disposable parameter. Eq. 9 is 
basic to a calculation of elongation at rupture and 
to the development of a relation between creep rate 
and rupture life, as will be shown. 


Elongation at Rupture—Transcrystalline Rupture 
For the sake of simplicity, it will be assumed that 
transcrystalline rupture occurs when the area re- 
sisting rupture approaches zero. Hence, for a con- 
stant stress test the following relation is obtained as 
defining the rupture condition 


4 
N, G dt)? = 1 [11] 


where N, is the number of void nuclei per centi- 
meter’ and t* is the rupture life. 


Table Il. Effect of Mode of Rupture on Elongation of Annealed 
Monel* 


Creep Rate, 

Mode of Rupture Elongation, Pct Pct per Hr 
Transcrystalline 43.5 <20,000 
Transcrystalline 54.8 < 1,400 
Transcrystalline 56.5 63 
Intercrystalline 44.8 14 
Intercrystalline 35.5 1.4 
Intercrystalline 29.7 0.21 
Intercrystalline 0.094 
Intercrystalline 0.0075 


* Data are from Grant and Bucklin.7 


Substituting Eq. 9 and changing the integration 
variable from time to strain 


4 
N, 7 Kb VNade)*=1 [12] 


is obtained. In this equation e* is the value of the 
uniform elongation at rupture. Assuming N, is con- 
stant during the creep test, integration of Eq. 12 and 
solving for e* yields 


e* = Kb N, : [13] 


The prediction contained in Eq. 13 is that an increase 
in the density of dislocations and the number of 
void nuclei per unit volume should decrease the 
uniform elongation at rupture in the region of trans- 
crystalline rupture. Cold working a recrystallized 
specimen should increase the dislocation density.’ 
Thus, cold working should decrease the uniform 
elongation at rupture. This prediction is verified by 
the data of Grant and Bucklin’ summarized in Table 
I, which compares the total elongation at rupture of 
cold worked and annealed specimens. It would be 
desirable, of course, to have further verification of 
this relation, which was derived to apply to the case 
of transcrystalline rupture at low temperature. 


Elongation at Rupture—Intercrystalline Rupture 

The previous discussion applied to the case of 
transcrystalline rupture. It is desirable to consider 
intercrystalline rupture as well. It is possible that 
the density of void nuclei along the grain boundaries 
is higher than along any imaginary plane surface 
in the matrix because of the tendency of the bound- 
ary to cling to particles and adsorb impurities. Also, 
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Fig. 2—Data, from refs. 1 and 7, are plotted to show limiting 
elongation at low stresses in intercrystalline rupture. 


it is possible that the creep rate in the vicinity of 
the boundary may be higher than in the matrix be- 
cause of the tendency to set up stress concentrations 
with boundary sliding. For these reasons, the bound- 
aries may be expected to become preferential sites 
for void formation. The very process of localized 
void formation at the boundaries will lead to an 
enhanced creep rate in these regions and to pre- 
ferential intercrystalline failure. Thus, for inter- 
crystalline rupture the measured total elongation 
does not correspond to the local elongation at the 
boundaries. It might be expected that there be about 
the same critical elongation at the boundaries with 
intercrystalline rupture as occurs throughout the 
matrix at the moment of transcrystalline rupture. 
Because the volume in which this same critical strain 
exists is less in intercrystalline than transcrystal- 
line rupture, the total elongation values for inter- 
crystalline rupture should be less than those ob- 
tained during transcrystalline rupture. The data of 
Grant and Bucklin’ shown in Table II check this 
interpretation as do the data of Greenwood,’ Fig. 1. 


Table III. Values of the t*é Product for Thoroughly Annealed 
Metals and Alloys 


Metal or Alloy t*e Reference 
Al (99.99+ pct) 0.316 10 
Al (99.3 pct) 0.360 10 
Cu (99.98 pct) 0.32 11 
Cu (OFHC) 12 
Sn 0.20 13 
Pb 0.12 14 
Ti 0.35 15 
Mg 0.05 1 
Be 0.08 16 
Monel 0.1 to 0.32 7 
18-8 stainless steels 0.02 to 0.20} 17 


+ The value in this range was constant for a given type of steel, 
i.e., type 316 L had a value of about 0.2, whereas type 347 had a 
value of about 0.025. 


A number of other predictions based on this model 
are possible. For example, it would be expected, 
other things being equal, that an increase in grain 
size should decrease the measured elongation (less 
regions of high elongation contribute to the total 
value). Also, the lower the creep rate or stress, the 
less the contribution of the matrix elongation to the 
total elongation, until some stress or creep rate is 
reached below which the total elongation will be 
due only to that at the boundaries. It should then 
remain approximately constant in this range pro- 
viding that the grain size, dislocation density, and 
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Fig. 3—Effect of cold work on limiting elongation in inter- 
crystalline rupture is plotted from data taken from ref. 7. 


void nuclei density remain constant. The effect is 
illustrated by the results of Grant and Bucklin and 
Greenwood et al. that are reproduced in Fig. 2. This 
behavior of grain boundary elongation relative to 
total elongation has recently been demonstrated 
extremely well by the experiments of McLean.* In 
this range, where the elongation is almost wholly 
due to creep at the boundaries, the total elongation 


is given by 
h 
e= (=) em [14] 


where e; is the total elongation due to creep in the 
vicinity of the grain boundaries, D is the grain 
diameter, e** is the value of e* with the values ap- 
propriate to the neighborhood of a grain boundary, 
and h is the thickness of boundary region over which 
creep occurs. Hence, 


where the plus symbol denotes the value of the 
quantity in the vicinity of the grain boundaries. 

Consequently, cold work prior to the rupture test 
should increase N,* and decrease the measured e). 
As shown in Fig. 3, the data of Bucklin and Grant 
are consistent with this prediction. That is, the limit- 
ing elongation—the elongation corresponding to 
grain boundary creep alone—is decreased by an 
increase in the dislocation density. It should be 
apparent that comparison of the foregoing relations, 
Eqs. 13 and 15, between elongation and dislocation 
density with experiment is based on the assumption 
that the total elongation is due to either the uni- 
form elongation alone, Eq. 13, or to the grain bound- 
ary elongation alone, Eq. 15. If the actual experi- 
mental setup involves other sources of elongation, 
Eqs. 13 and 15 do not apply. Applications of Eqs. 
13 and 15 are limited to single phase alloys, or 
structurally stable two phase alloys, where the 
measurements refer to uniform elongation and total 
elongation, respectively. 

Some additional data in the literature relate to 
the effect of oxidation on elongation at rupture. The 
data of Bleakney® on the effect of oxygen partial 
pressure on the total elongation of copper are re- 
produced in Fig. 4. These data, together with similar 
data on silver which show a nil effect of oxygen 
pressure on the total elongation, may be interpreted 
in terms of Eq. 15—that the value of N,*, the number 
of void nuclei, is markedly increased in copper, but 
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Table IV. Comparison of t*e Values for Cold Worked and Annealed 
Metals and Alloys 


Cold 
Worked 
and Recrys- 
Ke tallized Dur- Pre- 
Metal Cold Worked ing Test sanesied 
Monel 0.0075 to 0.037 0.25 


not in silver, during exposure to an oxygen atmos- 
phere. Inasmuch as copper forms oxides at these 
pressures and temperatures and silver does not, it 
is further implied that the additional void nuclei 
are associated with oxide particles. However, other 
interpretations are possible and further experi- 
mentation to pinpoint the real effect of oxidation 
on elongation and rupture life is highly desirable. 


Rupture Life 


The remaining observable that this theory should 
describe is the rupture life. Inasmuch as a critical 
elongation supposedly exists for a given specimen 
and testing condition, it will be necessary to know 
the creep rate as a function of time in order to 
describe the rupture life. For simplicity, the con- 
cept of a steady-state creep rate in preference to 
more exact relations will be used. In this case 


Ine=InA+Blno [16] 


where e is the creep rate, A and B are the constants, 
and o is the stress. Inasmuch as the stress now 
changes because of a decrease in cross-sectional 
area, in a constant stress test? 


t The corresponding term in a constant load test is go/ (l— e — 
(e/e*)%). 


o = o/[1— (e/e*)*] [17] 


where go, is the original stress (load per area), e is 
4 1/3]-1 
the strain, and e* is E: b\/Na ) | or 


with plus superscripts if rupture is intercrystalline 
(see Eqs, 13 and 15). Substituting Eq. 17 in Eq. 16 
and solving for the strain rate yields 

e = e,/[1 — (e/e*)*}? [18] 
where e, is the minimum or steady-state creep rate 
and B = (d In e)/(d Inca), (the slope of log creep 


rate-log stress plot). Integrating Eq. 18, the follow- 
ing is obtained 


— de=e, dt [19] 
where t* is the rupture life corresponding to the 


critical elongation e*. The integral can be solved to 
yield 


t*e, = e* g (B) [20] 
where 
(B=1) 
g (B) = i4 


(—1)"* B.(B—1) ... (B—(n-2)) [21] 
(n—1)! [3 (n—1) + 1] 


and e* is given by Eqs. 13 or 15 as the case may be. 


A search of the literature reveals that typical 
values of B lie between the limits 5 to 15. For this 
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variation Eq. 21 yields a maximum variation in g(B) 
of from 0.5025 to 0.362, respectively. Hence, g(B) can 
be considered constant to within about 30 pct. Using 
the average value of 0.4 for g(B) 


4 1/3 -1 
t* e, = 0.4 ) [22] 


This relation implies that for a given previous his- 
tory the dimensionless product of rupture life and 
minimum creep rate should be a constant, within a 
factor of 30 pct, independent of the stress and tem- 
perature. This relation should apply, however, only 
to the cases where the measured creep rate and the 
creep rate producing vacancies for the voids are the 
same. Figs. 5 and 6, which are compilations of data 
from refs. 10 and 7, provide checks of Eq. 22 and, 
as shown, the agreement is excellent. This result 
provides strong support for the theory. 

Another check of Eq. 22 can be made on the basis 
that for annealed metals and single phase alloys of 
the same structure, N, would not be expected to 


vary by more than a factor of 10, nor t*e, by more 
than a factor of about three. If the impurity con- 


tent is not varied by more than a factor of ten, t*e, 
should not vary by more than about 2.2. Hence, the 


maximum variation in t*e, expected from annealed 
metals or single phase alloys of the same structure 
and having an impurity variation of less than ten- 


fold is itself less than ten. A compilation of t*e, 
values from the literature’ ” is given in Table 


x 
a 
a 
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9 200 °F 
400 °F 
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Fig. 5—Invariance of the t*e product for preannealed metals 
is demonstrated from data after Servi and Grant.”° 
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III and, as shown, the variation found is within a 
factor of about five for alloys having the same 
structure. 

Still another check of Eq. 22 is the effect of cold 


work (a variation in N,) upon the t*e, product. This 
effect is demonstrated experimentally by the data in 
Table IV taken from refs. 7 and 16 and is qualita- 
tively in agreement with theory, i.e., as indicated by 


Eq. 22, an increase in N, should decrease the t*e, 
product. 


Discussion of Results 

There is no doubt that the model of rupture based 
on void growth through vacancy condensation is 
consistent with experiment. It has been possible to 
predict the trend of the effect of cold work on the 
critical local elongation for rupture and from a 
knowledge of the steady-state creep rate on the 
rupture life as well. An inverse relation for an- 
nealed metals and single phase alloys has been pre- 
dicted between steady-state creep rate and rupture 
life independent of stress and temperature which 
has been found to exist experimentally. On the basis 
of this agreement between theory and experiment, 
it may be concluded that the theory is probably 
valid. However, it is by no means proven. To obtain 
a greater degree of confidence in the validity of the 
theory, it would be desirable to compare predictions 
of the theory with the results of critical experi- 
ments. In particular, there are two quantitative 
predictions of the theory which should be checked. 
The dimensionless product of the steady-state creep 
rate and rupture life should vary inversely as the 
one-third power of the number of void nuclei per 
centimeter® and inversely as the square root of the 
dislocation density at rupture. Creep specimens can 
be prepared with known densities of voids either by 
powder metallurgical techniques or by diffusion 
techniques involving pore formation (dezincification 
or the like). Known dislocation densities can be 
introduced by twisting. A check of the dislocation 
density in silver can be obtained by measuring 
thermally etched dislocation pits according to the 
technique of Hendrickson and Machlin.* 

Other critical experiments checking the basic as- 
sumptions of the theory can be performed as follows: 

Vacancy Condensation inte Voids—1—Stop a test 
in the transcrystalline range of rupture before fail- 
ure. It should be possible to observe voids within 
the grains just as Greenwood et al.’ have observed 
them at grain boundaries. These voids should tend 
to be spherical if they are brought about by vacancy 
condensation. 

2—In creep tests with single crystals, it should be 
possible to develop voids at creep rates equal to 
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those at which voids are developed within the grains 
of a polycrystal. Also, as the creep rate in a single 
crystal is decreased, it should be possible to find a 
limiting creep rate below which voids are not formed. 
This creep rate would correspond to the one yield- 
ing a vacancy supersaturation that itself corresponds 
to a critical void nucleus size just larger than the 
size of those available. 

3—It should be possible to form visible voids by 
vacancy condensation in specimens undergoing com- 
pression creep. 

Rate of Vacancy Generation—1—The decrease in 
density of specimens tested in tension should be 
larger for specimens pretwisted around the tension 
axis than for an originally annealed metal. 

2—A particular type of dependence of dislocation 
density during creep has been assumed. It should be 
verifiable by direct measurement using the thermal 
etch technique” to reveal dislocations. 

Existence of Voids Larger than Critical Size—If 
voids exist as a consequence of solidification, cold 
working, and the like, it should be possible to re- 
move these voids in a pure metal by a long time 
high temperature anneal (about 100 hr near the 
melting point) under zero stress. It should then be 
possible to conduct a creep test in situ at the same 
temperature at a high enough rate to grow out voids 
but not high enough to nucleate voids heterogene- 
ously. With another specimen similarly annealed, 
it should then be possible to quench to a lower tem- 
perature such that the supersaturation ratio of 
vacancies is enough to nucleate voids of the desired 
critical size homogeneously. A simultaneous creep 
test at the same creep rate should then produce 
visible voids. Along with this experiment, both 
density and resistance should be measured at the 
liquid nitrogen temperature of specimens which 
have been annealed as described and quenched to 
a lower temperature, held there for a sequence of 
times, and quenched to liquid nitrogen. If the 
density does not change with time at the lower 
temperature, but resistance does, the interpretation 
is that voids have been formed and vacancy concen- 
tration has decreased by condensation into voids 
rather than into dislocation sinks. On the other 
hand, if neither the density nor resistance change 
with time at the lower temperature, it must be 
concluded that the vacancy lifetime is much less 
than the experimental times involved. The results 
of the latter experiment will aid the interpretation 
of the former experimental results. 

Void Nuclei at Boundaries—Tests such as Bleak- 
ney’ has conducted should be repeated except that 
rupture life, steady-state creep rate, and elongation 
should be simultaneously determined in oxygen and 
in vacuum on specimens comprising controlled varia- 
tion of surface active elements. All these data are 
required to be able to interpret the results in terms 
of the theory. A prediction may be made on the 
basis of the theory that the creep-rupture behavior 
of silver should be independent of the oxygen com- 
position of the surrounding atmosphere because, at 
elevated temperatures, silver oxide vaporizes and 
does not form void nuclei. On the other hand, the 
presence of a surface active element in silver, such 
as zinc, which does tend to form an oxide, should 
markedly change the creep-rupture response of 
silver to the oxygen content of the surrounding 
atmosphere. 

The foregoing are only a few of the experiments 
that should be conducted to aid in the evaluation. 
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of the rupture theory developed in this paper. 
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Tensile Deformation of Germanium Single Crystals 


by R. P. Carreker, Jr. 


Six germanium single crystals were tested in tension in the temperature range 550° 
to 670°C. Plastic extension of 35 pct was obtained at 670°C. The flow stress of 
germanium is particularly sensitive to rate of straining. 


ERMANIUM is a member of that group of ele- 
ments—carbon, silicon, germanium, and tin— 
that are currently of particular interest because of 
their interesting electrical properties. Near room 
temperature these materials of diamond cubic crys- 
tal structure are characteristically brittle. However, 
there have been several recent reports that germa- 
nium is not brittle at elevated temperatures.*” These 
observations may be summarized as follows: 
1—Germanium single crystals were observed to 
creep in bending under a maximum fiber stress of 
6 kg per mm’ (8500 psi) at 500°C and above.’ The 
creep curves were sigmoidal, with an induction 
period that decreased with increasing temperature. 
2—-Germanium crystal bars have been bent 90° 
about radii ten times the bar thickness at 550°C.* 
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3—Audible clicks were heard when % in. thick 
crystals were bent drastically at 450° to 500°C. No 
microstructural evidence of mechanical twinning 
was observed.* 

4—Slip lines have been observed in tensile speci- 
mens deformed at 600°C, and are coincident with 
(111) planes, the close-packed planes of the dia- 
mond cubic structure.” * The slip direction has not 
been established. 

5—A germanium crystal has been compressed 
approximately 20 pct along a <110> axis at 700°C.* 

The results reported subsequently were obtained 
in exploratory experiments intended to indicate 
some aspects of the behavior of germanium single 
crystals when tested in simple tension. 


Specimen Preparation 


A single crystal bar of n-type germanium was 
used. It was of purity corresponding to a resistance 
range of 2 to 20 ohm-cm. Tensile specimens 
were prepared by cutting small rectangular bars 
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TO FIXED WEIGH BAR 


Fig. 1— Illustration 
shows gripping ar- 
rangement for tensile 
testing germanium 
single crystals. 


with a diamond impregnated wheel and then 
grinding to produce a nominal 1.1 gage length, 
with a 0.030x0.060 in. cross section having 
0.060x0.060 in. shoulders at each end. The speci- 
mens were oriented so that the tension axis corres- 
ponded to a <111> crystallographic direction and 
the specimen faces were (110) planes. All speci- 
mens were cut with the same orientation from the 
same large crystal. 


Testing Procedures 


The gripping technique, shown in Fig. 1, per- 
mitted the specimen to be positioned so that it hung 
from its upper shoulders until the crosshead was 
moved. After positioning the specimen at room tem- 
perature, a tubular furnace was raised to surround 
the specimen. No protective atmosphere was used. 
Temperatures were measured with a Pt—Pt-Rh 
thermocouple fastened to the lower grip near the 
specimen. 

An Instron tensile testing machine was used, 
utilizing its 20 lb and 50 lb scales. This machine im- 
poses a controlled constant rate of crosshead motion 
and autographically records load vs time. In the 
present experiments, time is taken to be equivalent 
to elongation, since the problem of attaching an ex- 
tensometer to germanium is particularly difficult. 


Results 


Tensile test results are presented in Figs. 2 and 3. 
The stress values are reported as nominal stress, i.e., 
axial load divided by the original cross sectional 
area, and strain values are reported as elongation 
divided by original gauge length. 

Figs. 2 and 3 show the effect of temperature on a 
series of specimens tested at a strain rate of 0.005 
min”. Note the transition from relatively brittle 
behavior showing 1 to 2 pct elongation at 550° to 
600°C, to very plastic behavior showing 35 pct elon- 
gation at 670°C. A pronounced yield point was 
observed at 550° and 600°C, but was not evident at 
625°C and above. A second presumably identical 
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specimen, tested at 600°C, behaved entirely differ- 
ently, showing no yield point, a higher flow curve, 
and much less ductility. The flow stress at 625°C is 
intermediate to that at 650° and 670°C. 

Rate of straining is particularly important. At 
650°C and a strain rate of 0.005 min”, plastic yield- 
ing occurred at a stress of 2000 psi and continued to 
about 7 pct elongation (crystal No. 5). In another 
test at the same temperature, not shown, but with a 
strain rate of 0.05 min’, the specimen broke at a 
stress of 4500 psi with no apparent plastic de- 
formation. 

In test No. 5 at 650°C the specimen was strained 
4 pct at a rate of 0.005 min" and then the head motion 
was stopped; the stress relaxed 18 pct in 1.2 min. 
The load was reduced to 3200 psi and the deforma- 
tion continued at 0.005 min” to 7.2 pct elongation. 
The relaxation period produced no apparent effect 
on the subsequent flow curve. At 7.5 pct elongation 
the rate was abruptly increased from 0.005 min™ to 
0.05 min”. The tenfold increase in strain rate pro- 
duced an immediate 8 pct increase in flow stress. 
Plastic deformation continued for an additional 1 pct 
elongation at this relatively fast rate which had 
previously produced brittle fracture of an unde- 
formed specimen at the same temperature. 

All fractures of these tensile specimens were of 
the cleavage type along a plane approximately per- 
pendicular to the tension axis. There was no ap- 
parent necking before fracture, even in specimen 
No. 6, which elongated 35 pct before fracture. 

This particular specimen revealed an interesting 
substructure when mechanically polished and etched 
with 2 pct nital. In the micrograph of Fig. 4, the 
tension axis, originally [111], is vertical; the promi- 
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Fig. 2—Load-elongation curves for germanium single crystals 
at several temperatures are plotted. 
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Fig. 3—Load-elongation curve for germanium single crystal 
extended 35 pct in tensile test at 670°C is plotted. 


nent substructure lines define angles of 55° and 30° 
to the tension axis. The X-ray back reflection pat- 
tern from this sample showed considerable distor- 
tion and fragmentation and partial Debye rings. 

Seitz’ discussed Gallagher’s creep test results in 
terms of dislocation theory. The incubation time for 
plastic flow was analyzed in terms of thermal fluctu- 
ations helping the applied stress to overcome the 
locking of dislocations by impurities, in the manner 
proposed by Cottrell.‘ Another consequence of im- 
purity locking of dislocations is the yield point 
phenomenon, such as is frequently met in Fe-C 
alloys. The tests reported in Fig. 2 show germanium 
to have a yield point at 550° and 600°C, but vir- 
tually none at 625°C and above. The strong temper- 
ature dependence of the yield strength is also con- 
sistent with impurity locking of dislocations. 


Conclusions 
Tensile tests on germanium single crystals show 
the following: 


Fig. 4— Micrograph 
shows substructure 
developed in germa- 
nium crystal extend- 
ed 35 pct at 670°C. 
X250. Area reduced 
approximately 25 pct 
for reproduction. 


1—Germanium is very ductile at 670° and is 
very brittle below 550°C at a strain rate of 0.005 
min”. 

2—The flow stress of germanium is particularly 
sensitive to the rate of straining; an increase in 
strain rate raises the ductile to brittle transition 
temperature and increases the flow stress. 

3—Germanium crystals have an upper yield point 
and a lower yield point at 550° and 600°C but not 
at 625°C and above. 
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Technical Note 


Hot-Rolled Textures of Titanium Alloys 


by C. J. McHargue, J. R. Holland, and J. P. Hammond 


| tee has been reported that both beryllium’ and zir- 
conium’ developed the same basic textures during 
rolling at temperatures up to 1475°F as at room 
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temperature, differing only by an increase in the 
spread of basal planes toward the transverse direc- 
tion as the temperature of deformation was in- 
creased. Iodide titanium’ rolled at 1050°F has a tex- 
ture similar to the cold-rolled texture, {0001}, 25° 
to 30° from the rolling plane toward the transverse 
direction, <1010>. Rolling iodide titanium at 
1450°F produced a more random condition with the 
basal planes parallel to the rolling plane and no di- 
rection strongly aligned with the rolling direction. 
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a—Ti-3.8 pct Al al- 
loy was rolled at 
1450°F. 


RD 


b—Ti-3.8 pct Al al- 
loy was rolled at 
1600°F. 


(000}} {1010} 


Fig. 1—Rolling Ti-3.8 pct Al alloy at 1450° and 1600°F resulted in the textures given in 
a and b. The circled portions of the figures are {0001} <1010> and the crossed areas, 


{0001} <1120>. 


The preparation of the alloys used for this study 
and the X-ray techniques have been described else- 
where.* All strips were reduced 90 pct in thickness 
in passes of approximately 10 pct and were heated 
before passes to 50°F above rolling temperatures. 

The results on binary alloys containing 3.8 pct Al, 
14.75 pct Zr, and 15.4 pct Ta are presented as Figs. 
1 through 3 and are summarized in Table I. 

In each instance, rolling at 1050°F (Table I) re- 
sulted in a texture similar to that developed by cold- 
rolling.* An increase in the spread of the basal plane 
in the transverse direction with increasing tempera- 
ture of rolling was noted. 

Rolling at 1450°F produced different textures in 
each of the three alloys studied. The alloy contain- 
ing 3.8 pct Al developed a sharp {0001} <1010> tex- 
ture similar to that found in sheet rolled at lower 
temperatures; see Fig. la. The pole figures for the 
Ti-14.75 pct Zr specimen showed an increase in the 
amount of material oriented parallel to the rolling 
plane, an increase in spread toward the transverse 
direction, and an alignment of both <1010> and 
<1120> with the rolling direction, Fig. 2. At 1450°F 
the Ti-15.4 pct Ta alloy was in the a + 6 region and 
the pole figures of the sheet rolled at this tempera- 
ture show a marked increase in the degree of scatter 
of the basal plane toward the transverse direction. 
Both <1010> and <1120> are aligned with the roll- 
ing direction, Fig. 3. 


It was necessary to roll the Ti-3.8 pct Al alloy at 
1600°F in order to obtain significant differences in 


the texture. A sharp (0001) <1120> texture was 
developed by this treatment, Fig. 1b. 

Since rolling at 1050°F gave basically the cold- 
rolled texture, it is likely that the picture relative to 
the deformation elements operating in these alloys at 
1050°F varies little from that for room temperature 
deformation. Rolling at higher temperatures tended 
to align the <1120> with the rolling direction 
(Table I), as was the case for the higher tempera- 
ture annealing textures.” This reorientation may be 
explained on the basis of high angle boundary mi- 
gration occasioned by oriented nucleation and/or 
oriented growth. 
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Table I. Comparison of Hot-Rolled Textures with the Cold-Rolled 


Alloy Cold-Rolled 


Hot-Rolled, 1050°F 


Hot-Rolled, 1450°F Hot-Rolled, 1600°F 


Ti-3.8 pet Al 
Ti-14.75 pet Zn 


{0001} <1010> 
{0001} 30°RP <1010> 


Ti-15.4 pet Ta {0001} 30°RP <1010> 


{0001} <1010> 
{0001} 30°RP <1010> 


{0001} 30°RP <1010> 


{0001} <1010> {0001} <1120> 
{0001} 30°RP <1010> 
{0001} 30°RP <1120> 
{0001} in a narrow 
band along equator 
of pole figure 


<1010> and <1120> 


* RP denotes rolling plane. 


Fig. 2—Textures re- 
sulted when Ti-14.75 


Fig. 3—Textures re- 
sulted when Ti-15.4 


pet Zr alloy was 
rolled at 1450°F. The 
circled portions of 
the figures are{0001 } 
tilted 30° to the 
rolling plane 
<1010> and the 
crossed areas, {0001 } 
tilted 30° to the 


pet Ta alloy was 
rolled at 1450°F. 
Circled portions of 
the figures are 
{0001} tilted 30° to 
the rolling plane 
<1010> and crossed 
cp{ areas, {0001} tilted 
{1010} 30°. to the rolling 


RD 


rolling plane 
<1120>. 
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plane <1120>. 
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Mechanism of Plastic Flow in Titanium 


At Low and High Temperatures 


An investigation was made of the mechanism of plastic flow in coarse grained 
specimens of both sponge and iodide titanium at low (—196°C) and high (500° and 
800°C) temperatures. Deformation by slip occurs predominantly on a {1010} plane and 
in a <1120> direction over this entire temperature range, and secondary slip on {1011} 
planes becomes more prevalent with increasing temperature. The crystallographic habit 
of the predominant twin type is temperature-dependent, and deformation by twinning 
increases as the temperature of testing is lowered. Kink bands were not observed at 


—196°C and rarely at the high temperatures. 


by F. D. Rosi, F. C. Perkins, and L. L. Seigle 


LTHOUGH the deformational mechanisms in 

a-titanium at atmospheric temperature have 
been extensively investigated,‘ there is little in- 
formation regarding the influence of testing temper- 
ature on these mechanisms. The only available data 
come from the recent work by McHargue and Ham- 
mond,’ who extended single crystals of iodide tita- 
nium at a temperature of 815°C. No significant 
changes in the types of slip and twinning planes 
were observed, but increased activity on the type I, 
order 1 pyramidal slip planes and on the type II, 
order 2 twinning planes was reported. These planes 
contribute very little to the deformation process at 
room temperature.” 

Since there is interest in titanium as a material 
for use at both low and high temperatures, the 
present investigation was undertaken to examine the 
slip and twinning behavior in coarse grained speci- 
mens of titanium at —196°, 500°, and 800°C in order 
to determine the general effect of temperature on the 
mechanism of plastic deformation. 


Experimental 
Material Used and Specimen Preparation—Both 
sponge and iodide titanium were used in the present 
investigation; chemical analyses appear in Table I. 
These materials were arc-melted under argon into 
25 g slugs, which were then cold-rolled approxi- 
mately 90 pct to a sheet thickness of 0.05 in. Since 


F. D. ROSI, Associate Member AIME, formerly associated with 
Sylvania Electric Products Inc., is associated with Research Labora- 
tories, Radio Corp. of America, Princeton, N. J., F. C. PERKINS, 
Junior Member AIME, formerly associated with Sylvania Electric 
Products Inc., is associated with Chrysler Corp., Detroit, and L. L. 
SEIGLE, Member AIME, is associated with Sylvania Electric Prod- 
ucts Inc., Bayside, N. Y. 

Discussion of this paper, TP 3958E, may be sent, 2 copies, to 
AIME by Apr. 1, 1956. Manuscript, Sept. 29, 1954. Philadelphia 
Meeting, October 1955. 


[oool] foo 


[loTo] 


e 500°C 
® 800°C 


Fig. 1—Original orientations of course crystals studied in 
tension at the different temperatures indicated are shown 
in the two diagrams. 


the strain-anneal technique was used for obtaining 
coarse grains, the cold-rolled sheets were made into 
tensile specimens which were then annealed to pro- 
duce a relatively coarse uniform grain structure 
prior to critical straining. The details of the strain- 
anneal treatment, size of grains, and the method for 
preparing the specimen surface for optical micro- 
scopy have been described in a previous report.” 

In order to obtain a wider spread in crystal orien- 
tation for the present work, it was necessary to vary 
the rolling schedule to reduce the degree of pre- 
ferred orientation in the annealed sheets prior to 
critical straining. 

Methods for Tensile Testing—The apparatus for 
experiments at the temperature of liquid nitrogen 
(—196°C) consisted of two concentric stainless steel 


Table I. Chemical Analysis of Materials Prior to Arc-Melting 


Impurity Content, Pct 


Titanium Material Fe N 0) Cu Al Sn Pb Mn Ti 
DuPont sponge 0.10 0.009 0.05 to 0.08 — — = — = 99.77 
- New Jersey zinc iodide 0.0065 0.002 —_ 0.001 0.0065 0.002 0.0025 0.004 99.975 
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Fig. 3—Appearance 
of {1010} duplex 
slip at —196°C is 
shown in the micro- 
graph. X100. Area 
reduced approxi- 
mately 35 pct for 
reproduction. 


Fig. 2—Appearance of type | 
prismatic {1010} slip on a 
single system in coarse crystals 
at —196°C is illustrated in 
the two micrographs. A, X100. 
B, X50. Area reduced approxi- 
mately 35 pct for reproduction. 


Fig. 4—Micrograph 
illustrates the na- 
ture of {1010} slip 
bands at an early 
stage of deforma- 
tion (<1 pct) at 
—196°C. X100. 
Area reduced ap- 
proximately 35 pct 
for reproduction. 


Tension Axis 


Fig. 5—Micrographs and dia- 
gram show the effect of crystal 
orientation on the development 
of type | prismatic slip bands 
at —196°C. xo is the angle 
which the slip plane makes with 
the stress axis. x0 = 44° for 
micrograph A and xo = 56° 
for micrograph B. X50. Area 
reduced approximately 30 pct 
for reproduction. 


To Pole of 
Slip Plane 


tubes, 2% and 8 in. diam with a stainless steel plate 
containing the lower part of the grip assembly 
welded to the bottom of the inner tube. Santocel 
powder and a split cork ring at the bottom of the 
inner tube were used for thermal insulation. 

The apparatus used for the elevated temperature 
experiments (500° and 800°C) was similar to that 
described previously with the addition of a brass 
bellows welded to the upper open end of the inner 
tube to serve as a flexible seal and permit extension 
of the specimen in purified argon. Heating was ac- 
complished by means of insulated Nichrome wind- 
ings around the inner tube, and Sil-O-Cel powder 
was used for thermal insulation. The specimen tem- 
perature was maintained within +3°C by the use of 
a Micromax controller, and the temperature readings 
were obtained with a chromel-alumel thermocouple 
placed in contact with the specimen at the center of 
its gage length. 
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Tensile tests at both temperatures were made 
with a Baldwin-Southwark-Tate-Emery hydraulic 
machine at a predetermined cross-head speed of 
0.009 in. per min. To determine the extension of the 
individual grains, whenever desirable, the distance 
between parallel fiducial marks was measured with 
a traveling microscope. 


Determination of Slip and Twinning Planes—The 
method of identification of the slip and twinning 
planes was based on the use of a stereographic plot 
of a back-reflection Laue photograph describing the 
region where slip and twinning were observed. 
Great circles representing the normals to the slip 
and twinning traces on the surface of the specimen 
were located on this plot. In order to distinguish 
clearly between the slip and twin markings, the 
specimen, after deformation, was carefully eu 
ished and etched to remove the slip bands. 
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Fig. 6—Profuse twinning on 
{1124} planes at —196°C is 
shown in the four sections. a 
and b are as-deformed crystals, 
and c and d are repolished and 
etched crystals. a, X30; b, 
X250; c, X100; and d, X60. 
Area reduced approximately 35 
pct for reproduction. 


Fig. 7—Three part figure shows the occurrence of minor 


twin types at a—the grain boundaries, b—the specimen 
edge, and c—an included grain. a, X250; b and c, X100. 
Area reduced approximately 35 pct for reproduction. 


Table II. Slip and Twinning Elements in Titanium at 
Various Temperatures 


Test- 


ing Litera- Litera- 
Tem- ture Twin- ture 
pera- Slip Refer- ning Refer- 
ture, °C Elements ences Planes ences 
—196 {1010} <1120> Present 1) {1124} Present 
study 2) £1122} study 
3) {1121 
4) {1012} 
5) {1123} 
20 1) {1010} <1120> Jes 1) {1121} ile} 
2) (0001) <1120> 2) {1012} 
3) {1011} <1120> 1,3 3) 41122} 1,2 
500 1) {1010} <1120> Present {1012} Present 
2) {1011} <1120>* study study 
3) (0001) <1120>* 
800 1) £1010} <1120> 5, 1) {1121} 5 
2) {1011} <1120>* present 2) {1122} 
study 


* The slip direction was assumed on this system at these testing 
temperatures. 


In specimens where two or more poles on the 
stereographic plot could account for the observed 
slip or twin trace, the two-surface method of 
analysis’ was used to distinguish the correct pole. 
All predominant slip and twinning planes observed 
in the present study were confirmed by this method 
of analysis, and the accuracy of these determinations 
fell within the accuracy of the employed X-ray 
technique. 

Results 

The original orientations of the crystals studied in 
tension are presented in Fig. 1. These orientations 
-were determined by the back-reflection Laue X-ray 
technique. Since the slip and twinning behavior was 
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found to be the same for both iodide and sponge 

[0001] titanium, no distinction will be made between these 

materials in presenting the experimental results. 
Tests at —196°C—Slip Behavior: Deformation by 


Twin Phone slip was observed to occur solely on prismatic planes 
(124) of the type {1010} in 30 crystals extended in liquid 
Pole of nitrogen despite several attempts to produce mul- 

Slip Plane tiple slip by complex deformation. This is in contrast 

[o170) to the slip behavior of titanium at room tempera- 


ture, where slip has been reported to occur not only 
on {1010} planes’® but also on the (0001) plane* and 


{1011} planes."* However, the predominant slip 
pig} plane is the same at both temperatures {1010}. The 


failure to observe first order pyramidal {1011} slip 
[1oTo] at —196°C suggests that slip is inhibited on these 
planes at low temperatures. On the other hand, the 
absence of basal slip could be attributed to an orien- 
tation effect, since the work of Anderson et al.* sug- 
gests that basal slip would not be likely for most of 
the crystal orientations shown in Fig. 1. 

In a number of crystals, the effective slip direc- 
tion for slip on the {1010} planes was found by 
X-ray analysis to coincide with a type I digonal 
axis of indices <1120>. This determination was 
made by following the movement of the specimen 
axis during extension. 

It was possible to predict from the law of maxi- 
mum shear-stress the choice of the {1010}<1120> 
slip system in all cases of simple extension. Accord- 
ingly, duplex slip was observed when two slip sys- 
. tems were geometrically equally favorable for glide. 
iGio) Typical examples of single and duplex slip on 

{1010}<1120> systems at —196°C are shown in 
Figs. 2 and 3. In both cases, the slip bands are well 
defined and very regularly spaced. At —196°C the 
slip bands appear finer, closer spaced, and more 
uniformly distributed along the crystal than at room 

temperature. 
Slip Plane The appearance of {1010} slip bands in the very 
(0110) early stages of deformation is shown in Fig. 4 for a 
erystal whose original orientation was close to the 
stereographic boundary where duplex slip could be 
anticipated. It may be seen that the slip bands do 
not traverse the entire grain but appear as seg- 
ments whose ends vanish in their path through the 
crystal. The appearance of this early stage slip is 
similar to that observed in high purity aluminum by 
Crussard,’ Rosi and Mathewson,’ and more recently 
Chen and Pond. It was observed that as the strain 
increases deformation prefers to occur through the 
formation of new slip bands between the old. This 
results in a decrease in the average spacing between 
slip bands and, hence, an increase in slip band 
density with increasing strain. This low temperature 
slip behavior in titanium is similar to that in alumi- 


Fig. 8—Effect of crystal orientation on the occurrence of 
{1124} twins is shown in the diagram. Open circles repre- 
sent little {1124} twinning while the filled circles represent 
profuse {1124} twinning. 
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Fig. 9—Diagram and micrograph illustrate the orientation 


of a crystal in which extensive {1122} twinning had occurred. 
Micrograph, X50. Area reduced approximately 50 pct for 
reproduction. 


Fig. 10—Nature of {1124} 
twin markings in crystals of 
different -orientation are 
shown left and right. Left 
shows markings obliquely 
inclined to prismatic slip 
bands; right, those approxi- 
mately parallel to prismatic 


slip bands. X200. Area Slip 

pct for reproduction. 
Twin 
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Fig. 11 — Appear- 
ance of secondary 
{1010} slip is 
shown in the im- 
mediate vicinity of 
{1124} twins. X200. 
Area reduced ap- 
proximately 45 pct 


for reproduction. 


num at atmospheric and subatmospheric tempera- 


7, 9, 10 


tures.” 

It was recently pointed out" that the appearance 
of {1010} slip bands in titanium at room temperature 
is orlentation-dependent, in that for a given shear 
the slip bands become coarser and more widely 
spaced as the angle yo, which the slip plane makes 
with the stress axis, increases. To study this effect at 
low temperatures, two crystals of selected orienta- 
tion were deformed similar amounts and examined 
metallographically. These results are summarized 
in Fig. 5, which clearly shows only a mild tendency 
for slip bands to cluster with an increase in the 
value of the angle x at low temperatures. 

Twin Behavior: Five twin types were observed in 
the specimens deformed in tension at —196°C. In 
order of frequency, these are: {1124}, {1122}, {1121}, 
41012}, and {1123}. 

The predominance of the {1124} type is clearly 
demonstrated in the micrographs of Fig. 6, where it 
is also apparent that twinning on these planes con- 
tributes significantly to the extent of deformation in 
these crystals. In general, the occurrence of the 
other twin types was confined to regions of com- 
plex stressing in the vicinity of grain boundaries, 
included grains, and specimen edges (see Fig. 7); 
and consequently, they contributed very little to the 
gross deformation. The short segments appearing in 
several of the crystals in Figs. 6 and 7 represent the 
Widmanstatten pattern of titanium hydride, which 
was removed in most specimens by heating in 
vacuum at 850°C for 24 hr.” The habit plane of this 
precipitate was found to coincide with a type I pris- 
matic plane. 

Extensive twinning on {1124} planes was ob- 
served in those extended crystals whose original 
orientations are indicated by the solid circles in the 
stereographic triangle of Fig. 8. Open circles repre- 
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Fig. 12—Micrograph illustrates the appearance of 
{1122} twin segments in the immediate vicinity of 
{1124} twins. X250. Area reduced approximately 40 


pct for reproduction. 


Fig. 13—Nature of slip band 
development in crystals ex- 
tended at 500°C is illustrated. 
A—Micrograph shows moder- 
ate deformation. X75. B— 
Micrograph shows seyere de- 
formation. X100. re- 
duced approximately 45 pct for 
reproduction. 


sent crystals in which only minor amounts of {1124} 
twinning were observed. It appears that {1124} 
twinning becomes increasingly more difficult as the 
symmetry position for duplex slip is approached, or 
the central region of the stereographic triangle, 
where the resolved shear-stress factor for basal slip 
is a maximum, is approached. 

The stereographic construction of Fig. 8 also 
shows the operative slip system and twinning plane 
for the indicated orientations. In all cases, twinning 
occurred on (1124) planes; and it is significant that, 
in crystals exhibiting extensive twinning (solid 
circles), these planes make an angle of 40° to 50° 
with the tension axis. Thus, it appears that the in- 
ception of twinning may be governed by a maxi- 
mum shear-stress criterion, although the existence 
of a critical shear-stress for twinning has not been 
proven. Similar conclusions were reached regarding 
the selection of {1121} twins in the room tempera- 
ture deformation of titanium.” 

The occurrence and extent of participation of the 
minor {1122} and {1121} twin types also seemed to 
be orientation-dependent. An example of extensive 
twinning on {1122} planes (and to a much lesser 
extent on {1124} planes) is given in Fig. 9, which 
also shows a standard (0001) plot indicating the 
original orientation of the crystal as well as the 
operative twinning planes. Both the (1122) and 
(1124) planes lie on the same zone and make angles 
with the tension axis of 38° and 56°, respectively. 
It may further be noted that, in a crystal where 
twinning occurred solely on a {1121} plane, this 
plane made an angle of approximately 45° with the 
tension axis as compared with 20° for the predicted 
{1124} plane. These observations support the con- 
cept of a maximum shear-stress criterion for the 
selection of active twinning planes. 
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Fig. 14 — Micro- 
graph illustrates 
the appearance of 
{1010} and {1011} 
slip bands in a 
crystal extended at 
500°C. X50. Area 
reduced approxi- 
__ mately 45 pct for 
——{1011} reproduction. 
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Fig. 15—Diagram shows the orientation of crystals in which 
{1011} slip and {1012} twinning had occurred. 


In summary, the present results indicate that the 
same twins occur at —196°C and at room tempera- 
ture but that 1—a greater proportion of the de- 
formation occurs by twinning at low temperatures 
and 2—the preponderance of twinning shifts from 
the {1121} to the {1124} planes. 

Appearance of Twin Types: Testing at —196°C 
had little effect on the characteristic appearance of 
the {1121} twin type; possibly the twins appear 
somewhat finer at the low temperatures than at 
room temperature.” * As shown in Fig. 9, twins of 
the {1122} type are thick and similar in appearance 
to the {1012} twins at room temperature.” * Both the 
predominant {1124} twins and the {1121} twins 
appear as narrow bands of constant thickness (Fig. 
7) whose character seems to vary with orientation, 
as indicated in Fig. 10. Generally speaking, in crys- 
tals where the twin traces make a large angle with 
the prismatic slip bands (Fig. 10a), the twins them- 
selves invariably appear as fine lines not unlike the 
slip bands; whereas when the twins run almost 
parallel to the slip bands (Fig. 10b), they appear as 
chains of roughly elliptical segments resembling 
{112} twinning in iron. 


120—JOURNAL OF METALS, FEBRUARY 1956 


It is also interesting that slip on a secondary 
{1010} plane or twinning on a {1122} plane fre- 
quently occurred in the immediate vicinity of {1124} 
twins, as illustrated by Figs. 11 and 12. This local- 
ized secondary slip may be responsible for the seg- 
mented appearance of the {1124} twins. 

Tests at 500° and 800°C—Slip Behavior: Exten- 
sive slip on a {1010} plane and along a <1120> 
direction occurred in all but two crystals extended at 
500° and 800°C. Examples of slip at 500°C are 
shown in Fig. 13; and it may be seen that in one of 
the crystals there is a marked clustering of slip 
bands similar to that observed at room temperature 
but never at —196°C. Thus, with increasing defor- 
mation at high temperatures a tendency exists for 


{1010} slip bands to appear adjacent to those al- 
ready formed. A like tendency has been reported for 
aluminum*™ and cadmium and zinc.” In a few crys- 
tals tested at 500°C, secondary slip on the {1011} 
pyramidal planes was observed. This slip plane was 
rarely encountered at room temperature (observed 
only in several crystals subjected to complex stress- 
ing).’ Increased activity of {1011} slip at elevated 
temperatures is also encountered in magnesium, 
where above 225°C slip frequently occurs on the 
{1011} planes in addition to the basal plane.* The 
recent work of McHargue and Hammond’ indicates 
that there is even more activity on these planes at 
still higher testing temperatures. Typical appear- 
ance of cooperating prismatic and pyramidal slip 
at 500°C is shown in the micrograph of Fig. 14. 

In tests at 500°C, {1010} prismatic slip was not 
observed in two grains whose initial orientations are 
indicated in the stereographic plot of Fig. 15. In 
grain A, {1011} pyramidal slip was the predominant 
deformation mechanism, and a small amount of basal 
slip was also present in the vicinity of the grain 
boundary. The operative plane was that on which 
the resolved shear-stress was a maximum. This 
observation is particularly interesting in view of the 
recent work of Anderson, Jillson, and Dunbar,’ who 
reported slip solely on the basal plane at room tem- 
perature in single crystals having orientations simi- 
lar to grain A. Thus, it would appear. that a tendency 
exists for pyramidal slip to replace basal slip at 
elevated temperatures. It is interesting that many of 
the pyramidal slip markings in grain A appeared 
wavy; close examination revealed that this couid be 
attributed to cooperative slip on {1010}, which has 
the same slip direction as the operative {1011} 
plane; see Fig. 15. Deformation in grain B was al- 
most entirely by twinning. However, some small 
slip markings were observed in the vicinity of the 
twin interfaces, which could best be attributed to 
{1011} slip. 


Fig. 16—Appearance of {1012% 
twins at 500°C is shown for 
crystals A and B whose orig- 
inal orientations are shown in 
the diagram, Fig. 15, as filled 
circles. X70. Area reduced ap- 
proximately 45 pct for repro- 
duction. 
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Twin Behavior: With the exception of the two 
grains whose orientations are shown in Hig. 5; 
twinning was not observed in the specimens ex- 
tended at 500° and 800°C. This is not consistent with 
the results of McHargue and Hammond,’ who re- 


ported many examples of {1121} and {1122} twin- 
ning in the extension of iodide single crystals at 
815°C. The apparent discrepancy could not be at- 
tributed to an orientation effect, since several of the 
crystals exhibiting these twin types had orientations 
similar to those of the present work. Neither can it 
be attributed to the extent of deformation, since 
many of the grains in the present study were 
severely deformed, in a few cases to fracture. How- 
ever, the presence of grain boundaries in the authors’ 
specimens could conceivably be a contributing fac- 
tor, since the work of several investigators™ ” indi- 
cates that twinning occurs more readily in single 
crystals than in coarse grained material. 

In the two grains of Fig. 15, twinning occurred on 


planes of the {1012} type, as shown in 


crystal B, where both the prismatic and basal planes 
are poorly oriented for slip, twinning was the pre- 
dominant mode of deformation. This behavior was 
also observed in a similarly oriented grain extended 
at room temperature.” “ The shape of the {1012} 
twins is the same at room and elevated temperatures. 

Appearance of Kink Bands: Observations of kink 
bands were made in crystals where extensive slip 
on a single {1010}<1120> system had occurred. As 
reported for other metals,“” these bands represent 
disoriented regions of the crystal which are bounded 
by parallel bend planes making an angle of approxi- 
mately 90° with the active slip planes. The typical 
appearance of kink bands at 500°C is shown in the 
micrographs of Fig. 17. It is interesting to note the 
continuity of the fine kink band across the low en- 
ergy grain boundary in the lower micrograph of 

X-ray analysis showed that the kink bands at 
500°C have the same crystallographic geometry as 
those observed at room temperatures.” The bend 
planes coincided with a {1120} plane, whose normal 
was the active slip direction; hence, the rotation at 
the bend plane was about the [0001] direction, 
which represents the intersection of the {1120} bend 
plane with the [1010] slip plane. 

Kinking appeared less frequently at 500°C than 
at room temperature, and no kink bands were de- 
tected in the liquid nitrogen tests. The recent work 
on kink bands in aluminum by Laloeuf and Crus- 
sard,” Honeycombe,” and Chen and Mathewson” 
suggests that, in crystals where complex slipping 
can be expected, kink bands are not necessary to the 
glide process. Since the multiple glide occurred in 
many of the crystals extended at the elevated tem- 


perature, it is possible to understand the decrease in 
kinking at 500°C from this viewpoint. On the other 
hand, failure to detect kinking at the subatmos- 
pheric temperature might not indicate less kinking 
but a refinement of the kink bands to the point 
where they are optically undetectable. This latter 
view is supported by the work of Honeycombe,” who 
employed X-ray micrography to detect the presence 
of optically unresolvable kink bands in aluminum 
deformed at low temperatures. Their absence could 
also be attributed to the increased participation of 
twinning at low temperatures. 


Discussion of Results 
The results of the present and existing determina- 
tions of slip and twinning elements in titanium at 
various temperatures are summarized in Table II. 
These elements are listed in order of their frequency 


of occurrence. It is apparent that the {1010}<1120> 
slip mechanism occurs over the entire temperature 


range and that slip on the {1011}<1120> and 


(0001)<1120> systems increases with increasing 
temperature of testing. Moreover, the contribution 
of pyramidal slip at the higher temperatures in- 
creases at the expense of both basal and prismatic 
slip. Apparently the critical resolved shear-stress 
for pyramidal slip decreases more rapidly with in- 
creasing temperature than that for basal or pris- 
matic slip. 

The data in Table II also emphasize the funda- 
mental importance of the slip direction. Although 
the choice of glide plane varies with temperature 
and orientation, the slip direction is always the same 
and is the direction of closest packing. Thus, irregu- 
larities in the surface markings resulting from 


{1011} slip could be attributed to cooperative slip on 


{1010} along the same digonal I axis. This general 
behavior has been observed in aluminum” and mag- 
nesium™ at elevated temperatures and in several 
body-centered-cubic metals.” 

With two exceptions,“ previous investiga- 
tions” * * * have consistently shown that the con- 
tribution of twinning to the gross deformation proc- 
ess increases as the temperature of testing is 
lowered. This is also true for titanium, as shown in 
Table II. Not only is there an increase in the num- 
ber of available twin types at —196°C, but there is 
also an increase in the amount of deformation by 


{1124} twinning at the expense of £1010} slip.* Evi- 


* Twinning on both the {1124} and {1123} planes were reported by 
Liu and Steinberg! at room temperature but under very different 
conditions of testing. 


dently the critical stresses for slip increase more 
rapidly with decreasing temperature than those for 
twinning. Since the predominant twin type changes 
with temperature as well as with crystal orienta- 


Fig. 17—Two micrographs illus- 
trate the appearance of kink 
bands in crystals moderately 
extended at 500°C. X50. Area 
reduced approximately 45 pct 
for reproduction. 
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tion, it also appears that critical stresses for twin- 
ning vary differently for different twin types. 

In disagreement with McHargue and Hammond,’ 
who observed both twin types at 815°C, neither 


{1121} or {1122} twinning was found at elevated 
temperatures. Since crystals of similar purity, orien- 
tation, and amounts of deformation were used in 
both studies, this discrepancy cannot be attributed to 
any of these important variables. It is conceivable, 
however, that crystal size is an important factor. In 
the present study, multiple glide on secondary planes 
was frequently observed at elevated temperatures. 
Since this behavior was not reported by McHargue 
and Hammond, it might be attributed to the smaller 
grain size in the present work. Assuming that both 
secondary slip and twinning are competitive stress- 
relief mechanisms,” the occurrence of either one 
would tend to eliminate the necessity of the other. 
These considerations could also apply to the ob- 
served lack of kinking, which is also a stress-relief 
process, at both elevated and low temperatures. 

Finally, it may be pointed out that, because of the 
large number of available slip and twinning planes, 
titanium of relatively high purity can be expected to 
exhibit appreciable ductility over the entire temper- 
ature range investigated. This view is supported by 
recent tests of vacuum-annealed material of both 
commercial and iodide purity.™ ” 


Conclusions 

An investigation was made of the mechanisms of 
plastic flow in coarse grained specimens of arc- 
melted sponge and iodide titanium extended at 
—196°, 500°, and 800°C. The results of this study 
may be summarized as follows: 

1—No difference was observed in the slip and 
twinning behavior for the different purities. 

2—At —196°C, slip occurred solely’ on a {1010} 
plane and in a <1120> direction, whereas twinning 
was observed on the {1121}, {1122}, {1123}, {1124}, 
and £1012} planes. The predominant twin type was 
the {1124}. 

3—At the high temperatures, slip occurred exten- 
sively on a {1010}<1120> system and much less fre- 
quently on a {1011} plane. The activity on this 
secondary slip plane increased with an increase in 
the temperature of testing. Twinning was observed 
only on the {1012} planes. 

4—Kink bands were not observed at —196°C and 
only rarely at the high temperatures. 

5—The crystallographic habit of the predominant 
twin type is temperature-dependent, and deforma- 
tion by twinning increases as the temperature of 
testing is lowered. 

6—The data suggest that the temperature varia- 
tion in the critical shear-stress for slip and twinning 
is different for different crystallographic families of 
planes. 
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Technical Note 


Preferred Orientations in a Meta-Stable Body-Centered-Cubic Zr-Cb Alloy 
by J. H. Keeler 


N alloy of zirconium containing 18 atomic pct Cb 
was found.to be body-centered-cubic and readily 
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deformable at room temperature. The behavior of 
this alloy provided an opportunity to determine if. 
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Fig. 1—(110) pole figure for 98.8 pct cold 
reduced Zr and 18 pct Cb sheet. The (110) 
poles are in the rolling direction and the 
(100) plane is tilted out of the rolling 
plane in a spread +47° about the rolling 
direction. 


Fig. 2—(110) pole figure for 98.8 pct cold 
reduced Zr and 18 pct Cb sheet annealed 
for 1 hr at 1400°C. The (111) plane lies 
principally in the rolling plane with the 
<112> direction in the rolling direction, 
as shown by the symbols. Closed ellipse 
designates (111) [112]. 


8 


Fig. 3—(0002) pole figure for 98.8 pct cold 
reduced Zr and 18 pct Cb sheet trans- 
formed to the hexagonal-close-packed 
phase by a 25 hr anneal at 500°C. The 
similarity between this pole figure and that 
in Fig. 1 is evidence that the Burgers ori- 
entation relationship was valid for this 


the deformation and annealing textures of body- 
centered-cubic zirconium alloys would be similar 
to the more familiar body-centered-cubic metals. 

The alloy was prepared by arc melting in a water 
cooled copper crucible and under an argon atmos- 
phere. The ingot which weighed 100 g was made 
from crystal bar zirconium and high purity colum- 
bium. The as-melted ingot was ground flat on top 
and bottom surfaces to a thickness of about 0.250 in., 
cold rolled to a thickness of 0.084 in., annealed, and 
was then cold rolled at room temperature to a thick- 
ness of 0.001 in. The final 0.009 in. of reduction was 
done between sheets of alloy steel. All annealing 
was carried out in evacuated tubes of Vycor or 
quartz containing zirconium foil as a getter. 

The transmission pole figures were determined by 
the quantitative method of Decker, Asp, and Harker,* 
modified by Geisler,” using an X-ray spectrogonio- 
meter with CuKa radiation. The apparatus and tech- 
nique have recently been described in detail.” 

The deformation texture shown in Fig. 1 is very 
similar to the deformation textures of other body- 
centered-cubic materials such as those reported for 
iron,‘ Fe-Si alloys,’ vanadium,’ molybdenum,’ and 
tantalum.’ Here, the (110) poles are in the rolling 
direction and the (100) plane is tilted out of the 
rolling plane in a spread +47° about the rolling 
direction. Annealing the cold rolled alloy for 1 hr 
at 650°C, just above the a > f transformation,’ pro- 
duced a texture similar to that in Fig. 1, but slightly 
sharpened. 

Annealing at temperatures high in the f-stable 
region, at 900°, 1200°, and 1400°C for 1 hr, pro- 
duced textures similar to that shown in Fig. 2 for 
the specimen annealed at 1400°C. The dotted areas 
are estimated from back-reflection examination of 
this specimen. In this texture, the (111) plane lies 
principally in the rolling plane with the <112> di- 
rection in the rolling direction. The 900° and 1200°C 
annealing treatments did not produce textures quite 
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transformation. 


as sharply defined as the one shown in Fig. 2. These 
annealing textures are quite similar to those found 
for iron, Fe-Si alloys,’ vanadium,° and tantalum.* 

This alloy could be transformed to the hexagonal- 
close-packed modification by a 25 hr anneal at 500°C. 
The (0002) pole figure for a specimen so transformed 
is shown in Fig. 3. The striking resemblance to the 
(110) pole figure for the body-centered-cubic modi- 
fication shown in Fig. 1 is evidence that the Burgers 
orientation relationship between the two phases is 
operative. As would be anticipated, the (0002) basal 
planes of the hexagonal-close-packed phase are 
parallel to the (110) planes of the body-centered- 
cubic phase. 


Summary 


The deformation and annealing textures of a body- 
centered-cubic Zr-Cb alloy are similar to the tex- 
tures of the more familiar body-centered-cubic 
metals. 

The preferred orientation of the newly trans- 
formed hexagonal-close-packed phase is related to 
the parent body-centered-cubic phase by the Burgers 
orientation relationship. 
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Heterogeneous Nucleation 


Of the Martensite Transformation 


Experiments on powders of an Fe-Ni alloy have shown that the martensite trans- 
formation appears to start on heterogeneous nucleation sites. The nature of these 
sites is hypothesized and a mechanism for burst phenomenon in Fe-Ni alloys is set 
forth qualitatively on the basis of these heterogeneous nucleation sites. 


by R. E. Cech and D. Turnbull 


ISHER, Hollomon, and Turnbull have developed 

a theory for the nucleation of martensite.” * They 
first tested the theory on Fe-C alloys and low alloy 
steels. The major factor influencing nucleation of 
martensite was considered to be statistical composi- 
tion fluctuations occurring in small regions at high 
temperature and frozen-in on quenching. These 
local regions of varying size and composition serve 
as nucleation centers. They become supercritical, 
one by one, as temperature is progressively lowered, 
resulting in temperature-dependent or athermal 
transformation. 

Fisher next applied nucleation theory to substi- 
tutional solid solution alloys.* Detailed predictions 
were made for Fe-Ni alloys because of the avail- 
ability of free energy data on this system.* It was 
shown that composition fluctuations that were sig- 
nificant energy-wise did not occur, and nucleation 
frequencies could be calculated from average prop- 
erties of the system. Nucleation was predicted to 
occur as time-dependent and having the functional 
relationship to give a C curve of nucleation fre- 
quency vs temperature. The analysis further pre- 
dicted that the nucleation frequency was extremely 
sensitive to composition. Experimentally, it would 
be found that the transformation in some composi- 
tions is so slow that measurable amounts will not 
form in a reasonable length of time. With other 
compositions, only slightly different, the nucleation 
frequency becomes so great that the material be- 
comes transformed while still distant in tempera- 
ture from the maximum nucleation frequency. On 
quenching an alloy of such composition, the ob- 
served transformation kinetics would be similar to 
those found in Fe-C alloys. 

Cech and Hollomon’ repeated experiments of 
Kurdjumov’ in which the kinetics of transformation 
were similar to those predicted by Fisher for Fe-Ni 
alloys. The alloy studied in this investigation con- 
tained 73.3 pct Fe, 23.0 pct Ni, and 3.7 pet Mn. 
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Fisher,’ using an idealized model for the extent 
of transformation as a function of the number of 
martensite crystals per grain of parent phase, de- 
rived nucleation frequencies from the transforma- 
tion curves of Cech and Hollomon. Complicating 
influences such as coupling effects between grains 
in the polycrystalline specimens were neglected. 
Nevertheless, excellent agreement was found be- 
tween the theoretically and experimentally derived 
nucleation frequencies. 

These experiments, however, could not provide a 
critical test of the theory. Experimental nucleation 
frequencies could vary widely from those calcu- 
lated, depending upon the extent of deviation from 
ideal partitioning and the extent of coupling effects. 
Further, since the compositions of material theo- 
retically analyzed and experimentally determined 
were different, the free energy changes involved in 
the experimental work could only be estimated. 
Also, the effect of heterogeneities on the transforma- 
tion kinetics was not considered. For these reasons, 
it was decided that experiments designed to test the 
validity of the Fisher analysis must be conducted 
on binary Fe-Ni alloys, which were the ones con- 
sidered theoretically by Fisher. 

The martensite transformation in Fe-Ni alloys 
has been the subject of considerable study. Machlin 
and Cohen* have shown that transformation pro- 
ceeds in a manner quite unlike that in any other 
ferrous alloy system. They found that single crystals 
would transform to a large extent in a single burst. 
In large grain polycrystalline specimens, frequently 
more than one grain and sometimes the whole speci- 
men would transform at the same instant in this 
manner. Results on filings indicated that different 
particles would undergo the burst transformation at 
widely different temperatures. These results sup- 
port the conclusion that the transformation behavior 
could not be described by a single nucleation fre- 
quency as would be the case if the nucleation were 
homogeneous. 

It appeared that further work was necessary to 
define the factors responsible for burst-type trans- 
formation, so that the conditions could be altered 
to favor homogeneous nucleation of martensite if 
such could be accomplished. This report summarizes 
the results of some experiments conducted with 
powdered Fe-Ni alloys for this purpose and the re-’ 
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sults are discussed with respect to the mechanism 
of martensite formation. 


Powder Preparation 

Selection of Method—A number of methods used 
in preparing small particles were considered for this 
investigation. Filings cut from solid specimens were 
deemed unsuitable for a detailed study of the mar- 
tensite transformation. The filings as cut are highly 
deformed and, even after being annealed in a sepa- 
rator matrix of inert material, are susceptible to 
accidental deformation because of their very aniso- 
tropic shape. Since the martensite transformation 
is extremely structure-sensitive, the kinetics would 
be altered by this deformation. Furthermore, the 
grain size would be, at best, only loosely specified 
by the particle size, since the maximum grain diam- 
eter of an annealed material tends to be that of the 
minimum dimension of the specimen.’ This condi- 
tion also means that the filings would, in general, 
be polycrystalline. Therefore, the coupling effects 
that occur in massive samples would be expected to 
occur, but to a lesser extent, in filings. 

Another method of preparing powders by feeding 
the desired alloy into a Metallizer spray gun and 
collecting the sprayed powder in a bath of water 


Fig. 2—Powder produced by dropping method consisted of 
69.8 pct Fe and 30.2 pct Ni, 75 to 100 uw diam. 


or oil was attempted. Metallographic examination 
of these powders indicated excessive amounts of 
oxide inclusions and heavy scale on the surface. 
Therefore, this method of powder preparation was 
also considered unsuitable. 

Oxide-Forming Procedure—The method adopted 
for preparing Fe-Ni alloy powders for this inves- 
tigation utilized the component oxides Fe,O; and 
NiO for the starting material. The impurity content 
of these oxides is listed in Table I. The oxides were 
weighed in proper proportions to form a 500 g mix- 
ture containing 30.2 wt pct Ni and 69.8 wt pct Fe, 
referring to metallic content. The oxides were then 
mixed wet in an Eppenbach colloid mill for 30 min, 
using a final shear plate clearance of 254. This mix- 
ing procedure has been found to be equivalent to 
200 hr of wet ball milling.” The oxide particle size 
prior to mixing was approximately 8, each particle 
consisting of cauliflowerlike groups of ly» particles. 
These groups were broken down in mixing to give 
a final particle size of about lw as determined by 
electron micrographs of mixed powders.” The mixed 
slurry was dried to a cake and fired in air at 1350°C 
for 8 hr, thereby permitting interdiffusion of oxides 
to form the spinel (0.71 Fe, 0.29 Ni),O,. No trace 
of free ferric oxide could be detected by X-ray 
diffraction of the heat-treated material. Free nickel 
oxide is not detectable in this manner, owing to 
superposition of diffraction lines. 


a—Micrograph 
shows martensitic 
fraction of 
specimen. 


boundaries. 


Fig. 3—<37u particles after 
quenching to —196°C are 
shown in a and b. Samples 


were etched to delineate grain 


b—Micrograph 
shows untrans- 
formed fraction 
of specimen. 
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Fig. 4—Chart illustrates martensite transformation in 30.2 

pct Ni and 69.8 pct Fe alloy powder. 


In a recent determination of the Fe,O,-NiO sys- 
tem, Palmer” found the (Fe,Ni),O, region to extend 
from 23 to 50 mol pct NiO (14 to 35 wt pct Ni) at 
the diffusing temperature of 1350°C. Thus, upon 
homogenization, the oxides should be expected to 
form a single phase solid solution of uniform com- 
position. Also, since the smallest particles used in 
the investigation were 25u or more in diameter, they 
were composed of 10* or more component oxide par- 
ticles. This number is sufficiently large to insure 
nearly average composition in the particles. The 
uniformity of composition was checked experi- 
mentally by two methods to be discussed later in 
the report. 

Particle-Size Establishment and Reduction— The 
spinel was crushed to particles < 2004 diam in a 
diamond mortar and these further crushed to a size 
range of from 25 to 100y in a dry ceramic ball mill. 
This powder was then separated into three fractions, 
each of a different particle size, and hydrogen- 
reduced at 630°C for 4 hr. After reduction, the par- 
ticles contained only a small percentage of unreduced 
spinel as detected by X-ray diffraction examination. 

Shotting—The powder was next treated in an ap- 
paratus best described as a shot tower. A vertical 
hydrogen furnace 30 in. in height, with a 4 in. tube 
diam, cold chambers at both top and bottom, and a 
powder-dispensing apparatus at the top, was used 
to melt the individual powder particles as they were 
dropped through the apparatus. Fig. 1 illustrates 
the major parts of this apparatus. 

Reduced alloy powders were dispensed as a dust 


into the furnace at 1480°C. After melting and re- 
solidifying while being dropped, the particles were 
collected in a hydrogen-filled vial and stored at 
room temperature until needed. Fig. 2 illustrates 
the appearance of the shotted powder. If the furnace 
temperature is sufficiently high, all the particles 
melt on passing through the furnace. Little agglom- 
eration occurs if the size range shotted is kept fairly 
narrow. If a broad size range is shotted, a sweep- 
ing action occurs whereby the rapidly falling large 
particles pick up small ones in the molten region. 
This agglomeration markedly decreases the number 
of small particles. Aside from this, the sizes after 
shotting are the same as before, being displaced only 
by the amount necessary for coalescence from irregu- 
lar to spherical particles. 

Completeness of Oxide Removal—lIt was of interest 
to determine the ability of the shotting treatment 
to remove residual oxides in the particles. X-ray 
diffraction of powders revealed no trace of oxide. 
However, a more critical experiment was thought 
necessary. Spinel powder in a size range below 53 
was shotted at 1480°C in hydrogen without prior 
reduction. The resultant powder was found to be 
entirely free of oxide, indicating that complete re- 
duction had occurred. It was deduced from this 
experiment that the prereduced powder would also 
be completely reduced. The prior reduction step was 
necessary to prevent loading the furnace atmosphere 
with water vapor, however. 

Number of Grains Per Particle—The powder pro- 
duced by the shotting procedure should for the most 
part be composed of single crystals. This supposi- 
tion follows as a consequence of the kinetics of 
nucleation in the liquid to solid transformation. As- 
suming that most particles will be free of extraneous 
nuclei, they should, in general, supercool before 
nucleation of the solid phase. The first nucleus that 
forms will, on giving up the latent heat of fusion, 
raise the temperature of the particle, thus prevent- 
ing further nucleation in the unsolidified portion of 
the particle. Solidification would then be expected 
to proceed from this nucleus throughout the entire 
particle. Fig. 3 shows a number of particles in cross 
section, etched to bring out grain boundaries. It is 
seen that about one-eighth of the particles contain 
boundaries intersecting the surface. If it is assumed 
that another one-eighth has grain boundaries that 
do not intersect the surface, three-fourths of the 
particles remain as single crystals. 


Quenching Treatment 
A measured quantity of loose powder was quenched 
by dropping into a rapidly stirred bath of Freon 11, 


Fig. 5—Drawings are of possi- 
ble arrangements for dispersal 
of martensite in powders. A— 
Uniform degree of transforma- 
tion in all particles is illus- 
trated. B—Uniform degree of 
transformation in some parti- 
cles and no transformation in 
others are shown. C—Varying 
degrees of transformation in 
some particles with no trans- 
formation in others are illus- 
trated. 
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Fig. 6—Diagram charts martensite start, martensite reversal 
start, and Curie temperature of Fe-Ni alloys. See Hansen.® 


Freon 12, or liquid nitrogen held to a stated tem- 
perature +0.1°C. After 2 sec at temperature, the 
powder was withdrawn by a glass-sheathed magnet 
and quenched into absolute alcohol at room tem- 
perature. Since both y and martensite (M) phases 
are magnetic below room temperature, complete 
removal of the powder from the bath was accom- 
plished. The powder was then sized by screening 
into seven size groups ranging from <37p to 88 to 
105u. The amount of martensite in each group was 
determined by integrated intensities of X-ray dif- 
fraction peaks from the phases present. 

The (110)M and (111)y peaks were measured on 
a General Electric XRD-3 X-ray diffraction spec- 
trometer using cobalt radiation monochromated by 
the Ross-Kirkpatrick™ “ technique. Martensite per- 
centages were determined from the calculated and 
measured energy ratios of the peaks using the 
method described by Averbach and Cohen.” The 
validity of the method was tested by making nine 
artificial mixtures of y and M phase Fe-Ni alloy 
powders. Deviations of martensite percentage 
(measured and known) in the calibration specimens 
were random and indicated the probable error of 
a martensite determination to be 1.7 pct M (some- 
what less at low martensite contents). 


Results 

The amount of martensite present after quench- 
ing specimens to —40.0°, —50.0°, —60.0°, —80.0°, 
—111.0°, —150.0°, and —196.0°C is shown in Fig. 4. 
It is seen that the percentage of martensite in a 
specimen is a function of particle size, those speci- 
mens composed of small particles having a lesser 
extent of transformation than specimens of larger 
size particles. 

The curves in Fig. 4 do not present a complete 
picture of the kinetics of martensite formation in 
these powders, however. It is necessary to ascertain 
the distribution of martensite within the particles 
comprising each specimen. 

Three possible martensite distribution configura- 
tions are illustrated in Fig. 5. If the configuration 
is as shown in Fig. 5b or 5c, a magnetic separation 
can be accomplished under proper conditions, there- 
by differentiating between these configurations and 
the one of Fig. 5a. 

A diagram (Fig. 6) has been included for refer- 
ence purposes, indicating the M,, M, (reverse), and 
- Curie temperatures of Fe-Ni alloys. The austenite 
magnetic inversion occurs over a range of tempera- 
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ture. The Curie temperature curve reported in Fig. 
6 was obtained by a linear extrapolation of the flat 
portion of a magnetic property curve to its intercept 
on the temperature axis. In practice, it is necessary 
to heat to 40° to 50°C above the defined Curie tem- 
perature to remove the last trace of ferromagnetism. 
The martensite Curie temperature is only slightly 
lower than that of pure iron. It can be seen from 
Fig. 6 that in the composition studied the austenite 
is paramagnetic below the temperature at which 
martensite reversal starts. Therefore, a tempera- 
ture region exists in which transformed and un- 
transformed particles may be magnetically separated. 

The separation was accomplished by placing a 
specimen of one size range in a horizontal Pyrex 
conducting glass tube together with a thermometer, 
heating above the austenite Curie temperature, and 
drawing off the magnetic fraction of the specimen 
with a magnet held near the tube. The tube was heat- 
ed by passage of an electric current controlled manu- 
ally with a Variac and the specimen protected from 
oxidation by performing the operation under a hy- 
drogen atmosphere. The magnetic separation in- 


Table |. Stated Impurity Content of Oxides 


Fe203,* Pct NiO,; Pct 

SO, 0.10 0.002 
Substance not precipitated by NHsOH 0.01 — 

Cu 0.005 0 008 
Zn 0.005 0.005 
Insoluble in HCl (principally silica) 0.06 — 

N (in compounds) a 0.002 
Cl —_— 0.004 
Pb — 0 001 
Co — 0.005 
Fe 0.004 
Alkalies and earths — 0.10 


* Supplied by J: T. Baker Chemical Co., Lot No. 72250. 
+ Supplied by J. T. Baker Chemical Co., Lot No. 3495. 


volved a number of successive separations, with a 
weak alternating magnetic field used first, and then 
a strong magnetic field of 1600 gauss for final scav- 
enging of the untransformed fraction. The ferro- 
magnetic fraction of the specimen could not be as 
thoroughly cleaned of nonferromagnetic particles as 
the reverse. When the magnetic field was applied 
to lift the particles, they would entrap some non- 
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Fig. 7—Results of X-ray diffraction analyses show martensite 
contents of separated powders. 
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Fig. 8—Fraction of particles contains martensite as a func- 
tion of particle size. 


ferromagnetic particles. Repeated lifting and shak- 
ing of the powder was necessary to remove these 
trapped particles. 

After separation of the specimens, the two frac- 
tions of each specimen were analyzed by X-ray 
diffraction to determine the amount of martensite 
present. The results are shown in Fig. 7. The non- 
magnetic portion, when properly cleaned, contained 
no detectable trace of martensite. It is estimated 
that a minimum of 1 pct martensite is necessary for 
certain detection by the X-ray method used. The 
magnetic portion transforms to an extent that is 
determined only by the temperature of quench and 
is independent of particle size. The scatter of indi- 
vidual points, it is believed, results from the addi- 
tive sum of errors in removing the last traces of 
untransformed particles in the magnetic separation, 
and in determining the amount of martensite. 

A separate experiment was performed to test the 
ability of the strong permanent magnet te remove 
from the untransformed fraction those particles 
having only a small quantity of martensite. Two 
martensitic particles 105u diam were melted into a 
solder droplet. This droplet was placed with copper 
powder in the separation tube, and a separation 
procedure identical to that used for the specimens 
was performed at room temperature. It was found 
that the 1600 gauss magnet easily removed the lead 
particle from the powder. From the calculated 
weight of the magnetic particles and the weight of 
the solder droplet, the amount of martensite was 
found to be 0.6 pct. From the result of this experi- 
ment, it is probably safe to assume that the non- 
magnetic fraction of the specimens contained less 
than 0.6 pct martensite. 

The possibility that composition variations were 
responsible for the marked differences in trans- 
formation behavior of the particles was tested in 
two ways. First, it was assumed that particles low 
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in nickel content would be more likely to undergo 
a martensitic transformation at a given temperature 
than would those having a higher nickel content. 
Accordingly, a quantity of powder was quenched to 


Table Il. Chemical Analysis of 30.2 Pct Ni, 69.8 Pct Fe 
(Nominal) Powder 


Wt Pet Ni = 0.1 Pet 


articles separated by extent of 
transfor 


30.22 
30.24 

parated by assuming a Curie 
temperature difference uf 
‘Higher Curie temperature 30.15 
Lower Curie temperature 30.23 


a temperature such that roughly half of the particles 
underwent a martensitic transformation. Martensitic 
and untransformed particles were then separated 
and chemical analyses were performed on the sepa- 
rated fractions. Second, it was noted (Fig. 6) that 
austenitic particles low in nickel content would have 
a lower Curie temperature than those higher in 
nickel content. It is expected that if a slight dif- 
ference of Curie temperature exists between par- 
ticles, a magnetic separation conducted at a tem- 
perature where the particles were very slightly 
magnetic would result in preferential removal of 
the most strongly. magnetic particles of the speci- 
men. A separation of completely austenitic particles 
into two portions was made under the conditions 
described previously and these were chemically 
analyzed for nickel content. 

The results of both sets of chemical analyses 
(Table II) indicate that no composition segregation 
occurred between particles. These chemical analyses 
also served to establish the true alloy content of the 
powders used in the investigation. 

Since the powders were used as solidified from 
the melt the possibility of coring within each par- 
ticle exists. To test this possibility a quantity of 
powder, 44 to 62n diam, was dispersed in alumina 
powder and annealed for 48 hr at 1100°C in vacuo. 
Specimens of this powder quenched to —40°, —50°, 
—60°, and —80°C contained 7.4, 17.6, 31.5, and 49.9 
pct martensite, respectively, after the subzero treat- 
ment. This compares favorably with martensite con- 
tents of unannealed powders after similar quench- 
ing treatments. The absence of a heat-treating effect 
in these powders supports a similar finding by 
Machlin and Cohen‘ on filings of an Fe-Ni alloy. 

From the data shown in Figs. 4 and 7, it is ap- 
parent that it is the relative number of particles 
undergoing transformation at a given temperature 
that varies with particle size. From the values of 
the martensite percentages in specimens before and 
after separation, the relative fractions of the par- 
ticles containing martensite have been calculated. 
These are plotted as a function of particle size in 
Fig. 8. 

It would be preferable in these experiments to 
use direct weight measurements of separated frac- 
tions. In the present investigation, losses due to 
sticking of powder to containers used in the experi- 
ments made quantitative weight measurements 
quite difficult. Specimen fractions were weighed in a 
few cases and these are listed in Table III, together 
with the weight fractions calculated from martensite. 
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percentages for comparison. Since the experimental 
errors in both methods of determination are addi- 
tive, the scatter is not thought unreasonable. 

To test the possibility that some martensite re- 
versal may occur in the elevated temperature mag- 
netic powder separation technique, the Curie tem- 
perature and M, (reversal) temperature were de- 
termined in a more precise manner on an apparatus 
similar in design to one constructed by Buehl and 
Wulff.” 

Austenitic powder in an evacuated tube was 
slowly heated in a nonhomogeneous magnetic field, 
and the force of magnetic attraction was measured. 
It was found that the Curie range was spread over 
a large temperature interval extending from below 
room temperature and leveling off at 200° to 220°C 
to a paramagnetic state. A small amount of trans- 
formation was then induced in the sample by a low 
temperature treatment and the magnetic attraction 
remeasured as a function of temperature. The first 
indication of martensite reversal occurred as a sharp 
change in galvanometer deflection at 306° to 308°C. 
Magnetic separations had been performed at tem- 
peratures ranging from 240° to 260°C—well within 
the hysteresis region. Therefore, it is felt that no 
martensite reversal occurred in the magnetic separa- 
tions. 

In an attempt to determine if the difference in 
transformation behavior was reflected in the metal- 
lographic structure, the transformed and untrans- 
formed fractions of a specimen quenched to —196°C 
were examined (Fig. 3). It is seen that, although 
grain boundaries are present in some particles, they 
are present in about equal numbers in both frac- 
tions. If these boundaries act to accelerate the trans- 
formation, they should all be present in the trans- 
formed fraction. It is concluded from this that grain 
boundaries exert a negligible influence on trans- 
formation in these powders. 


Discussion 

These results indicate that the first measurable 
quantity (>% pct) of martensite forming in a par- 
ticle occurs as a burst and that the burst tempera- 
ture (M,) of a given particle may vary from above 
—40° to below —196°C for the alloy studied. 

Once transformation has begun ‘in a particle, it 
proceeds in a small temperature interval to an ex- 
tent that is a function only of temperature and is 
independent of particle size. In the temperature 
region considered, the amount of martensite in the 
transformed particles was so great that it is prob- 
able that cessation of transformation at a given tem- 
perature was due to strain set up by the martensite 
already present. Further cooling was then neces- 
sary to provide additional driving force to extend 
transformation into the strained region. 


Table III. Fraction of Specimen Transformed, Temperature of 
Quench —80°C 


Particle Fractional Calculated from 
Size, uw Weight Percentages 

74 to 88 0.77 0.80 

62 to 74 0.73 0.73 

53 to 62 0.58 0.68 

44 to 53 ; 0.38 0.45 


A striking feature of these results is that M, is 
much less than the M, temperature (—20°C approxi- 
_mately) of polycrystalline bulk Fe-Ni alloys of the 
same composition. About 1/20 of the <37 and 37 to 
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FRACTION OF PARTICLES CONTAINING MARTENSITE 


PARTICLE DIAMETER -MICRONS 


Fig. 9—Comparison of the data at two temperatures with 
x oD”, the corresponding best fit relationship, is illustrated. 
For —50° (x) n is superscript 2 and for —40° (x) n is 3. 


44, diam particles remained untransformed after 
quenching to —196°C. Thus, the temperature of 
initial martensite formation in small particles may 
be as much as 176°C lower than in bulk specimens 
of the same composition. 

The data support the hypothesis that heteroge- 
neities in a spectrum of potencies exist in the par- 
ticles. Nucleation occurs at these sites and, once 
nucleated, martensite proceeds to form cataclysmi- 
cally through the particle. The probability of find- 
ing a heterogeneity of a given potency in a particle 
increases with increasing particle size. It is not 
known, as yet, whether the heterogeneities reside 
on the surface or are distributed through the vol- 
ume. The fraction (x) of the particles containing 
martensite would vary as the diameters (D) squared 
if the sites reside on the surface or as the diameters 
cubed if they are dispersed throughout the alloy. At 
—40°, —50°, —60°, and —80°, x (where xy does not 
exceed ~0.65) varies as D* or D’, but the scatter is 
too great to permit a decision on which function 
(x « D’ or xy « D’) best describes the data. The 
comparison of the data at two temperatures with 
the corresponding best fit relationship is illustrated 
in Fig. 9. The scatter could result from errors in 
martensite percentage determinations and from 
variations of the mean particle diameter in each 
size group. 

The burst phenomenon in Fe-Ni alloys can best 
be reconciled with nonburst transformation in most 
other alloys if it is postulated that the martensite 
transformation as commonly found in nature is 
always nucleated preferentially at heterogeneities. 
If these heterogeneities consist solely of structure 
imperfections, the martensite transformation kinetics 
should not be markedly different in Fe-Ni alloys 
than in other ferrous alloys. However, if the most 
potent heterogeneities were extraneous particles— 
such as carbides or nitrides—which either nucleate 
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Fig. 10—Chart shows transformation in selected fractions 
before and after shotting. 


martensite directly or indirectly through the strain 
associated with their presence, then martensite nu- 
cleation would be more difficult in Fe-Ni alloys which 
usually are freer of such inclusions. Thus, austenite 
would supercool below the usual M, temperature. 
When nucleation does occur on a less potent site, 
the excess driving free energy would cause trans- 
formation to proceed immediately to a large extent. 

To test the postulate of direct martensite nuclea- 
tion by extraneous impurities, a critical experiment 
was performed. A quantity of powder was prepared 
by shotting with the furnace at a temperature of 
1560°C, 80° higher than in the previous experiment. 
From a portion of this powder, all particles under- 
going initiation of transformation between —40° 
and —50°C were taken by alternately quenching 
and magnetically separating the particles. Similarly, 
from the other portions of the powder, the fractions 
transforming in the —70° to —80° and —101° to 
—111°C range were taken. To test for thermal his- 
tory effects between the magnetic separation tem- 
perature and subzero quenching temperature, a 
fourth fraction (—101° to —111°C) was taken from 
the untransformed residues of the —40° to —50° 
and —70° to —80°C specimens. The extent of trans- 
formation of these fractions is plotted (closed 
points) in Fig. 10. It can be seen that particles 
transform to a large extent within a small tempera- 
ture interval following initiation of transformation 
as was surmised from the previous experiment. 
Also, the good agreement between the two —101° 
to —111°C fractions indicates that no thermal his- 
tory effect exists in the +250° to —80°C tempera- 
ture interval. 

The four specimens A, B, C, and D were then re- 
shotted separately with the furnace at a tempera- 
ture of 1540°C. The purpose of the reshotting treat- 
ment was to ascertain whether or not the particles 
would remember their transformation temperatures 
prior to reshotting. If insoluble particles were di- 
rectly responsible for initiating the transformation 
as in the liquid to solid transformation, such a 
memory should be observed. 

After reshotting, the specimens were screened for 
particles in the 44 to 62» size range. The selected 
particles were then quenched to a number of sub- 
zero temperatures. The amounts of martensite pres- 
ent in the specimens after quenching are shown in 
Fig. 10 (open circles). It is apparent that the par- 
ticles retain no memory of their transformation 
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temperature prior to reshotting. This result indi- 
cates that extraneous impurities do not nucleate 
martensite directly in these powders. The trans- 
formation curve of reshotted powder does differ 
from that of the previous experiment, however, and 
in a way that may be significant. It can be seen by 
comparing with Fig. 4 that the extent of trans- 
formation in the 44 to 624 reshotted powder is much 
less than that which formed in similar size powders 
in the previous experiment. To find the cause for 
this difference, all specimens were quenched to 
—111°C and put together. A magnetic separation 
was made, and the fraction of the particles con- 
taining martensite was determined by weight. The 
martensite content of the transformed fraction (65.3 
pct) was similar to that of the previous experiment 
under similar conditions. However, the fraction of 
the particles containing martensite was markedly 
different for the reshotted powder—0.61 vs 0.85 esti- 
mated from the previous experiment, Fig. 8. On 
requenching the shotted powder to —196°C, it was 
found that 0.975 of the specimen was transformed. 
This compares to about 0.99 of the specimen in the 
previous experiment transformed. 

These results give support to the hypothesis that 
extraneous particles nucleate martensite indirectly 
through the strain sites associated with their pres- 
ence in the metal. With no variable other than the 
degree of superheating above the melting point 
changed, the average probable temperature of mar- 
tensite nucleation was varied considerably. This 
effect could be accomplished if the superheating 
treatment acts to decompose or dissolve some im- 
purities, thereby bringing about a different popu- 
lation of impurity-caused strain centers in the re- 
shotted powder. It is probable that martensite is 
nucleated both at structural imperfections and at 
impurity strain centers. If nucleation occurred only 
on structural imperfections, no superheating effect 
should be observed; but if nucleation is entirely on 
impurity strain centers, the superheating effect 
should be more pronounced than that actually 
found. 

Since the transformation is heterogeneously nu- 
cleated in a 30.2 pct Ni alloy and can be suppressed 
on rapid cooling to below the predicted tempera- 
ture of rapid homogeneous nucleation, it follows 
that the driving free energy for transformation may 
be insufficient for homogeneous nucleation at a 
measurable rate with this alloy. A decrease of 
nickel content to increase the free energy change of 
transformation is therefore desirable. Also, since 
heterogeneous nucleation sites are found in all part- 
icles in the 25 to.100u range, a further subdivision 
of particles to smaller size is required in order to 
localize these on a fraction of the particles. Further 
experiments in this direction are in progress. 

It is interesting to note that the transformation 
kinetics of powdered Fe-Ni alloy, which appear to 
be due to singularities in the material, are very 
similar to the kinetics predicted by Fisher, Hollo- 
mon, and Turnbull for transformation in Fe-C al- 
loys. In this latter case, transformation was initiated 
by singularities of another kind; namely, carbon- 
poor regions from statistical fluctuations of com- 
position at elevated temperature, frozen-in on 
quenching and converted to ferrite prior to becom- 
ing supercritical for growth as martensite. 

In certain qualitative respects, the authors’ re- 
sults are in excellent agreement with those of 
Machlin and Cohen. However, the authors have 
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found an effect of particle size on the transforma- 
tion behavior nearly one order of magnitude larger 
than reported by Machlin and Cohen and differ with 
them in important respects on interpretation. In 
the following, Machlin and Cohen’s most important 
experimental findings will be compared with the 
authors’ and the divergencies in interpretation will 
be discussed. 

The finding of Machlin and Cohen that the burst 
temperature M, varies markedly among specimens 
is confirmed. However, they reported a maximum 
spread of 20° to 30°C in M,, while the authors find 
that M, in small particles may be at least 176°C 
lower than in bulk specimens of the same composi- 
tion. The greater effect found in the present in- 
vestigation is probably due to the smaller size of 
the particles and to the authors’ method of prepara- 
tion which was solidification of liquid droplets in 
ae (Machlin and Cohen’s particles were fil- 
ings). 

Machlin and Cohen did not relate the probability 
p of burst formation to particle diameter D. The 
authors have found that the dependence of p on D 
can be described by the relation p « D" where 
8). 

Machlin and Cohen concluded that the nucleation 
of martensite in Fe-Ni alloys is catalyzed by struc- 
tural heterogeneities (strained regions) and that 
the catalytic potency of these heterogeneities is 
somewhat variable. To explain the present results, 
the authors have to assume a much wider variabil- 
ity of catalytic potency than supposed by Machlin 
and Cohen and that homogeneous nucleation of 
martensite in the 30.2 pct Ni alloy is not perceptible 
at any temperature 2—196°C. Further, there is 
some evidence indicating that compositional, as well 
as structural, heterogeneities may play an impor- 
tant role in the nucleation of martensite. 

The authors’ results and those of Machlin and 
Cohen are entirely consistent with the general 
theory of martensite nucleation advanced by Fisher, 
Hollomon, and Turnbull. This theory was originally 
applied to the problem of nucleation of martensite 
in structurally perfect austenite crystals. Fisher and 
Turnbull* and Hollomon and Turnbull” have extend- 
ed the application of the theory to the formal de- 
scription of the probability of martensite nucleation 
in structurally imperfect crystals. The theory” pre- 
dicts that the undercooling required for a percept- 
ible frequency of martensite nucleation may be at 
least 100°C less in the vicinity of a dislocation than 
in a structurally perfect crystal element. 

Machlin and Cohen preferred to describe their re- 
sults in terms of their reaction path theory of mar- 
tensite nucleation. This theory was criticized by 
Hollomon and Turnbull primarily because of its 
formal incompleteness and because, when taken 
literally, it seems to predict that the volume and 
free energy of the martensite nucleus is zero. For 
these reasons, the authors reject the Machlin and 
Cohen theory but with the recognition that they 
have made an important contribution to the under- 
standing of the austenite-martensite kinetics by 
demonstrating the importance of heterogeneities in 
martensite nucleation. 

It was shown by Machlin and Cohen that a small 
amount of martensite (<% pct) was formed in bulk 
specimens prior to the burst. In these experiments, 
no evidence of preburst martensite was found, but 
the authors could not detect less than % pct with 
their methods. However, the formation or nonfor- 
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mation of a small amount of preburst martensite is 
not considered significant to the current interpre- 
tation. If an Fe-Ni particle contains <¥% pct mar- 
tensite at —196°C and transforms to 80 pct marten- 
site upon the introduction of the proper nucleus, the 
interesting and significant question, in the authors’ 
opinion, is why it is necessary to undercool so 
drastically in order to form the proper nucleus in 
the >99.5 pct austenitic portion of the specimen. 

The explanation for burst transformation set 
forth by Machlin and Cohen utilized the preburst 
martensite as the source of strain embryo regions 
which nucleate martensite at a later time or lower 
temperature in a sudden cataclysmic fashion. The 
reason given for nonburst transformation in alloys 
other than Fe-Ni was that the cooperative effect 
(one martensite platelet relieving the strain of an- 
other) was less in systems having a {225} habit than 
those having a {259} habit (Fe-Ni alloy). 

The authors’ explanation of burst transformation 
in Fe-Ni alloys vs nonburst in most other alloys 
is that Fe-Ni alloys are comparatively free of 
extraneous heterogeneities that may be sources of 
internal strain and the austenite must be swper- 
cooled further below the equilibrium temperature 
before nucleation can occur on a less potent site. 
Cataclysmic formation of more martensite plates 
then occurs because of the excess free energy avail- 
able at the temperature of nucleation. The observ- 
ance of a liquid phase superheating effect on sub- 
sequent burst temperature supports the extraneous 
heterogeneity postulate. 


Conclusions 

The following conclusions may be drawn from the 
experimental findings of the present investigation. 

1—The first measurable quantity of martensite 
(>% pet) forming in a particle occurs as a burst. 
The burst temperature in different particles of the 
same size and composition may vary widely. In 
some particles, martensite does not form even on 
quenching to a temperature as low as —196°C. 
These particles undergo a suppression of 176°C in 
the temperature of onset of transformation as com- 
pared to polycrystalline (bulk) alloy of the same 
composition. 

2—The relative number of particles that undergo 
transformation to martensite on quenching to a 
given temperature is proportional to diameter 
squared or cubed. 

3—Once transformation is initiated in a particle, 
it proceeds within a small temperature interval to 
an amount characteristic of all transformed parti- 
cles of that temperature, independent of particle 
size. 

4—-Grain boundaries exert no accelerating effect 
on the initiation of martensite in the powders in- 
vestigated. 

5—The results of a critical experiment support a 
hypothesis that martensite is nucleated at strain 
sites caused by extraneous heterogeneities. Struc- 
ture imperfections probably cause additional nucle- 
ation of martensite. 

6—Burst phenomenon in Fe-Ni alloys can be re- 
conciled with nonburst transformation in most 
other alloys by postulating that all ferrous alloys 
contain heterogeneous nucleation sites, but those in 
Fe-Ni alloys are fewer and less potent. With Fe-Ni 
alloys, the austenite must be supercooled to a tem- 
perature at which nucleation can occur on the rel- 
atively ineffective sites present. The excess free 
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energy then permits immediate transformation to a 
large extent in the grain having the nucleus and in 
neighboring grains. 


Acknowledgments 


We are pleased to acknowledge the assistance of 
Beulah Decker in helpful discussions on the X-ray 
method of phase determination and of D. S. Hall- 
gren for assistance in the X-ray determinations. We 
thank L. T. Piekarski for many valuable suggestions 
concerning the material preparation and G. G. 
Palmer, General Electric Co. Electronics Park, for 
making available his unpublished results on the 
NiO-Fe.O, equilibrium diagram. 


Discussion of this paper, if any, will appear in 
JOURNAL OF METALS, November 1956, and in AIME 
Metals Branch Transactions, Vol. 206, 1956. 


References 


1J. C. Fisher: Eutectoid Decomposition. Thermodynamics in 
Physical Metallurgy ASM (October 1949) p. 201. 

2J. C. Fisher, J. H. Hollomon, and D. Turnbull: Kinetics of the 
Austenite-Martensite Transformation. Trans. AIME (1949) 185, p. 
691; JouRNAL oF Metats (October 1949). 

3 J. C. Fisher: Martensite Nucleation in Substitutional Iron Alloys. 
Trans. AIME (1953) 197, p. 918; JourNaL or MeEtTats (July 1953). 


‘F. W. Jones and W. I. Pumphrey: Free Energy and Metastable 
States in the Iron-Nickel and Iron-Manganese Systems. Journal Iron 
and Steel Inst. (1949) 168, p. 121. ; 

5 R. E. Cech and J. H. Hollomon: Rate of Formation of Isothermal 
Martensite in Fe-Ni-Mn Alloy. Trans. AIME (1953) 197, p. 685; 
JourRNAL oF MeEtTAts (May 1953). ‘ 

6G. V. Kurdjumov and O. P. Maksimova: Work Required in the 
Formation of Martensite Nuclei. Doklady Akademii Nauk SSSR 
(1950) 73, No. 1, p. 95. : 

7J. C. Fisher: Application of Nucleation Theory to Isothermal 
Martensite. Acta Metallurgica (1953) 1, No. 1, p. 32. _ 

8. S. Machlin and M. Cohen: Burst Phenomenon in the Marten- 
sitic Transformation. Trans. AIME (1951) 191, p. 746; JOURNAL OF 
Merats (September 1951). 

°’J. E. Burke: Some Factors Affecting the Rate of Grain Growth 
in Metals. Trans. AIME (1949) 180, p. 73; MeTrats TEcHNOLOGY (Oc- 
tober 1948). 

10 V, C, Wilson and L. T. Piekarski: Studies on Maximum Perme- 
ability of Nickel-Zinc Spinels. Unpublished. 

1. T. Piekarski and E. F. Fullam; Unpublished research. 

12G. G. Palmer: Phase Behavior in Nickel Ferrites. , Eighteenth 
Symposium on Ceramic Dielectrics Rutgers University (March 
1954). 

13P, A, Ross: A New Method of Spectroscopy for Faint X Radia- 
tion. Journal Optical Soc. of America (1928) 16, p. 433. : 

14 P, Kirkpatrick: On the Theory and Use of Ross Filters. Review 
of Scientific Instruments (1939) 10, p. 186. f 

1B, Averbach and M. Cohen: X-ray Determination of Retained 
Austenite by Integrated Intensities. Trans. AIME (1948) 176, p. 
401; TecHnoLocy (February 1948). 

16M. Hansen: Aufbau der Zweistofflegierungen. (1936) p. 697. 
Berlin. J. Springer Co. 

17R, Buehl and J. Wulff: A Simple Magnetic Apparatus for Phase 
Transformation Studies of Ferrous Alloys. Review of Scientific In- 
struments (1938) 9, p. 224. } 

18 J, C. Fisher and D. Turnbull: Influence of Stress on Martensite 
Nucleation. Acta Metallurgica (1953) 1, p. 310. 

J, H. Hollomon and D. Turnbull: Progress in Metal Physics. 
(1953) 4, pp. 333-388. London. Pergamon Press. 


Thorium-Columbium and Thorium- Titanium 
Alloy Systems 


On the basis of data obtained from microscopic examination, melting observations, 
cooling curves, X-ray analyses, and resistance measurements, phase diagrams have been 
proposed for the Th-Cb and Th-Ti alloy systems. Both are simple eutectic systems and 
have no terminal solid solubility or intermediate phases. The eutectic between thorium 
and columbium occurs at a composition of about 8 wt pct Cb and a temperature of 1435°C. 
The Th-Ti eutectic occurs at 1190°C at the composition 12 wt pct Ti. No change was ob- 
served in the transformation temperature of thorium in either system or in the titanium 


transformation. 


by O. N. Carlson, J. M. Dickinson, H. E. Lunt, and H. A. Wilhelm 


ECENT study of thorium and its alloys has been 

promoted because of the possibility of employ- 
ing this metal in nuclear reactors. Their corrosion 
resistant properties, nuclear characteristics, and 
high melting points put columbium and titanium 
among the many metals being employed in the 
study of thorium alloys. Since a knowledge of the 
phase relationships would be important in the ap- 
plication of such an alloy, investigations were 
undertaken to propose phase diagrams for the Th- 
Cb and Th-Ti systems. 


Experimental Procedures 
Thorium metal sponge was specially prepared for 
use in this investigation. Carbon in a quantity less 
than 0.04 wt pct was the principal impurity. There 
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was also less than 0.01 pet each of iron, calcium, 
zinc, aluminum, and nitrogen in the thorium. 

Columbium, both as a powder and sheet metal, 
was obtained from the Fansteel Metallurgical Corp. 
The manufacturer’s specifications indicated that the 
metal contains less than 1 wt pct total impurities. 
An analysis of the metal showed approximately 0.18 
pet C in the powder and less than 0.05 pct C in the 
sheet. The titanium used was commercial sponge, 
reported to be 99.5 pct Ti. An analysis showed that 
this metal contained 0.2 pct Fe. 

Preparation of Alloys—Since the metals used in 
this investigation are reactive and might become 
contaminated on melting in a refractory crucible, 
the alloys were prepared by are melting. The ti- 
tanium sponge was employed in the form of small 
lumps while the columbium additions were made 
either as pressed pellets of powder or as clippings 
from sheet. The alloying material and the thorium 
sponge were melted together under argon in con- 
ventional arc melting equipment employing a tung- 
sten electrode and a water cooled copper crucible. 
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Fig. 1—Diagram has been proposed for the Th-Cb system 
and shows that thorium and columbium form a simple eutec- 
tic system with the eutectic in the high thorium region. 


Each alloy was remelted three or four times and 
inverted after each melting to obtain complete mix- 
ing. The arc melted alloys were given a homogen- 
ization treatment at 1050°C for 100 hr in vacuo. 

The desired compositions of the alloys could be 
obtained merely by weighing the materials for the 
charge accurately, since there was very little 
change in weight as a result of melting. In an alloy 
where the exact composition was of importance, a 
chemical analysis was also obtained on the alloy. In 
these cases the chemical analysis agreed with the 
intended composition within the limits of error of 
the analytical procedure. 

Metallography—Since most of the alloys were 
quite soft, special precautions had to be taken in the 
grinding and polishing operations. The grinding 


Fig. 2—Micrograph of 3.9 pct Cb alloy 
shows primary thorium (light) in eutectic 
matrix. Sample was etched electrolyti- 
cally in HNO;-KF bath. X250. Area re- 
- duced approximately 10 pct for repro- 
duction. 


composition is 
Sample was 
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loy annealed at 1100°C for 8 hr. Eutectic 
partially 
electrolytically etched in 
HNOs-KF bath. X500. Area reduced ap- 
proximately 10 pct for reproduction. 


operations were performed on silicon carbide papers 
lubricated with either kerosene or water. The alloys 
were polished first on a Microcloth-covered wheel 
using Linde A polishing compound. With Th-Cb 
alloys this was followed by an electrolytic polish in 
3 normal HNO, containing 1 pet KF at a current 
density of 1 amp per sq cm. Th-Cb alloys were 
etched in this same electrolyte using a current 
density of about 100 ma per sq cm. Alloys contain- 
ing more than 90 pct Cb were etched by immersion 
in a bath of concentrated HNO, containing 5 pct HF. 

Two different etchants were used for the Th-Ti 
alloys. The thorium-rich alloys were etched by im- 
mersion in a solution of 10 pet HF in ethanol, where- 
as a mixture of equal volumes of HNO,, H,PO, and 
glycerol containing 5 pct HF was used with the 
titanium-rich specimens. 

Determination of Melting Range—The solidus was 
determined for each of the alloy systems by observ- 
ing the temperatures at which melting of the alloys 
began through a Pyrex window. An optical pyro- 
meter was employed to make temperature readings 
in a small diameter hole drilled in the alloy speci- 
men. The sample in bar form was clamped between 
two water cooled electrodes and then heated by its 
own electrical resistance and a high current. Dur- 
ing the heating the temperature in the hole was 
continuously observed until melting was evident. 
This determination was carried out under a high 
vacuum. The temperature at which the liquid was 
first observed on heating was corrected for absorp- 
tion by the window to give the solidus temperature 
for the alloy composition. 

Early exploratory work indicated that both alloy 
systems had single eutectics. After locating roughly 
the temperature and composition of each of these 
eutectics, a solubility method was used to determine 
the liquidus curves for both systems. The high cur- 
rent apparatus used in the solidus determination 
was converted to a resistance-type tube furnace by 
installing a thin walled tantalum tube heater be- 
tween the electrodes. An alloy of composition cor- 
responding to the eutectic was placed in a thick 
walled crucible prepared from one of the pure con- 
stituents. This combination was then heated in the 
tantalum tube furnace to the desired temperature 
where it was held to react and come to equilibrium. 
After rapid cooling from this temperature, samples 


Fig. 4—Micrograph of 59.8 pct Cb alloy, 
as-arc melted, shows columbium dendrites 
(light) and eutectic (dark). Sample was 
electrolytically etched in HNO:-KF bath. 
X250. Area reduced approximately 10 
pct for reproduction. 


spheroidized. 
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Experimental Results 
The phase diagrams proposed for the Th-Cb and 


of data from melting experiments, tested analy 
X-ray diffraction patterns, and metallographic exam- 
inations. Both systems are of the simple eutectic 
type with little or no solid solubility and no inter- 
mediate phases. 
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Fig. 6—Dicgram which has been proposed for the Th-Ti 
system is shown. 
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tially all eutectic and is considered to be the eutectic 
composition. Fig. 4 is a micrograph of a 59.8 pct Cb 
alloy showing the typical structure of the alloys 
that contain primary dendrites of columbium in a 
eutectic matrix. Microscopic examinations of as- 
are melted alloys containing 1.4, 5.8, 6.3, 7.7, 9.0, 
9.4 12.6, 25.5, 52.2, 72, 95, and 99 pct Cb are in 
agreement with these observations. In addition, the 
5.8, 6.3, 9.4, 25.5, and 52.2 pet Cb alloys were exam- 
ined microscopically after annealing at 1100° ce for 
300 hr followed by annealing treatments at 1285” 
to 1350°C for 2 hr. The only change observed in 

of these alloys was a coarsening of the eutectic. 
X-ray diffraction studies confirmed these obser- 
vations and interpretations. A powder specimen of 
a 52.2 pct Cb alloy was prepared by taking filings 
from the alloy and annealing the filings for 113 hr 
at 600°C in an evacuated quartz capillary. Powder 
patterns were taken using a Debye-Scherrer powder 
camera. a thorium and columbium were identified 
as the two phases present in this alloy. On the basis 
of X-ray phase identification and microstructures, 
it is apparent that the alloy system is a eutectic- 
type system with no intermediate phases. 

Values for the eutectic temperature were deter- 
mined by thermocouple, optical pyrometer, and 
electrical resistivity measurements. Repeated heat- 
ing and cooling curves on the 8 pct Cb alloy using 
a Pt—Pt-13 pct Rh thermocouple gave a small but 
reproducible thermal arrest at 1435=7°C. Melting 
temperatures obtained by the optical pyrometer 
method on this and other alloys are in good agree- 
ment with the value for that of the eutectic obtained 
by cooling curves, but have a tendency to be slightly 
higher. These data have been plotted in Fig. 1. Elec- 
trical resistivity measurements gave a value of about 
1435°C for the eutectic temperature. After an eval- 
uation of the data obtained by the different methods 
employed, a value of 1435°C has been designated as 
this eutectic temperature. 

The thorium liquidus data were obtained primarily 
from solubility measurements at elevated tempera- 
ures as has been described in the preceding section. 
These data, when plotted as shown in Fig. 1, fall 
roughly on a straight line between the thorium melt- 
ing point and the eutectic point. Several observa- 
tions were made concerning the liquidus curves inci- 
dental to the solidus determinations by the optical 
pyrometer method. In three cases it was possible 
to get an approximate value of the temperature of 
the bar when it melted in two. These temperatures 
have been taken as an indication of the temperature 
at which melting is nearly complete, corresponding 
roughly to a point on the liquidus. As can be seen 
in Fig. 1, two of these values fall surprisingly close 
to the thorium lquidus obtained by the solubility 
method. 

X-ray diffraction methods were employed to de- 
termine the extent of solid solubility between 
thorium and columbium at room temperature. No 
measurable change was observed in the lattice con- 
stant of columbium (a, = 3.301A) upon the addition 
of thorium, which is taken as evidence that a neg- 
ligible amount of thorium is dissolved in columbium 
at lower temperatures. However, the X-ray data on 
columbium in e thorium could be interpreted as 
evidence for a very limited solubility. Fig. 5 is a 
curve representing a plot of observed lattice con- 
stants of thorium with increasing columbium con- 
tent. There is a discontinuity in this curve occurring 
at a columbium concentration of about 0.1 pct. The 
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Fig. 7—Micrograph of 10 pct Ti alloy, 
as-arc melted, shows primary thorium 
(light) in fine eutectic matrix. Sample 
was etched with 10 pct HF in ethanol. 
X250. Area reduced approximately 10 
pct for reproduction. 


Fig. 8—Micrograph of 20 pct Ti alloy, 
as-arc melted, shows primary titanium 
(light) in eutectic matrix. Sample was 
etched with 10 pct HF in ethanol. X250. 
Area reduced approximately 10 pct for 
reproduction. 


Fig. 9—Micrograph of 60 pct Ti alloy, 
as-arc melted, shows primary titanium in 
eutectic matrix. Sample was etched with 
HNO.-H.PO,-HF in glycerol. X250. Area 
reduced approximately 10 pct for repro- 
duction. 


solubility limit of columbium in a thorium at lower 
temperatures is therefore not greater than 0.1 pct. 

Chiotti’ has reported an allotropic form of thorium 
that exists above 1400+25°C. This high tempera- 
ture form is body-centered-cubic and has a lattice 
constant of about 4.12A at that temperature. The 
effects of impurities on the transformation are not 
fully known; however, carbon has been shown to 
raise this transformation temperature markedly. 
Since the actual temperature at which the trans- 
formation occurs in high purity thorium is not accu- 
rately known, it is very difficult to establish with 
any degree of certainty the effects of columbium on 
the transformation temperature. Electrical resis- 
tivity vs temperature curves were obtained on sev- 
eral thorium-rich alloys and, as can be seen from 
the points plotted in Fig. 1, the temperatures at 
which breaks were observed in the resistivity curve 
were badly scattered between 1335° and 1385°C. 
However, the resistivity breaks observed in Th-Cb 
alloys all occur at a somewhat lower temperature 
than that observed for thorium. 

High temperature X-ray diffraction data on this 
transformation were obtained for several thorium- 
rich alloys using an X-ray camera designed by 
Chiotti.? This camera consists of a specimen holder 
and furnace which are used as auxiliary equipment 
with a Norelco high angle goniometer. The appa- 
ratus can be used for obtaining X-ray diffraction 
patterns at temperatures up to 1600°C in vacuo. 

The data obtained with this equipment have been 
plotted in Fig. 1. There is a wide variation in the 
values observed for the transformation temperature 
but, as with the resistance measurements, the X-ray 
data indicate that the addition of columbium lowers 
the transformation temperature of thorium slightly. 
The transformation temperature is shown as 1375°C 
in the proposed diagram. That this lowering is 
actually due to the solubility of columbium in £ 
thorium rather than to some secondary effect is 
questionable. 

Th-Ti System—The diagram proposed for the 
Th-Ti system is shown in Fig. 6. The eutectic nature 
of the system was ascertained from the microscopic 
investigation of alloys at approximately 10 pct in- 
tervals across the system. Fig. 7 is a micrograph of 
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a 10 pet Ti alloy and shows primary dendrites of 
thorium in a eutectic matrix. As can be seen in 
Fig. 8, a 20 pct Ti alloy contains primary titanium 
and eutectic as does a 60 pct Ti alloy, Fig. 9. Micro- 
scopic examination of alloys of other compositions 
across the system revealed structures that were 
consistent with these observations. In addition, an 
X-ray powder pattern of the 60 pct Ti alloy, which 
had been annealed at 1050°C for 100 hr, was used 
to identify the phases present as o thorium and « 
titanium. These data are considered as evidence that 
a single eutectic exists between thorium and tita- 
nium and that there are no intermediate phases in 
the system. 

The composition of the eutectic has been located 
by metallographic methods. An 11.6 and a 12.7 pct 
Ti alloy appear to lie very close to the eutectic point. 
A small amount of primary thorium can be observed 
in the 11.6 pct alloy, see Fig. 10, whereas primary 
dendrites appearing in the microstructure of a 12.7 
pet alloy have been interpreted as those of titanium. 
The eutectic composition has been placed at 12.0 pct 
Ti, between these two compositions. 

The eutectic temperature of 1190°C was deter- 
mined from optical pyrometer measurements of the 
melting temperatures of several alloys. These data 
have been plotted in Fig. 6. 

Both the thorium liquidus and the titanium 
liquidus were determined experimentally by the 


Fig. 10 — Micro- ; 
graph of 11.6 pct 
Ti alley, as-arc 
melted, shows small 
dendrites of pri 
mary thorium in 
eutectic matrix. 
Sample was etched 
with 10 pct HF in 
ethanol. X250. Area 
reduced approxi- 
mately 10 pct for 
reproduction. 
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solubility method described in an earlier section of 
this paper. They were found to be smooth curves 
with no points of inflection. Chemical analyses were 
obtained on samples from the various hquidus de- 
terminations and appear as plotted points in Fig. 6. 
The melting point of the commercial sponge tita- 
nium was 1610°C as determined by the optical pyro- 
meter method. The melting point of crystal bar 
titanium was also determined and found to be 
1665°C. The latter value has been used in the con- 
struction of Fig. 6. 


Table |. Lattice Constants of Th-Ti Alloys 


Lattice Constants in A* 
Alloy Compo- 
sition, Wt Pct ao co 


Th 5.0874 
Th-5 pet Ti 5.0834 — 
Th-10 pet Ti 5.0839 = 
Crystal bar Ti5 2.9504 4.6833 
Commercial Ti 2.952 4.702 
Ti-10 pet Th 2.952 4.696 
Ti-20 pct Th 2.953 4.693 


* The values listed are held to be reproducible to +0.0005A for 
the thorium constants and +0.001 for the titanium constants, 


No investigation was made of the effect of tita- 
nium upon the temperature of the thorium trans- 
formation. However, there is no microscopic evi- 
dence for any appreciable solid solubility at the 
1400°C transformation temperature, indicating that 
the transformation is relatively unaffected. 

The titanium transformation in the alloys’ was 
studied by cooling curve methods employing a dif- 
ferential thermocouple. Commercial titanium was 
found to transform on cooling at 894°C, slightly 
higher than the 885°C value reported for crystal 
bar titanium.’ As can be seen from the data plotted 
in Fig. 6, no significant change in this transforma- 
tion temperature was observed in the Th-Ti alloys. 

The extent of solid solubility was investigated by 
X-ray diffraction methods. Diffraction patterns were 
obtained on filings of annealed alloys using a Debye- 
Scherrer powder camera. Errors due to film shrink- 
age were corrected for by means of a film calibra- 
tion device’ and the parameters were calculated by 
the method of least squares. The results are sum- 
marized in Table I. The thorium lattice constants 
for the 5 and 10 pct Ti alloys, both of which are in 
the two phase region, are in good agreement with 
one another but differ from the value for pure 
thorium by a small but real amount. If the assump- 
tion is made that this change in lattice constant is 
attributable to titanium in solid solution and, fur- 
ther, that the solution approximately obeys Vegard’s 
law,’ then the extent of solid solubility correspond- 
ing to the observed decrease may be calculated. A 
calculation based on this assumption indicated a 
maximum solubility of 0.087 pct Ti. It was there- 
fore concluded that the solubility of titanium is not 
greater than 0.1 pct in a thorium at room tempera- 
ture. Microscopic evidence is in agreement with this. 

It will be noted from Table I that there is con- 
siderable variation in the lattice constants, espe- 
cially in the c values for the unalloyed titanium 
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metal. This variation is an indication of the pres- 
ence of influential impurities in one or both tita- 
nium specimens. There is a small but measurable 
decrease in the c, value of the commercial titanium 
upon the addition of thorium. Since the a, value is 
unaffected by thorium additions and the change in 
c, is only 0.006A, the solubility of thorium in a tita- 
nium must be, at most, a very small amount. 


Discussion of Results 


No solid solution regions are shown in either of 
the proposed diagrams although X-ray evidence in 
both systems indicates the possibility of some very 
limited solid solubility. The small decrease in the 
thorium lattice constant by the addition of either 
columbium or titanium and the decrease in the C 
value for titanium may both be the result of a 
scavenging action. Carbon dissolved in thorium 
metal increases the lattice constant of thorium quite 
appreciably. Should columbium or titanium pre- 
cipitate the carbon normally dissolved in the thorium 
metal as an insoluble carbide, there would be a de- 
crease in the thorium lattice. Similarly, oxygen dis- 
solved in titanium expands the lattice. The addition 
of thorium might result in removal of the oxygen 
from solid solution in the titanium and thus decrease 
this lattice constant. The observed changes in lattice 
constants are sufficiently small to be accounted for 
by the possible scavenging action. Therefore, solid 
solubilities at room temperature are quite likely 
negligible as indicated in the diagrams. 

The type of alloying observed for both systems 
might well have been predicted from an application 
of the Hume-Rothery rules of alloying.’ The atomic 
radii of thorium and titanium differ by about 22 pct 
while thorium and columbium differ by 19 pet. Since 
extensive solid solubility does not occur between 
metals differing in size by greater than 15 pct, 
limited solid solubility, at most, would be expected. 
Also, the greater the difference in electronegativity 
between two metals, the greater the tendency to 
form compounds. Since there is no great difference 
between the electronegativities of thorium, titanium, 
and columbium the absence of intermediate phases 
is not too surprising. 
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Comparison of Techniques in a Study 
Of Zinc Self-Diffusion 


Self-diffusion in zinc has been used as an instrument for comparison of the absorption 
and sectioning techniques as a means of studying diffusion. Single crystal as well as poly- 
crystal samples were used and the temperature range of diffusion extended from 200° to 
415°C. For temperatures above 200°C, the data indicate that the results obtained from 
the absorption technique agree with those obtained from the sectioning technique. The 
effect on the values of the diffusion coefficient of electroplating vs evaporation as a means 
of applying the tracer was investigated and no significant difference observed. It was 
found that an excess or deficiency of tracer did not materially affect the results obtained 
from the sectioning technique, but invariably caused errors with the absorption technique. 


by F. E. Jaumot, Jr. and R. L. Smith 


EARLY all self-diffusion experiments and 

many alloy diffusion experiments have em- 
ployed radioisotopes as the instrument for follow- 
ing the diffusion. Of the various techniques in 
which radioisotopes are applicable, the two most 
widely used are the sectioning and absorption tech- 
niques. In the former, the diffusion coefficient is 
obtained from a curve of log concentration vs the 
square of the mean penetration depth. In the latter, 
the diffusion coefficient is calculated from a knowl- 
edge of the decrease in activity at the surface after 
diffusion. In spite of the importance of knowing the 
reliability of the diffusion data and the widespread 
use of these two techniques, they had not been 
directly compared experimentally on the same sam- 
ples. Thus, such a comparison was worthwhile. 

The specific system chosen for this comparison 
was the self-diffusion of zinc, since the metal was 
readily obtainable in high purity, single crystals 
were easily grown, and the anisotropic features of 
the diffusion added an additional factor of interest 
to the comparison. Self-diffusion in both single and 
polycrystals was investigated, since the possibility 
existed that grain boundaries and grain boundary 
diffusion might produce different effects for the 
different techniques. Also, the effects of electro- 
plating vs evaporation as a means of applying the 
radioactive tracer, and the effects of applying an 
excess or deficiency of tracer material were studied. 

The general experimental procedures and the 
mathematical analyses of both techniques have been 
described previously in some detail,“ and only 
those points essential to an understanding of the 
present work will be discussed here. 

The mathematical analysis of the sectioning data 
requires only a knowledge of the solution of Fick’s 
equation. 

Cy 


\/rDt 


where C, is the initial concentration, C is the con- 
centration at depth x, D is the diffusion coefficient, 
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Fig. 1—Typical curve for absorption of the radiation from 
Zn” by zinc is charted. 


and t is the time. Thus, D is obtainable directly from 
the slope of In C vs (x)”. 

In the absorption technique, the fraction, F, of 
counts remaining after diffusion can be related*” to 
the diffusion coefficient through 


ray | [2] 


Va 
z= Dt [3] 


and p» is the absorption coefficient of the solvent 
metal for the radiation from the solute. Having 
obtained F from the experiment, the value of z can 
be read from a plot of F vs In z, and D can then be 
calculated if » is known. The necessity of knowing 
the absorption coefficient causes most of the criti- 
cism of the absorption technique. It is very diffi- 
cult to measure » accurately under the conditions 
existing in the diffusion experiment, but it is abso- 
lutely necessary, as will be indicated briefly later. 
Portions of this problem have been discussed in 
detail elsewhere.* 

The difficulties involved in the measurement of 
the absorption coefficient arise from three principle 
factors: the physical characteristics of the absorber, 
the geometry, and complex radiation spectra. The 
first two are heavily dependent upon the third. If 


F=e 


where 
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Z=p2Dt or Z=p,2 Dt 


Fig. 2—Theoretical curves of fraction of counts remaining 
after diffusion as a function of the parameter Z = w’Dt 
are plotted. 


B-rays are the principle radiation being detected, 
electroplated or evaporated films’ rather than thin 
foils must be used in the determination of the ab- 
sorption coefficient. In the present experiment, thin 
foils and evaporated and electroplated films all gave 
similar results for the complex absorption coeffi- 
cient, principally because the fraction of positrons 
in the complex spectra is very small. 

The problem of complex radiation did, however, 
occur in the present experiment, since zinc emits 
auger electrons, conversion electrons, positrons, 
X-rays, and y rays.” When complex radiation is 
present, as it often is in artificial isotopes, it cannot 
be assumed that the absorption can be expressed by 
the usual exponential relation, e“*. For example, 
Fig. 1 gives a typical curve for the absorption of 
Zn” radiation in zinc, as determined with the dif- 
fusion geometry. The usual equation, Eq. 2, no 
longer applies, since it is based on a simple absorp- 
tion. Thus, one must modify the curve of F vs In z 
to take the complex absorption into account. That 
this modification can be severe is illustrated in Fig. 
2, where the curves of F vs In z are plotted for the 


Table I. Values of Do and Q Obtained from the Curves of In D 


vs 1/T 
Sectioning Ab- 
sorption 
Miller Liu and — 
and Drick- Shirn Present Present 
Banks amer et al. Work Work 
Q); Kceal per mol 20.4 19.6 21.8 22.0+0.3 22.02.1 
Q| keal per mol 25.9 24.3 24.9+0.9 
Do|| cm? per sec 0.05 0.021 0.13 0.076 0.068 
Do| cm? per sec 0.09 1.60 0.58 0.39 0.12 
Q (poly) keal per 
Do (poly) cm? per 
sec 0.19 0.11 


case of simple absorption and for the experiment- 
ally determined absorption of the present experi- 
ment. Although the F vs In Zz curve is quite different 
from that for simple absorption, the present case 
is much simpler than one would expect from the 
complexity of the radiation involved, primarily be- 
cause the penetration distance in zine of auger and 
conversion electrons is negligible, the number of 
positrons is very small, and the thin window 
counter used counted only about 1 pct of the y rays 
ejected. 
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Geometry is the most serious of ‘all difficulties in 
the usual diffusion experiment, particularly when 
B-rays are involved, since in that case it is possible 
to get values of the activity at the surface, N, which 
are greater with absorbers than without them.” To 
overcome the uncertainties due to geometry, it is 
absolutely essential that the absorption coefficient, 
usually complex, used in the expression for F' be 
determined experimentally, using geometries which 
are as closely as possible identical to the diffusion 
geometry. Berkowitz has shown that this proce- 
dure will generally result in an expression for the 
total activity at the surface 


N/N, = > [4] 


where N, is the initial activity, without absorbers, 
and A, is a geometrical factor. It can be shown” 
that if Z = wDt, 


ra > ac ( 


2 
i 
Ma 


z) [5] 


where 


2 
E ——- e” ay | [6] 
Vr 
Here, is generally taken to be the larger of the p’s 
in Eq. 4, but this is not required. Curve 2 of Fig. 2 
was obtained from Eq. 5, using the data in Fig. 1. 


Experimental Techniques 

The technique used for the sectioning method 
was a standard one and has been described pre- 
viously (see, for example, ref. 1). The only new 
feature was the use of a high precision jeweler’s 
lathe which allowed removal of sections 0.0005 cm 
thick; thus, many more sections were obtained. One 
marked advantage of thin sections is the reduction 
in the possibility of unknowingly sectioning at an 
angle to the original diffusion interface. It is easy to 
see with the unaided eye whether or not the tool is 
removing material across the entire sample. Using 
5g in. diam samples one finds a maximum possible 
angle of error of about 3 x 10° radians. 

The details of the absorption technique have 
been described in previous work.*” 
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Zine used in the experiment was obtained from 
Belmont Smelting and Refining Co., and was 99.99+ 
pet pure. The single crystals were grown using a 
modified Bridgman method and the orientation of 
each sample determined by back-reflection Laue 
photographs. Samples with faces oriented parallel 
to the c-axis had a maximum deviation of 6° and 
those with faces perpendicular to the c-axis were 
oriented to within the accuracy of our measure- 
ments, about 1.5°. The polycrystal samples were 
prepared in three grain sizes: small, about 4 mm’; 
medium, about 9 mm’; and large, about 25 mm’ by 
quenching, air cooling, and furnace cooling. A small 
amount of crystal growth occurred during the 
diffusion runs but there was no recrystallization. 
The other details of the preparation of the speci- 
mens, the method of electroplating and the plating 
solution were similar to those described by Shirn 
and co-workers.’ Some samples were also coated 
with Zn” by evaporation from a tungsten filament. 

The specimens were placed in pairs, with active 
faces together, in evacuated Pyrex tubes for the dif- 
fusion anneals. Active faces need not be placed to- 
gether for the sectioning technique, but for the ab- 
sorption technique it is necessary to prevent eva- 
poration from the faces of the sample. In fact, the 
absorption data is obtained by counting the samples 
in pairs so that any exchange in active material is 
compensated for. In a few cases, particularly at the 
higher temperatures, some evaporation did occur 
as evidenced by activity on the Pyrex capsules and, 
of course, these samples could not be used for ab- 
sorption technique determinations. The specimens 
were annealed at temperatures ranging from 415° 
to 200°C for times ranging from 18 to 168 hr. A 
resistance furnace containing a large copper inertia 
block was used and the temperature controlled by 
a Celectray controller. The maximum temperature 
variation at the samples was about +2°C. 

After the diffusion anneal, and after the samples 
had been counted to obtain the necessary data for 
the absorption analysis, 30 to 100 mils were re- 
moved from the cylindrical surfaces of the samples 
to eliminate possible surface effects. Sections 0.5 to 
1.5x10° cm thick were removed, carefully col- 
lected and weighed to determine their thickness 
more precisely, and their activity determined using 
standard techniques.* 


Results 

Diffusion runs were made at five temperatures 
from 200° to 415°C. At least six and as many as 
18 samples with faces oriented parallel to the c-axis 
and six to 18 with faces oriented perpendicular to 
the c-axis were used at each temperature for the 
single crystal diffusion. For the polycrystal diffu- 
sion, 24 samples were used at each temperature. 

Typical data for the logarithm of the concentra- 
tion as a function of the square of the penetration 
depth for diffusion perpendicular and parallel to the 
c-axis are shown in Fig. 3. Fig. 4 shows similar 
curves for polycrystalline data, and indicates the 
number of sections it was possible to obtain. The 
arrows terminating the curves, in some cases, in- 
dicate that the curves extended to greater penetra- 
tion depths. Curve 1S in Fig. 4 indicates that the 
first few points are abnormally low. This occurred 
only in a few cases and then only at the highest 
temperatures. Such behavior was not thoroughly 
investigated but it may be due to an evaporation 
effect. 
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Values of the diffusion coefficient obtained from 
single crystal samples at the various temperatures 
are summarized in Figs. 5 and 6, where the loga- 
rithm of D is plotted against the reciprocal of the 
absolute temperature. Fig. 5 gives the data as ob- 
tained by the sectioning technique and Fig. 6 gives 
the results from the absorption technique. In all 
cases, the vertical lines give the spread in the data. 

Fig. 7 gives the results for polycrystal diffusion 
obtained by the sectioning and absorption tech- 
niques. 

All the data obey the usual exponential relation 


[7] 


and the values of D, and Q are summarized in Table 
I, for single and polycrystal diffusion. 


Discussion 

The errors involved in diffusion experiments are 
large and often difficult to estimate. These errors 
have been discussed in great detail. See, for exam- 
ple, refs. 1, 6, and 13. It is difficult to see how an 
error of less than 10 pet could be claimed for any 
given single value of D. At the same time, if a 
sufficient number of samples are used over an ap- 
preciable temperature range, and Eq. 7 is obeyed, it 
would seem reasonable that Q could be determined 
to within a few percent. On the other hand, the fre- 
quency factor, D,, is very sensitive to variations in 
Q and an error of 50 pct is not considered unusual. 

Table I includes the values of Q and D, obtained 
by Shirn and co-workers,’ Liu and Drickamer,” and 
by Miller and Banks.’ All values for parallel diffu- 
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sion are in reasonable agreement, but for perpendi- 
cular diffusion the present work is in good agree- 
ment only with Shirn, and in reasonable agreement 
with Liu and Drickamer. The discrepancy in Miller 
and Banks’ results has been discussed previously’ 
and will not be repeated here. Liu and Drickamer’s 
results indicate a greater difference in the activation 
energies for parallel and perpendicular diffusion 
than found by Shirn or the authors (6.3 vs 2.5 and 
2.9 keal respectively). It would appear that their Q|; 
is somewhat low. When their data for D , vs 1/T are 
fitted by the method of least squares, the values Q | 
= 24.8 kcal per mol and D,| = 0.66 cm’ per sec 
are found, which are in better agreement with Shirn 
and the present authors. Although the values ob- 
tained for Q and D, are in agreement with those of 
Shirn et al., the actual values of D are roughly a 
factor of two smaller. The most plausible explana- 
tion for this difference is a difference in the treat- 
ment of the surfaces. Birchenall and various co- 
workers have made a study of the effects of surface 
treatment. A publication which includes a discus- 
sion of this phenomenon (in connection with cobalt 
self-diffusion) is in preparation.” 

If one considers only the values obtained by the 
sectioning method, the data indicate that the activa- 
tion energy for polycrystal diffusion falls between 
the activation energies for parallel and perpen- 
dicular diffusion, as one might expect. Fig. 7, on the 
other hand, indicates that D is higher for every 
temperature for polycrystals than for either case 
of single crystals. Although the difference in values 
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of D is within experimental error, the authors feel 
that it is a result of a real grain boundary effect. 

It was mentioned that three grain sizes were used 
in the polycrystal diffusion. In Fig. 7, the different 
symbols represent the mean value of the diffusion 
coefficients for the different grain sizes. The spread 
in the data, which is not shown, is sufficiently large 
for each grain size to cover the average value for 
the other grain sizes. The average values alone 
indicate that for temperatures above 200°C there 
is no grain size effect. A similar result was obtained 
for the absorption technique, so that in Fig. 7 the 
mean values of D obtained from all grain sizes are 
plotted and the data spread indicated. It might be 
pointed out that the spread in the data from the 
sectioning technique was considerably less than that 
shown for the absorption method. At the same time, 
the overall spread in the polycrystal data is much 
larger than for single crystals. This is to be ex- 
pected, entirely apart from a grain boundary effect, 
when there is anisotropy of diffusion. 


Comparison of the Techniques 

Figs. 5 and 6 and Table I indicate that the absorp- 
tion technique gives quite good results for single 
crystal diffusion. Although it is believed that this 
is the first case of the two techniques having been 
compared using the same samples, there are data 
in the literature which allow other comparisons. 
These data are given in Table II. It is to be empha- 
sized that, although these data were chosen because 
they represent some of the better diffusion work, 
they were obtained under different conditions at 
different temperatures and at different times. Except 
in the case of the data on gold and one determina- 
tion for copper the agreement for the two techniques 
is reasonably good. 

In a recent paper involving the diffusion of iron 
in wustite and cobalt in cobaltous oxide these tech- 
niques were compared.” Although the results from 
the two techniques were comparable, in general, it 
was found that in the case of iron in wiistite below 
850°C the absorption technique was inaccurate. 
However, Himmel et al.* obtained values for the 
diffusion of iron in wiistite below 850°C by the 


Table Il. A Comparison of Q and Dy Values for Different Metals 
Obtained Using the Sectioning and Absorption Techniques 


Do Q Tempera- 


Tech- Cm2 Kealper Sample ture Refer- 
Metal nique Sec-t Mol-1 Type* Range, °C ence 
Au Sectioning 9.8 62.9 18) 800° to 1000° 3 
Absorption 2.1 ° 50.3 12) 800° to 1000° 4 
Ag Sectioning 0.724 45.5 S) 650° to 950° St 
Sectioning 0.895 45.95 12) 725° to 950° 6 
Absorption 0.895 45.95 S and P 500° to 900° 7 
Cu Sectioning 0.1 44.9 P 750° to 1000° 8t 
Sectioning 0.1 45.1 S) 800° to 1000° 9 
Sectioning 0.6 45.1 Ss 800° to 1000° 9 
Absorption 0.3 46.8 ie 650° to 850° 10 
Absorption 11.0 57.2 P 750° to 950° 11 


* P represents polycrystal, S, single crystal. 

yj These data actually represent the results of the combined data 
of all work on self-diffusion in silver. 

t These data were obtained from the diffusion of guid in copper. 


absorption technique which agree well with those 
obtained by Carter and Richardson” using the sec- 
tioning technique. 

The results of other workers indicate that the 
conclusion, based on the present work, that the two 
techniques under consideration are capable of giv- 
ing comparable results, may be quite generally valid. 
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The authors believe that the extent to which this 
is true is directly proportional to the care exercised 
in the treatment of the absorption coefficient. 

It is interesting that the data also show agreement 
between the values of D, and Q, within experimental 
error, for polycrystal diffusion. There is no reason 
to assume that a grain boundary effect could lead 
to similar results for both techniques. That it does 
so to the extent indicated by the data is probably 
due to the smallness of the grain boundary effects 
at elevated temperatures which, if larger, would 
cause the curve ln C vs x’ to deviate from a straight 
line, making a volume diffusion coefficient unobtain- 
able. Also, the apparent agreement results partly 
because large errors are tolerated, particularly for 
the absorption technique. 

Fig. 7 indicates that, although the values of D, 
and @® obtained for diffusion in polycrystalline zinc 
by the two techniques agree within the possible 
error, the actual D values differ by a factor of three. 
This is in contrast to the single crystal data which 
yield very similar values of D for the two tech- 
niques. It is somewhat difficult to explain this poly- 
crystal behavior; the lower values of D from the 
absorption technique mean that, experimentally, the 
surface activity observed was higher than the true 
value. This is subject to the assumption that the 
value of the complex absorption coefficient used was 
the correct one. The single crystal results indicate 
that it was. Therefore, the lower D values are most 
probably due to increased scattering (in the for- 
ward direction) of the radiation due to the grain 
boundaries.” 

It is also interesting to note that the largest dif- 
ferences in the values of Q and D, for the two tech- 
niques occur for diffusion perpendicular to the 
c-axis in single crystal samples. Also, the uncer- 
tainty in the values of Q@ and D, as obtained from 
the sectioning technique are three times as great 
for perpendicular diffusion as for parallel. A similar 
effect was noted by Shirn,* and the present workers 
are inclined to agree that this may be a real effect. 

The possible effects on the diffusion results of 
electroplating vs evaporation as a means of apply- 
ing the tracer were also investigated. In no case 
was there any difference in the results. However, 
electroplating is preferred since the percentage of 
samples it is necessary to reject because of surface 
irregularities is lower and considerably less radio- 
active material is wasted. 

The effects on the value of the diffusion coefficient 
of an initial excess or deficiency of tracer material 
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Mox Min Best Mox Min Best | 
22.3 217 22.0 24.4 19.5 
Do 0.30 0.05 008 0.45 001 0.07 cm sec | 


Fig. &8— Maximum 
spread in the single 
crystal diffusion data 
is plotted. The solid 
lines bound the 
spread for the ab- 
sorption technique; 
the dashed lines for 
the sectioning tech- 
nique. The tables 
indicate the largest 
and smallest values 
Q and Do deduci- 
' ble from the data. 
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Q 25.8 240 24.9 24.4 208 23.5 Kcal/mol 
Do O71 0.16 0.39 0.31 0.01 0.12 cm* sec 


ABSORPTION 


14 1.5 1.6 1.8 20 


TRANSACTIONS AIME 


were investigated and found to be negligible in the 
case of the sectioning technique, providing that suf- 
ficient diffusion had occurred. That is, only the first 
few points in the In C vs zx’ curves are affected. 
However, the results from the absorption technique 
are strongly affected. An excess of tracer always 
gave a low value of D and a deficiency gave 2 high 
value, both by at least an order of magnitude in 
comparison with the normal absorption and section- 
ing data. What constitutes an excess or a deficiency 
of tracer material is not easily expressed in terms 
of thickness of the plated layer since specific activi- 
ties of different batches of the same isotope may 
vary widely. However, it appears that for zinc (and 
previous results” ” indicate that perhaps in general) 
the optimum activity, using a thin mica end window 
counter tube, is between 4,000 and 10,000 counts per 
min per sq cm of surface counted. Less than 1,000 
is definitely a deficiency and more than 40,000 is 
excessive. In the present experiments our deficiency 
samples exhibited counts of between 300 and 2,000 
per min per sq cm, and our excess samples, between 
40,000 and 100,000. 

Figs. 5 through 7 show that, in general, the spread 
in the data and consequently the probable error is 
greater for the absorption method. This is illus- 
trated in detail in Fig. 8, where the maximum spread 
in the data for single crystal diffusion is compared 
for the two cases. It should be pointed out that 
some experiments making use of the absorption 
technique do not show large data spreads~~™ but, 
in fact, show deviations compatible with those from 
the sectioning technique. The maximum and mini- 
mum values of the activation energies given in the 
tables of Fig. 8 were obtained by drawing curves 
which had the maximum and minimum slopes but 
which could be included within the data spread of 
at least four of the five experimental points. The 
D,’s were then calculated using these values of Q. 
The best values were obtained by fitting the data 
by means of least squares. 


Conclusions 


1—The absorption and sectioning techniques for 
determining self-diffusion coefficients in zinc yield 
comparable results, although there is a greater spread 
in data for the absorption method. 

2—An excess or deficiency of tracer material is 
only seriously detrimental in the case of the absorp- 
tion method. 

3—There is apparently no appreciable difference 
in the amount of surface blocking whether the 
radioactive tracer is applied by electroplating or 
evaporating. 

4—-There is no significant grain size effect on dif- 
fusion in polycrystalline samples at temperatures 
above 200°C. 

5—Self-diffusion parallel and perpendicular to 
the c-axis in zine is probably best represented by 
the equations 


0.08 ems persee 
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Strain Rate Effects in Tungsten 


The yield strength of annealed tungsten was found to have a strain rate exponent 12 
times as great as that of low carbon steel. The effects of temperature and strain rate 
could be correlated through the Zener-Hollomon parameter with a heat of activation as- 
sociated with yielding of 32,000 cal per g-atom. This heat of activation is independent 


of strain although both the temperature and strain rate dependence of the yield strength 
vary with strain. 
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creases rapidly with decreased test temperature and 
the logarithm of the yield strength is a linear func- 
tion of 1/T. The temperature exponent, gq, Eq. 4, was 
found to be approximately 5,400 cal per mol which 
is very large compared with the 100 to 200 cal per 
mol observed for steel by Zener and Hollomon, and 
1,700 cal per mol observed by Bechtold’ for molyb- 
denum. The heat of activation of a relaxation proc- 
ess which might occur in an observable time at 150° 
to 350°C should be about 25,000 to 50,000 cal per 
mol. For a heat of activation of this magnitude the 
strain rate exponent, r, Eqs. 3 and 5, would have to 
be between 0.10 and 0.20. Zener and Hollomon give 
r = 0.0125 for steel. Consequently, in order to have 
reasonable activation energies associated with yield- 
ing, the strain rate exponent for yielding must be at 
least eight times as great in tungsten as in steel. 

The effect of strain rate on the yield strength of 
tungsten should be a rather critical test of the gen- 
eral applicability of the Zener-Hollomon parameter 
to correlating the effects of temperature and strain 
rate on mechanical properties of metals at low tem- 
peratures. If the strain rate effects are of the mag- 
nitude predicted, i.e., if the heat of activation is a 
reasonable value, considerable confidence in the 
general utility of the relation is justified. Conversely, 
if large strain rate effects are not observed, the 
general applicability of the equation must be ques- 
tioned and no significance can be attached to the 
activation energies so calculated. 


Material and Test Procedure 

The tungsten used for the present investigation 
was from the same lot of 0.300 in. diam swaged rod 
as that used by Bechtold and Shewmon’ for deter- 
mining the temperature dependence of the tensile 
properties of tungsten. In the previous investigation 
the specimens were annealed for % hr at 1950°C 
in hydrogen whereas in the present investigation 
the specimens were annealed for 1 hr at 2000°C 
under a vacuum of less than 1x10“ mm Hg. The 
vacuum annealed specimens were not analyzed 
chemically after heat treatment; however, the be- 
havior of the vacuum system during annealing indi- 
cated that a considerable volume of gas was removed 
from the tungsten, probably hydrogen, nitrogen and 
carbon monoxide. The ductility of the vacuum an- 
nealed tungsten also indicated that it was somewhat 
purer than the hydrogen annealed specimens as is 


Table |. Strain Hardening Characteristics of Tungsten 


Rate 
Strain Stress at of Strain 
Test Strain Hardening Unit Natural Hardening at 
Tempera- Rate, Exponent Strain, K,* 6 = 0.03,t 
ture, °C Secl 1 ea 1000 Psi 1000 Psi 

175 2.8 x 10-4 § § § 
200 2.8 x 10-4 0.20 135 450 
225 2.8 x 10-4 0.21 128 430 
250 2.8 x 10-4 0.25 128 440 
275 2.8 x 10-4 0.29 137 480 
300 2.8 x 10-4 0.34 139 480 
350 2.8 x 10-4 0.36 140 480 
250 9.8 x 10-8 § N § 
250 0.20 132 440 
250 0.22 132 450 
250 9.8 x 10-4 0.24 135 460 
250 0.25 136 460 
250 2.8 x 10-4 0.25 128 440 
250 9.8 x 10-5 0.285 133 460 
250 4.2 x 10-5 0.33 137 470 
250 9.8 x 10-8 0.36 148 500 


*mn and K as defined by flow equation ¢ = K6". 
+ Calculated from flow equation at 6 = 0.10. 
tdo/d6 = 

§ Too little plastic deformation for evaluation. 
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Fig. 2—Chart plots load elongation curves for tungsten. Con- 
stant temperature is 250°C. 


discussed later. The microstructure of the vacuum 
annealed specimens was identical with that of the 
H, annealed specimens. The tensile specimens were 
ground to a uniform 0.200 in. diam over a 1% in. 
gage length, type A in ref. 3. The method of testing 
was also the same as that used previously. 


Results 

Stress-Strain Curves—Several typical nominal 
stress percent plastic elongation curves are shown 
in Figs. 1 and 2. A marked similarity in the effects 
of changes in temperature and strain rate on tensile 
properties is readily evident. The curves show a 
consistent increase in yield and flow stress with de- 
creased test temperature or increased strain rate. 
Since the temperatures and strain rates examined 
covered a range in which both continuous and dis- 
continuous yielding occur, the conventional yield 
criterion, such as the upper or lower yield point, or 
the stress at a given strain, could not be used con- 
sistently as measures of yield strength. For this 
reason the proportional limit is used to define the 
yield strength. Reduction in area at fracture is used 
as the criterion of ductility. 

Marked upper and lower yield points are observed 
only at temperatures below 250°C with strain rates 
above 1x10° sec’. From previous observation of 
other body-centered-cubic metals, marked upper 
and lower yield points were expected at much higher 
temperatures. The reason none were observed above 
250°C is believed to be that the cooling rate from 
the 2000°C recrystallization anneal was too fast for 
interstitial carbon and/or nitrogen atoms to segre- 
gate into the vicinity of edge dislocation and form 
a strong Cottrell type of condensed atmosphere. Slow 
cooling or an anneal at about 800°C would probably 
develop sharp yield points at higher temperatures. 

True stresses and natural strains were calculated 
from the load-elongation data from the limit of the 
yield point elongation to the strain at the maximum 
load point, and are plotted on logarithmic coordinates 
for several test temperatures and strain rates in 
Figs. 3 and 4. The linearity indicates an exponential 
flow equation of the type 


o = KS" [6] 


where o = true stress, 6 = natural strain, K = a 
constant, the true stress at unit natural strain, and 
nm = a constant, referred to as the strain hardening 
exponent. Strain hardening exponents were obtained 
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Fig. 3—Chart plots true stress-natural strain curves of an- 
nealed tungsten. Strain rate is 2.8x10™ sec’. 


by fitting the best straight lines to the experimental 
data over the strain range 6 = 0.015 to 6 = 0.15, or 
to fracture if fracture occurred prior to this strain, 
and are recorded in Table I. K values were calcu- 
lated from the strain hardening exponents and the 
flow stresses at 6 = 0.1, and are also tabulated in 
Table I. The strain hardening exponents, n, decrease 
with decreased test temperature from a maximum 
of 0.36 at 350°C to 0.20 at 200°. Data not reported 
here indicate that n also decreases above 350°C. This 
behavior is consistent with observations on molyb- 
denum’* and iron.* The effect of strain rate on the 
strain hardening exponent is exactly the same, n 
decreasing from 0.36 at the slowest strain rates to 
0.20 at the highest. The stress at unit strain, K, is 
-relatively insensitive to temperature or strain rate. 

Differentiating Eq. 6 gives the rate of work hard- 
ening 


do o 
— = nks""* = n—. [7] 
Che 

Rates of work hardening were evaluated for sev- 
eral constant strains and are recorded for 6 = 0,03 
in col. 5, Table I. The effect of temperature and 
strain rate on do/déd depends on the strain level at 
which the comparison is made. At § = 0.03, do/dé 
is relatively independent of either temperature or 
strain rate. However, when compared at a lower 


Table Il. Temperature and Strain Rate Exponents and Activation 
Energy for Yielding of Tungsten 


Activation 
Temperature, Energy 
Strain Exponent q, Strain Rate for Yielding, 
Level Cal per Mol Exponent r Cal per Mol 
Yield Strength 4,860 0.15 32,000 
= 0101 3,590 0.11 32,000 
6 = 0.03 2,170 0.073 30,000 
6 = 0.05 1,760 0.059 30,000 
6 = 0.10 1,330 0.042 32,000 


strain level, do/dé is slightly larger at the lower 
temperatures or the higher strain rates. When com- 
pared at considerably higher strain levels, above § ~ 
0.10, do/dsé is slightly smaller at lower temperatures 
or higher strain rates. At all temperatures and strain 
rates, do/dé drops off rapidly with increased strain. 

Temperature Effects—The logarithm of the yield 
strength and of the 0.03 and 0.10 strain flow stresses 
determined at a constant strain rate of 2.8x10* sec? 
are plotted as a function of 1/T for the temperature 
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Fig. 4—Chart plots true stress-natural strain curves of an- 
nealed tungsten at 250°C. 


interval 175° to 350°C in Fig. 5. The open points 
are data of Bechtold and Shewmon and the solid 
points are data from the present investigation. Both 
sets of data points fall quite well on the same straight 
lines and the slopes of the lines were determined by 
least squares using both sets of data. The tempera- 
ture exponents, q, in Eq. 4 for the yield strength and 
for the several isostrain flow stresses are recorded 
in col. 2, Table II. This temperature exponent is 
observed to depend markedly on strain, varying 
from 4,900 cal for the yield strength to 1,300 cal for 
the 0.1 strain flow stress. 

Although the yield strength of the present vac- 
uum annealed tungsten is about the same as that 
of the hydrogen annealed tungsten of Bechtold and 
Shewmon, the ductility above 200°C of the former 
is considerably better as indicated by the reduction 
in area curves in Fig. 5. The better ductility of the 
vacuum annealed tungsten is probably due to a 
higher brittle fracture strength resulting from higher 
purity. Both samples, however, become completely 
brittle below 175°C. The fractures in all of the 
specimens, even the vacuum annealed ones tested 
at 350°C, had the bright, crystalline appearance 
typical ot brittle fracture although at the higher 
temperatures fracture was preceded by considerable 
plastic strain. 

Although the experimental data points in Fig. 5 
fall quite well on straight lines, these straight lines 
cannot be extrapolated to predict yield strengths or 
isostrain flow stresses at temperatures much above 
350°C. Data not shown here for tests above 350°C 
fall considerably above a straight line extrapolation 
of the curves. Yield strengths cannot be determined 
by the tensile test below 175°C, since fracture pre- 
cedes yielding. Consequently, it is impossible to say 
if the linearity of log o vs 1/T continues below this 
temperature. However, it is considered very un- 
likely that the yield strength would continue to in- 
crease as rapidly at lower temperatures as an extra- 
polation of the straight lines in Fig. 5 predicts. 

Strain Rate Effects—The effect of strain rate was 
examined in detail at only one temperature, 250°C, 
which is in about the center of the ductile to brittle 
transition zone. The logarithms of the yield strength 
and of the 0.03 and 0.10 flow stresses are plotted as 
a function of the logarithm of the strain rate in Fig. 
6. The experimental points are observed to fall quite 
well on straight lines in agreement with Eq. 3. The 
best straight lines were fitted to the data points by 
least squares and the slopes, i.e., the strain rate 
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exponents r are recorded in col. 3, Table II. The 
strain rate exponent of the yield strength is within 
the range predicted from the temperature depend- 
ence using the Zener-Hollomon equation. The strain 
rate exponents like the temperature exponents de- 
pend markedly on the strain level, varying from 
0.15 for the yield strength to 0.042 for the 0.10 strain 
flow stress. 

Although both the temperature and strain rate 
exponents depend markedly on strain, the heat of 
activation, Q = q/r, in the Zener-Hollomon para- 
meter is independent of strain within the limits of 
experimental error and equal to 32,000 cal per mol 
as shown in col. 4, Table II. The pronounced strain 
dependence of the temperature and strain rate ex- 
ponents and strain independence of the activation 
energy agree with observations on molybdenum.’ 

The effect of strain rate on ductility is almost as 
pronounced as it is on the yield strength as shown 
by the reduction in area curve in Fig. 6. Comparing 
the reduction in area curves in Fig. 5 with that in 
Fig. 6 reveals a very close similarity in the effects 
of increased strain rate and decreased temperature 
on ductility. The decrease in ductility is a direct 
result of the increase in yield strength which raises 
the ductile to brittle transition temperature. Frac- 
tures appeared bright and crystalline and occurred 
catastrophically even at the slowest strain rates. 

The effect of strain rate on the tensile properties 
of tungsten is much greater than that observed for 
any of the more common metals such as iron, copper, 
or aluminum.’ It is worth noting that the strain rate 
range covered in these tests does not greatly exceed 
the variation in strain rate that is often encountered 
and usually disregarded as unimportant in most 
commercial tensile testing of common metals. The 
importance of controlling the strain rate accurately 
when studying the mechanical properties of annealed 
tungsten is readily evident. 


Discussion 


The results of the tensile tests reported herein on 
annealed tungsten seem to confirm the general utility 
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Fig. 5—Chart plots effect of temperature on the flow strength 
‘and ductility of annealed tungsten. Strain rate is 2.8x10™ 
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Fig. 6—Chart plots effect of strain rate on the flow strength 
and ductility of annealed tungsten at 250°C. 


of the Zener-Hollomon parameter for correlating 
effects of temperature and strain rate on the yield 
strength and isostrain flow stresses of the body- 
centered-cubic metals in the temperature range of 
their ductile to brittle transition. The activation 
energies are of the magnitude which might be ex- 
pected for some type of a relaxation process occur- 
ring in the respective temperature ranges. This 
activation energy is about 32,000 cal for tungsten 
over the temperature range +175° to 350°C, about 
21,000 for molybdenum’ over the temperature range 
—75° to +150°C, and 10,000 to 15,000 for steel’ over 
the temperature range —195° to +25°C. These are 
equivalent temperature ranges for the respective 
metals in the sense that it is in these temperature 
ranges that the rapid increase in yield strength 
occurs’ which brings about the ductile to brittle 
transition. 

The heats of activation associated with yielding 
at low temperatures are much smaller than those 
reported by Dorn et al.,° also using the Zener- 
Hollomon relation, for correlating high temperature 
creep data. Dorn found a very good correlation of 
the heats of activation associated with high tem- 
perature creep and the heat of activation for self 
diffusion. The heats of activation for self diffusion 
are approximately 140,000,° 100,000* and 70,000° cal 


* Estimated from melting point and activation energy for recrys- 
tallization. 


per mol for tungsten, molybdenum, and iron, respec- 
tively; much larger than the observed heats of acti- 
vation associated with low temperature yielding. 
Obviously, yielding must be governed by different 
mechanisms in different temperature ranges. The 
extent of the temperature range over which yield- 
ing is governed by the mechanism associated with 
an activation energy of the magnitude observed here 
was not ascertained. Furthermore, the results re- 
ported here do not prove that there is a single acti- 
vation energy even over the narrow temperature 
range examined since strain rate tests were made 
at only one temperature. However, results on iron’ 
and molybdenum’ would seem to indicate a single 
activation energy over this temperature range. It 
would be of particular interest to ascertain the tem- 
perature and strain rate dependence of yield and 
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flow stresses and the activation energy associated 
with yielding below 175°C. This cannot be done 
with the tensile test but it may be possible with 
compression tests, since it should be possible to 
reach much higher yield strength without brittle 
fracture. 

The marked temperature and strain rate depend- 
ence of the yield strength of the body-centered- 
cubic metals at low temperatures is believed to arise 
from the anchoring of dislocations by interstitial 
solute atoms, such as carbon and nitrogen. There are 
at least three mechanisms by which these inter- 
stitial solute atoms can interact with dislocation." 
The first is by interaction with precipitated carbide 
or nitride particles. The second arises from the pos- 
sibility of relief of hydrostatic stress by the solute 
atoms segregating into the dilated portion of edge 
dislocations. The third arises from the possibility 
of relief of shear stresses around both screw and 
edge dislocations by the solute atoms taking up pre- 
ferred interstitial sites around the dislocation. The 
latter mechanism is believed to be the one chiefly 
responsible for the pronounced temperature and 
strain rate effects in the body-centered-cubic metals.* 


Summary and Conclusions 


The mechanical properties of annealed tungsten 
are extremely sensitive to strain rate in the tem- 
perature range 175° to 350°C, wherein the ductile 
to brittle transition occurs. The strain rate exponent, 


r, in the equation o, ~ ¢’ is about 12 times as large 


as for steel. 

+ Subscript with o in this equation represents yielding. 

The effects of strain rate and temperature on the 
yield strength and isostrain flow stresses could be 
correlated by the Zener-Hollomon parameter. The 
activation energy associated with yielding is 32,000 
cal per mol and, within the limits of experimental 
error, is independent of strain. 

The marked strain rate and temperature depend- 
ence of the yield strength of tungsten and of other 
body-centered-cubic metals is believed to be due to 
the interaction of interstitial solute atoms with dis- 
location arising from the relief of internal stresses 
by the solute atoms assuming preferred interstitial 
sites in the vicinity of the dislocations. 


Discussion of this paper, if any, will appear in 
JOURNAL OF MeEtTALS, November 1956, and in AIME 
Metals Branch Transactions, Vol. 206, 1956. 
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Interaction of Precipitation and Creep 


In Mg-Al Alloys 


Microstructural studies of a Mg-10.3 pct AI alloy showed that discontinuous 
precipitation during aging multiplies the grain boundary area available for easy 
deformation in elevated temperature creep. An increase of strain rate for a 6.2 
pct Al alloy at 400°F, where precipitation and creep are concurrent, caused an in- 
crease in the volume percentage discontinuously precipitated at the completion of 


the process. 


The relatively poor elevated temperature creep resistance of heat 


treated alloys of the Mg-Al-Zn type was explained in these structural terms. 


by C. S. Roberts 


REEP resistance of the heat treatable Mg-Al 

based alloys is poor compared to that of Mg-Ce 
based alloys. While the latter show a continuous 
precipitate,, Mg-Al alloys prefer a discontinuous 
precipitate at grain boundaries.” * It has been con- 
cluded that the excellent creep resistance of Mg-Ce 
alloys was primarily due to the continuous pre- 
cipitation which especially localized at the grain 
boundaries." The purpose of the present investiga- 
tion was to obtain a parallel correlation, if such 
exists, between the poor creep resistance and the 
state of precipitation in Mg-Al alloys. Discontin- 
uous precipitation produces about three times as 
many true grain boundaries as originally existed. 


C. S. ROBERTS, Junior Member AIME, is associated with Metal- 
lurgical Laboratories, Dow Chemical Co., Midland, Mich. 

Discussion of this paper, TP 4110E, may be sent, 2 copies, to 
AIME by Apr. 1, 1956. Manuscript, Nov. 29, 1954. Philadelphia 
Meeting, October 1955. 
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This microstructure would be expected to have a 
marked influence in creep, where quantity of grain 
boundary area is important. 


Experimental Procedure 

The two experimental alloys contained 6.2 and 
10.3 pet Al. They were made from electrolytic mag- 
nesium by alloying under flux and casting in 3 in. 
diam permanent molds. The ingots were extruded 
into 14% x ¥ in. flat stock under the following con- 
ditions: billet preheat 700°F (2 hr), container and 
die temperature 700°F, speed 3 fpm, and area re- 
duction ratio 45:1. The creep specimens were ma- 
chined from blanks which had been solution heat 
treated 24 hr at 770°F and aged 16 hr at 400°F. At- 
tempts were made to control the grain size as 
closely as possible for extruded stock. The grain 
size after solution heat treatment was about two 
thousandths of an inch for the 6.2 and five paous 
sandths for the 10.3 pct Al alloy. 
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Fig. la—Micrograph 
shows 10.3 pct Al 
alloy after solution 
heat treatment and 
aging for 16 hr at 
400°F. Sample was 
electropolished and 
etched in 10 pct HF. 
X1000. Area reduced 
approximately 45 pct 
for reproduction. 


The solution heat treatment temperature was 
selected to dissolve all the aluminum. The aging 
treatment was such that in the 10.3 pct Al alloy the 
volume of discontinuous precipitate had grown to 
the limit while in the 6.2 pct Al alloy more growth 
was possible during the creep test. The contrast 
between the microstructures is shown in Fig. 1. 
The 10.3 pct Al alloy is good for examining the in- 
fluence of the final structure on the creep and the 
6.2 pct Al alloy is suited for studying the influence 
of creep strain on concurrent precipitation. 

The observations of microstructural changes were 
made on specimens which were electropolished and 
protected during testing by silicone oil. The pro- 
cedure reported previously‘ was used with one 
modification. Difficulties in electropolishing the 
aged alloy resulted from adherence of the precipi- 
tate as a fine gray powder on the specimen surface. 
This obstacle was circumvented by electropolishing 
in the solution heat treated condition followed by 
aging in a silicone oil bath. In order to avoid com- 
plicating the deformation structure with complete 
precipitate detail, these specimens were tested in 
the unetched condition. 

Except for a few tests on the 10.3 pct Al alloy at 
constant load, the creep testing was performed 
under constant stress conditions with the aid of a 
simple noncollinear loading beam.’ 


Influence of Discontinuous Precipitate on Creep 

Microstructures of the 10.3 pet Al alloy after 
creep at 200° and 300°F showed evidence of the 
orientation relation developed by Smith.’ At these 
testing temperatures, slip is the principal deforma- 
tion mechanism. Whenever slip lines were seen in 
all four regions involved at a grain boundary (the 
two original grains and the two recrystallized vol- 
umes), their direction was consistent with the pre- 
dicted relation. Fig. 2 shows such evidence. The 


Fig. 2—Micrograph of 10.3 pct Al alloy 
after 5 pct creep at 300°F and 17,000 
psi was taken with oblique illumination. 
Stress axis is vertical. X500. Area reduced 


approximately 45 pct for reproduction. reproduction. 
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Fig. 3—Micrograph shows 10.3 pct Al al- 
loy specimen after 4.5 pct creep at 600°F 


Area reduced approximately 45 pct for 


Fig. 1b—Micrograph 


» shows 6.2 pct Al al- 
+. loy after solution 
4 heat treatment and 
SS aging for 16 hr at 


*-- 400°F. Sample was 
electropolished and 
etched in acetic gly- 
col. X1000. Area re- 
duced approximately 
45 pct for reproduc- 
tion. 


slip line evideice is sufficient to show that, in gen- 
eral, an orientation difference exists from region to 
region in an originally single grain. 

Although this report is not intended to deal with 
individual strain-time relationships, it is well to 
include a brief description of the characteristic 
creep curves obtained from the 10.3 pct Al alloy in 
the range 200° to 600°F. Primary creep decreased 
in magnitude with increasing temperature. Second- 
ary creep is of finite length at all temperatures. The 
tertiary stage begins at lower strain levels as tem- 
perature increases and always at less than 4 pct. 
Necking of the specimen does not occur until ter- 
tiary creep is well advanced. 

The structure shown in Fig. 2 is characteristic of 
deformation at the low end of the temperature 
range studied. As in electrolytic magnesium,’ basal 
slip is profuse and finely spaced. The formation of 
low angle boundaries by kinking is present but 
there is no evidence of deformation twinning. 

When the 10.3 pct Al alloy is tested at a high 
temperature and low stress, 600°F and 600 psi, 
deformation is highly localized at both the original 
and the precipitation-produced boundaries, Fig. 3. 
Inspection at X1000 failed to reveal slip lines. Sub- 
grain formation by kinking is very rare. Fig. 3 
shows a smooth series of relief steps similar to those 
found in electrolytic magnesium.* Apparently a 
cyclic process of boundary sliding and migration 
can operate in aged Mg-Al alloys at multitudes of 
new interfaces which result from the discontinuous 
precipitation process. 

When approximately the same amount of strain 
occurred at 600°F and a higher stress, 1000 psi, sub- 
grain formation by kinking entered as an observ- 
able deformation process. A specimen strained to 
the same extent at 2000 psi shows slip in the micro- 
structure, Fig. 4. The newly formed boundaries are 
primary deformation sites at 600°F. 


Fig. 4—Micrograph shows 10.3 pct Al 
alloy after 5 pct creep at 600°F and 2000 
and 600 psi. Stress axis is vertical. X1000. psi. Stress axis is vertical. X500. Area 


reduced approximately 45 pct for repro- 
duction. 
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Fig. 5—Chart illus- 
trates influence of 
stress (strain rate) 
on concurrent pre- 
cipitation in 6.2 pct 
Al alloy at 400°F. 


PERCENT DISCONTINUOUSLY PRECIPITATED 


VOLUME 


The creep curves from the 6.2 pct Al alloy gen- 
erally show the same form and temperature de- 
Ss adence as those from the 10.3 pct Al alloy. A 
relatively larger primary stage accompanied the 
occurrence of a small amount of mechanical twin- 
ning at lower temperatures and higher strain rates. 
A preferred orientation study showed that the max- 
imum basal plane pole density exceeded 20° incli- 
nation to the extrusion surface normal. 

The influence of the testing stress on discontin- 
uous precipitation at 400°F when strain rates are 
low is shown in Fig. 5. The data were obtained 
from specimens which were tested beyond the end 
of the race between the processes and generally 
well into the period of coalescence of overaged pre- 
As the stress is increased, the volume per- 


centage which has discontinuously precipitated in- 
creases. This volume was quantitatively determined 


with the aid of a Hurlbut counter from electro- 
polished surfaces which were approximately half- 
way in depth between the original surface and the 
center of the specimen. The scatter of the data is 
reasonable in view of the human judgment required 
in such a quantitative metallographic study. The 
zero stress point was obtained from a specimen aged 
to completion at 400°F. 

Many examples of the acceleration of precipita- 
tion in general as a result of plastic deformation 
have reported.* * Here is evidence that one 
ipitation is favored over another by the 
occurren ce of pla stic deformation. This is explained 

] uild-up of elastic strain energy at 
favoring discontinuous precipita- 
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Fig. 6—Micrograph 
shows 6.2 pct Al 
alloy after 6 pct 
creep at 400°F and 
500 psi. Stress axis 
is vertical. X500. 
Area reduced ap- 
proximately 45 pct 
for reproduction. 


tion. The unique appearance of concurrent discon- 
tinuous precipitate growth and deformation at the 
boundaries as they move is presented in Fig. 6. 


Conclusions 

1—The comparatively poor elevated temperature 
creep resistance of Mg-Al based alloys results from 
the ease of deformation at grain boundaries and 
the multiplication of these boundaries by discon- 
tinuous precipitation. 

2—When the test temperature is such that pre- 
cipitation is concurrent with creep, increasing stress 
or strain rate favors the discontinuous precipitate 
at the expense of the continuous type in Mg-Al 
alloys. 
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Technical Note 


Occurrence of CsCl-Type Ordered Structures in Certain Binary Systems Of 


Transition Elements 


by Paul A. Beck, J. B. Darby, Jr., 


Jallbaum’ reported that the phases 
the TiFe, TiRu, and 


eparat ed phases 
fields, have a CsCl-type ordered 
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structure. For TiRu and TiOs, this was recently 
confirmed by C. B. Jordan.* Recent results of Green- 
field and Beck* show that solid solutions with ruthe- 
nium of the body-centered-cubic elements vana- 
dium and tantalum (and presumably also of colum- 
bium) in group Va of the periodic table undergo 
CsCl-type ordering. Although detailed phase dia- 
grams for these systems are not yet available, it 
would appear that these ordered structures are sepa- 
rated from the neighboring body-centered-cubic 
solid solutions by relatively narrow two phase fields. 
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Correspondingly, the CsCl-type ordered structure 
in these systems appears to be less stable than that 


Table I. Portion of the Periodic Table 


Groups 
IVa Va Via Vila Villa 
1st long period Ti Vv Cr Mn Fe 
2nd long period Zr Cb Mo Tc Ru 
3rd long period Hf Ta WwW Re Os 


in the titanium systems mentioned previously. It 
is interesting to note that, on passing over to the 
transition elements in the next group of the periodic 
table, VIa (see Table I), the body-centered-cubic 
solid solutions of these elements with the iron group 
elements apparently do not undergo ordering at all. 
Thus, Greenfield and Beck* did not note ordering in 
the alloys of ruthenium with chromium or tungsten, 
Raub’ did not observe ordering in the Mo-Os sys- 
tem and, in a recent investigation directed speci- 
fically at this point, Tagaya, Nenno, and Nishiyama’ 
found no CsCl-type ordering in the body-centered- 
cubic solid solutions of chromium and iron near the 
equiatomic ratio. 

Taken as a whole, the foregoing results certainly 
suggest a correlation between the occurrence of the 
CsCl-type ordered structures with the location of 
the components in the periodic table. Such a cor- 
relation would indicate a definite increase in the 
relative bond strength between unlike atoms, as 
compared with that for like atoms when in binary 
alloys of iron group elements the other component 
is changed from a chromium group element, to a 
vanadium group element, to titanium. It appears 
reasonable to assume that the increasing attraction 
between unlike atoms might be the result of an 
increasing ionic component in the bond between 
them. If this explanation is correct, an increasing 
extent of electron transfer would be expected be- 
tween unlike atoms in cubic alloys of iron group 
elements with elements of the Vla, Va, and IVa 
groups. This hypothesis might be tested by deter- 
mining the variations of the atomic moment of one 
element when it is associated with various partners 
in alloys with similar structure, for instance, of iron 
in the cubic alloys FeCr, FeV, and FeTi, by means 
of the neutron diffraction method developed by 
Shull and Wilkinson.’ If the number of 3d elec- 
trons associated with iron varies systematically with 
the alloy partner, so should the atomic moment of 
iron in these alloys. 

In some of the binary systems of transition ele- 
ments mentioned, the occurrence of a CsCl-type 
ordered structure may be suppressed due to the 
relatively greater stability of some other phase. For 
instance, the favorable ratio of atomic radii in the 
Zr-Fe system may result in the formation of a very 
stable Laves phase, instead of a CsCl-type ordered 
structure. However, in other systems the occurrence 
of such an ordered structure may be suspected even 
though not as yet experimentally found. One such 
system is Fe-V, where extensive body-centered- 
cubic solid solutions are known to form but no CsCl- 
type ordered structure has been reported. In view 
of the very slight difference in the atomic scattering 
factor for X-rays of most wave lengths between the 
two component atoms, the presence of superlattice 
lines for such alloys could be detected only if the 
- wave length of the X-rays used is properly chosen.” * 
In the case of Fe-V alloys, the CrKa radiation is 
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almost ideally suited, since it gives nearly maxi- 
mum difference between the scattering factors for 
iron and vanadium without causing fluorescence 
with either atom. 

Alloys of iron with 45, 50, and 55 atomic pct V were 
prepared by induction melting. Previous work by 
Darby and Beck’ showed that in this binary system 
the o phase is stable only below 1200°C, in contrast 
to previous indications.” Specimens of the alloys 
were homogenized for three days at various tem- 
peratures between 1200° and 1300°C in evacuated 
quartz tubes and quenched in cold water. Micro- 
scopic examination in this condition showed essen- 
tially a single phase. (A small amount of a second 
phase was observed and tentatively interpreted as 
VN.) Filings from the homogenized specimens were 
reannealed for a few minutes at the homogenizing 
temperatures in evacuated quartz tubes and 
quenched in brine. X-ray diffraction patterns were 
taken from these filings in a 20 em diam asym- 
metrical focusing camera with CrK radiation. The 
X-ray pattern showed, in addition to the body- 
centered-cubic lines corresponding to CrKe and 
CrKf radiations, also the CrKa reflection from 
(100).* The interpretation of this diffraction line 


*In addition, the X-ray pattern showed weakly the most intense 
diffraction lines of the ¢ phase. Presumably, quenching of the pow- 
der enclosed in an evacuated quartz tube was not fast enough to 
suppress the formation of ¢ completely. A few lines arising appar- 
ently from an impurity phase were also detected. 


as a superlattice line was confirmed by using FeK 
radiation, which made the line disappear, as ex- 
pected. However, a line corresponding quite well 
to the sin®* @ value for (111) Ka, was also present 
with iron radiation and, therefore, had to be at- 
tributed, at least partly, to an impurity phase. Cor- 
respondingly, the presence of a superimposed (111) 
Ka superlattice line could not be ascertained. Also, 
in the pattern taken with CrK radiation, no line was 
found at the Bragg angle corresponding to (210); 
the intensity may have been too low for detection. 
Because of the lack of positive identification of 
supertattice lines, other than the (100), the present 
experiments were not as decisive in establishing the 
occurrence of CsCl-type ordering in FeV as might 
have been hoped. A more definite decision could be 
achieved by using neutron diffraction, since the 
scattering factor of iron and vanadium for thermal 
neutrons differs much more than for CrKa X-radia- 
tion, and thus the superlattice lines should be rela- 
tively more intense. 
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Effects of Oxygen, Nitrogen, and Carbon on The 
Ductility of Cast Molybdenum 


High purity molybdenum ingots containing controlled amounts of a single impurity 
element (oxygen, nitrogen, or carbon) were prepared. These ingots were tested for 
ductility by bending test specimens at various temperatures. The relationship be- 
tween the plastic behavior of the ingots and their chemical composition has been 


determined. 


by L. E. Olds and G. W. P. Rengstorff 


M*** proposed applications for molybdenum re- 
quire ductility at or near room temperature. 
At the present time, it is possible to obtain wrought 
molybdenum with considerable ductility only if 
ecial fabrication techniques are used to control 
1e strain structure. Starting with arc-cast or powder 
metallurgy ingots, the usual methods for obtaining 
iuctility rely on fabrication procedures that result 
in fibered microstructures in the finished product. 
Recently, it has been found that the ductility of 
either powder metallurgy or are-cast molybdenum 
can be improved by uniform recrystallization of the 
metal to a very fine equiaxed grain structure.* 

The need for a fibered or a fine grained structure 
may limit the practical usefulness of molybdenum. 
For example, welding, which may be used in fabri- 
cating the metal, generally produces coarse grained 
structures that lead to brittleness. This applies, cer- 
tainly, to currently available commercial molyb- 
denum. 

Although commercial molybdenum is brittle when 
the graims are coarse, it has been shown experi- 
mentally that fine grained structures are not always 
essential for ductility. For instance, as-cast molyb- 
denum with a coarse columnar grain structure is 
ductile if it is sufficiently pure.” Because high purity 
cast molybdenum has good ductility even when 
coarse grained, it is probable that the brittleness in 
coarse grained commercial molybdenum is caused 
by the impurity content of the metal. 

Although the general effects of impurities on the 
cold ductility of molybdenum have been known in 
a qualitative manner for some time, no quantitative 
evaluation of these effects has been available. The 
present investigation was made in order to deter- 
mine more accurately the effects of oxygen, nitrogen, 
and carbon on the cold ductility of cast molybdenum. 

Oxygen has long been known to be detrimental 
to ductility, although the minimum amount which 
will embrittle molybdenum has been open to specu- 
lation. Parke and Ham® showed that ingots with 
oxygen contents above 0.003 pct could not be forged. 
Maringer and Schwope* have described the embrittle- 
ment of molybdenum wire by oxygen. A discussion 
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on the effects of heat treatment on the distribution 
of oxygen in molybdenum has been given by Perry, 
Spacil, and Wulff.’ 

Although nitrogen would also be expected to have 
harmful effects on ductility, no extensive work has 
been done previously to determine whether this is 
so. However, Tury and Krausz®’ found that wires 
presumably with less than 0.007 pct N were brittle. 

Carbon is added to commercial cast molybdenum 
for deoxidation. Parke and Ham* have shown that 
molybdenum containing as much as 0.06 pet C could 
be forged if the oxygen was kept below 0.003 pct. 
Also, Bruckart and others’ found that the room tem- 
perature ductility of sintered molybdenum improved 
with carbon contents up to 0.84 pct. However, 
Rengstorff and Fischer* found that residual carbide 
particles in cast molybdenum apparently had an 
unfavorable effect on room temperature ductility. 


Table I. Analyses of Cast Molybdenum Containing Intentional 


Impurities 
Ingot Ppm O Ppm H Ppm N WtPctC WtPctS 
High Purity 
Control 1.9 0.2 0.9* 0.002 0.0005 
Sensitivity of 0.5 +0.06 +0.001 +0.0005 
analyses 
Oxygen Series 
Oxy 1 1 Q.1 S57 
Oxy 2 2 0.5 47 
Oxy 3 6 0.2 Cm 
Sensitivity of | +0.1 
analyses 
Nitrogen Series 
Nil 3 0.3 8* 0.004 0.001 
N2 2 0.3 14* 0.003 0.0008 
N3 3 0.3 37* 0.002 0.0017 
N4 15 0.6 330t 0.004 0.0032 
Sensitivity of 2 +0.3 +0.001 +0.0005 
analyses 
Carbon Series 
Cl 4 0.3 <4} 0.003 
C2 2 0.4 0.006 
C3 <2 0.2 <3 0.008 
C4 4 0.2 33 0.010 
C5 2 0.2 3 0.020 
C6 2 0.2 <3 0.024 
Sensitivity of +0.3 0.001 


analyses 


Spectrographic Analyses of High Purity Control Ingot, Wt Pct 


Fe 0.005 Ti <0.001 not detected 
Mg 0.002 Bi <0.0005 not detected 
Si 0.002 Cr <0.0005 not detected 
Cu 0.0005 Mn <0.0005 not detected 
Al <0.001 not detected Ni <0.0005 not detected 


Pb <0.001 not detected 


* Diffusion extraction method. Sensitivity = +0.8 ppm. 
7 Vacuum fusion method. Sensitivity = +4 ppm. 
t{ Kjeldahl method. Sensitivity = +10 ppm. 
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Fig. 1—Micrograph is of high purity cast 
molybdenum. X2000. a—Polished sec- 
tion, etched in warm is 
shown. b—Grain surface of unetched 
sample is shown. 


Fig. 2—Micrograph is of cast molybdenum 
containing 0.0001 pct Os. a—Polished 
section of sample was etched in Mura- 
kami’s etchant. X500. b—Grain surface 
was unetched. X2000. 


Fig. 3—Micrograph is of cast molybdenum 
containing 0.0002 pct O». a—Polished 
section of sample was etched in Mura- 
kami’s etchant. X500. b—Grain surface 
- was unetched. X2000. 


Fig. 4—Micrograph is of cast molybdenum 


containing 0.0006 pct O.. a—Polished \ 
section of sample was etched in Mura- fo 
kami’s etchant. X500. b—Grain surface 7 


was unetched. X2000. vA 


In order to determine the effects of specific im- 
purities, it was necessary to prepare ingots as pure 
as possible except for the impurity under study. 
Arc-melting in high vacuum has been found to re- 
duce both the metallic and nonmetallic impurity 
contents in molybdenum to extremely low values, 
especially if the ingots are remelted one or more 
times by the same procedure. This method was used 
to prepare molybdenum low in undesired impurities 
for this investigation. The initial melting stock was 
commercial sinter bar. Melting was carried out at 
pressures of less than 0.24 Hg. 

Ingots containing oxygen or nitrogen were first 
purified by arc-melting sintered molybdenum twice 
in a vacuum by the procedure described by Reng- 
storff and Fischer.2 Oxygen or nitrogen was then 
added by final remelting under low pressures of the 
desired gas, using electrode tips machined from 
purified molybdenum ingots. The ingots in the oxygen 
series were melted in commercial oxygen flowing 
at pressures of 0.6, 1, and 34 Hg. The ingots in the 
nitrogen series were melted under static pressures 
of 10, 100, 1,000, and 60,000 Hg in high purity lamp 

grade nitrogen. 
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Carbon was added to the initial charge in the 
form of a master alloy made by vacuum melting 
purified molybdenum with high grade spectrographic 
graphite. The carbon-containing ingots were puri- 
fied by melting three times in vacuum, twice by the 
usual method, and the third time with purified elec- 
trode tips. Nominal carbon contents were <0.005, 
0.005, 0.010, 0.015, 0.020, and 0.025 pct. 

A control ingot to which no impurity elements 
were intentionally added was purified by melting 
three times in a manner similar to the other ingots. 
The purity of this ingot was about 99.99 pct. 


Analyses of Ingots 

The analyses of the ingots are listed in Table I. 
Techniques used to obtain these values were: 

Oxygen and Hydrogen—The oxygen and hydrogen 
contents of all ingots were determined by a special 
vacuum fusion process described by Mallett and 
Griffith.® 

Nitrogen—The vacuum fusion technique was 
found to give values for nitrogen in molybdenum 
which were generally lower than those obtained by 
the Kjeldahl method. An investigation was made 
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to determine which method was giving the correct 
value. This led to a modification of the vacuum 
fusion method of analyzing for nitrogen. It was 
found that in the usual vacuum fusion procedure, 


Table Il. Temperature Ranges and Methods for Molybdenum 
Ductility Tests 


Temperature 
Range, °C 


Method of Heating or 
Cooling Specimens 


Above 200 Resistance wound furnace, 


argon atmosphere 


50 to 200 Immersion heated silicone oil 
to 50 Dry ice in alcohol 
—90 to —75 Liquid nitrogen in hexane 


in which the sample is dissolved in a carbon-satu- 
rated molten iron bath, not all of the nitrogen 
in the samples was released. By eliminating the 
iron bath, and merely heating the samples in a high 
vacuum, nitrogen values were obtained that agreed 
well with those obtained by the Kjeldahl method. 
This modified analytical process is referred to as the 
diffusion extraction method of analyzing for nitrogen. 

Diffusion extraction is a means for accurately 
determining nitrogen contents in ranges near and 
below the lower limit of the Kjeldahl method. The 
sensitivity of diffusion extraction analyses is about 
+0.8 ppm in contrast to a sensitivity of +10 ppm 
for the Kjeldahl method. 

Carbon—The carbon analyses were made by a 
high precision combustion method. CO, liberated 
by combustion was absorbed in a Ba(OH)., solution, 
and the resulting changes in electrical conductivity 
of the hydroxide were accurately measured. 

To check these analyses, several ingots were 
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Fig. 5—Micrograph is of cost molybdenum 
containing 0.0008 pct Nz, etched in warm 
(NH.)sHPO.:H:O2. a—Polished section of 
sample is shown. X500. b—Grain surface 
of sample is shown. X2000. 


Fig. 6—Micrograph is of cast molybdenum 
containing 0.0037 pct Ne, etched in warm 
(NHJ2HPO.:H:Os. a—Polished section of 
sample is shown. X500. b—Grain surface 
of specimen is shown. X2000. 


Fig. 7—Micrograph is of cast molybdenum 
containing 0.033 pct Ne, etched in warm 
(NH.):HPO.:H-O. a@—Sample is of pol- 
ished section. X500. b—Grain surface of 
specimen is shown. X2000. 


analyzed for carbon by vacuum fusi 
The results obtained by both methods were in good 
agreement. 

Sulphur—Some of the ingots were analyzed for 
sulphur by a sensitive photometric method described 


by 


purity ingot. All samp! 
evaporated to dryness, 
electrodes. Impurities in 
compared with standards. 


Table Ill. Bend Test Data for High Purity Cast Molybdenum 
(Control Ingot) and fer High Purity Cast Molybdenum 
Containing Additions of Oxygen 


Bend Angle, Desrees 


Ingot Ingeot Inget 
Tem- Ne Ne. Ne 
pera- Con- Oxy 1. Oxy 2, Oxy 3, 
ture, trel 0.0001 0.0002 
°c Ingot Pet Pet Os Pei 
260 
240 
220 
200 90 
180 0,90,90,90 
140 90 
120 
100 0 
90 
80 $5 
20 30 
0 + 
—20 23 
—30 20 
—40 415,15 
—60 3 
—70 0,4,7 0 
2 
0.3.4 
—85 0,3 
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Metallics—Spectrosraphic analyses were ; 
Sraphic analyses were made to 
determine the metallic impuritt 
Ee the metallic impurity content of the hish 
were dissolved in acid 
ma arcea with Sraphite 
he resulting oxide were 
These standards were 


Fig. 8—Micrograph is of cast molybdenum 
containing 0.003 pct C, etched in warm 


bi 4 


a—Polished section of 
sample is shown. X2000. b—Grain sur- 
face of specimen is shown. X2000. 


Fig. 9—Micrograph is of cast molybdenum 
containing 0.010 pct C, etched in warm 
a—Polished section of 
sample is shown. X1000. b—Grain sur- 
face of specimen is shown. X2000. 


Fig. 10—Micrograph is of cast molyb- 
denum containing 0.024 pct C, etched in 
warm a—Polished sec- 
tion of specimen is shown. X1000. b—- 
Grain surface of specimen is shown. 
X2000. 


made by treating high purity molybdenum in the 
same manner as the final samples except that con- 


Table IV. Bend Test Data for High Purity Cast Molybdenum 
Containing Additions of Nitrogen 


Bend Angle, Degrees 


Ingot 
pera- Nl, N2, 

ture, 0.0008 0.0014 
Pct Ne 


Ingot 


N3, , 
0.0037 0.033 
Pet No 


40 0,1,6 


0,6,19 
0,1,13,17 
6 


2,4 
0,0,0,2,2 
0 


trolled amounts of impurities were added to the acid 
solution before it was dried. 


Microstructure 

Fractography has been found to be a useful tool 
for identifying small amounts of precipitated phases 
when they occur at grain boundaries of cast molyb- 
denum.” In this technique, a metal specimen is 
fractured and the exposed grain surfaces are exam- 
ined under the microscope. All of the ingots were 
examined in this manner to assist in the identifica- 
tion of the precipitated phases found in the ingots. 
Samples cut from the ingots were also polished and 
examined by conventional metallographic tech- 
niques. Typical micrographs and fractographs of 
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some of the ingots are shown in Figs. 1 through 10. 

The grain boundaries in the high purity control 
ingot were clean and free from precipitated phases, 
as shown in Fig. 1. Only microporosity was observed 
on the grain surfaces in this ingot. 

The addition of oxygen to cast molybdenum re- 
sulted in an increase in the amount of microporosity 
and in the precipitation of an oxide phase at grain 
boundaries. Figs. 2 through 4 show the manner in 
which the oxide phase increased in amount as the 
oxygen content of the ingots was increased from 
0.0001 to 0.0006 pet. At approximately 0.0002 pct 
O, the grain surfaces were speckled with very fine 
particles of the precipitated phase, Fig. 3b. A fur- 
ther increase in oxygen content caused these fine 
particles to form into visible platelets, Fig. 4b. The 
precipitated phase observed in this series of ingots 
was of a reddish-brown color, probably MoO.. 


100 


30 


80 


70) 


60}— 


50 


40 


Bend Angle , degrees 


30) 


20 


Temperature, C 


Fig. 11—Chart plots scatter in bend test data for commer- 
cia! cast molybdenum. 
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Table V. Bend Test Data for High Purity Cast Molybdenum Containing Additions of Carbon 


Bend Angle, Degrees 


Tempera- Ingot Cl, Ingot C2, 

ture, °C 0.003 Pet C 0.006 Pet C 

60 90 

50 

40 7 

30 

20 0,3,12 41 

10 0 15 

0 4 

—10 5.9 
—15 3 0,0,14 
—20 0,0,0 
—30 0,3,7 0,1 
—40 0,0,1 


Ingot C3, 
0.008 Pet C 


ovl 


So 


Ingot C6, 


Ingot C5, ne 
0.@24 Pet C 


0.020 Pet C 


Ingot C4, 
0.010 Pet C 


0.0.13,15 
3,6.7.13 : 
2,3.20 0,0,0,0,0 0 
0,10 0,0 
0.0 
0,0 


Micrographs and fractographs of the ingots which 
were melted in nitrogen are shown in Figs. 5 through 
7. The phase which was observed in these ingots 
first occurred as platelets both at the grain bound- 
aries and within the grains. As the nitrogen content 
was increased, the platelets grew in size and as- 
sumed a feathery structure, as may be seen in the 
fractograph of Fig. 7b. Because this phase resembled 
Mo.C in some respects, attempts were made to estab- 
lish positive identification. Preliminary examina- 
tions were made on freshly fractured grain surfaces 
of ingot N4, using electron diffraction and X-ray 
spectrometer techniques. However, only diffraction 
lines characteristic of molybdenum could be ob- 
tained. A number of grain surfaces were then lightly 
scraped to concentrate the intergranular phase for 
powder diffraction methods. The strongest lines in 
the diffraction pattern were those of molybdenum 
metal, but there were additional faint lines which 
could be attributed to the intergranular phase. This 
same family of lines resulted from several different 
scrapings. Although the lines representing the inter- 
granular phase were too faint for precise measure- 
ments, the d-values that were obtained agreed well 
with similar values reported by Hagg for Mo.N.” 
There were differences between the d-values ob- 
tained from the faint lines and the standard lines 
for MoO, and Mo.C. On the basis of these results, 
the intergranular phase in the ingots of the nitrogen 
series was tentatively identified as Mo.N. 

Micrographs and fractographs of the ingots con- 
taining carbon are shown in Figs. 8 through 10. The 
grain surfaces in the cast molybdenum ingot con- 
taining 0.003 pct C (ingot Cl) were covered with 
fine particles of another phase. As the carbon con- 
tent increased, these particles grew larger and as- 
sumed the feathery shape typical of Mo.C.* The car- 
bide particles at grain boundaries were quite angular 
in shape, as may be seen in Figs. 9 and 10. Carbide 


T 


250 (462) 


200(392) 


First occurrence of excess phose in microstructure 


150 (302) - 
Nitrogen 


100 (212) 
Commerciol cost | 
molybdenum 


50 (122) 


| 


O (32) 


Bend-Test Transition Temperature 
Increasing Brittleness —— 


0.005 0.01 0.02 0.03 
Composition, per cent 
Fig. 12—Chart plots effect of oxygen, nitrogen, and carbon 
upon bend test transition temperature of cast molybdenum; 
and transverse grain orientation is illustrated. The strain 
rate is 0.038 in. per in. per sec; transition temperatures are 
based upon a 4° bend angle. 
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particles within the grains were not so ansular a 
those at the grain boundaries. 


Ductility Tests 

Molybdenum, like other 
metals, changes from ductile to britt 
the testing temperature is lowered.” 
of ductility is the temperature at which th 
tion from ductile to brittle behavior o é 
imen with a low transition temperature is co 
ered to be more ductile than one with a 


transition temperature. The effects of impurities « 
the ductility of cast molybdenum were evaluated by 


ing the transition temperatures. Small specimens 
were supported as a simple beam and a load was 
applied to a 144 in. diam rod laid transversely across 
the center of the specimen. The specin were 


0.150 in. thick by 0.250 in. wide, and the length be- 


tween supports was 0.625 in. They were tested in 
the unnotched condition with ground surfaces. 
The various testing temperatures were obtained 


as shown in Table II. 


denum is highly directional 
fore, all specimens were cut 


the columnar grains of the original mMgot were 
transverse to the long axes of the specimen. 

The rate of loading was 1 At this 
speed, the initial rate of tens! oute 


fibers of the specimen was computed be 0.038 in. 
per in. per sec. This is a : 
is customary for most tensi 
At the beginning of the e@& 
transition was arbitrarily assw 
highest temperature at which all 
It was later possible, however, t 
criterion for the evaluation of t 


peratures. This was done by testing 


graph, the extreme values of ten 


tests are plotted 

for each temperature. Thus, the curves represent 
the approximate limit of scatter in thé test results. 
For the regions of low ductility in Fig. 11, the 
most closely defined section is that at which the 
bend angle never exceeded four degrees. ore, 
the bend test transition temperatur Sin 
the present study was defined as the em- 
perature at which a four degree bend angle would 
not be exceeded, regardless of the number of tests 
which might be performed at that temperature. The 
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spec- 
Aone 
determining the manner in which the impurities ai- 
fected the transition temperature molyocenum. 
A bend test was selected as a means tor Meesur- 
Fiscner and Jackson Nave SHOWN hat Cast Molyo- 
that 
sho Inontc 2}, >+ 
2 number 
or specimens Of COMmMmercial Carbon Geoxiaizea Casi 
| motybaenum over a range Gi temperatures irom 
compiete aquctility to compiete orittieness. ihe re- 
= sults of these tests are shown in Fis. In this 
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number of specimens available from the ingots con- 
taining the impurity elements was insufficient to 
make possible the accurate location of this transi- 
tion temperature. Therefore, the transition temper- 
ature chosen in the tests must be considered only as 
approximate. In most cases, the accuracy is believed 
to be about +10°C. 

On the basis of the data given in Tables III 
through V, approximate transition temperatures 
were assigned to the ingots, as listed in Table VI. 


Discussion of Effects of Impurities in Cast Molybdenum 
A comparison of the effects of oxygen, nitrogen, 
and carbon on the bend test transition temperature 
of cast molybdenum is given in Fig. 12. Minute 
amounts of oxygen severely embrittle cast molyb- 
denum. Embrittlement is associated with oxygen 
contents in the range of 0.0001 to 0.0006 pct. An in- 
crease in the oxygen content from 0.0001 to 0.0002 
pet was enough to raise the transition temperature 
from —60° to +200°C. It must be remembered, 
however, that these analyses for oxygen are at the 
extreme lower hmit of the vacuum fusion method. 
The abrupt rise in transition temperature (drop in 
ductility) may not occur exactly between 0.0001 
and 0.0002 pct O, but it does occur as close to that 
range as present analytical methods can detect. 
Although nitrogen is not nearly so harmful as 
oxygen to the ductility of cast molybdenum, it is 


Table VI. Transition Temperatures* of High Purity Cast 
Molybdenum Containing a Single Impurity Element 


Transition 
Ingot Temperature, °C 

High purity control ingot —80 
Oxygen Series 

Oxy 1, 0.0001 pct Oz —60 

Oxy 2, 0.0002 pct Oz 200 

Oxy 3, 0.0006 pct Oz 200 
Nitrogen Series 

N1, 0.0008 pct Nz —40 

N2, 0.0014 pct Ne —40 

N3, 0.0037 pct No 40 

N4, 0.033 pct No 140 
Carbon Series 

C1, 0.003 pet C —40 

C2, 0.006 pet C —30 

C3, 0.008 pet C —10 

C4, 0.010 pet C 0 

C5, 0.020 pet C 40 

C6, 0.024 pet C 50 


* Transition temperatures are based on 4° bend angle criterion. 


more harmful than carbon. The greatest increase 
in embrittlement occurred when nitrogen increased 
in amount below the solubility limit. The presence 
of an indigenous phase was first observed at a ni- 
trogen content of about 0.001 pct. Beyond this ap- 
proximate limit of solubility, the rate of embrittle- 
ment decreased. As little as 0.004 pct N caused the 
complete loss of ductility in molybdenum at room 
temperature. 

It is interesting to compare the ductility of ingot 
N4 with the curve for the oxygen series, since this 
ingot had a relatively high oxygen content, 0.0015 
pet O.. On the basis of Fig. 12, this amount of oxygen 
would ordinarily be expected to give an ingot with 
a transition temperature above 200°C. Since the 
high nitrogen ingot had a transition temperature of 
only 140°C, it appears that nitrogen may partially 
offset the embrittling effect of oxygen. 

Of the three impurity elements, carbon was the 
least harmful to ductility. Room temperature 
‘ductility of carbon-containing ingots did not vanish 
until the carbon content was approximately 0.014 
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pet. As in the case of nitrogen, the greatest increase 
in embrittlement was observed for carbon contents 
below the limit of solid solubility. For the ingots of 
the carbon series, a second phase was observed at a 
carbon content of 0.003 pct. Beyond this approxi- 
mate solubility limit, the rate of embrittlement de- 
creased with increasing carbon content. 

The transition temperature for the commercial 
carbon deoxidized cast molybdenum ingot used to 
evaluate the bend test was 20°C above the carbon 
curve in Fig. 12. Although the agreement between 
the ductility of commercial carbon deoxidized 
molybdenum and the ductility of the ingots in the 
carbon series is not as close as could be desired, it 
does indicate that carbon is one major cause of the 
room temperature brittleness in commercial vac- 
uum melted, carbon deoxidized cast molybdenum. 


Conclusions 

The following conclusions are drawn: 

1—The cold ductility of cast molybdenum is 
severely harmed by minute amounts of oxygen. The 
oxygen content for room temperature brittleness is 
about 1 to 2 ppm (0.0001 to 0.0002 pct). 

2—Nitrogen is detrimental to the cold ductility of 
cast molybdenum, but not nearly to the same extent 
as oxygen. Room temperature brittleness occurs at 
nitrogen contents of approximately 30 ppm (0.003 

3-—Carbon is harmful to the cold ductility of cast 
molybdenum, but it is not as harmful as either oxy- 
gen or nitrogen. Room temperature ductility van- 
ished at carbon contents of about 140 ppm (0.014 
pet). 

4—The embrittling effects of oxygen and nitrogen 
are not additive. There was some indication that 
nitrogen may even offset some of the brittleness in- 
duced by oxygen. 


Acknowledgments 
The support of this work by the ONR is gratefully 
acknowledged. The generous assistance given by 
Lownie, Jr., C. B. Griffith, F. L. Wilkinson, and 
other staff members of Battelle Memorial Institute 
is appreciated by the authors. 


Discussion of this paper, if any, will appear in 
JOURNAL OF METALS, November 1956, and in AIME 
Metais Branch Transactions, Vol. 206, 1956. 


References 


1J. H. Bechtold: Recrystallization Applied to Control of the Me- 
chanical Properties of Molybdenum. Trans. ASM (1954) 46, pp. 
1449-1469. 

2G. W. P. Rengstorff and R. B. Fischer: Cast Molybdenum of 
High Purity. Trans. AIME (1952) 194, pp. 157-160; JourRNaL oF 
Mertats (February 1952). 

3R. M. Parke and J. L. Ham: The Melting of Molybdenum in the 
Vacuum Are. Trans. AIME (1947) 171, p. 416; Mrerats TECHNOLOGY 
(September 1946). 

4R. E. Maringer and A. D. Schwope: On the Effect of Oxygen in 
Molybdenum. Trans. AIME (1954) 200, p. 365; JouRNAL oF METALS 
(March 1954). 

>T. G. Perry, H. S. Spacil, and J. Wulff: Effective Heat Treatment 
of Molybdenum. Metal Progress (1954) 65, pp. 75-77. 

6P. Tury and S. Krausz: Effect of Molecular Nitrogen on Molyb- 
denum at High Temperatures. Nature (1936) 138, p. 331; (1937) 
139, pp. 30-31. 

7W. L. Bruckart, M. H. LaChance, C. M. Craighead, and R. I. 
Jaftee: Properties of Some Hydrogen-Sintered Binary Molybdenum 
Alloys. Trans. ASM (1953) 45, pp. 286-313. 

8M. W. Mallett and C. B. Griffith: Vacuum-Fusion Analysis of 
Molybdenum. Trans. ASM (1954) 46, pp. 375-388. 

®9C. L. Luke: Photometric Determination of Sulfur in Metals and 
Alloys. Analytical Chemistry (1949) 21, pp. 1369-1373. 

10C, A. Zapffe, F. K. Landgraf, Jr., and C. O. Worden, Jr.: Frac- 
tographic Study of Cast Molybdenum. Trans. AIME (1949) 180, p. 
616; Mrerats TecHnoLocy (August 1948). 

1G, Hagg: X-Ray Investigations of Molybdenum and Tungsten 
Nitrides. Ztsch. fiir Physikalische Chemie (1930) B7, pp. 339-362. 

12 J, H. Bechtold: Effects of Temperature on the Flow and Frac- 
ture Characteristics of Molybdenum. Trans. AIME (1953) 197, pp. 
1469-1475; JournaL or Mrrats (November 1953). 

13 R, B. Fischer and J. H. Jackson: The Ductility of Cast Molyb- 
denum. Trans. AIME (1950) 188, pp. 1149-1154; JourNAL oF METALS 
(September 1950). 


FEBRUARY 1956, JOURNAL OF METALS—155 


Creep of Copper at Intermediate Temperatures 


Activation energies for creep of copper at intermediate temperatures, where crystal 
recovery was negligible, were determined by the simple technique of rapidly alternating 
the test temperature between T, and T, (T2 = 7, + about 10°K) throughout a con- 
stant stress creep test. The activation energy for creep AH was found to be 37,000+ 
3,000 cal per mol, independent of stress and strain. The same creep laws as have been 
previously established for high temperature creep were found to be valid for creep at 
intermediate temperatures. But the AH was found to be lower than that for self-diffu- 
sion in the intermediate temperature range whereas it is known to be equal to that for 


self-diffusion at high temperatures. 


by born 


T is now well established that creep at high tem- 
peratures can be correlated by the functional re- 
lationship’** 


(0) 


where « is the total plastic strain, f is the function 
4H 


that depends on the stress, 6 = fs e r dt, t is the 
duration of test, e is the base of natural logarithms, 
AH is the activation energy for creep, R is the gas 
constant,T is the absolute temperature, and o is the 
stress. Thus, identical values of @ are achieved dur- 
ing creep under a given stress at two alternate tem- 
peratures at the same total strain. At the same 
strain therefore 


o = constant [1] 


AH AH 
[2] 


where subscripts refer to the two alternate tempera- 
ture conditions of test. Consequently, the activation 
energy for high temperature creep is readily ob- 
tained with the aid of Eq. 2. Activation energies so 
obtained have been observed to be insensitive to the 
creep strain at which they are evaluated, the applied 
stress, grain size, minor alloying additions,™~ cold 
worked state,’ and the presence of thermally stable 
dispersions of intermetallic compounds in an a solid 
solution matrix.’ Furthermore, the activation energy 
for high temperature creep is very nearly equal to 
that for self-diffusion in all cases where adequate 
data are available for comparison.” ” 

The apparent identity of the activation energies 
for high temperature creep and _ self-diffusion 
strongly suggest that high temperature creep arises 
from a dislocation climb process. This hypothesis is 
further strengthened by the fact that the energy of 
activation for high temperature creep is insensitive 
to the applied stress,“ and by the observations that 
the correlation suggested by Eq. 1 cannot be ex- 
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Fig. 1—Creep curve shows two temperature changes. 


tended to temperatures below those for rapid crystal 
recovery.’ 

When using the activation energy for self-diffu- 
sion, Eq. 1 fails to give the required correlations be- 
tween creep curves at various intermediate temper- 
atures." This suggests that the dislocation climb 
mechanism for creep might be superseded by some 
alternate mechanism in the intermediate range of 
temperatures. This investigation was initiated in a 
preliminary attempt to ascertain the type of creep 
law that might be valid in the intermediate range of 
temperatures. Special consideration, however, was 
given to the determination of the activation energy 
for creep in this range because the Becker-Orowan® ° 
and the Mott-Nabarro” theories for transient creep 
suggest that the activation energy should increase 


TRANSACTIONS AIME 


Fig. 2—Creep testing 
machine employs a 
special Andrade- 
type’ contoured lever 
designed to 
maintain a constant 
stress on the speci- 
men. 


CONSTANT STRESS 
CONTOUR ARM 


PROVING RING 
EXTENSOMETER 
DIAL 


APPLIED LoaD- 


_ BATH AT Tz 


with strain and the Kauzmann-Seitz™” types of 
thermal activation theories suggest further that the 
activation energy should decrease with increasing 
values of the applied stress. Thus, a knowledge of 
the effect of strain or stress on the activation energy 
for creep might provide definitive information on 
several possible mechanisms for creep. 


Experimental Technique 

The creep rate continually changes during iso- 
thermal-constant stress creep tests. Since all of the 
externally controllable variables are maintained 
constant, the change in the creep rate must be 
ascribed to structural changes that attend the proc- 
ess of creep. For example, it has been shown that 
the success of Eq. 1 for high temperature creep is 
attributable in part to the fact that identical struc- 
tures are produced at the same values of 6 for creep 
at a given stress, independent of the test tempera- 
ture.” Special precautions must therefore be taken 
in any evaluation of the activation energy for creep, 
so that the value obtained is a true activation energy 
that is free from possible errors arising from neglect 
of structural differences. 

A simple and direct technique for determining the 
activation energy for creep was used in the present 
investigation. As shown by the typical example 
given in Fig. 1, this technique consisted of alternat- 
ing the temperature between T, and T, throughout a 
constant stress creep test. Since no abrupt changes 
in strain occurred and no spurious transients were 
detected in the creep rates, the structure was pre- 
sumed to be the same the instant before and the in- 
stant following the rapid change in temperature. 
Consequently, for each point of temperature change, 
a true activation energy for creep at the given stress 
could be obtained from the well known relationship 


AH 4H 


= é,e% [3] 


where ¢ is the creep rate and the subscripts refer to 
the conditions just preceding and immediately fol- 
lowing an abrupt change in temperature. This tech- 
nique involves only the assumption that creep occurs 
by means of some thermal activation process; it is 
valid for any creep mechanisms that depend on 
thermal activation. Only one specimen is used in 
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Fig. 3—Creep speci- 
men and extensome- 
ter are shown in test 
position. Creep 
strains are measured 
by a concentric rod 
and tube-type exten- 
someter. 


evaluating the activation energy and therefore the 
effects of sampling scatter on the calculated activa- 
tion energy are eliminated; the accuracy of the acti- 
vation energy so obtained depends exclusively on 
the accuracy with which the strain rates and tem- 
peratures can be determined. 

A technique similar to that described here has 
been applied by Kuhlmann and Masing”® and Lucas 


0.120 T T T T 
CREEP TEMPERATURE = 473.5 °K 
CREEP STRESS = 19,200 PSI 
0.115 
0.110 
© 
0.105 
dp) 
¢ 
w 
0.095) HOUR STORAGE 
AT 473.5 °K 
UNDER NO LOAD. 
0.090 
¢ 
0.085 
0 | 2 3 4 5 6 


CREEP TIME, HOURS 


Fig. 4—Interrupted creep test shows effect of storage at 
creep temperature under no load for OFHC copper. 
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Fig. 5—Graph illustrates creep rate ys strain curves for use 
in the evaluation of AH for OFHC copper. 


and Masing™ to investigations on the creep of hard 
drawn springs of aluminum and copper. 


Test Equipment 

The experimental equipment that was used in this 
investigation is identified in Fig. 2. The load was 
applied to the specimen by means of a special An- 
drade-type” contoured lever arm that was designed 
so as to maintain a constant stress on the specimen 
throughout a creep test. As the specimen elongated, 
its cross-sectional area decreased and the lever arm 
correspondingly decreased to maintain the stress 
constant. Small deviations in strain between the 
gage section and the total reduced section, however, 
led to minor variations in the true stress on the 
specimen. In order to ascertain the variations in 
stress, a proving ring was placed in series with the 
specimen. The maximum variation in siress did not 
exceed about 1.2 pct throughout any one test and 
was usually much less. 

Special silicone oil temperature baths were em- 
ployed in order to obtain necessary accuracy in the 
test temperatures. A thermocouple on the specimen 
showed that the steady state temperature did not 
vary more than +0.1°C throughout any one temper- 
ature cycle. Upon change in temperature, the time 
required for the specimen to come to within 0.2°C of 
the new test temperature was usually between 1 and 
2 min and in ali cases was less than 4 min. The creep 
strain rates were evaluated only after the steady 
state temperature was reached and, as shown in the 
context, they were extrapolated through the tran- 
sient temperature range to the instantaneous value 
following the instant the temperature was changed. 
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Fig. 6—Graph illustrates creep rate vs strain curves for use 
in the evaluation of AH for OFHC copper. 


As shown in Fig. 3, the creep strains were meas- 
ured by means of a concentric rod and tube-type 
extensometer which actuated a 0.0001 in. dial gage. 


Test Material 

Several simple requirements were demanded of 
the metal to be used in this investigation: 

1—The metal should not exhibit rapid crystal 
recovery at the highest usable temperatures (about 
470°K), of the silicone oil baths. 

2—It should be relatively pure in order to provide 
reasonable freedom from possible auxiliary solid 
solution effects. 

3—The metal should exhibit accurately determi- 
nable creep rates in the range from about 300° to 
475°K over a reasonably broad range of stresses and 
strains. 

A few preliminary investigations demonstrated 
that OFHC copper exhibited the required specifica- 
tions. Tensile creep specimens of OFHC copper were 
machined from 0.125 in. thick sheet material with 
their axes parallel to the rolling direction. Each 
specimen was 0.250 in. wide and had a reduced sec- 
tion of 1.500 in., the central 1.000 in. of which con- 
stituted the gage section. After machining, the 
specimens were annealed in a helium atmosphere 
for 1% hr at 748°K and then furnace cooled. The 
resulting average grain diameter was 0.02 mm. 

A check on the recovery of the OFHC copper is 
illustrated in Fig. 4. A specimen was allowed to 
creep to about 11 pct total strain during which time 
the creep rate decreased several orders of magnitude 
due to the structural changes induced by the creep 
deformation. At this point, the stress was removed 
in order to permit recovery at the test temperature 
of 473.5°K. Following a period of 1 hr the stress of 
19,200 psi was reapplied. The fact that the creep 
curve continued as if the test had not been inter- 
rupted for annealing suggests that recovery under 
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Fig. 7—Graph illustrates creep rate ys strain curves for use 
in the evaluation of AH for OFHC copper. 


zero stress of the structural changes induced by the 
preceding creep was indeed negligible. 


Experimental Results 
Creep rates were determined by graphical differ- 
entiation of the original creep curves such as that 
illustrated in Fig. 1. Such derived creep rate vs total 
plastic strain curves are given in Figs. 5 to 11. Ty, is 
the mean temperature, e, the initial strain on load- 


ing, and AH the average activation energy of the 
test. The instantaneous activation energy for each 
change in temperature was determined from the two 
test temperatures and the extrapolated strain rates 
at the instant the temperature was changed in ac- 
cord with Eq. 3. 
Discussion 

A detailed summary of all activation energies that 
were determined is recorded in Fig. 12. These data 
reveal that the activation energy for creep of OFHC 
copper over the range of intermediate temperatures 
from 348° to 469°K is about 37,000+3,000 cal per 
mol, independent of the total strain from « =0.03 to 
0.38, and independent of the applied stress from 
« = 9,900 to 38,300 psi. Obviously neither the 
Becker-Orowan and Mott-Nabarro nor the Kauz- 
mann-Seitz types of creep theories apply to creep in 
the intermediate range of temperatures. The insen- 
sitivity of the activation energy to stress or strain is 
somewhat reminiscent of high temperature creep. 
However, the activation energy for high temperature 
creep is expected to be that for self-diffusion, 
namely about 48,000 cal per mol for copper.* The 
value obtained here, 37,000 cal per mol, suggests 
that a somewhat different mechanism for creep ap- 
plies over the intermediate range of temperatures. 

Additional insight into the details of creep at in- 
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Fig. 8—Graph illustrates creep rate ys strain curves for use 
in the evaluation of AH for OFHC copper. 
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Fig. 9—Graph illustrates creep rate ys strain curves for use 
in the evaluation of AH for OFHC copper. 


termediate temperatures can be gained by further 
analysis of the data reported here. The decreasing 
creep rates obtained during the course of isothermal 
creep at constant stress are ascribable to changes in 
structure. Since the AH of the present investigation 
is insensitive to the strain, it is insensitive to the 
structural changes attending creep. Consequently, 
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Fig. 10—Graph illustrates creep rate vs strain curves for use 
in the evaluation of AH for OFHC copper. 


in the intermediate as well as the high temperature 
range of creep 


AH 


ie? = f (structure) o = constant. 


L4] 


Previous investigations have shown that the struc- 
ture obtained for high temperature creep at a given 
stress depends only on the total strain, «, or on @, 
independent of the test temperature. The question 
naturally arises as to whether this law is also valid 
over the intermediate temperature range or whether 
the structure depends on other types of relation- 
ships. 


AH 


In Fig. 13, ée*" for a stress of 30,200 psi is plotted 
as a function of the total strain, «, for each of two 
mean temperatures of 407.5° and 468.2°K. Similarly 
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Fig. 11—Graph illustrates creep rate ys strain curves for use 
in the evaluation of AH for OFHC copper. 


AH 


in Fig. 14, ee7 is plotted for almost identical stresses 
of about 33,700 psi as a function of the total strain, 
«, for each of the two mean temperatures of 348.0° 
and 407.5°K. Both sets of data reveal that 


AH 


F (e) o = constant. 


[5] 


Consequently, the structure obtained during creep 
of an annealed specimen at a given stress in the 
intermediate range of temperatures depends on the 
strain and is independent of the test temperature 
in harmony with the corresponding high tempera- 
ture creep law. 

Inasmuch as recovery of the structural changes 
induced by creep of annealed copper was found to 
be negligible in the intermediate range of tempera- 
tures under investigation here, and inasmuch as the 
temperature differences were reasonably modest, 
the foregoing conclusion might have been antici- 
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Fig. 13—€ e”” for a stress of 30,200 psi is plotted as a func- 
tion of e. 


pated. On the other hand, the absence of recovery 
and the differences in the initial strain for creep at 
two alternate temperatures might suggest that the 
structure developed during creep at a given stress 
in the intermediate range of temperatures might not 
be a unique function of 6. However, as shown by 
the data given in Figs. 15 and 16, this conclusion 
appears to be incorrect, and 


— = V(0) 


=constant [6] 


for both high and intermediate temperature creep. 
This is illustrated more forcefully by integrating 
Eq. 6 with respect to 6 which gives the well estab- 
lished Eq. 1 for high temperature creep. Thus, both 
high and intermediate temperature creep obey the 
same laws as demanded by Eqs. 1, 5, and 6. The 
difference between creep in these two ranges arises 
from the fact that the activation energy for high 
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Fig. 15—é e*” as a function of @ is illustrated. 


TRANSACTIONS AIME 


1922 
SYMBOL Tm, K 0, PSI 
4075 33,900 5 
LA 348.0 33,500 
102! 
4 OPEN SYMBOL _| 
WHERE Tp °K 
1020 \ 
4 
lO? 
6 
18 
2 
020 024 0.28 0.32 0.36 0.40 


€, TOTAL STRAIN 


AH 


Fig. 14—é e”” is plotted for stresses of about 33,700 psi as 
a function of the total strain, e. ; 


temperature creep is that for self-diffusion whereas 
that for creep at intermediate temperatures is sig- 
nificantly less than that for self-diffusion. It is this 
difference rather than a failure of the laws of high 
temperature creep that was responsible for the poor 
correlations obtained by means of Eq. 1 in the inter- 
mediate range of temperatures when the AH for 
self-diffusion was applied. 

Whereas theoretical support can be given for the 
coincidence of the activation energy for high tem- 
perature creep and that of self-diffusion, the authors 
have not yet been able to justify the activation 
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energy of 37,000 cal per mol for the creep of copper 
in the intermediate temperature range. A simple 
dislocation climb model for high temperature creep 
suggests that as edge dislocations that are impeded 
by barriers climb out of their slip planes, the back 
stress that they induce on their Frank-Read sources 
decreases and new dislocations are released. Con- 
sequently, the creep rate should be proportional to 
the rate of dislocation climb which is dependent 
on the product of the number of vacancies present 
per unit volume, n,, and the probability of an atom- 
vacancy exchange. Therefore 
Be 

Gis 
where E, is the activation energy for an atom- 
vacancy exchange. Seitz has suggested that the 
number of vacancies produced during creep is pro- 
portional to the creep strain. But at high tempera- 
tures, such vacancies should diffuse rapidly to va- 
rious types of sinks so that approximately the equi- 
librium number of vacancies might be present. 

Under these conditions 
Ey 

Ny x 
where E, is the energy necessary to produce a 
vacancy. Consequently, the activation energy for 
high temperature creep would be (E,. + E.) which 
is that for self-diffusion. The similarity of the high 
and intermediate temperature laws for creep sug- 
gests that creep at intermediate temperatures 
might also arise from a dislocation climb process. 
At such intermediate temperatures, however, the 
number of vacancies per unit volume might well 
exceed the equilibrium number. Thus, the activa- 
tion energy for creep at intermediate temperatures 
might approximate E,.. However, according to 
Brinkman et al.,“ the activation energy for atom- 
vacancy exchange as determined by recovery of the 
electrical resistivity of cold worked copper is about 
28,000 cal per mol which is appreciably less than 
the value of 37,000 cal per mol obtained for creep 
at intermediate temperatures. Furthermore, some 
dislocation climb and partial recovery should have 
occurred during the interrupted creep test pre- 
viously described if a dislocation climb model were 
valid in the intermediate temperature range. Addi- 
tional investigations will be required in order to 
elucidate the mechanism of creep at intermediate 
temperatures. 


Conclusions 

1—The activation energy for creep of copper over 
the intermediate range of temperatures from 348° 
to 469°K was found to be 37,000 + 3,000 cal per 
mol, independent of the applied stress and the creep 
strain. 

2—Neither the Becker-Orowan, Mott-Nabarro, 
nor the Kauzmann-Seitz types of creep mechanisms 


agree with the experimental results on creep at 
intermediate temperatures. 
3—Creep at intermediate temperatures obeys the 
same general laws as creep at high temperatures, 
namely 
AH 
= F(c) = ¥(0) 
But the activation energy for creep at intermediate 


temperatures differs from that for high temperature 
creep in that it is less than that for self-diffusion. 


o =constant. [6] 
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T has been shown by Oelsen and Wever' that the 
effect of a solute element on the allotropic trans- 
formation in iron is dependent upon the quantity 
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Fig. 1—Heat of reaction is shown vs atomic number of solute (sol- 
vent, titanium) for a-8 transformation in titanium. Symbols rep- 
resent: triangle, calculated data; circle, the solvent; and dashed 
line, extrapolated data. 


Q; in the equation In Lae bas In this equation 

x, and x, refer to the atomic percent of solute x 
which can be held in solution at equilibrium in the 
a and y phases, respectively, at temperature T (°K). 
Q, is a thermodynamic index quantity, with units in 
cal per gram-mol of solute. It was further shown 
that Q; varies in a periodic manner with the atomic 
number of the solute when iron is the solvent. In 
the present investigation, the equation was found to 
hold true for allotropic transformations in alloys 
in which titanium, zirconium, and uranium are the 
solvents. 

From the published data on titanium-base alloys, 
a Q, value has been calculated, using the modified 


Lp 4.57 T 
was specified as 1073° or 1273°K. The computed Q, 
value for each solute element is plotted against the 
atomic number of the solute in Fig. 1. Although Q, 
values for only 17 elements could be calculated, 
these are sufficiently scattered throughout the peri- 
odic table to locate curves for each period. The 
recognized a stabilizing elements, i.e., carbon, nitro- 
gen, oxygen, and aluminum, have negative Q; 
values; the # stabilizers have positive Q, values. 

The allotropic transformation in zirconium is so 
similar to that in titanium that a periodic variation 
in Q, values would also be expected. The larger 
atomic radius of zirconium requires a slight shift of 
the zero line. Fig. 2 illustrates the Q, values cal- 
culated for 11 solute elements in zirconium. Due to 
the shift in the zero line, tin is added to the list of 
a stabilizing elements. 


Where possible, T 
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Fig. 2—Heat of reaction is shown ys atomic number of solute (sol- 
vent, zirconium) for a-8 transformation in zirconium. Symbols rep- 
resent: triangle, calculated data; circle, solvent; and dashed line, 


extrapolated data. 
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Fig. 3—Heat of reaction is shown vs atomic number of solute (sol- 
vent, uranium) for a-8 transformation in uranium. Symbols repre- 
sent: open triangle, calculated data; circle, solvent; dashed line, 
extrapolated data; and filled triangle, estimated data. 


The existence of two allotropic transformations 
in uranium makes the application of the Q; vs 
atomic number relation more complicated. The situ- 
ation is quite different from that of iron, which also 
has two transformations, in that the three allotropes 
of uranium all have different crystal structures. 
There can be no equivalent of the y loop found in 
iron-base diagrams. An analysis of available phase 
diagrams of uranium-base alloys shows only a few 
suitable for calculating Q; values due to lower 
solubility in uranium and uncertainty as to phase 
boundary lines. Q,; values are shown in Figs. 3 and 
4 for the a-8 and f-y transformations, respectively. 
Only titanium, zirconium, and probably hafnium are 
a Stabilizers; other solutes are 6 stabilizers. All re- 
ported solutes except silicon are y stabilizers. 

Several practical applications of the Q; vs atomic 
number relation are suggested. When conflicting 
phase diagrams have been published for a binary 
system having an allotropic transformation, com- 
parison of the computed @,; values with the periodic 
curves in Figs. 1 through 4 permits an estimate as 
to which version of the diagram is most nearly 
correct. 

Secondly, when experimental data are lacking, a 
Q, value obtained by extrapolation or interpolation 
of the curves gives an approximation. The effect of 
palladium on the allotropic transformation in tita- 
nium has not been reported, but by extrapolation, 
palladium should have a Q; value of +8000 and 
should be a strong £ stabilizer in titanium. 


1W. Oelsen and F. Wever: Archiv. fiir Eisenhuttenwesen (1948) 
19, p. 97. 

2A. E. Dwight: Report ANL-5091 Argonne National Laboratory 
(September 1953). 
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Fig. 4—Heat of reaction is shown ys atomic number of solute (sol- 
yent, uranium) of solute for 8-y transformation in uranium. Sym- 
bols represent: open triangle, calculated data; circle, solvent; 
dashed fine, extrapolated data; and filled triangle, estimated data. 
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Self-Diffusion in Single and Polycrystals 


Of Zinc at Low Temperatures 


Self-diffusion in zinc at temperatures below 200°C has been studied using both single 
crystal and polycrystal samples. Anomalous results were obtained for single crystal sam- 
ples, the data indicating that in some cases grain boundary diffusion predominated. These 
anomalous results are presumed to be due to low angle lineage boundaries in the single 
crystals. When volume diffusion occurred in either single or polycrystal samples, the 
values for the diffusion coefficient were as much as several orders of magnitude larger 
than would be expected from high temperature data. 


by F. E. Jaumot, Jr. and R. L. Smith 


ONSIDERABLE work has been done on self- 
diffusion at temperatures in the neighborhood of 
two thirds of the melting temperature (in °K) and 
higher, but very little has been done at lower tem- 
peratures. This is particularly true of self-diffusion 
in single crystals. This paper reports work on self- 
diffusion in zinc at temperatures below 200°C 
where both polycrystalline and single crystal sam- 
ples have been used. The measurements were made 
using both the sectioning and absorption techniques. 
The experiments on diffusion at low temperatures 
were initiated primarily for three reasons: to obtain 
data from single crystal diffusion covering a wide 
range of temperatures, to obtain values of the activ- 
ation energy for grain boundary diffusion, and to 
obtain, if possible, a lower limit to the temperatures 
at which the absorption technique may be used. 

It is possible to determine whether volume or 
grain boundary diffusion predominates at low tem- 
peratures by analyzing the manner in which the 
concentration of the diffusing atoms varies with the 
depth of penetration. The analysis is possible only 
for the sectioning technique. For volume diffusion 
and for the boundary conditions of the present ex- 
periment, the curve of the logarithm of the con- 
centration, C, vs the square of the penetration 
depth, x, is a straight line with the slope propor- 
tional to —1/D. If grain boundary diffusion pre- 
dominates, Fisher* has shown that a curve of In C 
vs the first power of the penetration depth should 
be a straight line. This linear dependence of con- 
centration on depth has been observed experimen- 
tally by several investigators. (See, for example, 
refs. 3 and 4.) 

Following Fisher’s analysis, the grain boundary 
diffusion coefficient can be written as 


where 6 is the grain boundary width, D, is the 


F. E. JAUMOT, JR. and R. L. SMITH, Members AIME, are asso- 
ciated with Solid State Physics Diy., Franklin Institute Laboratories 
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Discussion of this paper, TP 4111E, may be sent, 2 copies, to 
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volume diffusion coefficient at the temperature in- 
volved, t is the time of diffusion, C is the concentra- 
tion of diffusing material, and x is the depth of 
penetration. 

A more general analysis employing the same 
model as Fisher’s but with fewer assumptions has 
been given by Whipple.? In contrast to Fisher’s 
analysis the more general analysis of Whipple does 
not always yield a straight line relation between In 
C and x. Recently Turnbull and Hoffman*® have 
discussed both analyses and have applied the 
Fisher-Whipple model to a more refined dislocation 
model of the grain boundary. They have also dis- 
cussed the possibility of a large effect of grain 
boundary direction on diffusion. 

In the case of the absorption technique, for which 
results are also given, one simply gets a value for 
the diffusion coefficient with no indication of the 
predominating mechanism. 


Experimental Techniques 

Single crystals of 99.99+ pct Zn were grown 
using a modified Bridgman method. Polycrystal 
samples were prepared in three grain sizes (small, 
about 4 mm’*; medium, about 9 mm’; and large, 
about 25 mm’) by quenching, air cooling, and fur- 
nace cooling. The grains of the polycrystalline sam- 
ples tended to be columnar, with some preferred 
texture such that the c-axis was inclined at about 
20° to 25° from the normal to the diffusion face, 
particularly in the medium and large grain size 
samples. 

The samples were cut from the rod, polished, and 
heavily etched, and faces cut accurately parallel us- 
ing a jeweler’s lathe. They were again etched to 
remove the lathe smear and annealed for 3 hr at 
250° to 300°C. After annealing, they were etched, 
examined, and the orientation determined by Laue 
back reflection photographs. They were then 
electroplated with Zn®. The plated surfaces were 
examined for uniformity; nonuniform coatings were 
removed by etching and the samples replated with- 
out additional preparation. 

For the diffusion anneals, the samples were 
placed in pairs, with active faces together, in evac- 
uated Pyrex tubes. Constant temperature baths 
were used, and the variation in temperature did not 
exceed +1°C. Diffusion runs were made at 100°, 


TRANSACTIONS AIME 


SAMPLE NO. SYMBOL SCALE FACTORS TEMP TIME | 
@ vs x2 5 x 107&cm2 
Avs x? 2 x 
206 125°C 1368hrs 
vs Xx 2 x 1073¢m 
x2 107 
204 100°C 1368hrs 
O vs x 1073¢m 
2 
° 
105 
8 
6 SX 
° 
4 
IN 
a ° 
N 
108 NS AX 
2 A ny N N 
103 \ 
8 N 
4 6 fal <a NS 
\ 
102 
8 \. 
6 
\ \ 
\ ny 
\ 
10 
(0) 2 4 5 6 


X OR (see scale factor ) 


Fig. 1—Chart shows curves illustrating a linear dependence 
of In C on x° for diffusion at various temperatures in zinc 
single crystals. 


125°, 150°, and 200°C for the single crystals, and 
100°, 125°, 170°, and 200°C for the polycrystalline 
samples. Diffusion times ranged from 4 days to 3 
months at each temperature. No dependence of the 
results on time was observed. At least eight and 
generally 12 single crystal samples of each orienta- 
tion (parallel and perpendicular to the c-axis) and 
eight polycrystal samples of each of the three grain 
sizes were used at each temperature. 

After diffusion and after the samples had been 
counted to obtain the necessary data for the absorp- 
tion technique analysis, 30 to 100 mils were re- 
moved from the cylindrical surfaces of the samples 
to eliminate possible surface effects. Sections 0.5 to 
1.5 x 10% ecm thick were removed using a high pre- 
cision jeweler’s lathe,’ carefully collected and 
weighed to determine their thickness more pre- 
cisely, and their activity determined using standard 
techniques. 

No change in the polycrystalline samples was 
observed after the diffusion run, although some 
grain growth occurred during the prediffusion an- 
neal. The single crystals were not examined during 
the course of sectioning, but after the sectioning 
operation was completed they were etched and 
examined for recrystallization; none was observed. 

Results 
Laue back reflection X-ray photographs of the 
‘single crystals exhibited sharp spots indicating 
good single crystals. However, the curves of In C vs 
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Fig. 2—-Chart shows curves illustrating a linear dependence 
of In C on x for diffusion in zinc single crystals. 


ax* for an appreciable number of samples did not 
turn out to be straight lines, indicating imperfect 
crystals. When this plot was a straight line, it gave 
values of D as much as several orders of magnitude 
larger than expected from high temperature data.’ 
Most of the single crystal samples which did not 
yield a straight line for In C vs x’ gave excellent 
straight lines when In C was plotted against x. 
Figs. 1 and 2 give curves of each type for diffusion 
at approximately 150°, 125°, and 100°C. All data 
for diffusion at 200°C produced linear curves of In 
C vs x’. In addition to the types of curves shown in 
Figs. 1 and 2, some samples gave curves in which In 
C is linear in x* for small penetration depths and 
linear in x for large penetration depths. Finally, 
a few samples gave values of In C which did not 
yield a linear plot against either x or x’. 

The results for polycrystal diffusion are illus- 
trated in Figs. 3 and 4. Nearly perfect curves of 
both types were obtained at every temperature. 
The majority of the samples, however, gave either 
a linear dependence of In C on x or a dependence 
of the mixed type shown in Fig. 5. 

Fig. 6 gives the results obtained from single crys- 
tal samples using the absorption technique as well 
as those results calculated from the curves of In C 
vs x’ obtained from the sectioning technique. Fig. 7 
gives similar results for diffusion in polycrystals. 
In all cases the same samples were used for both 
techniques. The designations S, M, and L in all 
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Fig. 3—Chart shows curves illustrating a linear dependence 
of In C on x? for diffusion at various temperatures in poly- 
crystalline zinc. 


figures refer to the small, medium and large grain 
size samples mentioned above. 

Fig. 8 gives the results obtained using a grain 
boundary analysis on the single and polycrystal 
samples which yielded linear plots of In C vs zx. 
The data spread at each temperature is given by 
the vertical lines in Figs. 6, 7, and 8, unless fewer 
than four good determinations of D were possible, 
in which cases the individual values of D are 
plotted. A data spread is not shown for small grain 
size samples in Fig. 8 since it was within the size of 
the standard symbol used. 


Discussion of Results 

Since the data are such that the values of Q are 
uncertain by as much as 25 pet, little significance 
can be attached to the values of D,. 

The analysis of the data obtained using the ab- 
sorption technique explicitly assumes a true volume 
diffusion, with In C linear in x*. Since the concen- 
tration depth data strongly suggest that diffusion is 
also taking place by means of some kind of short 
circuit paths, we can safely conclude that the ab- 
sorption technique is not valid for the zine samples 
used below about 200°C. The absorption data are 
included in Figs. 6 and 7 as a matter of interest. 
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Fig. 4—Chart shows curves illustrating a linear dependence 
of In C on x for diffusion in polycrystalline zinc. 


The explanation for the fact that the results from 
the two techniques are not too different, and for the 
small spread in the absorption technique data, 
probably is that the latter technique is quite in- 
sensitive to small changes in penetration depths, 
particularly after a critical depth has been reached.° 

The polycrystal diffusion indicates a grain size 
effect at low temperatures for the values of D ob- 
tained from samples for which In C was linear in x’. 
When the grain boundary analysis applied there 
seemed to be no difference in the values obtained 
from the large and the medium grain sizes, but the 
values obtained from the small grain size samples 
were definitely higher (see Fig. 8). The activation 
energies are all about the same in the case of grain 
boundary diffusion, requiring D, to be higher for 
small grain size samples. 

The unlikelihood of a fundamental ditference in 
diffusion behavior at low temperatures led to the 
possibility that sample irregularities were the cause 
of the anomalous results for single crystal samples. 
It has long been known that metal single crystals 
(particularly zinc) often exhibit a substructure 
formed of a network of lineage boundaries. These 
boundaries in zine are generally very straight and 
are always nearly parallel to the direction of 
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Fig. 5—Chart shows typical mixed concentration-depth curve 
for diffusion in zinc. This curye was obtained from a poly- 
crystalline sample, but similar curves were also obtained from 
single crystal samples. 


growth. Steijn’ has studied these boundaries and 
concludes that they are composed of Taylor-Orowan 
edge dislocations, each dislocation yielding an etch 
pit. The distance between etch pits indicates that 
the subcrystals differ in angular orientation by only 
about 15 to 30 sec. Thus, it is easy to see why the 
Laue photographs gave sharp spots indicating good 
single crystals. 

In both polycrystal and single crystal samples the 
values of D obtained from the Fisher analysis lead 
to a higher activation energy than do the values of 
D obtained from a volume diffusion analysis. It is 
possible that the grain boundary analysis used does 
not apply, but it is more reasonable to assign the 
cause of this anomaly to the fact that some of the 
much faster diffusion along grain and lineage 
boundaries is included in the diffusion analyzed 
as volume diffusion. It is not entirely clear why the 
data should analyze as volume diffusion if a signi- 
ficant part of the diffusion is due to boundaries. It 
may be that many of the boundaries are discon- 
tinuous, so that rapid diffusion occurs along the 
boundaries initially but is blocked at their termina- 
tions, and thereafter the boundary is a new source 
for volume diffusion. Unfortunately, there is no 
good metallographic evidence for discontinuous 
boundaries of very small lengths. 

The first actual experimental results involving 
dislocation boundaries were probably those of Hen- 
drikson and Machlin® which, while obtained from a 
rather special experimental arrangement, indicate 
that the dislocation pipe diffusivity is at least as 
large and probably larger than that for large angle 
grain boundaries. Turnbull and Hoffman* have 
given very plausible theoretical arguments indicat- 
ing that preferential diffusion in certain directions 


“TRANSACTIONS AIME 


10510 5 
Absorption Technique 
N 
ig 
1o-!2 
© Dy24 x cm? sec-! " 
@ 7900/ RT sec-! if 
0} Sectioning Technique 
(VOLUME DIFFUSION) 
1s 
N 
10-12 ¢ 
© Dy = 1.4 x 1078 sec-! 
@ =3.1 x 107 cm2 sec-! 
10-'3 
2.0 2.4 2.6 
103 /T (eK)! 


Fig. 6—Charts give summary of D yalues obtained for zinc 
single crystals from the absorption and the sectioning tech- 
niques for those samples which gave linear curves of In C 


(parallel to dislocation pipes) of low angle bound- 
aries cannot always be ignored. They emphasize 
that the diffusion coefficient in a low angle bound- 
ary is expected to be highly anisotropic, having a 
maximum value in a direction parallel to the dis- 
location pipes and a minimum (D,=D,) for diffu- 
sion in the direction normal to the pipes. In the 
present work diffusion was, in all specimens, nearly 
normal to the dislocation pipes, so that one is forced 
to conclude that such an array provides a short cir- 
cuit path for diffusion which is comparable in effi- 
ciency to an array of pipes parallel to the diffusion 
direction. It is important to note that the lineage 
boundaries in the samples used for the present 
study are generally much longer than normal grain 
boundaries. Therefore, although the misorientation 
is small, the total flux through these boundaries 
could be large. 

A serious difficulty arises from the fact that large 
grains in polycrystal samples also show lineage 
boundaries. These boundaries are more widely 
spaced in the polycrystal grain than in the single 
crystal but it is difficult to assume that they play 
no role in the diffusion. It is probable that their 
effect averages smoothly into the effect of the nor- 
mal grain boundaries. 

The experimental work of Hendrikson and Mach- 
lin is very significant in that it provides strong 
qualitative support for the work of Turnbull and 
Hoffman. At the same time, the present results ob- 
tained from a more complex situation seem to indi- 
cate that the issue is not as clear-cut as the fore- 
going work suggests. First of all, one has anomal- 
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Fig. 7—Charts give summary of D yalues obtained for poly- 
crystalline zinc from the absorption and the sectioning tech- 
niques for those samples which gave linear curves of In C 


ously high diffusion coefficients for samples which 
exhibited penetration curves linear in x*.* These 


*The present experiment does not represent the first time that 
high values of D were deduced from In C vs x? curves obtained 
from single crystals for low temperature diffusion. A diffusion co- 
efficient 60 pct higher than expected on the basis of high tempera- 
ture diffusion was observed at low temperatures (380.4°C) by the 
group at the University of Illinois? in the course of some extremely 
careful work on diffusion of antimony in silver.1° Their experi- 
mental arrangement was such that they feel the maximum error 
could not exceed 10 pct. These determinations yielded a linear plot 
of the logarithm of concentration as a function of x?. Hoffman and 
Turnbull! obtained an anomalously high self-diffusion coefficient 
for silver at 500°C, using the absorption technique. 


high values of D undoubtedly arise as a result of 
the lineage boundaries. Also, the single crystal 
samples which exhibited penetration curves linear 
in x contained lineage boundaries in which the dis- 


Table I. Number* of Single Crystal Samples Which Yielded Curves 
of Log Concentration Linear in x’, x, or Neither 

Dif- Diffusion Parallel Diffusion Perpendicular 

fusion to c-axis to c-axis 

Tem- 

pera- InC Nei- InC Nei- 

ture vs x2 vs x ther; vs x2 vs x ther; 

200°C 8 0 0 11 0 1 

150°C 6 1 1 9 2 2 

125°C 6 3 1 6 2 1 

100°C 11 2 0 10 3) 1 


* When values of D could be obtained from both portions of a 
mixed curve (see Fig. 5), they are included as two samples in Ta- 
bles I and II. 

7+ The curve of In C was not linear in either x or x® over any ap- 
preciable penetration depth. 


location pipes were oriented, in the main, normal to 
the direction of diffusion. This grain boundary dif- 
fusion is certainly due to these lineage boundaries 
but the theory of Turnbull and Hoffman suggests 
that with the diffusion geometry used, D, should be 
of the order of D,, not several orders of magnitude 
larger. Perhaps most unexplainable of all, some 
polycrystalline samples exhibited volume diffusion 
at very low temperatures. Since this latter result 
occurred in only a few samples, if it were the only 
unusual result, it might be explained in terms of a 
high degree of grain boundary diffusion aniso- 
tropy; but this would appear to be stretching the 
point, in view of the single crystal data. 


Table Il. Number* of Polycrystal Samples Which Yielded Curves 
of Log Concentration Linear in x*, x, or Neither 
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Fig. 8—Chart gives summary of D yalues obtained from linear 
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curves of In C ys x through the sectioning technique. 
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2.8 


Dif- 
fusion Small Grain Size Medium Grain Size Large Grain Size 
Tem- 
pera- Nei- mC Nei- mC InC Nei- 
ture vsx2 vwsx ‘ther wsx? vsx ther} vsx2 vsx ther} 
200°C 8 pL 0 8 0 0 8 0 0 
170°C 3 8 a 3 7 1 4 7 0 
12526 2 6 at 2 a 0 3 6 al 
100°C 1 uf 0 2 6 0 2 7 0 


* When values of D could be obtained from both portions of a 
mixed curve (see Fig. 5), they are included as two samples in Ta- 
bles I and II. 

j The curve of In C was not linear in either x or x2 aver any ap- 
preciable penetration depth. 


The authors are inclined to believe that this is not 
the first experimental work in which varied results 
were obtained. When relatively few samples are 
used there is a strong tendency to throw out anom- 
alous results obtained from only one or a few sam- 
ples. In the present experiment the expected result 
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was only a most probable result. That is, the ma- 
jority of the single crystal samples analyzed as if 
the diffusion were volume diffusion (In C linear in 
x*) while the majority of the polycrystal samples 
exhibited grain boundary diffusion (In C linear in 
x) for temperatures below 170°C. The numbers of 
samples from which each type of D was obtained 
are given in Tables I and II. 

The unexpected and anomalous results may sug- 
gest an uncontrolled experimental parameter. If 
one exists, it is most probably a question of impuri- 
ties. The samples were prepared of relatively high 
purity zinc and, in addition, the lineage boundaries 
in the single crystals were examined by micro- 
radiography to ascertain whether or not the bound- 
aries were composed of lead impurity inclusions. An 
amount of lead on the boundaries equivalent to 0.01 
pet impurity should have been detected but none 
was observed. Additional purification of the zinc is 
being carried out and this question will be consid- 
ered along with the directional characteristics of 
the boundaries in a continuation of the work. 
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Technical Note 


Mechanism of Grain Boundary Sliding 


by H. C. Chang and Nicholas J. Grant 


MPHASIS on the importance of grain boundary 
sliding as a mode of deformation at elevated 
temperatures has been presented elsewhere.* The 
extent to which boundary sliding occurs under cer- 
tain creep conditions has been determined for high 
purity aluminum” * and aluminum alloys.‘ In gen- 
eral, boundary deformation extends quite far into 
the adjoining grains, resulting in a rather wide band 
of deformation along the grain boundaries. This has 
led some investigators to doubt that grain boundary 
sliding consists of shearing along the boundary sur- 
face; it has been contended instead that boundary 
sliding is a result of concentrated slip in the neigh- 
borhood of the deformed grain boundaries.” ° 

The purpose of this note is to present evidence 
that grain boundary sliding takes place by a bulk 
shear process. 

In high purity polycrystalline aluminum, wherever 
and whenever there is grain boundary sliding, 
boundary migration and concentrated deformation 
along both sides of the deformed boundary are asso- 
ciated with it. Therefore, it has been rather difficult 
to obtain unambiguous evidence of boundary slid- 
ing. On the other hand, it would be expected in 
certain alloys of aluminum, when tested under par- 
ticular conditions, that the severity of the inter- 
fering effects of boundary migration and concen- 
trated deformation along the deformed boundary 
might be reduced. Current research in this labora- 
tory’ shows that a 20 pct Zn-Al solid solution alloy 
fractures in an intercrystalline manner during creep 
at 500°F with a small total elongation of not more 
than about 14 pct, and that it does so with extremely 
limited grain boundary migration. Accordingly, this 
alloy was chosen for the present study. 
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The experimental procedure was similar to that 
used in previous work and has been presented else- 
where.* Two parallel flat surfaces were milled from 
a round specimen. The gage portion of the specimen 
was 1 in. x .09 in. x .17 in. The specimens, which 
were annealed at 1030°F for 24 hr, showed two to 
four grains across the width of the test bar. The 
specimens were subjected to creep at 500°F at 
stresses of 2000 to 5000 psi. The rupture times were 
from 10 sec to 3 hr. 

Appreciable boundary sliding occurred in all the 
tests. A typical example of boundary sliding is shown 
in Fig. 1. (The tension axis is vertical in the micro- 
graphs.) Sliding has taken place along the bound- 
ary between grains A and B unaccompanied by im- 
portant boundary migration. The sharpness of the 
offset at the triple point can be clearly seen in grain 
C. As a result of sliding along the boundary between 
grains A and B, a new boundary surface between 
grains A and C was created. The offset at the triple 
point is about 0.07 mm. This boundary sliding is 
accompanied by the formation of rather sharp kink- 
ing bands and, of course, slip on several shp systems 
in grain C. This type of deformation has been re- 
ferred to as fold formation’ in previous work with 
high purity aluminum. 


Fig. 1 — Boundary 
sliding is shown along 
boundary between 
grains A and B re- 
sulting in fold forma- 
tion in grain C. Note 
the sharp offset at 
the triple __ point. 
X100. Area reduced 
approximately 35 pct 
for reproduction. 


FEBRUARY 1956, JOURNAL OF METALS—169 


\ 


Fig. 2a—New 
grain boundary 
surface (between 
grains D and F) 
was created as a 
result of sliding 
along boundary 
between grains E 
and F. X75. Area 
reduced approxi- 
mately 35 pct for 
reproduction. 


In longer time tests, at slower strain rates, re- 
covery takes place, if the temperature is high enough, 
and the offset at the triple point is rejoined by 
migration of the grain boundary.” 

Another example of boundary sliding with a 
sharp offset at the triple point is shown in Fig. 2a. 
Fig. 2b shows the same region after electropolish- 
ing away a layer 0.2 mm thick. The shift of the 
boundary between grains D and E is clearly evident. 
The new boundary surface created between grains 
D and F has the same etching characteristics and 
the same width as the other grain boundaries. It 
is interesting to note that the corner of grain F, now 
bounded only by grain D, became slightly rounded, 
probably by a small amount of boundary migration 
to achieve lower surface energy. While there was 
some small evidence of boundary migration for this 
alloy tested at 500°F, in general the grain bound- 
aries remained fixed during the short period of test, 
as can be seen from the micrographs. 

In order to demonstrate that the new boundary 
surfaces created as a result of boundary sliding be- 
tween grains A and C in Fig. 1 and between grains 
D and F in Fig. 2 are not cracks, the specimens were 
annealed at 900°F for 1 hr, repolished and etched. 
No evidence of cracks was noted in the places where 
the slide boundary surfaces existed before reanneal- 
ing. 

It is important to point out that in many hundreds 
of observations made to date, grain boundary slid- 
ing is always accompanied by fold formation in the 
grain on which the new boundary surface is created. 
This is the means whereby the grain can accom- 
modate boundary sliding. The flexibility of fold 
formation has been demonstrated by Chang and 
Grant” ° and Mullendore and Grant,’ who observed 
that folds are regions of kinking, of single and 
double slip, and deformation bands. The observed 
length and area of the folds depend on the geometry 
and orientation of the grains and boundaries, the 
grain size, and the stress and temperature, but are 
always a measure of the extent of boundary sliding. 

The observations presented in this note clearly 
demonstrate that there is bulk movement of two 
grains along a mutual boundary. Of course the 
boundary itself is not assumed to be uniquely plane, 
but is irregular. It is likely that one grain of the 
two involved in the sliding process is oriented more 
suitably for slip to occur in it. This observation is 
supported by repeated evidence of the greater 
amount of deformation in one grain as compared 
to the other in the sliding couple. 

If displacement along the grain boundary were 
presumed to be due to a soft zone (dimensions of 
unknown magnitude but wide enough to accom- 
modate slip of the usual spacing and for several 


170—JOURNAL OF METALS, FEBRUARY 1956 


Fig. 2,—Same re- 

gion as in Fig. 2a D 
is shown, after ; 
polishing and 
etching. The 
sharp offset at 
the triple point is 
clearly seen. 
X150. Area re- 
duced approxi- 
mately 35 pct for 
reproduction. E 


Fig. 3—Displacement 
of grain A along a 
softened baad is 
shown by the shaded 
area. a—Drawing ‘ 4 
shows appearance of Wb 
triple point before 
deformation. b— e (b) 
Displacement without 
rotation is illus- 
trated, giving prob- 
able appearance of (ai 
this region if it is 
assumed that the 
boundary between 
grains A and C can 
be stretched as a re- 
sult of further de- 
formation the (c) 
softened zone. c— 
Drawing shows displacement, assuming that the upper end of the 
boundary between grains A and C is fixed, with the probable ap- 
pearance of this area after deformation. 


bands), it is expected that boundary surfaces of the 
type suggested in Fig. 3 would probably result in- 
stead of the sharp surfaces experimentally observed 
and shown in Figs. 1 and 2. Considering the mag- 
nitude of the movement measured in Fig. 1 (0.07 
mm), any discontinuous boundary surface should 
have been easily recognized. In fact, the movements 
followed and noted in Figs. 1 and 2 fail to disclose 
such discontinuities as are presumed in Fig. 3. It 
is not suggested that the boundary between grains 
A and C, Fig. 1, and between grains D and F, Fig. 2, 
moved parallel to the original boundaries, but the 
movement was a bulk one. 
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Search for Oxidation-Resistant Alloys of Molybdenum 


In an effort to find an oxidation-resistant alloy of molybdenum, binary and ter- 
nary alloys containing aluminum, chromium, cobalt, iron, nickel, silicon, titanium, 
tungsten, vanadium, and zirconium were screened. Fourteen other alloying additions 
were also tested. Many of the alloys were more oxidation-resistant than molyb- 


denum, but none were entirely satisfactory. 


by G. W. P. Rengstorff 


Nowe oxidizes extremely rapidly above 
1450°F in air. At 1800°F, a loss of metal at 
the rate of 0.1 in. in 4 hr is typical. The high speed 
of this oxidation may be judged by comparison with 
the oxidation rate of 0.1 in. per year (0.00005 in. in 
4 hr), sometimes taken as the maximum permissible 
oxidation rate at 1800°F for a satisfactory Fe-Cr-Ni 
alloy. 

Great strides have been made in the development 
of coatings and cladding to protect molybdenum 
from oxidizing atmospheres. These developments 
in surface protection will undoubtedly make it 
possible to take advantage of the excellent hot 
strength of molybdenum and its alloys in many 
new applications. Still, even the best coating can 
protect molybdenum only as long as the surface 
layer is unbroken. 

Research was undertaken to determine whether 
an alloy of molybdenum could be found which 
would resist oxidation. Such an alloy would not 
deteriorate suddenly when the protective surface 
layer was destroyed in a small area. In seeking an 
alloy of molybdenum to resist oxidation, the physi- 
cal properties of molybdenum could not be sacri- 
ficed entirely. 

The development of an alloy with the desired 
resistance to oxidation was not achieved. The in- 
formation obtained on the effect of a large number 
of elements on the oxidation of molybdenum is, 
however, of value in the development of coatings. 
Indeed, many of the alloys tested for oxidation re- 
sistance were already known to have poor mechani- 
cal properties but were tested to aid in the develop- 
ment of coatings. 


Oxidation of Molybdenum 


The rapid oxidation of molybdenum is usually at- 
tributed to the volatility of MoO,;. Gulbransen and 
Wysong’ have shown that molybdenum oxidizes 
very slowly up to 850°F, the temperature at which 
the oxide film begins to evaporate. 

Melting as well as evaporation of molybdenum 
oxides promotes the oxidation of molybdenum. 
MoO, melts at 1465°F. MoO., the oxide which is be- 
lieved to form at the metal-oxide interface, com- 
bines with MoO, to form a eutectic having a melting 
point of 1432°F.’ The liquid oxide, even if nonvola- 
tile, could cause poor resistance to oxidation by 
allowing easy transport of molybdenum and oxygen 
ions through the oxide. Actually, a sudden increase 
in the rate of oxidation of molybdenum at 1460°F 
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has been observed’ to coincide with the appearance 
of a liquid phase. 

The formation of a volatile oxide is not unique 
with molybdenum. The problem is also encountered 
with vanadium, tungsten, and some of the Pt-Pd 
group of metals. Vanadium not only forms the 
volatile V.O; but, like molybdenum, forms a liquid 
oxide coating. Few attempts have been made, how- 
ever, to prevent the rapid oxidation of these metals 
by alloying. 

Oxidation of Molybdenum Alloys 

At the beginning of this work, very little was 
known of the oxidation resistance of molybdenum 
alloys. It was known that molybdenum disilicide 
(with 37 pct Si) has extremely good oxidation re- 
sistance, but this compound is so brittle that it has 
few uses. It is an effective protective coating for 
molybdenum when allowance can be made for its 
brittleness. Chromium was known to retard the 
oxidation of molybdenum,’ but at least 50 pct Cr 
was necessary to have an appreciable effect. Other, 
unpublished, reports show that a few other alloys 
have been given preliminary tests, but the results 
have not been promising.° 


Choice of Alloys to be Investigated 

An alloying element might be expected to protect 
molybdenum in either of two ways: Its oxide might 
combine with molybdenum oxide to form a stable, 
nonvolatile complex oxide (a molybdate); or the 
oxide of the alloying element might form in prefer- 
ence to molybdenum oxide, developing an imper- 
vious layer which would prevent the formation of 
a volatile molybdenum oxide. 

The knowledge available about the formation of 
molybdates was meager. Therefore, the initial study 
was made on alloys of molybdenum with elements 
having especially stable oxides. On this basis, binary 
and ternary alloys containing the following six ele- 
ments were investigated: aluminum, chromium, 
titanium, zirconium, silicon, and vanadium. 

Nickel was also added as an alloying element. 
Although it does not form a more stable oxide than 
molybdenum, it does impart some oxidation resist- 
ance to copper and iron. Its inclusion in the study 
was fortunate because its alloys proved to be the 
most promising of those first tested. Apparently 
nickel formed a stable molybdate. 

Because nickel was effective in reducing the oxi- 
dation rate of molybdenum, the elements iron, cobalt, 
and tungsten were added to the list. 

The ten alloying elements mentioned form ten 
binary and 45 ternary alloying systems with molyb- 
denum. A series of alloys was tested in each of these 
systems. 

In addition, at least one test was made on the 
effect of each of the following alloying elements: 
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Fig. 1—Graph shows the oxidation resistance of binary and 
ternary molybdenum alloys containing aluminum. 
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Fig. 3—Graph shows the oxidation resistance of binary and 
ternary molybdenum alloys containing cobalt. 


boron, B-Fe, platinum, copper, lead, thorium, beryl- 
lium, tin, antimony, manganese, lithium, magne- 
sium, zinc, silver, and bismuth. 


Preparation of Gradient-Composition Ingots 

To investigate the large number of composition 
ranges desired and yet avoid making an extremely 
large number of ingots, a method was developed 
for preparing gradient-composition ingots. Thus, a 
wide range of compositions could be investigated in 
a single ingot. In these gradient-composition ingots, 
the bottom was usually molybdenum and the con- 
centration of the alloying addition was gradually 
increased toward the top of the ingot. The top of 
the ingot usually contained between 15 and 40 pct 
of the alloying element, but sometimes contained 
100 pet. 

In most of the ternary composition ingots, the ratio 
of the two alloying elements was kept constant. 
However, many of the nickel-containing alloys had 
10 pct Ni on the bottom. In these alloys, the Ni-Mo 
ratio was kept constant, and the concentration of 
the third element was gradually increased toward 
the top. 

The gradient-composition ingots were made by 
are melting in an inert atmosphere. Gradients in 
composition are possible with arc melting because 
only a thin layer of metal is molten at a time. The 
ingots vary in composition as the charge materials 
are varied. 

Each gradient-composition ingot was cut length- 
wise through the middle, one half being used for the 
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Fig. 2—Graph shows the oxidation resistance of binary and 
ternary molybdenum alloys containing chromium. 
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Fig. 4—Graph shows the oxidation resistance of binary and 
ternary molybdenum alloys containing iron. 


oxidation test and the other for hardness surveys 
and rechecking. 

In order to form an initial protective oxide film 
on the alloys, each specimen was preoxidized in a 
gastight stainless steel tube for 6 hr at 2000°F in 
hydrogen previously saturated with water vapor at 
75°F. A similar treatment, the Price-Thomas treat- 
ment, has been used successfully to form a protec- 
tive aluminum oxide film on Cu-Al alloys.” 

The actual oxidation tests consisted of heating the 
ingots, with a control sample of molybdenum, on in- 
sulating brick in a nickel-lined steel tube for 4 hr 
at 1800°F. Air was blown through the pipe at a 
controlled rate. 

The oxidation resistance of each alloy was evalu- 
ated by measuring the thickness along the length 
of the half ingots before testing and after oxidizing 
and cleaning by grit blasting. The difference in 
thickness is a measure of the amount of oxidation 
under the conditions of the test. Essentially all of 
the oxidation occurred on the exposed side of the 
specimens; the sides in contact with the insulating 
brick were protected. 


Validity of Screening Tests 

The oxidation rates were, of course, the results of 
rough screening tests. The alloy contents were gen- 
erally qualitative estimates. This was especially 
true in the gradient-composition ingots where the 
alloying elements sometimes vaporized rapidly or 
severely attacked the electrode tips to cause the 
general alloying level to deviate from the intended 
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Fig. 5—Graph shows the oxidation resistance of binary and 
ternary molybdenum alloys containing nickel. 
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Fig. 7—Graph shows the oxidation resistance of binary and 
ternary molybdenum alloys containing titanium. 


composition. Also, large local fluctuations in com- 
position can be expected from layering during arc 
melting. 

Nevertheless, these tests were successful in deter- 
mining the qualitative effect of the various alloying 
elements. They showed which alloying systems were 
worthy of further study. The desired oxidation- 
resistant alloy should oxidize only about 1/5000 as 
fast as molybdenum, so that conditions which would 
change the oxidation rate, even by a factor of ten 
or more, would hardly be significant. 

The oxidation resistance of many alloys is com- 
pletely destroyed by the presence of molybdenum 
oxide. However, this phenomenon, known as catas- 
trophic oxidation, generally occurs in a static atmos- 
phere. Since most of the tests described herein were 
made in flowing air, it is believed that the alloys 
tested were not greatly affected by catastrophic 
oxidation. In fact, a sample of Vitallium tested 
along with several samples of molybdenum and 
molybdenum alloys was oxidized severely only in 
corners protected from the flowing air. Neverthe- 
less, the-presence of gaseous and liquid oxides of 
molybdenum should be kept in mind when evalu- 
ating the results given in this paper. 


Results of Screening Tests on 
Gradient-Composition Ingots 


' The bar graphs in Figs. 1 through 10 show the 
effect of each of ten alloying elements on the oxida- 
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Fig. 6—Graph shows the oxidation resistance of binary and 
ternary molybdenum alloys containing silicon. 
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Fig. 8—Graph shows the oxidation resistance of binary and 
ternary molybdenum alloys containing tungsten. 


tion rate of molybdenum. They also show the effects 
of third eiements on each of the binary alloys.* 


* In these figures, zero penetration means oxidation-resistant. The 
value 0.10 in. penetration is approximately the oxidation of unal- 
loyed molybdenum. Oxidation resistance is given in inches pene- 
trated by oxidation in flowing air during 4 hr at 1800°F. 


In each of the graphs, 0.10 in. penetration was 
taken as the base line. This was the average rate 
of oxidation of unalloyed molybdenum under the 
conditions of the test (4 hr in flowing air at 1800°F). 
In the graphs, the height of the black bars is a 
measure of the oxidation resistance. Hence the more 
oxidation-resistant the alloy, the higher is its black 
bar. Alloys with bars rising completely up to the 
zero penetration line were, on the basis of the quali- 
tative measurements obtained in these tests, entirely 
oxidation-resistant. The crosshatched areas repre- 
sent the local variations in oxidation rate. 


Other Alloys 


In addition to the 55 alloy systems studied exten- 
sively, a number of other systems were tested for 
oxidation-resistance. Gradient-composition ingots 
could be prepared to test the oxidation resistance 
of some of these alloys. This procedure was im- 
possible with other alloys because of excessive losses 
by vaporization. 

The results of oxidation tests on molybdenum 
containing copper, lead, antimony, zinc, manganese, 
lithium, magnesium, and calcium are summarized 
in Table I. 
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Fig. 9—Graph shows the oxidation resistance of binary and 
ternary molybdenum alloys containing vanadium. 


The tests of copper, lead, tin, and antimony addi- 
tions were made on bars pressed from metal powders 
containing 7 pct of the alloying element. These bars, 
together with a little powder of the alloying element 
to reduce composition changes due to vaporization, 
were sintered at 2100°F for one week in Vycor cap- 
sules. They were oxidized for up to 4 hr in a small 
muffle furnace under free circulation of air. 

A zinc-containing alloy was prepared in the man- 
ner just described, except that, since it was too 
volatile for sintering, it was tested in the as-pressed 
condition. 

For the manganese-containing alloys, bars pressed 
from metal powders containing originally 12 pct Mn 
were presintered at 2190°F at 2u of mercury pres- 
sure. They were then sintered by self-resistance in 
hydrogen until clouds of vapor formed at about 
2730°F; the current was then turned off immedi- 
ately. 

Lithium, magnesium, and calcium, because of their 
volatility, were added to the molybdenum powder 
by the impregnation method. Unmixed molybdenum 
powder was lightly compacted (9 tons per sq in.) 
and presintered at 2190°F. The resulting compact 
was placed in a steel pipe with enough of the alloy- 
ing element to immerse the compact when the alloy- 
ing element was molten. The pipe was welded shut 
and the mixture heated at 2000°F for one. week. 
Resulting samples were tested for oxidation resist- 
ance in the manner described for the copper, lead, 
tin, and antimony alloys. 
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Fig. 10—Graph shows the oxidation resistance of binary 
molybdenum alloys containing zirconium. 


Table I shows that of all these alloy additions 
only the calcium alloy that had not been preoxidized 
resisted oxidation. 

Alloys containing boron or boron and iron were 
prepared and tested as gradient-composition ingots. 
These alloying additions did not significantly im- 
prove the oxidation resistance of molybdenum. 

The oxidation resistance of gradient-composition 
ingots containing up to 30 pct Pt was also tested. 
Platinum improved the oxidation resistance only 
slightly. 

Attempts were made to prepare gradient-composi- 
tion ingots with silver and bismuth. Their vapor- 
ization losses, however, were so great that satis- 
factory ingots could not be prepared nor could their 
composition be controlled. Oxidation tests on the 
resulting alloys did not show any beneficial effect 
from either element. 

Small granules of arc melted 5 pct Be and 5 pct 
Th alloys were oxidized in the muffle furnace. Both 
alloys oxidized rapidly. 


Tests on More Oxidation-Resistant Alloys 


The screening tests showed that a few alloys had 
enough oxidation resistance to be worthy of further 
investigation. Alloys whose compositions are shown 
in Table II were prepared for further study. 

All of these alloys except the Mo-Ca alloy were 
prepared by arc melting. This alloy was the re- 
mainder of the bar made by the impregnation proc- 
ess used for lithium, calcium, and magnesium. 


Table |. Oxidation at 1800°F of Alloys of Molybdenum with Copper, Lead, Tin, Antimony, Zinc, Manganese, 
Lithium, Magnesium, and Calcium > 


Estimated Time Initial Weight Sample Lost 

Alloying Composition, of Test, of Sample, by Oxidation, 
Element Pet Pretreatment Hr i Pet 
Copper 9.0 Preoxidized 2 4.8 96 
Not preoxidized 2 4.6 85 
Lead 5.4 Preoxidized 2 4.4 91 
Not preoxidized 2 5.2 92 
Tin 4.5 Preoxidized 2 4.9 86 
Not preoxidized 4.7 83 
Antimony 5.9 Preoxidized 2 4.4 84 
; Not preoxidized 2 4.8 75 
Zine 7.0 Not preoxidized 2 6.1 80 
Manganese <4.5 Not preoxidized 2 5.6 63 
Lithium Unknown Preoxidized 2 4.5 100 
: Not preoxidized 4 5.1 84 
Magnesium Unknown Preoxidized 3 6.3 89 
: Not preoxidized 4 6.3 76 
Calcium 8.7 Preoxidized 3 6.9 88 

(analyzed) Not preoxidized 4 6.8 None 


* All samples were approximately ¥% in. thick. 
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Table Il. Oxidation Tests on More Oxidation-Resistant Alloys 
Alloy iti 
Mo-Ni 15 Ni 
Mo-Ni-Co 85 Mo 82.1 Mo* 
13 Ni 15.6 Ni 
Mo-W-Cr 45 Mo 15% Ni, 1600 
r 
Cr-Mo-W 90 Cr 92.0 
5 Mo 
Mo-Cr-Ti 65 Mo 69.1 Mo* Z 
30 Cr 25.8 Cr 5 
5 Ti 5.1 Ti i, 
Mo-Ca 8.7 Ca > 50 
& fe) 
* Percentages given here are by difference. g / | 
40 a 
if 
The oxidation tests on the Mo-Ca alloy were made / yi, 
in the same manner and in the same furnace as the 30 FA Ae 
4 hr screening test on the sample which had not ‘ 
been preoxidized, except that the time was length- Ve Z, 
ened to 125 hr and another check was made at 4 hr. ae, 4 
The results are shown in Fig. 11. One test was made Check values 2000F 
at 2000°F instead of 1800°F, but this alloy could not Original aro 
withstand the higher temperature. 15% Ni, IBOOF 
This Mo-Ca alloy oxidized at less than 1/100 the Le AO 
rate of unalloyed molybdenum. Such a reduction in ) 
| 5 25 125 


oxidation rate is significant, but the rate is still 
much too rapid to justify considering the alloy as 
oxidation-resistant. 

The increase in oxidation resistance of molyb- 
denum imparted by calcium is probably due to the 
formation of calcium molybdate: This well-known 
molybdate is reported as having a melting point of loo 


Time, hours 


Fig. 11—Oxidation resistance of 15 pct Ni-85 pct Mo alloy 
as a function of time at 1600°, 1800°, and 2000°F and of 
an Mo-Ca alloy at 1800°F is charted. 


2450°F, well above the melting point of molyb- 
denum oxides.° 

The Mo-Ni alloy was prepared by a consumable- 
electrode arc melting process. The ingot was cut 


into pie-shaped specimens, % in. thick, with an ee 

abrasive wheel. These specimens, which weighed 

about 14 g each, were oxidized for varying times up . ‘ | ph 
to 125 hr under the same conditions as the Mo-Ca Bae if eA 
alloy. Temperatures of these oxidation tests were 40 + 
1600°, 1800°, and 2000°F. The results are given in oe if We 


Fig. 11. 


A8624B | 


90+ 25.8% Cr-5.1%Ti 


80} Samples, 8.57 0.1 


Approx. 69% Mo | 


grams 


A8627C 
15.6% Ni-2.3% Co 
Approx. 82 % Mo 


Samples, 12.54 0.1 grams 


| 


The oxidation rate of this alloy at 1800° and 20 y wa 
2000°F was about the same as that of the Mo-Ca ‘ We — 
alloy. It was much better than unalloyed molyb- Ng 
denum but still not good enough to be considered Oe, 5 25 125 ; 5 25 125 
oxidation-resistant. Time, hours 
The oxidation resistance of the Mo-Ni alloy at 
1600°F was much lower than at the higher tempera- [00 \g626B 186258 


| 92.0% Cr-5.2% W 
Approx. 3 % Mo 
Samples, 9.6+0.6 grams 


tures of 1800° and 2000°F. The oxidation resist- 
ance at 2000°F was slightly better than at 1800°F. 


45.8% Cr-6.1%W. 
Approx. 48 % Mo 

Samples, 12. 2t 0.1] 

grams 


This increase in oxidation resistance with an in- 3] 1800 F 
crease in temperature is contrary to the behavior ¢ 70 A EES 
of most metals. Molybdenum itself, however, shows 8 43 | 
this same anomaly. Jones, Spretnak, and Speiser’ 8 | 
attributed this to a change in the oxide. The oxide g 50 


is liquid at all temperatures above about 1450°F, 
but it contains more oxygen at 1600°F than at 1800° 
or 2000°F. Also, more liquid is formed at the lower 
temperature. These factors combine to make the 
oxide more corrosive at 1600°F, and the resulting 
oxidation rate higher. The situation in the Mo-Ni 
alloy is different from that in unalloyed molyb- 
denum because, in the alloy, the oxide is a solid at 
the oxidizing temperature. Therefore, the explana- 
tion must be different. The change in oxidation re- 
sistance probably results from a change in the sta- 
bility or composition of the oxide of the alloy. 
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Fig. 12—Charts show the oxidation rate of various molyb- 
denum alloys containing chromium, titanium, nickel, cobalt, 
and tungsten at 1800° and 2000°F. 
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the oxidation rate of molyb- 
to the forma- 


undoubtedly due to 
date. Brasunas and Grant re- 
of such a moly 7bdate which 


se or melt at 2425°F. Spretnak, 
at Ohio State Uni versity have 

I operties of this molybdate. They 
icularly interested in stabilizing it to 
sformation which occurs at low tem- 
of the Mo-Ni alloys reported here 
showed evidence of this transfor ‘mation. It appeared 
i ie after the samples 


xi 
cooled well below a red heat. 
he Mo-Ni-Co alloy was prep pared by arc melting 
ith an inert electrode tip. This alloy was 
mposition to the Mo-Ni alloy, except 
1 2 pct Co as well as 15 pct Ni. Speci- 
mens 14 in. sq and 1 to 15s in. long were machined 
from the ingots for are melting studies. Samples 
were oxidized in flowing air at 1800° and 2000°F 
for periods up to 25 hr. They were weighed before 
and aiter testing to determine the amount of oxida- 
ted in Fig. 12, show that the 
int of cobalt was detrimental 


to this oy: the Ee tion resistance was poorer 
than that of the 15 pct Ni alloy. 


& U 

The Mo-Cr-Ti a the Mo-Cr-W alloys were 
in the same manner as the Mo-Ni- 
s ple tted in Fig. 12 show that 
ar more resistant to oxidation 
denum. Still, the oxidation 
1em to be used where good 

ce to eintce is important. 
A chromium-base silat % containing about 5 pct W 
and 3 pct Mo was made and tested in the same 
2aanner as the Mo-Ni-Co alloy. Results given in 
i 2t this alloy is truly oxidation-re- 
n and 2000°F in flowing air. The fact 
at this alloy oxidation in static air 
i nce that it is not susceptible to 


Conclusions 
Results of oxi ee ation tests of the many binary and 
reported here show that it is unlikely 
bdenum- base alloy can be developed 


high oxidation resistance at 1800° to 
good physical properties of un- 
It required at least 15 pct Ni 
o reduce the oxidation rate of molyb- 

tor of 100. 


2000°F with th 


Git 


Se does not begin to 
rate if molybdenum 
ly considered for high tem- 

: irthermore, the high 
irable physical prop- 


appears that molyb- 


tected if it is to resist oxidation. Of course, it is still 

ossible that an alloy of molybdenum containing 
enough alloying element to make it resistant to oxi- 
dation will also have desirable physical properties. 
It is more likely that such an alloy or intermetallic 
compound will be useful as a coating for molyb- 
denum. 

The oxidation rate of molybdenum is greatly re- 
duced by calcium. A molybdenum compact impreg- 
nated with 8.7 pct Ca oxidized at about the same 
rate as an alloy containing 15 pct Ni. The physical 
properties of the compact were poor, however, and 
the reduction in oxidation rate is not enough to 
justify considering such an alloy suitable for coat- 
ings. It would seem, however, that lime or calcium 
molybdate might be usefully employed to prevent 
excessive losses of molybdenum by oxidation when 
it is heated to high temperatures in air for fabrica- 
tion. 

The fact that nickel forms a protective molybdate 
is worthy of further study, particularly in connec- 
tion with cladding and coatings for molybdenum. 

The use of gradient-composition ingots produced 
by arc melting greatly facilitated the study of a large 
number of alloy systems. 
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Technical Note 


Crystallographic Angles for Bismuth and Antimony 


by Edward I. Salkovitz 


|. SALKOVITZ is associated with U. S. Naval Research Lab- 
oratory, Washington. 
TN 277E. Manuscript, Mar. 24, 1955. 


176—JOURNAL OF METALS, FEBRUARY 1956 


ECENTLY a set of crystallographic angles for 
bismuth was calculated and a standard (111) 
projection was constructed. Since these calculations 
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Fig. 1— Face-cen- 
tered rhombohedron 
with axial angle of 
87°34’ and simple 
rhombohedron with 
axial angle of 57°14’, 


were made, attention has been called to the work 
of Yamamoto and Watanabe.’ The table appearing 
in their paper was constructed primarily for the 
light-figure method of determining orientation, and 
angles between certain planes which are useful in 
the Laue method were not listed. 

At first glance, it may appear that some confusion 
exists in the literature relative to notation. Thus the 
axial angle of bismuth is sometimes reported to be 
57°14’ and sometimes 87°34’. This discrepancy is 
resolved if the crystallography of bismuth is con- 
sidered. Bismuth belongs to the rhombohedral sys- 
tem and consists of two interpenetrating face-cen- 
tered-rhombohedral lattices. If a face-centered 
rhombohedron is used to characterize the structure 
(Fig. 1), the lattice parameter a = 6.546A and the 
axial angle (the angle between edges of the rhom- 
bohedron) is 87°34’. Such a unit cell may be com- 
pared with a cubic cell of the same lattice para- 
meter but which has been elongated in the [111] 
direction. This face-centered-rhombohedral lattice, 
however, is not a primitive one. The primitive cell 
may be obtained by taking as a set of rhombohedral 
axes the halves of the face diagonals of the fore- 
going rhombohedron. This new set of axes now 
gives an axial angle of 57°14’ and a lattice para- 
meter a = 4.736A. Formulas for transforming the 
indices from one structure to the other are given by 


Table 1. Angles Between the Normals to (hiksl:) and 


hikil hikils hekele 

111 211 20°37 101 415 10°53’ 
311 16°6’ 
411 36°58’ 112 30°0’ 
100 56°23’ 257 43°54’ 
511 71°38’ 145 49°77’ 
411 011 60°0' 
311 80°34’ 
211 90°0’ 
321 23°29’ 
210 41°0’ 
521 52°30’ 
412 69°1’ 
101 90°0’ 
201 75°54’ 
514 90°0’ 
79°34’ 
527 90°0’ 
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Fig. 2—Standard (111) stereographic projection for bismuth 
and antimony. 


Wyckoff.’ It is also possible to refer the cell to hex- 
agonsl axes, in which case the c/a ratio for bismuth 
is 2.609; for a face-centered-cubic lattice, c/a is 
2.449, 

For many purposes, it is more convenient to use 
the large face-centered rhombohedron as the unit 
cell and this is the representation used here. With 
this representation, the angle between the normals 
of any two planes has been calculated to the nearest 
minute using formulas given by Niggli.” These angles 
are compiled in Table I and the standard (111) 
projection is shown in Fig. 2. It should be noted 
that, when Miller indices (as contrasted to Bravais- 
Miller indices) are used with rhombohedral crystals, 
the indices of poles in the upper hemisphere of the 
stereographic projection are different from those in 
the lower. In Fig. 2 the set of indices to the right 
of a given pole refer to the upper hemisphere and 
the left set to the lower hemisphere. 


Table Il. Angles Between (100), (111), and (110) Poles 


Bismuth Cubic Lattice 
(100) /(110) 46°10’ 45° 
(110) /(111) 36°58’ 35°16’ 
(111) /(100) 56°23’ 54°44’ 


Because the axial angle for bismuth is-almost 90°, 
it is possible to obtain a crude orientation rather 
quickly by referring to a cubic net. Indeed, Laue 
patterns of bismuth frequently show a pole of nearly 
fourfold symmetry (100), a pole of threefold sym- 
metry (111), and a pole of twofold symmetry (110). 
Table II shows the angles between these poles for 
bismuth as well as for cubic crystals. 

Table I and the stereograpnhic net may also be 
used for antimony because its axial angle is 87°24’ 
as compared to 87°34’. 


.M. Yamamoto and J. Watanabe: Journal Japan Inst. of Metals 
(1951) B15, p. 514. 

2R. W. G. Wyckoff: Amer. Journal of Science (1920) 4, pp. 50, 
317. 

2P, Niggli: Handbuch der Experimental Phyzik. (1928) 7%, Pt. I, 
p. 151. Leipzig. Akad. Verlag., M.B.H. 
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Tensile Deformation of Molybdenum as a Function 


of Temperature and Strain Rate 


True stress-true strain data are given for nominally pure molybdenum (99.95 pct) over 
the temperature range —196° to 1540°C (0.027 to 0.63 T/T,,,). Strain rate sensitivity was 
determined by rate change tests and stress relaxation tests. Inhomogeneous yielding and 
strain aging effects were observed. The yield stress and tensile strength depend markedly 
on temperature below 400°C and are insensitive to temperature in the range 400° to 


800°C. The ductile to brittle transition range is +25° to 


—25°C. Strain rate sensitivity 


and stress relaxation effects are very large near room temperature. 


by R. P. Carreker, Jr. and R. W. Guard 


HIS report presents data which were obtained 

as a part of a continuing program designed to 
document the deformation behavior of nominally 
pure metals over a wide temperature range.* This 
research program is rooted in the conviction that 
sufficient tensile and creep data of appropriate qual- 
ity and detail does not exist to provide precise phe- 
nomenological descriptions of the deformation be- 
havior of pure metals as a function of temperature, 
strain rate, and grain size. Such knowledge is need- 
ed to provide a firm base for alloy design and an 
experimental framework to which theories of defor- 
mation must conform. These data also complement 
a parallel exploratory program investigating the 
properties of refractory metals, including molybde- 
num, and their alloys. 

Several important reviews and research reports 
dealing with the tensile properties of molybdenum 
as a function of temperature have appeared.”” To a 
great extent the work to be reported in the present 
paper parallels that of Bechtold® ® and of Pugh.’ The 
authors’ results are in general agreement with those 
of Bechtold and Pugh. The principle differences be- 
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-tween the present experiments and those published 


previously are as follows: 

1—Wire specimens prepared from arc cast molyb- 
denum were used in the present experiments, bar 
specimens were used by others. Pugh’ used arc cast 
material while Bechtold’s most extensive results” 
were obtained on powder metallurgy specimens. 

2—Several different grain sizes were tested in the 
present experiments. 

3—The testing range was extended to cover from 
—=196°€ to, 15702 (0.02 7eto 0:63 

4—The combination of wire specimens, high speed 
autographic recording, and a stiff testing machine 
permitted more detailed study of initial yielding. 

The principle contribution of the present paper 
is the demonstration of the relatively consistent 
mechanical properties of nominally pure arc cast 
molybdenum specimens of differing metallurgical 
history. Bechtold and Scott* have shown that arc 
cast and powder metallurgy molybdenum samples 
have comparable tensile properties in the range 
—75° to 200°C when processed to have the same re- 
crystallized grain size. 


Material 


The molybdenum used in this investigation was 
supplied by the Climax Molybdenum Co. Its metal- 
lurgical history is outlined in Table I; the final 
products were 0.030 in. diam wire specimens an- 
nealed at 1100° and 1375°C and 0.060 in. diam wire 


a—Specimen was treated for 2 hr at 
1100°C, 0.18 mm grain diam. 
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Fig. 1—Representative micrographs show annealed molybdenum after treatment. 


b—Specimen was treated for 2 hr at 
1375°C, 0.34 mm grain diam. 


c—Specimen was treated for 1 hr at 
1600°C, 0.06 mm grain diam. : 
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Table I. Material History 


Supplier: Climax Molybdenum Co.; Heat No.: 413; Date: April 1949 


Melting Practice: - i i i 
g Arc-cast, carbon deoxidation, vacuum <50yu, ingot 
Fabrication Practice: 1—At Climax Molybdenum Co.— 
2% in. octagon at 1275°C, turn to 2 in, diam, Agente eee 
in. diam from 1175°C, machine straighten above 600°C 
2—At General Electric Co.—Hot Swage to % in diam at 
1300°C. Progressively drop temperature to about 700°C as. re- 
duction proceeds. Cold swage to finish with 50 pet cold reduc- 
tion at 0.030 in. diam and 0.060 in. diam 
Annealing Practice: Pure Dry Hydrogen Atmosphere 
1—2 hr at 1100°C, 0.030 in. diam, grain size 0.018 mm 
2—2 hr at 1375°C, 0.030 in. diam. grain size 0.034 mm 
3—1 hr at 1600°C, 0.060 in. diam, grain size 0.06 mm 
Composition: Nominal, Cited by Climax Molybdenum Co. 
<0.003 pet O 
0.04 pet C 
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Fig. 2—Diagram 
gives schematic 
cross section of 
vacuum capsule 

for tensile testing 
in a wound furnace. 
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Fig. 3—Diagram 
gives schematic 
cross section of 
vacuum chamber 
for tensile testing 
above 1000°C. 
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Fig. 4—Chart plots tensile strength of molybdenum as a 
function of temperature. 
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Fig. 6—Chart plots percentage of elongation of molybdenum 
as a function of temperature. 
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Fig. 8—Chart plots discontinuous yielding stresses as a 
function of temperature. 
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Fig. 9—Chart plots yield stress as a function of 1/T °K. 


specimens annealed at 1600°C, having average grain 
diameters 0.018, 0.034, and 0.06 mm, respectively. In 
all cases the grain structure was substantially equi- 
axed. Representative micrographs are shown in Fig. 
1. There may be some question about the 1100°C 
anneal producing complete recrystallization. It will 
be noted, however, that the properties of material so 
treated are in good agreement with the results of 
Pugh’ and Bechtold® whose annealing temperatures 
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Fig. 7—Chart plots au- 
tographic records of ini- 
tial yielding of molyb- 
denum at selected tem- 
peratures. 


and resulting grain sizes were 1400°C, 0.045 mm and 
1150°C, 0.033 mm, respectively. 


Testing Procedure 


Many of the details of the tensile testing proce- 
dure have been described previously.” In this work, 
wire specimens were gripped between grooved 
plates and tested in tension at various temperatures, 
using an Instron testing machine. This electronically 
controlled machine records load vs time and imposes 
a constant rate of head motion, permitting time to 
be a measure of strain. 

All tensile test specimens annealed at 1100° and 
1375°€ (0.030 in. diam) had! 7.0) 
lengths. All specimens annealed at 1600°C (0.060 in. 
diam) were plunge-ground to 0.040 in. diam to pro- 
duce a 2.0 in. gage length. 

Specimen temperatures were obtained using vari- 
ous baths, including liquid nitrogen (—195°C), ace- 
tone and dry ice (—78°C), freon (—55° to 0°C), ice 
and water (0°C), and silicone oil, (25° to 300°C), 
and a nichrome-wound furnace for temperatures 
from 300° to 1000°C. 

To prevent oxidation, all tests from 400° to 
1000°C were conducted in a vacuum capsule at pres- 
sures below five p. The vacuum capsule, Fig. 2, has 
not been described previously. The lower pulling 
rod passed through on O ring seal to the moving 
lower crosshead. The upper pulling rod was at- 
tached to the load cell and was brought into the 
vacuum capsule through a double bellows. The 
double bellows permitted movement of the vacuum 
chamber relative to the load cell without affecting 
the load measurement. 

Tests above 1000°C were conducted in a tantalum 
resistance furnace, Fig. 3, which consisted of a 34 in. 
diam x 13 in. long x 0.010 in. thick tantalum tube in 
a glass vacuum chamber. Molybdenum. radiation 
shields were placed around the tantalum tube and 
the heating current was introduced through heavy 
copper connectors at the ends. During a test, the 
entire chamber was evacuated to 5 to 10 w pressure. 
The vacuum chamber and lower pulling rod were 
rigidly attached to the moving (lower) crosshead. 
The upper pulling rod was brought out of the 
vacuum chamber through a double bellows and was 
attached to the load cell. The top of the vacuum 
chamber was attached to the machine frame. 

All tests above 1000° were performed on speci- 
mens annealed at 1600°C. To insure that specimens 
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Fig. 10—Chart plots true flow stress at selected strains as a 


function of temperature. 
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Fig. 12—Data points plot strain hardening, as measured by 


m of co = Ke™, as a function of temperature. 
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could be gripped successfully and that the gage sec- 
tion was at a uniform temperature, the reduced 2.0 
in. gage section was placed in the center of the 6.0 
in. hot zone in the furnace and the 0.060 in. diam 
ends were gripped between grooved plates located 
outside the furnace. Temperatures were measured 
by a free-standing Pt—Pt-Rh thermocouple located 
near the center of the gage section. The maximum 
test temperature (1540°C) was limited by the me- 
chanical strength of the thermocouple rather than 
by furnace performance. 

Test temperatures below 1000°C, attained by use 
of baths or the wound furnace, were reproduced, 
maintained constant, and held uniform over the 
gage length within 2°C. The estimated accuracy of 
the temperatures above 1000°C is +5°C. 

A standard strain rate of 0.04 min“ was used for 
specimens annealed at 1100° and 1375°C and a rate 
of 0.10 min* was used for the 1600°C annealed 
specimens. Some tests were conducted in which the 
strain rate was changed (0.04 to 0.004 to 0.04 min”) 
at a nominal strain of 0.1 in order to determine rate 
sensitivity. In addition to the tensile tests, some 
stress relaxation tests were performed at 25°C. 


Analyzing Data 

All test data were reduced to true stress o and 
true (or natural) plastic strain «, assuming constant 
volume during plastic deformation, so that elonga- 
tion measurements define instantaneous areas. The 
constant volume assumption precludes analysis be- 
yond the necking strain, but for wire specimens the 
uniform strain is virtually total elongation. o and e« 
are defined by the familiar relations o = S(l + e) 
and « = In (l+e) where S and e are the conven- 
tional stress and elongation, respectively. 


Effect of Temperature 

Fig. 4 shows the tensile strength of molybdenum 
as a function of temperature for each annealing 
treatment. Note the marked increase in tensile 
strength at lower temperatures. Note also the de- 
viations from a monotonic decrease in strength with 
increasing temperature that occur near 300° and 
800°C. These regions of increased strength are sim- 
ilar to like effects commonly observed in body- 
centered-cubic iron containing interstitial impuri- 
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ties.” Pure copper, on the other hand, does not 
exhibit such effects.” Fig. 5 compares the authors’ 
tensile strength results with comparable data from 
the literature. 

Fig. 6 shows the percentage of elongation as a 
function of temperature. The elongation measure- 
ments show minima at 800° and 1225°C and a ductile 
to brittle transition in the range +25° to —25°C. The 
quantity and reproducibility of these data are not 
sufficient to define such complex behavior precisely, 
but the trends are well established. 


Discontinuous Yielding 

It has been previously observed by several 
authors”*””* that molybdenum exhibits discontinu- 
ous yielding similar to that observed in iron con- 
taining carbon. Fig. 7 shows the authors’ observa- 
tions of the pronounced effect of temperature on the 
initial yielding behavior of molybdenum. At —78°C 
and below, the material is completely brittle. At 
—55°C a specimen yielded discontinuously with a 
sharp drop in load and broke after about 1 pct plas- 
tic strain. Some evidence of discontinuous yielding 
persists up to 625°, but the drop in load is virtually 
absent above 200°C. See Figs. 7.and 8. These obser- 
vations are in qualitative agreement with those of 
Tury and Krauz”*™ on molybdenum containing ni- 
trogen. Note, also, the qualitative agreement with 
Pugh’s data’ on yield strength. 
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Fig. 16—Chart plots effect of grain size on the room tem- 
perature properties of molybdenum. 
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In recent years, Cottrell*” has proposed a theory 
of yielding which attributes discontinuous yielding 
in body-centered-cubic metals to the pinning of dis- 
locations by impurities, interstitial atoms being par- 
ticularly effective. Using Cottrell’s concepts, Fisher” 
has predicted the temperature dependence of the 
yield strength to be o-T~(constant). Fig. 9 shows 
that molybdenum obeys Fisher’s rule from —55° to 
+125°C. 

The deviations from monotonic decrease in 
strength with increasing temperature, Figs. 4 and 
10, have also been related to the influence of im- 
purity atoms on dislocations. The effect is another 
manifestation of strain aging, as discussed by Cot- 
trell.” 


Flow Stress 

Fig. 10 shows the temperature dependence of the 
true flow stress at selected strains. The effect of 
strain aging is evident at 300° and 800°C. The data 
above 1000°C were obtained on specimens annealed 
at 1600° rather than the 1100° anneal given the 
other specimens. However, the 1600°C specimens 
gave flow stresses that are reasonable extrapola- 
tions of the lower temperature data. 

The homogeneous portion of the plastic deforma- 
tion of molybdenum is shown in Fig. 11, where true 
stress-true plastic strain curves are plotted for vari- 
ous temperatures. The dots at the beginnings of 
these curves coincide with the dots in Fig. 7, indi- 
cating the apparent division of inhomogeneous and 
homogeneous strain. The homogeneous deformation 
conforms to the equation o = Ke”, the data defining 
quite good straight lines when plotted as log o vs 
log «. However, the slopes (the strain hardening 
exponents, m) are a complex function of tempera- 
ture, as Fig. 12 shows. Such complex behavior is be- 
lieved to be due to the same interstitial impurities 
which cause discontinuous yielding and strain aging. 
The data of Pugh’® are included for comparison. 


Effect of Strain Rate 
Some data were obtained on the effect of strain 
rate on the flow stress at various temperatures. 
Rate changes tests were used, in which the strain 
rate was changed suddenly at a nominal strain of 
0.1 from 0.04 min to 0.004 min* and again from 
0.004 min~ to 0.04 min“ on specimens annealed at 
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1100°C. The 1600°C annealed specimens were tested 
at 0.10 to 1.0 to 0.10 min™ rates. Assuming the usual 
form of rate dependence, in which o = Ke", values of 
the strain rate exponent were calculated from the 


Aloga 


and plotted in Fig. 13. The 
A loge 


expression n = 


data of Pugh’ and Bechtold’ are included for com- 
parison. The increase in strain rate sensitivity ob- 
served above 400°C is normal in pure metals, but 
the abnormally large value of n at —18°C is surpris- 
ing. The bracketed point represents confirmation 
obtained at ¢~ 0.1 using a different lot of specimens 
in a series of four tests at room temperature, 25°C, 
in which each specimen was tested at a different 
rate, the rates covering a range of 10°. Fig. 14 is a 
tracing of the autographic record of these four tests; 
the rate effect is large. The inhomogeneous portions 
of the flow curves in Fig. 14 are qualitatively dif- 
ferent from the comparable curves of Fig. 7. We 
cannot account for this difference. Fig. 15 shows the 
effect of strain rate at room temperature on the up- 
per yield stress, the lower yield stress, the tensile 
strength and the true flow stress at 10 pct elonga- 
tion. The highest strain rate, 0.286 min”, was suffi- 
cient to cause a significant decrease in the ductility, 
15 pet elongation as compared to approximately 30 
pet elongation with a strain rate of 0.0286 min“ and 
less. 
Effect of Grain Size 

The temperatures of testing used on the three dif- 
ferent specimen lots overlap at room temperature 
and so indicate the effect of grain size on flow char- 
acteristic at that temperature. Fig. 16 compares 
specimens of 0.018, 0.034 and 0.06 mm average grain 
diam on the basis of upper yield stress, lower yield 
stress, ultimate tensile strength, total percentage of 
elongation, yield point elongation and initial strain 
hardening (do/de after completion of inhomogene- 
ous yielding). The effect of grain size upon these 
parameters is consistent with experience on iron 
containing interstitial impurities. 


Stress Relaxation 
The extremely high rate sensitivity noted at 
room temperature suggested an examination of the 
behavior of molybdenum in stress relaxation tests. 


FEBRUARY 1956, JOURNAL OF METALS—183 


The procedure adopted consisted of loading the 
specimen at the rate of 0.04 min“ to various stresses, 
then stopping the crosshead and recording stress as 
a function of time. After 5 min the stress was re- 
moved and changed to a different value and the 
process repeated. Fig. 17 shows the results obtained; 
the relaxation effects are large. Stress relaxation of 
such magnitude can have important practical conse- 
quences and is worthy of additional study. 


Summary 

Constant strain rate tensile tests have been per- 
formed on polycrystalline wires of nominally pure 
(99.95 pct) Mo over a temperature range extending 
from —196° to 1540°C (0.027 to 0.63 T/T,,). Tests 
were performed on three groups of specimens, an- 
nealed at 1100°, 1350°, and 1600°C to produce aver- 
age grain diameters of 0.018, 0.034, and 0.06 mm. 
The data are presented as true stress-true strain 
plots, as well as plots of yield strength, tensile 
strength, and percentage of elongation as a function 
of temperature. These data were analyzed to deter- 
mine the effect of temperature on the flow char- 
acteristics of molybdenum. 

Rate change tests were used to determine the 
effect of strain rate on the flow stress as a function 
of temperature. Stress relaxation tests were con- 
ducted at room temperature. 

It is concluded that: 

1—Molybdenum shows discontinuous yielding 
in the temperature range —55° to 400°C and com- 
plex changes in yield strength, tensile strength, 
strain hardening and ductility with temperature. 
These complexities are believed to be related to the 
presence of interstitial impurities. 

2—The yield strength, tensile strength and true 
flow stress at arbitrary strains are strongly depend- 
ent on temperature below 400°C, extrapolating to 
large values at low temperatures. 

3—The lot of molybdenum investigated under- 
goes a transition from ductile to brittle behavior at 
0°+25°C when annealed at 1100°C to produce a 
grain size of 0.018 mm average diam. 

4—The strain rate sensitivity (defined as A log 
stress divided by A log strain rate) is a complex 
function of temperature. The strain rate exponent 


is unusually large near room temperature and passes 
through a minimum at approximately 400°C. 
5—Stress relaxation occurs to a marked degree 
over short periods of time at room temperature. 
6—The results of this investigation of the proper- 
ties of molybdenum wires are in general agreement 
with the results Pugh® and Bechtold’ obtained on 
bar specimens. Thus, nominally pure molybdenum 
specimens of differing metallurgical history show 
only minor differences in tensile properties when 
processed to comparable annealed conditions. 
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In the course of studying the Ti-Cr-O ternary sys- 
tem, binary alloys were made of iodide titanium and 
high purity TiO,. It was found from X-ray studies 
of the binary alloys that a transformation of the TiO 
appears to take place at a temperature near 925°C. 
Evidence of this phase change is best seen in Fig. 1. 

Fig. 1A shows the X-ray spectrometer pattern 
(CuKa radiation) of an alloy of 25 wt pct O corre- 
sponding to the stoichiometric composition of TiO. 
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Table |. Powder Diffraction Data After 900°C For 70 Hr 


Observed 
d,A Intensity* d,A 
5.589 Vw 1.689 
5.153 Ft 1.658 rt 
4.716 Ft 1.635 Ft 
4.447 Vw 1.619 Ft 
4.128 VVW 1.603 Ft 
3.750 Vw 1.514 Ft 
3.317 Vw 1.482 Vw 
3.111 Ft 1.471 
3.049 VVW 1.461 M 
2.941 Vw 1.279 VVW 
2.784 Vw 1.250 w 
2.438 VVW 1.214 VVW 
2.407 1.205 MW 
2.384 M 1.194 MW 
2.288 Ft 1.048 Ww 
2.220 VVW 1.035 M 
2.095 
2.067 Ss 
Ft 
1.703 Ft 


* S indicates strong; M, medium; MW, medium weak; W, weak; 
VW, very weak; VVW, very very weak; Ft, faint. 


This alloy had been annealed at 1200°C for 13 hr 
and quenched. Its X-ray pattern, similar to a face- 
centered-cubic pattern, corresponds to the NaCl 
structure which is composed of two interpenetrating 
face-centered-cubic lattices of the two types of 
atoms. Fig. 1B shows the X-ray spectrometer pat- 
tern of this alloy annealed at 900°C for 70 hr and 
quenched. The existence of a new phase is indicated. 

This transformation can be reversed. The alloy 
changes back to the NaCl structure if annealed at 


Fig. 1—Two-part chart shows 
the X-ray spectrometer pattern 
(CuKa radiation) for TiO (25 
wt pct O). Section A shows 
the pattern for the TiO speci- 
men annealed at 1200°C for 
13 hr and quenched. Section 
B shows the pattern for the 
specimen after quenching and 
annealing at 900°C for 70 hr 
and quenching. 
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a temperature of 950°C or higher. As can be seen 
from the diffraction data read from a film taken 
with a Debye-Scherrer powder camera (114.6 mm) 
in Table I, this new phase has quite a complicated 
structure of possible low symmetry. It was not pos- 
sible to solve its structure with these powder data. 
There is one significant fact, however. The promi- 
nent lines of the lower temperature phase seem to 
be coincident with, or are split from, the lines of the 
high temperature TiO phase. It has been reported 
previously that the diffraction pattern of the TiO 
phase broke down to two distinct body-centered- 
cubic structures when the alloy was annealed at 
870°C for 48 hr.* This may have resulted from the 
coincidence of the prominent lines of the two phases. 

The existence of this new phase was based only 
upon the X-ray diffraction data. No apparent change 
has been found from metallographic observations 
and hardness and density measurements. Densities 
of TiO before and after the noted transformations 
are about 4.93 g per cc. 
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Internal Friction in Zirconium 


Internal friction characteristics and temperature dependence of the torsion modulus 
for iodide zirconium containing 2.4 pct Hf were investigated, using a low frequency 
pendulum technique. The internal friction curve consists of a background which in- 
creases as the temperature increases, a maximum at 860°C apparently due to the al- 
lotropic transformation, a maximum due to grain boundary relaxation with an associated 
heat of activation of 58,000 cal per mol, and an anomaly below 350°C which may be 
associated with a precipitation phenomenon. Oxygen in small amounts reduces the 
grain boundary maximum substantially. The variation of the torsion modulus at 20°C 
was found to be 3450 Kg per mm? for the zirconium used in the present work. 


by W. J. Bratina and W. C. Winegard 


T is well known that small amounts of certain 

solutes materially affect the ductility of zirconium. 
Lely and Hamburger, as early as 1y14, found that 
high purity zirconium exhibited a remarkable duc- 
tility, while Fast” has shown that oxygen and nitro- 
gen can cause substantial embrittlement. Treco*® has 
recently demonstrated that the ductility decreases 
sharply with the oxygen content, and that 2 atomic 
pet O, embrittles zirconium to such an extent that 
cold working is impossible. 

The marked decrease in ductility is difficult to 
understand in view of the fact that Domagala and 
McPherson* report the solid solubility of oxygen in 
zirconium to be 29 atomic pct at 500°C. Another 
metal which behaves much the same as zirconium 
in this respect is titanium. Pratt et al.’ investigated 
the internal friction characteristics of titanium and 
the effect of oxygen on the internal friction values. 
It is evident that internal friction measurements are 
of value for studying grain boundary segregation, as 
shown by Pratt et al.’ for oxygen in titanium, by 
Pearson’ for oxygen in copper, and by Maringer and 
Schwope’ for oxygen in molybdenum. 

With this in view, the internal friction character- 
istics of zirconium and the qualitative effect of oxy- 
gen on the grain boundary relaxation phenomenon 
were investigated. 


Materials and Experimental Procedure 

The zirconium used in the present work was sup- 
plied by the Foote Mineral Co. in the form of wire 
0.05 in. diam. The analysis supplied by the manufac- 
turer indicates the amount of hafnium as 2.4 pct, less 
than 0.01 pct O., less than 0.01 pct N,, less than 0.02 
pet H., and less than 0.001 pet C. Additional spectro- 
graphic analysis indicates the other main impurities 
as follows: 0.01 pct Fe, 0.05 pct Si, 0.008 pct Cu, 
<0.005 pct W, <0.001 pct Al, <0.05 pct Mg, <0.001 
pet Ni, <0.02 pet Ca, and <0.01 pct Ti. 

Microscopic examination of the material in the as 
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Fig. 1—The internal friction maximum and the deviation of 
the torsion modulus (represented as f°) due to the a-f trans- 
formation in zirconium are charted. 


received condition revealed very fine grains with 
numerous twins. 

Specimens were annealed either in situ in the in- 
ternal friction apparatus or in evacuated silica tubes 
in an auxiliary furnace. When the specimens were 
annealed in the auxiliary furnace, they were wrapped 
in identical zirconium wire to prevent contamina- 
tion by the container. Metallographic sections were 
taken in all cases. Some were taken from the speci- 
mens used for internal friction measurements after 
completion of the experiments, while others were 
taken from control specimens at intermediate stages 
of the experiments. 

Internal friction values were obtained by measur- 
ing the free decay of a low frequency torsion pendu- 
lum (1 cycle per sec), the suspension of which was 
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the zirconium wire specimen. The apparatus was es- 
sentially the same as that used 
The length of the wire between the grips was 30 cm 
and the maximum pendulum deflection produced a 
maximum torsional strain of less than 10° em per 
cm at the surface of the specimen. The internal 
friction measurements were made during the con- 
trolled cooling of the specimen and the temperature 
fluctuations along the length of the specimen were 
about 1°C. 

The internal friction defined by tan 8 = logarith- 
mic decrement/z was determined as a function of 
temperature. 


Experimental Results and Discussion 


The relaxation spectrum of zirconium appears to 
consist of four components, a general background 
which increases with increasing temperature, a 
maximum at approximately 860°C, a maximum be- 
tween 500° and 700°C, and an anomaly below 350°C. 

It was anticipated that the zirconium would be- 


come contaminated during the experiments at high 


temperatures; thus, each effect was investigated 
separately using different specimens. 

Maximum Attributed to the a-8 Transformation— 
The specimen was cleaned and then inserted in the 
furnace in the as received condition. The tempera- 
ture was raised quickly (30 min) to 900°C and held 
for 15 min to establish a uniform temperature along 
the specimen. Internal friction measurements were 
taken, the results of which are shown in Fig. 1. The 
internal friction curve exhibits a very pronounced 
maximum, which corresponds to a sharp decrease 
in the torsion modulus line. The exact temperature 
of this maximum is difficult. to determine, but it is 
approximately 860°C. In Fig. 1, the value for torsion 
modulus is represented by f’ where f is the frequency 
of vibration in cycles per sec. Since the torsion mod- 
ulus at any temperature, G;, is proportional to f’, 
then f* represents the variation of the torsion modu- 
lus with temperature. From the temperature of the 
maximum and the extremely high internal friction 
values, it is suggested that this maximum in the re- 
laxation spectrum is associated with the a-f trans- 
formation which occurs at a temperature of 862°C 
for high purity zirconium. In the authors’ case the 
allotropic transformation extends over a range of 
temperature due to both the 1.6 atomic pct O, present 
because of contamination and the 2.4 pct Hf in the 
zirconium. 

Maximum Due to the Grain Boundary Relaxation 
Phenomenon—Zirconium: The variation of internal 
friction values from 350° to 650°C for two speci- 
mens with different grain sizes is shown in Fig. 2. 
From the graph, it may be seen that a deviation 
from the general background curve appears at ap- 
proximately 425°C for the fine grained specimen, a. 
This deviation extends over a range of approxi- 
mately 200°C and the value of internal friction is 
high. This maximum can be attributed to the relax- 
ation across grain boundaries since it disappears 
when large grained specimens, b, are used and the 
amount of grain boundary area is reduced. To pre- 
vent grain growth and oxygen contamination, the 
temperature used in these experiments was only 
high enough to investigate the low temperature por- 
tion of the maximum. 

A sharp decrease in the value of the ratio of 
torsion moduli G;/Gu, where Ga was found to be 
3450+50 Kg per mm’, is for the fine grained speci- 
men, a, also shown in Fig. 2. The extrapolated 
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Fig. 2—Grain boundary relaxation effects in a zirconium for 
a, a specimen with an ayerage grain diameter of 0.02 mm, 
and b, a specimen with extremely large grains, are plotted. 


straight line corresponds to the torsion modulus of a 
single crystal specimen. 

Although no exact mechanism has been proposed 
for the grain boundary relaxation phenomenon, the 
heat of activation, H, for the overall grain boundary 
relaxation may be calculated from the equation 


In (f:/fi) = (H/R) A(1/T) 


where A(i/T) is the shift necessary to superimpose 
curves of tan 6 vs (1/T) for two different frequencies 
of vibration f, and f.. 

Fig. 3 shows a plot of tan 6 vs 1000/(T°K) for a 
equai to a frequency of 1.35 cycles per sec, and for b 
egual to a frequency of 0.64 cycles per sec at 20°C. 
The heat of activation is extremely sensitive to the 
value A(1/T); thus, all precautions were taken to 
avoid grain growth and contamination, since both 
affect the relative position of the curves. It was not 
necessary to heat the specimens above 520°C be- 
cause only the low temperature side of the grain 
boundary maximum is important for determining 
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Fig. 3—Variation of internal friction due te grain boundary 
relaxation is plotted vs 1000/T for two frequencies of vibra- 
tion of about a, 1.35; and b, 0.64 cycles per sec at 20°C. 
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the heat of activation for the grain boundary relaxa- 
tion. The average value of the heat of activation for 
the grain boundary relaxation in zirconium was 
found to be 58,000 cal per mol. 

Effect of Oxygen on the Grain Boundary Relaxa- 
tion Phenomenon: Oxygen was introduced into the 
zirconium by allowing the specimens to contaminate 
in the vacuum apparatus. This method was chosen to 
prevent the excessive grain growth which would 
have occurred if the normal high temperature an- 
nealing methods had been used. The disadvantage of 
such oxidation is that the exact composition of the 
material cannot be determined. In these qualitative 
experiments, the total increase in weight was con- 
sidered to be equal to the amount of oxygen ab- 
sorbed during the experiments. 

The effect of the addition of oxygen on the grain 
boundary relaxation maximum is readily seen from 
Fig. 4. The curve marked a was obtained by anneal- 
ing in situ for 1 hr at 800°C and then measuring the 
internal friction values. The average grain size of 
these specimens was 0.055 mm. The specimens were 
then reheated to 700°C and the measurements taken 
for curve b. The total amount of oxygen found after 
the completion of both experiments was 0.62 atomic 
pet. The only difference between the specimen from 
curve a to curve b was the small amount of oxygen 
that it must have picked up during experiment b, 
but the grain boundary relaxation maximum has 
been drastically reduced. There was no change in 
grain size between the two sets of experiments, and 
the effect seems much too large to be explained only 
by the small increase in solute content, unless it is 
assumed that the solute is segregated preferentially 
at the grain boundary region during the b experi- 
ments. The results seem to suggest that the solute 
began to segregate to the grain boundary regions 
during the cooling from 800°C, and that the second 
temperature increase to 700°C did not allow suffici- 
ent time or the temperature was not high enough to 
even out the distribution of oxygen between the 
grains and the grain boundary region. In fact, the 
reheating may have brought about more segrega- 
tion. This is in general agreement with the work of 
Thomas and Chalmers® on grain boundary segrega- 
tion. The variation of torsion modulus follows the 
variation in the internal friction curve, as shown in 
Fig. 4. 
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The Anomaly Below 350°C—Preliminary experi- 
ments show that the internal friction values are ab- 
normally high below 350°C and that they are high- 
est from 200° to 300°C. The value at any tempera- 
ture, however, is not constant but decays with time, 
as shown in Fig. 5. Neither the grain size nor the 
oxygen content appears to affect this maximum, but 
annealing and slow cooling in vacuum seem to sup- 
press it, while heating and quenching seem to en- 
hance the anomaly. 

An effect of this type may be caused by several 
factors. It is worthwhile to consider the effect in re- 
lation to the precipitation of zirconium hydride. It 
has been reported’ * that at approximately 310°C 
hydrogen in solution begins to precipitate as zirco- 
nium hydride. It seems possible that the internal 
friction technique registers a disturbance in the 
material caused by the precipitation process. As the 
precipitation process approaches completion, the in- 
ternal friction values would be expected to decrease, 
as shown in Fig. 5. 

Summary 

The internal friction characteristics and the tem- 
perature dependence of the torsion modulus for 
iodide zirconium (containing 2.4 pct Hf) have been 
investigated. Two distinct maxima in the relaxation 
spectrum have been observed as well as an anomaly 
at lower temperatures. 

A very large maximum at approximately 860°C 
has been attributed to the a-§ allotropic transforma- 
tion and is accompanied by a sharp decrease in the 
torsion modulus. The second maximum between 


Fig. 5—Variation of 
internal friction val- 
ues with time at 
272°C is plotted. 
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500° and 700°C was found to be due to the relaxa- 
tion across grain boundaries in polycrystalline speci- 
mens. This maximum is changed by changing the 
grain size and is not found in specimens with very 
large grains. The heat of activation for the grain 
boundary relaxation process was determined as 
58,000 cal per mol. This same relaxation is respons- 
ible for a marked decrease in the torsion modulus 
values. The actual value for the torsion modulus at 
20°C is 3450 Kg per mm’. 

Oxygen has a large effect on the grain boundary 
relaxation, even when present in amounts of ap- 
proximately 0.6 atomic pct. This is explained by 
assuming significant preferential segregation of the 
solute at grain boundary regions. 

An anomaly occurs below 350°C, which may be 
attributed to the process of precipitation of hydro- 
gen as zirconium hydride. 
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Experimental Observations Concerning the Collapse 


of Dislocation Loops During Annealing 


The c-axis indentations in zinc crystals were shown to undergo 100 pct strain re- 
covery on heating. The mode of deformation and the details of the polygonization 
and collapse of indentations were found to be consistent with a number of predic- 


tions of dislocation theory. 


by Jack Washburn 


T has been observed that indentations of the type 

made by Jillson’ in zinc crystals can, under cer- 
tain conditions, be made to shrink in size and even 
completely disappear on heating the crystal, Fig. 1. 
The details of the process are interesting in that they 
afford a simple experimental illustration of several 
predictions of dislocation theory. 

The indentations were made as shown in Fig. 2 by 
dropping a 0.2 g indenter with a hemispherical point 
on a cleavage face of a zinc crystal. Such indenta- 
tions can be made through relatively great thick- 
nesses in the c-axis direction. The material close to 
the struck surface, where mechanical twinning and 
complex distortion occurred, was removed by cleav- 
age. The remaining crystal, which was about 1 cm 
thick, contained a dent that was accurately round 
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and almost the same size on both top and bottom 
surfaces. The indentation had the form of a flat cone 
of half angle approximately 89°, having a rounded 
apex and a rounded intersection with the unde- 
formed part of the crystal. 

The mode of deformation was primarily slip on 
the three equivalent systems in the basal plane. Six 
types of dislocation loop (plus and minus in each of 
the three directions) as shown in Fig. 3 are required 
by the geometry of the indentation. The maximum 
shear strain in the radial direction amounted to ap- 
proximately 2.5 pct. Slip was distributed in the 
usual, microscopically nonuniform, manner among 
the possible parallel slip planes. When an indenta- 


tion was made close to a (2110) surface, three sepa- 
rate sets of interpenetrating slip bands appeared as 
shown schematically in Fig. 3. A small biaxial ten- 
sion strain in the plane of (0001) is also a geometri- 
cal necessity for the formation of an indentation. If 
the sides of the dent are tilted 1° with respect to the 
undeformed surrounding crystal, and the surround- 
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a—Crystal is shown 
directly after impact 
at room temperature. 


b—Crystal has been 
heated to 300°C and 
immediately cooled 
to room temperature. 


c—Crystal has been 
heated to 350°C and 
immediately cooled 
to room temperature. 


d—Crystal has been 
heated to 400°C and 
immediately cooled 
to room temperature. 


Fig. 1—Micrographs illustrate complete strain recovery of a 
conically distorted volume of crystal during annealing. X50. 
Area reduced approximately 35 pct for reproduction. 


ing material is considered to be rigid, the extension 
required is 0.015 pct. This strain may not have been 
entirely elastic, particularly after heating to above 
300°C. However, examination of cleavage surfaces 
in the vicinity of indentations revealed no evidence 
of deformation markings which could be interpreted 
as indications of nonbasal slip. Whether or not some 
nonbasal slip occurred, it appeared likely that resi- 
dual stresses were present in the vicinity of an in- 
dentation, in a way that would tend to promote 
flattening. 

Heating the crystal to successively higher temper- 
atures’ resulted in the structural changes shown in 
Fig. 1. Sharp radial and circumferential boundaries 
formed as soon as the temperature was raised high 
enough to expect edge dislocation climb. The outer 
circumference shrunk inward and a flat area formed 
at the center which grew in diameter. The noncrys- 
tallographic directions assumed by most of the first 
formed boundaries required that they have a com- 
plex dislocation structure; they must have con- 
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tained dislocations of more than one Burger’s vector. 
Furthermore, consideration of the way in which the 
originally separate overlapping dislocation loops 
must have lined up to form the radial boundaries 
suggested that, initially, even those boundaries 


which were at right angles to a [1120] direction and, 
therefore, could have had a simple structure, prob- 
ably formed from equal numbers of dislocations 
whose Burger’s vector lay 60° to either side of the 
direction normal to the boundary. In a pure tilt 
boundary of this type in which none of the disloca- 
tions are in pure edge position, the screw compo- 
nents of the two types of dislocations present are of 
opposite sign and cancel one another. Due to the 
attraction of the screw components, there would be 
a strong tendency, if climb of edge components is 
permitted, for unlike pairs of dislocations to com- 
bine, forming a single pure edge dislocation by the 
reaction 


Thus, the boundary would be expected to assume 
the simple structure. The assumption that small 
angle boundaries having this ideal structure would 
have a lower boundary energy than those contain- 
ing more than one type of dislocation was consistent 
with the shape assumed by the system of boundaries 
during collapse. Boundaries which could not have 
the minimum number of dislocations because they 
did not lie at right angles to a slip direction tended 
to shorten or to disappear by combination with other 
boundaries. Finally, just before the complete dis- 
appearance of the system, most of the remaining 
boundaries lay in the preferred directions. The 
screw segments of the original dislocation loops had 
presumably been eliminated by reactions of the 
above type. Rather than forming part of a complete 
loop, each dislocation segment then must have ended 
at a node. Fig. 4 shows such a system of boundaries 
in the final stages. On heating to 400°C, the last pic- 
ture of Fig. 1 shows that the cleavage plane was 
again just as mirror flat as it had been before the in- 
dentation had been made. The dislocation loops had, 
in effect, completely collapsed, resulting in 100 pct 
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Fig. 2—Diagram plots method of making indentations. Im- 
pact is directed along c-axis of the crystal. 
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strain recovery of the 2.5 pct local plastic deforma- 
tion. 

The following predictions of dislocation theory are 
illustrated by the experimental observations: 1— 
dislocation line tension which must supply much of 
the driving force causing collapse of the loops, 2— 
stability of a vertical wall of dislocations even when 


Fig. 4—Micrograph shows final stage in the disappearance 
of an indentation during annealing. The most stable bound- 
aries are those at right angles to directions of the type 


[2110]. X50. Area reduced approximately 10 pct for repro- 
duction. 


all of the dislocations in the boundary must be of 
mixed edge and screw character, 3—decrease in 
energy of the system when two boundaries combine 
to form a single boundary whose angle is the sum of 
those of its components, 4—lower energy of a pure 
edge dislocation boundary as compared to a bound- 
ary of the same angle containing dislocations of more 
than one Burger’s vector, 5—climb of edge disloca- 
tions at high temperature, 6—mobility of simple dis- 
location boundaries by motion of their component 
dislocations in their respective slip planes, 7—forma- 
tion of dislocation nodes at which the sum of the 
Burger’s vectors of the three joining dislocations 
equals zero, 8—mobdility of dislocation nodes when 
all three dislocations lie in the same slip plane, and 
9—annihilation of dislocations during annealing by 
joining of positive and negative segments. 
Discussion of this paper, if any, will appear in 
JOURNAL OF METALS, November 1956, and in AIME 
Metals Branch Transactions, Vol. 206, 1956. 
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High Speed Quenching Dilatometer 


by F. E. Martin and R. H. Raring 


A high speed gas quenching dilatometer useful in studying phase transformations 
in low alloy steels is described. Changes in specimen length are measured by means 
of an electrical micrometer tube. The maximum instantaneous cooling rate is ap- 
proximately 5000°F per sec; the maximum average cooling rate from 1650° to 950°F 
is approximately 2900°F per sec. Data for steels of 0.11 pct and 0.67 pct C content 


are included. 
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NOWLEDGE of phase transformations as they 
occur in an alloy under conditions of continuous 
cooling affords valuable insight into its properties. 
The transformation characteristics during continuous 
cooling of steels of high hardenability, which de- 
compose entirely to martensite at fairly slow cool- 
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ing rates, can be studied with relative ease. But 
steels of low and intermediate hardenability, which 
represent the bulk of our commercial steels, have 
high critical cooling rates. For such steels, apparatus 
for the determination of transformation diagrams 
for continuous cooling must, therefore, be fast act- 
ing. 

Early studies of transformations in steels under- 
going rapid cooling were made by considering irregu- 
larities in time-temperature curves caused by evolu- 
tion of heat on change of phase. Considerable work 
has since been done by this thermal arrest method.’ 
Chevenard,’ in a study of transformations made with 
a differential recording dilatometer, reported high 
cooling rates for hydrogen quenching of steel wire 
specimens. The method employed in recording tem- 
peratures, though ingenious, was based on many as- 
sumptions and did not give results in accord with 
modern studies. 

More recently, Christenson, Nelson, and Jackson‘ 
developed a dilatometer in which length changes 
were measured by means of an electrical micro- 
meter tube and an oscillograph. They reported studies 
of transformations in low alloy steels at cooling 
rates up to 900°F per sec. Cottrell’ *® has recently 
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Fig. 2—Diagram gives schematic presentation of dilatometer. 
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reported dilatometric work at average cooling rates 
to transformation, up to 260°F per sec. Modern 
dilatometers used for lower cooling rates have also 
been described.” * 

The present dilatometer, in which the electrical 
micrometer tube is employed as the element sensi- 
tive to length change, has made available maximum 
quenching rates of approximately 5000°F per sec. 
It is therefore capable of yielding data in the little 
explored field of continuous cooling transformations 
in low alloy steels. 


Apparatus and Procedure 


In Fig. 1 is shown a block diagram of the dilato- 
meter. The specimen used, as shown in Fig. 2, is 
a thin walled cylindrical shell, 0.700 in. long, with 
0.400 and 0.375 in. OD and ID, respectively, copper- 
plated to prevent decarburization during the thermal 
cycle. Three slots % in. long and \% in. wide, spaced 
at equal intervals around the circumference of the 
specimen, permit access of gas to its internal as well 
as external surface and thus reduce lateral thermal 
gradients during quenching. Preliminary work indi- 
cated that no undesirable results are obtained be- 
cause of slotting the specimens. 

The specimen is mounted on a quartz supporting 
tube. A quartz T-rod, with the top of the T in con- 
tact with the upper specimen edge, extends down 
through the tube and transmits increments in speci- 
men length to the projecting arm of the electrical 
micrometer tube. The T-rod is held against the upper 
specimen edge and the lower specimen edge is held 
against the quartz tube by the spring shown; spring 
tension may be adjusted as required. 

A simplified diagram of the electrical micrometer 
tube® and control and bridge circuits used with it in 
recording length changes are given in Fig. 3.* Motion 


* An RCA tube, type 5734, available for general purchase, can be 
used, with circuit modifications, as an electrical micrometer tube. 


of the projecting arm, mounted on an elastic dia- 
phragm which constitutes the left wall of the micro- 
meter tube as shown, shifts the position of the plates, 
P and P, relative to the filament, F, and yields a 
change in current proportional to the displacement 
of the arm. The corresponding bridge voltage is 
amplified and recorded by one channel of a magnetic 
oscillograph. 

For the temperature determinations, thermo- 
couples of number 28 gauge chromel and alumel 
wires individually spot-welded to the specimen sur- 
face are used. Because of sizable lateral tempera- 
ture gradients in the specimen during fast quench- 
ing, to be discussed later, both wires are welded to 
the outer surface when the temperature at the be- 
ginning of a transformation is sought, whereas in 
following progress of transformation a split thermo- 
couple, with one wire welded to the inner specimen 
surface and the other to the outer, is used. Thermo- 
couple wires from the calibrating potentiometer are 
welded to the outer specimen surface. 

The recording thermocouple is connected directly 
to the input circuit of a de amplifier, the output of 
which is recorded by a second channel of the mag- 
netic oscillograph. The two channel amplifier-oscil- 
lograph responds well to frequencies as great as 100 
cycles per second. Input impedance of each amplifier 
is ten megohms. Currents in the thermocouple cir- 
cuit described are inappreciable. 

The resistance furnace and quench jig form an 
integral unit that can be rapidly raised from or 
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Fig. 3—Diagram shows circuit for electrical micrometer tube. 


lowered around the specimen, Fig. 4. Automatic 
temperature control is employed with the furnace, 
which can be held within a few degrees of the de- 
sired maximum temperature. In Fig. 4 the control 
thermocouple is shown in position in the furnace; 
when the furnace is lowered into the specimen heat- 
ing position the control couple is close to the upper 
specimen edge. 

Helium gas of high purity is used as the quench- 
ing medium except when the specimen is cooled 
slowly by exposure to the atmosphere. It is also 
used as atmosphere gas to prevent oxidation of the 
specimen during heating. Pressure indication pro- 
vided by a manometer is needed in reproducing the 
lower cooling rates; valve gauge indications suffice 
for the higher rates. A purification train is used to 
remove traces of moisture and oxygen in the helium 
used during the heating cycle. 

In making a run, the furnace is preheated to the 
desired temperature, adjustment of gas fixtures is 
made, and the furnace is lowered into the specimen 
heating position. The specimen reaches its maximum 
temperature in about 144 min and is held at tem- 
perature long enough to ensure that it has all trans- 
formed to austenite. The furnace and quench jig 
assembly is then rapidly shifted to the quench posi- 
tion. To expose the specimen, the assembly is raised 
to the position shown in Fig. 4. 

During a run, initial, maximum, and final speci- 
men temperatures are read with the calibrating 
potentiometer to establish fixed points on the tem- 
perature record. A micrometer screw is used to 
calibrate the dilation recording equipment. 


Results 

Temperature vs time and length change vs tem- 
perature curves typical of those obtained with the 
dilatometer are shown in Fig. 5, A and B. The data 
were obtained for an annealed 0.11 pct C, 0.99 pct 
Mn, 0.24 pct Si steel. 

The fast quench referred to in Fig. 5 was one with 
helium gas at the maximum pressure now employed. 
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Fig. 4—Photograph of dilatometer is shown. 


The approximate maximum cooling rate was 5000°F 
per sec and the average rate from the beginning of 
gas quenching to the arrest of cooling (at 0.26 sec) 
corresponding to transformation was approximately 
2900°F per sec. The dilatometric value for the trans- 
formation temperature, i.e., the temperature of the 
first break in linearity in the length change vs tem- 
perature curve, is 945°F. Agreement of the initial 
temperature of thermal arrest read from the time- 
temperature curve, 922°F, with the dilatometric 
transformation temperature is considered good. 
The slow quench referred to in Fig. 5 was obtained 
by exposing the specimen to the atmosphere. The 
maximum cooling rate was approximately 80°F per 
sec, and the approximate average cooling rate from 
beginning of cooling until transformation was 50°F 
per sec. The transformation temperature corres- 
ponding to the first significant deviation from line- 
arity in the length change curve is 1390°; that cor- 
responding to initial arrest of cooling is 1397°F. 
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Fig. 6A shows the acicular structure of the fast- 
cooled specimen. The ferrite and carbide aggregates 
of the air-cooled specimen are shown in Fig. 6B. 

An indication of accuracy of dilatometric data is 


afforded by expansion data. The average of two 
values of the coefficient of linear expansion obtained 
on heating annealed specimens of the 0.11 pct C 
steel through the temperature range 86° to 1200°F 
was 7.8x10° per °F (14.2x10° per °C); a literature 
value for annealed SAE 1010 steel in the range 32° 
per.* (15:0x10" per 

Further indication of accuracy of dilatometric 
data is given by comparing M, determined with the 
dilatometer (with the recording couple on the outer 
specimen surface) and a value obtained metal- 
lographically by the quench and temper method.” 
For three runs with quenched specimens of a 0.67 
pet C, 0.99 pct Mn, 0.22 pct Si steel, dilatometric 
values were 453°, 466°, and 504°F, for an average 
value of 474°F. Metallographically, martensite was 
found in traces at 487° and in appreciable quantity 
at 480°F. Thus, the average value found dilatomet- 
rically for M, is in good agreement with the metal- 
-lographic value. In general, as in this case, average 
values of transformation temperatures determined 
from several runs are believed established to ap- 
proximately +30°F. 

For the same 0.67 pct C steel, data as to progress 
of the martensite transformation with cooling were 
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Fig. 7—Chart plots martensite transformation data for 0.67 
pct C, 0.99 pct Mn steel. 
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Fig. 6—Microstructures of 0.11 
pet C, 0.99 pct Mn steel show 
results for A, fast quench and 
B, slow quench. X750. Area 
reduced approximately 25 pct 
for reproduction. 


obtained from dilatometric results by a method of 
proportionality already described in the literature.” 
Comparable metallographic data were obtained by 
the quench and temper method.” 

Fig. 7 shows ranges of percentages of martensite 
vs temperature curves, as influenced by thermo- 
couple placement. The ranges have been defined by 
plotting these curves for the runs yielding highest 
and lowest M, for each couple position. Thus, for 
the runs for external couple placement already 
noted, curves for those yielding M, points of 453° 
and 504°F are plotted. The area between these 
curves is shaded vertically. From runs for split 
couple placement, yielding M, points from 503° to 
563°F, curves for the highest and lowest value of 
M, are plotted. The area between the curves is 
shaded horizontally. Horizontally and vertically 
shaded areas are those in which ranges overlap. 
Corresponding metallographic data are also plotted 

Dilatometric data in Fig. 7 are for fast quenching 
(maximum instantaneous quench rates vary from 
2200° to 2500°F per sec for the runs). A sizable 
lateral temperature gradient across each specimen, 
induced by the fast quenching, is believed to account 
for failure of the two bands to coincide. Tempera- 
ture measurements on specimens during fast quench- 
ing confirm existence of a gradient of the right 
magnitude to account for observed differences. Be- 
cause of the gradient, the temperature of the outer 
shell of the specimen, read hy an externally placed 
thermocouple, should be lower than the average 
temperature, read by a split couple, for a given per- 
centage of transformation throughout the specimen; 
however, the outer shell temperature should cor- 
respond well with the initial transformation tem- 
perature determined metallographically, since trans- 
formation begins in the outer, cooler specimen layer. 
As expected, the average dilatometric value found 
for M, for external couple placement, 474°, does 
correspond well with M, found metallographically, 
480°F. Hence, an external couple is used to indicate 
initial transformation temperature in any case where 
a sizable lateral temperature gradient may exist by 
virtue of rapid cooling. 

The metallographic data showing percentage of 
transformation for the intermediate stage of cooling 
below M.,, Fig. 7, show better agreement with split 
couple dilatometric data than with those for an ex- 
ternal couple. For this reason a split couple is used 
in obtaining data on progress of transformation at 
this stage of cooling. 
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Because of difficulties in determining high per- 
centages of martensite accurately by the method of 
lineal analysis used in the metallographic work,” 
and because the calculated percentage of transfor- 
mation obtained from the dilatometric data assumes 
100 pct transformation on cooling to room tempera- 
ture (a small amount of austenite appears to be re- 
tained at room temperature), agreement of all data 
indicated in the low temperature region of Fig. 7 is 
considered satisfactory. 


Summary 

A gas quenching dilatometer using an electrical 
micrometer tube has been described. A thin walled, 
slotted cylindrical shell of material under test is 
used as a specimen. The instrument can be used in 
determining transformation temperatures for maxi- 
mum cooling rates as great as 5000°F per sec. Used 
with proper precautions, it is believed to give sat- 
isfactory results for transformation progress for 
cooling rates up to 2800°F per sec, and may do so for 
still greater cooling rates. Thus, it may be used in 
studying transformations in low alloy steels. Data 
obtained for 0.11 and 0.67 pct C low alloy steels 
considered satisfactory. 


Acknowledgments 
The authors wish to express indebtedness to A. L. 
Christenson and E. C. Nelson, formerly of Naval 


Research Laboratory, for the design and assembly 
of the high speed quenching dilatometer from which 
present equipment has evolved. They wish to thank 
H. E. Stauss, J. E. Dinger and W. S. Pellini, all of 
this Laboratory, for their suggestions and interest. 


Discussion of this paper, if any, will appear in 
JOURNAL OF METALS, November 1956, and in AIME 
Metals Branch Transactions, Vol. 206, 1956. 


References 


1A. B. Greninger: The Martensite Thermal Arrest in Iron-Carbon 
Alloys and Plain Carbon Steels. Trans. ASM (1942) 30, p. 1. 

2P. Chevenard: Mécanisme de la Trempe des Aciers au Carbone. 
Revue de Métallurgie (1919) 16, p. 17. 

3A. L. Christenson, E. C. Nelson, and C. E. Jackson: A High- 
Speed Dilatometer and the Transformational Behavior of Six Steels 
in Cooling. Trans. AIME (1945) 162, p. 606. 

4C. L. M. Cottrell: Assessment of Weldability by Rapid Dilatation 
Tests. Journal Iron and Steel Inst. (1953) 174, p. 17. 

°C. L. M. Cottrell: Effect of Hydrogen on the Continuous-Cooling 
Transformation Diagram for a Manganese-Molybdenum Steel. Jour- 
nal Iron and Steel Inst. (1954) 176, p. 273. 

6R. W. Dayton and G. M. Foley: Capacitive Micrometer. Electron- 
ics (1946) 19, p. 106. 

7E. J. Vanderman: Microformer Dilatometer. Review of Scientific 
Instruments (1951) 22, p. 757. 

8R. Gunn: A Convenient Electrical Micrometer and Its Use in 
Mechanical Measurements. Journal of Applied Mechanics (1940) 
WA, p. 49. 

® Metals Handbook. (1948) 7th Ed., p. 309. Cleveland. ASM. 

10 A. B. Greninger and A. B. Troiano: Kinetics of the Austenite 
to Martensite Transformation in Steel. Trans. ASM (1940) 28, p. 537. 

11S. G. Fletcher and M. Cohen: The Dimensional Stability of 
Steel. Trans. ASM (1945) 34, p. 227. 

12M. Cohen: The Martensite Transformation. Phase Transforma- 
tion in Solids. (1951) p. 605. New York. John Wiley and Sons Inc. 


Tensile Creep of High Purity Aluminum 


As part of a program to determine the deformation characteristics of pure metals, 
the tensile creep properties of high purity aluminum (99.994 pct Al) have been deter- 
mined using a constant stress loading. The effects of prior annealing temperature, stress, 
and temperature were studied. These data have been examined on the basis of present- 
day theories. None of the methods was found to give an accurate representation of the 
data over all conditions studied. The structures of several specimens after creep were 
examined by optical and X-ray metallography. Marked changes in the grain size were 
found and it was substantiated that the magnitude of these changes was greatly influenced 
by the applied stress (or creep strain). The changes in fiber texture which occur on creep 
deformation are shown to be consistent with those observed on deformation at lower 


temperatures. 


by R. W. Guard and W. R. Hibbard, Jr. 


NDERSTANDING the properties of new mate- 

rials under different experimental conditions 
must be based on considerable knowledge of the 
mechanisms involved in plastic flow and how to con- 
trol them. Tension and creep tests have been car- 
ried out on a number of pure metals in order to 
document their deformation characteristics.” * It is 
hoped that a comparison of these data with theory 
will indicate those areas where work on mechan- 
isms and their relation to metallurgical variables 
may be most fruitful. 


R. W. GUARD, Junior Member AIME, and W. R. HIBBARD, JR., 
Member AIME, are Research Associate and Manager, Alloy Studies 
Research, respectively, Research Laboratory, General Electric Co., 
Schenectady. 

Discussion of this paper, TP 4070E, may be sent, 2 copies, to 
AIME by Apr. 1, 1956. Manuscript, Feb. 17, 1955. Philadelphia 
Meeting, October 1955. 
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Since aluminum has often been used for studying 
the qualitative aspects of creep behavior, it was 
chosen for detailed study. The effects of annealing 
temperature, stress, and test temperature on the 
constant stress creep behavior were studied. Al- 
though most of the tests were made above one half 
the absolute melting temperature, a few tests were 
made at lower temperatures to give qualitative com- 
parisons. Some specimens were examined metallo- 
graphically and by X-ray diffraction techniques 
after creep. Since only a limited number of speci- 
mens could be made from the available material, no 
effort was made to study detailed changes in sub- 
grain structure or other metallographic features. 

Servi and Grant® and Dushman et al.* have pre- 
viously published studies of high temperature creep 
of high purity aluminum. In both cases, a great deal 
of emphasis was placed on the minimum creep rate. 
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Servi and Grant* point out differences in fracturing 
behavior at high and low temperatures. Dushman 
et al.“ analyze their results by the application of 
chemical rate process theory, which puts the em- 
phasis on the steady state aspects of creep behavior. 
In the present work an attempt was made to study 
the entire curve, at least to strains of 0.20. The 
premise adopted was that a general description of 
creep behavior would be more useful than one deal- 
ing with a special part of the creep curve. 

The results of Sherby and Dorn’ could not be 
compared to the present data since they were ob- 
tained on a constant load rather than a constant 
stress apparatus. However, their method of analyz- 
ing the data was applied to the present data, as dis- 
cussed later. 


Experimenta! Technique 

The high purity aluminum (99.994 pct Al) was 
obtained from Aluminum Co. of America through the 
Bureau of Standards. The analysis of the material 
and its processing history are given in Table I. 

In order to obtain a range of grain sizes, speci- 
mens were cold drawn from 0.5 in. rods to 0.030 in. 
wire and annealed at each of a series of tempera- 
tures (250°, 300°, 350°, 400°, 450°, and 500°C) for 
1 hr. Metallographic examination showed that re- 
crystallization was not complete for the 250°C an- 
nealed material and that the material annealed at 
500°C had too few grains per cross section (2 to 4) 
for accurate results. The creep tests were therefore 
made only on the material from the four intermedi- 
ate annealing temperatures. The grain sizes ob- 
tained are given in Table I. 

The creep tests were made at constant stress 
using a loading lever of the type described by Full- 


TEST TEMR 277 227 277 327 
STRESS SOORS]. SOORS). 1000 PS. 1000 RSI. 


J 


TOTAL TRUE 


RATE (SEC.') 


Fig. 2—Chart plots variation of creep rate with strain. All 
specimens were annealed for 1 hr at 350°C. 
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man, Carreker and Fisher.’ This lever maintains a 
constant stress by causing the point of application of 
the load to move toward the fulcrum in proportion 
to the elongation. Its construction assumes a con- 
stant volume and a change in diameter proportional 
to the elongation during deformation. The speci- 
mens were 0.030 in. diam wire, gripped on a five in. 
gauge length. A ten g preload (less than 1 pct of the 
total load) was applied before the test to set all link- 


Table |. Material and Processing History 


As-received material—Round (% in. diam) cut from notch bar and 
swaged and drawn cold to 0.030 in. diam. 


Annealed 1 hr at 300°, 350°, 400°, 450°C; giving average grain 
diameters of 0.021, 0.037, 0.047 and 0.065 mm, respectively. 


Chemical analysis: 0.002 pet C, 0.003 pct Fe, <0.0002 pect Mn, <0.001 
pet P, <0.006 pet S. All other elements, faint trace or less. Bal- 
ance, "99, 994 pct Al. 


ages. A long seven-winding resistance furnace was 
used, which provided an eight to ten in. central 
zone with a temperature constant within +2°C. 
Temperature cycling was kept to about +1°C over 
long periods by use of an anticipator. In order to 
minimize heat losses from the end and ambient tem- 
perature effects, the upper pull rod was a hollow 
quartz tube. The Pt—Pt-Rh thermocouple was 
placed on the upper grip at the end of the speci- 
men. The extension was measured from the motion 
of the outer end of the lever arm with a lever mag- 
nification of 2.5:1. 

For recording the strain, a device similar to that 
of Dushman et al.* was used. This apparatus meas- 
ures the relative motion of two finely ruled grids, 
one attached to the end of the lever arm, the other 
fixed. This motion is measured by recording the 
cyclic change in intensity of a light beam passed 
through the two grid system as the grid lines move 
in and out of registry. An ac recorder was added to 
the circuit used by Dushman to record the rapid ex- 
tension at the beginning of the test. With this equip- 
ment, using grids ruled at 100 lines per in., the mini- 
mum measurable strain is 0.0004 in. per in. The 
minimum strain rate measurable with accuracy is 
approximately 10° sec *. The maximum rate obtain- 
able is limited by the loading rate to 5x10” sec”. 


Table Il. Test Conditions 
Test Temperature* 
Anneal Stress 227°C 277°C 327°C 877°C 
300°C 500 - = x x 
1000 - x x x 
1500 - x x - 
350° 500 - x x - 
1000 x x x - 
400° 500 - xX x x 
1000 - x x 
1500 x = x - 
2000 x x - - 
450° 500 - x x x 
1000 be x >< x 
1500 Bie = - - 


* x’s indicate that tests were made at these temperatures. 


In order to provide a sound basis for examining 
present theories, tests were made over as wide a 
range of stresses and temperatures as possible with 
the equipment. A few tests were made at tempera- 
tures above that of the prior anneal with the in- 
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Fig. 3—Chart shows typical fit of the equations of Andrade“ © 
and Hazlett and Parker” to a creep strain-time curve. 


tention of examining the effects of an unstable grain 
size. The conditions under which the elevated tem- 
perature creep tests were made are indicated by the 
x’s in Table II. 

A number of the specimens were examined metal- 
lographically after testing in creep to large strains 
(0.30). In addition, the preferred orientation or 
fiber texture before and after creep deformation was 
examined on two specimens by X-ray techniques. 


Results 

Structural Observations— Metallographic exam- 
ination of a number of specimens after large creep 
strains showed that marked growth of the original 
grains had occurred. From the results of this ex- 
amination, shown in Table III, several conclusions 
were drawn: 

1—None of the grain sizes was stable during creep 
tests, even at temperatures 150°C below the origi- 
nal annealing temperature. 


Table III. Grain Size After Creep Test as Function of Test 
Conditions, Average Grain Diameter in Mm 


500 500 500 1000 1500 2000 
Original Prior Psi, Psi, Psi, Psi, Psi, Psi, 
Diameter Anneal 277°C 327°C 3779C 277°C 
0.021 300°C 0.106 0.113 0.140 - = “ 
0.047 400°C 0.121 0.138 - 0.111 0.107 0.099 
0.065 450°C - 0.223 - 


2—The test temperature, original grain size, and 
time of test were all factors in determining the final 
grain size after test. 

One of the original objectives of the program was 
to study the effects of annealing temperature, par- 
ticularly as it affects the grain size. In view of the 
changes in grain size which occur during the test 
it does not seem proper to discuss differences in 
behavior with respect to the original grain size. Ex- 
amination of the differences in creep behavior of 
specimens having different original grain sizes 
tested under the same conditions of stress and tem- 
perature lead to the following conclusions: 

1—The effect of annealing temperature on the 
creep curve is a function of the test conditions. 

2—At the lowest test temperatures and stresses 
the strain on loading increases with increasing an- 
nealing temperature. The effect tends to reverse 
with increasing temperature. 
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3—The strain hardening rate, as indicated by the 
rate of change of the creep rate with strain, in- 
creases with increasing annealing temperature. 

On the basis of these observations, it might be 
concluded that the stability of the structure estab- 
lished by a prior anneal is more important in deter- 
mining the creep behavior than is the initial struc- 
ture of the annealed sample. It is not possible to 
ascribe the differences in strain hardening rate for 
the different original grain sizes to any particular 
mechanism. 

In order to determine whether the grain growth 
is affected by the presence of the stress, a separate 
set of tests was made, in which duplicate unstressed 
samples were loaded with creep specimens. The 
microstructures after strains of approximately 0.30 
were compared, and the results in Table IV show the 
marked effect of creep strain (or stress) on grain 
growth. This observation agrees qualitatively with 
those of Chang and Grant’ and McLean* on boundary 
migration during creep. 

Several specimens which had been tested to large 
strains (0.30) were also examined by X-ray diffrac- 
tion techniques for preferred orientation. The data, 


Table IV. Effect of Stress on Grain Growth During the Test* 


Stress, Test Temperature, Average Grain Time of Test, 
oC 


Psi Diameter, Mm Sec 

1000 327 Stressed 0.095 907 
Unstressed 0.067 

1000 277 Stressed 0.086 5,964 


Unstressed 0.069 


* Material was annealed for 1 hr at 425°C. Average grain diame- 
ter is 0.060 mm. 


while insufficient for definite conclusions, show sev- 
eral interesting indications. The texture of the 
specimen before testing is essentially the annealing 
texture for aluminum wire, although the films are 
somewhat spotty because of the fairly large grain 
size. Most grains have a <111> orientation with 
some <100> and a few <112>. After deforming 30 
pet in creep, the texture changes toward the defor- 
mation texture. The <112> portion completely 
disappears. Those grains of the <111> orientation 
fragment severely and increase in amount, although 
it is difficult to be sure exactly how much, since the 
ring becomes diffuse in that region; the grains in 
<100> orientation remain as sharp single points. 
A preliminary interpretation of these observations 
may be made as follows: The retention of frag- 
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Fig. 4—Chart shows correlation of creep data using Zener- 
Hollomon parameter Z = (ée-*"/""), AH/R = 15,100 cal. 
All specimens were annealed for 1 hr at 300°C. 
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cal. All specimens 
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mented grains in the <111> fiber orientation is con- 
sistent with the analysis of Hibbard and Yen.° 
Under tensile flow where the circular cross section 
is maintained, the operation of the six symmetrical 
slip systems about the <11l1> axis will permit 
deformation without a gross change in orientation, 
but with a considerable slip leading to fragmenta- 
tion. The retention of the <100> orientation with- 
out fragmentation suggests that these grains are not 
subject to severe deformation, but persist as a result 
of elastic anisotropy which will promote the growth 
of grains having the lowest elastic modulus, i.e., the 
largest elastic strain for a given stress. In the case 
of aluminum the elastic modulus is lowest in the 
<100> direction.” The disappearance of the <112> 
orientation is consistent with the observation that it 
fits neither of these criteria. 


Nature of the Creep Curve 


A number of different methods of analyzing creep 
curves were tried and none proved to be entirely 
satisfactory. The results and discussion which fol- 
low are therefore written to point out where each 
of the methods tried proved inadequate. 

With the apparatus used it is possible to study the 
beginning of the creep curve in some detail. Fig. 1 
shows a typical example of the first minute of a 
creep curve. The first part of the curve is linear and 
represents the plastic and elastic extension during 
loading. The rate during this portion of the curve is 
limited by the maximum rate of loading possible 
with the equipment. The strain occurring on load- 
ing (defined as «,) is reasonably uniform for dupli- 
cate specimens. 

Mathematical Analysis—In describing high tem- 
perature creep curves, many different equations 
have been suggested and many papers written ex- 
amining one or another of these in some detail. 
Cottrell” has discussed these equations and shows 
that all of them are derivable from an equation of 
the type 


é= Ce [1] 


where n assumes values from —1 to 0. Logarithmic 
plots of strain rate vs strain for our data show that 
in the range of strains, stresses, and temperatures 
the exponent n is rarely constant during a test, Fig. 
2. The exponent n generally decreases with increas- 
ing strain and decreasing temperature and stress. 

The constants have been determined which give 
the best fit of our data for two of the most common 
equations. Examples of the typical results of the 
application of the equations to our data are shown 
in Fig. 3. Neither shows exact agreement over all 
regions of strain. 

Often the creep curves have been divided into 
two stages, primary or transient and secondary or 
steady state. It appears impossible to make any such 
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division of our data. For this reason, any of the 
methods used to analyze steady state creep could 
not be applied. Tests made on other materials 
known to have a stable grain size also fail to show 
any prolonged constant rate for strains less than 0.20. 

Activation Energy Analysis—The proposal of 
Sherby et al.” which applies the activation process 
concept to the whole creep curve could be examined. 
This analysis has been done for all of the tests in 
the stress range 500 psi to 1500 psi, using the Zener- 
Hoilomon”™ parameter 


Figs. 4 and 5 show some of these results. Several 
points of interest are evident from this analysis. 
First, while the deviations of tests at different tem- 
peratures are small from a practical standpoint, they 
are greater than specimen to specimen variation, 
especially at low strains. Second, the degree of fit is 
not a very sensitive function of the activation en- 
ergy chosen. Third, these statements are true for 
only a small range of temperatures and stresses. 
Because of the large deviations which occur at 
low strains, plots of logarithm of the strain rate vs 
1/T were made for a number of strains. The results 
in Fig. 6 show that the value of AH obtained is a 
function of strain. The variation of AH with strain 
is greater for the material having the least stable 
grain size (i.e., that material annealed at 300°C). 
It can be concluded that while both methods of 
analysis serve as a good approximation to creep 
behavior, neither method provides the unifying 
principle needed to analyze creep behavior under 
a wide range of conditions on a number of different 
materials. The reasons for this lie in the lack of 
quantitative understanding of the structural changes 
which are going on during a creep test and the rela- 
tion of these changes to the mechanical properties. 


Summary 


High purity (99.994 pct) aluminum was tested in 
creep at a constant stress over a wide range of tem- 
peratures (above 0.5 of the melting point) and 
stresses. The strain-time curves could not be ana- 
lyzed satisfactorily over the complete range of strain 
by any existing equation or method of analysis, al- 
though several gave reasonable agreement over lim- 
ited ranges. It appeared unjustifiable to separate the 
curves into transient and steady state components 
or primary and secondary stages. 

The validity of an activation energy for creep, AH, 
independent of strain, temperature, and stress is 
questioned because of deviations somewhat larger 
than testing error. Modification of the concept to 
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Fig. 6—Chart plots variation of apparent activation energy 
with strain [AH in equation e = f(ée*#/*7)]. 
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allow AH to be a function of strain improves the 
agreement quite a bit. More detailed data would be 
necessary to prove that this is valid. 

Part of the complexity of the behavior in these 
experiments may be related to the observed insta- 
bility of the grain size. Marked grain growth occurs 
during the test and is greatly influenced by the 
presence of the stress. X-ray diffraction studies of 
several crept specimens show some changes in the 
detail of preferred orientation. The fragmentation 
of diffraction spots seems to be confined to grains of 
certain orientations while others remain relatively 
unfragmented. In addition, grains having certain 
orientations disappear entirely. Whether these 
changes occur as a result of grain growth or rotation 
induced by deformation is not known. 

These results indicate that a general description 
of creep behavior will require a quantitative under- 
standing of the structural changes which take place 
during creep. Boundary migration, subgrain forma- 
tion, and growth and similar processes must play 
important roles. A detailed study of these structural 
effects on the mechanical properties would assist us 
in predicting creep behavior quantitatively. 
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Diffusion in Liquid Lead 


The diffusion of lead and of trace amounts of bismuth in liquid lead have been in- 
vestigated by the capillary method, using RaD and Raf as tracers. The results are com- 
pared with existing theories of diffusion in liquids, the agreement with theory being fair. 
The heat of activation for self-diffusion in lead is found experimentally to be close to 
the corresponding activation energy obtained from viscosity data. The pioneer data of 
Groh and von Hevesi for the self-diffusion of liquid lead, using ThB as a tracer, fit in 


with the present results. 


by S. J. Rothman and L. D. Hall 


S. J. ROTHMAN, Junior Member AIME, formerly Graduate Stu- 
dent, Physical Metallurgy, School of Mineral Sciences, Stanford 
University, Stanford, Calif., is now associated with Argonne Na- 
tional Laboratory, Lemont, Ill., and L. D. HALL, formerly Assistant 
Professor of Physical Metallurgy, School of Mineral Sciences, Stan- 
ford University, is now associated with Stanford Research Institute, 
Stanford, Calif. 

Discussion of this paper, TP 4067E, may be sent, 2 copies, to 
AIME by Apr. 1, 1956. Manuscript, Mar. 7, 1955. Philadelphia 
Meeting, October 1955. 

This paper is based on a portion of a thesis by S. J. Rothman 
submitted, in partial fulfillment of the requirements for the de- 
“gree of Doctor of Philosophy in Metallurgical Engineering, to the 
School of Mineral Sciences of Stanford University. 


TRANSACTIONS AIME 


OMPARED with the volume of effort expended 
on solid state diffusion, there has been little 
attention paid to diffusion in liquid metals. A re- 
view of experimental work in this field, covering 
most of the studies up to 1951, was given by Jost.’ 
More recent papers include those by Hoffman’ on 
self-diffusion in mercury, Morgan and Kitchener* 
and Stark, Shchilishchev, and Kazachkev* on the 
diffusion of various elements in liquid iron, and 
Grace and Derge’ on the diffusion of bismuth in 
bismuth-lead alloys. 
The need for more experimental data to aid in 
the evaluation of existing theories prompted the 
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present study. Theories of diffusion, the predictions 
of which can be checked experimentally, have been 
proposed by Einstein,’ Eyring,’ and Peter.* These 
theories all consider the diffusion process from the 
standpoint of viscous properties, and all predict 
heats of activation for diffusion which are essentially 
equal to the heats of activation for viscosity. As 
pointed out by Hoffman,’ this has been found to be 
approximately true for water and for mercury. The 
same has been found by Meyer and Nachtrieb® for 
liquid sodium and by Haycock, Alder, and Hilde- 
brand for the diffusion of I, in CCl. It was con- 
sidered of interest, therefore, to ascertain whether 
it is also the case for lead. The Stokes-Einstein 
equation,’ derived on the basis of hydrodynamic 
theory, in which it is assumed that the diffusing par- 
ticles are very large compared with the particle size 
of the medium gives 


D =kT/6arn [1] 


where k is the Boltzmann constant, r is the radius of 
the diffusing particle and yn is the viscosity of the 
medium. Eyring’s equation’ contains three para- 
meters ; in the place of r, but has the same form 
and for monatomic liquids can be reduced to 


D =kT/2rn. [2] 


The variation of D with T, according to these 
equations, will be determined principally by the 
variation of 7, and thus in the case of self-diffusion, 
as pointed out by Eyring,’ the free energies of acti- 
vation for diffusion and for viscous flow should be 
equal. If this is so, the heats of activation should also 
be approximately equal for the two processes. Eyr- 
ing further derives the expression 


D AS E [3] 
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Fig. 1—Diagram shows a cross sectional view of diffusion cell 
and furnace. 
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Fig. 2—Lines and data points show results for the self- 
diffusion of liquid lead. Encircled triangle represents data 
of Groh and von Hevesi,” who used ThB as a tracer. 


which is to be identified with the experimentally 
observed relation 


AH 
RT 


D= A exp — 
with E = AH. Peter’s equation for D is*® 


D = 5.17x10°” (AV)? (E/RT)? exp (—E/RT) [4] 


where » is the vibration frequency, AV is the volume 
change on melting per mol, and E = AH. 


Experimental Procedure 

Preliminary attempts were made to use the shear 
cell technique,” which was originally developed for 
use at room temperature. The effort was eventually 
abandoned, when it was found impossible to obtain 
reproducible results by this method. It was felt that 
the large scatter encountered was probably due to 
convection, because of the large (7 mm) diameter of 
the specimens, and recourse was had, therefore, to 
the capillary method, by which the data presented 
herein were obtained. 

In the capillary method” the material studied, 
which contains a uniform concentration of radio- 
active tracer, fills a capillary which is open at one 
end. In the process of diffusion, material diffuses out 
of the capillary into a reservoir of inert material, 
which can be considered infinite in extent. 

Fig. 1 shows a cross sectional view of the diffusion 
cell and furnace. The furnace rested on a shock- 
mounted plate which in turn rested on a_ heavy, 
shock-mounted table. During the initia! installation 
of equipment, a seismometer was used to detect the 
nature and severity of any external sources of vibra- 
tion. It was found that the only measurable disturb- 
ances arose from shock rather than from forced 
vibrations. Hence, rubber mounts were used. 

A Nichrome-wound gastight vertical Inconel tube 
furnace with water cooled ends was used. The wind- 
ings were more closely spaced at the ends than. at 
the middle, to compensate for end losses. By means 
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Fig. 3—Experimental results of the diffusion of lead with 
trace amounts of bismuth are plotted. 


of taps at various points of the windings, sections of 
the heating element could be shunted out, and tem- 
perature gradients thus minimized. A chromel- 
alumel control thermocouple was placed close to the 
windings; the specimen temperature was measured 
with a central couple, also chromel-alumel, using 
a Leeds and Northrup No. 8662 portable precision 
potentiometer. The control circuit used a Tag-Celec- 
tray controller, a Powerstat autotransformer, and a 
large variable carbon resistor for regulating the on 
and off currents. 

The capillaries were either Vycor or Pyrex, about 
1 cm long and of the following bores: 1.24, 1.30, 1.53, 
or 1.63 mm. One end was sealed off to form a flat 
bottom; the capillary was then filled, and the open 
end ground flat on a travelling belt. 

Radioactive lead and bismuth (RaD in secular 
equilibrium with RaE) were obtained as Pb(NOs)» 
from Atomic Energy Products Ltd., Ottawa, Ontario. 
The RaD was electrodeposited and diluted with 
Tadanac 99.999 pct pure Pb. This procedure pro- 
duced a lead alloy containing less than 0.0008 pct Bi, 
as determined by Harvey’s method.” A filled capil- 
lary counted approximately 1,000 to 10,000 counts 
per min. A scintillation counter was used to detect 
the RaD, while the RaE was detected with a Geiger- 
Muller tube. 

In the counting procedure used, the samples were 
counted immediately after the diffusion runs, in 
order to distinguish between RaD (lead) and Rak 
(bismuth). The procedure was based on the decay 
schemes of RaD and Rak. RaD, with a half-life of 
22 years, emits a 0.025 mev f and a 0.047 mev y, 
decaying to Rak. RaE, with a half-life of 5 days, 
emits chiefly a 1.17 mev £, decaying to RaF, which 
decays to stable Pb™ by the emission of a radiation 
and a very small amount of y radiation. 

The scintillation counter used to detect the y 
radiation of RaD had a very low efficiency for f 
radiation. In addition, there was always sufficient 
aluminum between the crystal and the specimen to 
absorb any f’s present. The scintillation counter thus 
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counted essentially only the y radiation of RaD. In 
order to establish the fact that the Geiger-Muller 
tube counted only the 1.17 mev £ radiation of RaE, 
a count was made with an aluminum absorber of 
about 0.196 cm (0.5 g per cm’) interposed between 
tube and specimen. Under these conditions, the total 
count dropped to the background level of the 
counter, although this thickness of absorber reduces 
the y intensity by only 20 pct. Therefore, the Geiger- 
Muller counter counted only 8 radiation. Further 
tests with thin aluminum foil showed that the 0.025 
mev 8 from the RaD was absorbed in the window of 
the Geiger-Muller counter. 

Using the tormulas for the concentration of the 
first daughter” in a chain disintegration and substi- 
tuting the decay constants of RaD and Rak, it is 
easily shown that if the specimen is counted 3 hr 
after the end of the diffusion run, the amount of RaE 
formed after the diffusion is about 1 pct of the RaE 
present, so that the concentration of RaE is substan- 
tially independent of the concentration of RaD. 
Similar calculations will also show that the y radia- 
tion from RaF, the daughter of Rak, is negligible. 

All diffusion runs were made under about 3 lb 
gage pressure of helium. A fresh metal bath (700 to 
800 g Pb) was used for each run. After the lead in 
the bath had melted, the capillaries were lowered so 
that the open end was just above the bath. When 
thermal equilibrium had been reached, they were 
completely submerged. The bath was agitated every 
5 min by twirling the shaft which held the capil- 
laries. 

Continuous agitation was also tried, and the re- 
sults evaluated by slit-counting the specimens. In 
this process a sheet of lead, % in. thick, is placed 
between the sample and the counter. The lead has a 
1 mm wide sht in it. This slit is moved parallel to the 
direction of diffusion, and can thus be used to find c 
as a function of x. It was found that the concentra- 
tion profile along the capillary was, within the ex- 
perimental error, unaffected by the continuous agi- 
tation of the bath. This same slit-counting system 
was used to show that the radioactive isotopes were 
uniformly distributed along the capillary. 


Mathematics 


Diffusion under the conditions described obeys 
Fick’s law: 


ac [5] 
ot 
with initial and boundary conditions 
(x20) =0;t20 [6] 
> 0 al 
c (x, t) = 0 elsewhere [9] 


where the axis of the capillary is the x axis, with 
origin at the sealed end, and the length of the capil- 
lary is l. 

The solution of Eg. 5 with the given initial and 
boundary conditions, Eqs. 6 through 9, is, after in- 
tegration,” 


C 8 1 
= exp — 
n=1 (2n — 1)? 


a 
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where C and C, are the total amounts of tracer pres- 


ent in the capillary after and before diffusion, re- 
2 


spectively. If ac is less than 0.700, the series 


0 
can be cut off after the first term without appreci- 


able error. 


Experimental Results 

The results are tabulated in Table I and plotted in 
Figs. 2 and 3. The values show that the diffusion 
coefficient is independent of t, 1, and capillary diam- 
eter: 

The results can be fitted by the following equa- 
tions: 
Self-diffusion in lead 


D = (9.15+0.30)x10“ exp 


(—4450+330/RT) cm’ per sec. [11] 
Diffusion of bismuth in lead 
D = (9.63+0.50) x10~ exp 

(—4070+546/RT) cm’ persec. [12] 


Table |. Diffusion in Lead 


D, Cm? per Sec x 105 


Capillary 
Diam- 

T, °K t, Sec l, Cm eter, Mm Lead Bismuth 
6060.5 1800 0.844 1.24 3.33 4.52 
624+0.5 9000 0.938 1.24 2.69 2.51 
624+0.5 9000 0.890 1.53 2.28 3.39 
645.541 8880 0.812 1.24 1.93 oe 
642+0.5 1800 0.766 1.24 2.65 4.70 
67141 3840 0.913 1.24 2.76 —_— 
6820.5 1800 0.892 1.24 4.42 5.32 
704.541 3180 0.928 1.24 4.44 
746+0.5 4500 0.829 1.24 3.97 3.88 
794+0.5 3240 0.650 1.30 4.84 — 
816.5+0.5 1860 0.815 1.63 8.24 12.0 
816.5+0.5 1860 0.813 1.30 7.45 9.13 
877.5+0.5 1794 0.830 1.30 8.55 
877.5+0.5 1794 0.675 1.63 7.52 9.79 
930+0.5 2040 0.809 1.30 7.32 9.60 
9300.5 2040 0.818 1.30 6.64 8.34 


The scatter in the data is probably due chiefly to 
errors in the measurement of the quantities used to 
calculate D. Principal sources of error were in the 
degree of filling the capillaries, in measurements of 
the length, l, in deviations from the boundary con- 
dition (1lb),“ and in disturbances resulting from 
freezing. In systems which must be frozen from the 
liquid state in order to make measurements, errors 
are inevitably introduced by the changes which 
occur at the freezing point. 

In view of the scatter, the results were subjected 
to statistical analysis® to see whether the differences 
in the parameters (activation energies and pre- 
exponential factors) between the cases described by 
Eqs. 11 and 12 were significant. First, it is assumed 
that a relation of the form D = D, exp (—AH/RT) 
holds, as used in Eqs. 11 and 12. This relation is then 
written in logarithmic form, Y = A + bX, where 
The analysis is based on the additional assumptions: 
1—The error in X is negligible, see Table I, and 2— 
The errors in Y are normally distributed, i.e., for 
each X value there is a normal population of Y 
values. The second assumption is perhaps open to 
question, but can be neither proved nor disproved. 

The activation energies for the diffusion of lead 
and of trace amounts of bismuth, respectively, in 
lead, are not significantly different at the 50 pct 
level, whereas the D, values are significantly differ- 
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ent at the 99 pct level. That is, if the AH values for 
the two diffusing entities were actually equal, a cal- 
culated difference of the magnitude indicated by 
comparison of Eqs. 11 and 12 would be found more 
than 50 times out of 100 measurements, whereas if 
the D, values were actually equal, the indicated dif- 
ference would be found in only 1 out of 100 measure- 
ments. 
Discussion 

Table II gives comparative values for heats of 
activation for self-diffusion and viscosity of lead. 

The heats of activation for self-diffusion were ob- 
tained from the slopes of plots of In D vs 1/T, while 
those for viscosity were obtained from the slopes of 
plots of In (y/T) vs 1/T. For the purpose of such a 
comparison, this is equivalent to obtaining the heats 
of activation for diffusion from a plot of In D/T vs 
1/T and those for viscosity from plots of In y vs 1/T. 


Table II. Heats of Activation, Cal per G-Atom 


AH, Diffusion AH, Viscosity 


4450+330 4000+192* 
= 2370+217 


* Data from ref. 20. 
+ Data from ref. 19. 


The data are too scattered to show which of these 
suppositions is. correct. The agreement with the 
Sauerwald data is good; with the newer data of 
Fisher and Phillips, not as good. However, the latter 
were determined over a rather narrow range of 
temperature. 

Peter’s equation, Eq. 4, permits the calculation of 
D, if the parameters can be estimated. Using his data 
for (AV)’* and evaluating v as in his paper, D, = 
2.75x10” is obtained, which is some 30 times the 
value obtained experimentally. 


Table III. Radii of the Diffusing Particle at 350°C in Angstroms 


Eyring Equation Stokes-Einstein Equation 


Viscosity Viscosity Viscosity Viscosity 


Data from Data from Data from Data from 
Ref. 20 Ref. 19 Ref. 20 Ref. 19 
6.73 7.12 0.715 0.757 


The radius of the diffusing particle can be calcu- 
lated from either the Stokes-Einstein equation, Eq. 1, 
or the Eyring equation, Eq. 2. These values are 
shown in Table III. One-half the distance to the first 
peak on the radial distribution curve at 375°C is 
1.70A." The Goldschmidt radii are” lead, 1.74A and 
Pb”, 1.32A. Thus the agreement between experi- 
mentally determined atomic radii and calculated 


Table IV. Temperature Dependence of the Atomic Radius of Lead, 
in Angstroms 


Radius, Using Radius, Using 


Einstein Einstein One-Haif the 
Equation Equation Cube Root 
and Vis- and Vis- of the Vol- 
cosity Data cosity Data ume per 
T,°C from Ref. 20 from Ref. 19 Atom” 
400 0.643 0.655 1.60 
850 0.56 0.40 1.63 


ones is better when the Stokes-Einstein equation is 
used than when the Eyring equation is used, as was 
found by Hoffman’ and Haycock et al.” The data are 
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not accurate enough to draw conclusions regarding 
the entity of the diffusing particle. 

The atomic radius can be expected to increase 
slightly with the temperature, the increase being of 
the same order as the increase in the molar volume. 
This expectation is not borne out by the authors’ 
data, as shown in Table IV. 

Work on diffusion in the Pb-Bi system has been 
done by Grace and Derge.® Their data are com- 
pared with the authors’ in Table V. 


Table V. Comparison of the Present Data With That of 
Grace and Derge® 


Pct Bismuth in 
the Capillary Be- 
fore Diffusion 


Do, Cm2 per Sec H Cal per Mol 


0.0008 9.15x10—+ 4450 

1.735 2.0x10—- 1730 

52.75 4.1 9500 

1005 6.5 8150 
Summary 


The diffusion of the radioactive tracers RaD 
(lead) and RaE (bismuth) in liquid lead has been 
studied in the temperature range 606° to 930°K. The 
heats of activation have been calculated as 4450 and 
4070 cal per g atom respectively. The results have 
been compared with the predictions of several 
theories of diffusion, with varying degrees of agree- 
ment. 
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Effects of Alloying Elements on the Electrical 


Properties of Manganin-Type Alloys 


Relationships between the compositions of specially prepared manganin-type 
alloys and some of their electrical properties have been established. Empirical 
equations, based upon the electronic configurations of the alloying elements, are 
given which describe the resistivity, temperature coefficient, peak temperature, and 
thermoelectric power of Cu-Mn-Ni-Fe alloys at approximately room temperature. 
Calculations based upon these relationships are correlated with experimental data. 


by D. D. Pollock and D. 


ae suitable alloys for the construction of 
stable resistors, for use in precise electrical 
measuring devices, has been important ever since 
the art of electrical measurement was begun. German 
silver, Pt-Ag, and Platinoid are examples of some of 
the alloys in early use. These early alloys were un- 
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Finch 


satisfactory for one or more of the following rea- 
sons: 1—insufficient stability of electrical properties 
with time, 2—poor reproducibility of electrical char- 
acteristics from melt to melt, 3--excessive tempera- 
ture coefficients of resistance, and 4—excessive cost. 

Weston’ introduced the Cu-Mn-Fe and Cu-Mn- 
Ni-Fe alloys of the type now generally known as 
manganins. His patents are believed to represent 
the first disclosure of any alloy with a negative tem- 
perature coefficient of resistance. After this work, 
the German company, Isabellenhutte, in conjunction 
with Feussner and St. Lindeck,** produced alloys of 
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this type. The Isabellenhutte was the only source of 
manganin up to and including World War I. 

Bash,* in an effort to make the American instru- 
ment industry independent of the German source, 
produced the first acceptable manganin to be made 
in this country. Pilling® studied some of the electri- 
cal properties of this general family of alloys. Higher 
purity alloys of this system were later investigated 
by Dean and Anderson.°® 

Manganin has become almost universally adopted 
for use as a resistance material in electrical instru- 
mentation because of its important electrical and 
mechanical properties. The mechanical properties of 
this alloy type are such that it is suitable for cold 
drawing down to very fine wire sizes. 

Perhaps the most significant property of man- 
ganin is its unusually high degree of stability of re- 
sistance with time, when it is suitably heat treated 


and protected. This property permits the manufac- 
ture of very accurate and stable standards of resist- 
ance for use in precision measuring equipment. 
The resistivity of commercial manganin is moder- 
ately high (about 48 microhm-cm at room tempera- 
ture) and its temperature coefficient in the neighbor- 
hood of room temperature is very low. An impor- 
tant characteristic of the resistance-temperature 
curve of manganin is that it is parabolic with the 
maximum occurring between 25° and 50°C’ (the 
so-called peak temperature). It is desirable that this 
maximum be close to the operating temperature of 
the instrument in which the manganin is being used. 
When this is the case, normal changes in ambient 
temperature will result in only very small changes 
in the calibration of the instrument. Also, the smaller 
the departure of the resistance-temperature rela- 
tionship from linearity the more useful is the alloy. 
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Fig. 1 shows a typical resistance-temperature curve 
for the best commercially available manganin. 

Another important property is that the thermo- 
electric power of manganin against copper is very 
low (approximately 1.5 wv per °C maximum be- 
tween 0° and 50°C). This is significant in that it 
reduces parasitic emfs, generated by small tempera- 
ture differences within an instrument, to a negligible 
quantity. 

No other commercially available resistance alloy 
possesses all of these properties to the degree mani- 
fested by manganin. However, its electrical charac- 
teristics are readily influenced by its thermal and 
mechanical history, its surface condition and its 
chemical composition. Its resistance to corrosion 
under ordinary atmospheric conditions is only fair. 
Normal practice requires that enamelling or other 
surface protection be used to prevent tarnishing. 
Small changes in any one of these factors result in 


Table |. Analyses of the Raw Materials Used in the Melting of the 
Cu-Mn-Ni-Fe Alloys 


Electro- 
lytic 

Manga- Electrolytic Armco Cu-Mg 
Ele- Copper nese, Nickel Iron, Master, 
ment Rod, Pct Pet Shot, Pct Pet Pet 
Pb 0.002 
Fe 0.005 0.001 0.053 to 0.061 Balance 0.3 
Al 0.001 
Ni 0.002 Balance 0.021 
Si 0.003 0.023 to 0.035 0.003 0.1 
Ag 0.001 
0.0002 
Cu Balance 0.069 Balance 
N 0.015 
€ 0.004 0.013 
S) 0.013 0.027 
Mn Balance 0.088 
Co 0.24 to 0.32 
P 0.007 
Cr 0.01 
Mg 20.5 
Ca 0.01 


relatively large effects upon the electrical properties 
of the alloy. Thomas’ cites some of these effects. 


Preparation of Alloys 


A study was undertaken to determine the exist- 
ence of consistent empirical relationships between 
the compositions of specially prepared manganin- 
type alloys and some of their electrical properties. 

All of the alloys studied were made from OFHC 
copper rod, electrolytic manganese cathode chip, 
electrolytic nickel shot and low copper Armco iron. 
A Cu-Mg master alloy was used for deoxidation. 
Alloy compositions are given in Table I. 

These materials were carefully weighed out into 
three pound heats and melted in a high frequency 
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Table Il. Experimental Data for Cu-Mn-Ni-Fe Alloys 


Ax10-, —Bx10-, AE/At, p25, Mi- 
Mn Ni Fe ty, °C Pct per °C Pct per °C2 pv per °C crohm-Cm 
45.14 
13.03 4.50 0.345 27.8 2.91 5.23 1.67 -s 
14.01 4.66 0.311 27.3 2.98 5.45 —1.47 tieg 
14.40 4.52 0.337 28.1 2.64 4.70 —1.36 atl 
15.27 4.50 0.288 28.9 3.01 —1.17 
15.93 4.49 0.312 27.9 3.14 5.65 —1.00 ar 
15.25) 0. 0.341 BY 4.84 6.50 + 0.56 
15.24 0.534 0.258 36.9 4.30 5.84 + 0.42 ne 
14.88 1.03 0.299 33.4 4.63 6.94 + 0.07 
15.10 1.59 0.236 34.6 3.65 5.28 -0.09 ae 
14.89 2.09 0.325 32.4 3.86 5.96 —0.31 eriae 
14.89 2.12 0.285 3.73 5.92 —0.32 
14.78 PAY. 0.286 31.7 3.43 5.41 —0.58 . 
14.66 3.16 0.239 29.5 3.55 6.02 —0.76 — 
14.49 4.10 0.288 27.4 3.09 5.65 —1.33 a7 36 
14.53 4.18 0.346 30.7 2.87 4.67 —1.05 : 
14.92 0.315 29.0 2.67 4.61 —1.44 
14.41 4.50 0.002 37.9 3.91 5.16 —0.96 = 
14.59 4.31 0.049 38.4 3.56 4.63 —0.95 pepe 
14.43 4.55 0.149 Soa 3.04 4.26 —1.14 8. - 
14.42 4.44 0.175 33.2 2.92 4.40 —1.25 Ee 
14.75 4.35 0.222 5.01 —-1.20 48. = 
14.73 4.44 0.267 29.4 3.24 5.51 —1.23 49.1 
14.72 4.28 0.336 27.2 3.13 5.61 —1.31 49.38 
14.70 4.31 0.347 28.1 3.22 5.73 —1.20 peed 
14.72 4.31 0.511 28.9 2.90 5.01 —1.28 49.8 
14.33 4.45 0.797 29.5 2.53 4.33 —1.29 49.23 
14.42 4.48 0.904 31.4 2.72 4.35 —1.27 49.24 
14.27 4.52 30.4 2.93 4.81 =1.31 49.21 
14.50 4.50 DAP AS 41.7 4.04 4.84 —1.29 49.42 
11.46 4.66 0.034 62.0 3.94 
11.45 4.44 0.046 54.9 3.73 3.40 — 39.03 
13.40 6.33 0.026 37.3 3.33 4.47 —1.93 46.57 
13°15 6.38 0.021 38.3 3.04 3.97 —1.96 46.07 
11.19 4.62 0.093 50.2 3.24 3.23 —1.92 38.60 
11.49 4.62 0.119 45.4 3.21 3.59 —1.83 39.59 
12.22 4.53 0.116 41.1 3.04 3.74 —1.60 41.64 
13.87 4.04 0.238 31.9 2.77 4.34 —1.33 46.55 
14.10 4.21 (Opa ly 29.8 3.01 5.02 —1.30 47.38 


induction furnace. Magnesia crucibles, backed with 
flake graphite, were used. The melts were covered 
with a mixture consisting of 50 pct lime, 25 pct 
silica and 25 pct fluorspar. 

The alloys were cast in a preheated, split graphite 
pig-mold. The ingots were 22 in. long, % in. wide 
and 1 in. deep. A % in. x % in. section, of appro- 
priate length, was slit from the bottom portion of 
each ingot. This was pickled in a 1-1 solution HNO,- 
H.O, and cold rolled down to approximately 0.1 in. x 
0.1 in. The square wires were annealed at 790°C for 
1 hr, in a dissociated ammonia atmosphere. They 
were then cooled slowly to room temperature, un- 
der the protective furnace atmosphere. Next, the 
wires were cold drawn to 0.0808 in. diam. The fin- 
ished wires were annealed at 570°C for 1 hr. in a dis- 
sociated ammonia atmosphere and then cooled in the 
same manner as after the first anneal. This pro- 
cedure was followed in producing all of the wire 
specimens studied. 


Experimental Procedure 


The finished wire size of 0.0808 in. diam was 
chosen for the sake of convenience in making self- 
supporting test specimens, thus eliminating any 
extraneous effects which might have been intro- 
duced by winding smaller diameter wire on spools 
or forms. The following tests were performed on 
the finished wires. 


Chemical Analysis—Manganese was determined 
by premium gravimetric methods. Nickel and iron 
were determined by means of are type spectro- 
graphic analysis. The principle impurities are sili- 
con and magnesium. The maximum amounts of 
these elements are 0.004 and 0.008 wt pct, respec- 
tively. Other impurities are less than 0.001 pct each. 
Table II presents the mean values computed from at 
least four determinations of each constituent. 


Electrical Characteristics—Thermal EMF Against 
Copper: The thermal emf of each alloy against 
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copper was determined for a single sample from 
each melt. Copper was chosen as the base because 
it represents the standard state for the alloy and 
because it is commonly used as leads to resistors. 
The wire specimen was straightened and then 
cleaned with ethyl alcohol. It was reannealed in the 
same way as the finished wires to assure that any 
residual stress would be at a minimum level. Pre- 
liminary work had shown that the presence of small 
amounts of stress had the effect of decreasing the 
thermal emf against copper. 

The manganin specimen was soldered to a copper 
wire which was selected for its close conformity 
with the National Bureau of Standards values*® for 
the emf of copper against platinum. A standard set 
of copper leads was then soldered to the cold junc- 
tions of the couple thus formed. These joints were 
maintained in finely shaved melting ice during the 
test. The emf of the couple was checked at four 
temperatures between 15° and 50°C. This tempera- 
ture range was selected because it includes the tem- 
peratures which resistors may normally be expected 
to encounter. A known source of emf was bucked 
against the output of the couple until a null balance 
was reached. The data were then expressed in terms 
of wv per °C as shown in Table II. These data have 
a limit of error of less than +0.2 pct. 

Resistivity: Three specimens of each alloy sample 
were carefully straightened, cleaned with ethyl al- 
cohol and annealed as noted above. 

A simple fixture was prepared for the resistance 
measurements on the wire specimens so that the 
conditions of test would be reproducible. The dis- 
tance between the potential points is 6.452 cm at 
25.0°C. The length was so chosen that a resistance 
reading of slightly less than 0.01 ohm would be ob- 
tained. This value was selected so that an available 
adjustable 0.01 ohm standard resistor could be used 
with nearly its entire length in the Kelvin bridge 
circuit in order to secure the maximum accuracy of 
setting. A suitable ratio box was used to complete 
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Fig. 5—Chart shows agreement between calculated and ob- 
served values for the constant B for Cu-Mn-Ni-Fe alloys. 


the apparatus. The limit of error of resistance read- 
ings made by this method was less than +£0.04 pct. 

The specimens were placed in the fixture and the 
assembly was immersed in a constant temperature 
oil bath at 25.0°+0.03°C, and the resistance meas- 
ured. Ten measurements of the diameter of each 
specimen, between the potential points, were made 
with a micrometer with a least count of 0.0001 in. 
The resistivity at 25°C was then calculated. The 
overall error introduced by the above sources is less 
than +0.5 pct. 

Resistance-Temperature Relationship: Three open 
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Fig. 6—Chart shows agreement between calculated and ob- 
served peak temperatures for Cu-Mn-Ni-Fe alloys. 


spiral bifilar wound coils, whose nominal resistance 
was 0.1 ohm, were made from each alloy. These 
were completely fabricated and adjusted prior to 
heat treatment. The coils were then annealed in a 
dissociated ammonia atmosphere as described. 

It is well known that the curve shape of this class 
of alloys is readily influenced by their surface con- 
dition.’ In order to avoid any undesirable effects 
and to secure reproducible surfaces, the surfaces of 
the specimens were etched under rigorously con- 
trolled conditions and then stress relieved at 180°C 
for 24 hr in a vacuum. 
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The coils were then measured in constant tem- 
perature oil baths at four different temperatures 
between 15° and 40°C. Each of these temperatures 
was maintained within +0.03°C in specially con- 
structed baths. A Kelvin percent bridge, accurate to 
=0.0003 pet, was used for this group of measure- 
ments. Equations were fitted to the resistance-tem- 
perature data.” None of the experimentally deter- 
mined values depart from the computed curves by 
more than +0.001 pct. The equations are of the 
form 


[1] 


where P;: is the resistance at t°C, expressed in per- 
centage of a given standard resistance, Pt is this 
percentage at 0°C and A and B are constants for a 
given composition when it has been treated as noted 
in the foregoing. 


Interpretation of Data 

Binary Alloy Studies—Preliminary experiments 
were conducted on alloys of the Cu-Mn, Cu-Ni, and 
Cu-Fe binary systems. The experimental data are 
given in Table III. This was done to verify Linde’s 
work.” It was found that the average change in 
electrical resistivity closely followed his empirical 
formula as modified by Robinson and Dorn:” 


Ap = [K. + K, (Z; — Z,) *]C [2] 


where Ap is the increase in resistivity, Zs; the valence 
of the solute, Z. the valence of the solvent, C the 
atomic percent of solute and K, and K. are constants 
for the periodic group to which the solute element 
belongs. 

Good agreement with Linde’s work was obtained 
for the values (average change in resistivity per 
atomic percent of solute element) for manganese 
and nickel. The average effect of manganese addi- 
tions was determined to be 2.91 microhm-cm per 
atomic pet and that of nickel to be 1.19 microhm-cm 
per atomic pct. These quantities were used to cal- 
culate the values of the constants in Eq. 2. It was 
found that this equation best described the experi- 
mental data when an ionic charge of —2 electrons 
was assigned to manganese and —1%% electrons as- 
signed to nickel. The constant K, was thus found 
to be 2.29 and K, to be 0.62. 

In metals, the valence electrons are not bound to 
specific atoms; they move freely throughout the lat- 
tice. Their orbits are sufficiently far from the ion- 
core of any one atom so that the fields of other cores 
may instantaneously contain them. Thus the valence 
electrons may not be identified with any given met- 
allic atoms. This resonant bonding is considered to 
be the typical metallic type of bond. Many proper- 
ties of metals are explained by this model. Frac- 
tional valences (or ionic charges) of metals are con- 
sistent with this picture, since an average number of 
electrons, in association with a given atom, may be 
approximated. 

The average effect of iron additions was found to 
be 5.79 microhm-cm per atomic pct. This value is 
considerably lower than that reported by Linde. 
The difference may be explained by the differences 
in the techniques used to prepare the test specimens. 
The limited solid solubility of iron in copper was 
noted by Linde. He quenched the specimens rapidly 
in order to retain the iron in solution. However, this 
resulted in a highly stressed, metastable structure. 
No evaluation was made of the effect of these 
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stresses upon the change in resistivity. The effect of 
iron upon the resistivity of copper, as reported by 
Linde, is too large by an amount equal to the contri- 
bution made by the lattice distortion induced by the 
excess iron and by the quenching stresses. The same 
comments hold for his effects of cobalt as reported. 

If an ionic charge of —2% electrons is assigned to 
iron and substituted into Eq. 2, the effect of iron is 
calculated to be 5.77 microhm-cm per atomic pct. 
This is in good agreement with the experimental 
average value of 5.79. Hibbard” noted the devia- 
tions in the effects of the transition elements and 
Robinson and Dorn” have shown the ionic charge 
on aluminum to be approximately —2% electrons. 

The tests on the binary systems also included tem- 
perature coefficient measurements. These data were 
found to obey Matthiessen’s rule within narrow 
limits. The constant predicted by this rule, based 
upon measurements made on the copper used in 
these alloys, is 6.49x10°. However, as was expected, 
it was found that the experimentally obtained val- 
ues for the binary alloys were slightly different from 
this and from each other. These variations are 
caused by small differences in the impurity con- 
tents of the individual alloy systems. The constant 
which best fits the data for the Cu-Mn alloys is 
6.25x10~, for the Cu-Ni series 7.14x10™, and for the 
Cu-Fe family 6.62x10°. The value for the Cu-Mn 
alloys is close to that obtained from the data of 
Smith and Palmer.* 

The approximate value of 6.67x10~ from the work 
of Hansen, Johnson, and Parks” is in good agree- 
ment with the above data. The experimental data 
for the binary systems are shown in Table III. 


Cu-Mn-Ni-Fe Alloys—The experimental data for 
these alloys are given in Table II. The modified 
Linde relationship for resistivity changes is known 
to be valid for dilute solid solutions. A check was 
made to determine the applicability of this equation 
to the relatively concentrated solid solutions repre- 
sented by this more complex alloy system. It was 
found that the resistivity of the Cu-Mn-Ni-Fe alloys 
could be computed from the sum of the effects that 
the individual elements manifested as binary alloys. 


Table III. Experimental Data for Binary Alloys of Copper 
Temperature 
Coefficient of 
Resistance, 
Average 25°C Refer- 
Atomic Ap/c, ence Tem- 
Pet Microhm- perature, 
Alloy- Cm per Ohms per 
ing 25, Mi- Ap, Mi- Atomic Ohm per 
Element ecrohm-Cm crohm-Cm Pet °C, 15° to 40°C 
99.86 Cu 1.760 — — 0.00369 
0.553 Mn 3.376 1.616 2.92 0.00181 
5.276 Mn 17.242 15.482 2.93 0.00036 
7.744 Mn 24.467 22.707 2.93 0.00027 
11.292 Mn 34.212 32.452 2.87 0.00018 
15.788 Mn 47.538 45.778 2.90 0.00010 
1.029 Ni 2.989 1.229 1.19 0.00239 
2.012 Ni 4.159 2.399 1.19 0.00213 
3.101 Ni 5.459 3.700 1.19 0.00126 
4.327 Ni 6.848 5.088 1.17 0.00100 
5.286 Ni 8.043 6.283 1.18 0.00089 
0.115 Fe 2.493 0.734 6.38 0.00242 
0.291 Fe 3:23 1.513 5.20 0.00220 


These calculated resistivities are in good agreement 
with the experimentally determined resistivities. 
The accuracy of this relationship is shown in Fig. 2. 
It was found that the constant A in Eq. 1 could 
be well described by the sum of the temperature co- 
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Fig. 8—Chart shows agreement between calculated and ob- 
served thermoelectric power for Cu-Mn-Ni-Fe alloys. 


efficients that the individual components would have 
demonstrated as binary alloys of copper. The effects 
of nickel and iron for concentrations less than 0.2 
atomic pct in the Cu-Mn-Ni-Fe matrix are more ac- 
curately given by 5.0x10°. The larger values for 
nickel and iron (7.14x10° and 6.62x10°) obtained 
from the binary systems give a good representation 
for the more concentrated solutions. The agreement, 
shown in Fig. 3, obtained between the experimental 
and calculated values of this constant shows the de- 
gree of accuracy of this relationship. 

The constant B for Eq. 1 is a function of the elec- 
tronic effects of the solute atoms present in the cop- 
per. The individual effects of the alloying elements 
may be expressed by the empirically derived rela- 
tionship 


— =) [3] 


AB may be considered as a function of the inten- 
sity of the scattering effect and the interaction, or 
overlapping, effect of the incomplete d-shells of the 
solute atoms. The scattering may be expressed ap- 
proximately by the quantity (Z, — Z,)*. The over- 
lapping for these elements in copper may be given 


tance and 7 is the radius of the incomplete inner 
shell. The ratio of R/r relates atomic separation with 
the incomplete d-shell radius. Bozorth® uses this 
ratio for overlap as a criterion of the energy of mag- 
netization for metals of the iron group. The constant 
K,, for a given solute atom in copper, is a function 
of the number of valence electrons, Z, and the num- 
ber of unfilled positions, Z’, in the incomplete d- 
shells. The values of K, for manganese, iron, and 
nickel are shown as functions of these parameters in 
Fig. 4. The mutual interaction of both of these effects 
(scattering and overlapping) would appear to ex- 
plain the behavior of the constant B. The correlation 
of the experimental and the calculated values for B 
are given in Fig. 5. The data used to calculate B are 
given in Table IV. The values for R/7r, in this table, 
were taken from calculations performed by Slater.” 


=i) K,. R is half of the internuclear dis- 


Table IV. Data for Computation of B 


K3, Ex- AB/C,+t 
Element perimental* Calculated 
Mn + 0.85 1.47 +0.40 
Fe —1.11 1.63 +2.80 
Ni —1.17 1.97 —0.28 
* Ks = Pct resistance /(°C)2 (ionic charge difference)? atomic 
pet. 
+R/r = Atomic radius/d-shell radius. 
+t AB/C = Pct resistance /(°C)2 atomic pct. 


The importance of knowing the constants A and B 
resides in the fact that they may be used to deter- 
mine the peak temperature (t,, the maximum point 


Fig. 9a—Chart plots resistivity as 
a function of iron content in cop- :. 49 — 
per containing 14.5 atomic pct Mn N xe 
and 4.4 atomic pct Ni. Note that = 48 i 
continuity ceases at about 0.35 pct 3 
Fe. 47 
46 
ATOMIC PERCENT Fe 
Fig: 9bp—Chart plots thermoelectric 
power as a function of iron content ; 
in copper containing 14.5 atomic rs 
pet Mn and 4.4 atomic pct Ni. B 
Note that discontinuity occurs at -1.0 9 
about 0.35 pct Fe. a 
=2,0 


TRANSACTIONS AIME 


ATOMIC PERCENT Fe 


FEBRUARY 1956, JOURNAL OF METALS-—209 


of Eq. 1) and the temperature coefficient. The peak 
temperature is given by 


t [4] 
= 


and the temperature coefficient by 


A+ 2Bt [5] 


Fig. 6 shows the order of reliability of these compu- 
tations. 


The thermoelectric power of the Cu-Mn-Ni-Fe al- 
loys is given by the empirically derived relationship 


AE i Ki,Api 
= 6 


Thermoelectric power may be considered as a 
function of the conduction electrons of the solute 
atoms, the scattering cross sections, and the elec- 
tronic energy level variations. The quantity Z,; rep- 
resents the effective electron density resulting from 
the solute atoms. An approximation of the scatter- 
ing cross section resulting from the effects of the 
solute atoms is contained in Ap,;. Also included in 
Ap, are the scattering effects of phonons and imper- 
fections. It is thought that the constant K:; provides 
a measure of the s-d electron interactions. Eq. 6 thus 
accounts for the principle variables and provides a 
good first order approximation of the thermoelectric 
power. 

The constant K, is apparently related to the elec- 
tronic configurations of the constituent elements. 
Here it appears that the number of 3d electrons, Z”, 
plays an important role. This is shown graphically 
in Fig. 7. The observed thermoelectric power is 
shown correlated with the calculated values in Fig. 8. 

The limit of solid solubility of iron in copper con- 
taining approximately 14.5 atomic pct Mn and 4.4 
atomic pct Ni is very close to 0.35 atomic pct. This is 
shown graphically by means of resistivity and ther- 
moelectric measurements in Figs. 9a and 9b. 

The electrical properties of Cu-Mn-Ni-Fe alloys 
are sensitive to small variations in chemical compo- 
sition. Small errors in chemical analysis thus result 
in significant deviations between calculated and ob- 
served electrical properties. It is believed that better 
correlations of the calculated with the observed data 
would have been obtained if more precise analyses 
had been available. 


Summary 

1—Fractional ionic charges of —1%% electrons for 
nickel and —2% electrons for iron accurately de- 
scribe the electrical properties of solid solutions of 
these elements in copper. An ionic charge of —2 
electrons accounts for electrical effects of manga- 
nese in copper. 

2—Empirical relationships, based upon the elec- 
tronic configurations of the alloying elements, are 
given which describe the resistivity, temperature 
coefficient, peak temperature, and thermoelectric 
power of Cu-Mn-Ni-Fe alloys at approximately 
room temperature. 

3—These relationships may be used to predict the 
electrical properties of a given Cu-Mn-Ni-Fe alloy, 
or to design alloys which will possess desired sets of 
electrical characteristics. 


Acknowledgments 

The authors wish to acknowledge the work of G. 
V. Porter in melting and fabricating the alloy wires. 
They are also indebted to P. H. Dike and G. A. 
Perley for their valuable criticisms of the manu- 
script. Grateful acknowledgment is made to the 
Leeds and Northrup Co. for permission to publish 
this paper. 

Discussion of this paper, if any, will appear in 
JOURNAL OF METALS, November 1956, and in AIME 
Metals Branch Transactions, Vol. 206, 1956. 


References 


1K. Weston: U.S. Patent Nos. 381,304 and 381,305, superseded by 
reissue Patent Nos. 10,944 and 10,945. 

2K. Feussner and St. Lindeck: Metal Alloys for Electrical Re- 
sistances. Ztsch. fiir Instrumentenkunde (1889) 9, p. 233. 

3K. Feussner: The Construction of the Electrical Standard Resist- 
ances of the P.T.R. Ztsch. fiir Instrumentenkunde (1890) 10, p. 6. 

4F. E. Bash: The Manufacture and Electrical Properties of Man- 
ganin. Trans. AIME (1919) 153, p. 1717. 

5N. B. Pilling: Some Electrical fee ee of Cu-Ni-Mn Alloys. 
Trans: Electrochemical Soc. (1925) 48, p. 

6R. S. Dean and C. T. Anderson: he Alloys of Manganese- 
— and Copper. Trans. ASM (1941) 29, 899 

7J. L. Thomas: Precision Resistors and Their Measurement. Cir- 
cular 470 National Bureau of Standards (1948) p. 

8 W. F. Roeser and A. I. Dahl: Reference Panies for Iron-Con- 
stantan and Copper-Constantan Thermocouples. Research Paper No. 
RP 1080. Journal of Research National Bureau of Standards (1938) 
20, p. 337. 

9 J. Lipka: Graphical and Mechanical Computation. (1918) p. 145. 
New York. J. Wiley and Sons. 

10 J. O. Linde: Elektrische Eigenshaften Verdunnter Mischkristal- 
Ill. Annalen der Physik (1923) 14, p. 219. 

1A. T. Robinson and J. E. Dorn: Effects of Alloying Elements on 
the Electrical Resistivity of Aluminum Alloys. Trans. AIME (1951) 
191, p. 457; JournaL or Metats (June 1951). 

2W. R. Hibbard, Jr.: Electrical Resistivity of Dilute Binary 
Terminal Solid Solutions. Trans. AIME (1954) 200, p. 594; JourNaL 
or Merats (May 1954). 

13C, S. Smith and E. W. Palmer: Thermal and Electrical Con- 
ductivities of Copper Alloys. Trans. AIME (1935) 117, p. 225. 

144M. Hansen, W. R. Johnson, and J. M. Parks: Correlation be- 
tween Electrical Conductivity and Temperature Coefficient of Re- 
sistance of Solid-Solution Alloys. Trans. AIME (1951) 191, p. 1184; 
JOURNAL oF MetTats (December 1951). 

J. C. Slater: Atomic Shielding Constants. 
(1930) 386, p. 57. 

16R. M. Bozorth: Ferromagnetism. 
Van Nostrand Co. 


Physical Review 


(1951) p. 444. New York. D. 


Technical Note 


Occurrence of Chi Phase in a 16 Pct Cr-15 Pct Ni-7 Pct Mn-6 Pct Mo Alloy 
by John Birtalan and R. A. Bloom 


ONSIDERABLE interest has been shown in re- 
cent years toward determining the crystal struc- 
ture, mode of formation, and chemical composition 
of the x phase, designated as such by Andrews," 
who was the first to establish its presence in Fe-Cr- 
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Ni-Mo alloys. Later work’ by the same author has 
shown that the occurrence of y depends on the pres- 
ence of some molybdenum in the alloy. The phase, 
which appears to be identical or very similar to a 
manganese, has a body-centered-cubic structure and 
is closely related to o phase. Koh* observed a simi- 
larity in composition between x and o and specu- 
lated as to whether y might be an ordered structure 
of o which is known to have a tetragonal crystal 
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structure. More recent work by Kasper,‘ using an 
alloy of pure x phase, has shown the structure to 
be an ordered a manganese type, and from valency 
and atom size considerations suggests the formation 
of x to be governed primarily by atom size factors. 
Some information concerning the formation of x in 
similar alloy systems is available.“ 

In a recent paper* published by this laboratory, 
a routine X-ray diffraction examination was made 
of a specimen to determine a phase present which 
could not be ascertained from a metallographic 
study. A micrograph of the sample appears as Fig. 
14 of ref. 8. The steel in this case was a modified 
16 pet Cr-25 pct Ni-6 pct Mo alloy in which 6 pet 
Mn was used to replace 10 pct Ni. The treatment 
consisted of solution quench from 2150°F, cold upset 
90 pet, and aged for 1000 hr at 1500°F. An X-ray 
diffraction pattern, using the direct measurement 
technique, was made by means of a General Electric 
XRD3 unit using chromium radiation with a vana- 
dium foil filter. The treated specimen was given a 
standard metallographic polish followed by an elec- 
trolytic FeCl, etch. The diffraction peaks obtained 
identified the two phase structure to consist of aus- 
tenite and yx phase. The measured interplanar and 
intensity values, covering a range of 20 values from 
55° to 160°, agreed very well with those published 
by Andrews. 

In order to obtain further lattice parameter 
measurements of the phase, the sample was sub- 
jected to an electrolytic separation treatment. The 
separation technique used was a modification of the 
Klinger and Koch’ method; the solution consisted of 
a flowing buffered anolyte containing 5 pct sodium 
citrate and 1 pct NaCNS with a Cu.SO, catholyte at 
a current density of 2.5 to 3 amp per sq in. at 4 to 6 
v, with the current being periodically reversed. 

The Debye-Scherrer powder pattern made from 
the extracted residue gave diffraction lines identical 
to those obtained by direct measurement on the 
solid sample. The completeness of the extraction 
technique was indicated by the absence of diffrac- 


tion lines for phases other than x. 

The lattice parameter values obtained by direct 
measurement and film techniques were 8.905 and 
8.907A, respectively. The value reported by Andrews’ 
for an alloy containing 5 pct Mo was 8.904A (re- 
ported as 8.886kX). Koh* found that for his various 
alloy systems the value varied from 8.89 to 8.92A, 
while Kasper* reported 8.920A for his alloy which 
contained 27 pct Mo. 

The extracted residue was submitted to an out- 
side laboratory for spectrochemical analysis which 
was reported as follows: 62.0 pct Fe, 0.18 pct Si, 
2.8 pct Mn, 2.5 pct Mo, 12.0 pet Ni, and 20.0 pct Cr. 

The values presented here are somewhat different 
from those reported by Koh,* Andrews,” and Vacher’ 
on the chemical composition of their extracted resi- 
dues of x. Andrews, in his discussion,” points out 
the fact that other elements, namely silicon and 
nickel, can replace molybdenum in the lattice struc- 
ture. What effects the replacement of various alloy- 
ing elements such as silicon, nickel, and manganese, 
etc., for molybdenum in the lattice has on the phase 
boundaries of x in the basic Fe-Cr-Ni ternary dia- 
gram cannot be forecast from the information now 
available. 
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Titanium-Rich Corner of the Ti-Al-V System 


The titanium-rich corner of the system Ti-Al-V has been studied to determine 
the phase relationships in the temperature interval 600° to 1200°C. Metallographic 
examination of long time isothermally annealed specimens was the principal method 


of investigation. 


by J. J. Rausch, F. A. Crossley, and H. D. Kessler 


7 Reo alloys in the region 1 to 22 pct Al 
and 2 to 11 pct V, and the temperature range 
600° to 1200°C, were studied as part of a program 
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on phase relationships and transformation processes 
of titanium alloy systems. 
Experimental Procedure 

Preparation of Alloys—Materials used in the 
preparation of alloys were high purity Bureau of 
Mines sponge titanium (103 Bhn), 99.7 pct pure V 
chips obtained from the Electro Metallurgical Div., 
Union Carbide and Carbon Corp., and 99.71 pct pure 
Al in the form of granulated shot from Aluminum 
Co. of America. 

The alloy ingots, weighing 15 g, were melted in a 
nonconsumable tungsten electrode arc furnace un- 
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Fig. 1—Chart shows partial isothermal section of Ti-Al-V Fig. 2—Chart shows partial isothermal section of Ti-Al-V 
system at 1200°C. Closed circle represents one phase; system at 1100°C. Open and closed circle each represents 
divided circle, two phase. one phase; divided circle, two phase. 


Fig. 3—Chart plots partial isothermal section of Ti-Al-V Fig. 4—Chart plots partial isothermal section of Ti-Al-V 
system at 1000°C. Closed and open circle each represents system at 900°C. Closed and open circle each represents 
one phase; divided circle, two phase. one phase; divided circle, two phase. 


Fig. 5—Chart plots partial isothermal section of Ti-Al-V Fig. 6—Chart plots partial isothermal section of Ti-Al-V 
system at 800°C. Closed and open circle each represents system at 700°C. Open circle represents one phase; divided _ 
one phase; divided circle, two phase. circle, two phase. 
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Table I. Annealing Schedule for Alloys Investigated 


Temperature, °C Time 
1200 24h 
1100 24 Be 
1000 48 hr 
900 72 hr 
800 1 week 
700 2 weeks 
600 1 month 


Fig. 7—Chart plots partial isothermal section of Ti-Al-V 
system at 600°C. Open circle represents one phase; divided 
circle, two phase. 
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-Fig. 8—Chart plots vertical section of Ti-Al-V system at 4 
pet Al. Closed circle represents 8; divided circle, a plus 
B; and open circle, a. 
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Fig. 9—Chart plots vertical section of Ti-Al-V system at 7 
pet Al. Closed circle represents 8; divided circle, a plus 
B; and open circle, a. 


der a slightly positive pressure of helium. Detailed 
descriptions of melting techniques have been pre- 
viously reported. The alloy charges and resultant 
ingots were weighed to the nearest 1/10 mg and 
negligible weight losses were found. 

Annealing Treatments—Samples annealed at tem- 
peratures from 600° to 1100°C were sealed in evacu- 
ated Vyeor bulbs. Samples annealed at 1200°C were 
sealed in quartz bulbs under a partial pressure of 
argon. Cold deformation prior to annealing was not 
possible for the majority of the alloys in this inves- 
tigation. This was not of great consequence since it 
is felt that annealing times were of sufficient dura- 
tion for equilibrium to be reached. The annealing 
schedule appears in Table I. 

Equilibrating anneals of specimens at tempera- 
tures below 1000°C were preceded by a 1 hr homo- 
genization treatment at this temperature, followed 
by a furnace cool to the desired equilibrium temper- 
ature. This heat treatment was employed to elimi- 
nate coring found in the as-cast microstructures of 
alloys containing more than 7 pct Al and those con- 
taining more than 8 pct V. 


Results and Discussion 

The Ti-Al phase diagram reported by Bumps 
et al. and the Ti-V phase diagram reported by 
Adenstedt et al.* were used to extend the phase 
boundaries determined by the ternary data to the 
binary axes of the partial isothermal sections. Al- 
though the binary systems were based on investiga- 
tions in which iodide titanium was used, it is felt 
that the sponge used in the current investigation was 
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Fig. 10—Chart plots vertical 
sections of Ti-Al-V system at 
constant vanadium contents. 
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Fig. 11—Chart plots hardness of Ti-Al-V alloys at constant 
vanadium contents, water quenched from 1000°C. Circle 
represents 2 pct V; triangle, 5 pct V; and cross, 8 pct V. 


of sufficient purity to make the error inherent in 
such extension small. 

Seven isothermal sections were made at 100°C 
intervals from 1200° to 600°C. These are presented 
in Figs. 1 to 7. The isothermal sections show that in- 
creasing the aluminum content expands the a field 
at a given temperature. Fig. 7 shows that increasing 
the aluminum content of Ti-Al-V alloys from 4 to 
7 pet increases the solubility of vanadium in a 
from approximately 3.5 to 4.5 pet at 600°C. 

Vertical sections at both constant aluminum and 
constant vanadium contents are shown in Figs. 8 to 
10. The addition of vanadium to Ti-Al alloys has 
little effect on the B/a + 6 boundary, as may be 
seen in Fig. 10. Raising the vanadium content from 
2 to 8 pct lowers the B/a+ 6 boundary approxi- 
mately 60°C at the 2 pct Al level, and approximately 
40°C at the 8 pct Al level. 
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The hardness of alloys water quenched from 
1000°C is plotted vs aluminum content in Fig. 11. 
The curves show that minima occur at about 16 pct 
Al, independent of the vanadium content. The same 
phenomenon has also been observed in Ti-Al-O, N, 
C systems.‘ Although most of the alloys shown in the 
figure were in the a + £ field when quenched, the 
fact that the most pronounced dip in the curve oc- 
curred for 2 pct V alloys was proof that the minima 
were due to softening of the a phase. The last four 
points in the curve for 2 pct V alloys were entirely 
in the a field when quenched. It was possible that 
this softening was associated with the restoration of 
ductility at aluminum contents in the vicinity of 16 
pet. To investigate this possibility, three 100 g but- 
tons of this composition were made using high 
purity sponge (103 Bhn) and aluminum shot. An 
800°C anneal for 92 hr followed by water quench- 
ing showed the hardness of this alloy to be 260 Dph. 
This compared favorably to the minima obtained for 
the ternary alloys. The alloy showed no room tem- 
perature ductility in this condition. Attempts to cold 
press and cold roll resulted in brittle failure. Hot 
rolling at temperatures up to 1050°C also resulted in 
cracking after one or two passes. Since practical 
ductility does not appear to be a virtue of this alloy 
no further work was done. 
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Technical Note 


Density Distribution in Metal Powder Compacts 


by G. C. Kuczynski and |. Zaplatynskyj : 


So, the excellent studies of metal powder com- 
paction executed by Kamm, Steinberg, and 
Wulff,” * no work on the subject has appeared in the 
technical literature. Kamm et al. were the first to 
investigate quantitatively the distribution of density 
in a powder compact, as a function of pressure, 
height and diameter of the die, powder particle size, 
etc. For this purpose they devised a very ingenious 
method. They inserted a thin lead grid into a die 
and then filled the die with powder. During cold 
pressing, the lead grid moved downward. Due to its 
deformability it followed closely the downward de- 
scent of the adjacent powder. The die was then radio- 
graphed and, from the deformations of the grid 
openings measured on the radiographs, the density 
in the vicinity of each opening was evaluated. Their 
findings led them to the conclusion that the friction 
on the side walls of the die is a major controlling 
factor of the density distribution inside the cold 
pressed powder compacts. 

However, it is difficult to conduct tests similar to 
those of Kamm, Steinberg, and Wulff in a process- 
ing plant laboratory, which usually lacks the neces- 
sary expensive radiographic equipment. The pur- 
pose of this note is to describe a method which 
makes it possible to determine the density distribu- 
tion in green powder compacts with the same accu- 
racy as the lead-grid method but which is far sim- 
pler and faster and requires only standard labora- 
tory equipment. Instead of using a lead grid, the 
hardness at selected points of the sectioned compact 
is determined. If the relationship between hardness 
and density is known the density distribution is 
readily obtained. This relationship is easily found 
from measuring hardness and densities of thin com- 
pacts. In such compacts the density, for all prac- 
tical purposes, is constant throughout. 

The method was tested on a Plast nickel powder, 
grade F1A-A20, kindly supplied by Plast Metals Co. 
Thin compacts (height to diameter ratio 0.2) were 
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4 


25 
Radial distance in mm. 
Fig. 1—Distribution of densities in a green nickel compact 
pressed at 46 psi is charted. Die diameter D is 0.79 in.; 
h/D, 0.87. 
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pressed in a single action cylindrical die at various 
pressures. The density of the compacts was deter- 
mined by weighing and by measuring the height 
and diameter with a micrometer. Subsequently the 
RH hardness was determined. Up to ten readings 
were taken on each specimen. ‘The difference in 
hardness readings on each compact was never greater 
than three corresponding to about 0.1 g per cu cm 
uncertainty in density. By varying the compaction 
pressure of the samples, a whole scale of densities 
was obtained allowing construction of a set of den- 
sity-hardness calibration curves. To test the method 
several compacts of different height were pressed 
under varying pressures. Die walls were always 
well lubricated. After pressing, the compacts were 
mounted in bakelite and halved by grinding, and 
hardness readings taken along the diameters of the 
specimens. The distance between adjacent indenta- 
tions was about 2.5 mm. 

After hardness readings were translated into 
densities, contour maps of densities of the compacts 
were prepared. One of them is reproduced in Fig. 1. 
The areas encompassed by the curves are labeled 
with numbers representing the density in g per cucm 
of those regions. In Fig. 2 the same results are re- 
plotted to emphasize the radial density changes at 
various depths. The results thus obtained confirm 
the findings of Kamm, Steinberg, and Wulff” * men- 
tioned previously. They are recapitulated here 
briefly. 

1—The densest part of a compact pressed from 
one side is at the outer circumference at the top and 
the least dense part at the bottom, at the outer cir- 
cumference. Figs. 1 and 2 show this clearly. 

2—The density near the cylindrical surfaces of 
the compact decreases uniformly with height from 
top to bottom. 

3—The density variation increases with the height 
to diameter ratio. 
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Technical Note 


Production of High Nitrogen Steels 


by V. F. Zackay, E. R. Morgan, and J. C. Shyne 


ITROGEN used as an alloying element in steel 

has received increased attention in recent 
years. Its merit as an austenite stabilizer and hot 
strengthener has long been recognized, particularly 
by European investigators.* 

Recent work* indicates that nitrogen contents of 
1% pct or more allow the addition of several percent 
of ferrite-forming hot strengtheners, such as molyb- 
denum, without subsequent austenite decomposition 
at elevated temperatures. The room temperature 
properties of such alloys are characterized by high 
yield and tensile strengths with excellent ductility, 
even after cold working, as shown in Tables I and II. 
The 1350°F creep-rupture properties of Cr-Mn-Mo- 
N steels are comparable to those of commercial 
alloys such as Timken’s 16-25-6, containing 16 pct 
Cr, 25 pct Ni, and 6 pct Mo, as shown in Table III. 

Cr-Mn steel containing % pct N must be made 
under pressure if ingot gassing is to be avoided. 
However, there are difficulties attendant to this 
practice. Pressure melting restricts the ingot size, 
and the equipment required is costlier and more 
complicated than comparable air melting facilities. 
An effort was made, therefore, to determine more 
economical methods of adding nitrogen. 

The pressures generated in centrifugal casting 
usually range from 5 to 10 atm and are sufficient to 
prevent the gassing of high nitrogen Cr-Mn steels. 
A centrifugal casting was made of an alloy contain- 
Ins Crs) pet 2 Mowand pcetN. 
4 aisk, 8 in. diam and 1% in. thick, was cast at 1000 
rpm. It has been calculated that a pressure of 9 atm 
was developed at the periphery of the disk at this 
speed. Metallographic inspection of specimens taken 
from the disk revealed no gas holes or other defects. 
The elevated temperature properties of radial and 
circumferential specimens taken from this casting 
are given in Table IV. The creep-rupture life of this 
cast nickel-free austenitic steel was equivalent to 
that of the wrought Cr-Mn-Mo-N steels. 

Although centrifugal casting appears to lend itself 
to the manufacture of high nitrogen austenitic steels, 
its applicability is limited to relatively small sizes. 

A process applicable to the production of large 
ingots of high nitrogen steels is suggested by low 
carbon rimming steel practice. Gas holes formed 
during ingot solidification are not detrimental so 
long as they weld shut during hot rolling. An econ- 
omic advantage of gassing ingots is the increased 
ingot-to-slab yield, especially if the ingots are 
mechanically capped. Also, it is probable that higher 
nitrogen levels can be achieved with mechanically 
capped ingots than with hot-topped ingots. 

A series of gassy heats was made under both at- 
mospheric and higher pressures, as indicated in 
Table V. Several of the air melted ingots were 
mechanically capped by chilling the molten ingot 
tops with a steel plate. The ingots were allowed to 
freeze in steel molds without hot-tops unless other- 
wise indicated. 

A comparison of Table III with Table V shows no 
significant difference in the creep-rupture properties 
of the gassy and the nongassy ingots after hot work- 
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ing nor between the gassy ingots produced under 
different conditions. 
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Table |. Room Temperature Tensile Tests of Wrought Cr-Mn-Mo-N 
Steels Water Quenched from 2150°F 


Tensile Test Data 


Nominal Yield Tensile Elonga- 
Composition in Pct Strength, Psi Strength, Psi tion, Pct 
16 Cr-14 Mn-2 Mo-0.5 N 61,400 119,000 70 
16 Cr-14 Mn-2 Mo-0.5 N 59,100 121,250 68 
16 Cr-14 Mn-2 Mo-0.6 N 61,500 120,000 65 
17 Cr-13 Mn-2.5 Mo-0.75 N 75,000 140,000 50 


Table II. Tensile Properties of Cold Worked Austenitic Steels 


Type 

Nominal Cr, Cr, 
Composition 301 302 CM* Mn, N Mn, N 
Peticr 18 16 16 
Pct Ni 7 9 1 — = 
Pct Mn — — 15 14 13 
Pct Mo — — — 2 2.5 
Pct N — — — 0.6 0.75 
Cold Work, Pct 40 60 40 33 25 
Yield Strength, 

Psi 150,000 180,000 145,000 183,000 176,000 
Tensile Strength, 

si 200,000 195,000 185,000 207,000 205,000 

Elongation, Pct 10 3 5 13 a Bs} 


* CM represents commercial Cr-Mn steel. 


Table Ill. Creep-Rupture Properties of Wrought Cr-Mn-Mo-N Steels 
Water Quenched from 2150°F 


100 Hr Rupture Life in Psi 


Nominal Composition in Pct at 1350°F 
16 Cr-13 Mn-3 Mo-'e N 28,000 
16 Cr-14 Mn-2 Mo-!2 N 26,000 
16 Cr-25 Ni-6 Mo 27,000 


Table IV. Creep-Rupture Life of Centrifugally Cast Cr-Mn-Mo-N 
Steel Water Quenched from 2150°F 


16 Pct Cr-18 Pct Mn-2 Pct Mo- 
0.73 Pct N*, Nominal 
Composition 


100 Hr Rupture Life in 
Psi at 1350°F 


Radial Test Specimen 
Circumferential Test Specimen 


28,000 
28,000 


* Percentage given is actual nitrogen value. 


Table V. Creep-Rupture Life of Wrought Cr-Mn-Mo-N Austenitic 
Steels Water Quenched from 2150°F 


100 Hr Rup- 


Nominal Composition* ture Life at 


in Pct Casting Condition 1350°F, Psi 
15 Cr-16 Mn-4 Mo-0.50 N Gassy, pressure melt 25,000 
16 Cr-15 Mn-3 Mo-1 Ni- 
1 Si-0.46 N Gassy, pressure melt 26,000 

16 Cr-12 Mn-2 Mo-0.60 N Gassy, pressure melt 29,000 
16 Cr-16 Mn-2 Mo-0.62 N Gassy, air melt 29,000 
16 Cr-16 Mn-2 Mo-0.61 N Gassy, air melt 26,000 
16 Cr-14 Mn-2 Mo-0.55 N Gassy, mechanically 

capped 26,000 
16 Cr-14 Mn-2 Mo-0.56 N Gassy, mechanically 

capped 26,000 


* Percentages given are in actual nitrogen values. 
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TRANSACTIONS AIME 


Kinetic Study of the Oxidation of Sphalerite 


The temperature and ox i i 
, ygen concentration dependence on the reaction of sphalerite 
in sooo Pressures from 6 to 640 mm Hg have been investigated in the temperature 
range to 870°C. Sphalerite has been found to oxidize linearly over this entire tem- 


perature and pressure range. 


At higher rates, considerable self-heating was observed. 


The dependence of the oxidation rate on the oxygen concentration may be expressed by: 
Rate = k’ 6, where k’ is the specific rate constant and @ = K,[O.]/(1 + K,[O02]), where 
K; is the equilibrium rate constant for the adsorption of oxygen on sphalerite. Values of 
the activation energy and the enthalpy of adsorption were found to be 60.3 and —59.6 
kcal per mol, respectively. Data have been presented that indicate conditions under which 
either a sulphatizing or an oxidizing roast may be obtained. 


by John N. Ong, Jr., Milton E. Wadsworth, and W. Martin Fassell, Jr. 


Reg NG, processes have been employed in the 

metallurgy of a great number of basic metals in 
use today. Until recently, however, little attempt 
has been made to deduce the fundamental mechan- 
ism by which oxidation takes place. Structural 
changes upon oxidation have been investigated” ’ 
and thorough work has been performed with regard 
to the reaction products and the thermodynamics of 
the oxidation reactions.** The objective of this in- 
vestigation was to determine the rate of oxidation of 
sphalerite and to apply the absolute reaction rate 
theory in the theoretical interpretation of the exper- 
imental results.” * 


Description of Apparatus 

The apparatus contains the following features: 
1—a furnace with gas system, 2—an autographic 
weighing system, and 3—a temperature control sys- 
tem. 

Furnace With Gas System—The furnace was 
mounted by a yoke on each end and was free to 
travel up and down on steel guide rods, permitting 
the introduction and removal of samples from the 
apparatus with minimum difficulty. The furnace was 
heated by three sections of Kanthal wire wound ex- 
ternally on a zirconia tube and insulated with Fiber- 
frax. Pure gases or mixtures of gases were intro- 
duced into the lower end of the furnace through two 
flowmeters, a mixing chamber, .and a gas-tight 
sparger, Fig. 1. The gaseous products of the reaction 
and the unused gases were prevented from escaping 
to the atmosphere by maintaining a small negative 
pressure on the system. This procedure permitted 
air from the outside to enter through the small an- 
nulus around the quartz suspension fiber and pre- 
vented the escape of the internal gases. 
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Fig. !—Gas control and collection system is illustrated sche- 
matically. Pure gases or mixtures of gases were introduced 
into the lower end of the, furnace through the two flow- 
meters (left), the mixing chamber, and the gas-tight sparger. 


Autographic Weighing System—The autographic 
weighing system consisted of an adapted gold bal- 
ance, a photoelectric circuit, and a weight recorder, 
Fig. 2. The sample was suspended from one end of 
the balance beam by means of a platinum chain out- 
side the furnace and a long thin quartz fiber on the 
inside of the furnace. On the other end of the bal- 
ance beam, the necessary weights were added to 
counterbalance the sample. In addition, a calibrated 
chain was added to the balance which was linked di- 
rectly to the weight recording unit. Control was ef- 
fected by means of a photoelectric circuit." A paraliel 
beam of light from a strong source was directed onto 
a small front-surfaced aluminum mirror mounted in 
the middle of the balance beam and then to a front- 
surfaced mirror mounted on the ceiling of the room. 
The beam was then reflected onto a front-surfaced 
right prism at a distance of 9 ft from the balance 
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Fig. 2—Autographic 
weighing system is 
shown schematically 
and consists of an 
adapted gold _bal- 
ance, a photoelectric 
circuit, and a weight 
recorder. 


beam. The right prism, which splits the ight beam, 
was located in a cabinet next to the balance. The 
split beams were directed to the two photocells. A 
slight displacement of the balance beam caused the 
light to be directed primarily onto one of the two 
photocells. The impulse thus received was amplified 
and directed to a shaded-pole motor which drove 
the recorder pen in the recording unit in the proper 
direction. At the same time, the motor adjusted the 
gold chain attached to the balance beam, restoring it 
to a null position. Displacement of the balance beam 
in the other direction caused the reverse to happen. 
In this manner, weighing by swings was effected. 
The changes in weight of the sample was recorded 
continuously on a chart moving at constant speed. 
The extent of the swing of the balance corre- 
sponded to a line on the moving chart of approxi- 
mately 0.1 in. (1.3 mg). The rate of movement of 
the chart was 4 in. per min, setting the lower limit 
of rate determination at about 3 mg per hr. 
Temperature Control System—The furnace tem- 
perature was measured by three chromel-alumel 
thermocouples located in the tube wall of the fur- 
nace approximately in the middle of each winding. 
The furnace temperature was controlled by the 
thermocouple located directly against the middle 
winding of the furnace, operating through a Leeds 
Northrup Micromax Type S temperature con- 
trolling recorder, a Micromax Electronic Control 
Unit, and a motor drive unit. The power input to 
each of the three windings of the furnace was sep- 
arately adjusted by means of a powerstat. A direct 
linkage between the powerstat to the middle wind- 
ing of the furnace and the motor drive unit con- 
trolled the temperature in the reaction zone to with- 
in = 1°C of control setting. Accurate temperature 
readings were made by switching the thermocouple 
leads to type 8662 Leeds & Northrup potentiometer. 
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Fig. 3—Curves and data points show the oxidation rates of 
sphalerite in Os at atmospheric pressure. 
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Experimental Procedure 


The sphalerite samples were cut from massive 
single crystals of the naturally occurring mineral. 
For this purpose, a jig was constructed on which the 
sphalerite samples were ground. The samples were 
ground to shape as nearly as possible along the 
natural dodecahedral cleavage planes of the sphaler- 
ite using a Carborundum wheel. The shape of the 
samples was rectangular, approximately 0.52 in. 
long, 0.12 in. wide, and 0.055 in. thick. Platelike 
samples were used to minimize the change in sur- 
face area during oxidation. Samples of these dimen- 
sions weighed approximately 0.85 g. A small hole 
was drilled at one end of the sample for the purpose 
of suspension on a quartz fiber inside the furnace. 
Each sample was cleaned with a washing of dilute 
HCl, two washings of distilled water, and a final 
wash in alcohol. The sample was then dried and 
placed on the hook of the quartz fiber and the fur- 
nace was slowly lowered over it. Considerable diffi- 
culty was experienced in getting the samples into 
the reaction zone. Since a temperature gradient 
existed along the furnace tube from the bottom to 
the reaction zone, thermal stresses were set up in 
the sample, causing fracture. This resulted in a loss 
of about three samples in every four. The sample 
was suspended in pure dry nitrogen while the auto- 
graphic weighing mechanism was set in operation. 
The concentration of oxygen was then adjusted to 
the desired flow rate and a complete rate curve was 
obtained. The product gases including SO. were col- 
lected in a three-necked flask and titrated with a 
standard iodine solution to determine the rate of SO. 
evolution. 

The dimensions of the samples were carefully 
measured beforehand, and the sample area calcu- 
lated. In order to obtain quantitative data, the rate 
curves were plotted as weight loss per unit area vs 
time. Corrections were also made for the reduction 
in area during oxidation. 


Experimental Results 


The results to be described are based on the 
experimental observations of the oxidation of 82 
sphalerite samples over the temperature range 
700° to 870°C and oxygen partial pressures from 6 
to 640 mm Hg. Typical rate curves are presented in 
Fig. 3. This figure also shows the oxidation rate at 
799°C before and after surface area correction. 
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Fig. 4—Arrhenius plot shows the experimental oxidation 
rates of sphalerite in oxygen at 640 mm Hg pressure. 
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Fig. 5—Oxidation rate of sphalerite ys oxygen concentration 
is plotted in the two graphs. Legend of the top graph also 
applies to the bottom one. 


While this correction was small, it was often of sufti- 
cient magnitude to warrant its use. 

This correction was made on the assumption that 
oxidation occurred evenly at every face on the 
sample. This was borne out by visual observation of 
partially oxidized samples. The oxide formed was 
very porous and the oxidation rate was found to be 
linear over the entire range of investigation. 

The results of 82 separate rate curves are pre- 
sented in Figs. 4, 5a, and 5b. Fig. 4 is an Arrhenius 
plot of the rates obtained in pure oxygen at atmos- 
pheric pressure (640 mm Hg) vs reciprocal temper- 
ature. The deviation from linearity at the higher 
temperatures can be attributed to self-heating of the 
sample at the reaction interface. 

To determine the effect of oxygen at low partial 
pressures, seven rate isotherms shown in Figs. 5a 
and 5b were run. The partial pressure of oxygen was 
varied by dilution with nitrogen. The five lowest 
temperature isotherms exhibited the typical be- 
havior of an exothermic surface reaction involving 
an adsorption process. At higher temperatures and 
proportionately increased oxidation rates, apparent 
deviation from the Langmuir-type adsorption iso- 
therm became evident. The rate of evolution of SO, 
was obtained for a number of runs and an Arrhenius 
plot of these rates gave an activation energy of 58.6 
keal per mol. Difficulty was encountered with the 
SO, balance. Values obtained for rates by the SO; 
determinations as compared with weight change 
data were consistently low. The SO, data, however, 
are considered unreliable in view of the complex 
SO.—SO,—O. equilibrium, the catalytic effect of 
ZnO, and the possible leaks within the system. 


Discussion 
The partial pressure effects exhibited by the five 
lowest temperature isotherms indicate a dependency 
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Fig. 6—Curve illustrates the experimental difference between 
the furnace and sample temperature ys time. 


similar to the Langmuir-type adsorption isotherm. 
This suggests a preliminary adsorption process, fol- 
lowed by decomposition of surface sites. The absolute 
rate of reaction depends on the concentration of reac- 
tive surface sites and becomes constant as the ratio of 
the number of reactive surface sites covered to the 
total number of reactive sites available approaches 
unity. At higher temperatures, however, the dispro- 
portionately higher rates observed were found to be 
due to self-heating of the sample which should occur 
in some temperature range for all exothermic proc- 
esses. At first, this effect was masked by the fact 
that no temperature rise was observed in the re- 
cording thermocouple during the course of the ex- 
periment. Furthermore, the rate of oxidation was 
linear at all times, which in general is not expected, 
since self-heating normally results in an exponenti- 
ally increasing rate. 

A linear rate will obtain, however, if the system is 
considered to be in a steady state condition, in which 
the heat generated by the sample is being trans- 
ferred to the outside through a film of constant 
thickness at a constant rate. 

If the rate of heat generation is proportional to 
the rate of heat loss through heat transfer, then 


(Rate) (AH,) = ——— (T, —Tn) — 
x 
J; Ci Xi, t) [1] 


where AH, is the heat of reaction in calories per 
gram, J is the heat transfer coefficient in calories 
per degree hour-centimeter® per centimeter, T, is 
the temperature at the reaction zone, T, is the 


measured temperature, J, (T.:,X.,t) is the gen- 


eral heat transfer term including all other forms of 
heat loss, t is time, X is the thickness of heat transfer 
film, and T,; is the temperature of the interior of the 
sample. 

Assuming that the rate of heat loss due to heating 
the sample and radiation and other effects are neg- 
ligible, Eq. 1 reduces to 


(Rate) (AH,) = [2] 


To substantiate that self-heating of the sample 
did occur, an experiment was run at 900°C, in which 
a thermocouple was secured against the surface of a 
sphalerite sample and a series of temperature read- 
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ings of the sample and the furnace wall was taken 
over a period of 12 min. The results are shown in 
Fig. 6. The drop in AT with time can be attributed 
to the recession of the reaction zone from the ther- 
mocouple during the course of the reaction. At the 
highest rate measured (171.8 mg per cm’*-hr), the 
actual rate of heat evolution was about 5.4 cal per 
min. Because of the large heat capacity of the fur- 
nace, this quantity was not large enough to affect 
the temperature of the furnace or the recording 
thermocouple. 
Theoretical 

The linear oxidation of sphalerite may be con- 
sidered a heterogeneous gas-solid reaction involv- 
ing an adsorption process on the surface followed by 
desorption of the products.* According to the abso- 
lute reaction rate theory, * * the rate of a reaction 
may be represented by 

= 


Rate = x 


where ac; is the product of the concentration of the 


reactants, AF is the free energy of activation, « is 
the transmission coefficient (usually taken as unity), 
k and h are Boltzmann and Planck constants, respec- 
tively, and k’ is the specific reaction rate constant. 

If the rate-determining reaction is the thermal 
decomposition of a surface site, Eq. 3 becomes 


Rate— 


where {(@) is some function of the fraction of the 
surface covered. 
The rate may then be written as 


Rate = 
kT RT 


where ksp is a constant which includes a surface- 
roughness factor and the conversion units necessary 
to express the fraction of surface coverage in suit- 


able units, AH and AS , are the enthalpy and en- 
tropy of activation, respectively. For the mechanism 
involving single site adsorption of an oxygen mole- 
cule on the surface, the reaction appears to be ex- 
tremely rapid, whereupon it may be considered as 
an equilibrium process. This may be represented 
by the equation 


ZnS (surface) + O.=ZnS....0O., (surface) [5] 
from which 

KS = 6 = en RT [6] 

[0O.] 


where § represents the fraction of the surface cov- 
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ered with adsorbed oxygen, K, is the equilibrium 
constant of the adsorption process, [O.] is the con- 
centration of oxygen in the gas phase, and AF, is the 
free energy of adsorption. The equilibrium value of 
AF, from thermodynamic considerations may be ex- 
pressed as 


aCp 
—AF, ii 
—— = InK,—mnK;=I] —In 
RE 
ii vi 


where Cp and C, are the concentrations of the 
products and reactants, respectively. Superscript 0 
refers to the standard state. The quantity In 
7C’,p/7C°, is arbitrarily chosen such that it equals 
zero in the standard state. In the case of the single 
site mechanism, this quantity is In {6°/ (1—@°) [O.° ]}. 
Since the oxygen concentration is expressed in mol 
per liter, the standard state is defined as 6 = 0.5 
and [O.°] = 1 mol per liter. 

Eq. 7 therefore reduces to Eq. 6. Solving Eq. 6 
for 6, the following is obtained 

1+ K,[O,] 


Assuming that at constant temperature the quan- 


Se 


/R 


tity Ken = e** /*? remains constant, Eq. 4 may be 


written in the form 


K,[O,] 
Rate = K, [9] 
1+ K,[O,] 
from which a value of K, may be obtained by simul- 
taneous evaluation of two points on each isotherm. 
The values of K, for the four lowest temperature 
isotherms are given in Table I. 


Table |. Values of Ki for Four Temperature Isotherms 


log Ki T, OK 
4.4 1006 
4.004 1033 
3.580 1066 
3.236 1092 


Fig. 7 is a plot of log K, vs the reciprocal tempera- 
ture. From this plot, the enthalpy of adsorption, 
AH,, of O, on sphalerite was found to be —59.6 kcal 
per mol of oxygen with an entropy of adsorption of 


10° 


Fig. 8—Total absolute rate of reaction of sphalerite in oxy- 
gen is plotted ys the reciprocal temperature. 
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Fig. 9—Curve and data points illustrate the overheating of 
sphalerite with increases in the rate of oxidation. 


—39.2 E.U. The value of AH,, although large, is of 
the order obtained for chemisorption of gases on 
solids. The large negative entropy suggests the 
transition of the oxygen from a disordered gaseous 
phase to a highly ordered adsorbed phase on the 
surface. The theoretical curves for the three highest 
temperature curves (830°, 845°, and 870°C), ob- 
tained by evaluating the isotherm using one point at 
low oxygen concentration and the value of K, ex- 
trapolated from Fig. 7, are shown in Fig. 5. 

The steps by which the reaction of sphalerite 
proceeds may then be considered to be as follows 


ZnS + O.= ZnS... O,. (chemisorption) [5] 


followed by decomposition of the surface site 
ZnS ...O.—> (activated state) ZnO + SO [10] 


and 
2SO + 2 SO, 


ultimately resulting in the formation of ZnO and SO,. 
The postulate that SO exists as an intermediate 
product has been suggested before”™ and the com- 
pound ZnSO, has been reported.” Its presence would 
be only transitory and it would be immediately re- 
moved at the surface by reaction 11. Other possible 
adsorption mechanisms were tried, such as single 
and double site adsorption with oxygen-splitting. 
For these processes, the values of AH, were of the 
order of —120 kcal per mol and AS, of the order of 
—90 E.U., both of which are abnormally large. 
Eq. 4 may be rewritten in the form 


(0) (T) h 
It is evident, therefore, that a plot of log {Rate/ 
(6) (T)} vs reciprocal temperature should yield lin- 
ear plots. Fig. 8 represents the correlation of 74 
experimental rate determinations in the tempera- 
ture range 700° to 845°C. The experimental heat of 
activation determined from this plot is 60.3 kcal per 
mol. 

The data from the high temperature isotherms in 
which the rates exhibit apparent deviation from the 
Langmuir-type adsorption plot may be corrected to 
the Arrhenius plot by employing the relationship 


[12] 


[13] 


Rate = 


where T, is the temperature of the sample due to 
overheating and 6, the surface coverage at that tem- 
perature calculated from extrapolated values of K, 
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obtained from Fig. 7, AH is the value determined 
for the activation energy at the lower temperatures, 


k = 
and the constant is numerically deter- 


mined from the low temperature data. That self- 
heating occurs as the rate of reaction increases is in- 
dicated in Fig. 9, in which the rate is plotted vs the 
difference between the sample temperature (Ts) 
calculated fromm Eq. 13 and the measured tempera- 
ture (1, 

The form of Eq. 2 suggests that the quantity J/X 
should remain essentially constant at constant tem- 
perature, i.¢., the thickness of the film through 
which heat transfer takes place should remain the 
same. Furthermore, J/X should also be a function 
of the temperature. Preliminary calculations show 
this to be the case, but the accuracy of the extra- 
polated high temperature data does not warrant 
arriving at any definite conclusions as to the nature 
of this function. 

A linear oxidation rate as observed in this study 
and in the study of the oxidation of metals necessi- 
tates proposing a mechanism whereby the products 
of reaction will remove themselves from the surface 
in order that further reaction may ensue. This prob- 
lem to date has not yet been adequately explained. 
Three possibilities present themselves in the case of 
sphalerite: 

1—The activated state will involve a rearrange- 
ment of the activated complex (Eq. 10) during the 
rate-determining step. 

2—The freshly formed ZnO molecule may possess 
sufficient energy to detach itself from the ZnS sur- 
face and reattach itself to the ZnO film. 

3—Due to the misfit of the ZnO and ZnS lattices, 
the ZnO will tend to assume its own structure. This 
can be done only by breaking away from the surface, 
following which the ZnO diffuses and recrystallizes 
in the normal ZnO lattice.” This step, however, does 
not appear to be rate-controlling. The rapid removal 
of ZnO from the sulphide surface is necessitated by 
the observed linear reaction rates. 

If the rate of the reaction is measured in mole- 
cules per centimeter* —second, ks, of Eq. 4 has the 
units: molecules per centimeter’. It is interesting to 
determine its value in terms of the proposed mech- 
anism. Consistent with the proposed rate-controlling 


reaction, Eq. 10, AS should be small. Assuming its 
value to be zero, ky,, determined under the condi- 
tions T = 1014°K, Rate = 2.98 mg per cm*—hr, 


wee = 60.3 kcal per mol, and 6 = 0.995, was found 
to be 1.47x10" mol per cm’. There are approximately 
48x10" surface sites per centimeter’ along the 
natural dodecahedral cleavage planes of sphalerite, 
which gives ks, a value of 30.7. A more reasonable 
value of the surface roughness of 2 would give a 


+ 
value of AS = 5.4 E.U. Table II gives various AS 


Table Il. ASt Values Obtained for Arbitrarily Chosen Values of 
the Surface Roughness 


ASt Surface Roughness 
6.8 1 

5.4 2 

3.6 5 

2.2 10 

0.4 25 

0.0 30.7 
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Fig. 10—Rate of ZnSO, formation from ZnO in various gases 
is shown at 780°C. 


values obtained for arbitrarily chosen values of the 
surface roughness. 

In addition to the mechanisms proposed pre- 
viously, the authors have considered the following: 

1—Vaporization of ZnS occurring within the tem- 
perature range investigated.” Accordingly, an ex- 
periment was performed to determine the rate of 
vaporization of ZnS. A stream of oxygen-free nitro- 
gen was passed over a sample of sphalerite at 870°C. 
No detectable weight change was observed over a 
2 hr period. It may be concluded, therefore, that the 
rate of vaporization is not great enough to account 
for the rates observed. 

2—Sulphate mechanisms. Experiments to be de- 
scribed in the next section indicate that sulphate 
formation occurs subsequent to the formation of 
ZnO and therefore cannot be considered in any pre- 
liminary mechanisms. 

3—Interaction between ZnS and ZnO 

ZnS + 2 ZnO > 3 Zn + SO.,: 
This reaction proceeds at an appreciable rate in the 
neighborhood of 1400°C.* The temperatures of this 
study are too low to consider that any reaction of 
this type occurs. 
Sulphate Formation 

Throughout these studies, it was found that the 
formation of ZnSO, was negligible. An experiment 
was performed in which a plate of pure ZnO was re- 
acted with pure SO, and then a mixture of SO, and 
O, at a temperature of 780°C. A disk 22 mm diam 
and 1 mm thick was prepared by pressing analytic 
grade ZnO in an evacuated die using a 20 ton load. 
The results are shown in Fig. 10, where weight gain 
(arbitrary units) is plotted vs time. 

The region a to b shows no detectable weight gain 
during the time that N. was passed over the sample. 
After 20 min, SO, by itself was passed over the 
sample, b to c. No weight change occurred in the 
presence of SO, alone. Next, a stoichiometric quan- 
tity of O. for sulphate formation was added with the 
SO,. A rapid weight gain was observed and is shown 
in Fig. 10, c to d. At d, the SO, was shut off and in 
the presence of O, alone the sample lost weight 
immediately. The ZnSO, that had formed decom- 
posed very rapidly and at time e the sample was re- 
moved from the furnace. The sample was extracted 
before all the ZnSO, had decomposed. The weight 
gain of the sample was compared with the amount 
of sulphate in the sample determined by conven- 
tional quantitative analytical techniques and found 
to correspond closely with the observed weight gain. 

Data reported by Maier* from the equilibrium 
data of Wohler, Pluddemann, and Wohler” showed 
that the equilibrium SO, partial pressure for the 
ZnSO,—SO, system at 775°C is 0.0196 atm. From 
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this, it can be concluded that ZnSO, should form at 
partial pressures of SO, greater than this. It may be 
concluded that sulphate formation is subsequent to 
the formation of ZnO and its formation requires the 
presence of both SO, and O,. 

Preliminary investigations on the rate of forma- 
tion of zinc sulphate were also carried out. A num- 
ber of rates were determined at a temperature of 
819°C. From Maier,® the equilibrium constant K for 
the reaction 2SO, + O, =2SO; was calculated to be 
0.5 at this temperature. From this, the amount of 
SO, that would be formed under equilibrium condi- 
tions for any given SO,—O, composition could be 
determined (Fig. 11, line 1). 

The equilibrium partial pressure of SO, in the 
ZnSO, — SO, system is given® as 0.05 atm at 819°C. 
Under experimental conditions (atmospheric pres- 
sure of 640 mm Hg) and assuming complete 
SO.—SO.—O, equilibrium, this corresponds to a 6.54 
pet SO.—93.46 pct O, mixture. At SO, percentages of 
6.54 and lower, no measurable weight gain was ob- 
served. At increasing SO, percentages, the rate of 
weight gain of the ZnO samples increased until a 
maximum was reached around 64 pct SO, (Fig. 11, 
line 2). This corresponds closely to the maximum of 
line 1, Fig. 11. It may be concluded, therefore, that 
the rate of formation of SO, is very fast and that the 
rate of formation of ZnSO, is proportional to the 
amount of SO, present in the reacting system. When 
mixtures of SO, and O, were passed through the re- 
acting system in which there was no ZnO present, 
no SO, was formed; whereas, in the presence of the 
oxide, SO, was formed in appreciable quantities. 
This indicates further that zinc oxide behaves as a 
catalyst, forming the sulphate which in turn de- 
composes to ZnO and SO;. Basie zine sulphate 
(3ZnO-2SO,) is formed above 740°C and zinc sul- 
phate (ZnSO,) below 740°C.” 


Summary 

1—The oxidation rate of sphalerite has been found 
to be linear over the range 700° to 870°C, with an 
activation energy of 60.3 keal per mol. 

2—Studies of the rate as a function of oxygen 
concentration have indicated primary single-site ad- 
sorption of oxygen on the surface with an enthalphy 
and entropy of adsorption of —59.6 kcal per mol and 
—39.3 E.U., respectively. 

3—In the light of the experimental evidence pre- 
sented, the overall reaction 2ZnS + 30. > 2ZnO + 
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Fig. 11—Rate of ZnSO, formation from ZnO under varying. 
concentrations of SO» and Oz is shown at 819°C. 
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2SO, has been postulated to occur according to the 
following steps 


O;— ZnS - O, 


(Equilibrium chemisorption) 


ZnS: - - O.> Activated state > ZnO + SO 


(Rate-determining step) 
+ SO, (Fast). 


4—At the higher rates of oxidation, appreciable 
self-heating of the samples occurred. 

5—An investigation of the possibility of sulphate 
formation during the roasting of sphalerite has in- 
dicated that, under the experimental conditions of 
this study, a negligible amount of sulphate was 
formed. 

6—Preliminary rate studies on the sulphatization 
of zinc oxide in SO,—O, mixtures indicated that the 
rate of sulphate formation was proportional to the 
amount of SO, that would be present in the system 
under equilibrium conditions and that zinc oxide 
acts as a catalyst for the formation of SO,. 

7—Conditions have been proposed under which 
either a sulphatizing roast or an oxidizing roast may 
be obtained by maintaining the SO, concentration in 
the roast above a certain specified amount. 
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Technical Note 


Filtering Apparatus for Study of Liquid-Solid Equilibria in Alloy Systems 


by L. A. Willey 


N 1953, a method for filtering a liquid phase from 
I solid phases while in equilibrium at elevated tem- 
peratures was devised at the Alcoa Aluminum Re- 
search Laboratories. Since then, it has been applied 
to the investigation of liquid-solid equilibrium in 
metallic systems. In application, the method simpl- 
fies the centrifuge filtration procedure as developed 
by Scheil and described by Gebhardt.’ 

Fig. 1 shows a sketch of the filtering apparatus 
located within a thermal analysis furnace. It con- 
sists of a stainless steel filter crucible A, into the 
bottom of which a porous carbon filter disk B, 1% 
in. diam by 4 in. thick, is sealed to the shoulder and 
rim with carbonaceous cement. The base of the filter 
crucible, machined to an angle, fits into a tapered 
seat at the mouth of a stainless steel vacuum cham- 
ber C. A connecting tube from the vacuum chamber 
to a vacuum line also. serves as a means for support- 
ing the apparatus from the base of the furnace. An 
alundum crucible D of 25 ml capacity is placed with- 


L. A. WILLEY, Member AIME, is Senior Scientist, Alcoa Alumi- 
num Research Laboratories, Aluminum Co. of America, New Ken- 
sington, Pa. 

TN 286E. Manuscript, May 19, 1955. 


TRANSACTIONS AIME 


in the vacuum chamber below the filter for collect- 
ing the filtrate. Two thermocouples E, in stainless 
steel protection tubes, which extend from 1/16 to 
tg in. above the center of the filter, are mounted on 
the rim of the filter crucible. One thermocouple is 
used in differential connection with the furnace con- 
trol thermocouple to regulate rates of heating and 
cooling. The other serves as a means for recording 
the temperature of the alloy prior to filtering. 

A suitable mold coating is used on exposed sur- 
faces of stainless steel parts to guard against attack 
upon these parts as well as to avoid contamination 
of the alloy samples. A mold wash prepared from 
precipitated CaCO, is suitable for aluminum alloys. 

The porous carbon for the filter disks and the car- 
bonaceous cement, grade 200 (graphite base), were 
obtained from the National Carbon Co. Porous car- 
bon, grade Nos. 10 to 60, has been employed. Grade 
No. 40, however, appeared to give the optimum ad- 
vantages in operation. 

In operation, an alloy sample is remelted and 
heated to about 50°C above its liquidus tempera- 
ture. At the same time, the filter apparatus is pre- 
heated to about the same temperature. The alloy 
then is cast into the filter crucible. 
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By switching from direct to differential control, 
as indicated in Fig. 1, and adjusting the furnace 
controller, cooling of the sample at a predetermined 
rate, such as would be used in thermal analysis, is 
accomplished. During cooling and any subsequent 
heating of the sample, time-temperature curves are 
automatically recorded. The cooling or heating may 
be arrested and the sample held at any constant 
temperature by readjustment of the controller set- 
ting and by reverting to direct control. 

Frequently it is desirable to obtain complete cool- 
ing or heating curves and then reheat or recool to 
a temperature at which equilibrium between liquid 
and solid is desired. After holding at this tempera- 
ture for a sufficient period to assure a close approach 
to equilibrium, a stopcock in the vacuum line is 
opened. Pressure differential forces the liquid phase 
from spaces between the solid dendrites or crystals 
of the solid phases, through the porous carbon, and 
into the collecting crucible. The furnace then is re- 
moved from its base and the filtrate and residue, 
within the filtering apparatus, are permitted to cool 
in air at room temperature. 

A chemical analysis of the filtrate gives the com- 
position of the liquid phase in equilibrium with solid 
at the temperature of filtering. Since all the liquid 
phase cannot be drawn from the liquid-solid mix- 
ture, the residues are not “clean.” In limited cases, 
however, crystals of the solid phases may be sepa- 
rated from the residues by mechanical, chemical, or 
electrolytic means and identified by determination 
of their composition and crystal structure. 

For proper operation, the liquid portion of the 
alloy at equilibrium usually should be greater than 
50 pet. This will vary appreciably, however, and 
will be dependent for the most part upon the char- 
acteristics of the dendrite or crystal formations. 

The apparatus has been operated in the range 
185° to 800°C and probably could be operated in its 
present form at temperatures exceeding 1000°C. 
Obviously, with filter disks and crucibles made of 
other refractory materials which would not be “‘wet” 
or attacked by alloys under investigation, the ap- 
paratus could be extended to wider ranges of opera- 
tion. Also, by some simple alterations, operation in 
inert atmospheres could be accomplished. 

The method, employing the apparatus described 
previously, has been used to establish liquidus curves 


Fig. |—Elevated tem- 
perature filtering ap- 
paratus as _ located 
within thermal 
analysis furnace. Let- 
ters on the diagram 
represent: A, stain- 
less steel filter cru- 
cible; B, porous car- 
bon filter disk; C, 
stainless steel vacu- 
um chamber; D, alun- 
dum crucible; and E, 
two thermocouples. 
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O- From Filtering Tests 


@— From Settling Tests (Ref.2) 
Fig. 2—Liquidus 5b 
curves in the Al-Mn 
system are given as 
a comparison be- 
tween results deter- 
mined in the filter- 
ing tests and a pre- 
vious settling experi- 
ment. 


L+a(Al-Mn) 


658.5°C 


ul 


Atomic Percentoge Mongonese 


in several high purity aluminum-rich alloy systems. 
As an example, the results of tests in the determina- 
tion of a portion of the aluminum-rich Al-Mn hyper- 
eutectic liquidus are shown in Fig. 2 in comparison 
with previous results determined in a settling ex- 
periment.’ 

By filtering at temperatures below the secondary 
thermal arrest in ternary alloys, points along the 
eutectic valley of a system may be readily estab- 
lished. Relatively few alloys are required, thereby 
considerably reducing the work of investigation. 

The method is particularly useful for the deter- 
mination of eutectic concentrations in systems with 
any number of components. These concentrations 
are precisely established from filtrates obtained dur- 
ing the invariant reaction either upon melting or 
solidification. Positive checks upon results are ob- 
tained by comparing analyses of filtrates from both 
hypoeutectic and hypereutectic alloys. 

A redetermination of the eutectic concentration 
in the Al-Si system may be cited as an example. 
From the many investigations of this concentration, 
values ranging from 10.0 to 13.8 wt pct Si have been 
reported. The generally accepted value has been 
11.6 pct Si.* Filtrates, collected during the eutectic 
melting at 578°C of two high purity hypoeutectic 
alloys containing 8.93 and 11.57 pct Si and two high 
purity hypereutectic alloys containing 13.94 and 
19.02 pct Si, were found to contain 12.61, 12.40, 
12.62, and 12.57 pct Si, respectively. These give an 
average value of 12.55 pct for the eutectic concen- 
tration which is in good agreement with the value 
of 12.5 pct Si as most recently determined by Craig- 
head et al.* 

Accuracy, in the three types of determinations, 
appears to be high. In a total of 125 determinations, 
standard deviations from average percentage values 
for points and curves were found to be 0.03, 0.10, 
and 0.14 for the concentration ranges 0.2 to 1.0, 1 to 
10, and 10 to 50 pct, respectively. 
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Intermediate Phases in Binary Systems of Certain 


Transition Elements 


Thirty binary systems of vanadium 


and chromium group transition elements 


with second and third long period transition elements were explored in regard to 
the intermediate phases forined. It was found that the phases predominating in these 
systems are o, A;B type with ordered @-tungsten or C8 structure, close-packed- 
hexagonal with small unit cell dimensions and, finally, phases isomorphous with 


a-manganese. 


by Peter Greenfield and Paul A. Beck 


N recent years, considerable information has be- 

come available concerning the intermediate phases 
in binary systems of the transition elements. Thus, 
the o phase has been found to occur in most of the 
binary systems of vanadium, chromium, and molyb- 
denum with the group of elements manganese, iron, 
cobalt, and nickel.’ It was observed that, while the 
o phases formed by chromium with manganese, iron, 
or cobalt possess a considerable temperature range 
of stability, particularly in the Cr-Co system, the 
corresponding o phases with molybdenum axe limited 
to a temperature range of less than 400° above about 
1200°C. Goldschmidt’ reported o phases of tungsten 
with iron and cobalt, and these are apparently stable 
only at (and above?) 1400°C.* Exploratory work in 
this laboratory with Fe-W and Co-W alloys of ap- 
proximately 60 atomic pct W annealed at 1300°C 
did not produce X-ray patterns suggesting the pres- 
ence of o phase. It appears then that the o phases of 
iron and cobalt with the chromium group elements 
decrease in stability as the two components are 
chosen from long periods further removed from 
each other. 

From the available information, it might be con- 
cluded that the controlling factor is the increasing 
difference in atomic radii between the components. 
In contrast to the o phase, the » phases formed by 
iron and cobalt with chromium group elements’ are 
stable only when the latter have large atomic radii 
(molybdenum and tungsten); the corresponding p» 
phases with chromium do not occur. When the dif- 
ference in atomic size becomes still larger (1s/Ts 
approaching the ideal value of 1.225), the o and p 
phases are replaced by Laves phases (AB,), as in 
the alloys of iron and cobalt with columbium,’ tan- 
talum,” and titanium.** 

However, atomic size certainly cannot be the sole 
determining factor, since, for instance, in contrast 
to the very stable (Mo, Co) phase, no such phase 
occurs in the Mo-Ni system even though the atomic 
diameters of cobalt and nickel are nearly the same. 
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Similarly, chromium and cobalt form a o phase in 
a wide temperature range,’ but the corresponding o 
phase in the Cr-Ni system is missing. It has been 
shown that the composition of the o phase in various 
binary and ternary systems of transition elements 
in the first long period may be correlated in a fairly 
quantitative manner with the number of electron 
vacancies.” The influence of electronic structure is 
probably present also in binary and ternary pu phases‘ 
and to some extent, apparently, even in Laves 
phases.” Although the absence of o phases in the 
Cr-Ni and Mo-Ni systems has not as yet been ex- 
plained on the basis of electronic structure, it ap- 
pears reasonable to suspect a connection. 

One of the great difficulties in arriving at well 
founded rules in regard to the alloying behavior of 
transition elements les in the lack of reliable infor- 
mation concerning the details of their electronic 
structure in the metallic and alloy form. The theo- 
retical penetration of this field appears to be beset 
by very considerable difficulties, even when the com- 
plications due to alloy formation are disregarded. 
Another great source of uncertainty is the scarcity 
of phase diagram information even for binary sys- 
tems of the transition elements so that only a very 
limited basis is provided for generalizations as to 
the occurrence of intermediate phases. For instance, 
very few binary phase diagrams of second and third 
long period transition element systems have so far 
been published. The present work was undertaken 
in order to survey the various types of intermediate 
phases occurring in 30 binary systems of elements 
of the group vanadium, columbium, tantalum, chro- 
mium, molybdenum, and tungsten with the elements 
rhenium, ruthenium, rhodium, palladium, and plati- 
num. For most of these binary systems phase dia- 
grams are very incompletely or not at ali known, 
as will be further reviewed.* 


* After the present investigation was partially completed, a paper 
by Raub!* was published on binary systems with molybdenum, That 
paper includes four of the five molybdenum systems dealt with in 
the present paper. A paper by Raub and Mahler” on the Pd-Cr sys- 
tem appeared after the completion of the present work. After the 
present paper was written and accepted for publication, a new 
paper by Raub and Mahler‘* appeared on three other of the five 
chromium systems dealt with here. 


Experimental Procedure 
Quantities (1 g) of the alloys were prepared by 
melting in an are furnace, using helium atmosphere. 


FEBRUARY 1956, JOURNAL OF METALS—265 


Table |. Typical Impurities in Weight Percentages in the Metals Used 


V; Cb Ta Cr Mo 


Ww Re Ru Rh Pd Pt 


0.015 


WwW 0.01 


Oo 0.063 
Ne 0.077 
0.01 


0.01 \ 


Total 0.1 0.1 
maximum maximum 


Cc 0.08 0.5 0.01 


0.01 


0.002 


0.04 


0.02 
0.005 
0.005 
0.07 


0.15 0.15 0.1 0.1 


In order to achieve a reasonable degree of homo- 
geneity, each alloy sample was remelted twice. 
Typical impurities in weight percent in the metals 
used are shown in Table I. 

Due to large differences in the melting points and 
in the vapor pressures of the components, for some 
of the alloys the actual analyses may have deviated 
considerably from the intended compositions. In 
view of the very small quantities of samples avail- 
able for analysis, even the analyzed compositions 
cannot claim a very high degree of accuracy. 

The alloy specimens were annealed at 1000° or 
1200°C for 72 to 120 hr in an atmosphere of He + 8 
pet H, and quenched in cold water. After polishing, 
the specimens were etched using one of the follow- 
ing etchants: 1—20 pct H.SO, used electrolytically, 
2—10 pct HCl in alcohol used electrolytically, or 3— 
concentrated HNO; with a few drops of HF. 

After microscopic examination, the same samples 
were used for the preparation of X-ray powder 
specimens, which were annealed in evacuated and 
sealed quartz tubes at the same temperature at 
which the preceding bulk anneal took place. The 
powder specimens were quenched in cold water. 
Powders of the brittle phases o, B-tungsten, and 
a-manganese type were not annealed. X-ray dif- 
fraction patterns were made with unfiltered Crk 
radiation, using a _ back-reflection focusing-type 
camera of asymmetrical design. 


Experimental Results 

The alloys prepared for each binary system and 
the structures observed by means of X-ray diffrac- 
tion and microscopic examination of the polished 
and etched sections are given in Table II. The in- 
tended composition is given for each alloy, except 
for those marked with asterisks which were obtained 
by chemical analysis. The phases designated in the 
table by a single chemical symbol are terminal solid 
solutions based on the element concerned. 

In the alloy systems examined, a number of o 
phases were identified, which are listed together 
with their X-ray data in Table III. In this table, the 
values of sin’@ for the new o structures are com- 
pared with those for the (Fe, Cr)o phase, after ap- 
propriate factors for the elimination of the effect of 
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changes in the unit cell dimensions were used, in 
accordance with the practice followed by Pearson 
and Christian.“ o has a space group of Dy, *—P4/mnm. 
The structure with 30 atoms in the tetragonal unit 
cell is now known.” * 

Four so-called B-tungsten-type phases (composi- 
tion A;B) were identified. It is now known that 
B-tungsten does not actually exist and that the 
structure originally attributed to it (now considered 
to be associated with W,O) is not ordered,“ while 
the corresponding phases identified in the present 
investigation are ordered. The following designa- 
tion ordered £-tungsten-type will be used. This 
designation is also used in Table II. The positions 
of the eight atoms in the unit cell (space group is 
0,,—Pm3n) are as follows: 


2 atoms B: 0, 0, 0; %, %, %& 
6 atoms A: %4, 0, 4%; %, %4, 0; 0, %, %; 
0, %; %, %4, 0; 0, %, %&. 


Each has two nearest A atom neighbors; the A/A 
atoms form three mutually perpendicular sets of 
chains parallel to the cubic crystal axes. The six 
structures of this type found, together with their 
X-ray data, are listed in Table IV. 

Four intermediate phases with simple close- 
packed-hexagonal structure were found, and the 
corresponding X-ray data are given in Table V. In 
the course of the present investigation, four phases 
were found with the well known body-centered- 
cubic complex a-manganese structure (space group 
T, with 58 atoms in the unit cell). The X-ray data 
are given in Table VI. Phases with this structure 
are designated in Table II as a-manganese. The 
X-ray data in Table VI did not lead to the conclu- 
sion that these structures are ordered as reported 
by Kasper™ for the (Fe,Cr,Mo)y phase, which is 
otherwise similar to a-manganese. 

In the following section, a brief description is 
given of the phases present in each binary system 
investigated: 

Re-V System—Nothing was found in the litera- 
ture concerning the equilibria in this system. Four 
alloys were annealed at 1200°C (Table II). No inter- 
mediate phases were found. The solid solution limit 
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Al 0.02 
Ca 0.02 
Mg 0.035 
Si 0.01 0.01 0.03 
Fe 0.01 7 0.06 0.01 0.08 
Ni 0.005 
Mn 0.007 
Cu Trace 0.001 
Sn 0.002 
0.03 0.05 
Cb 0.02 
Ss 0.012 
= 
0.10 
0.045 
Alkali 
SiOz 
FesO3 
CaO 
KCl 
— 


Table Il. X-Ray Diffraction and Microscopic Study of Alloys 


Alloy Atomic Tempera- 
System Pet ture, °C Phases Present 
Re-V 1200 Vv 
55 OV. 1200 V + Re 
41 V 1200 V+ Re 
40 V 1200 Re 
Re-Cb 65" (Cb 1200 Cb 
57 Cb 1200 Cb + a-Mn 
1200 Cb + a-Mn 
1200 a-Mn 
1000 Cb 
1000 Cb 
1000 a-Mn 
Re-Ta 52 1200 Ta 
46 Ta 1200 Tato 
43. Ta 1200 
41.7 Ta 1200 Tat+oa 
41.3 Ta* 1200 + 3pctTa 
39.2 Ta* 1200 a-Mn + 30 pet o 
36.2 Ta 1200 a-Mn 
33. Ta 1200 a-Mn 
ANS 1200 a-Mn 
Re-Cr 60) Cr 1200 
1200 Cr+o 
1200 o 
49 Cr 1200 Re + o 
45) (er 1200 Re +o 
Cr 1200 Re +o 
20m Cr 1200 Re +o 
Re-Mo 55 Mo 1200 o + other phase 
50 Mo 1200 o 
46.5 Mo 1200 a 
45 Mo 1200 o 
35.9 Mo* 1200 o 
30.7 Mo* 1200 o¢ + a-Mn 
22.5 Mo 1200 a + a-Mn 
20 Mo 1200 a-Mn 
Re-W 63 W 1200 o + other phase 
60 W 1200 og + other phase 
59.6 W* 1200 o + other phase 
58 1200 
53 W 1200 o 
48 W 1200 
43 W 1200 
40 W 1200 o 
34 W* 1200 o + little a-Mn 
30 W 1200 o + a-Mn 
25 W 1200 a-Mn 
Ru-V 64 V 1200 CsCl-type ordered 
50 V 1200 Tetragonal 
29 V 1200 Ru + unidentified phase 
TSave 1200 Ru + unidentified phase 
Ru-Cb 68) Cb 1200 Cb (may be CsCl) 
52 Ch 1200 Tetragonal 
1200 Tetragonal 
42) (Cb 1200 Unidentified phases 
32 1200 Unidentified phases 
22, “Ch 1200 Ru + other phase 
Ru-Ta 1200 CsCl-type ordered 
50° Ta 1200 Tetragonal 
45 Ta 1200 Tetragonal 
36 Ta 1200 Unknown phase + Ru 
1200 Unknown phase + Ru 
Ru-Cr 74 Cr 1200 Cr + 
Cr* 1200 Cr+o 
Cr 1200 o 
64.4 Cr* 1200 Ru+o 
Cr; 1200 Ru 
Ru-Mo 76 Mo 1200 og + Mo 
64.2 Mo 1200 og + 2pct Mo 
61.4 Mo 1200 o + Mo 
59.4 Mo 1200 o + Ru 
50.7 Mo 1200 o + Ru 
Ru-W 50 W 1200 Ru + W 
Rh-V NA 1200 B-W 
AY 1200 B-W + c¢.p.h.7 
1200 B-W + c.p.h.7 
40 V 1200 C.p.h.7 


* Starred values were derived from chemical analyses. 
+ C.p.h. stands for close-packed-hexagonal phase. 


Alloy Atomic Tempera- 
System Pct ture, °C Phases Present 
Rh-Cb 1000 B-W 
72 Ch 1000 B-W +o 
65 Cb 1000 B-W 
1000 o + 3to5 pet C8 
60 Cb 1000 o 
1000 x + 5 to 10 pct Rh 
52 Ch 1000 go + Rh 
Rh-Ta 83.6 Ta 1000 go+Ta 
a 1000 o+Ta 
64 Ta 1000 o + other phase 
60.2 Ta 1000 o + trace of other phase 
57 Ta 1000 o + Rh 
48 Ta 1000 o + Rh 
27.5 Ta 1000 Rh + other phase 
19" Ta 1000 Rh + other phase 
Rh-Cr (Gre 1200 B-W 
1200 B-W + c.p.h.7 
65 Cr 1200 
Cr 1200 Cp. 
1200 C.p.h.7 
(Che 1200 Rh 
Rh-Mo 75 Mo 1200 Mo + c.p.h.+ 
64 Mo 1200 Mo + c.p.h.+ 
50 Mo 1200 Cp. 
27 Mo 1200 C.p.h.+ + Rh 
Rh-W 15 W 1200 W +c.p.h.7 
53 Wi 1200 W +c.p.h.+ 
19.2 W 1200 C.p.h.7 
Pd-V 76 #V 1200 V + other phase 
1200 V + other phase 
64. V 1200 Pd + other phase 
60 V 1200 Pd + other phase 
1200 Pd 
Pd-Cb 68 Cb 1000 Cbh + oa 
59 Ch 1000 Ch+o 
57 Ch 1000 Ch+oa 
1000 Ch +o 
63-3: 1000 Ch +o 
56.6 Cb* 1000 Pd+oa 
48 Cb 1000 Pd+o 
Pd-Ta Ome 1000 Ta + Pd 
62 Ta 1000 Ta + Pd 
50s Ta 1000 Ta + Pd 
Pd-Cr 60 Cr 1200 Pd + Cr 
50 Cr 1200 Pd 
Pd-Mo 75 Mo 1200 Mo 
50 Mo 1200 Mo + Pd 
Pd-W 1200 Pd + W 
Pt-V NE 1200 p-W 
Gorm 1200 B-W + other phase 
49 V 1200 Pt + other phase 
40 V 1200 iP 
Pt-Cb 1000 B-W 
eb 1000 B-W +o 
63.3 Cb* 1000 og + 15 to 20 pct B-W 
61.8 Ch* 1000 ¢ + trace Pt 
58.3 Cb 1000 o + 10 pet Pt 
1000 
43 Cb 1000 Pt 
Pt-Ta 83.5 Ta 1000 o+ Ta 
81.5 Ta* 1000 o 
ba 1000 
69.5 Ta 1000 o 
65.8 Ta 1000 o + other phase 
62 Ta 1000 o + other phase 
57 Ta 1000 o + other phase 
Pt-Cr Cy 1000 B-W 
63; 1000 Probably ordered 
AuCuz type 
1000 Pt 
Pt-Mo 71.7 Mo 1200 C.p.h.j + Mo 
57.6 Mo 1200 
47.2 Mo 1200 Pt + cp.h.7 
35.9 Mo 1200 t 
Pt-W 70 W 1200 Pt + W 


of rhenium.in vanadium is about 38 atomic pet Re, 
while the solution limit of vanadium in rhenium 1s 
approximately 40 atomic pct V. 
Re-Cb System—Nothing was found in the litera- 
ture concerning the intermediate phases In this sys- 
tem, but Duwez” mentioned in oral discussion the 
existence of a o phase at the composition ReCb. The 
alloys listed in Table II showed that no o phase 
exists at 1200°C. An alloy containing 37 atomic pet 
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Cb, however, was found to have a structure of the 
a-manganese type, Table VI. Alloys in this system 
were also annealed at 1000°C, at which temperature 
a o phase enters into equilibrium between the 
a-manganese-type phase and the body-centered- 
cubic columbium-base solid soiution. The o phase 
appears to have a very narrow range of composition 
at about 50 atomic pct Cb, Table III, in agreement 
with Duwez. The a-manganese structure is stable 


FEBRUARY 1956, JOURNAL OF METALS—267 


| 
| 
| 
| 
| 
| 
| 
| 
| 
| 


from about 40 atomic pct Cb down to at least 18 
atomic pet Cb. The solid solution of rhenium in 
columbium is about 40 atomic pct Re. 

Re-Ta System—There is nothing in the literature 
concerning the equilibria in this system, but Duwez 
mentioned” in oral discussion the existence of a o 
phase at the composition Re,;Ta,. The alloys listed in 
Table II were annealed at 1200°C. The same two 
intermediate phases were found in this system as in 
the Re-Cb system, namely, a o phase, Table III, and 
an a-manganese type, Table VI. The o phase field 
appears to be narrow, at about 41 atomic pct Ta, 
Table II. A very narrow two phase field lies between 
the o phase and the a-manganese type. The latter 
has a wide composition range, from about 37 to at 
least 25 atomic pet Ta. The solid solution limit of 
rhenium in tantalum is between 48 and 54 atomic 
pet Re. 

Re-Cr System—Nothing was found in the litera- 
ture concerning the equilibrium conditions in this 
system. Great difficulty was encountered in prepar- 
ing the alloys, since apparently considerable losses 
in chromium occurred. The intended compositions 
probably differ markedly from the true values. One 
intermediate phase was found and this has the o 
structure, Table III. X-ray diffraction data showed 
that it is in equilibrium with both terminal solid 
solutions at 1200°C. An alloy chemically analyzed 
as containing 63.2 atomic pct Re and 36.8 atomic pct 
Cr consisted entirely of the o phase. The difficulty 
in obtaining a single phase o alloy with no second 
phase present suggests that the o phase has a narrow 
composition range. 

Re-Mo System—According to Duwez,” a o phase 
exists in this system at ReMo. A face-centered- 
cubic phase with a parameter of a = 3.70A has also 
been reported at 85 atomic pct Mo.” The alloys 
listed in Table II were annealed at 1200°C. Two 
intermediate phases were found. One of these, be- 

‘tween limits of approximately 33 to 52 atomic pct 
Mo, was found to have the o structure, Table III. 
The other intermediate phase, which extends from 
approximately 21 atomic pct Mo toward the rhe- 
nium end of the system, has the ea-manganese struc- 
ture. Agreement between the observed and calcu- 


lated X-ray intensities is good, Table VI, except 
that some of the very low intensity low angle re- 
flections are missing. 

Re-W System—Becker and Moers” determined 
the liquidus curve, which showed a sharp maximum 
at 62 atomic pct Re. This is strongly indicative of an 
intermediate phase melting at 3010°C. Duwez 
mentioned in oral discussion” that this phase has 
the o structure. The alloys listed in Table II were 
annealed at 1200°C. Two intermediate phases were 
found at this temperature. These phases have the 
same crystal structures as those in the Re-Mo sys- 
tem, namely, a o phase, Table III, and an a-man- 
ganese-type phase, Table VI. The o phase has a 
composition range from approximately 37 to 58 
atomic pct W. The a-manganese-type structure 
exists from about 27 atomic pct to an undetermined 
lower tungsten value. 

Ru-V System—Nothing was found in the litera- 
ture concerning the equilibria in this system. The 
alloys listed in Table II were annealed at 1200°C. 
An intermediate phase was found at approximately 
50 atomic pct V, having a slightly tetragonal lattice, 
Table VII, with unit cell dimensions similar to 
those of the vanadium-base body-centered-cubic 
solid solutions. Whether this tetragonal phase is 
present at 1200°C or is a result of transformation on 
cooling to room temperature is not known. An alloy 
with approximately 64 atomic pct V was found to 
have an ordered CsCl-type structure, with unit cell 
dimensions very similar to those of the vanadium- 
base body-centered-cubic solid solutions. Again, it 
is not certain whether ordering is present at 1200°C 
or develops during cooling. The solubility limit of 
vanadium in ruthenium is less than 18 atomic 
DCU WE 

Ru-Cb System—Nothing was found in the litera- 
ture concerning the equilibria in this system. The 
alloys listed in Table II were annealed at 1200°C. 
An intermediate phase at about 52 and 51 atomic 
pet Cb was tentatively assigned a tetragonal lattice, 
Table VII. The X-ray diffraction patterns for the 
42 and 32 atomic pct Cb alloys were not interpreted; 
one or two additional intermediate phases of un- 
identified structure are apparently present in this 


Table III. New o Phases Compared with (Fe, Cr) o 


Alloy 


System Fe-Cr Re-Cb Re-Ta KRe-Cr Re-Mo Re-W Ru-Cr Ru-Mo Rh-Cb Rh-Ta Pd-Cb Pt-Cb Pt-Ta 
: 58 9.007 
a 9.72 9.72 9.23 { ee) 065 { Ane 9.54 9.774 9.754 9.89 9.89 9.95 
4.96 4.663 
5.07 5.07 4.80 { { 4.05 5.054 5.058 5.11 5.11 5.16 
c/a 0.52 0.52 0.52 { 0:52’ 0518 0.52% 0.52) 
Multiplying 
factor: 1.0 1.225 1.221 1.097 1.179 1178 1.049 1.174 1.231 1.233 41.257 41.257 1.274 
Line 
Sin? 9 Values 
311 0.2318 0.2315 0.2314 0.2314 0.2324 0.2313 0.2330 0.2313 0.2324 0.2320 0.2310 0.2317 0.2313 
002 0.2528 0.2507 0.2494 0.2499 0.2509 0.2495 0.2530 0.2518 0.2527 0.2528 0.2520 0.2525 0.2505 
cae } 0.2866 0.2884 0.2877 0.2860 0.2887 0.2880 0.2882 0.2875 0.2871 0.2894 0.2883 0.2863 0.2878 
330 0.3034 0.3054 0.3046 0.3043 0.3083 «0.3045 «0.3028 
202 0.3203 0.3177 0.3181 0.3178 0.3178 0.3172 0.3198 0.3194 0.3205 0.3211 0.3184 0.3203 0.3177 
0.3371 0.3342 0.3341 0.3341 0.3345 0.3345 «0.3376 ~—«0.3347 
411 0.3498 0.3510 0.3502 0.3496 0.3494 0.3513 0.3508 0.3504 0.3496 0.3509 0.3506 0.3494 0.3496 
331 0.3666 0.3675 0.3667 0.3663 0.3656 0.3668 0.3673 0.3667 0.3665 0.3683 0.3667 0.3667 0.3658 
222 0.3877 0.3847 0.3847 0.3847 «0.3840 «(0.3851 «0.3867 0.3868 ~—-0.3859 «0.3867 «0.3856 
430 
312 0.4214 0.4178 0.4178 0.4210 0.4181 0.4184 0.4211 0.4210 «0.4200 «0.4196 «0.4206 
500 
309 0.4720 0.4709 0.4693 0.4730 0.4686 0.4690 «0.4740 «0.4705 «0.4710 «0.4715 «0.4697 
0.4846 0.4862 0.4841 0.4826 0.4833 0.4847 0.4861 0.4826 0.4830 (0.4835 «0.4840 
511 0.5015 0.5022 0.5006 0.5010 0.4993 0.5017 0.5014 0.5009 0.5004 «0.5009 «0.5033 
202 0.5225 0.5210 0.5238 0.5226 0.5210 0.5528 0.5230 0.5223 0.5215 0.5230 0.5235 0.5226 0.5294 
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Table IV. (A;B), B-Tungsten Type Phases—CrKu Diffraction Lines 


Sin?4 Intensity 


Sin24 Intensity Sin24 Intensit 
Ob- Calcu- Ob- Calcu Ob Cs 
- - Calcu- Ob- Calcu- Ob- Calcu- - = 
hkl served lated served* lated served lated served* lated served lated ae sated 
VaRh, = 4.767A CbsRh, a) = 5.115A CrsRh, a) = 4.656A 
110 0.1176 0.1152 Ss ES M = Absent 
278 0.2030 0.2004 M 376 0.2419 0.2416 367 
210 0.2901 0.2880 S 374 0.2528 0.2505 S 1000 9.3019 0.3020 S 510 
211 9.3480 0.3456 vs 633 0.3028 0.3006 s 833 0.3625 0.3624 S 813 
23 0.4008 Absent 0.5 0.4829 0.4832 Vw 28 
03780 M 41 0.5010 Absent 0.9 0.6042 ~—0.6040 vw 49 
222 0.6912 Absent 20 0.6020 0.6012 = 114 0.7248 Absent 33 
0.1493 | 0.7488 M 208 0.6514 0.6513 M 391 0-7852 W 
aL 
00 = = = = 0.7991 0.8016 M 508 a == = == 
ViPt, do = 4.808A CbsPt, do = 5.11A CriPt, do = 4.706A 
0.1142 0.1134 vs 712 0.1013 0,060 MW 201 0.1176 
200 0.2271 0.2268 S 462 0.2006 0.2000 M 422 0.2367 0.2368 Ss 390 
210 0.2835 0.2835 MS 271 0.2500 0.2500 S 577 0.2959 0.2960 S 248 
211 0.3408 0.3402 Vs 1000 0.2998 0.3000 vs 934 0.3553 0.3552 Vs 868 
310a1 0.5668 MW 121 
222 0.6801 0.6804 vw 1.7 0.5963 Vw 22 0.7104 Absent 0.7 
32001 
an vs 994 
Giese 1038 ve 0.6986 0.7000 vs 1000 \ 0.8288 


* VW stands for very weak; MW, medium weak; W, weak; M, medium; S, strong; MS, medium strong; and VS, very strong. 


composition range. The solubility limit of colum- 
bium in ruthenium is less than 22 atomic pct Cb. 
An alloy with approximately 68 atomic pct Cb was 
found to have either body-centered-cubic or CsCl- 
type structure. The lack of observable superstruc- 
ture lines in this case does not decide this choice, 
since the difference in scattering power between 
ruthenium and columbium atoms for CrK radiation 
is insufficient. 

Ru-Ta System—Nothing was found in the litera- 
ture concerning this system. The alloys listed in 
Table II were annealed at 1200°C. The alloy with 
about 50 atomic pet Ta is apparently tetragonal, 
Table VII. There is also a second intermediate 
phase between 36 and 45 atomic pct Ta with un- 
known structure. The X-ray diffraction pattern 
taken at room temperature of the 1200°C annealed 
and quenched alloy with approximately 62 atomic 
pet Ta indicates that this structure is also of the 
CsCl type, i.e., an ordered solid solution, such as 
was found to occur in the Ru-V system. The solu- 
bility limit of tantalum in ruthenium is less than 
27 atomic pct Ta. 

Ru-Cr System—Nothing was found in the litera- 
ture concerning the equilibrium conditions in this 
system. The five alloys listed in Table II were ex- 
amined at 1200°C. Only one intermediate phase 
was found and this has the o structure, Table III. 
This phase has a narrow range of composition, 
probably about 2 pct wide, about 66 atomic pct (Cie. 
The solid solubility limit of chromium in ruthenium 
exceeds 50 atomic pct, while the solid solubility 
limit of ruthenium in chromium is less than 26 
atomic pct.** 


** Raub and Mahler‘* published data concerning this system after 
the present paper was accepted for publication. They also found 
only one intermediate phase at 900° to 1300°C at the same compo- 
sition, but they did not identify it as a o phase. These authors also 
found Cr3;Ru and CriRu at temperatures below 900°C. 


Ru-Mo System—Recently, Raub” reported the oc- 
currence of an intermediate phase of unknown struc- 
ture in this system at the composition Ru,Mo,. The 
alloys listed in Table II were annealed at 1200°C. 
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In accordance with Raub, only one intermediate 


phase was found, and this has now been identified 
as ao phase, Table III, existing over a very narrow 
range of composition of the order of 1 pct at 60 
atomic pet Mo. The X-ray diffraction data are in 
good agreement with those reported by Raub for 


Ru;Mo,.+ 


y+ After the completion of the present paper, a publication by D. S. 
Bloom”. appeared, which identifies RusMo; as a g phase, in agree- 
ment with the present work. 


Ru-W System—According to Raub and Walter,” 
there are no intermediate phases in this system; 
the solid solution limit of tungsten in ruthenium 


Table V. Phases with Close-Packed-Hexagonal Structure, 


Unfiltered Chromium Radiation 


Rh-Cr, Rh-Mo, Rh-W Pt-Mo, 
50 Atomic 73 Atomic 80.8 Atomic 42.4 Atomic 
Pct Rh, Pct Rh, Pct Rh, Pet Pt, 
50 Atomic 27 Atomic 19.2 Atomic 57.6 Atomic 
Pct Cr* Pct Mo;+ Pet Wi Pct Mos 
Sin2/ Sin24 Sin?4 Sin24 
Ob- Caleu- Ob- Caleu- Ob- Caleu- Ob- Calcu- 
hkl served lated served lated served lated served lated 
100B 0.2047 0.2033 0.1992 0.1992 0.1878 0.1873 
0028 0.2410 0.2408 0.2322 0.2308 0.2333 0.2320 0.2189 0.2168 
100~@ 0.2476 0.2456 0.2380 0.2371 0.2390 0.2384 0.2263 0.2259 
1018 0.2651 0.26385 0.2545 0.2532 0.2564 0.2572 0.2416 0.2415 
002a~ 0.2905 0.2904 0.2795 0.2784 0.2813 0.2800 0.2634 0.2616 
10la 0.3208 0.3182 0.3070 0.3070 0.3087 0.3084 0.2917 0.2913 
102B 0.4458 0.4441 0.4265 0.4263 0.4293 0.4312 0.4048 0.4041 
102~ 0.5363 0.5360 0.5142 0.5155 0.5162 0.5184 0.4873 0.4875 
119ai 0.7369 | 
110a» 0.7390 J 0.73868. 0.7111 0.7113 0.7145 0.7152 0.6743 0.6777 
1038 0.7426 0.7451 
1128 0.8487 0.8507 0.7741 0.7787 
2016 0.8734 0.8734 0.8368 0.8397 
103a1 0.8941 | 
103a> 0.8973 | 0.8990 0.8577 0.8635 90.8610 0.8684 0.8134 0.8145 
004a 0.8674 0.8672 
* a = 2.668A, co = 4.249A, and c/a = 1.592. 
+ do = 2.715A, co = 4.340A, and c/a = 1.598. 
t do = 2.708A, co = 4.328A, and c/a = 1.598. 
$ do = 2.782A, co = 4.4774, and c/a = 1.609. 
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Table VI. Phases with a-Manganese Structure, CrKa Diffraction Lines 


Sin? Intensity 


Sin? Intensity 


Ob- Calcu- Ob- 
hkl served lated served* 


Calcu- Ob- 


Calcu- Ob- Calcu- 


served lated served* lated 


Re-Cb, do = 9.670A 


220 0.1131 0.1122 vw 

310 — 0.1402 Absent 

222 0.1689 0.1682 Vw 

321 es 0.1962 Absent 

400 0.2254 0.2243 W 

11 

330 | 0.2538 0.2524 vw 

420 = 0.2804 Absent 

332 0.3093 0.3084 Ss 

422 i 0.3375 0.3365 M 

1 

431 | 0.3657 0.3645 Ss 

521 0.4208 0.4206 Vw 

ase 1 — 0.4486 Absent 

530 | 0.4775 0.4766 Vw 

0.5046 Absent 

ae 0.5320 0.5326 vw 

620 oes 0.5606 Absent 

622 0.6171 0.6169 Ww 

444 0.6736 0.6730 Ww 

550 

710 0.7008 0.7010 M 

543 

640 = 0.7290 Absent 

721 

633 0.7568 0.7570 Ss 

552 

642 0.7848 0.7851 M 

730 0.8118 0.8131 M 
Re-Mo, a = 9.55A 

220 0.1160 0.1150 vw 

310 —_— 0.1437 Absent 

222 0.1730 0.1724 Vw 

321 — 0.2012 Absent 

400 0.2322 0.2300 W 

411 ) 

330 0.2610 0.2587 vs 

420 — 0.2874 Absent 

332 0.3179 0.3161 Ss 

422 0.3469 0.3449 M 

} 0.3750 0.3736 Ss 

521 0.4321 0.4311 Vw 

440 an 0.4600 Absent 

433 

0.4872 0.4886 vw 

600 

442 — 0.5174 Absent 

0.5450 0.5461 vw 

620 — 0.5748 Absent 

622 0.6314 0.6322 Ww 

444 0.6889 0.6898 Ww 

550 

710 0.7174 0.7185 M 

543 

640 — 0.7472 Absent 

721 

633 0.7736 0.7760 s 

552 

642 0.8023 0.8047 M 

730 0.8315 0.8334 M 


Re-Ta, d@ = 9.711A 


— Absent 0.70 
Absent 0.10 
0.1667 0.1668 Vw 0.58 
0.1946 0.1946 Absent 0.53 
0.2226 0.2224 Ww 3.78 
0.2509 0.2502 VS 89.4 
— Absent 0.40 
0.3060 0.3058 Ss 27.6 
0.3339 0.3336 M 9.4 
0.3620 0.3614 SY 13.9 
0.4163 0.4170 Vw 1.10 
= — Absent 0.25 
0.4733 0.4726 Vw 1.14 
Absent 1.38 
0.5282 0.5282 Vw 2.32 
Absent 0.37 
0.6122 0.6116 WwW 3.4 
0.6670 0.6672 Ww 8.6 
0.6954 0.6950 M 11.6 
— Absent 0.01 
0.7510 0.7506 Ss 47.9 
0.7784 0.7784 M 7.5 
0.8061 0.8062 M 5.4 
Re-W, a = 9.588A 
0.1139 0.1141 Absent 0.70 
— 0.1426 Absent 0.10 
— 0.1711 Absent 0.58 
—_ 0.1996 Absent 0.53 
0.2285 0.2282 WwW 3.78 
0.2574 0.2567 VS 89.4 
— 0.2852 Absent 0.40 
0.3140 0.3137 Ss 27.6 
0.3425 0.3422 M 9.4 
0.3711 0.3708 Ss 13.9 
0.4287 0.4278 Vw 1.10 
— 0.4564 Absent 0.25 
—_ 0.4849 Vw 1.14 
— 0.5134 Absent 1.38 
0.5430 0.5419 Vw 2.32 
0.5704 Absent 0.37 
0.6265 0.6274 a4 3.4 
0.6846 0.6845 WwW 8.6 
0.7132 0.7130 M 11.6 
ao 0.7416 Absent 0.01 
0.7699 0.7700 Ss 47.9 
0.7985 0.7986 M ices 
0.8267 0.8271 M 5.4 


* VW stands for very weak; W, weak; M, medium; S, strong; and VS, very strong. 


is 36.5 atomic pet W and the lmit of solution of 
ruthenium in tungsten is 15 atomic pct Ru. Only 
one alloy was examined in this system (annealed 
at 1200°C) and this confirmed the absence of 
intermediate phases. This alloy, containing 50 
atomic pct W, was found to consist of the body- 
centered-cubic tungsten-rich solid solution in equi- 
librium with the close-packed-hexagonal ruthe- 
nium-rich solid solution. 

Rh-V System—Nothing was found in the litera- 
ture concerning the equilibria in this system. Four 
alloys were annealed at 1200°C and these are listed 
in Table II. Two intermediate phases were found. 
One of these, V,Rh, possesses the ordered 6-tungsten 
structure, Table IV. An alloy containing 40 atomic pct 
V consists of a second intermediate phase with a 
close-packed-hexagonal crystal structure, Table V. 

Rh-Cb System—Nothing was found in the litera- 
ture concerning the equilibria in this system. Seven 
alloys, listed in Table II, were annealed at 1000°C. 
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Two intermediate phases were found. Cb,Rh was 
found to have the ordered §-tungsten structure, 
Table IV. Another intermediate phase was found 
over a range of about 1 pct at approximately 60 
atomic pct Cb. Direct comparison of X-ray films 
showed that this phase is isomorphous with o, Table 
III. The rhodium-rich phase in equilibrium with o 
may be either another compound or the rhodium- 
rich solid solution. No data were obtained on this 
point. 

Rh-Ta System—No work has been reported in the 
literature on this system. The eight alloys listed in 
Table II were annealed at 1000°C. Only one inter- 
mediate phase was found, the o phase, Table III, 
which exists over a narrow range at approximately 
60 atomic pct Ta. 

Rh-Cr System—Nothing was found in the litera- 
ture concerning this system. The six alloys listed 
in Table II were annealed at 1200°C, and two inter- 
mediate phases were found. Cr,Rh is of the ordered 
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lated 
0.70 
0.10 
0.58 
0.53 
3.78 
89.4 
0.40 
27.6 
9.4 
13.9 
1.10 
0.25 
1.14 
1.38 
2.32 
0.37 
3.4 
8.6 
11.6 
0.01 
47.9 
7.5 
5.4 
0.70 
0.10 
0.58 
0.53 
3.78 
89.4 
0.40 
27.6 
9.4 
13.9 
1.10 
0.25 
1.14 
1.38 
2.32 
0.37 
3.4 
8.6 
11.6 
0.01 
47.9 
7.5 
5.4 


Table VII. 


X-Ray Diffraction Data for Four Intermediate Phases, CrKa Radiation 


Sin? Intensity Sin? 


Observed Observed# Calculated Indices Observed 
Ae 63 cee Pct Cr + 3% Atomic Pct Pt* 50 Atomic Pct V + 50 Atomic Pct Ru; 
0.2749 S 0.1820 110 0.1476 Ww 0.1495 100 
0.3650 MS 0.2730 LiL 0.2858 Ss 0.2865 101 
0.4554 Ww 0.3640 200 0.2985 M 0.2990 110 
0.5460 vw 0.4550 210 0.4356 M 0.4360 111 
0.7262 Ss 0.5460 211 0.5991 W 0.5980 200 
0.8180 Ww 0.7280 220 0.7350 M 0.7350 201 
’ 0.8190 221 0.7490 Ww 0.7475 210 
0.8456 M 0.8470 112 
0.8853 Ss 0.8845 211 
52 Atomic Pct Cb + 48 Atomic Pct Rut 50 Atomic Pct Ta + 50 Atomic Pct Ru§ 
0.2606 101 0.2605 0.2595 101 
2 0.2881 M 0.2880 110 
0.5812 110 0.4619 vw 
0.7485 oy 0.5824 200 0.5753 Ww 0.5760 200 
0.7721 a 0.7512 112 0.7482 Vw 0.7500 112 
0. == 2 0.8328 s 0.8325 211 
‘8442 M 0.8430 211 


* Cubic ordered AuCus type structure, a = 3.775A. 
7 Tetragonal, a = 2.96A, c = 3.09A, c/a = = ip 04. 
¢ Tetragonal, a = 3.00A, c = 3.38A, c/a = 1.13. 
§ Tetragonal, a= 3.02A, c = 3.37A, 


i W stands for weak; VW, very weak; M, medium; S, strong; and MS, medium strong. 


f-tungsten type, Table IV. A second intermediate 
phase with close-packed-hexagonal crystal struc- 
ture was found between approximately 50 and 65 
atomic pct Cr. The solid solution of chromium in 
rhodium exceeds 25 atomic pct.tt 


7+ Raub and Mahler‘* published data on this system after the 
present paper was accepted for publication. They identified the 
same two intermediate phases as described here, but some differ- 
ences exist as to the exact location of certain phase boundaries. 


Rh-Mo System—Raub”™ reported the presence of 
a close-packed-hexagonal phase in this system in 
the composition range between 15 and 52.5 pct Mo at 
about 800° to 1400°C. The four alloys listed in Table 
II were examined at 1200°C. Only one intermediate 
phase was found and this has, in accordance with 
Raub, a close-packed-hexagonal crystal structure, 
Table V, with a composition range from approxi- 
mately 27 to over 50 atomic pct Mo. 

Rh-W System—According to Raub and Walter,” 
the only intermediate phase in this system at 1600° 
to 1650°C has a close-packed-hexagonal crystal 
structure. An alloy containing 14.3 atomic pct W 
when annealed at 1000°C and quenched consists of 
the face-centered-cubic rhodium solid solution 
only; but with 17.2 atomic pct W at 1300°C, the 
face-centered-cubic solid solution coexists with a 
close-packed-hexagonal phase. Alloys containing 
19.3 and 46.7 atomic pct W at 1600°C consist of the 
close-packed-hexagonal intermediate phase only 
and an alloy containing 56.6 atomic pct W at 1600°C 
has, in addition to the hexagonal compound, the 
body-centered-cubic tungsten-rich terminal solid 
solution. The three alloys listed in Table II were 
annealed at 1200°C, and they agree with the resuits 
of Raub and Walter. X-ray diffraction data for the 
close-packed-hexagonal phase are shown in Table V. 

Pd-V System—Nothing was found in the litera- 
ture concerning the equilibrium conditions in this 
system. The five alloys annealed at 1200°C are 
listed in Table II. It is probable that there is at 
least one intermediate phase of unknown structure, 
although the data obtained are not decisive. The 
solution of vanadium in palladium is approximately 
50 atomic pct V, but the solution of palladium in 
vanadium is less than 20 atomic pct. 

Pd-Cb System—Nothing was found in the litera- 
ture concerning the phase relationships in this sys- 
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tem. Difficulty was encountered in melting these 
alloys without excessive loss in weight of the 
charge. However, analysis results showed that the 
intended composition agrees within about 10 atomic 
pet with the true composition. The alloys, which 
were annealed at 1000°C, are tabulated in Table II. 
Only one intermediate phase was found. This has 
the o structure, Table III, and exists over a very 
narrow range of composition at 60 atomic pct Cb. 

Pd-Ta System—There was nothing in the litera- 
ture concerning the equilibrium conditions in this 
system. The three alloys listed in Table II were an- 
nealed at 1000°C and these show that no inter- 
mediate phase exists at this temperature. 

Fd-Cr System—Only one intermediate phase was 
reported” in this system, namely, Pd.Cr;, which has 
a face-centered-cubic structure with a parameter of 
a = 3.838A. Only two alloys were annealed at 
1200°C and these are listed in Table II. These 
neither confirm nor disallow the presence of the 
Pd.Cr, phase, as the reported parameter of the latter 
is very similar to that of the face-centered-cubic 
palladium-rich solid solution. It is apparent, how- 
ever, that no other intermediate phase exists at 
1200°C, as the face-centered-cubic structure co- 
exists with the body-centered-cubic chromium-rich 
solid solution.t 


t After the completion of this paper, the authors became aware of 
a recent publication by Raub and Mahler® which, in agreement 
with the foregoing conclusion, shows no PdeCrg phase. 


Pd-Mo System—Raub”™ reported no intermediate 
phase in this system in the temperature range of 
800° to 1200°C. Two alloys were annealed at 
1200°C, Table II, and these confirm that the face- 
centered-cubiec and body-centered-cubic solid solu- 
tions exist together in equilibrium. The solid solu- 
tion of palladium in molybdenum appears to be 
greater than 25 atomic pct Pd, although an alloy 
with 28 atomic pect Pd was reported by Raub” to 
consist of two phases. 

Pd-W System—According to Raub and Walter,” 
an alloy containing 19.9 atomic pct W consists of 
the face-centered-cubiec palladium-rich solid solu- 
tion at 1100°C. An alloy containing 36.7 atomic 
pet W at 1000°C consists of the face-centered-cubic 
palladium-rich solid solution plus the body-cen- 
tered-cubic tungsten-rich solid solution. In the 
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present work, one alloy, containing 37 atomic pet W, 
was annealed at 1200°C. It was found to consist of 
the face-centered-cubic and body-centered-cubic 
solid solutions, thus confirming the absence of inter- 
mediate phases at 1200°C. 

Pt-V System—Nothing was found in the litera- 
ture relating to this system. The four alloys listed 
in Table II were annealed at 1200°C. Only one 
intermediate phase was found, V,Pt of the ordered 
B-tungsten type, Table IV. The solid solution of 
vanadium in platinum exceeds 40 atomic pct V. It 
appears probable that between V;Pt and the plati- 
num-rich solid solution another intermediate phase 
occurs, but this has not been definitely established. 

Pt-Cb System—Wallbaum” examined this system 
for the presence of Laves phases, but found none. 
He apparently did not investigate for other phases. 
Seven alloys were annealed at 1000°C, and these 
are listed in Table II. Two intermediate phases 
were found. Cb,Pt has the ordered 6-tungsten struc- 
ture, Table IV.* A second intermediate phase exists 


* After this paper was submitted for publication, the authors have 
become aware of a recent paper by Geller, Matthias, and Goldstein* 
in which the existence of this phase was already described. 


in this system over a range of less than 1 pct at 
about 62.5 atomic pct Cb. X-ray diffraction evidence, 
shown in Table III, indicates that this phase has the 
o structure. 

Pt-Ta System—Nothing was found in the litera- 
ture relating to this system. The seven alloys which 
were annealed at 1000°C are listed in Table II. The 
only intermediate phase found is oc, Table III, with 
limits between 65.8 and 69.5 atomic pct Ta at the 
platinum-rich end and between 81.5 and 83.5 atomic 
pet Ta at the tantalum-rich end. 

Pt-Cr System—According to Gebhardt and 
Koster,” up to 50 pet Cr goes into solution in plati- 
num at the solidus temperature. Compounds of un- 
known composition form below 1150°C. On the 
basis of a hardness survey, Nemilov™ concluded that 
the compounds are the following: Cr;Pt, PtCr, and 
Pt.,Cr. The three alloys listed in Table II were an- 
nealed at 1000°C. An intermediate phase, corres- 
ponding to Cr.Pt, was found to have the ordered 
A-tungsten structure. Another intermediate phase, 
present at about 63 atomic pct Cr, has been tenta- 
tively identified, Table VII, as an AuCu,-type ordered 
structure, derived from the face-centered-cubic 
platinum-rich solid solutions. Its unit cell dimension 
of a, = 3.775A is in line with that for the face-cen- 
tered-cubic phase, if the contraction of the plati- 
num lattice by the addition of chromium in solid so- 
lution is taken into account. For platinum, the unit 
cell dimension is a, = 3.916A, and for the face-cen- 
tered-cubic alloy with 50 atomic pet Cr, a = 3.802A. 
The ordered phase apparently either coexists with 
Cr,Pt at 1000°C or it forms on cooling to room tem- 
perature from the face-centered-cubic disordered 
solid solution that may coexist with Cr,Pt at 
1000°C.#2 


tt Raub and Mahler‘* published data concerning this system after 
the present paper was accepted for publication. They, too, found 
CrsPt, with ordered §-tungsten structure, and an ordered face-cen- 
tered-cubic solid solution in the composition range 23.3 to 60.5 
atomic pct Cr. 


Pt-Mo System—Nemilov™ investigated alloys con- 
taining up to 42 pct Mo without exceeding the face- 
centered-cubiec platinum-rich solid solution limit. 
Hultgren and Jaffee” found that at least 50 atomic 
pet Mo is soluble in platinum at 1000° and 800°C. 
Raub™ recently found a close-packed-hexagonal 
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intermediate phase at 1200°C. Four alloys were an- 
nealed at 1200°C, and these are listed in Table II. 
Only one intermediate phase was found at this 
temperature, which is  close-packed-hexagonal, 
Table V, in agreement with Raub. 

Pt-W System—Jaffee and Nielson” found no inter- 
mediate phases in this system. They report that 
platinum dissolves about 60 to 65 pct W, and tung- 
sten dissolves approximately 4 to 6 pct Pt at 2460°C. 
Only one alloy was examined, containing 70 atomic 
pet W, annealed at 1200°C. It consisted of the body- 
centered-cubic and face-centered-cubic terminal 
solid solutions, in agreement with Jaffee and Nielson. 


Discussion of Results 

That the composition of the o phases formed by 
the elements manganese, iron, cobalt, and nickel 
with vanadium and chromium may be correlated 
with the hybride 3d + 4s electron shell vacancy 
numbers taken from Pauling’s theory” was noted 
earlier.” * The o alloys formed by molybdenum 
with iron and cobalt also conform fairly well with 
this scheme.’ The alignment of ternary o and » phase 
fields with lines of constant electron vacancy num- 
bers has been established in several systems.* *° 
However, the recently discovered o phase in the 
Mn-Mo system” occurs at approximately 40 atomic 
pet Mo, in contrast to the o phases formed by man- 
ganese with chromium and vanadium where the 
mean chromium and vanadium content is in the 
neighborhood of 20 atomic pet. Thus, although the 
description based on electron vacancy numbers is 
quite self-consistent for the o phases formed by first 
long period transition elements, it was found to 
break down in the case of at least one o phase with 
a second long period element. Examination of the 
data for o phases investigated in the present work 
indicated that they, too, are not in quantitative 
agreement with predictions that might be made on 
the basis of assuming hybride 4d + 5s and 5d + 6s 
shell electron vacancy numbers for these elements 
in accordance with the 3d + 4s shell electron vacancy 
numbers for the corresponding first long period 
transition elements. Thus, the mean compositions of 
rhenium o phases range from about 37 to 50 atomic 
pet of the other element. These compositions cor- 
respond much more closely to the manganese o with 
molybdenum than to the manganese o alloys with 
first long period elements. 

Even if the electron vacancy numbers for the sec- 
ond and third long period transition elements are 
not the same as those of the corresponding first long 
period transition elements, it is worth considering 
whether or not a self-consistent scheme, based on a 
set of empirical electron vacancy numbers for the 
second and third long period transition elements, 
could be developed. That no such scheme may be 
quantitatively based on the assumption of a char- 
acteristic electron vacancy number for each element 
(independently of the choice of its partner for c) 
is evident from the data, Table VIII. For instance, 
the o phases formed by rhodium with columbium 
and tantalum have about the same composition, 
which would lead to the assignment of the same 
characteristic number for columbium and for tanta- 
lum; however, the o phases formed by platinum with 
columbium and tantalum have distinctly different 
compositions. As a result, no set of characteristic 
numbers can be assigned so as to be self-consistent. 
As mentioned previously, a similar inconsistency is 
revealed by comparing the manganese, iron, and 
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cobalt « phases formed with chromium and those 
formed with molybdenum. 

Nevertheless, there are at least qualitative rela- 
tions between the positions of the second and third 
long period transition elements in the periodic table 
and the corresponding o compositions, which are 
analogous to those found in the first long period, 
Table VIII. For two pairs of o phases—the pair 
formed by columbium with rhenium and platinum 
and the pair formed by tantalum with rhenium and 
platinum—the composition shifts in the same direc- 
tion as in the case of the corresponding first long 
period o« phases (vanadium with manganese and 
nickel). The third such comparison that can be made 
on the basis of the present data does not indicate a 
shift: the composition of the o phases formed by 
columbium with rhodium and palladium is approxi- 
mately the same. (However, it may be noted that 
the composition of (Cb,Rh)o given in Table VIII is 
not based on chemical analysis.) No data for other 
pairs of « phases formed by two elements in the 
same (second or third) long period with the same 
third element are now available. 

If the compositions of the chromium or molyb- 
denum o phases with rhenium in the third long 
period and with ruthenium in the second long period 
are compared, it is found that the shift is again in 
the right direction. Similarly, the composition of 
the tantalum o phase with rhodium (second long 
period) falls between those of the tantalum phases 
with the third long period elements rhenium and 
platinum, as it should. A similar shift also appears 
in the case of the o phases of columbium with rhe- 
nium, rhodium, and platinum. It may therefore be 
concluded that, at least qualitatively, the shift in o 
phase compositions with the position of one com- 
ponent in the periodic table, investigated in some 
detail for the first long period o phases," is effective 
also for the second and third long period systems. 

It is interesting to note in view of the present 
work that the face-centered-cubic metals nickel, 
palladium, platinum, and rhodium do form several 
o phases with the vanadium group elements, Table 


VIII, but none with the chromium group elements.§ 


§ The present data obtained for one or two temperatures only are 

not, of course, really adequate to prove the absence of an interme- 
diate phase in any binary system. However, the absence of a cer- 
tain phase at 1000° or 1200°C indicates at least that, if at all present, 
the phase in question must have a rather limited temperature range 
of existence, The following comments should be interpreted with 
this limitation in mind. 
On the other hand, the close-packed-hexagonal 
transition elements ruthenium and rhenium do form 
o phases with the chromium group elements and 
at least ruthenium does not form o phases with the 
vanadium group elements. Rhenium does form o 
phases also with the vanadium group elements, but 
even here the vu forming tendency appears to be 
definitely weaker than in the corresponding alloys 
with the chromium group elements. Thus, (Re,Mo)o 
and (Re,W)o are 20 and 23 atomic pct wide, respec- 
tively, while (Re,Cb)o and (Re,Ta)o are much nar- 
rower (4 and 1 pct wide, respectively). 

An Os-Mo intermediate phase was reported by 
Raub” to be isomorphous with Ru;Mo,, which is 
shown in the present work to be a o phase. Pre- 
sumably, therefore, Os,;Mo,; is also a o phase and, as 
such, fits into the foregoing pattern. Cobalt, which 
is in the same group of the periodic table as face- 
centered-cubic rhodium, nevertheless does form a 
o0 phase with chromium; it is interesting that, in 
accordance with its alloying behavior, cobalt is close- 
packed-hexagonal at least at lower temperatures. The 
physical basis of the foregoing relationships is not 
clear, but it is likely to be connected with the elec- 
tronic structure of the various atoms in their alloys. 

In all o phases previously known, except those 
formed by manganese with chromium and vana- 
dium, the component with the larger electron 
vacancy number also has the larger atomic radius, 
Table VIII. For the (Cr,Mn)c, this relationship is 
reversed; and in the case of (V,Mn)oc, the Gold- 
schmidt atomic radii of the components are the 
same. (Cr,Re)o and (Cr,Ru)o, found in the present 
investigation, provide additional examples of o 
phases with the reversed atomic size relationship. 
It may be significant that almost all known o phases 
are formed by two elements from the same long 


Table VIII. Composition of Binary o Phases in Atomic Percentages at Temperatures Indicated 


First Long Period 


Second Long Period 


Third Long Period 


Ni, Te, Ru, Rh, Pd, Re, Os, ir; Pt, 
124A* 136A*  1.34A* 134A* 137A* 137A* 137A* 1.38A* 
; °C 1200°C 1200°C ; *  4200°C 
V, 1.35A* 000°C 1200°C 1200°C 1200°C 1200°C 
cant sat ; 33.5 to 56 43.5 to 54.5 to None None None None None 
24.5 pct pet V 68.0 pct ue pet 
1200°C 1000°C 1060°C 1200°C i 1000°C 
Cb, 1.47A* 7 1200°C 1200°C 1200°C ‘ 
f None 60 pet 60 pet 50 pet 62.5 pe 
1200°C 1000°C 1000°C 1200° 7 + ° 
None None None one 
° ° ; 1200°C 1200°C 1200°C 1200°C + 900°to 1000°C 
Cr, 1.28A* 1000°C None 66 pet Cr None None 36.8 pet 1300°C None 
r one 
ct 60 pct None None 33 to 52 62.5 pct None None 
Mo Mo Mo 1200°C 1400° t 1200°C 
n 
mately mately pe one 
60 pet W 50 pct W 


* Goldschmidt atomic radii. 
+ Occurrence of o phase is un! 
t No chemical analysis is aval 


known for this system. 
lable for this composition. 


+ Raub an ‘ 
= their data, may possibly be o. 


d Walter reported an intermediate phase at 70.9 to 80.5 atomic 


pet W, which was not identified by them but which, from 
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period or from long periods adjacent to each other. 
(Cr,Re)o and the o phases apparently formed by 
tungsten with iron and cobalt® are the only ones 
now known in which the two components are from 
long periods twice removed from each other. As 
mentioned earlier in this paper, on the basis of pre- 
viously known data it was possible to ascribe this 
tendency to intolerance of the o phase for partners 
with too great a difference in atomic size. However, 
the following examples, resulting from the present 
investigation, indicate that this view is probably 
wrong, at least when the difference in the atomic 
radii is less than about 12.8 pct (o phase with tung- 
sten and cobalt). Palladium forms a o phase with 
columbium (in the same long period) but not with 
tantalum, although the Goldschmidt atomic radii of 
columbium and tantalum are identical. Further- 
more, palladium and rhenium do form o phases with 
columbium, but not with vanadium, although vana- 
dium has a Goldschmidt atomic radius much closer 
to the formers’ than columbium does. Columbium 
and tantalum, both of which form o phases with 
rhodium, have atomic radii approximately 9.7 pct 
larger than that element; while vanadium, in the 
same group of the periodic table, does not form a 
o phase with rhodium although it has an atomic 
radius less than 1 pct larger than that of rhodium. 
That, on the other hand, near equality of the part- 
ners’ size does not prevent the formation of the o 
phase is shown by the (V,Mn)oc, mentioned pre- 
viously, which has a rather wide composition and 
temperature range of stability. The present work 
provides an additional example where the difference 
of the atomic radii of the components is fairly small 
—about 2 pct in the case of the o phase formed by 
rhenium with molybdenum. 

A relationship with the location of the components 
in the periodic table, somewhat similar to that de- 
scribed for the o phase, appears to hold also for the 
close-packed-hexagonal intermediate phases de- 
scribed in the present paper. It may be significant 
that rhodium, a face-centered-cubic metal immedi- 
ately to the right in the periodic table from the 
close-packed-hexagonal transition elements, forms 
close-packed-hexagonal intermediate phases with 
the body-centered-cubic chromium group elements 
which are placed immediately to the left of the close- 
packed-hexagonal transition elements, but that it 
does not form such phases with the vanadium group 
transition elements one column further to the left 
of the chromium group.* The only close-packed- 


* Additional close-packed-hexagonal intermediate phases, also 
conforming to this observation, were recently found by Raub and 
Mahler4é in the Ir-Cr system (24.4 to 60 atomic pct Cr), by Raubl% 
in the Ir-Mo system (33.5 to 57.3 atomic pct Mo) and by Raub and 
Walter” in the Ir-W system (25.4 to 51.2 atomic pct W). 


hexagonal intermediate phases known to be formed 
by transition elements of the nickel group (nickel 
and platinum) are also with an element in the 
chromium group (molybdenum). 

It is interesting to note that a composition shift 
with varying location of a component in the periodic 
table, similar to that described previously for the 
o phase, appears to occur also in the case of the 
close-packed-hexagonal intermediate phases. The 
composition range of the rhodium and iridium” 
phases with molybdenum is roughly 20 to 55 atomic 
pet Mo, while that of the Pt-Mo phase is about 50 
to 65 atomic pct Mo. In view of the large size dif- 
ference between chromium and tungsten, both 
forming close-packed-hexagonal phases with rho- 
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dium, atomic size does not appear to be critical in 
the selection of partners to form this phase. 

A suggestion of the influence of electronic struc- 
ture is also apparent in the formation of the a-man- 
ganese-type intermediate phases described in the 
present work. It may be significant that, appar- 
ently, the only element forming such phases with 
vanadium and chromium group elements is rhenium, 
which is in the same group of the periodic table as 
manganese itself. Judging by the composition of 
the o phases formed by chromium with manganese 
(approximately 20 atomic pet Cr) and with rhenium 
(approximately 36.8 atomic pct Cr), it may be said 
that rhenium behaves in these alloys as if it had 
a lower 5d + 6s band electron vacancy number than 
the corresponding 3d + 4s electron vacancy number 
of manganese. If the a-manganese structure is 
assumed to correspond to an electron vacancy num- 
ber characteristic of manganese, it would then be 
appropriate to find an intermediate phase of this 
structure in the alloys of rhenium with elements 
that are capable of raising the average number of 
electron vacancies in the alloy, i.e., with vanadium 
and chromium group transition elements. 

The fact that vanadium and chromium themselves 
do not form a-manganese phases with rhenium, but 
columbium, tantalum, molybdenum, and tungsten do, 
may perhaps be rationalized on the basis that the 
Goldschmidt atomic radii of vanadium and chromium 
are too small. Since, in these structures, rhenium 
may be considered as if it were located to the right 
of manganese in the periodic table, it is of interest 
that the ternary x phase,“ which has an ordered 
a-manganese structure,* is formed by the elements 
iron (directly to the right of manganese in the 
periodic table) with chromium and molybdenum 
(both directly to the left of manganese). If the 
average electron vacancy number is calculated for 
the x phase, using the representative composition 
of this phase and the electron vacancy numbers of 
the component elements, such as are used for simi- 
lar purposes in connection with the o phase, it is 
found that this electron vacancy number is prac- 
tically identical with that attributed to manganese. 
Although the analogous relationships for the a-man- 
ganese phases formed by rhenium would be difficult 
to check accurately because of the wide composition 
range of these phases, the composition relationships 
described certainly suggest, at least qualitatively, 
that the occurrence of the a-manganese phase is 
strongly influenced by the electron vacancy condi- 
tions, in a way similar to that in the case of the o 
phase. 

CsCl-type ordering was observed to oecur in 
the body-centered-cubic terminal solid solutions of 
vanadium and tantalum with ruthenium. Presum- 
ably, such ordering also takes place in the Cb-Ru 
alloys, although X-ray evidence is lacking because 
of the small difference in the scattering factor of 
these two metals. In the body-centered-cubic ter- 
minal solid solutions of the chromium group metals 
with ruthenium, no evidence of ordering was de- 
tected in the quenched alloys. Similarly, Tagaya, 
Nenno, and Nishiyama” found no CsCl-type order- 
ing in the body-centered-cubic solid solutions in the 
Cr-Fe system, and Raub” did not report such order- 
ing in the Mo-Os system. 

It would appear that the relative attraction be- 
tween the atoms of vanadium group elements and 
of iron group elements is greater than that between 
the atoms of chromium group elements and of iron 
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group elements. Thus, ordering may also be ex- 
pected to occur in the alloys of iron and osmium with 
vanadium group elements. On the contrary, as al- 
ready discussed, ruthenium is not known 
phases with the vanadium group elements, but o 
phases do occur in the alloys of ruthenium with the 
chromium group elements and in the Mo-Os system. 

The ordered 6-tungsten structure, discussed pre- 
viously, has been known to occur in the alloys of 
vanadium with cobalt and nickel.” The phases 
with this structure, described in the present paper 
are formed by the cobalt and nickel group elements 
rhodium and platinum with vanadium and chromium 
group elements. The £-tungsten phase recently re- 
ported by Raub” in the Ir-Mo system also falls in 
this category. (However, Raub also found a f-tung- 
sten structure in the Os-Mo system, although the 
ruthenium and iron systems with molybdenum and 
chromium apparently do not have a similar phase.) 

All phases of the 6-tungsten structure appear to 
have a very narrow composition range at the stoi- 
chiometric composition of A.B. In these ordered 
structures, the A atoms are arranged in chains (co- 
ordination number is 2) in the three mutually per- 
pendicular directions of the cubic axes. The spacing 
of the A atoms in the chain corresponds to one-half 
of the edge length of the unit cell. Table IX gives 
a list of the known structures of this type, including 
those described in the present paper (marked with 
an asterisk) and those recently reported by Raub” 
and by Matthias, Gieballe, Geller, and Corenzwit.® 

As seen in the table, in all such phases so far 
known, the A element is one from the titanium, 
vanadium, or chromium groups in the _ pericdic 
table, while the B elements may be in the cobalt, 
nickel, copper, zinc, or germanium groups, includ- 
ing silicon from the second short period.§§ The 


§§ WsO has not been included in the table, since its structure is 
not ordered.17 MosZr was omitted because its existence is now in 
doubt.17 


highly selective choice of the A atom on the one 
hand and the rather wide range of electronic struc- 
tures acceptable in the B atoms on the other hand is 
rather interesting. As seen in Table IX, there is a 
fairly consistent correlation between the Gold- 
schmidt radius of the A atom and the % a, (which 
corresponds to one-half the distance of neighbor- 
ing A atoms in the chains). In the various phases 
with £-tungsten structure, the atomic radius of the 
A atom in the chains is approximately 8 to 14 pct 
smaller than the accepted value” of the Goldschmidt 
atomic radius of the same element, as may be ex- 
pected in view of the difference in the respective 
coordination numbers (2 vs 12). It appears then 
that the close-packed chains of A atoms essentially 
determine the unit cell dimensions of the structure. 
On the other hand, the radii of the B atoms may 
vary from approximately 10 pct smaller than that 
of the A atom (as in V,Ni) to at least approximately 
7.5 pet larger (Cr.Pt). 

These variations in the size of the B atoms appear 
to have only a minor effect on the lattice constant; 
the lack of selectivity in regard to electronic struc- 
ture for the atoms in the B position is matched by 
a lack of selectivity in regard to their atomic size. 
The conditions described make the ordered £-tung- 
sten-type phases a rather intriguing object of study. 
It would be interesting to study the nature of the 
binding forces in these structures. It has been re- 
cently reported” that at least some of the silicon and 


TRANSACTIONS AIME 


Table IX. Collected Data for (A;B) Ordered B-Tungsten Phases 


A;:B ence ao TA TR 4r4 
V3Si 42 4.71 1.35 ~1.33 0.87 
V:Ge 43 4,759 1.39 0.88 
V2Sn 47 4.94 ~1.58 0.92 
VsNi 37 4.70 1°35 1.24 0.87 
V3Co 36 4.675 1.25 0.86 
VsRh 4.767 1.35 1.34 0.88 
VsPt 4.805 1.35 1.38 0.89 
CreSi 44 4.555 1.28 ~1.33 0.89 
Cr3Ge 43 4.616 1.28 1.39 0.90 
Crz;Ru 46 4.674 1.28 1.34 0.92 
CrsRh - 4.656 1.28 1.34 0.91 
CrsIr 46 4.669 1.28 1.35 0.92 
CrsPt 4.709 1.28 0.92 
NbzSn 38 ~5.3 1.47 ~1.58 0.90 
NbsRh i 5.115 1.47 1.38 0.87 
NbzOs 47 9.121 1.47 1:37, 0.87 
NbsIr 47 1.47 1°35 0.87 
NbzPt 47* yal 1.47 1.34 0.87 
TasSn 38 ~5.3 1.47 ~1.58 0.90 
MoszSi 45 4.890 1.40 ~1.33 0.87 
Moz30s 13 4.963 1.40 1.37 0.91 
MosIr 4.96 1.40 1235 0.92 
TisPt 40 5.033 1.46 1.38 0.86 
TisAu 40 5.096 1.46 1.44 0.87 
TisHg 41 5.189 1.46 1-55 0.87 
Zr3sHg 41 5.558 1.60 1:55) 0.87 


* Data are taken from this investigation. 


tin-containing structures of this type become super- 
conductive at temperatures as high as 17° to 18°K. 


Summary 
Thirty binary systems of vanadium and chro- 
mium group transition elements with second and 
third long period transition elements were explored 
in regard to the intermediate phases formed. It 
was found that the phases predominating in these 
systems are o, A.B type with ordered §-tungsten 
structure, close-packed-hexagonal phases with small 
unit cell dimensions, and finally phases isomorphous 
with a-manganese. Correlations between the occur- 
rence and the composition of the various phases with 
electronic structure and atomic size of the com- 

ponents have been discussed. 
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Ztsch. “fur 


Influence of Holes and Electrons on the Solubility 


Of Lithium in Boron-Doped Silicon 


A theoretical and experimental study has been made of those interactions be- 
tween holes and electrons which influence the solubilities of donors and acceptors 
in semiconductors. The major portion of the work concerns the solubility of lithium 


in silicon doped to varying degrees with boron. 


This solubility increases with in- 


creasing boron content in a manner predicted by theory and exhibits the expected 
temperature dependence. A qualitative experiment in germanium is described which 
demonstrates, in accordance with theory, that doping with a donor decreases the 


solubility of another donor. 


by Howard Reiss and C. S. Fuller 


EVERAL authors have discussed the possibility 
that holes and electrons behave like chemical 


H. REISS and C. S. FULLER are associated with Bell Telephone 
Laboratories Inc., Murray Hill, N. J. 

Discussion of this paper, TP 4115E, may be sent, 2 copies, to 
AIME by May 1, 1956. Manuscript, Apr. 6, 1955. New York Meet- 
ing, February 1956. 
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entities and influence the solubilities of ionized im- 
purities. Wagner was the first to invoke this con- 
cept in connection with his studies" ? on nonstoichio- 
metric oxides. He used it again in explaining the 
solubility of hydrogen in molten binary alloys. 
In a theoretical paper,‘ Reiss drew attention to the 
fact that solutions of impurities in semiconductors 
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like germanium and silicon constitute a far reach- 
ing analogy with aqueous solutions. The key to the 
analogy consists of permitting holes to play the 
part of hydrogen ions and electrons the part of 
hydroxyl ions. Under this system, ionizable donors 
must be regarded as bases and acceptors as acids. 
The semiconductor itself assumes the role of water, 
the thermal generation of hole-electron pairs being 
likened to the dissociation of water into hydrogen 
and hydroxyl ions. In the same paper, statistical- 
mechanical arguments were advanced to demon- 
strate that equilibria involving donors, acceptors, 
holes, and electrons could be treated quantitatively 
by the simple mass action approach, even when they 
involved heterogeneous stages. 

In a recent paper, Kroger and Vink*® considered 
theoretically the equilbria in oxides and sulphides 
involving not only electrons and holes but vacancies 
as well. Because of the low temperature to which 
the present experiments are limited, the authors 
have not found it necessary to introduce vacancies. 

The authors performed a quantitative experi- 
mental study of some of the predictions regarding 
solubility which can be made by adopting the 
aqueous solution analogy. More specifically, they 
studied the solubility of lithium as a mobile donor 
in silicon under various conditions of acceptor 
(boron) doping and temperature. A preliminary re- 
port® of this work appeared recently as a letter in 
Physical Review. The balance of the present paper 
will be devoted to an elaboration of this letter and, 
besides developing the theory, newer more accurate 
and more extensive data will be given. 


Mass Action Theory 

Although the authors had a general theory in 
mind, they chose to illustrate it empirically with the 
system Li-B-Si. Consequently, it will be convenient 
to describe the various equilibria involved in terms 
of these substances. Mathematical expressions, how- 
ever, will be cast in general notation, applicable to 
any singly ionized donor or acceptor. 

Consider an equilibrium in which lithium is dis- 
tributed between a molten Li-Si phase (in which 
the concentration of lithium may be quite high) and 
solid (single crystal) silicon in which the lithium 
represents a trace (not more than 10” atoms per cu 
em). Actually, the first phase need not be lithium in 
silicon but any phase in which the activity of lithium 
can be maintained constant. For the sake of general- 
ity, it will be referred to as the lithium alloy phase. 

Imagine that the silicon crystal has been doped 
with boron and that the temperature is sufficiently 
low so that the boron (by virtue of its small dif- 
fusivity) is immobile and, therefore, not involved 
in any heterogeneous process. Under these con- 
ditions, the following set of equilibria arise 


Li (alloy) = Li (silicon) @ Li + e 
B (silicon) @B 


Clear [1] 


Here the symbol e* has been used to represent a hole 
and ete~ to denote a recombined hole-electron pair. 

According to Eq. 1, the formation of the weakly 
dissociated e*e~ exhausts the solution of electrons 
and shifts the set of lithium equilibria to the right. 
The solubility of lithium in silicon is therefore in- 
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creased by the presence of boron. It should be noted 
that the efficiency of the process depends upon e*e 
being weakly dissociated. At high temperatures 
when the semiconductor becomes intrinsic, this may 
not be the case and the solubility of lithium will 
then be less sensitive to the presence of boron. In 
terms of the aqueous solution analogue, Eq. 1 rep- 
resents the neutralization of a base by an acid. 

It is obvious that, if boron were replaced in Eq. 1 
by an immobile donor, the solubility of lithium 
would be decreased. Analogously, the solubility of a 
mobile acceptor in equilibrium with an external 
phase would be increased by an immobile donor and 
decreased by an immobile acceptor. Likewise, the 
arguments can be readily extended to the case where 
both types of impurities are mobile. 

Quantitative expressions for the dependence of 
solubility on doping are fairly easy to derive, es- 
pecially when the law of mass action is applicable. 
It is shown in ref. 4 that the latter procedure ceases 
to be valid with the onset of degeneracy but that 
even so the solubility relations can still be derived 
by judicious application of Fermi-Dirac statistics. In 
this work, degenerate situations have been avoided 
explicitly so that the derivations may be based on 
the law of mass action. 

Suppose that the constant activity of lithium in 
the lithium alloy phase is given by a and that the 
un-icnized lithium (donor) in silicon is sufficiently 
sparse so that its activity can be represented by its 
concentration, D. Then it follows 


D= ya [2] 


where y is a constant which may depend on temper- 
ature but not on composition. For the homogeneous 
equilibrium corresponding to the ionization of the 
donor 


(D*)n/D [3] 


may be written, where IT is again independent of 
composition but depends exponentially on tempera- 
ture with an activation energy equal to the ioniza- 
tion energy of lithium in silicon. T is roughly equal 
to the effective density of states in the conduction 
band (for a detailed discussion, see ref. 4). D* and n 
stand, respectively, for the concentrations of ionized 
lithium and conduction electrons. 

Throughout the major portion of the considera- 
tions, D/D* will be a very small number (lithium is 
almost completely ionized) so that D* may be used 
as a convenient and accurate approximation to 
D* + D, the total amount of dissolved lithium. The 
same approximation may be applied to the acceptor 
ionization process, although, in what follows, a bit 
more caution may be required than in the donor 
case, especially for acceptor dopings in excess of 

As is more or less customary in semiconductor 
physics, the equilibrium involving hole-electron 
pairs may be expressed by the relation 


np =n? =C [4] 


where C is a constant at a given temperature, p is 
the concentration of holes, and n; is the concentra- 
tion of electrons in an intrinsic sample. 

The set of necessary equations is completed by the 
addition of the charge balance equation 


D'+p=A +n [5] 


where A~ is the concentration of acceptor tons, as- 
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sumed equal to the total concentration of acceptors 
which can be regarded as completely ionized in most 
cases of interest. 

In order to determine the dependence of D* upon 
A’, the authors begin the manipulation of Eqs. 2 
through 5 by inserting Eq. 2 into 3 to obtain 


(D')n = = K [6] 


in which K by virtue of the defined constancy of a 
is a constant at any given temperature. Eqs. 6, 4, and 
5, when properly combined, yield the following 
quadratic equation 


(D*)? — [KA-/ (K+n2) ]D* — =0. [7] 


An interesting and useful quantity is the value of D* 
achieved when A’ is 0 (i.e., in an undoped sample). 
If this quantity is called D,*, it follows from Eq. 7 
that 

(D.")? = K*/(K-+n,’) . [8] 


This equation can be solved for K 


Thus a knowledge of D,' and n,° suffices to deter- 
mine K. 

After replacing K in Eq. 7 by its value in Eq. 9, 
the former equation can be solved for D* 


Dt = A-/{1 + [1 + + 
(21 / De) (De) 


This last expression admits of some useful rule of 
thumb interpretations. These interpretations will be 
listed in order: 

1—When A is sufficiently large so that (D,.")* may 
be neglected in comparison with (A/[1 + [1 + 
(2n./D,*)?]*”])’, Eq. 10 reduces to that of straight 
line with slope 


Knowledge of this slope, together with knowledge 
of n;, is equivalent to knowledge of D,". 

2—When the condition enunciated in the preced- 
ing paragraph has been realized, the temperature 
dependence of the solubility D* enters only through 
the ratio (n./D,*)’. If this ratio is very small, then 


Dt~ A [12] 


and the solubility is independent of temperature. 
3—Even when (n,/D,*)* cannot be neglected, the 
solubility D* can still exhibit eccentric dependence 
upon temperature, provided that the straight line 
portion of the D* vs A curve is involved. Thus, D,* 
may be an increasing function of temperature so 
that an undoped semiconductor saturated with lith- 
ium, for example, at some high temperature, will 
precipitate its lithium at a lower temperature. On 
the other hand, if (7,/D,")* is also an increasing 
function of temperature (despite the fact that D,* 
itself increases with temperature) then, according to 
Eq. 11, D* will increase with decreasing temperature. 
Under this condition, the boron-doped semiconduc- 
tor saturated with lithium at a high temperature 
will not exhibit the precipitation phenomenon at a 
lower temperature, i.e., boron doping changes the 
sign of the temperature coefficient of solubility. 
4—-If A~ is large enough so that D,* in Eq. 10 is 
small compared to the term in A’, the square root 
function can be developed so that it contains a term 
linear in A~ as well as one in 1/A-. Furthermore, if 


1/3 [13] 
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the square root functions containing (2n,/D,")* can 
be developed to yield 


1 + 2(,/D,‘)* . [14] 
The net result is a formula for D*/A™ 
[(D.*)? + n7]/(A-)*. [15] 


This shows that, when n,/D,* is small so that Eq. 
12 holds, D*/A~ can be either less or greater than 
unity, depending on whether the second or third 
term on the right of Eq. 15 has the larger absolute 
value. 

5—The rules enunciated previously depend upon 
the condition that A~/(1 + [1 + (2n,/D,*)*]””) in Eq. 
10 exceeds D,* by a sizable amount. On the other 
hand, as a rough measure of when this condition 
appears, the point at which the term in A™ just 
mentioned equals D,* only may be located. 


Consider the case 
SS >. [16] 


Then the term in A~ becomes D,*A’/2n, and equals 
D,* provided that 
[17] 


Next, take the case 
== [18] 


Then the term in A becomes A/2.4, and this equals 
D,* when 


Finally, for the case 
21D, [20] 
the term in A is A/2 which equals D, when 


The entire situation may be summed up compactly 
by the statement that the straight line portion of 
the D* vs A’ curve begins to appear whenever 


(D5 Orie) [22] 


D,* being used when 2n, is less than D,*, n; being 
used when 2n, is greater than D,', and either D,* or 
n; being applicable when 2n; and D,* are of the 
same order of magnitude. 


Experimental 

The experiments were performed on specimens 
cut from single crystal silicon, both undoped and 
doped with varying amounts of boron. The un- 
doped material was p-type and ranged in resistivity 
between 15 and’18 ohm-cm. The doped silicon sam- 
ples had resistivities in the ranges 2 to 4, 0.8 to 1.0, 
0.4 to 0.5, 0.2 to 0.1, and 0.04 to 0.05 ohm-cm. Both 
the doped and undoped crystals were grown from 
the same raw silicon. All were grown without rota- 
tion to minimize the effects of heat treatment.” Tests 
at various temperatures showed that, although small 
heat effects were still present at some temperatures, 
the changes corresponded at most to 10° Li per em’ 
and could be ignored in the calculations. 

The specimens measured 1.0x0.4x0.03 ecm and 
were carefully prepared by lapping the surface 
plane parallel on a Bond lapping device* employing 
No. 600 silicon carbide abrasive in water. For de- 
termination of resistivities, dimensions were meas- 
ured to 0.001 mm. Approximately 0.002 mm was 
removed from all surfaces before each resistivity 
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measurement to insure absence of surface effects. 
Resistivities were determined by measuring the 
potential differences between two loaded (100 g) 
tungsten probes spaced 0.375 cm apart when a cur- 
rent of 0.00100 amp was passed longitudinally down 
the specimen. | Measurements were taken at three 
locations on either face of each specimen and the 
average taken as the best value. Deviations from 
the average were less than 5 pct. Boron and lithium 
ion concentrations in the low concentration range 
were calculated from electron and hole mobilities 
determined by Prince. At higher concentrations, 
the mobilities were taken from a curve based on 
Hall mobility measurements.” The effect on the re- 
sults of errors in these mobilities is discussed sub- 
sequently. All measurements were made at 25+2°C. 

The apparatus employed is shown in Fig. 1. Fig. 
la shows the Pyrex tube (with side arm) which 
serves to hold the lithium alloy bath. The specimen 
holder is shown in Fig. 1b and consists of a U- 
shaped quartz rod grooved to receive six specimens, 
one undoped and five boron-doped to provide resis- 
tivities in the ranges given previously. During equi- 
libration the specimens in the holder are immersed 
in the alloy maintained at a fixed temperature 
(within +1°C) by means of a surrounding steel 
block comprising the inner tube of a muffle furnace. 
Equilibration temperatures ranged between 250° 
and 500°C and the equilibration times between 4 
and 100 hr. The latter were calculated to be well 
in excess of the times of saturation from the known 
diffusion constants of lithium in silicon.” 

Two alloys systems were investigated. Both were 
prepared by adding lithium (99.9 pct) to pure tin 
(99.98 pct) to give concentrations of 0.18 wt pct Li 
and 0.61 wt pct Li.” The same two alloys were used 
throughout the entire temperature range. Two sets 
of specimens were used, one set for each alloy bath. 
After the final temperature runs, the weaker alloy 
analyzed 0.17 pct Li and showed no visible changes. 
The stronger alloy analyzed 0.57 pct Li at the end 
of the runs and showed visible darkening. 

The procedure in a given run was as follows: The 
specimens were lapped and measured as described. 
After measurement, they were cleaned in concen- 
trated HNO,, rinsed in pure water, immersed in 
concentrated HF, rinsed in pure water, and dried at 
100°C. They were loaded into the quartz holder 
which was in turn placed in the Pyrex tube, Fig. 1. 
The ground glass stopper with stop cock (silicone- 
greased) was put in place and the tube and contents 
pumped out with gentle warming to about 0.01 mm 
pressure. Dry helium gas was admitted to about 
one-half atmospheric pressure and the system re- 
pumped. This was repeated several times to remove 
air and water. The lithium alloy contained in the 
side arm was melted down around the specimens, 
and the tube and contents were inserted into the 
furnace tube at the run temperature. After equi- 
libration, the tube was removed and quickly tipped 
so as to run the molten alloy back into the side arm. 
This operation required only about 2 to 3 sec so that 
no significant effect on the equilibration occurred. 
After cooling, the tube was opened, the holder re- 
moved, and immersed: in warm HF until the residue 
of the alloy was dissolved away. The specimens 
were then lapped and measured as already described. 

The lithium contents of the saturated specimens 
were determined by taking into account the fact 
’ that the impurity concentration did not correspond 
to the carrier concentration because of the high de- 
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Fig. 1—Apparatus shown was used for determining the solu- 
bility of lithium in silicon, doped with varying amounts of 
boron. Section a shows the Pyrex tube which contained the 
Li-Sn alloy used and section b is a diagram of the specimen 
hoider with its retaining spring and specimens in place. 
Letters on the diagrams indicate: T, Pyrex tube; C:, hole in 
which a control couple was placed; Cz, hole in which a meas- 
uring couple was placed; B, metal cylinder with hole posi- 
tions shown; H, cylinder holder; W, retaining spring; and S, 
the specimens. 


gree of compensation. This could be accomplished 
in a fairly straightforward, if tedious, manner by 
guessing at the lithium concentration. Then, be- 
cause the boron concentration was known, the total 
impurity concentration could be estimated and a 
tentative mobility made available by reference to 
the data mentioned previously. With this tentative 
mobility and the estimated carrier concentration 
(also estimated by virtue of the guess concerning 
the lithium content), the resistivity could be com- 
puted and compared with the experimental value. 
If it did not agree, other guesses at the lithium con- 
tent were made until the correct value of resistivity 
was obtained. This method assumes that the mo- 
bility depends upon ionized impurity concentration 
in the same way, independent of whether the car- 
rier content is or is not equal to the impurity content. 


Results and Discussion 
Preliminary results, some of which have been re- 
ported,’ have confirmed the theory outlined under 
“Mass Action Theory” in a semiquantitative way 
up to temperatures as high as 506°C and for boron 
dopings up to 5x10” per cm.’ These early results 
were, however, carried out with different techniques 
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Table |. Data Obtained on Boron-Doped Silicon Specimens 


Equilibrated in 0.18 Pct Li-Sn Alloy 


Lithium Lithium 
Initial Boron Final Content Content 
Resistivity, Content, Resistivity*, Observed, Ratio Calculated, 
0.18 pet Li-Sn Alloy Ohm-Cm, 25°C A-, Cm-3 Ohm-Cm, 25°C D+, Cm-3 D+/A- Cm-* 
Temperature, 249°C 16.7 7.95x104 113.0N 8.50x1014 1.07 7.96x1014 
ni = 6.161014 2.44 6.00x1015 3.40x1015 0.567 3.38x101% 
Do+ = 5.27x1014 0.718 2.24x1016 1.74P 1.27x1016 0.567 1.26x1016 
0.432 3.93x1016 2.19x1016 0.558 2.21x1016 
0.114 1.95x1017 0.290P 1.10x1017 0.563 1.10x1017 
0.0468 6.93x1017 0.108P 3.49x1017 0.503 3.911017 
Temperature, 280°C 16.3 8.20x1014 15.4N 1.16x1015 1.41 1.19x10% 
ni = 1.43x1015 2.44 6.00x10%5 5.54P 3.33x1015 0.555 3.22x1015 
Dot = 9.72x104 0.718 2.24x1016 1.53P 1.15x1016 0.513 1.10x1016 
0.432 3.93x1016 0.893P 1.93x1016 0.491 1.91x1016 
0.114 1.95x1017 0.242P 9.40x1016 0.482 9.49x1016 
0.0468 6.93x1017 0.0905P 2.89x1017 0.417 3.36x1017 
Temperature, 310°C 16.3 8.20x1014 5.53N 1.77x1015 2.16 1.88x10 
ni = 2.86x105 2.44 6.00x1015 6.08P 3.52x1015 0.587 3.46x1015 
Dot = 1.69x101 0.718 2.24x1016 1.41P 1.06x1016 0.473 1.02x1016 
0.432 3.93x1016 0.820P 1.77x1016 0.450 1.73x1016 
0.114 1.95x1017 0.218P 8.40x1016 0.430 8.59x1016 
0.0468 6.93x1017 0.0845P 2.67x1017 0.385 3.05x1017 
Temperature, 339°C 16.3 8.20x1014 2.64N 2.82x101% 3.44 3.05x1015 
ni = 5.96x1015 2.44 6.00x1015 7.59P 4.00x1015 0.666 4.25x1035 
Dot = 2.88x10% 0.718 2.24x1016 1.33P 0.96x1016 0.428 0.991x1016 
0.432 3.93x1016 0.754P 1.53x1016 0.389 1.55x1016 
0.114 1.95x1017 0.198P 7.40x1016 0.379 7.42x1016 
0.0468 6.93x1017 0.0765P 2.34x1017 0.338 2.64x1017 
Temperature, 374°C 16.3 8.20x1014 1.45N 4.60x1015 5.62 4.67x1015 
ni = 1.08x1016 2.44 6.00x1015 30.6P 5.50x1015 0.917 5.69x1015 
Do+ = 4.53x10% 0.718 2.24x1016 1.36P 1.02x1016 0.455 0.98x1016 
0.432 3.93x1016 0.735P 1.53x1016 0.389 1.39x1016 
0.114 1.95x1017 0.186P 6.70x1016 0.344 6.70x1016 
0.0468 6.93x1017 0.0728P 2.10x1017 0.303 2.38x1017 
Temperature, 404°C 16.3 8.20x104 0.901N 7.11x1015 8.67 8.13x104 
ni = 2.06x1016 2.44 6.00x1015 2.86N 8.10x1015 1.35 8.12x105 
Dot = 8.0x10% 0.718 2.24x1016 1.66P 1.23x1016 0.548 1.24x1016 
0.432 3.93x1016 0.758P 1.60x1016 0.407 1.65x1018 
0.114 1.95x1017 0.179P 6.30x1026 0.323 6.34x1016 
0.0468 6.93x1017 0.0674P 1.77x1017 0.255 2.22x1017 


*In this column, N and P indicate n-type and p-type, respectively. 


and with silicon crystals which were known to be 
subject to rather large heat treatment changes. The 
errors inherent in this previous work have been 
largely overcome in the results reported here. These 
are summarized in Tables I and II, corresponding to 
the weaker and the stronger lithium alloy baths, 
respectively. Fig. 2 shows the corresponding plots 
for the weaker alloy from which some of the runs 
have been omitted for the sake of clarity. The open 
circles are experimental points, while the drawn 
curves have been computed from theory. 

The data on impurity contents summarized in 
Tables I and II are based on a combination of resis- 
tivity measurements and the best mobility data that 
could be found. Since the absolute accuracy of this 


10'8 


POINTS -EXPERIMENTAL 
(HEORY 


mobility data may correspond to a range of +20 pct 
(especially at high impurity levels), it is evident 
that the number of significant figures retained in 
columns 2 and 4 of the tables is not justifiable on 
any sort of an absolute basis. However, Eq. 11 dem- 
onstrates that for large acceptor dopings agreement 
of experiment with theory can only be tested 
through the ratio D*/A™. This, in turn, eliminates 
any strong dependence on the absolute value of mo- 
bility, since the impurity contents at which both 
D* and A™ are measured, being in the ratio of only 
2:1, correspond to about the same mobility. If the 
mobilities were exactly the same, D*/A™ would be 
obtained from a ratio of resistivities and mobility 
would not even be a factor. As it is, the slight 
relative difference in the two mobilities can be ac- 
curately gauged from the mobility data at hand 
independent of its absolute accuracy, so that for all 
practical purposes D*/A™ is known as accurately as 
resistivity can be measured. This explains the re- 
tention of so many significant figures in Tables I 


and II. 

In this connection, it is seen that the measurement 
D*/A~ to the accuracy possible for resistivity meas- 
SO jo'6 urements in the range where Eq. 11 applies amounts 
+ "3 Wa to a measurement of n/ D* to the same accuracy by 

application of the theory. 
AE ie Tables I and II are divided into six parts, one for 
Sener, DILUTE BATH each of the four temperatures mentioned previously. 
D 249°C Ni =6.16 x 10'4 At the left of each part the temperature is listed 
together with the value of n, corresponding to that 
oie Bi won ae temperature and taken from the data of Morin and 
10'S 10!° Maita.” The value of Ds computed from the meas- 


Fig. 2—Graph for the weaker lithium alloy shows the solu- 
bilities of lithium (ordinate) in silicon for three temperatures 
as a function of boron concentration (abscissa). The experi- 
mental results are compared with the theory. 
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urements appearing in the tables is also listed. The 
first column gives the initial resistivities of the 
specimens and the second, the boron concentration 
computed from these. The third column lists the 
resistivities after saturation and the fourth, the 
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Table Il. Data Obtained on Boron-Doped Silicon Specimens Equilibrated in 0.61 Pct Li-Sn Alloy 


Initial Lithium Lithium 
0.61 Pet Li-Sn Alloy Ohm-Cm, 25°C A-, Cm-3 Ohm-Cm, 25°C 
Wwe + = m- 

Cc 7.95x1014 3.46N 2.32x1015 2.92 1.30x10% 
6.10x1015 9.65P 5.94x1015 0.974 4.81x101 
2.25x1016 7.73P 2.031016 0.903 1.71x1016 

3.65x1016 1.99P 2.74x1016 0.750 2.76x1016 

1.98x101 0.620P 1.56x1017 0.788 1.50x1017 

Temperature, 280°C 16.8 7.00x101 0.210P 5.14x1017 0.735 5.30x1017 
7.95x10™4 2.84N 2.67x1015 3.36 2.55x1015 
6.10x1015 31.7P 5.72x1015 0.937 5.55x1015 

0 : 2.25x1016 3.80P 1.79% 1036 0.794 1.74x1018 
3.65x1016 1.98P 2.74x1016 0.751 2.78x1016 

1.52x1027 0.767 1.51x1017 

7 4. 17 17 

2.40 6.10x1015 10.1N 6.70x1015 1.10 6.66x1015 

ot = 3.98x 0.714 2.25x1016 3.38P 1.75x1016 0.778 1.73x1026 
0.463 3.65x1018 1.82P 2.66x1026 0.729 2.65x 1016 

1.43x1017 0.723 1.44x1017 

Temperature, 339 S 16.8 7.95x1014 0.907N 101s 
= 5.96x10 2.40 6.10x10% 2.22N 8.86x1015 1.45 9.60x1015 
Dot = 7.20x10% 0.714 2.25x1018 3.65P 1.77x1026 0.786 1.82x 106 
0.463 3.65x1016 1.72P 2.60x1016 0.712 2.69x1016 

0.400P 1.35x1017 0.682 1.35x1027 

é -00x1017 0.143P 4.32x1017 0. a7 

Temperature, 386°C 16.8 7.95x1014 0.361N 1.86x1016 
= 1.71x1016 2.40 6.10x1015 0.498N 1.90x1018 3.18 1.69x1016 
Dot = 1.50x1016 0.714 2.25x1016 67.0P 2.22x1016 0.986 2.32x1016 
0.463 3.65x1018 2.83P 3.02x1016 0.825 2.93x1016 

0.112 1.98x1017 0.326P 1.21x1017 0.611 1.20x1027 

0.0462 7.00x1017 0.118P 3.791017 0.541 4.16x1017 


*In this column, N and P indicate n-type and p-type, respectively. 


lithium content obtained by combining the informa- 
tion in the second and third columns. The fifth col- 
umn gives the ratios D*/A’, i.e., the ratios of the 
figures contained in the fourth to those in the second 
column. The constancy of these ratios for specimens 
of high boron content confirms the prediction em- 
bodied in Eq. 11. In fact, use of this constant ratio 
in Eq. 11 together with the appropriate value of 7; 


permits the calculation of D* which appears at the’ 


head of each part of the tables. With the knowledge 
of n and D* at each temperature D* can be calculated 


by the use of Eq. 10. This has been done, and the 
results appear in the sixth column of the tables. 

The close agreement with the theory given under 
“Mass Action Theory” is gratifying, especially the 
results obtained with the more dilute lithium alloy 
(Table I and Fig. 2). The agreement for the more 
concentrated lithium alloy is not as good but quite 
satisfactory. The rather poor agreement for the 
250°C data in the latter in particular appears to be 
partly attributable to the nearness to the liquidus 
and the possibility of some solid phases being pres- 
ent. The closeness of the experimental points to the 
theoretical predictions also supports the validity of 
the mobility data and the intrinsic carrier data. 

Fig. 2 shows clearly the reversal in temperature 
dependence of solubility upon going to the high de- 
grees of boron doping. Thus, the higher tempera- 
ture curves cross over the lower temperature curves 
as the concentration of boron increases. 

Finally, the figure demonstrates effectively the 
occurrence of the bend at each temperature at the 
range of boron concentration where the concentra- 
tion of intrinsic electrons, n;, approximates the ac- 
ceptor concentration, A’. 

In this connection, the following experiment with 
germanium is interesting because lithium previously 
has been found to precipitate spontaneously from 
germanium at room temperature: Two specimens 
of p-type germanium, one of 0.0030 ohm-cm (gal- 
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lium-doped) and the other pure germanium of 45.0 
ohm-cm resistivity at room temperature, were es- 
sentially saturated by heating in contact with pure 
lithium at 350°C for 71 hr. Table III shows the 
changes which occurred in the resistivities of these 
two specimens on standing at room temperature 
after quenching from 350°C. 

It is seen that, in spite of the fact that the low 
resistivity specimen took up an estimated 5x10” 
atoms Li per cm* as compared with only 1.5x10” for 
the high resistivity specimen, the former shows no 
precipitation within the experimental error of meas- 
urement whereas in the latter over 90 pct Li has 
precipitated. This result illustrates in striking fash- 
ion the point made previously, that the presence of 
acceptor impurities is able to reverse the solubility- 
temperature relationship of mobile donor impurities. 


Table lil. Effect of Gallium Doping in Preventing Precipitation of 
Lithium in Germanium 


Resistivity* After Standing 


Original Resistivity* at Room Temperature; 
Resistivity ,* After Satura- 
Ohm-Cm; tion, Ohm-Cm; 4 Days 25 Days 
45.0N 0.14N 0.24N 1.52N 
0.0030P 0.0055P 0.0053P 0.0054P 


In the table, N and P indicate n-type and p-type, respectively. 
Resistivity measurements were made at 25°C. 


* 


It is clear from the presentation under “Mass 
Action Theory” that the mass action relations could 
have been developed in the same manner for equi- 
libria involving a mobile acceptor in place of a mo- 
bile donor, such as has been employed in the pres- 
ent work. Likewise, it is clear that permanent don- 
ors in silicon, providing as they do an excess of 
electrons, would be expected on the basis of the 
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Fig. 3—Tests on two germanium specimens, one consisting of a high resistivity p-type section (0.2 ohm-cm by gallium-doping) 
grown adjacent to a low resistivity n-type section (0.003 by arsenic-doping), the other of the high resistivity p-type section alone, 
demonstrate the effect—predicted by the equations presented under “Mass Action Theory’—that permanent donors in silicon 


decrease the solubility of a mobile donor. 


A—This section shows the initial distribution of impurities in two germanium crystals used in the same experiment. The level of 
p-doping with gallium is the same in both crystals. In the first crystal, the doping became n* at a depth of 0.132 cm due to the 


introduction of arsenic. 


B—Diagram shows the condition of the crystals after the introduction of lithium by diffusion. In the first crystal, lithium at the 
p-doping level or greater has penetrated to the original p-n* junction leading to an n-n* distribution. In the second crystal, lithium 
at the p-doping level or greater has only penetrated to a depth of 0.054 cm, as is evidenced by the formation of a p-n junction. 
Low solubility in the n* section causes the p-region occupying the first 0.132 cm of the first crystal to fill up more rapidly 


than the same region of the second crystal. 


C—This section is a schematic representation of the doping profiles in the diffused germanium crystals used in the experiment. 
The concentrations of all the impurities in the two crystals are illustrated. 


arguments to decrease the solubility of a mobile 
donor. 

The authors have been able to demonstrate this 
latter effect qualitatively in the following way: A 
germanium specimen in the form of a rectangular 
prism and consisting of a high resistivity p-type 
section (0.2 ohm-cm by gallium-doping) grown ad- 
jacent to a low resistivity n-type section (0.003 by 
arsenic-doping), was diffused unilaterally with 
lithium placed on the outer surface of the p-type 
section. A control specimen consisting of only the 
p-type section was diffused similarly. The time was 
50 hr and the temperature 375°C in each case. 
Afterward, the two specimens were centrally sec- 
tioned parallel to the diffusion direction (i.e., paral- 
lel to the long axis of the specimens as well as to a 
broad surface) and tested for p-n junctions by 
means of a rectifying probe. The results are shown 
in Fig. 3 where the low resistivity n-section is la- 
belled n°. Fig. 3A shows the situation before the 
lithium diffusion, Fig. 3B after 50 hr. Fig. 3C indi- 
cates schematically the concentrations of all impuri- 
ties in the two specimens. It is seen that, whereas 
the diffusion distance in the uniformly p-type speci- 
men is only 0.054 cm, in the specimen containing the 
low resistivity n-type section it is 0.132 em, which is 
the width of the entire p-type section in the orig- 
inal specimen. This result indicates that the n* 
layer acts as a barrier to the lithium ions because of 
their reduced solubility in this layer. This results in 
an increase in lithium concentration in the adjacent 
p-type section, thus converting it entirely to n-type. 
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In a previous publication,’ the authors advanced 
an explanation of the peculiar trend of the solid 
solubility of pure metallic lithium in silicon” as a 
function of temperature. Further experimental work 
has shown that the higher temperature results are 
in error and therefore in disagreement with the 
theory as presented in this and in the previous pub- 
lication. The authors are re-examining this problem 
at the present time and expect to publish shortly the 
corrected solubilities as well as a discussion of the 
present theory in regard to it. 
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Technical Note 


Effect of Stress on the Martensitic Transformation in the Cu-Zn System 


by E. J. Suoninen, R. M. Genevray, and M. B. Bever 


dh HE martensitic transformation in the B-phase of 
the Cu-Zn system has been the subject of sev- 
eral investigations."~ The transformation is known 
to be reversible and to be affected by stress. Its tem- 
perature range has been determined as a function of 
composition. In the investigation reported here, the 
effect of tensile stresses on the transformation was 
investigated quantitatively. Some information was 
also obtained on the thermoelastic behavior of the 
martensite formed in the first stages of the trans- 
formation. 
_ Most of the experiments were done with alloy E 
of an earlier investigation;‘ this alloy analyzed 60.49 
pet Cu and 39.51 pct Zn by weight. The methods of 
shaping and heat treatment were also essentially the 
same as those previously used. The stress was ap- 
plied to the specimen immersed in a cooling liquid. 
The transformation was followed by measuring the 
electrical resistance with a Kelvin bridge and the 
elongation with a cathetometer. 

Fig. 1 shows the M, temperature as a function of 
stress. Resistance and strain measurements gave 
essentially identical values. The results suggest a 
roughly linear relation between M, and o in the 
range investigated, up to 12 kg mm”. At higher 
stresses, plastic deformation begins to interfere 
seriously with this relationship. 

The increase of M, with stress is consistent with 
published work on the effect of stress on the marten- 
sitic transformation.” *° The slope of the curve, 4°C 
per kg mm”, is of the same order of magnitude as 
the corresponding value calculated for steel.’ 

Fig. 1 also shows the difference, AM, between the 
temperature of 50 pct transformation on cooling, as 
measured by changes in length, and that of 50 pct 
reverse transformation on heating. This difference, 
which may be considered a measure of the hystere- 
sis, increases with stress; the decrease at highest 
stresses is probably associated with plastic deforma- 
tion. 

Preliminary work using only resistance measure- 
ments was done with an alloy containing 60.15 pct 
Cu and 39.79 pct Zn by weight. The results indi- 
cated higher values of M, in agreement with the 
known variation of M, with composition.* The effect 
of stress on M, (2°C per kg mm”) was of the same 
order of magnitude as that shown in Fig. 1 for com- 
position E. An increase in hysteresis with stress 
was also found. 

The following experiment was made in order to 
investigate a partially transformed structure. A 
specimen of alloy E was cooled to —85°C under 
a stress of 4.7 kg mm™. Under these conditions, the 
martensitic transformation started but did not go to 
completion. The stress was then released and the 
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Fig. 1—The starting 
temperature M, and 
the temperature hys- 
teresis AM of the 
martensitic transfor- 
mation are shown as 
functions of stress in 
an alloy containing 
60.49 pct Cu and 
weight. 
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Fig. 2—The elonga- 


tion of a specimen, 
containing 60.49 pct 

Cu and 39.51 pct Zn Aa 

by weight is shown -,,|_ 


as a function of tem- 
perature and _ stress 
in the region of in- 
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specimen cooled to —105°C. Fig. 2 shows the meas- 
ured elongation «. The first change in the slope of 
the curve indicates the beginning of the transforma- 
tion under stress. Removing the load at —85°C 
caused a decrease in length to the value correspond- 
ing to the elastic elongation of the parent phase re- 
sulting from the applied stress. Hence, the marten- 
site formed in the first part of the experiment 
apparently disappears completely and without 
hysteresis upon the release of the stress. The in- 
erease in length on further cooling indicates re- 
newed formation of martensite. These conclusions 
are consistent with the concept of “thermoelastic” 
martensite,” which has been confirmed by test.® 
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Preparation of Metallic Titanium by Film Boiling 


The van Arkel-deBoer method for producing ductile titanium by thermal decom- 
position of Til, vapor and deposition on an electrically heated filament is modified 
by film boiling Til, liquid on a heated filament, resulting in similar titanium deposi- 
tion on the filament and liberation of gaseous iodine. The deposition rate is higher 
and the energy requirement smaller than in the van Arkel process. Many problems 
must be solved before the process is commercially feasible. 


by A. W. Petersen and L. A. Bromley 


ITANIUM of 99.9 pct purity, called ductile tita- 

nium, has been produced by a modification of 
the van Arkel-deBoer’ method. In the van Arkel- 
deBoer method, an electrically heated wire is sus- 
pended from two electrodes, which are placed in a 
container holding Til, vapor at a low’ vapor pressure 
(usually <5 mm Hg). The vapor diffuses to the hot 
wire, usually maintained at 1100° to 1600°C,* and 
decomposes according to the reaction 


Til,> Ti + 41 


liberating gaseous atomic iodine and depositing solid 
crystalline titanium on the wire. Estimations,” * 
based on the data of Runnalls and Pidgeon,” indicate 
that the rate-controlling step is the diffusion of 
atomic iodine away from the wire. There appears to 
be nearly thermodynamic equilibrium at the wire 
with Til, and iodine as the main gaseous species. Til; 
is almost certainly an important gaseous species in 
the cooler regions.* The liberated iodine diffuses to 
a heated source of crude titanium and reacts to form 
more Til, vapor, which again diffuses to the hot wire 
and completes the cyclic process. 

The foregoing process may be modified by sus- 
pending the hot wire in liquid Til,, instead of the 
vapor, and obtaining film boiling. This type of boil- 
ing is characterized by the formation of a continuous 
film of vapor over the wire surface. Since only 
vapor contacts the wire surface, the temperature of 
this surface may be raised as high as desirable, 
within the limit of mechanical strength require- 
ments for the wire. By properly adjusting the input 
voltage, the temperature of the wire may be main- 
tained above 1100°C; and by evacuating the vessel 
holding the liquid Til, and maintaining a suitable 
condenser temperature, the vapor pressure of Til, 
may be held low. Thus, the conditions of operation 
of the van Arkel-deBoer method may be approxi- 
mated with film boiling; and hence, it is postulated 
that ductile titanium may be produced by this 
method. 


Preparation of Til, 

There are many’ ” methods available for the prep- 
aration of Til,; that used in this research was pre- 
pared by the direct reaction of titanium sponge in 
controlled amounts with liquid iodine. Although no 
difficulty was encountered with this reaction, it has 
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Fig. 1—Diagram 
shows the first re- 
actor built for prep- 
aration of titanium 
by film boiling. 


since been pointed out that this method is sometimes 
dangerous and should be used with caution. The re- 
sulting Til, was purified by distillation. 


First Film Boiling Experiments 


Apparatus: The apparatus shown in Fig. 1 was 
used for film boiling Til, on short wire filaments. 
The current to the filament was supplied through a 
bank of three 5 kva transformers connected in par- 
allel. The current was controlled by adjusting the 
voltage over a 0 to 67.5 v range with a 7 kva vari- 
able transformer on the low voltage side of the bank 
of transformers. The current and voltage were 
measured by Weston meters. The sealed-in-glass 
tungsten electrodes were hard-soldered to the fila- 
ment for the film boiling of Til,. The bottom part of 
the reactor, containing Til,, was wrapped with ni- 
chrome heating wires to maintain the Til, in the 
liquid state. An ice or liquid nitrogen trap, for 
solidifying I, vapor and any Til, not condensed, was 
attached to the low pressure side of the air-cooled 
condenser. A Megavac vacuum pump was used. 

Procedure: A 0.010 in. diam tungsten filament was 
hard-soldered to the tungsten electrodes. Til, was 
melted (mp 156°C) and poured into the reactor 
chamber; the top of the reactor chamber, containing 
the electrodes, was replaced. Freezing of the Til, 
was prevented by controlling the current to the ni- 
chrome wires wrapped around the reactor with a 
1 kva variable transformer. The mechanical vac- 
uum pump was started and the system evacuated to 
about 2 mm Hg Til, vapor pressure. The current to 
the filament was turned on and the impressed volt- 
age slowly increased with the variable transformer. 
A sudden drop in current at nearly constant im- 
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pressed voltage indicated that film boiling had 
started, since, as the wire temperature rapidly in- 
creased, the resistance also increased, resulting in a 
current decrease. The variable transformer was 
then set so that the total resistance corresponded to 
a temperature in the range 1100° to 1600°C. The 
0.010 in. diam filament usually fused after only 
about 30 sec of operation. The apparatus was then 
disassembled and the characteristics of the deposit 
were noted. 

Results: The first metallic titanium prepared was 
deposited on a 0.010 in. diam tungsten wire 0.81 in. 
long between electrodes. The deposition rate was 
calculated from the diameter of the uniform deposit, 
0.019 in., on the short large-diameter middle section 
of the wire and from the deposition time of 20 sec; 
this corresponds to an average deposition rate for 
titanium of about 9000 mg per cm’ per hr. This re- 
sult is only qualitative, however, as the deposit was 
not uniform over the length of the wire. 

The initial current was 9.5 amp and the total volt- 
age drop was 2.0 v; this corresponds to a power in- 
put of 4 kw-hr per lb Ti. The current increased 
shghtly as the run progressed, due to the increased 
cross-section and resulting decreased resistance. 

Two breaks in the wire resulted during the ex- 
periment from handling the tungsten, which had be- 
come somewhat brittle from being heated. 

The titanium sample was analyzed spectrograph- 
ically for iron and tungsten and found to contain 
less than 0.1 pct of either. 


Second Film Boiling Experiments 

Apparatus: The apparatus shown in Fig. 2 was 
used for film boiling Til, on long wire filaments. The 
current supply and electrical instruments were the 
same as for the apparatus for short wires, except 
that the variable transformer was on the high volt- 
age side of the bank of three transformers. The cur- 
rent was conducted to the wire filament through 
teflon plugs on the ends of the reactor. 

Nichrome heaters wrapped around the reactor 
were used to liquify the Til, and to adjust the liquid 
temperature to any desired value at the beginning of 
arun. The liquid and vapor temperature was meas- 
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_ Fig. 2—Apparatus shown in Fig. 1 was modified for the sec- 
ond run of experiments. Equipment is used for the prepara- 
tion of metallic titanium by film boiling. 
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Fig. 3—Samples a, b, and c are titanium deposited on tungsten 
wires. One of the breaks in each wire resulted from fusion, while 
the other breaks were from handling. 


ured with a chromel-alumel thermocouple immersed 
in a wax-filled well and recorded continuously with 
a Speedomax recorder. 

The reactor was attached to the condenser by a 
ball joint, lubricated with high vacuum silicone 
grease. The condenser temperature was maintained 
+2°C by circulating wax from a constant tempera- 
ture bath. An ice trap for corrosive vapors was in- 
serted between the condenser and the mechanical 
vacuum pump. A cylinder was attached near the ice 
trap for filling the system with inert gas when nec- 
essary. 

Procedure: The wire filament was hard-soldered 
to the electrodes and this assembly was put into the 
reactor. Til, was melted and siphoned into the re- 
actor, filling it about % full. The reactor was at- 
tached to the condenser and the system slowly evac- 
uated to the desired pressure as indicated by the 
mercury barometer; this pressure was maintained 
by carefully adjusting the stopcock to the vacuum 
pump. The ice trap was filled and wax was started 
cycling through the condenser. The current was 
turned on and the impressed voltage slowly in- 
creased in small increments. A sudden decrease in 
current at constant impressed voltage indicated film 
boiling had started. The current and total voltage 
were then set so that the wire resistance corre- 
sponded to a filament temperature in the range 
1100° to 1600°C; this was estimated by a previous 
calibration using an optical pyrometer, with the 
filament in vacuo. A slightly increasing current at 
constant impressed voltage indicated that titanium 
was depositing. The run was continued until the 
wire fused; the apparatus was disassembled, and the 
characteristics of the deposit were noted. 

Results: Film boiling was obtained on 0.010 in. 
diam and 5.75 in. long tungsten wires in the appara- 
tus shown in Fig. 2. The titanium deposit, as shown 
in Figs. 3a, 3b, and 3c, was in globules; attempts to 
obtain a smooth deposit with a 0.010 in. diam wire 
were unsuccessful. The deposit appeared only on 
short sections of the wire. One break in each wire 
resulted from fusion, which necessarily terminated 
the experiment, the other breaks were from hand- 
ling. 

An attempt was made to obtain film boiling on a 
0.020 in. Ti wire. Film boiling was momentarily 
attained. However, experiments on titanium wire 
were discontinued because of very sensitive control 
of the impressed voltage required to prevent the 
wire from fusing. 
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Fig. 4—Samples a through d are titanium deposited on tanta- 
lum wires. a—Part of the deposit was lumpy, indicating that 
the temperature of the filament had reached the melting 
point of titanium, 1690°C. b—The entire deposit was lumpy. 
c—The small crystalline deposit was obtained at a tempera- 
ture below the melting point of titanium. d—By carefully 
controlling the impressed voltage in order to keep the wire 
temperature below the melting point of titanium, the uniform 
deposit was obtained. 


Deposition was also obtained on 0.040 in. Ta 
wires 3 to 4 in. long. Deposits on tantalum wires are 
shown in Fig. 4. 

Part of the deposit on the wire in Fig. 4a was 
lumpy, indicating that the temperature of the fila- 
ment had reached the melting point of titanium— 
1690°C; this made the deposit sag on part of the 
wire. The cross-section of this deposit was some- 
what elliptical, being 0.082 in. in vertical diameter 
and 0.074 in. in horizontal diameter; the deposit was 
porous and rough, indicating that it had not melted. 

The deposit shown in Fig. 4b was entirely lumpy. 
The small crystalline deposit in Fig. 4c was obtained 
at a temperature below the melting point of tita- 
nium. This wire did not fuse because the hard solder 
connection became loose after a short time, neces- 
sarily terminating the run. 


The uniform deposit in Fig. 4d was obtained by 
careful control of the impressed voltage to keep the 
wire temperature below the melting point of tita- 
nium. The deposit did not sag and formed almost 
concentrically around the wire to a diameter of 
0.064 in. Near the end of the run, the impressed 
voltage was raised considerably, resulting in local 
overheating and fusion near one end of the wire, 
terminating the experiment. 

Spectrographic analysis of some of the titanium 
which had melted (Fig. 4a) showed a gain of 15 
pet Ta. 

Results and Conclusions 

Titanium metal has been prepared by film boiling 
Til, from a hot wire. 

The deposition rates calculated from the experi- 
mental data ranged from 1,600 to 12,000 mg per cm* 
per hr, but these calculated results are extremely 
uncertain due to experimental difficulties. The cor- 
responding power consumption ranged from 2 to 19 
kw-hr per lb of titanium and, although equally un- 
certain, indicated a power saving over the conven- 
tional van Arkel-deBoer process (40 to 60 kw-hr 
per lb).“ However, it should be cautioned that there 
are many practical problems to be solved before the 
film boiling process could be made commercially 
feasible. 


Discussion of this paper, if any, will appear in 
JOURNAL OF METALS, November 1956, and in AIME 
Metals Branch Transactions, Vol. 206, 1956. 
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Technical Note 


Liquid Emulsion Autoradiography of Metals 


by Jack C. Bokros and Philip C. Rosenthal 


EVELOPMENT of the autoradiographic method 

in metallurgical research has been directed 
mainly toward gaining higher resolution, i.e., toward 
being able to locate segregation of a radioactive 
isotope on a finer scale. In the investigation re- 
ported, the liquid emulsion autoradiographic tech- 
nique’ used in the biological science was adapted to 
the autoradiography of metals. The distribution of 
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carbon-14 in pure iron after various treatments was 
studied using this technique. 

Amorphous carbon uniformly labelled with car- 
bon-14 at a specific activity of 6.95 microcuries per 
millimole was obtained from Tracerlab Inc. Carbon- 
14 emits 8 particles having a maximum cnergy of 
157 kev and an average energy of about 50 kev. 
These Bs have a maximum range of about 30 mg per 
cm* and a half-thickness of about 3 mg per cm’. 

The iron used was spectroscopically pure electro- 
lytic iron prepared by the Oak Ridge National Lab- 
oratory. 

Unhardened nuclear track emulsion, type NTB’, 
was kindly supplied by the Eastman Kodak Co. This 
emulsion contains approximately 80 pct Ag halide, 
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Fig. 1 — Autoradio- 
graph shows pearlite 
carburized at 927°C 
and furnace cooled. 
X100. Area reduced 
: approximately 35 pct 
for reproduction. 


has a grain size of 0.1 to 0.5 » and is sensitive to f 
particles having energies up to 400 kev. This emul- 
sion was kept fresh by storing in a refrigerator at 
from 2° to 7°C until the time of use. 

Pure iron specimens were made of \% in. thick 
plate, %g in. sq., in which a shallow 5/16 in. hole 
was drilled in one face to contain the carburizing 
compound. The hole was sealed by bolting another 
pure iron plate over the top. The carburizing com- 
pound consisted of tagged amorphous carbon plus 
18 pct BaCO, energizer. The capsule was loaded with 
8 to 10 mg of carburizing compound. In order to get 
satisfactory carburization at each temperature, car- 
burization was carried out for 91 hr at 838°, 22.7 hr 
at 927°, 3.5 hr at 1093°, and 2.0 hr at 1204°C. After 
carburization, the capsules were removed and 
quenched in water. Specimens which weve car- 
burized below the a-to-y transformation tempera- 
ture in pure iron and water quenched had micro- 
structures consisting of a sharply defined layer of 
martensite on ferrite, while those carburized above 
the transformation and water quenched had micro- 
structures consisting of a surface layer of martensite 
along with a poorly defined transition zone between 
the martensite and ferrite. 

The capsules were unloaded, sectioned, and ground 
through No. 4/0 metallographic paper in a dry box. 
After final polishing, the surfaces were lightly etched 
with two pct nital. 

For ease of correlation between the microstruc- 
ture of a specimen containing a radioactive isotope 
and the autoradiograph, it was necessary to affix 
the photographic emulsion to the prepared surface 
of the specimen permanently in such a manner that 
the microstructure and the developed autoradio- 
graph could be viewed simultaneously under the 
microscope. To avoid corrosion and staining of the 
metal specimen during the development, it was 
necessary to coat the surface of the specimen with 
a tough protective film. Towe, Gomberg, and Free- 
man’ have developed such a plastic film for use in 
the wet autoradiographic process. The mounted 
specimens were dipped in a solution of two g Viny- 
lite VYNS, (a 90:10 copolymer of vinyl chloride 
and vinyl acetate) dissolved in 100 ml of methyl 
ethyl ketone, which gave a plastic film on the metal- 
lographic specimen about lp thick. The specimen 
was heated at 100°C for about 30 min in an oven to 
remove all of the solvent. 

The unhardened Eastman Kodak NTB2 Nuclear 
Track emulsion was melted by placing a small 
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amount in a beaker and heating in a water bath at 
38°C. The specimens were painted with the emul- 
sion using a No. 7 camel’s hair brush. The thickness 
of the emulsion was kept very thin (3 to 5u) by 
controlling the amount of emulsion on the brush. 
After the coating was allowed to gel at room tem- 
perature, it was dried in a gentle dust-free air cur- 
rent. The specimens were then placed in a light- 
tight container along with a small beaker of CaSO,— 
high humidities greatly impair sensitivity—and re- 
frigerated at from 2° to 7°C for exposure. 

After a ten day exposure period, the specimens 
were removed and developed. Because these emul- 
sions disintegrate rapidly in aqueous solutions above 
20°, the processing solutions were kept at 18°C. The 
autoradiographs were developed for 4 min in East- 
man Kodak D-19 developer and fixed in Eastman 
Kodak F-5 acid fixer with hardener for twice the 
time to clear. The autoradiographs were dried in 
a gentle air current. At this point the emulsions 
wrinkled if they were too thick, resulting in the 
displacement of the image from the active areas by 
a small amount; however, when the emulsions were 
thin enough to clear in about 30 sec in the F-5 fixer, 
no wrinkling or shifting occurred. 

An illustrative autoradiograph shown in Fig. 1 is 
of pearlite at X100. Fig. 2 is an autoradiograph of 
the martensite-ferrite interface obtained by carbur- 
izing below the transformation temperature. 

The autoradiograph shown in Fig. 3 shows very 
high grain boundary activity produced in ferrite by 
annealing a carburized specimen for 138 hr at 538°C 
followed by a water quench. This iron specimen 
had been carburized at 838°C for 91 hr and water 
quenched before the 138 hr anneal. The grain bound- 
ary activity varied from boundary to boundary, 
indicating a possible orientation effect. This grain 
boundary activity is probably due to reduced solu- 
bility of carbon in ferrite at annealing temperature. 


Fig. 2—Auto- 
radiograph 
shows the 
martensite- 
ferrite inter- 
face. Speci- 
men was car- 
burized at 
838°C and 
water 
quenched. 
X1000. Area 
reduced ap- 
proximately 
35 pct for 
reproduction. 


radiograph 

quenched, : : 

and annealed 

at 538°C for 
138 hr. 
reduced ap- 

proximately 
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Autoradiographs of martensite indicate a random 
distribution of carbon in austenite with no abnormal 
grain boundary effects. None of the autoradiographs 
of specimens carburized above the a-to-y trans- 
formation temperature in pure iron gave any evi- 
dence of accelerated grain boundary diffusion of 
carbon in austenite. 
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Technical Note 


Effect of Cooling Rate on Hardness of Commercial Titanium Alloys 
by Howard Martens 


ARDNESS behavior of commercial titanium 

alloys following various heat treating processes 
has been studied for some time. However, the hard- 
ness of such alloys following a definite measured 
cooling rate from the single phase 6 region has not 
been reported. Therefore, a series of experiments 
was conducted on the three alloys: 150A, 130A, and 
130B. The manufacturers gave the following com- 
positions for these alloys: Ti 150A: 0.045 pct C, 0.069 
pet N, 1.32 pct Fe, and 2.68 pct Cr; RC 130A: 0.13 pct 
and 3.2 pet Al. A method similar to that described 
by Greninger’ was used, and the cooling rate varied 
from 6° to 9200°F per sec. The cooling curves were 
recorded on a Speedomax or a recording oscillo- 
graph, and the hardness was measured on a Tukon 
hardness tester using a Knoop indentor with a 500 
g load. 

The curves of Fig. 1 show the variation of the 
Knoop hardness with the cooling rate for these three 
alloys. The alloys 150A and 130B behave in a simi- 
lar manner, as shown by the curves. In neither of 
these alloys was it possible to retain the high tem- 
perature 8 phases, even by the most rapid cooling 
rate. The slow cooling rates produced a typical a+ £8 
structure in these two alloys. As the cooling was in- 
creased, these phases became more finely dispersed 
and the hardness increased. This increase in hard- 
ness with cooling rate continued for the 150A alloy 
until a rate of approximately 1000°F per sec was 
reached. At this cooling rate, the structure showed 
the result of the diffusionless transformation of the B 
solid solution to the supersaturated w solid solution 
which is referred to as a’. At higher cooling rates, 
the structure showed no change and the hardness 
showed no great change, as indicated by the dotted 
portion of the curve in Fig. 1. The increase in hard- 
ness with cooling rate for the 130B alloy continued 
until a rate of approximately 300°F per sec was 
reached. At this rate the a’ structure was produced 
and the maximum hardness was reached. Higher 
cooling rates caused no marked changes in hardness 
or structure. 

The alloy 130A behaved in a different manner, as 
shown by the curve of Fig. 1. The structure pro- 
duced by the slow cooling rates was a typical a+£8 
structure, which became finely dispersed as the cool- 
ing rate increased. The hardness increased with 
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Fig. 1—Curves show the variation of Knoop hardness with cooling 
rates from 2000°F for alloys Ti 150A, RC 130A, and RC 130B. 


cooling rate and reached a maximum at approxi- 
mately 120°F per sec. At this maximum hardness, 
the structure showed the result of the decomposition 
of the 8 phase into the 8+ phase structure. As the 
cooling rate was increased, smaller amounts of the o 
phase were formed and the alloy became softer. For 
cooling rates of 3000°F per sec and above, the high 
temperature 8 phase was retained and the hardness 
of the alloy did not change markedly. 
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Debismuthizing of Lead 


The fundamental principles by which bismuth may be removed from lead by 
pyrometallurgical Processes are enumerated. Qualitative discussion of the phase 
diagrams concerned is followed by presentation of quantitative diagrams. Brief 
mention is made of the practical aspects. Data presented show how chemical lead 
(<0.005 pct Bi) may be produced by the Jollivet, Dittmer, and Kroll-Betterton 


processes. 


by T. R. A. Davey 


Boe is an element whose properties are very 
similar to those of lead, and its minerals are 
associated to a greater or lesser extent with nearly 
all the major lead ore deposits of the world. In con- 
sequence, the lead produced contains bismuth unless 
a special debismuthizing process is practiced. 

There does not appear to be any published com- 
prehensive review of the effect of bismuth as an 
impurity on the properties of lead, and there is some 
uncertainty as to the beneficial or detrimental effects 
of small amounts of bismuth in lead used for par- 
ticular applications. Standard specifications of most 
countries stipulate a maximum bismuth content of 
0.005 pct for chemical lead. With one exception, this 
specification is met only by lead producers whose 
ores are relatively bismuth-free, or whose refineries 
are electrolytic. In lead for certain applications a 
higher bismuth content is preferred by some fab- 
ricators.* 

In contrast to the refining for silver, copper, and 
antimony, the refining for bismuth does not usually 
result in a large overall economic gain from the sale 
of byproduct. Thus, debismuthizing is customarily 
practiced only if market conditions demand a lead 
with a bismuth content lower than that produced 
by classical refining; i.e., softening, desilverizing, 
and zinc refining. Until this century, debismuthizing 
was carried out only as an incidental result of de- 
silverizing, as later described. 
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This century has seen the development of the 
Betts electrolytic process” “—the only successful one 
of many electrolytic processes proposed and patented 
—and a number of precipitation processes based on 
the pioneering work of Kroll,* although only one of 
these, the Kroll-Betterton process,’ is in wide com- 
mercial use today. It is proposed in this paper to 
deal only with the pyrometallurgical processes, ex- 
cluding those based on aqueous electrolysis. 


Historical Background 


Prior to 1833 silver (and incidentally bismuth) 
could not be removed from lead. To recover silver 
from rich bullion, the only course available to lead 
refineries was to cupel the bullion, forming a slag 
of litharge. The first slag tappings or skimmings, on 
reduction, yielded soft lead of very low silver and 
bismuth contents. Intermediate skimmings yielded 
a lead of somewhat higher silver and bismuth con- 
tents, which could if desired be recupelled. The last 
skimmings yielded a litharge very high in bismuth, 
which could by successive oxidation and reduction 
eycles be separated into high purity bismuth, and 
lead returns. 

This oxidation reduction process, with modern 
operating techniques, can still be used today to pro- 
duce a portion of a lead refinery’s output of very 
low bismuth content, as discussed later. 

In 1833 Pattinson’ discovered that lead bullion 
could be purified of silver and bismuth by fractional 
crystallization, the primary lead crystals formed by 
partial freezing being purer than the melt. Repeated 
processing in pans produced a lead containing as 
little as 0.02 pct Bi.” * The simple explanation of this 
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phenomenon by means of binary phase diagrams is 
so well known as not to require discussion here. 

When the Pattinson process was replaced, on eco- 
nomic grounds, by the Parkes process’ for desilver- 
izing, the classical lead refineries were without any 
means of debismuthizing; and when Betts®* de- 
veloped a satisfactory electrolytic process at the 
beginning of this century, a number of refineries 
were forced to change from pyrometallurgical to 
electrolytic refining in order to meet standard speci- 
fications for bismuth in lead. 

An opening remained for a debismuthizing opera- 
tion which could be fitted simply into a normal 
Parkes refinery as an additional stage, and would 
not require the replacement of the entire refinery 
by another of a different type. In 1922 Kroll’ set 
out to find such a debismuthizing process. 

As silver, although noble to lead, can be precipi- 
tated from it by zinc, so Kroll reasoned that there 
might be other elements which would preferentially 
combine with bismuth rather than lead, and so pre- 
cipitate the bismuth from solution. He found that 
quite a number of alkali and alkaline earth metals 
do combine with bismuth, forming high melting 
point compounds which float out of the lead. 

However, Kroll was unable to perfect a satisfac- 
tory process for removing bismuth to low concen- 
trations and, in fact, the lowest bismuth concentra- 
tion he obtained was about 0.03 pct in lead saturated 
with calcium at its freezing point. 

In 1934, Betterton and Lebedeff’ in the United 
States found that, using simultaneous additions of 
calcium and magnesium, bismuth could be reduced 
to 0.02 pct and that, by subsequent treatment with 
antimony, 0.005 pct Bi could be commercially 
obtained. 

No published account exists of the commercial 
use of any of the numerous other similar processes 
patented,” which include simultaneous additions 
of magnesium and an alkali metal (lithium, sodium, 
or potassium); use of a single alkali metal together 
with its hydroxide; and additions of calcium, zinc, 
and antimony. 

The fundamental bases of the Kroll-Betterton and 
allied precipitation processes have now been made 
clear by several foreign publications,“~” and data 
have been drawn from these and used together with 
hitherto unpublished work in the sections following. 

It is unfortunately not possible at present to make 
thermodynamic calculations on the complex phase 
systems discussed here. The Pb-Bi system has been 
fully studied,” but data are lacking on the systems 
Pb-A (where A represents alkali or alkaline earth 
metal) and on the various bismuthide compounds. 
The analysis by Grothe” of the Pb-Bi-Ca-Mg sys- 
tem was based on very incomplete data and numer- 
ous assumptions. It therefore has only a limited 
value, as Grothe himself realized. 


Survey of Possible Separations 


Apart from aqueous electrolysis and fractional 
crystallization techniques (for which the new zone 
melting procedure” opens up new possibilities), 
there are in principle two ways in which lead and 
bismuth may be separated. A compound may be 
formed containing lead but not bismuth, or a com- 
pound may be formed containing bismuth but not 
lead. The compound may be solid, liquid, or gaseous, 
but the compound and the unreacted metal should 
be mutually insoluble, or substantially so. 
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If the compound is formed by reacting the Pb-Bi 
solution with nonmetals—e.g., O., S, F., and Cl.— 
then the lead compound forms preferentially. At 
higher temperatures, a slag containing relatively 
little bismuth is formed. At lower temperatures, a 
solid dross is produced, whose removal is attended 
by entrainment of a portion of the metal phase. In 
either case, lead can be removed to any desired 
extent from a bath of metallic bismuth or Bi-Pb 
alloy. Reduction of the slag or dross produces a 
lead containing less than the original concentration 
of bismuth. Complete separation of the two metals 
could be obtained by a multistage process, in which 
intermediate products were recycled. The case of 
oxidation reduction is discussed fully later. 

If the compound is formed by reacting the Pb-Bi 
mixture with an alkali or alkaline earth metal, then 
the bismuth compound forms preferentially. Be- 
cause of the difficulty of preventing atmospheric 
oxidation at high temperatures, it is preferable to 
work at low temperatures, near the freezing point 
of lead, when the compound is a solid and con- 
stitutes a dross. This dross or crust may subse- 
quently be liquated to separate most of the entangled 
lead. The degree to which bismuth may be removed 
in this way is limited by the solubility product of 
the compound in lead. This, of course, decreases as 
the temperature is lowered, so that lead is cooled 
as close as possible to its freezing point as the last 
stage of the debismuthizing operation, exactly as for 
Parkes’ desilverizing. The concentration of bismuth 
remaining in the treated lead varies with the resid- 
ual reagent concentration. 

In recent years it has been shown™ * that definite 
double bismuthide compounds are formed when cer- 
tain reagent (alkali or alkaline earth) metals are 
present simultaneously in solution in lead contain- 
ing bismuth. Two of these quaternary systems are 
discussed later: Pb-Bi-Mg-Ca, the basis of the 
Kroll-Betterton process; and Pb-Bi-Mg-K, the basis 
of the Jollivet process. The author believes that a 
double bismuthide is probably formed in the system 
Pb-Bi-Mg-Na, but has insufficient data for presen- 
tation here. 

It is perhaps worthy of mention that double 
plumbides of Mg and Na—Mg,Na,Pb, and MgNaPb— 
have been discovered.” Mg,Na,Pb, = 2Mg,Pb:Na,Pb, 
and 2MgNaPb = Mg.Pb-Na,.Pb. 

In the systems where a bismuthide is formed, it 
is obvious that the concentrations of reagent metal 
and bismuth remaining in the lead may be reduced 
by lowering the activity of the bismuthide pre- 
cipitate. It may then be possible to reach very low 
bismuth concentrations with the use of a single pre- 
cipitating agent. This can be done by dissolving the 
bismuthide in a suitable solvent, and alkali metal 
hydroxides such as NaOH have been found to serve 
this purpose. An equation is given for calculating 
the limits of bismuth removal in the system Pb-Bi- 
Na/NaOH. 


Separation of Lead and Bismuth by Combining the 
Lead with Other Elements 


Since oxygen is the cheapest nonmetal available 
for combination with lead, and since lead oxide is 
much more readily reduced to metal than are the 
halides or sulfide, the most practicable separation 
of lead and bismuth, using this principle, will be 
achieved with an oxidation reduction cycle. 

Fig. 1 shows the lead corner of the phase system 
Pb-Bi-O schematically, as an isothermal diagram 
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at a temperature not much above the melting point 
of the slags. For simplicity, the minute regions of 
oxygen solubility in the metal phase, and of metal 
solubility in the slag phase, are neglected. 

A mixture of lead, bismuth, and oxygen, which is 
represented by any point between the metal and 
slag lines, consists of a mixture of metal and slag. 
The tie lines show the relative concentrations of 
bismuth in metal and slag in equilibrium with each 
other. Thus, a mixture of total composition repre- 
sented by T consists of metal M and slag S in the 
relative proportions metal:slag = TS:TM. 

If oxygen is added to metal of composition M,, 
the addition of an infinitesimal amount of oxygen 
produces a slag of composition S;. As further oxygen 
is added, the total composition changes along the 
line M;So which, when produced, passes through the 
O corner. The metal and slag compositions change 
progressively as indicated by the tie lines, that is, 
when sufficient oxygen has been added to give a 
total composition T,, the metal composition is M, and 
slag composition S,. If the oxidation is continued 
until all the metal is slagged, the final product is 
slag So, having the same bismuth to lead ratio as 
the initial metal. As long as the slagging is incom- 
plete, however, the slag contains relatively less, and 
the metal relatively more, bismuth than the original 
metal. Thus, if the slag is subsequently completely 
reduced to metal, two metal products result, one 
high and the other low in bismuth content. 

Experimental determinations have been made by 
the author on the system described qualitatively 
above. It was found that at temperatures of about 
900° to 1000°C the ratio was 


pet Bi in unoxidized lead canes 
pct Bi in metal reduced from the slag Fay ie 


for the range 0.06 to 0.14 pct Bi in the former metal. 
Jellinek and Sievers” found a value of 20.4 at 900°C 
for the same ratio, with a metal content of 36.7 pct 
Bi. 

At temperatures below 900° to 1000°C, the tie 
lines would be expected to have only a very slightly 
greater slope, and a round figure of 20 can safely 
be taken for the ratio applicable to the rather lower 
temperatures which would be used for a practical 
process. 

What would be the results of two processes? In 
the first case it is assumed that a batch of lead is 
subjected to oxidation, and the slag is continuously 
run off as it is formed for subsequent reduction to 
low bismuth lead. In the second case, consideration 
is given to a continuous flow of lead passed through 
a furnace of the same type as the Port Pirie con- 
tinuous softening furnace, part of the lead being 
oxidized to form a slag which is subsequently re- 
duced in another furnace. 

Batch Process—Consider m g of metal containing 
b pct Bi: dm g are oxidized, and separately reduced 
to metal containing b/20 pct Bi, leaving (m—dm) g 
of metal containing (b+db) pet Bi. Then (m—dm) 
(b+db) + b-dm/20 = mb. 

By integrating between the limits m, WO) (oy, 


19 
b, 20 Me 


where subscript 1 denotes initial state, and subscript 


2 denotes final state. 
- The bismuth content of the lead produced from 


the slag will be 
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Fig. 1—Ternary di- 
agram gives sche- 
matic representation 
of lead corner of 
Pb-Bi-O system. 


Pb M Ms Mg M3 Ms M, 
— Mz r—l 


pet, where r= m™,/m,, the ratio of input lead to 
output of unoxidized lead. 

The two products are thus 1/r parts of lead con- 
taining b, pct Bi, and (r — 1)/r parts of lead contain- 
ing (rb, — b.)/(r —1) pet Bi, where b, = initial pct 
Bi, r = ratio specified above, and In b, = In b, + 19/20 
In r. As a numerical example, consider slagging 33 
pet of a lead containing initially 0.1 pet Bi. Here 
= 0:1 and — 1.5; Thus, 
(r— 1) = 0.006. The two products are, therefore, 2/3 
of the lead containing 0.147 pct Bi, and 1/3 of the 
lead containing 0.006 pct Bi. 

Continuous Process—The slag will be produced 
from a bath of the final composition b, pet Bi. It is 
very simply determined that the two products in this 
case are 1/r parts of lead containing 20rb,/r + 19 pct 
Bi, and r—1/r parts of lead containing rb,/r + 19 
pet Bi. In this case, if we consider slagging 33 pct 
of a lead containing initially 0.1 pct Bi (i.e., r = 1.5, 
b, = 0.1) the products would be 2/3 of the lead con- 
taining 0.146 pct Bi, and 1/3 of the lead containing 
0.0073 pct Bi. The separation is not quite so good 
as with a batch process. 

Practical Considerations—Unless the oxidizing 
(slagging) furnace is to be run at a temperature 
over the melting point of litharge, 780°C, the oxide 
product will be a dross, and not a siag. In the,skim- 
ming of the dross a large amount of metal will be 
entrained. Unless removed by liquation this will 
carry bismuth into the reduction furnace, consider- 
ably raising the bismuth content of the low bismuth 
product. 

On the other hand, metal entrainment by slag is 
practically nil. It may therefore be desirable to use 
a flux for the litharge, in order to operate the oxida- 
tion furnace at a reasonably low temperature. The 
Port Pirie practice of adding antimonial slag as a 
flux in the continuous zine refining furnace could 
well be followed. In fact, since the rate of oxida- 
tion of lead is highest in a certain range of antimony 
content, at least part of the antimony required as a 
flux could advantageously be added in the metallic 
state (as antimonial lead) to the metal bath. 

The slagging operation could perhaps best be car- 
ried out in a continuous flow furnace of the type 
used at Port Pirie for softening and zine refining. 
The high rate of oxidation obtainable in these fur- 
naces should compensate for the slightly lower de- 
gree of Bi-Pb separation as compared with a batch 
process. 

The reduction of slag to produce the low bismuth 
lead requires no discussion. Either reverberatory or 
blast furnaces could be used. 
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Precipitation of Bismuth from Solution in Lead 

Ternary Systems—Most, if not all, of the alkali 
and alkaline earth metals form both bismuthides 
and plumbides.* Often more than one compound is 
formed. In all cases, the free energies of formation 
of bismuthides are greater than those of correspond- 
ing plumbides at temperatures in the range of 327° 
to 400°C and higher. 

Complete thermodynamic data for the systems 
Pb-Bi-A (where A represents alkali or alkaline 
earth metal) are lacking, but enough information is 
available to establish some of the phase systems 
with fair certainty. 

Kroll** outlined in qualitative fashion the possi- 
bility of removing bismuth from lead in this man- 
ner. Jollivet” showed that, in many phase systems 
of which he examined the lead-rich regions, as is to 
be expected on fundamental grounds there exists 
equilibrium between solid compounds ... and a 
liquid phase (the lead solution) where these com- 
pounds are completely dissociated. Thus, when a 
precipitation agent such as magnesium is added to 
lead containing a small percentage of bismuth, an 
equilibrium is set up: 


3 (Mg). + 2 (Bi). = (Mg;Bi.). 


[Bi]? 
[Mg; Biz] 


and 


= [Mg]* [Bi]’ 


in the presence of solid Mg;Bi., where (X), denotes 
solution of X in lead, (X), denotes crystalline solid 
X, [X] denotes activity of X, and K = equilibrium 
constant (at constant temperature). 

Fig. 2 shows the lead corner of the system 
Pb-Bi-Mg, the eutectic trough having been calcu- 
lated from the published results of Betterton and 
Lebedeff.° On the liquidus surface A (liquid plus 
Mg.Bi,) the isotherms are fifth degree equations 


[Mg}’ [Bi]’=K 


assuming the activity of each component to be pro- 
portional to its weight percent. The eutectic trough 
is also approximately an isotherm for much of its 
length, and has been drawn as the equation of best 
fit through the four points shown. 

There is a point Q of highest temperature along 
the eutectic trough, at the intersection with the line 
joining Pb and Mg,Bi,. This line divides the system 
into two quasi-ternary systems, with a eutectic 
point Z close to the Pb-Mg binary eutectic, and an- 
other ternary eutectic close to the Pb-Bi binary 
eutectic. 

In area A, primary crystals of Mg;Bi, or possibly 
a complex compound of the type (Mg;Bi.).(Mg.Pb), 
form on cooling. In the area B, the primary crystals 
formed are Mg.Pb, and in the area C, lead containing 
a little Mg and Pb in solid solution. It is obvious 
that debismuthizing by the use of Mg alone can take 
place only in area A. 

If lead of composition X is cooled, Mg,;Bi, precipi- 
tates until the point Y is reached. On further cool- 
ing, Mg.Bi, and lead crystals precipitate simultane- 
ously until the ternary eutectic point Z is reached. 

Similar diagrams can be constructed for the sys- 
tems Pb-Bi-Na, Pb-Bi-K, or Pb-Bi-Li, but quanti- 
tative data are not available. 

The system Pb-Bi-Ca is superficially similar to 
the foregoing, but differs in that, for at least the 
lower portion, the boundary between the regions A 
and C is not a true eutectic trough, but a peritectic 
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fold. Thus, during solidification of a liquid whose 
composition lies on this line, the liquid composition 
does not move along the line to a ternary eutectic 
point, but moves into region C (see Fig. 3). In prac- 
tice, this is of no significance. Debismuthizing by 
the use of calcium alone can take place only in area 
A with the precipitation of Ca,Bi,, and ceases when 
the boundary line between A and C is reached, at 
which time crystals of lead begin to form. The 
lowest concentration of bismuth obtainable in this 
way appears from the diagram to be 0.034 pct, in 
fair agreement with Kroll’s claim for about 0.03 

Figs. 2 and 3 have been drawn using data published 
about 20 years ago, and while they serve as an ap- 
proximation to the truth, they should not be con- 
sidered highly accurate. 

Quaternary Systems—There are two systems in 
which known double bismuthides are formed— 
Pb-Bi-Mg-Ca and Pb-Bi-Mg-K. Further discussion 
of them may be found in Appendix I. The former is 
the basis of the Kroll-Betterton process, the latter 
of the Jollivet (Penarroya) process. These two sys- 
tems are very similar, and a schematic representa- 
tion is given in Fig. 4, in the form of a view into the 
lead corner. 

Quaternary systems are frequently represented in 
tetrahedrons, each element situated at one corner. 
In the case of Fig. 4, the lead corner has been 
opened out so as to give rectangular axes, as the 
alloys or solutions to be considered contain a pre- 
ponderance of lead with small amounts of bismuth, 
magnesium, and either potassium or calcium. Points 
are represented in the normal manner, with coordi- 
nates representing potassium, magnesium, and bis- 
muth, respectively. Temperatures are not repre- 
sented in any manner, and the diagram is not iso- 
thermal, but the phase boundaries have been drawn 
assuming that the temperature at each point is the 
temperature at which a solid first precipitates. Thus 
the diagram shows liquidus surfaces, lines, or points, 
all at the appropriate liquidus temperatures. 

The ternary boundaries (shown dashed) on the 
three border planes represent liquid plus two solids; 
the ternary eutectic points, liquid plus three solids. 

The quaternary boundaries are shown as full 
lines. Volumes represent a liquid plus one solid; 
surfaces, liquid plus two solids; lines, liquid plus 
three solids; eutectic points, liquid plus four solids. 
At high enough temperatures, of course, a lesser 
number of solid phases may be present, or no solids 
at all. However, as stated, the diagram is drawn for 
liquidus temperatures at each point. If the diagram 
were to scale, it would indicate what solid first pre- 
cipitates on cooling a liquid of given composition 
(from the appropriate volume), what solid phase 
next appears (when a surface is reached), what 
solid phase is next to precipitate (when a line is 
reached), and finally, which quaternary eutectic 
point is reached. 

The volume in which effective debismuthizing oc- 
curs is that bounded by the quaternary lines abdfg, 
extending out from the page surface toward the 
reader. In that volume K,Mg,Bi, separates, and the 
liquid cools to a composition represented by the sur- 
face afb, when lead begins to solidify; or the surface 
dfg, when KMg:;Pb, separates, together with further 
K,Mg,.Bi.. 

If the solidification is allowed to proceed, the com- 
position of the liquid passes across the surface to the 
line f, and along this line to one of the quaternary 
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eutectic points, Ey, or Eq. Practical debismuthizing 
finishes, however, when lead begins to solidify; that 
is, when surface abf is reached, or line f is reached 
from surface dfg. For optimum results, therefore, 
the potassium and magnesium requirements should 
be calculated (from the bismuth content) so that 
the final composition is near line ie 
: Fig. 5 shows the phase boundaries of Fig, 4 pro- 
jected onto the basal plane Pb-K-Mg. The cooling 
of a liquid X, which contains bismuth and added 
magnesium and potassium, proceeds down the line 
XY until at Y the surface afb is reached, and lead 
begins to solidify. During the partial freezing of 
the lead, the liquid composition moves back to Z. 
The changes in bismuth concentration of the liquid 
can be seen in Fig. 6, which shows a vertical section 
through Pb-Y-Z-X, with bismuth content as the 
vertical dimension. For the purposes of this illus- 
tration, Pb-Y-Z-X is assumed to be in a straight 
line. Although this assumption is not generally true, 
the correct type of diagram results and the simpli- 
fication does not lead to false conclusions. 

Fig. 6 is treated as a pseudoternary system, with 
K-Mg content plotted horizontally along the same 
axis. The relative proportions of potassium and 
magnesium are K,Mg,. This diagram is analogous 
to that of the Pb-Ag-Zn system’ with bismuth in- 
stead of silver, and K,Mg, instead of zinc. 

To lead containing B pct Bi, sufficient potassium 
and magnesium are added to give the liquid com- 
position X. On cooling, K,Mg.Bi, separates, and the 
liquid composition reaches Y, when lead and K,Mg,Bi, 
crystallize simultaneously until Z is reached. In a 
ternary system, Z would be the eutectic point. Here 
it is a point on the eutectic line f, but as the bismuth 
content does not vary greatly along line f, Z is quite 
close to the eutectic bismuth composition. 

Point Z is reached only after a portion of the lead 
has solidified, and in a practical operation one can 
never tell exactly when Z is reached. Therefore, to 
reach the minimum possible bismuth content, it 
would be preferable to work in practice from point 
X’, so that Y’ and Z coincide. Then, when lead first 
begins to solidify, debismuthizing is already com- 
plete. 

Such a method of operation involves an exact 
calculation of potassium and magnesium require- 
ments from bismuth analyses and known losses of 
reagent by oxidation. It is more practicable to use 
a slight excess of potassium and magnesium, so that 
the starting point is X”. At Y”, KMg;Pb. precipitates 
simultaneously with K,Mg.Bi., until Z is reached. 

The foregoing discussion was concerned with en- 
suring that the bismuth content obtained is the 
lowest possible. It should be remarked here that it 
may be unnecessary to aim for the minimum pos- 
sible bismuth concentration—that Y may be low 
enough, or even some point on the line XY. In the 
last case it would be unnecessary to cool the lead 
bath right to the freezing point. 

Jollivet Process—Fig. 7 shows the lead corner of 
the Pb-Bi-Mg-K system, analogous to the schematic 
representation of Fig. 5. Logarithmic coordinates 
have been used, as they are more convenient than 
linear. The ternary boundaries of the ternary basal 
plane Pb-Mg-K were determined by thermal and 
chemical analysis by Blaskett.” The liquidus bismuth 
contours were determined by Jollivet” in the range 

0.01 to 0.05 pct Bi, confirmed subsequently by the 
author, and later determined more extensively by 
Blaskett” down to less than 0.001 pct Bi. The bis- 
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Fig. 2—Ternary diagram plots lead corner of Pb-Bi-Mg system. 
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muth contours shown are lines on the liquidus sur- 
face abf of Fig. 4. 


The equation of these lines is 
7 log [Bi] + 6 log [Mg] + 9 log [K] = —27.64 


where [X] = weight percent in lead. The reaction 
concerned is 7(Bi), + 6(Mg). + 9(K), = (K.Mg. 
Bi,),, and this compound is seen to be the double 
bismuthide 2Mg,Bi.-3K,Bi. The line joining E:, and 
E., the ternary eutectic points of the Pb-Mg-K sys- 
tem, is line 6 of Fig. 4. Lines f and 6 must be very 
close together with such small bismuth contents 
(0.00008 to 0.0008 pet Bi), and can be assumed to 
coincide. 
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Fig. 4—Schematic diagram gives three dimensional view 
into lead corner of the Pb-Bi-K-Mg system. 


Solid lines represent 
quaternary boundaries, 
liquid plus 3 solids 


Dashed lines represent 
ternary boundaries, 
liquid plus 2 solids 


1) Pb.+ KsBi a) Pb + KsBi + KoMgeBiz 


2) KsBi + b) Pb + MgsBie + 
3) Pb + c) Pb + + KsBi 

4) Pb + KPb, dad) KPbs + KMgsPbs + 

5) KPbs + KoMgoBi7* 

6) Pb + KMgsPb2 e) Pb + KPbi + KMgsPho __ 
7) MgePb + KMgsPb2 f) Pb + KMgsPbe + KeMgeBiz 
8) MgePb + Pb g) MgePb + KMgsPbo + 

9) MgePb + Pb KoMgoBi7* 

10) MgeoPb + MegsBiz h)’ Pb + MgoPb + KMg3Pb2 
11) Pb + MgsBie i) Pb + MgePb + MgsBie 


Quaternary eutectic points 
represent liquid 


Ternary eutectic points 
represent liquid 


plus 3 solids plus 4 solids* 
E+,Pb + KPbs + Eq,Pb + KPbs + KMegsPbe + 
KMegsPbz2 KoMgoBiz 
Et,Pb + MgePb + Eq,Pb + Mg2Pb + KMgsPhe + 
KMg3Pbe2 KoMgeBiz 


*See Appendix I. 


It is obvious that to produce debismuthized lead, 
using this process, it is quite unnecessary to aim to 
reach point Z on the eutectic line. It is not even 
necessary to have partial freezing of the lead, ensur- 
ing that point Y, Fig. 5, on the liquidus surface abf 
is reached. 

Examples of the amounts of reagent required over 
and above those for compound formation, which 
depend upon the input bismuth percentage, to pro- 
duce various bismuth concentrations in debismuth- 
ized lead at the freezing point are given in Table I. 
This assumes that equal potassium and magnesium 
percentages remain in the liquid, which is not the 
most economical case, but is the simplest for sake 
of example. The correct ratio of potassium to mag- 
nesium to be used at any plant should be calculated 
on the basis of the comparative prices of potassium 
and magnesium. See Appendix II. 

Kroll-Betterton Process—Fig. 8 shows the lead 
corner of the system Pb-Bi-Mg-Ca, projected on the 
ternary basal plane Pb-Mg-Ca. 

The liquidus bismuth contours were determined 
by Jollivet” for the region 0.03 to 0.5 pct Bi, and 
confirmed by the author down to 0.005 pct Bi. The 
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ternary boundary E,P, has not been determined 
exactly. It has been drawn through the point 0.05 
pet Ca, 0.10 pet Mg, these being the customary 
amounts of reagent left in debismuthized lead at its 
freezing point. Such a lead should, according to this 
diagram, contain about 0.006 to 0.007 pct Bi, which 
also agrees with the best results of good practice. 

An examination of Betterton’s results,’ Table XII, 
shows that P; must lie above the composition 0.07 
pet Ca, 0.04 pet Mg, because CaPb, separated from 
lead of this composition when calcium was added. 
This is also in agreement with the assigned position 
of 

Evers,” independently of Jollivet, showed that a 
double bismuthide of calcium and magnesium is 
formed in this operation 


(Ca), + 2(Mg), + 2(Bi), = (CaMg,.Bi.).. 


It should be noted that 3CaMg.Bi, = Ca,;Bi.-2Mg;Bi.. 
The equilibrium constant for this reaction has been 
given by Jollivet as: K = [Ca][Mg]*[Bi]’ = 1.78-10* 
where [X] = weight percent in lead. 

Fig. 8 reveals that less than 0.005 pct Bi in lead 
can be obtained only if more than 0.2 pct Mg re- 
mains in the lead at its freezing point. Still lower 
bismuth contents are reached only by greatly in- 
creasing the magnesium consumption. For example, 
0.0025 pct Bi is obtained with about 1.2 pct Mg 
remaining in solution. Because the slope of the lines 
of equal bismuth concentration is nearly equal to 
the slope of the ternary boundary E,P,, small varia- 
tions in the residual magnesium concentration pro- 
duce practically no change in the resulting bismuth 
content of the lead. This could well be why Betterton 
and Lebedeff? found no advantage in using great 
excess of a reagent. 

Unlike the Jollivet process, which can reach very 
low bismuth concentrations with comparative ease, 
the Kroll-Betterton process can debismuthize to 
satisfactorily low levels only when great care is 
exercised. All traces of the small crystallites float- 
ing in the bath must be removed. 

Betterton and Lebedeff found that if antimony 
were added to the debismuthized lead bath, the bulk 
of the precipitate would be increased by the forma- 
tion of Sb.Mg,; and Sb.Cas, and these helped to float 
out the residual small bismuthide crystals. There is 
no evidence of a quaternary compound between 
magnesium, calcium, bismuth, and antimony. The 
function of antimony is therefore physical, and not 
chemical. It merely helps to ensure that no bismuth 
in excess of that determined by the solubility product 
for Mg.CaBi, remains in the treated lead. 

Betterton and Lebedeff claimed that when using 
antimony it was possible to reduce bismuth to less 
than 0.001 pct by repeated treatments. This claim 
can reasonably be doubted* in view of the data 


*It is, however, possible to remove dissolved impurities from 
lead to below the value expected from the composition at a eutectic 
point, as will be shown in a forthcoming publication. 


presented here. It would be of considerable interest 
to know whether, and under what conditions, this 
experience has been duplicated. 

It has also been claimed” that organic agents such 
as proteins or carbohydrates, when stirred into pre- 
viously debismuthized lead, improve the physical 
separability of the fine bismuthide crystallites still 
swimming in the bath. The mechanism of the action 
of the finely divided carbon produced by the de-- 
composition of the organic agent is not known. 
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Practical Considerations—Solutions of alkali or 
alkaline earth metals in lead are exceedingly prone 
to atmospheric oxidation. Even solid ingots of lead 
containing a few percent of sodium or potassium 
crumble into powder in a few weeks if not stored 
in an airtight container. The molten alloys dross 
very rapidly, and if the temperature is allowed to 
rise much above 400°C, the heat of oxidation can 
be so great as to bring the lead bath to red heat. 


The first problem in debismuthizing, therefore, is 
to incorporate the reagents quickly into the lead 
bath. An efficient stirrer must be used; and the 
temperature employed for the Kroll-Betterton proc- 
cess should not exceed 420°C, and is preferably 
lower. Magnesium is added as sticks and calcium 
as an alloy in lead containing 2 to 5 pct Ca. This 
latter alloy cannot be made by direct addition of 
calcium to lead, but can be made either by exchange 
between Ca-Al alloy and lead, or oxidation of carbon 
from Ca.C by CO in a closed vessel containing a lead 
bath. 


When magnesium and potassium are used as rea- 
gents, the elements can be stirred into the lead bath 
at between 370° and 380°C, provided the stirring is 
efficient. In a large plant it would perhaps be more 
economical to incorporate potassium into lead elec- 
trolytically, as Jollivet proposed.* Potassium can 
also be reduced from KOH into lead by other metals, 
as later described. 

The second problem encountered in the Kroll- 
Betterton process is that of separating the fine crys- 
tallites of bismuthide as completely as possible. 
Evers* showed that the cooling rate from 360° to 
327°C is critical and must be kept low. Otherwise, 
repeated reheatings and recoolings are required to 
obtain less than 0.02 pct Bi, and reach a figure of 
about 0.013 pct Bi. With a cooling time of from 
6 to 10 hr between 360° and 327°C, in a 50 ton pan, 
Evers was able to reach between 0.007 and 0.012 pct 
Bi in one cooling cycle. A further treatment with 
from 0.15 to 0.25 pct Sb stirred in at 370° to 380°C 
for 3 min yields a final result of from 0.006 to 0.007 
pet Bi on cooling to 340°C, with a total recovery of 
from 80 to 86 pct of the input lead. 

As is also the case in desilverizing, impurities 
which combine with the added reagents should be 
removed from the lead prior to this treatment, or 
else reagent consumption will be high and the large 
amounts of drosses requiring removal may render 
the process impracticable. Arsenic and antimony are 
the most troublesome impurities. Betterton recom- 
mended that they be as low as possible and that, 
therefore, debismuthizing should be performed on 
otherwise fully refined lead. 

Two European refineries perform a continuous 
debismuthizing operation, using deep kettles some- 
what similar to the Williams continuous desilver- 
izing kettle. One uses a modification of the Kroll- 
Betterton process, and lead containing 0.006 to 0.011 
pet Bi, averaging 0.009 pct Bi, is produced without 
requiring antimony treatment. The excellent tem- 
perature control obtainable with this type of process 
is responsible for these good results. 

The other, Penarroya, has developed the Jollivet 
process—using potassium and magnesium additions 
—along similar lines to the forecast in ref. 28, but 
K-Pb is made by reacting sodium, and then KOH 
with lead. This method is cheaper, in Europe, than 
using metallic potassium, or reacting Mg-Pb alloy 
with KOH. The process yields lead with 0.001 to 
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Table I. Amounts of Reagent Required to Produce Various Bismuth 
Concentrations 


Potassium or 
Magnesium, Pct; 


Bismuth, Pct Equal Amount 


0.0001 

0.001 0.36 
0.0025 0.24 
0.005 0.17 


0.005 pct Bi, averaging 0.004 pct Bi, the outgoing 
lead temperature being 340° to 350°C. 

Removal of residual reagent metals from lead is 
not difficult, and may be effected by chlorination, 
oxidation with nitre, steam, or water, etc. Although 
magnesium is lost as MgO, KOH is regenerated for 
re-use. 


Formulae for the calculation of reagent additions 
in practice have not been given above. They can be 
derived quite simply from the data presented. First, 
the desired limit of bismuth in debismuthized lead 
must be decided. This limit determines the amounts 
of reagents which must remain in solution in the 
debismuthized lead, Figs. 7 and 8. The amounts of 
each reagent are not independent, but can be varied 
over wide limits. The most economical ratio (of 
Ca: Mg for the Kroll-Betterton process, or K: Mg for 
the Jollivet process) should be determined as illus- 
trated in Appendix II. The amounts of reagents 
which chemically combine with bismuth are cal- 
culated simply from atomic weights and the appli- 
cable equation, together with the bismuth analyses 
before and after debismuthizing. The formula for 
each reagent requirement will therefore contain two 
terms: one relating to lead tonnage (the solubility 
term) and the other to the amount of bismuth re- 
moved (the chemical combination term). The excess 
of a reagent, over and above this theoretical re- 
quirement, to allow for oxidation losses depends 
upon the working method, and must be determined 
empirically. 

Recovery of Bismuth—The crust may be liquated 
under a molten salt cover of alkaline earth chlorides 
to separate a portion of the entrained lead, if war- 
ranted. Then the reagent metals magnesium and 
calcium or potassium are removed from the Bi-Pb 
alloy—some lead always remains mechanically en- 
trained—in the same manner as from the debismuth- 
ized lead, by oxidation. The resulting Bi-Pb alloy, 
which may contain between 7 and 20 pct or more Bi, 
is usually electrolyzed to separate bismuth and lead. 


Precipitation of Bismuth and Solution of 
Bismuthide in a Slag 


In 1944 a patent was granted” for debismuthizing 
of lead by addition of sodium to the lead bath under 
a layer of caustic soda flux. Further patents in 1946” 
and 1950 concerned improvements in this basic 
principle, the former producing sodium in situ by 
reducing portion of the NaOH by an agent such as 
CaC., the latter producing sodium by electrolysis of 
the NaOH bath, and causing bismuth to precipitate 
from the NaOH electrolyte into a molten lead anode. 


The addition of sodium to lead containing bismuth 
causes Na,Bi to precipitate, in the same manner as 
Mg.Bi, separates when magnesium is added. The 
limit to which bismuth can be removed in this 
manner, i.e., the bismuth level of the ternary eutectic 
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point near the Pb-Na side, is not exactly known, 
but is probably not less than 0.02 pct Bi. 


In the equilibrium 


3(Na), + (Bi), = (Na.Bi), 
[Na] [Bi] 


[Na;Bi] 


where [X] is activity of X. 

As K is a constant for a given temperature, it is 
possible to reduce the activities of the terms in the 
numerator by reducing the activity of Na,Bi. In the 
Dittmer process, the activity of Na;Bi is reduced by 
dissolving it in NaOH. Thus, in the presence of a 
given concentration of sodium in lead, the bismuth 
concentration in the lead is correspondingly reduced. 


Blaskett”® was able to show that the ratio 


Bi concentration in Pb UX 
= 0.4 + ———____ 
(Na pct)’ 


Bi concentration in NaOH 


in the range 0.001 to 0.01 pct Bi in lead, at about 
340°C. 


This form of relation is to be expected if bismuth 
is trivalent. 

From this relation the degree of bismuth removal 
can be calculated for a given ratio of NaOH to lead, 
and sodium concentration in lead. This will apply 
regardless of the manner in which sodium is intro- 
duced into the lead—as an addition of sodium metal, 
or by chemical or electrolytic reduction of NaOH. 


The removal of bismuth from the molten NaOH 
was effected by agitating the caustic slag with air 
or steam, in the presence of lead.“ Thus, the free 
sodium was oxidized and bismuth was precipitated 
from the NaOH phase and dissolved in the lead 
phase. Similarly, in the electrolytic process,* bis- 
muth precipitates from the NaOH electrolytic at the 
anode lead surface, where sodium in the lead is 
oxidized. 

This process shares with the Jollivet process the 
ability to reduce bismuth in lead to below 0.001 pct, 
and may well be developed in the future if there is 
a demand for lead of very low bismuth content. 


Conclusion 


The Betts aqueous electrolysis process for de- 
bismuthizing was the only process of its kind for 
many years. In the 1930’s, the Kroll-Betterton 
process was developed, whereby bismuth could be 
removed economically to less than 0.01 pct in lead 
with calcium and magnesium. However, the limit 
of 0.005 pet Bi imposed for chemical lead can be 
reached by this process only with difficulty, either 
by using large amounts of the reagent magnesium, 
or with the further stage of antimony additions. 

More recently, the Jollivet process has been com- 
mercially developed, and can debismuthize to well 
under 0.005 pct Bi. It is more economical in some 
parts of the world, partly because it is unnecessary 
to cool debismuthized lead right to its freezing point, 
but mainly because of lower reagent cost. When 
K-Pb is made from sodium and KOH, the potassium 
in solution in debismuthized lead is recovered as the 
hydroxide for re-use, and the byproduct NaOH can 
be used as a Harris reagent. 


Both the Kroll-Betterton and Jollivet processes 
have been commercially conducted continuously. 
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Fig. 5—Quaternary 
diagram gives sche- 
matic representation 
of lead corner of 
Pb-Bi-Mg-K system. 
For nomenclature, 
see tabular material 
with Fig. 4, and text. 
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Fig. 6—Pseudoternary diagram gives schematic representa- 
tion of Pb-Bi-Mg-K system. 
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Fig. 7—Quaternary diagram plots lead corner of Pb-Bi-Mg-K 
system. 
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The latest debismuthizing innovation is the Dittmer 
process, which in principle can also be conducted 
continuously and, like the Jollivet process, can re- 
duce bismuth in lead to very low concentrations. 

The oxidation reduction process has probably not 
been used commercially for about a hundred years. 
It is a simple method for producing lead of ex- 
tremely low bismuth content, as for experimental 
purposes, if more than one cycle of operations is 
carried out. It is unlikely to compete economically 
with the other processes mentioned here. Chlorina- 
tion reduction or fluorination reduction cycles would 
give even better separations of lead and bismuth, 
but the difficulty in reducing the lead halides ex- 
cludes them from consideration at present. 

Fundamental descriptions and explanations of de- 
bismuthizing processes have been given using the 
phase diagram data available. Although these data 
are incomplete, the filling in of the gaps will only 
refine this picture rather than change it radically, as 
sufficient information now exists to give an under- 
standing of all the reactions concerned. 


Appendix | 

The discussion of the quaternary systems Pb-Bi- 
Mg-Ca and Pb-Bi-Mg-K has been simplified above 
for the sake of clarity in the diagrams. These were 
treated as if only one ternary bismuth compound 
existed in each system: CaMg.Bi, and K,Mg,Bi,. For 
the ranges of bismuth, magnesium, and calcium or 
potassium percentages normally encountered in 
practice, this treatment is valid. However, two com- 
pounds have been found in the former system, 
Ca,.MgBi, and CaMg.Bi.; and three in the latter, 
K.MgBi., K,Mg.Bi,, and K,Mg,,Bi;.”” The manner in 
which the existence of these other compounds modi- 
fies the phase diagrams will be discussed briefly. 

Although in the following discussion it will be as- 
sumed that all compounds found by Jollivet”” exist, 
there is ground for considerable doubt. For exam- 
ple, the ternary system Mg-Ca-Bi has been micro- 
scopically and thermally analysed” without finding 
any evidence of a ternary compound other than 


had evidence of a ternary compound with a solu- 
bility in lead lower than that of K,Mg,Bi,. The fol- 
lowing description should be taken only as an indi- 
cation of the way in which the quaternary diagrams 
must be modified if the existence of more than one 
ternary compound in each case should be proved. 

Referring to Fig. 4, it is seen that the region of 
debismuthizing is the volume bounded by the qua- 
ternary lines abdjg. This volume is in reality made 
up of three adjacent volumes. On the right is 
L+K,Mg,Bi,; in the centre, L+K,Mg,Bi,; and on the 
left, L+K.MgBi.; L standing for liquid. The bound- 
aries between these three volumes are probably 
peritectics, so that a liquid on cooling may cross the 
boundary, but may not follow it until a further sur- 
face is reached. 

Referring to Fig. 7, which shows the main portion 
of the liquidus L+Pb, with the minimum attainable 
bismuth concentrations, it is obvious that this too 
will be divided into three portions. Jollivet™” gives 
the liquidus compositions for each of these portions 
as follows 


[Bi]*[Mg][K]° = 10°" [1] 
= 10™™ [2] 
= 10. [3] 


It should be noted that it is purely coincidental 
that the constant in Eq. 2 and Eq. 3 is practically 
the same. In any units other than weight percent, 
the constants would, of course, be widely different. 

In Fig. 8, the liquidus L+Pb should simiiarly be 
divided into two areas, for which the respective 
liquidus compositions are determined by the rela- 


tions” 
[Bi]’[Ca][Mg]’ = [44 


[Bi]’?[Ca]*[ Mg] = unknown constant. 


In the system Pb-Bi-Mg-K it appears to be very 
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normally the compound K,Mg,Bi, persists in meta- 
stable equilibrium with the liquid lead solution in 
composition regions where one would expect 
K,Mg,.Bi;. In practice, therefore, the reagent re- 
quirements for the Jollivet process should be calcu- 
lated from Eq. 2. Occasionally, however, the lower 
bismuth content corresponding to Eq. 3 may be 
found in its expected composition region. 


A further simplification has been made in Figs. 
4 and 5. As drawn, these figures contradict the 
phase rule, in that at each quaternary eutectic five 
solids have been shown in equilibrium with the 
eutectic liquid. The diagrams become unduly com- 
plicated when drawn correctly. Referring to the 
Pb-K side, line a should not run into the eutectic 
point E.,, but should intersect line c. A further 
boundary, following close to d, also meets a and c 
in this new quaternary point. Similarly, line b does 
not enter the eutectic point E., but intersects line 1, 
from which another boundary following close to g 
emerges. These newly mentioned quaternary points 
are presumably also eutectics, and must he extreme- 
ly close to the other quaternary eutectic points. The 
matter is mentioned because a reader examining the 
diagram closely may be puzzled by the obvious 
inconsistency. 

The real diagram is still further complicated by 
the existence of a number of K-Bi compounds* 
which, however, do not merit discussion, since they 
in no way affect the outcome of debismuthizing 
processes. 


Appendix II 


Calculation of the Most Economical Reagent Ad- 
ditions—The amounts of reagents required to com- 
bine chemically with bismuth are fixed stoichiomet- 
rically, and so cannot be varied at will. However, 
the relative amounts left in solution in debismuth- 
ized lead can be chosen to give maximum economy. 
In the following example, it is assumed that 100 
short tons of lead are to be debismuthized by the 
Jollivet process from 0.50 pct to 0.004 pct Bi. 

If b, m, and k are the respective percentages of 
bismuth, magnesium, and potassium in debis- 
muthized lead, and M and K are the cost per unit 
weight of magnesium and potassium respectively, 
then 7 log b + 6 log m+ 9 log k = —27.64, and b = 
0.004; so that 6 log m + 9 log k = —10.85, or m k** = 
0.0155. The cost of reagents is mM+kK (in any 
units) = 0.0155 M/k*° + kK. This is a minimum 
when K — 0.0232 M/k’ =0; that is, when k= 
REM 

For the sake of evaluating numerically, costs will 
be assumed as follows in cents per lb: sodium, 20¢; 
KOH, 10¢; NaOH, 5¢; and magnesium, 30¢. If it is 
assumed that 10 pct each of KOH and magnesium 
are lost, that 80 pct of KOH is recovered for re-use, 
and 10 pct of KOH enters NaOH and is used in 
Harris refining, then the net materials costs—neg- 
lecting treatment cost, which should, however, be 
included in this calculation—are approximately 33¢ 
for magnesium and 10¢ for sodium. Inserting M = 33 
and K = 10 in the equations, k = 0.36 pct, and m = 
0.072 pct. 

The reagent amounts for residual solubility in 
lead are therefore 144 lb Mg and 720 lb K. 

Lowering the bismuth contents in 100 tons of lead 
from 0.5 pct to 0.004 pct Bi amounts to combining 
992 lb Bi, which requires 99.2 lb Mg and 238 lb K. 
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The total requirements excluding oxidation losses 
are thus 243 lb Mg and 958 lb K. 


It is seen that the formulae for calculating reagent 
additions under the conditions assumed in this case 
are: potassium = f,[7.2 + 4.8 (b—0.004) ] lb per ton 
lead and magnesium = f, [1.44 + 2.0 (b — 0.004) ] Ib 
per ton lead, where f = factor for oxidation loss, to 
be determined empirically, and b = percentage of 
bismuth in lead before debismuthizing. 


For other cost data, or for debismuthizing to any 
level other than 0.004 pct Bi, the formulae should 
be redetermined to find the economic optimum. 
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Rate of FeO Reduction from a CaO-SiO,-Al,O, 
Slag By Carbon-Saturated Iron 


by W. O. Philbrook and L. D. Kirkbride 


{ee the normal operation of the iron blast furnace, 

reduction of the iron oxides is accomplished 
almost entirely above the tuyeres.’ Blast furnace 
slags usually contain less than 0.5 pct FeO, although 
higher values may occur with abnormal operation. 
There is reason to conjecture, however, that incom- 
pletely reduced ore may sometimes reach the hearth 
and enter the slag as a result of heavy slips or, per- 
haps, even from cores of excessively large lumps of 
a charge material of poor reducibility. The possi- 
bility of reoxidation of iron droplets falling in front 
of the tuyeres has been considered by several writers. 
It would be of interest to know how rapidly iron 
oxides reaching the slag for any of these reasons 
could be reduced by reaction with coke or with the 
high carbon liquid iron in the hearth. 

In comparison with the hundreds of papers that 
have appeared on various aspects of the reduction 
of solid iron oxides by gases and in the presence of 
several forms of carbon, little work has been pub- 
lished on the reduction of liquid oxides or slags. 
Dancey* measured rates of reaction of the pure liquid 
oxides, both FeO and Fe,O,, with molten iron con- 
taining about 4.3 pct C. The oxide was dropped into 
the cup formed in the upper surface of the iron by 
rotating the crucible and melt. Under these condi- 
tions, reduction of either FeO or Fe,O, was com- 
pleted in less than 10 sec. The present study was 
concerned with the reduction of FeO from blast 
furnace-type slags containing less than 5 pct FeO 
and melted over carbon-saturated iron in stationary 
graphite crucibles. The results were considerably 
different from those found by Dancey, as will be 
discussed later. 

Although this work is of interest in relation to 
hearth reactions in the blast furnace, interpretations 
must be made with caution because the experi- 
mental conditions do not duplicate those within a 
furnace and may not even lead to the same reaction 
mechanism. The authors were motivated in under- 
taking this work by an additional interest—the part 
played by FeO reduction in the mechanism of de- 
sulphurization of iron by slags under similar experi- 
mental conditions. 

Derge, Philbrook, and Goldman’ developed de- 
tailed experimental evidence to support a three- 
step mechanism for desulphurization like that orig- 
inally proposed by Holbrook and J oseph* 


FeO = Fe (1) CO(g) [3] 


(These reactions are written in molecular form for 
convenience, but this is not intended to imply the 
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existence of molecules of FeS in the bulk metal 
phase nor to deny the likelihood of ionic reactions 
in the slag.) Farlier work by Chang and Goldman’ 
had shown that the overall reaction follows first- 
order kinetics with respect to sulphur and that the 
rate of reaction is proportional to the slag-metal 
interface area, which observations have been con- 
firmed by subsequent work. Later studies®* have 
established the influence of alloying elements on the 
first and last steps of the reaction. This paper re- 
ports a study of step 3 alone, uncomplicated by the 
simultaneous process of sulphur transfer. 


Apparatus and Procedure 


The experiments were made in a conventional 
high frequency induction furnace powered by a 35 
kva Hg spark gap converter. The graphite crucibles 
used for most of the runs were 14 cm (5.5 in.) deep 
and 4.8 cm (1.9 in.) ID with 0.75 cm (0.3 in.) wall. 
An insulating cover with a small opening for with- 
drawing samples was used to minimize heat loss and 
infiltration of air into the furnace. 

The crucible was charged with 300 g of carbon- 
saturated iron and either 65 or 100 g of prefused 
slag analyzing 38.0 pct SiO., 15.4 pct Al.O,, and 47.1 
pet CaO. To obtain the cleanest possible interface 
at the start of the reaction, the metal and slag were 
brought to temperature together to prevent the re- 
jection of kish graphite that would have been 
caused by the chilling effect of a large addition of 
cold slag to carbon-saturated iron. 

After temperature control had been established, 
the desired amount of iron oxide was added in the 
form of a prefused slag of composition 73.6 pct FeO, 
7.7 pet Al,O;, and 19.0 pct SiO,. This slag addition 
was observed to be molten in somewhat less than 
1 min, and a very vigorous reaction proceeded for 
1 to 2 min after its introduction. Zero time was taken 
as 2 min after the ferrous silicate slag addition. 

Slag samples weighing about 0.5 g each were 
taken periodically by a copper chill sampler.° The 
weight of the initial slag was large relative to the 
weight of samples removed, so that the slag weight 
never varied by more than 5 pct during any run. 

Temperature was measured by a calibrated W/Mo 
thermocouple immersed in the metal, with a graphite 
tip cemented over the fused silica protection tube 
to prevent attack by slag and metal. After some 
difficulties with uncertain temperatures during the 
first two runs, the practice adopted to position the 
thermocouple for reproducible results was to lower 
the protection tube to touch the bottom of the cru- 
cible and then raise it 0.6 cm. The apparent tem- 
perature gradient between the bottom of the crucible 
and the top of the slag was found to be 15°C (27°F), 
but much of this spread was probably the result of 
inadequate immersion of the protection tube to off- 
set conduction losses along the graphite tip when 
the thermocouple was inserted only into the slag. 
The temperature of the bath was controlled within 
+5°C (9°F) during a run. 
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Table I. Rate Data: FeO Reduction 


Pct FeO Pct FeO 
Run No. and Time, in Run No. and Time, in 
Temperature Min Slag Temperature Min Slag 
1, temperature 2, temperature 

uncertain 0 3.60 uncertain 0 4,98 

1 2.74 1 4.54 

3 2.68 3 3.80 

8 1.79 5 3.33 

18 1.14 10 2.39 

38 0.69 20 1:31 

58 0.55 40 0.72 

78 0.39 60 0.50 

4, 1430°C 3 4.70 9, 1430°C 0 3.64 
5 4.17 2 3.59 

a2 3.87 4 3.08 

20 3.34 8 2.45 

40 2.62 15 1.65 

20 1.43 

30 0.97 

12, 1430°C 0 4.27 13, 1430°C 0 2.56 
3 3.74 5 1.02 

7 3.12 10 1.01 

12 2.60 16 0.85 

20 1s} 25 0.86 

40 0.95 40 0.69 

60 0.70 60 0.46 

100 0.46 

14, 1430°C 2 4.27 15, 1430°C 2 3.02 
6 3.99 6 3.48 

10 3.63 10 3.42 

18 2.84 18 2.76 

30 2.08 30 2.19 

16, 1570°C 0 4.41 0 3.86 
2 3.86 2 3.38 

5 3.12 5 2.82 

10 2.14 10 2.28 

15 1.63 20 1.48 

18, 1430°C 10 0.32 19, 1430°C 5 2.64 
60 0.00 10 1.99 

20 1.37 

30 1.04 

40 0.88 


The experimental results of 12 runs are recorded 
in Table I. The FeO contents reported for the slags 
were calculated from the analyzed total iron content 
of magnetically cleaned samples. Because of un- 
certainty about the true temperatures for run Nos. 
1 and 2, the data from these runs have been used 
only to verify the order of the reaction. 

Typical rate curves are plotted in Fig. 1 for run 
Nos. 4 and 9 and in Fig. 2 for heat Nos. 12 and 16. 
Fig. 1 shows that the rate of FeO reduction is de- 
creased when the metallic phase is removed even 
though the slag-graphite interface is trebled in area 
(see Table II). Fig. 2 compares two runs that were 
identical except for their temperatures, 1430° 
(2606°) and 1570°C (2858°F), and demonstrates 
that the rate of reduction increases slightly with 
increasing temperature. The spread of experimental 
points and interrelations among the curves are 
shown more usefully by the treatment to follow, so 
time curves for other runs have not been reproduced. 


Rate Calculations 


An analysis was made by conventional methods of 
chemical kinetics* to determine the apparent order 
of the reaction. For a general reaction of the type 


aX + BY +yZ+....— Products 


the rate of the forward reaction is given by 


Rate= 


where the integer a is the order of the reaction with 
respect to reactant X, etc., and k is a proportionality 
factor called the rate constant. For a heterogeneous 
reaction occurring at an interface, the rate is also 
proportional to the interface area. 


352—JOURNAL OF METALS, MARCH 1956 


If it is assumed for the present that the reduction 
reaction is 


FeOvten + C = Fe(l) + CO(g), [4] 


then the rate is expressed as 


where —(d W;.0o/dt) is the rate of consumption of 
FeO in grams per min, S is the weight of slag in 
grams, Cyeo is the concentration of FeO in the slag 
in weight percent, C, is the concentration of carbon, 
A is the interface area in square centimeters, and k 
is the rate constant: g FeO per (min) (sq cm) (pct 
FeO)*(C.)*. The exponents a and § on the concen- 
trations have been retained to preserve generality 
even though Eq. 4 as written indicates them to be 
unity. The back reaction has been ignored in writ- 
ing Eq. 5, because in this particular instance Eq. 4 
goes virtually to completion. (Data from heat No. 18 
in Table I show that no FeO was introduced into a 
slag initially low in iron oxide during 1 hr at tem- 
perature in a nearly pure CO atm.) Since the con- 
centration of carbon is constant in a carbon-satu- 
rated system, this value may be combined with the 
rate constant 


= kA (Cy) Ca) 


ke (Cape. [6] 


Moreover, for specified slag weight and interface 
area, Eq. 5 can be simplified to 


d 
at (Creo) [7] 
where 
100 k’A 


Values for the appropriate rate constant and for a 
are to be found from the experimental data. 

Order of Reaction: The value of a was obtained 
by making use of the logarithmic form of Eq. 7 


log ) = log + a log (Creo). [8] 


d Creo 
dt 


yield a straight line of slope a and intercept on the 
1.0 pct FeO ordinate equal to log k”. Values for such 
plots were obtained by fitting smooth curves through 
the experimental points for (pct FeO) vs time and 
drawing tangents to the curves at arbitrary FeO 
contents. The slopes of the tangents gave d Creo/dt 
for corresponding values of Creo. Typical log-log 
plots are shown in Fig. 3, where it may be seen that 
the points fit straight lines quite well in view of 
experimental errors and possible inaccuracies in fit- 
ting tangents. The slopes ranged from 1.6 to 2.3, as 
listed in col. 5 of Table II, giving an average of 2.0 


A plot of log ( ) against log (Cyr.o) should 


Fig. 1—Rate curves 
are given for FeO 
reduction at 1430°C 
with slag-metal in- 
terface (run No. 9) 
and without metal 
(run No. 4). 
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Table II. 


Summary of Data and Results for Order of Reaction and Rate Constants 


Slag- 


Slag- 


Slag Mt, Graphite Metal Order of 
G Area, Sq Cm Area, Sq Cm Reaction ies kit K2§ 
1 Uncertain 100 29 
Uneertain 100 29 20 = 
56 0 2.1 0.0053 = 0.00012 
65 19 18 2.0 0.020 0.00059 
19 18 1:6 0.019 0.00056 — 
18 85 19 18 2.3 0.020 0.00059 
14 37 0 0.0075 0.00013 
19 1430 100 4 2.3 0,022. 100 
18 1430 100 13 36 = 
16 1570 65 19 18 2.0 0.024 = — 
1570 65 19 18 1.9 0.022 _ — 


* Metal weight was 300 g for all runs. 
+ Dimensions of k” are (pct FeO) per (min) (pct FeO) 2, 


{ Dimensions of k; are g FeO per (min) (sq cm of slag-metal interface) ( 2 
Di i pet FeO) 2. 
§ Dimensions of kz are g FeO per (min) (sq cm of slag-graphite interface) (pct FeO) 2. 


for the order of the reaction. This second order is, 
of course, inconsistent with the postulated Eq. 4. 
Possible interpretations are considered in the section 
entitled ‘‘Discussion.” 

Rate Constants: Once the order of the reaction 
had been established, an alternate method to Eq. 8 
could be used to evaluate the constant k” from a 
direct plot of experimental points without an inter- 
mediate graphical step. The relation was derived 
from Eq. 7 by setting a equal to 2 and integrating 
from concentration C, at time t = 0 to concentra- 
tion C at time t. The subscripts FeO have been 
dropped for convenience from the concentration 
terms in the resulting equation 


1 


= k"t, [9] 


A plot of (ee ) against t should yield a 
straight line passing through the origin and with 
slope equal to k”. The data from four typical runs 
plotted in this way in Fig. 4 show satisfactory agree- 
ment with the predicted behavior. This provides a 
check on the conclusion that the reaction follows 
second order kinetics with respect to (pct FeO). The 
values of k” obtained from the slopes of lines such 
as those in Fig. 4 are listed in Table II. The corres- 
ponding values of k” read from intercepts in plots 
such as Fig. 3 were in fairly good agreement with 
those recorded. 
The next step was to take into account the vari- 
ables of slag weight and interface area in k” to 
learn if the various runs at a given temperature 
gave consistent values for the rate constant, k’. The 
results of runs with no metal present indicated that 
the reduction of FeO from the slag by the graphite 
of the crucible could not be disregarded. It was 
assumed that two parallel reactions were taking 
place independently, one at the slag-metal interface 
and one at the slag-graphite interface, and that both 
were of second order (which seemed justified by the 


Fig. 2—Rate curves 
are shown for FeO 
reduction slag- 


metal runs at 1430° 
and 1570°C. ol 9 1870°C, 
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data). Since the iron was carbon-saturated, the 
activity of carbon was taken to be unity for both 
reactions. The total amount of FeO consumed would 
be the sum of the amounts reacting at each inter- 
face, so the following modification of Eq. 5 could be 
written 


ACreo 100 
— at = kA, (Creo) + 
100 


[10] 


where the subscript 1 refers to the slag-metal inter- 
face and subscript 2 to the slag-graphite interface. 
By comparison with Eq. 7 and the original definition 
of k”, it will be seen that for Eq. 10 


100 

The specific rate constants, k, and k., for the two 
kinds of interface could be evaluated separately for 
the runs at 1430°C. Values of k, were found from 
run Nos. 4, 14, and 15 (where A, = 0) by substitut- 
ing the recorded values for k”, A., and S from Table 
II into Eq. 11. These three results were in excellent 
agreement as shown in the last column of Table II. 
The average k, thus obtained was then used to cal- 
culate the values of k, entered in Table II for run 
Nos. 9, 12, 13, and 19. The internal agreement within 
5 pct is unusually good for work at this temperature 
level. It may be noted that the rate at the slag- 
metal interface was four or five times faster than 
the rate on graphite. 

Effect of Temperature: The data at hand were not 
sufficient to obtain temperature coefficients for the 
slag-metal and slag-graphite rate constants inde- 
pendently. Values of k” were available at 1430° 
(2606°) and 1570°C (2858°F) for runs in which the 
slag-metal and slag-graphite interface areas, respec- 
tively, were duplicated. It is not legitimate, how- 
ever, to derive an activation energy from these data 
because k, and k, are additive in k”, and it is not 
known whether or not the activation energies are 
the same for the reactions at the two different inter- 
faces. All that can be concluded from these few 
experiments, therefore, is that the activation energies 
appear to be low, perhaps under 10 kcal per mol. 


Observations on Slag Color and Metallic 
lron Content 
Slags containing several percent of iron oxide 
were dark green in color. This color lightened pro- 
gressively as the FeO was reduced, and it approached 
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Fig. 3—Log-log plots 
for estimating order 
of reaction, accord- 
ing to Eq. 8, are 
given. 


dc /dt 


0.01) 


a pale gray-blue as the reaction neared completion. 
The slags cooled as clear glasses. 

Metallic iron globules were found adhering to the 
crucible wall at the end of each run. In slag-metal 
heats, the globules collected primarily at the gas- 
slag-graphite intersection and in sufficient quantity 
to form an almost continuous ring around the cru- 
cible wall. The ring of beads was less pronounced 
in runs made with only a slag charge; the beads 
were smaller and tended to be distributed more 
evenly over the entire slag-graphite interface. No 
metal droplets were observed in the body of the slag 
at the end of a run, but only next to the graphite. 
In contrast, iron beads have been found throughout 
the slag in sulphur-transfer studies® * ** conducted 
in a similar manner but with high sulphur metal 
and slag. 

The iron beads from the ring on top of the slag 
were collected and weighed for four slag-metal 
runs. In every case, the weight of the iron pellets 
was greater than the weight of iron equivalent to 
the FeO reduced from the slag, as shown in Table 
III. The results were somewhat erratic because all 
of the beads could not be recovered. The discrep- 
ancies ranged from under 10 to nearly 50 pct of the 
iron reduced. This can not all be accounted for by 
dilution with carbon and silicon or by contamina- 
tion with slag because an analytical check showed 
that the metal collected analyzed 92.0 pct Fe and 
about 4 pct graphitic carbon. The wash metal charges 
melted quietly under a slag cover, and no spattered 
iron was observed on the crucibles above the slag 
line. 

It appears from these observations that the iron 
formed by reduction of FeO, and possibly some iron 
from the bath as well, was levitated to the slag sur- 
face, attached to or as a film around CO bubbles, 
as originally described by Holbrook and Joseph.* 
When the bubbles broke, the iron droplets spread 
on the surface and were small enough to be sup- 
ported by surface forces until they moved by gravity 
down the convex slag surface and came to rest at 
the crucible-slag-gas line. This process can be ob- 
served during a run and, in fact, such newly released 
globules have been speared on a cold rod for 
examination in connection with sulphur-transfer 


Table II!. Metallic Iron Pellets Recovered from Slag 
Fe Equivalent Actual Weight of 
Run No. to FeO Reduced, G Pellets Recovered, G 
4.0 4.6 
9 3.2 3.5 
12 4.0 5.1 
19 3.7 4.6 
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studies.° This is an intrinsic feature of the reaction. 


Discussion 

A complete interpretation of these results must 
account for the observed order of the reaction, rate 
constants, and iron bead phenomena in terms of a 
unique mechanism for the rate-controlling step in 
the process. This study was not complete enough to 
justify a definite conclusion, but several possibilities 
may be discussed. For convenience, the data will be 
treated first from the viewpoint that a chemical 
reaction might be the rate-controlling step, and then 
other alternatives will be presented. Comparisons 
will also be made with related work. 

It has been pointed out already that the apparent 
second order of the reaction with respect to the 
analyzed combined iron content of the slag, reported 
as FeO, is inconsistent with the reaction that is con- 
ventionally written as Eq. 4. The possibility was 
considered that this might be an autocatalytic first- 
order reaction, as rate data for such reactions may 
be misinterpreted as indicating second order. A test, 
however, showed that the experimental points do 
not fit the pattern of an autocatalytic reaction. Al- 
though the data for some of the runs will fit a first- 
order curve nearly as well as a second-order plot 
during the early stages of the reaction, the bulk of 
the evidence indicates that the rates are propor- 
tional to about the second power of the iron concen- 
tration of the slag. There is nothing to be gained 
by replacing measured concentrations by activities 
without independent information on the activities. 

One possible interpretation is that the slow step 
in the reaction is the formation of an activated com- 
plex or intermediate product containing two mole- 
cules of FeO or, at least, two atoms of iron. Several 
types of intermediates might be conjectured, but 
experimental verification is lacking. 

Another possibility is that the true reactant is not 
molecular FeO, but a dissociation product 


FeO @ Fe* + O* [12] 
where the asterisk is used to designate either atoms 
or ions in the slag available to participate in the 
reaction. On this basis, the reaction replacing Eq. 4 
would be 


The rate equation replacing Eq. 5 would then be- 
come 
d Creo 


dt 


If the concentration of O* available to participate in 
the reaction were always proportional to the ana- 
lyzed iron content, then Eq. 14 would reduce to 


— Creo A 


A 
= 100 Kas (Cre) (Co") (Cc). [14] 


dt 


where k,; is the product of k,. and a proportionality 
constant. The latter equation, modified for simul- 
taneous reactions at both slag-metal and_ slag- 
graphite interfaces, would fit the experimental ob- 
servations. Although this dissociation hypothesis is 
compatible with the modern ionic theory of slag 
constitution and the green color of the slag is indi- 
cative of the presence of ferrous ions, these few rate 
measurements are neither sufficient to prove an 
ionic mechanism nor to contribute new knowledge 
of slag structure. 

Dancey,’ in his work on pure oxides, found that 
the reduction of FeO followed first-order kinetics 


TRANSACTIONS AIME 


| 
| 
| /, 
/ 
RUN | SLOPE 
/ x19 2.3 
(%) 


° 

° 
a 


RUN [2 
RUNI6 
§ 
0.3} 
2 Fig. 4—Plots are 
& 2 shown for estimating 
k” in accordance 
g / = with Eq. 9. 


° 


° 


020. 3040-806 

TIME (MINUTES) 
for the first 80 pct of the reaction, and the reduction 
of FeO, was first-order for the first 30 pct. He also 
obtained much faster reaction rates as well as higher 
temperature coefficients than the authors’ data indi- 
cate. Dancey’s results are not necessarily in conflict 
with those reported here for silicate slags of rela- 
tively low FeO content. The structure of liquid FeO 
is different from that of silicate slags, as indicated 
by electrical properties. In binary iron silicate melts, 
nearly pure FeO containing less than 10 pct SiO, 
conducts primarily by electron flow, but slags con- 
taining more than 34 pct SiO, conduct principally 
by ionic transport.’ Lime-silica-alumina slags of the 
type used in this study are also ionic conductors” 
and are therefore structurally dissimilar to pure 
FeO. In addition, in Dancey’s work, at least with 
respect to FeO, the activity of the oxide presumably 
remained constant but the amount decreased, while 
in the authors’ work the concentration of the re- 
actant changed continuously. A difference in kinetic 
behavior is, therefore, not surprising. 

According to reaction rate theory, the intrinsic 
rate of a chemical reaction would be expected to be 
high at the temperature level of these experiments, 
and the possibility should be considered that some 
other process may be the rate-controlling step. It 
has been shown” that diffusion of a reactant through 
a stagnant interface film offers a plausible explana- 
tion for the slowness of some steelmaking reactions. 
However, the solution of the diffusion equation for 
a plane interface film leads to a first-order depend- 
ence on the concentration of the diffusing species. 
Explanation of the observed second order by a 
simple diffusion process at the slag-metal interface 
seems to require a dissociation hypothesis again, 
with the further assumptions that Fe* and O* diffuse 
independently of one another through the film and 
that the reaction rate is determined by the product 
of their separate rates of arrival at the reaction 
interface. A considerable amount of elaboration 
would be necessary to make this interpretation con- 
vincing. Furthermore, diffusion does not offer a 
satisfactory explanation for related phenomena, 
such as the observed’ effects of alloying elements 
on the rate of sulphur transfer. Diffusion control 
does not provide an obvious interpretation of the 
data, although it is consistent with the apparent low 
temperature coefficient. 

Some consideration should be given to nucleation 
as a possible rate-limiting factor and also as a way 
of accounting for the differences in rate constants 
between the slag-metal and slag-graphite inter- 
faces. The difficulty of nucleating a gas bubble has 
often been suggested as an explanation for the slow- 
ness of reactions involving the formation ne (CKO) aba 
metal or slag. If this were the case in this process, 
it would be expected that the reaction would be 
faster on the graphite surface than at the slag-metal 
interface because bubble nuclei could be retained in 
erevices in the graphite. The actual rates were in 

the reverse order. Furthermore, in the late stages 
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of the reaction, both in this work and in desulphur- 
ization studies, it has always been observed that 
bubbles rise preferentially from the central portion 
of the crucible, not adjacent to the wall. It must be 
concluded, therefore, either that CO nucleates more 
readily at the slag-metal interface than on graphite 
or that nucleation of CO is not a limiting factor in 
the process. 

It might be argued that the reaction rate is faster 
at the slag-metal interface because a liquid iron 
phase already exists there. In contrast, the metal 
phase must be nucleated on the graphite; and once 
a few droplets have formed, the reaction might con- 
tinue preferentially on these so that the effective 
area associated with the slag-graphite interface is 
much less than the geometric area. This argument, 
however, is difficult to reconcile with the observa- 
tion that the iron resulting from the slag-metal 
reaction does not join the bulk metal phase but rises 
to the surface attached to CO bubbles. 

A tentative hypothesis to explain some of the 
puzzling features of the process has been suggested 
in part by the spreading of iron droplets at the sur- 
face of the slag. This indicates that the interfacial 
free energies may be such that minimum surface 
free energy results if a slag-gas interface is replaced 
by slag-metal and metal-gas interfaces. Suppose 
that a CO bubble forms, under sufficient super- 
saturation of the metal with oxygen, at or just below 
the slag-metal interface, and that the bubble is im- 
mediately covered by a film of iron to achieve mini- 
mum surface free energy. The bubble then breaks 
away after it has grown to sufficient size, carrying 
its film with it. Reaction between FeO in the slag 
and CO in the bubble can continue as the bubble 
rises until the CO./CO ratio in the bubble approaches 
equilibrium with the local FeO content of the slag 
adjacent to the bubble or until the bubble bursts at 
the top of the slag. This would account for the fact 
that the iron accumulated in the ring around the 
slag surface equals or exceeds the amount formed 
by reduction of FeO and for the fact that iron beads 
recovered during sulphur transfer are not saturated 
with carbon.’ It is also consistent with the observed 
effect of pressure on desulphurization, which seems 
to require reduction by CO in rising bubbles rather 
than by carbon alone.’ 

This hypothesis of reaction on rising bubbles offers 
a further advantage in terms of reaction mechanism. 
Eq. 4 demands that reaction occur between slag and 
metal (or graphite) to form gas and metal. This re- 
quires a minimum of three phases in contact, and 
such contact can occur only along a line. On a rising 
bubble covered by an iron film, however, the mech- 
anism could become one of surface and volume re- 
actions in series, as follows: 1—Oxygen from the 
slag dissolves in iron at the outer surface of the film. 
2—Oxygen moves through the film by diffusion or 
convection. 3—Reaction between O and CO takes 
place at the inner surface of the film. Reaction initi- 
ating at the slag-metal interface could be accounted 
for by liquid-liquid and gas-liquid processes, while 
reaction starting on graphite would be more compli- 
cated, at least in the initial stage. 

It is not obvious how the order of the reaction 
might be accounted for in this mechanism. The rate 
of nucleation of CO at the interface might be pro- 
portional to the FeO or ferrous ion content of the 
slag, and the rate of reaction on the bubble, after it 
has formed, might also be proportional to the 
same concentration because of diffusion or other 
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mechanism. A considerable amount of mathematical 
development would be required to demonstrate the 
resultant apparent order of reaction, and it seems 
unlikely that it would be integral. The scatter of the 
observed order about the value of two may be real, 
but the evidence is not strong enough to prove this 
mechanism over other alternatives. 

This hypothesis of reaction on bubbles is highly 
speculative. It rests largely on assumptions that 
must be substantiated or disproved by measurements 
of interfacial free energies and by additional experi- 
ments on the process itself to develop further in- 
formation on the effects of pressure, alloying ele- 
ments, and changes in slag composition. It is hoped 
that results of some relevant experiments may be 
reported in the near future. 

The specific rate constants reported here have 
been calculated for the geometric areas of quiet 
plane interfaces at metal and graphite because it is 
obviously impossible to make any quantitative esti- 
mations of the effects of bubbles on interface areas 
or turbulence. All that can be said is that the results 
are reproducible for the particular geometries stud- 
ied. The apparent order of the reaction might possi- 
bly be related to a dependence of the effective inter- 
face area or film thickness on the rate of bubble 
formation, which in turn might be proportional to 
the FeO content of the slag. The role of bubbles in 
the reaction mechanism may be investigated by in- 
troducing bubbles of CO or of inert gas, from an 
external source, above and below the slag-metal in- 
terface, and such experiments have been initiated. 

The authors do not advocate any single interpre- 
tation or combination of those that have been pre- 
sented because a final conclusion cannot be sup- 
ported by the limited information available at this 
time. A rather extensive discussion has been thought 
justified, in view of the current interest in the mech- 
anism of slag-metal reactions, to point out the 
weaknesses and failings of some of the alternatives 
that have been advanced from time to time in pa- 
pers and discussions. 


Relation to Sulphur Transfer: The numerical val- 
ues of the rate constants for iron oxide reduction at 
the slag-metal interface are of about the same order 
of magnitude as rate constants that have been meas- 
ured for sulphur transfer.** A direct comparison is 
not useful, however, because the orders of the reac- 
tions, and hence the dimensions of the constants, are 
not the same. The picture is further complicated by 
the fact that iron oxide reduction occurs at the cru- 
cible wall as well as at the slag-metal interface. A 
trial calculation has shown that the experiments are 
mutually consistent on a qualitative basis. The meas- 
ured rates of iron oxide reduction account for a 
maximum in the iron content of the slag during de- 
sulphurization at about the time and iron level ob- 
served.’ The data on iron maxima are not consistent 
enough among themselves to warrant any more 
quantitative conclusion. 

The differences in iron bead behavior between 
plain FeO reduction and sulphur transfer experi- 
ments can probably be accounted for by surface ten- 
sion effects. Boni” has shown that sulphur lowers the 
surface tension of slags relative to argon. The effect 
of sulphur on the surface tensions of slag and metal 
relative to carbon monoxide and on slag-metal in- 
terfacial tension is unknown, but it is probably great 
enough to diminish the maximum size of iron drop- 
let that can be supported stably at the slag surface, 
so that most of the iron falls back through the slag. 
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Other common features of FeO reduction and sul- 
phur transfer have been considered earlier in the 
discussion. 


Summary 

Reaction rates have been measured for the reduc- 
tion of FeO from a lime-silica-alumina slag over 
carbon-saturated iron in graphite crucibles. The ini- 
tial FeO concentrations were under 5 pct in a base 
slag composition of 46 to 47 pct CaO, 38 to 39 pct 
SiO., 15 to 16 pct Al,Os. 

The reaction rate was found to be proportional to 
about the second power of the analyzed iron content 
of the slag. Two rate constants were obtained for 
simultaneous reactions at the slag-metal and slag- 
graphite interfaces. Values for these constants at 
1430°C (2606°F) were k, = 0.00058 g FeO per 
(min) (sq em) (pet FeO)’ at the metal and k, = 
0.00012 (same dimensions) at the graphite. The tem- 
perature coefficient was not measured independently 
for the two reactions, but the net effect of a 140°C 
rise in temperature was small. 

Iron droplets rose to the surface of the slag with 
gas bubbles and collected in a ring adjacent to the 
crucible wall in amount equal to or greater than 
the weight of iron calculated from FeO reduction, in 
those runs with both slag and metal. When only slag 
was present in the crucible, the iron beads were 
more evenly distributed over the entire crucible wall 
and were smaller in size and total amount. 

It is not possible to deduce a reaction mechanism 
to interpret the observations on the basis of these 
experiments alone, but several alternatives have 
been discussed in terms of intermediate reaction 
products, dissociation of FeO in the slag, diffusion, 
nucleation of gas or metal, and surface phenomena 
leading to reaction through iron films on rising bub- 
bles of CO in the slag. 

The rate of reduction of FeO in the absence of 
sulphur is qualitatively consistent with the part that 
this reaction is believed to play in the desulphuriza- 
tion of iron by slags under similar experimental 
conditions. 
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Fabrication of Thorium Powders 


Consolidation of hydride process, electrolytic, calcium ‘reduced, and comminuted 
thorium powder, as well as saw chips and lathe turnings, by vacuum hot pressing 
and by cold pressing-vacuum sintering was studied. The mechanical properties of 
the consolidated material in the extruded form are compared with those of wrought 


castings. 


by W. W. Beaver, K. G. Wikle, and J. G. Klein 


T present there is little industrial use for 

thorium metal, although it has some important 
though small scale applications in electronic equip- 
ment. Despite its high melting point—about 1750°C 
—a low modulus of elasticity, 11.4x10° psi at 20°C; 
relatively low mechanical properties coupled with a 
high density, 11.7 g per cu cm; and an unusually 
high chemical activity with normal atmospheres 
limit any structural applications. 

The metal is utilized as an alloying element prin- 
cipally in magnesium. Pure thorium finds utility as 
electrodes in gaseous discharge lamps such as the 
high intensity mercury lamp’ because its low work 
function and high electron emissivity provide lower 
starting potentials and more uniform operating 
characteristics than other available materials. The 
metal is also found in photoelectric tubes used for 
the measurement of the ultraviolet spectrum.* 
Thorium metal has been used in germicidal lamps 
of the cold cathode type as sputtered coatings on 
nickel in order to provide a low work function sur- 
face and a low starting voltage. Other applications 
have involved the radioactive properties of thorium 
for the production of ionized particles.* 

The potential value of thorium is much greater 
than its present use pattern because of possible 
utility in the field of nuclear power. Th,» may be 
converted through nuclear reaction to a fissionable 
element U.:; which should be capable of acting sim- 
ilarly to U.», in the generation of atomic power. 
Thorium has been reported to be about three times 
as plentiful as uranium in the earth’s crust, placing 
it in the order of abundance of lead and molyb- 
denum.® Thus, it is of interest in augmenting the 
potential supply of fissionable material for nuclear 
power. 

Because of its high melting point, thorium is usu- 
ally produced as a powder through the calcium re- 
duction of its oxide or thermal reduction of halides 
by sodium, magnesium, and calcium. It may also be 
produced in flake form by electrolysis of fused alkali 
or alkaline earth chlorides and fluorides. Therefore, 
powder metallurgy assumes importance in the fab- 
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rication of thorium metal shapes. Furthermore, it is 
rather difficult to obtain pure thorium by melting, 
as the molten metal reacts readily with graphite as 
well as oxide, carbide, and nitride refractories. 
These contaminate the melt with oxides, carbides, 
and metallic impurities.° 

The current investigation was undertaken to ex- 
amine the fabrication of thorium by powder metal- 
lurgy methods which have been used for the com- 
mercial production of beryllium and other metals.’ 
A sparcity of data concerning the comparative cold 
and hot compaction of thorium powders of different 
derivation existed. Therefore, all commercially 
available types were examined along with other 
experimentally produced thorium powders in order 
to round out the comparison of consolidated thorium 
powders with melted reguline metal. 


Review of the Literature 


By heating a mixture of ThCl, with potassium, 
Berzelius® made the first thorium metal as an im- 
pure powder in 1828. Improvements in the basic 
process, increasing thorium assay to 99 pct, were 
made by several investigators including Arsem,’ 
Lely and Hamberger,” and Von Bolton.” 

Calcium reduction of ThO, to make powders was 
investigated by Berger,” Huppertz,”, Kroll,“ and 
Kuzel and Wedekind.” A thorium powder produced 
by this method using a CaCl, fluxing agent assayed 
99.7 pct, as reported by Marden and Rentschler.” 
Compacted and sintered, this product was found to 
be ductile, and could be fabricated into wire and 
sheet. Improvements of the calcium reduction proc- 
ess were made late1*’ wherein CaCl, was eliminated 
from the reaction, producing metal assaying 99.8 
pet Th. Further work by Lilliendahl* showed that 
a coarser metal could be obtained by the substitu- 
tion of ThCl, or ThOCl, for oxide with consequent 
advantage of stability to atmospheric reaction. 

Reports on the technology of thorium developed 
in Germany during World War II have been made 
by Espe.” Thorium powder of 99.5 pect Th was ob- 
tained by reduction of the oxide by calcium. Screen- 
ing to —200 mesh, compacting with about 20 tsi, 
and sintering in vacuo at 1320° to 1360°C for 3 hr 
resulted in a porous sinter cake. The sinter cake was 
sufficiently ductile to be worked into bar, wire, and 
sheet which could be employed as electrode materials. 
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The production of thorium powder by electrolysis 
of molten salts of halides was first reported by 
Moissan and Honigschmidt,” as well as by Von 
Wartenberg.” These investigators deposited flake of 
about 88 pct Th out of a fused mixture of ThCl,, 
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Fig. 1—Relative particle size 
of various types of thorium 
powder are shown as follows: 
A, lathe chips; B, comminuted 
chips; C, hydride process pow- 
der; D, calcium reduced pow- 
der; and E, electrolytic flake. 
A, X3; B through E, X400. 
Area reduced approximately 20 
pct for reproduction. 


NaCl, and KCl. Higher assay metal was obtained by 
Driggs and Lilliendahl,” whose electrolyte was a 
mixture of equal parts of NaCl and KCl with the 
double fluoride ThF,-KF. A thorium powder-salt 
mixture was deposited on a molybdenum cathode as 
it was slowly raised from the electrolyte. 


Additional methods of producing thorium pow- 
ders reported in the literature are by the hydriding 
of metallic thorium chips or turnings” and by forma- 
tion of thorium crystals through thermal dissocia- 
tion of ThI, on a heated wire.* Little information 
has been published on fabrication of thorium by 
powder metallurgy, although Lilliendahl has report- 
ed some data on cold pressing and sintering.* In 
his reference, thorium powder produced by the cal- 
cium reduction of ThO, was pressed in lubricated 
hardened steel dies at 20 to 50 tsi. To avoid seizing 
of the powder on the dies under axial pressing, the 
thorium is enclosed in a rubber tube hermetically 
sealed, and pressures of about 10 to 15 tsi applied. 
Sintering of these compacts was carried out under 
vacuum, 1x10“ mm Hg or better at 1200°C or high- 
er. It was stated that if the compacts were degassed 
in vacuo at 1000°C, the final sintering at 1300°C 
could be performed in argon or helium gas to obtain 
sintered densities of 11.3 to 11.4 g per cu cm, with 
an increase of ThO, of not more than 0.2 pct over 
that of the powder. 


Materials and Procedure 


Materials—A number of materials were investi- 
gated in this work. These include the following: 
thorium castings, saw chips and lathe turnings, pow- 
der attritioned from turnings, powder made by ex- 
perimental hydriding turnings, commercial thorium 
powder made by the hydride process, commercial 
thorium powder made by reduction of ThO, by cal- 
cium, and electrolytic thorium flake. 


Major contaminating elements are shown in Table 
I. In some cases, the analytical data is presented as 
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Table I. Variation of Chemical Impurities in Various Types of Thorium* 


Impurity 
Gay Experimental Commercial Calcium 
; athe ritione Hydrided Hydrided Reduced ectrelytic 
Element Casting Chips Chips Powder Powder Powder Powder Flake 
Th 99+ 99+ 99 
a 98+ 95-96 99.7 98+ 
oe Se <0.01 <0.01 <0.01 <0.01 <0.01 <0.05 <0.01 
Fe Sot 50:08 <0.02 <0.02 <0.02 <0.01 <0.01 <0.01 
0.05 <0.01 <0.01 <0.01 <0.05 $0.05 
<0. <0.15 <0.15 <0.10 <0.02 <0.2 
ThO2 wSEL 1.30 1.15 5 1.97 1.24 0.23 0.15 


* All other elements analyzed for less than 0.01 pet, except nitrogen, which averaged less than 0.02 pct. 


representative of type rather than an actual analysis 
of material used for this investigation. The major 
impurity, ThO., was analyzed for each type of pow- 
der, however. 

Material Preparation: 

1) Cast Thorium—Thorium castings with a 3 in. 
diam were extruded to 1.4 in. diam at about 550°C, 
preheat temperature. To provide % in. diam x 1.5 
in. long stock for tensile testing, the 1.4 in. diam rod 
was re-extruded to 5% in. diam. 

2) Chips and Turnings—Saw chips were made by 
cutting cast material with power hack saws. The 
screen analysis in Table II indicates that this mate- 
rial consists mostly of particles in the size range of 
—20 +80 mesh. Thorium machines similarly to low 
carbon steels. Lathe turnings were produced with a 
high speed steel tool as rough cuts. The lathe opera- 
tion was carried out without cutting fluid to keep 
the turnings as clean as possible. However, some 
carbon and oxygen increases were noted above the 
cast raw material analysis after subsequent com- 
minution. 

Before the chips and turnings were compacted or 
attritioned into powder, they were cleaned to re- 
move oil and surface contamination. This cleaning 
operation was performed by first degreasing with 
CCl, and then leaching in a nitric acid-sodium silico- 
fluoride solution containing one part 70 pct HNO,, 
three parts water, and 0.003 mol sodium silico- 
fluoride. The chips were allowed to remain in this 
cleaning bath for about 5 min, after which they 
were rinsed in alcohol or acetone to facilitate drying. 
No appreciable loss of metal was noted unless the 
pieces were especially small and the temperature of 
the cleaning solution was allowed to exceed 40° 

3) Powder by Hydride Process—In making thori- 
um powder by the hydride process, cleaned lathe 
chips were used as feed material. In this method, 
ThH, is produced at between 250° and 285°C and is 
decomposed to the dihydride at 500°C. Finally, the 
dihydride is decomposed at 700°C with the forma- 
tion of thorium powder. A detailed description of 
the thorium hydride process has been given by 
Chiotti and Rogers.” 

A charge of thorium lathe turnings converted to 
powder by the hydride process showed a particle 
size range of 60 pct —35 mesh, with the balance +35 
mesh. The characteristics of —35 mesh and finer 
powder fractions are listed in Tables II and Il. It 
can be seen that unless reprocessing or milling is 
resorted to, the hydriding treatment produces rela- 
tively coarse powder from turnings and chips. How- 
ever, this material can be handled with ease, as it 
_ exhibits a high apparent density and good flowabilty. 

4) Attritioned Powder—Attritioned powder was 
made by pulverizing cleaned thorium chips and 
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lathe turnings with a small laboratory Wiley mill. 
Because of the pyrophoric nature of finely divided 
thorium, the attritioning had to be performed in a 
dry box from which the air had been evacuated and 
replaced by purified helium of about —60°C dew 
point. Because of the soft, ductile nature of thorium, 
the grinding was somewhat difficult, but by no 
means unfeasible. As can be seen in Table II, the 
attritioned powder was coarse, running mostly +100 
mesh. Its apparent density and flowability were 
relatively good, although some oxide increase was 
found even though comminution was carried out in 
a dry inert atmosphere, Table I. 

5) Commercial Hydride Powder—Commercial 
powder produced by the hydride method was ob- 
tained from Metal Hydrides Inc. Its particle size 
was small, which should be satisfactory for pressing 
green compacts and sintering. However, the assay 
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Fig. 3—Effect of temperature upon runout pressure in the warm 
extrusion of thorium is plotted. A reduction ratio of 4:1 was used 
with 34 in. diam billets. 
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Table II. Particle Size Variations in Thorium Powders 


Mesh Fractions, Pct 


Average 
Diameter, 
Fisher Sub —10 —200 — 250 
Powder Sieve Sizer +20 +35 + 60 +80 +100 +150 + 200 —200 +250 +325 —-325 

Saw Chips 0.3 Sov 28.4 16.7 8.2 5.7 333 2.3 0.5 Des 0.5 
Attritioned from Chips 

—35 Mesh 42.6 23.6 10.3 8.2 => 

—60 Mesh — — 43.2 26.2 = = = 
Commercial Hydrided Powder 5.7 — — — — — — 100.0 
Calcium Reduced Powder 4.7 — — — 100.0 
Experimental Hydrided Powder 

—35 Mesh — os — 20.3 28.1 18.5 15.6 10.6 6.9 1.6 3.0 Zo 

—60 Mesh — — — — 35,3 PB 19.6 ers 8.7 2.0 3.8 2.9 

—100 Mesh — — — — — —_— 47.3 32.0 20.7 4.7 9.1 6.9 

—250 Mesh — — — — 56.8 43.2 
Electrolytic Flake 

—35 Mesh — 26.2 36.5 13.6 = 

—60 Mesh — 29.9 24.8 22.7 22.7 


was low. The apparent density of this powder was 
high, 4.27 g per cu cm, but flowability was poor, 
probably because of the fine particle size. 

6) Calcium-Reduced Powder—Thorium powder 
produced by the reduction of ThO, with calcium was 
supplied by the Westinghouse Electric Corp. The 
particle size of this material was quite fine, 4.7 up. 
Its assay was very high, but its apparent density was 
very low. The powder would not flow. 

7) Electrolytic Flake—The thorium used was an 
experimental lot produced by the deposition of flake 
out of a molten salt mixture. This flake was obtained 
from Horizons Inc. The particle size is coarse, being 
quite similar in distribution to the attritioned pow- 
der. Like the attritioned powder, the flake has good 
flowability. 

Five of the powders described are shown, with 
their relative sizes and shapes, in Fig. 1. 

Processing Technique—Cold Pressing: Green com- 
pacts were made of the various thorium powders by 
pressing in oil dag-coated, hardened steel dies. 
Compacts of from °4 in. to 2% in. diam were made 
without internal lubricants. 

Vacuum Hot Pressing: Vacuum hot pressing can 
be carried out up to 1100°C in commercial furnaces 


heated by natural gas or standard resistance wire. 
Therefore, the hot pressing tests were carried out in 
graphite dies at this temperature to simulate opera- 
tion under production conditions. Even though a 
low temperature was used, it was possible to con- 
solidate the thorium powders close to maximum 
density of 11.59 g per cu cm—density of cast thori- 
um containing same impurities—by hot pressing for 
a period of from 2 to 4 hr with 1200 psi in a vacuum, 
30 uw. No reaction with the graphite dies was noted. 

Sintering: Preliminary sintering tests with cold 
pressed compacts indicated that consolidation starts 
at about 1100° to 1150°C, increasing to a maximum 
at 1350° to 1400°C. Additional heating up to 1570°C 
showed little further densification. Consequently, a 
temperature of 1400°C was selected for sintering, 
which was carried out in an induction heated, quartz 
vacuum chamber under 50 pn. 

Extrusion: After the cold pressed compacts were 
sintered or vacuum hot pressed, they were machined 
to extrusion billets. As can be seen in Fig. 2, extru- 
sion billets had a leading end in the shape of a trun- 
cated cone, with an included angle of 60° to 90°. 
The extrusion tool assembly was made of 18-4-1 
type high speed steel, heat treated to about Rc 60 
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hardness. Extrusion was carried out to bring the 


sintered powders to full density and to make their 
properties comparable to cast and wrought thorium. 

The extrusion operation was performed in the 
temperature range 400° to 550°C. Lubrication on 
the billets consisted of a coating of oil dag, MoS,, or 
a mixture of the two. A graphite cone was used to 
fit around the leading end of the extrusion billet. 
This was crushed with the initial application of 
_ pressure, causing a low friction taper to form at the 
entrance to the shear die. The pressures required to 
extrude thorium at 425°C ranged from 20 to 75 tsi, 
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and depended upon the reduction ratio, quality of 
lubrication, and included angle of the truncated 
cone. It appears that with a 0.003 in. coating of oil 
dag, a 60° included angle, and a 4:1 reduction ratio, 
a pressure of about 40 tsi would be necessary to start 
the extrusion, after which the pressure drops off to 
about 25 tsi. Data on extruding cast and rolled 
thorium at various temperatures are presented in Fig. 
3 to indicate how thorium extrudes by the technique 
used in this work. The curve in the figure shows a 
steady drop in the runout extrusion pressure—rela- 
tively constant pressure period after extrusion has 
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started—with increasing temperature, employing a 
reduction ratio of 4:1. 

Tensile Testing: All material under investigation 
was tested, using a small button head type of tensile 
specimen with a diameter of 0.15 in. and a gage 
length of 0.6 in. The apparatus and testing proced- 
ure for this type of test bar has been previously de- 
scribed in detail.” The small sample was chosen for 
the comparison tensile test because of the small 
amount of material available from various experi- 
mental lots of thorium. 

Some of the sintered or hot pressed material was 
tensile tested in the as-extruded condition, while 
other tests were made after vacuum annealing for 
1 hr at 650° to 800°C. 

Metallographic Examination: Metallographic sam- 
ples were prepared by wet grinding with 150 
through 400 grit Carborundum papers, rough polish- 
ing with levigated alumina on Metcloth, and final 
polishing with AB Metpolish No. 3 on microcloth. 
Electroetching was employed with 25 pct HNO, in 
aqueous solution, using a 2 amp current. 

Analysis of Thorium Oxide: A 1 g sample of pow- 
der was dissolved in 300 cu cm of a 1:1 mixture of 
HCl and H.O after bubbling nitrogen through the 
solution to remove dissolved oxygen. The acid was 
added cautiously until the reaction ceased, and the 
sample mixture boiled for 4 hr with acid added as 
needed. The solution was then filtered through No. 
42 paper and washed with a 1:9 mixture of HCl in 
H.O. After ignition at 1000°C, the residue was 
weighed as ThO,. 


Experimental Results 


Cold Pressing—Compaction curves for the thorium 
powders considered in this investigation are shown 
in Figs. 4 to 7. The comparative consolidation of the 
various powders at 40 tsi is listed in Table IV. At 
this as well as at higher compaction pressures, the 
coarser fractions of any thorium powder exhibit 
better compactability than the finer fractions. For 
the same mesh fraction, the electrolytic flake showed 
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better compactability than attritioned chips or de- 
composed hydride powder. The most compactable 
of the fine powders was calcium reduced metal. As 
might be expected from its coarse particle size and 
the excellent ductility of thorium, scrap consisting 
of saw or lathe chips had the best over-all cold 
compactability of all the metal tested. 

Hot Pressing—The densities of the various vacu- 
um hot pressed thorium powders are shown in Table 
IV. In any given type of powder, the fine fractions 
hot pressed better than corresponding coarser frac- 
tions, reversing the effects observed for cold press- 
ing. Despite this trend, the coarse lathe turnings 
hot pressed to 98 pet + of 11.59 g per cu cm, the 
density of cast metal corrected for impurities. 

Under conditions of vacuum hot pressing, 25 to 
50 », the thorium oxide content increased from 1.15 
to 1.45 pet or about 350 ppm O, again decreasing the 
maximum apparent density slightly. Oxidation of 
the finer powders during hot pressing was greater 
than that for any corresponding coarse fraction. The 
—60 mesh fractions of comminuted chips and elec- 
trolytic flake increased about 2000 ppm O,. The 
powder made by decomposition of the hydride 


Table III. Some Properties of Various Types of Powdered Thorium 
Apparent 
Density, G per Flow Rate, Hall, 
Powder Cu Cm G per Min 
Experimentally Produced 
Hydride 
—35 Mesh 4.19 Not measured, but 
—60 Mesh 4.33 similar to attri- 
tioned and elec- 
trolytic powder 

Attritioned Powder 

—35 Mesh 4.27 104 

—60 Mesh 4.46 152 
Electrolytic Flake 

—35 Mesh 3.95 131 

—60 Mesh 4.01 144 
Commercial Hydride Powder 

5.7 4 Diam 4.27 None 
Calcium Reduced Powder 

4.7 Diam 2.23 None 
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Fig. 8—Photographs shows fabrication of rod from thorium powder. A is the hot pressed powder; B, extrusion billet; and C, 
warm extruded rod. 


Fig. 9—Micrographs show yac- 
uum hot pressed lathe chips. 
A, as-polished; B, electro- 
etched. X250. Area reduced 
approximately 25 pct for re- 
production. 


Fig. 10—Micrographs show 
vacuum hot pressed attritioned 
lathe chips, —35 mesh. A, as- 
polished; B, electroetched. 
X250. Area reduced approxi- 
mately 25 pct for reproduction. 


Fig. 11—Micrographs show 
vacuum hot pressed calcium re- 
duced powder. A, as-polished; 
B, electroetched. X250. Area 
reduced approximately 25 pct 
for reproduction. 


Fig. 12—Micrographs show cast, 
hot rolled, warm extruded 
thorium rod. A, as-polished; B, 
electroetched. X250. Area re- 
duced approximately 25 pct for 
reproduction. 
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Fig. 14—Micrographs show 
‘vacuum hot pressed electro- 
lytic flake, —35 mesh. A, as- 
polished; B, electroetched. 
X250. Area reduced approxi- 
mately 25 pct for reproduction. 


showed a gain of 1000 ppm for the same fraction 
under the same conditions of processing, possibly 
the effect of some protection from residual hydrogen. 
The calcium reduced powder of a considerably finer 
size showed a relatively low oxygen pickup of about 
2000 ppm. 

Lathe turnings, attritioned chips, experimental 
hydride powder, and electrolytic flake were all hot 
pressed to 98 to 100 pct of maximum density—prob- 
ably even higher if the higher oxide content of the 
compressed powders is considered. 


Table IV. Densities of Thorium Powders Consolidated by Several 


Techniques 
Density of Density of 
Cold Pressed Vacuum 
Density of and Vacuum Hot Pressed 
Cold Pressed Sintered Material, 
Material, Material, 1100°C, 
40 Tsi 1400°C 1200 Psi 
Pet 
Pct of Pet of of 
11.59 11.59 11.59 
G per G per G per G per G per G per 
Cu Cu Cu Cu Cu Cu 
Cm Cm Cm Cm Cm Cm 
Lathe Turnings 11.38 98.2 
Saw Chips 
—20 Mesh 10.7 93 11.22 96.8 11.02 95.1 
Comminuted Lathe 
Turnings 
—35 Mesh 9.7 84 10.06* 86.8* 11.32 97.7 
—60 Mesh 9.5 82 i ba IB Ce 96.4 11.38 98.2 
Experimental Hydride 
Process Powder 
—35 Mesh — 11.59 100.0 
—60 Mesh 8.9 78 11.20 96.6 — _ 
—100 Mesh 8.5 73 11.43 96.8 — -— 
—200 Mesh 8.3 72 10.64 — —_— 
—250 Mesh 7.9 68 — — — 
Electrolytic Powder 
—35 Mesh 10.5 91 11.21 96.7 11.20 96.7 
—60 Mesh 10.3 89 11.39 98.3 11.39 98.3 
Commercial Hydride 
Process Powder 
Daw 2.0 78 10.23 88.3 11.03 95.2 
Calcium Reduced 
Powder 
4.7 op 10.0 86 10.37 89.5 11.34 97.8 


* Blistered during sintering. 
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Fig. 13—Micrographs show 
vacuum hot pressed hydrided 
powder, —35 mesh. A, as-pol- 
ished; B, electroetched. X250. 
Area reduced approximately 25 
pct for reproduction. 


Sintering—The densification of cold pressed thori- 
um powders by sintering at 1400°C in vacuo is 
shown in Table IV. As in hot pressing, the densifica- 
tion was greater for the finer meshed portions of the 
various powders than for coarse mesh fractions. 
Sintering at 1400°C gave densities not quite as great 
as hot pressing at 1100°C. Only —60 mesh electro- 
lytic flake achieved densities greater than 98 pct of 
inaximum density. Most of the sintering took place 
from 1200° to 1400°C, although one sample of —60 
mesh experimental hydrided powder cold pressed at 
70 tsi did densify 100 pct when sintering at 1570°C. 
Generally, densification was quite erratic above 
1400°C, showing little advantage for increased tem- 
perature for most powders. Higher cold compacting 
pressures had little effect in increasing sintered den- 
sities except at sintering temperatures below 1400°C 
and on coarse particles which densified cold to 95 pct 
or greater of maximum thorium density. Vacuum 
sintered samples exhibited increases in oxide con- 
tent similar to those found in hot pressing operations. 

Mechanical Working of Thorium Powder Metal- 
lurgy Compacts—Extrusion at low temperature us- 
ing reduction ratios as low as 2:1 densified most of 
the sintered and hot pressed compacts to maximum 
density, even when the billet density was only 90 
pet of maximum. The commercial hydrided powder 
was the only type which could not be extruded. All 
others were extruded into % to % in. diam rods for 
comparative evaluation of mechanical properties in 
tension. A fabrication sequence for hot pressing and 
extrusion is shown in Fig. 8. 

Sintered or hot pressed thorium compacts from 
90 to 98 pct of maximum density were completely 
densified by coining and extrusion at 400° to 500°C 
in air without noticeable oxidation if starting billet 
oxide contents were below 5 pct ThO,. 

Evaluation of Densified Compacts—Tensile prop- 
erties are given in Table V. All compacts were 
warm extruded and annealed to give an effective 
comparison. Tensile strengths greater than those 
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by 


Table V. Tensile Properties of Consolidated Thorium Powders 


x Ultimate Tensile Yield Strength, 
Source Fabrication* Heat Treatment Strength, 1000 Psi 1000 Psi Elongation, Pct Pct, Cont. Hardness, RF 
Cast, Virgin} Ex None 
es 61.7 60.3 15.8 47.1 92.6 
pera vee Ex 1 hr at 660°C 41.8 34.1 38.6 64.8 68.1 
athe turnings Vhp one 43.8 36.8 5.2 8.5 76.8 
vp and Ex None 57.7 54.2 11.0 23.2 93.1 
s Chi p and Ex 1 hr at 800°C 47.3 36.4 22.5 26.8 85.5 
and None 49.2 48.0 1.0 1.1 92.6 
= an ° 
Atéritioned Chips p x 1 hr at 660°C SPY | 27.2 11.0 Sess 73.8 
—35 Mesh Vhp and Ex 1 hr at 800°C 51.4 49.6 4 
9 6.7 87.2 
br at 800°C 56.7 44.8 5.5 5.4 94.4 
= p-S an ° 
Mlcctrolytic Flake x rat 800°C 32.0 31.8 1.4 0.3 83.4 
—35 Mesh Vhp and Ex 1 hr at 800°C 25.9 eS} 13.6 11.1 47.8 
—60 Mesh Vhp and Ex 1 hr at 800°C 22.8 19.8 10.2 11.7 46.7 
: at 800°C 18.0 15.4 6.6 4.4 52.2 
= p-S an Die 2 
Reoerimantaluydrided rat 800°C 25.7 17.6 16.6 18.3 43.9 
Powder 
—35 Mesh Vhp None 45.9 36.1 3.0 eyil 89.7 
—35 Mesh Vhp and Ex None 67.7 66.1 21 1.5 96.8 
—35 Mesh Vhp and Ex 1 hr at 660°C 49.6 38.4 i385) 11.6 89.2 
—35 Mesh Vhp and Ex 1 hr at 800°C 48.7 38.2 14.0 14.7 86.8 
—60 Mesh Cp-S and Ex None 62.2 60.2 6.7 7.2 90.6 
—60 Mesh Cp-S and Ex 1 hr at 660°C 48.9 41.3 11.4 16.7 82.0 
—60 Mesh Cp-S at 1570° None 82.2 75.6 2.0 2.3 (100 Rr 
and Ex 75 Rs) 
86.3 RB 
—100 Mesh Cp-S and Ex 1 hr at 660°C 30.1 26.7 8.5 10.0 68.5 
Calcium Reduced Vip and Ex 1 hr at 800°C 42.6 —_— 20.2 18.2 79.2 


* Vhp stands for vacuum hot pressed at 1100°C; Cp-S, cold pressed at 89 tsi and sintered at 1400°C; and Ex, extruded with from 2:1 


to 4:1 reduction ratio at 425°C. 
7 Recycle cast metal trends toward powder metallurgy values. 


of cast metal could be developed, especially for con- 
solidated fine powders, possibly because of the finer 
grain size and greater oxide content. The tensile 
elongations are somewhat lower for powder metal- 
lurgy compacts than cast metal, but not excessively. 
The uniform and rather high hardnesses probably 
reflect the relatively high and uniform oxide content 
of the powder compacts also. 

Micrographs of the various compacted powders 
are shown in Figs. 9 to 14. The presence of oxides at 
the grain boundaries is indicated. This seems to 
restrict the grain size of sintered or hot pressed 
compacts to the original powder particle size, espe- 
cially for fine powders. The presence of carbides 
through dissolution on etching is also indicated. 


Discussion of Results and Conclusions 

The fabrication of thorium powders by either hot 
pressing or cold pressing, sintering, and densifying 
by low temperature deformation appears to present 
no unusual problems. The main deterrent to consoli- 
dation using powder metallurgy techniques was 
oxidation. Resultant ThO, congregated in the grain 
boundaries. However, even with oxide contents ap- 
proaching 5 pct ThO., the powders were easily fab- 
ricated to maximum density. 

The coarse thorium powders did not sinter quite 
as readily as the fine particles because of the lower 
area of contacting surface. Nevertheless, they are 
the best for powder metallurgical applications. Al- 
though the calcium reduced powder was the most 
favorable of the fine powders as far as fabrication 
was concerned, the coarse powders represented by 
attritioned scrap and electrolytic flake were proc- 
essed to density most easily, and the rate of oxida- 
tion, especially in the coarser fractions, was the 
lowest under fabrication conditions employed. In 
experimental operation, it was found easier to pro- 
duce thorium powder by comminution of chips than 
to manufacture it by the hydride method. Inasmuch 
as this material seems to be every bit as good as the 
hydride powder, the procedure may be considered 
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acceptable for recycling thorium machining scrap. 
In fact, machining scrap in chip form could be fab- 
ricated readily, especially by hot pressing without 
comminution. Therefore, powder metallurgy may 
be usefully employed in a variety of ways for the 
recycling of scrap thorium to solid metal. 

Of all the techniques investigated in this work, 
the vacuum hot pressing process appears to be the 
most desirable consolidating method. With this 
technique, better and more uniform tensile proper- 
ties were obtained, and the method was found to be 
generally more reliable than cold pressing and sin- 
tering. The lower temperatures involved in hot 
pressing allow a wide choice of furnace types. It is 
also possible to use metallic—mild or stainless steel 
and nickel—pressing dies of the type used commer- 
cially in the fabrication of large shapes of beryllium. 
When vacuum hot pressing beryllium, pressures as 
low as 100 to 200 psi may be used for consolidating 
the powder to density, providing the oxide content 
is not much above 1.5 pct BeO. In the case of thori- 
um with oxide contents considerably in excess of 
this, pressures as high as 1200 psi had to be used, 
making the use of graphite dies mandatory. This, 
however, would also be true of beryllium with high 
oxide contents. Consequently, it may be possible 
that, as is the case with beryllium, if low oxide con- 
tents are maintained in vacuum pressing, high den- 
sification with low mechanical loads may be accom- 
plished for thorium powder. 

In all of the work on the fabrication of thorium 
by powder metallurgy, the evacuation was carried 
out to between 25 and 50 pz, which is now believed 
to be insufficient to prevent oxidation, especially 
with the finer powders. Lilliendahl has indicated 
that when sintering in argon at 1300°C about 250 
ppm of oxygen was picked up, while in the present 
investigation sintering at 1400°C under 25 to 50 p 
resulted in a pickup of 2000 ppm. In both cases 
calcium reduced powder was used. Consequently, 
further work in thorium powder metallurgy should 
utilize argon if the cold pressing and sintering op- 
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eration is desired. When using the coarser powders, 
even the vacuum achieved by a mechanical pump 
alone was generally sufficient. However, should 
finer powders be used and/or lower oxides desired, 
better vacuum conditions are recommended. If low- 
er oxide contents would allow lower hot pressing 
pressures, and thorium could be processed using the 
methods developed for beryllium fabrication, thori- 
um compacts up to a ton and a half in weight could 
be fabricated with available equipment. 

Although it is suggested that hot pressing be con- 
sidered for fabrication of coarse powders, a cold 
press-sinter work technique based especially on cold 
working above room temperatures—warm working 
—is recommended for finer powders. Temperatures 
of 400° to 500°C may be used without excessive 
oxidation whereby cold pressed and sintered bodies 
from 90 to 95 pct of maximum density are readily 
densified with low reduction ratios. If oxidation is 
restricted by suitable atmosphere control, mechani- 
cal properties approximating melted thorium may 
be achieved by powder metallurgical techniques. 


Summary 

Fabricating dense shapes from both primary and 
secondary thorium powders is quite feasible either 
by vacuum hot pressing or by cold pressing, vacuum 
sintering, and mechanical working. Even with oxide 
contents approaching 5 pct ThO., these powders are 
easily consolidated into bodies having maximum 
density and mechanical properties which compare 
well with wrought castings. Since the extensive 
steps of briqueting, melting, refining, casting, and 
breakdown working can be eliminated by applying 
powder metallurgy techniques directly to both pow- 
dered machining chips and to virgin reduced pow- 
ders, the economic possibilities seem favorable. 
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Technical Note 


Hardness of Metals and Alloys 
by G. P. Chatterjee 


ARDNESS is one of the most common prop- 
erties of metals and alloys but is one of the 
most difficult to define or express in terms of the 
fundamental units. In the Brinell or Vicker’s hard- 
ness test, the hardness number N is defined as N = 
L/A where L is the load in kilograms and A is the 
area in mm’. This does not necessarily imply that 
a pressure of N kilograms per mm’ actually acts on 
the specimen. It is essential that for a true com- 
parison of hardness values the angle of indentation 
be kept constant,” * which is not done in the Brinell 
test. For this and other reasons, the Brinell hard- 
ness value is not based on a satisfactory physical 
concept.” The concept of hardness based on the 
work done per unit volume of indentation®® offers 
a simple and scientific definition. An attempt has 
been made here to develop this concept (at con- 
stant angle) and to compare the values so obtained 
with the Bhn for different metals and alloys. 
In Fig. 1 a vertical load L is applied to a compara- 
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tively hard ball of diameter D creating an indenta- 
tion of diameter § and depth h on the specimen S. 
The work done, W, is then given by 


w= [1] 


Since L is not independent of h, Honda and Takahasi’® 
and Matsumura’ assumed different functions lead- 
ing to equations which do not apply equally’ to a 
wide variety of metals and alloys. A better relation 
is obtained from Meyer’s Law 


L=as" [2] 
A 
[3] 


where A and n are constants depending on the nature 
of the material but independent of the ball diameter 
D. From Fig. 1 it is obvious that 


h = R(1—cos @) 
and 
6 = 2R sin 6. 
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Eq. 1 may then be written as 


W = sin" 9 dé. [4] 


In Eq. 4 the indentation angle 9 and the index n 
are both variables and n in general is not an integer. 
Suppose that 


sin""@ dé = F(n) [5] 


where F(n) is some function of n for a given value 


of 6. If F(@) and G(@) are two independent func- 
tions of 0, then 


f F(6) G(6) dé dé = f(0) [6] 
where f(A) is another function of 6 defined by Eq. 6. 
Substituting sin""@ for F(@) and log.sin@ for G(é), 
gives 


From Eq. 5 it is obvious that 


d F(n) 
log.siné dé. [8] 
Combining Eqs. 5, 7, and 8 gives 
d F(n) 
F(n). [9] 
Let 
[10] 
then 
F(n) = ae™. [11] 


It may be noted from Eq. 10 that @ is a function of 6 
but is independent of n. Hence, for a given value 
for 6, 8 may be taken as constant independent of the 
nature of the material. Combining Eqs. 4, 5, and 11 
gives 
W = A2*R’ae™. 
From Fig. 1, the volume V of the indentation is 
given by 
3 


hi 
[2 —cos 6 (sin’9 + 2)]. 
The hardness H defined as W/V is therefore given by 


W A 24ae™" 


a[2— cosé (sin’@ + 2) ] 


—cosé (sin’@ + 2)] 


3 


[12] 


For a given value of 6, values of F(m) may be com- 
puted as a function of n from Eq. 5. Then, plotting 
log F(n) as a function of n, a straight line is obtained 
(see Eq. 11), the slope of which gives the value of 6 
and the intercept the value of a. For @ = 30°, a= 
0.0525 and 6B = —0.9076 are obtained. Substituting 


Fig. 1—Diagram 
shows vertical load 
L being applied to 
a comparatively hard 
ball of diameter D, 
creating an indenta- 

; tion of diameter 56 
S and depth h on the 


specimen S. 
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120 


Fig. 2—H and Hz 
+ values are charted 
as functions of cold 
reduction for copper 
and aluminum. 


H AND Hg VALUES 
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the foregoing values of a, 8, and @ in Eq. 12, for a 
ball diameter of 10 mm 


[14] 

are obtained, where 


For a given metal or alloy, the values of a and n 
may be easily obtained from Eqs. 2 and 3 by meas- 
uring two indentation diameters 6, and 6, corre- 
sponding to two known loads L, and L;. Once the 
value of n is known, the value of f, may be obtained 
from Eq. 15 or, more easily, from a plot of f, as a 
function of n. The value of H is then easily obtained 
from Eq. 14 as a product of a and f,. Values of a, n, 
and H were measured for different metals and 
alloys under different conditions of treatment. These 
are discussed in detail elsewhere. A typical plot is 
shown in Fig. 2. The corresponding Bhn’s are indi- 
cated as H, for comparison. 

The limitation of this method is that Eq. 12 is 
based on Meyer’s law which is empirical. Neverthe- 
less, it is well known that, as long as the load is 
neither too small nor too large and it comes in equi- 
librium with the specimen, Meyer’s law holds good’ 
for wide varieties of metals and alloys under differ- 
ent conditions of treatment. The advantages, on the 
other hand, are that H defined as work done per 
unit volume of indentation offers a better physical 
concept and also a definite unit.“ Moreover, the 
definition of H is based on a constant angle of in- 
dentation—a condition” * which offers more com- 
parable hardness values than when the angle is 
made variables as in the Brinell test. 
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Metallographic Identification of Nonmetallic 


Inclusions in Uranium 


by R. F. Dickerson, A. F. Gerds, and D. A. Vaughan 


LTHOUGH the metallurgy of uranium has been 
under intensive study since the early 1940’s, no 
systematic effort has been made to identify the non- 
metallic inclusions in uranium. Uranium carbide 
(UC), which is probably the most common inclu- 
sion found in graphite-melted metal, has been ten- 
tatively identified by previous investigators, but the 
other nonmetallic inclusions have received little 
attention. 

Since metallography is a valuable tool in metal- 
lurgical studies, the metallographic identification of 
the nonmetallic inclusions in uranium is important. 
Such an investigation has been completed and the 
identification of slag-type inclusions and of uranium 
monocarbide, uranium hydride, uranium dioxide, 
uranium monoxide, and uranium mononitride is 
described. 

Metallographic Preparation 

It is often possible to prepare specimens for metal- 
lographic examination equally well by several meth- 
ods. The specimens which were examined in this 
work were prepared by one of two acceptable meth- 
ods. For the convenience of the reader, both methods 
will be discussed in detail and will be referred to 
simply as Method I or Method II in the subsequent 
sections. For both Methods I and II, specimens for 
microscopic examination usually were mounted 
either in bakelite or in Paraplex room temperature 
mounting plastic. 

Method I—Specimens were ground in a spray of 
water on a revolving disk covered successively with 
120-, 240-, and 600-grit silicon carbide papers. It 
was necessary to perform the final grinding opera- 
tion carefully on worn 600-grit paper to keep the 
scratches as fine as possible. After washing and 
drying, the specimens were polished for 3 to 4 min 
on a slow speed wheel (250 rpm) covered with a 
medium nap cloth. Diamet Hyprez Blue diamond 
polishing paste, Grade 00, 0 to 2 », was used as 
abrasive with kerosene as lubricant on the wheel. 

Specimens were washed thoroughly in alcohol 
and final polished electrolytically in an electrolyte 
composed of 1 part stock solution (118 g CrO, dis- 
solved in 100 cm’ H.O) with 4 parts of glacial acetic 
acid. A stainless steel cathode was used. At an open 
circuit potential of 40 v dc, a polishing time of 2 sec 
retained inclusions well with the bath at room 
temperature. 

If additional etching was required to sharpen the 
interface between the metal and the inclusions, an 
electrolyte composed of 1 part stock solution (100 g 
CrO, and 100 cm’ H.O) and 18 parts glacial acetic 
acid was used at room temperature. Best results 
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were obtained by etching for from 10 to 15 sec at 
20 v de in the open circuit. 

Surfaces obtained by this method are suitable for 
microscopic examination. However, if desired, they 
may be etched further with other chemicals. 

Method II—Rough grinding was done on a wet 
180- or 240-grit continuous grinding belt. The speci- 
men was then ground by hand successively on 240-, 
400-, and 600-grit silicon carbide papers in a stream 
of water. Final polishing was accomplished on a 
4 in. high speed wheel (3400 rpm) covered with 
Forstmann’s cloth. Linde B levigated alumina, sus- 
pended in a 1 volume pct chromic acid solution, was 
the abrasive. Specimens usually were polished in 
5 min or less by this technique. 

Often the inclusions present in the metal were 
identified in the mechanically polished condition. 
When etching was required to outline inclusions 
more sharply, one of the two following methods was 
used. In the first method, the specimen is etched 
lightly while electropolishing in the chromic-acetic 
acid solution described above (1 part of stock solu- 
tion to 4 parts of acetic acid). The electrolyte was 
refrigerated in a dry ice-ethyl alcohol bath and 
specimens were etched at 60 v de on the open cir- 
cuit for 2 or 3 cycles of 3 to 4 sec each. The second 
technique utilizes electrolytical etching at about 10 
v de (open circuit) in a 10 pct citric acid solution at 
room temperature. 


X-Ray Diffraction Technique 

The major problem in the identification of inclu- 
sions in metals by X-ray diffraction techniques is 
the extraction of a sufficient amount of each type of 
inclusion to obtain an X-ray diffraction pattern. In 
the present study, X-ray diffraction patterns were 
obtained from individual inclusions of the order of 
10 » diam. The polished and etthed samples shown 
in the micrographs were examined at a magnifica- 
tion of X54 or X100 with a binocular microscope. 
This allowed sufficient working distance to extract 
the inclusions with a needle probe for powder X-ray 
diffraction analysis. 

Friable inclusions such as MgF., CaF., UO., and 
UH; could be freed from the metal by probing the 
as-polished and etched surface. The fine particles 
then were picked up on the end of a Vistanex-coated 
glass rod (0.002 in. diam) which was held in a brass 
adapter made to fit the powder X-ray diffraction 
camera. The end of the glass rod was centered in 
the path of the X-ray beam. 

In the case of the UC, UO, and UN inclusions 
which are smaller in size, more metallic in appear- 
ance, and less friable than the other inclusions, it 
was necessary to etch the inclusion in relief before 
extraction. UN inclusions etched sufficiently in re- 
lief in the electrolytic polishing solution described 
in Methods I and II by increasing the polishing time. . 
UN inclusions were relief etched by extending the 


TRANSACTIONS AIME 


Fig. 1—Micrograp 

in upper right hand corner. Specimen 
was electroetched in chromic-acetic acid 
solution. X250. Area reduced approxi- 
mately 25 pct for reproduction. 


h shows MgFz inclusion 


Fig. 2—Micrograph shows typical 
stringer as it appears in wrought uranium. 
Specimen was etched with 1:1 HNOs:-H.O. 
X250. Area reduced approximately 25 pct 
for reproduction. 


Fig. 3—Micrograph shows specimen con- 
taining carbon, as polished. The inclu- 
sions have been identified by X-ray tech- 
niques as UC. X250. Area reduced ap- 
proximately 25 pct for reproduction. 


time of the electrolytic etch described in Method II. 
The inclusion phase identified as UO was more dif- 
ficult to etch for extraction as a single phase. A 
relief etch of this inclusion was obtained electro- 
lytically in 1 part perchloric-10 parts acetic acid 
solution, run at 10 v de. All etching was carried out 
in steps in order to follow the attack of the metal 
around specific inclusions, previously marked in the 
metallographic sample. 

The identification of MgF., CaF,, and UO, was 
made by comparison of the patterns from the inclu- 
sions with the diffraction data available in the 
ASTM card index. UH; was identified by comparison 
of its pattern with that reported by Rundle.* UH; 
has a cubic structure with a, = 6.63A. UN, UO, and 
UC have face-centered-cubic structures with lattice 
constants of a, = 4.890A, 4.920A, and 4.961A, respec- 
tively.” Identification was made on the basis of their 
measured lattice constants. Since UN, UO, and UC 
are reported to be mutually soluble in all propor- 
tions, the carbonitride U(C,N), containing approxi- 
mately equimolar quantities of carbon and nitrogen, 
would have a lattice constant about equal to that 
of UO. Therefore, U(C,N) would not be distinguish- 
able from UO by X-ray diffraction methods. Iden- 
tification of UN and UC, however, is considered un- 
equivocal on the basis of their measured lattice 


constants. 
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Identification of Inclusions 

For the purposes of clarity, the metallographic 
identifications of the nonmetallic inclusions are dis- 
cussed individually in the following sections. These 
sections are concerned specifically with the follow- 
ing inclusions: the fluorides (MgF, or CaF.), uranium 
monocarbide (UC), uranium hydride (UH;), ura- 
nium dioxide (UO.), uranium monoxide (UO), and 
uranium mononitride (UN). 

Fluoride Inclusions (MgF.-CaF.,)—The fluoride in- 
clusions, MgF, or CaF., may be observed as rather 
large glassy agglomerates in as-reduced or remelted 
metal. Of the two, the MgF, is probably the most 
abundant. When CaF, is observed, it is generally in 
conjunction with MgF,. Positive identification of 
these inclusions was made by mechanically remoy- 
ing particles under the microscope from marked 
metallographic fields and subjecting the particles to 
X-ray diffraction analysis. 

A typical example of the glassy MgF, inclusions 
found in as-reduced metal is illustrated in Fig. 1. 
This specific particle was identified by X-ray diffrac- 
tion. The smaller light-colored inclusions which 
dominate the field are UN. 

In wrought metal, the fluoride inclusions appear 
as stringers in the rolling direction and are generally 
surrounded by other nonmetallic inclusions. An 
example typical of these stringers is shown in Fig. 2. 


Fig. 4—Micrograph shows same field as 
in Fig. 3. Specimen was etched with 1:1 
-HNO;-H.O etchant. UC inclusions are 
darkened. X250. Area reduced approxi- 
mately 25 pct for reproduction. 
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Fig. 5—Micrograph shows uranium con- 
taining 20 ppm C. Specimen was etched 
with 1:1 HNOs-H2O. UC is stained a 
dark color. X250. Area reduced approxi- 
mately 25 pct for reproduction. 


Fig. 6—Micrograph shows section of a 
graphite-melted ingot. The carbide par- 
ticles show a cored structure. Specimen 
was lightly etched. X250. Area reduced 
approximately 25 pct for reproduction. 
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Fig. 7—Micrograph shows as-reduced 
uranium, arc-melted under partial pres- 
sure of helium. Specimen contains 0.7 
ppm H, as polished. X250. Area reduced 
approximately 25 pct for reproduction. 


Fig. 8—Micrograph shows as-reduced 
uranium, arc-melted under hydrogen. 
Specimen contains 3.2 ppm H, as pol- 
ished. Note lance-like hydride inclusions. 
X250. Area reduced approximately 25 
pct for reproduction. 


Fig. 9—Micrograph shows same section of 
field as Fig. 8. Detail of lance-like hy- 
drides may be better observed. X500. 
Area reduced approximately 25 pct for 
reproduction. 


The specimens illustrating the MgF, inclusions 
were prepared for examination by Method I, and 
each fluoride inclusion illustrated in Figs. 1 and 2 
was removed and identified by X-ray diffraction 
techniques. The glassy appearance and the size and 
shape of these particles provide a means of iden- 
tifying them without the aid of etchants. In many 
cases, identification may be made immediately after 
a 600-grit grind. 

Uranium Monocarbide—Uranium monocarbide 
(UC) is probably the most abundant nonmetallic 
inclusion in graphite-melted uranium. Many inves- 
tigators have tentatively identified the cubic gray 
inclusion which is found in graphite-melted metal 
as carbide. However, British investigators Mott and 
Haines” * studied uranium metal that was melted in 
air in graphite under a BaCl, slag, and reported the 
cubic gray inclusions which they observed to be UO,. 

In the present study of uranium carbide inclu- 
sions, initial effort was on the development of a 
suitable etchant. One was developed that darkened 
the carbides and did not visibly affect the other non- 
metallic inclusions. This etchant, composed of 1 part 
nitric acid and 1 part water, is applied to the speci- 
men by swabbing. 

To check the validity of the nitric acid etchant, 


ae 


specimens containing known amounts of carbon 
were prepared for metallographic examination by 
Method I. A marked field was photographed in the 
polished condition, and the specimen was then etched 
and the marked field rephotographed. Following 
this, individual inclusions in the marked fields were 
mechanically extracted and identified as UC by 
X-ray diffraction. Figs. 3 and 4 show the field studied 
in a specimen. 

It is interesting to note the clear white appearance 
of the unetched carbides in Fig. 3. This indicates 
that the gray color used for metallographic identi- 
fication of the carbide is not always produced by 
polishing. Fig. 4 shows the identical field as Fig. 3, 
after using the nitric acid etchant. 

These studies indicated that carbide inclusions 
cannot be identified by their shape alone, as was 
once believed possible. It is true that UC very often 
is observed as rectangular or cubic particles; but 
other inclusions, such as UN, may occur in similarly 
shaped particles. An example of this is shown in 
Fig. 5, a micrograph of as-reduced uranium etched 
with the nitric acid etchant. A study of Fig. 5 re- 
veals that there are a few regularly shaped inclu- 
sions which have been darkened by the etchant. An 
interlacing network of very fine inclusions, which 
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Fig. 10—Micrograph shows creamy-brown 
inclusion in an induction-melted uranium 
ingot, identified by X-ray analysis as UHs. 
Specimen was etched with 10 pct citric 
acid. X500. Area reduced approximately 
25 pct for reproduction. 
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Fig. 11—Micrograph shows arc melt of as- 
reduced uranium to which UO. was added. 
The slate-gray inclusions have been iden- 
tified as UO... Specimen contains 250 
ppm O, as polished. X250. Area reduced 
approximately 25 pct for reproduction. 


Fig. 12—Micrograph shows inclusion ag- 
glomerate in an ingot of uranium. The 
slate-gray material has been identified as 
UO:. Specimen was etched with 1:1 HNOs- 
H20*. X250. Area reduced approximately 
25 pct for reproduction. 
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Fig. 13—Micrograph shows a stringer of 
UO inclusions as etched with 1:1 HNOs- 
H:0. The fade-out of some of the parti- 
cles can be seen. X500. Area reduced 
approximately 25 pct for reproduction. 


Fig. 14—Micrograph shows a small slag 
uranium oxide stringer in a rod. Dark 
matrix of stringer is MgF2. Slate-gray 
particles are UO, and light-colored inclu- 
sions are UO. Specimen was etched with 
citric acid. X500. Area reduced approxi- 


4 
> 
ay a 
2 
& 


¥ 


Fig. 15—Micrograph shows section of a 
rod etched with citric acid. The darkly 
stained particles are UC, and the rounded 
gray particles are UO. X250. Area re- 
duced approximately 25 pct for repro- 
duction. 


mately 25 pct for reproduction. 


are dark in color, is also shown. It appears that both 
the larger darkened inclusions and the fine network 
are UC. The regularly shaped.inclusions which are 
white in color are probably UN. This specimen an- 
alyzed 20 ppm C, which is in agreement with the 
amount of carbide shown in the micrograph. 

Fig. 6 shows a specimen prepared for examination 
by Method II. The cored-type structure often asso- 
ciated with the carbides is illustrated. This structure 
might suggest solubility of some element in the car- 
bide phase. 

An attempt was made to study the effect of nitro- 
gen on the microstructure of the carbide by arc- 
melting some uranium carbide in a nitrogen atmos- 
phere. Although the microstructure showed no evi- 
dence of coring, X-ray diffraction of the resultant 
specimen showed the presence of two phases: 1) 
face-centered-cubic UC with a, = 4.961A, plus 2) an 
unidentified face-centered-cubic phase with a = 
4.950A. Kjeldahl chemical analysis showed the ni- 
trogen content of this specimen to be 1.6 wt pct. 

Experiments of this type indicate the possibility 
of carbide-nitride intersolubility.. However, no fur- 
ther study on this approach was made. 

Uranium Hydride—The hydride has probably the 
most distinctive appearance of all inclusions which 
may be present in uranium. In order to isolate the 
uranium hydride (UH,), a series of arc melts was 
made to which varying amounts of hydrogen were 
added. 

The base metal used for this work was as-reduced 
uranium. A sample of this metal was arc-melted in 
a copper crucible under a partial pressure of helium. 
This control sample was prepared for metallographic 
examination by Method I and is shown in aes Ff 
Vacuum-fusion analysis indicated a hydrogen con- 
tent of 0.7 ppm. 

A section of another uranium specimen, arc- 
melted under a partial pressure of hydrogen and 
containing 3.2 ppm H, is shown in Fig. 8. It will be 
noticed that there are many lance-like inclusions 
that appear light gray in the photograph. These are 
actually a creamy-brown color, which is distinctive 
among uranium inclusions. Fig. 9 shows a portion of 
the same field at a magnification of X500. The details 
of the hydride inclusions may be better observed in 
this micrograph. 

Fig. 10 shows inclusions having the same color 
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and general smooth appearance as those shown in 
Figs. 8 and 9. These inclusions were found in 
graphite-melted uranium. The inclusions shown in 
Fig. 10 were found in an ingot after casting. They 
were removed mechanically and identified by X-ray 
diffraction techniques as UH;. Hydrides also have 
been observed in the form of stringers in the 
wrought metal. 

The inclusions shown in Figs. 8 through 10 are 
typical of some of the forms in which the hydride 
appears in the metal. Correlation between hydrogen 
content as determined by vacuum-fusion analysis, 
and amount of the phase as seen under the micro- 
scope substantiated the X-ray identification of the 
hydride (UH;) inclusions. 

Uranium Dioxide—Uranium dioxide (UO.) inclu- 
sions do not occur as frequently in graphite-melted 
metal as do UO or UC but, when present, they are 
relatively easy to identify metallographically. As is 
the case with most of the inclusions studied, the 
shapes of the UO, particles vary with the metal 
being examined. It is possible, however, to identify 
UO, by metallographic observation on the basis of 
its color. This can best be described as slate gray, a 
color frequently associated with oxides in other 
metals. The identification is aided by the fact that 
the color as observed under the microscope and as 
reproduced on a photographic print is very nearly 
the same. 

Fig. 11 shows a specimen of as-reduced uranium 
which was are-melted with an addition of UO.. This 
material contained 260 ppm O. Dendritic, slate-gray 
inclusions, which were identified as UO, by X-ray 
diffraction studies, can be seen. The specimen was 
prepared for examination by Method II and was not 
etched. 

Fig. 12 shows the occurrence of a large agglom- 
erate of UO, in graphite-melted uranium and in 
metal to which UO, was added. The slate-gray ma- 
terial was removed by mechanical techniques and 
determined by X-ray diffraction to be UO,. This 
specimen was prepared by Method I and etched with 
the nitric acid etchant. 

Uranium Monoxide—The uranium monoxide (UO) 
inclusion is not noticeably affected by any of the 
electrolytic or chemical etchants that were studied. 
Because of this, and because of its mode of occur- 
rence, it is one of the most difficult of the nonmetal- 
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Fig. 16—Micrograph shows uranium im- 
pregnated with nitrogen and arc-melted. 
Specimen contains 50 ppm N, as polished. 
X250. Area reduced approximately 25 pct 
for reproduction. 


lics to identify by metallographic techniques. How- 
ever, the UO particles have a characteristic that 
seems to be unique with them. In any given group 
of UO particles, there will be a few that seem to 
dissolve into the background metal. This can be 
noticed readily in specimens which have been etched 
with the nitric acid etchant, but a careful study of 
samples in the polished condition will also reveal 
the fade-out. Fig. 13 shows this fade-out as it oc- 
curs in particles of UO. The inclusions in this par- 
ticular stringer have been identified as UO by X-ray 
diffraction techniques. Experience indicates that 
they do not occur as regular shapes with angular 
sides, but rather as rounded particles. 

Fig. 14 is a micrograph of a portion of a small 
slag-oxide stringer. The specimen was prepared by 
Method II and was etched in the citric acid solution. 
The black matrix of the stringer is MgF., the slate- 
gray inclusions are UO., and the light-colored 
rounded particles are UO. 

Fig. 15 shows a section of a rod polished by 
Method II and etched with the citric acid etchant. 
The micrograph shows UO inclusions as well as 
dark-stained carbides. 

Uranium Mononitride—Uranium mononitride 
(UN) is the nitride in equilibrium with uranium at 
high temperatures. Unlike the higher oxide, UO., 
which is probably entrained in the metal with slag, 
the higher nitrides are not expected in graphite- 
melted uranium. Effort was concentrated, therefore, 
on attempts to identify UN inclusions. 

The specimens used for this phase of the work 
were prepared from as-reduced metal. The metal 
was fabricated to % in. rod and the rod sectioned 
in pieces about 1 in. long. A section of the rod was 
impregnated with 50 ppm N at 900°C and arc- 
melted. The resultant metal was sectioned and ex- 
amined. The inclusions, shown in Fig. 16, were 
tentatively identified as UN. A variety of chemical 
and electrolytic etchants were used on these sam- 
ples, but no definitive etchant for UN was found. 

Fig. 17 shows a cluster of inclusions in a piece of 
as-reduced uranium that was identified by X-ray 
diffraction as UN. This specimen was prepared for 
examination by Method I. These irregular inclu- 
sions are very similar to those shown in Fig. 16. 

A section of a uranium ingot that had been induc- 
tion-melted under a nitrogen atmosphere appears 
in Fig. 18. The inclusions shown were identified by 
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Fig. 17—-Micrograph shows section of as- 
reduced uranium containing a concentra- 
tion of UN identified by X-ray diffraction, 
as polished. X250. Area reduced approxi- 
mately 25 pct for reproduction. 


Fig. 18—Micrograph shows section of a 
uranium ingot induction-melted in a ni- 
trogen atmosphere, as polished. Inclu- 
sions have been identified by X-ray dif- 
fraction as UN. X250. Area reduced ap- 
proximately 25 pct for reproduction. 


X-ray as UN. Unlike the inclusions found in Figs. 
16 and 17, these are regularly shaped in the form of 
cubes that have been cut at various angles. Al- 
though the nitride particles appear similar to UO 
inclusions, they can be distinguished from UO by 
the fact that they do not exhibit fade-out. 

When uranium metal containing UN as well as 
UO, UC, UO., and fluorides is etched with the 10 pct 
citric acid solution (Method II), a possible differen- 
tiation among the inclusions can be made. With this 
etchant, UC is stained golden brown while UO re- 
mains light gray. The appearance of UO: or the 
fluorides is unchanged. The UN inclusions assume a 
pinkish cast and, with a small amount of experience, 
can be readily distinguished from the other inclu- 
sions present. Unfortunately, these shadings can- 
not be shown in black-and-white photographs, 
where the color of the UN appears essentially the 
same as that of the UO. 

As a result of the work described here with the 
UN inclusions, it is believed that metallographers 
may become familiar with the appearance of UN to 
such a degree that identification can be accomplished. 


Conclusions 

This investigation has developed metallographic 
means for distinguishing the several nonmetallic 
inclusions (MgF.-CaF,, UC, UH., UO, UO., and UN) 
in uranium. The work was done with the type of 
metal most commonly encountered by uranium 
metallographers. The methods described for identi- 
fying the various inclusions should prove useful in 
estimating metal quality. 
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Ettects of Alloying Elements on Plastic Deformation 


in Aluminum Single Crystals 


Aluminum single crystals, alloyed with 0.042 atomic pct Cu and 0.11 and 1.1 atomic 
pct Mg, were subjected to constant stress creep tests, tensile tests, and hot hardness 
measurements within a temperature range of 300° to 866°K. Calculations based on Dorn’s 
temperature-compensated time parameter, 9, gave a value of AH. = 27,000 cal per mol 
for the activation energy of early creep in aluminum single crystals. Correlations have 
been obtained for aluminum alloy single crystals with the parameter E for solid solution 
strengthening, as well as with the parameter F for solid solution hardening, by using a 
valence of three for aluminum. Limited measurements on tensile specimens show that 
the slip band density tends to decrease with increasing temperature and with decreas- 


ing solute concentration. 


by E. E. Underwood and L. L. Marsh, Jr. 


| ORS sees interest is being shown in the mech- 
anisms of plastic deformation in single crystals 
during tensile and creep testing. The complexity of 
deformational processes in polycrystalline materials 
has led to a search for simpler experimental condi- 
tions. 

Numerous creep and tensile investigations have 
been conducted with pure, metallic single crystais. 
To a lesser degree, the effects of alloying elements 
on the tensile properties of single crystals have been 
determined. However, the literature dealing with 
the effects of alloying additions in single crystals 
under creep conditions is vanishingly small. This 
paper represents an attempt to narrow this gap in 
the knowledge of the subject. 

Previous investigations of creep behavior at the 
Battelle Memorial Institute’* have been of great 
value in the analysis of the present single crystal 
data. It is equally desirable, however, to ascertain 
the extent of correspondence between the behavior 
of single crystal and polycrystalline materials. For 
this purpose, correlations, similar to those developed 
for polycrystalline aluminum alloys by Dorn and 
co-workers, have been made with the single crystal 
data. The results from this study have tended to 
confirm and extend those correlations to the case of 
alloyed single crystals. 


Materials and Procedures 

Three dilute binary aluminum alloys were pre- 
pared for this investigation from 99.99+ wt pct Al, 
99.8 wt pct Mg, and 99.92 wt pct (electrolytic) Cu. 
The nominal compositions of the alloys were 0.042 
atomic pct Cu, and 0.11 and 1.1 atomic pct Mg. Pre- 
cautions were taken to avoid contamination of the 
stock during melting and casting of the alloys. After 
a heat treatment of 8 hr at 925°F the alloys were 
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Fig. i—Chart plots shear stress-shear strain curves of Al- 
0.042 atomic pct Cu alloy single crystals extended under 
constant load rate. 


extruded, then machined into threaded tensile speci- 
mens with a 3 in. reduced section and a 0.505 in. 
diam. Spectrographic examination showed less than 
47 ppm metallic impurities in each alloy. 

The single crystals were grown by the strain- 
anneal method, with a critical strain of about 1%4 
pet giving the optimum results. In general, 3 in. 
crystals were obtained with the Al-Cu alloy, but 
smaller crystals in the magnesium alloys necessitated 
the use of 2 in. and 1 in. gage lengths with the low 
and high magnesium alloy specimens, respectively. 
After an electrolytic polish, the orientation of that 
pertion of the specimen containing the largest single 
crystal was determined from Laue back-reflection 
photographs. 

Tensile tests were conducted at a constant load 
rate of about 2 lb per min. Creep runs were made 
in a constant temperature room, under constant 
stress at the higher creep temperatures, and con- 
stant load at the lower temperatures. The elonga- 
tion was measured to within +5 microin. by a spe- 
cially designed capacitance extensometer. The ex- 
tensometer arms were attached to the 3 in. speci- 
mens at the shoulders of the test piece or, where the 
crystals were smaller than 3 in., by knife-edge grips. 
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Fig. 2—Chart plots shear stress-shear strain curves of Al- 
0.11 atomic pct Mg alloy single crystals extended under 
constant load rate. 
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Fig. 3—Chart plots shear stress-shear strain curyes of Al-1.1 
atomic pct Mg alloy single crystals extended under constant 
load rate. 


The effects of the constraints introduced by the knife 
edges are discussed later. 

Hot hardness specimens, in the shape of flat slabs 
3/16 in. thick, were cut with a jewelers’ saw from 
single crystals. After a heavy electropolish and a 
1 hr anneal at 600°C, hardness measurements were 
made with a vacuum hot hardness tester of the dead 
weight type.” 

The linear density of slip bands was determined 
for most of the constant load rate tensile specimens. 
Faxfilm replicas of the surface were gold shadowed 
and photographed at X180 with normal illumination 
and at X240 using phase contrast. The number of 
visible bands was counted along a line on the sur- 
face connecting the major axes of the glide ellipses. 


Experimental Results and Discussion 

Stress-Strain Curves—Constant load rate tensile 
tests were made on single crystals of each alloy at 
three ‘temperatures: 300°, 533°, and’ 755 °K (82°, 
500°, and 900°F). The resulting curves for the three 
compositions are shown in Figs. 1 through 3, with 
the initial orientation of the specimen axis appear- 
ing in the standard projection triangle. Also, the 
test temperatures, gage lengths, and values of (cos 
¢ + cos \) for the most favored (111) [110] slip 
system are tabuiated in each figure. 

A common feature of these curves is the decrease 
in the general stress level with increasing tempera- 
ture. However, at the low strains the 533° curves 
lie above the 300°K curves, but gradually cross over 
until they are between the 300° and 755°K curves. 
This behavior has been noted in the past and has 
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been attributed to strain aging effects or to the inter- 
action of dislocations. The temporary reversal of 
strength properties with temperature seems to be 
closely linked to.a temperature above which rela- 
tively rapid recovery occurs. Dorn found that this 
temperature for aluminum and aluminum alloy 
polycrystals falls near 422°K, and it is interesting 
to note that Boas and Schmid’ show a similar cross- 
over for aluminum single crystals between 373° and 
474°K. 

A comparison of the curves for the 0.11 atomic 
pet Mg alloys with those for the 0.042 atomic pct Cu 
alloys reveals almost identical behavior at all tem- 
peratures. The similarity indicates that the mag- 
nesium concentration is almost equivalent to the 
copper concentration, insofar as their solid solution 
hardening capabilities are concerned. 

Other features to be observed in Figs. 1 through 3 
are the two types of shear stress, shear strain curves. 
An unusual two stage curve, as exemplified by 
specimens 474, 173, 162, and 214, has been obtained, 
along with the more common parabolic-type curves. 
Parabolic and two stage hardening curves have been 
reported previously for pure aluminum single crys- 
tals,” but it is not believed that the same type of 
two stage curve has been obtained here. The main 
points of difference may be summarized as follows: 

1—The initial orientation of the authors’ alloy 
single crystals that exhibit two stage behavior is 
close to the [100]-[111] boundary, but the orienta- 
tion of pure aluminum crystals that show two stage 
behavior® is very close to the [110] direction. 

2—In this investigation, the first stage has a para- 
bolic shape. whereas the first stage in other inves- 
tigations is almost horizontal in the pure aluminum 
curves. 

3—The break in the authors’ alloy crystal curves 
falls near 16 pet shear strain, whereas the break is 
nearer 6 pct in other pure aluminum curves.° 

The first two points may be resolved by noting 
that the two stage alloy single crystal curves are 
initially parabolic (until the upward break occurs). 
Thus, the dependence of the initial shape of the 
curve, parabolic, on the crystal orientation is con- 
sistent with previous reports. The problem appar- 
ently is not one of rationalizing the differences be- 
tween two types of two stage hardening curves, but 
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is concerned mainly with explaining why some alloy 
parabolic curves have an upward break. Several 
explanations appear reasonable. One explanation’ is 
that.the sharp rise occurs with the onset of kinking 
presumably stimulated by the knife-edge grips. An- 
other explanation is that the break could be due to 
an age hardening effect,” but two stage behavior is 
also found well within the single phase region in 
some cases. However, in lieu of adequate experi- 
mental confirmation of these viewpoints, further 
speculation appears unwarranted. The location of 
the break in the curves, mentioned in the third point, 
has been shown to depend on the amount of im- 
purity atoms present. 

The shear stress, shear strain curves for both the 
alloyed and pure aluminum crystals‘ were replotted 
on log-log coordinates. The high temperature data 
yield straight lines, but mixed results are obtained 
at other temperatures. The values of the slopes vary 
from 0.16 to 0.67, but average roughly in the neigh- 
borhood of 0.3. There is an apparent trend toward 
decreasing slope with increasing temperature, but 
this is not shown too clearly. 

The variation of shear stress with solute concen- 
tration at three testing temperatures is shown in 
Fig. 4. These curves indicate a negligible effect due 
to differences in crystal gage length. At 300° and 
533°K, the 0.042 atomic pct Cu alloy has a strength- 
ening effect much greater than that of the magnesium 
alloy with the same composition. The relative 
strengths are much the same at 755°K, however, 
which emphasizes the leveling effect of high tem- 
peratures on the strength properties of the different 
alloys. 

The yield stress has been calculated at 300°K for 
the three alloys by an expression of Mott and 
Nabarro™ 


o = pe f (In f)’ [2] 
where o is the yield stress; » is the shear modulus; 


da 
e=— (= ) , the misfit of a foreign atom in the 


lattice; a is the lattice parameter; and f is the atomic 
concentration. The derivation is based on disloca- 
tion theory appropriate for single crystals of dilute 
alloys, in which local lattice strains are assumed to 
inhibit the migration of dislocations. It is seen (Fig. 
4, points marked by squares) that reasonable values 
of the yield stress are obtained for the more dilute 
alloys, but that the expression is apparently invalid 
for the high magnesium alloy. 


For solute concentrations between f = 0.01 and 
f = 0.20, Eq. 2 may be simplified to 
o = pet [3] 


which implies that the yield strength depends line- 
arly on the concentration and quadratically on the 
change of lattice parameter. Dorn” has reasoned 
that solid solution strengthening is dependent on 
other factors, such as the number of electrons con- 
tributing tothe metallic bond. His alloy data reveal 
the existence of almost identical plastic properties, 
when compared at certain (different) solute con- 
centrations. These particular alloys, therefore, rep- 
resent equivalent compositions, in that they cause 
equal solid solution strengthening over a wide range 
_ of temperatures and strains. The equivalent con- 
centration, E, can be expressed simply in terms of 
Aa and Av, the change in lattice parameter and the 
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Fig. 5—Chart plots creep curves of Al-0.042 atomic pct Cu 
single crystals at various temperatures and resolved shear 
stresses. 


change in valence due to the introduction of the 
solute element, respectively. Dorn obtained excel- 
lent correlation with his data, but found it neces- 
sary to assume a valence of two for aluminum. 

In applying the data from the present investiga- 
tion to this type of analysis, it was found that a 
correlation existed only when aluminum was as- 
signed the more customary valence of three. Using 
the single crystal data for aluminum, Al-Cu, and 
Al-Mg (plus Dorn’s data for Al-Ge), the expression 
for the equivalent concentration now becomes 


E = {—97.2 | Aa | +78.8 | Av | —970 | Aa | | Av |} x 
(atomic pct of solute). [4] 


A plot of this function vs the shear stress shows 
qualitative agreement with Dorn’s results. Although 
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Fig. 6—Chart plots creep curves of Al-0.11 atomic pct Mg 
single crystals at various temperatures and resolyed shear 
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Fig. 7—Chart plots creep curves of Al-1.1 atomic pct Mg 
single crystals at various temperatures and resolved shear 
stresses. 


MAY 1956, JOURNAL OF METALS—479 


| 
| 
| | 
(iu) 
— — — 
| 454 | 
| roo) “F T 
| 
| 
0.05 T 
Time, hours 


Temperoture,K 


| 


| 
r= !00psi 


100 


Sheor Strain, 


0.01 1.0 


-27,000/ RT 


0.001 
0.001 


=(te 


(t,minutes; T,K) 
Fig. 8—Chart shows correlation of transient creep strain- 
time data of high purity aluminum single crystals by the 
equation y = 


the single crystal data are too scanty to define the 
shape of the curve unambiguously, the points fall 
on a curve similar to, and displaced slightly from, 
the corresponding polycrystalline curve. This would 
indicate that the same type of correlation found for 
polycrystalline aluminum alloys applies to single 
crystals of binary aluminum alloys. 

The effects of different gage lengths on the plastic 
properties of single crystals were estimated from 
the difference in stress between corresponding single 
crystal and polycrystalline alloys.” There is a tend- 
ency toward increased flow stress with the shorter 
gage lengths, probably due to nonhomogeneous stress 
distributions and the constraints imposed by the 
knife edges. It should be emphasized, however, that 
all specimens within each composition had the same 
gage length, so relative comparisons are justified at 
each composition. 

Creep Curves—The creep curves for the three 
single crystal alloys are presented in Figs. 5 through 
7. In general, there is a transient and secondary 
portion for each creep curve. The initial orienta- 
tions of the specimen axes are shown in the standard 
triangle, and pertinent experimental data are re- 
corded for each specimen. Three inch single crystals 
could not be grown for the 1.1 atomic pct Mg alloy, 
so 1 in. gage lengths were used for this composition. 
The creep curves resulting from specimens with a 


Time, minutes 


15 20 


1000 


3 


Sheor Stroin, y x |O 


T,K Sheor 


Specimen Composition, 


atomic per cent 


S-10  High-purity Al 533 300 
143 0.11 Mg 533 300 
413 0.042 Cu 533 300 
233 1.1. Mg 533 900 


2 in. and 3 in. gage length are shown by the two 
533°K curves in Fig. 5, where a 25 pct decrease in 
the shear strain is found for specimen 414. This 
comparison is strongly orientation-dependent, how- 
ever, so the curve for a 1 in. crystal could not be 
compared with the other two curves, since the initial 
orientation differed greatly from those of the other 
two specimens. 

Recently, high temperature creep and tensile data 
for a wide range of materials were shown to be 
correlatable“ by means of the simple equation 


= f [5] 


where « is the creep strain, 06 = te*”-/"", t is the time, 
T is the absolute temperature, R is the gas constant, 
AH, is the experimental energy of activation for 
creep, and a, is the creep stress. For a given metal, 
AH, was found to be constant, and about equal to 
the activation energy for self-diffusion. This expres- 
sion is valid only above a certain temperature, Tn, 
where rapid recovery can occur. 

Values of AH, were calculated from the transient 
portion of the creep curves for pure aluminum single 
crystals‘ (3 in. gage lengths). An average AH. was 
obtained for each of three stresses, and the overall 
average of the three AH, values is 27,000+2,000 cal 
per mol. The validity of this analysis, and the justi- 
fication for using one average value of AH for all 
the data, may be checked by plotting shear strain 
vs 6. This plot appears in Fig. 8. It is seen that the 
data yield three groups, according to the stress level, 
and that the points from creep curves at different 
temperatures fall fairly close to a common line. The 
evidence presented in Fig. 8 would appear to extend 
the validity of Dorn’s analysis to aluminum single 
crystals. The alloy single crystal data were insuf- 
ficient to give complete curves, but the available 
points conform to expected behavior. 

Qualitatively, Eq. 5 seems to have been justified 
for early creep in aluminum single crystals. The 
discrepancy between Dorn’s 36,000 cal per mol for 
aluminum polycrystals and the present value of 
27,000 cal per mol for aluminum single crystals does 
not seem ascribable to experimental scatter. It is 
entirely possible that the two activation energies 
reflect a fundamental difference in deformation be- 
havior. Recently, a direct correspondence has been 
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Lopate the activation energies for creep and 
activation When the two 
gies for creep in aluminum are in- 
cluded, the spread does not appear to be significant, 
since the points fall astraddle the common line. 

An alternative analysis was made utilizing the 
secondary creep rates. The activation energy for 
second stage creep, AH, can be obtained by plotting 
the logarithm of the secondary creep rate vs the 
reciprocal of the absolute temperature. The AH re- 
sulting from this plot averages 27,600+1,000 cal per 
mol. The agreement with the AH. of 27,000 cal per 
mol, which was obtained from Dorn’s creep analysis, 
1s quite good. This indicates the possibility that the 
same process is operative in the early stages of creep 
in aluminum single crystals as in the second stage. 

The creep curves for the single crystals, both 
alloyed and unalloyed, were found to obey a simple 
relation between total shear strain and time 

[6] 
where A and 7 are constants. Numerous investigators 
have shown that their data fit a simple power law 
expression, but this agreement is usually obtained 
only for transient creep. Here, when the logarithm 
of y is plotted vs the logarithm of t, each creep curve 
consists of three straight lines, or stages, of different 
slopes. The three stages correspond roughly to the 
very early portion of the creep curve, the transient, 
and the secondary stage of creep, respectively. 
Typical straight line plots of four creep curves are 
shown in Fig. 9. One curve had four stages, and one 
(short time) curve had two stages, but the remain- 
ing 17 curves had three stages. 

The values of the exponent n fell within 0.084 and 
1.2 for all stages of all curves. The constant A, which 
is proportional to the shear strain at unit time (here, 
1 hr), was found to vary between 0.003 and 0.22. 
The irregular variation of n and A made a correla- 
tion among composition, shear stress, the stages, etc., 
difficult. Tyndall” creep tested zinc single crystals, 
and found that a power law represented his experi- 
mental data well. At longer times, three stage be- 
havior was also obtained. In analyzing the variation 
of his constants according to Eq. 6, a linear rela- 
tionship was noted when log (An) was plotted 
against the stress. A similar analysis was attempted 
in this investigation, and although the same trends 
were seen, the results could not be termed conclu- 
Sive. 

The creep curves of the four specimens selected 
for Fig. 9 were obtained at the same temperature. 
When the n, t, and A values are arranged in the 
order of composition indicated in the table, A is seen 
to decrease and n and t to increase. This is an en- 
couraging sign that regularity of some sort exists, 
but for the present this behavior can be dealt with 
only qualitatively. Therefore, no special physical 
or empirical significance can be attached to the con- 
stants A and n at this time. 

In an effort to exploit the available data fully, 
various critical plots were made to test the applica- 
bility of several representative theories of creep. 
The transient creep theories of Mott and Nabarro,” 
Orowan,” and Smith” were tested, with negative re- 
sults. Kauzman’s theory” of secondary creep yielded 
two sets of curves representing constant tempera- 
ture and constant stress. The regularity of these 
curves attests to the internal consistency of the data 
for the aluminum crystals. The empirical relations 
formulated by Andrade,” Johnson and Frost,” and 
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Bhattacharya, Congreve, and Thompson” were also 
checked, without any conclusive verdict being 
reached. It may be of interest to note that the best 
agreement was obtained with Andrade’s transient 
creep expression, y ~ t”’ but, even so, the exponent 
strayed considerably from 1/3 at times. 

Hardness Curves—The effects of temperature and 
of alloying on the solution hardening behavior of 
metals has presented a long standing problem to 
metallurgists. The two phases of this question have 
been attacked from many different standpoints, 
both collectively and separately. Recently, West- 
brook” reviewed the data on the temperature de- 
pendence of hardness in pure metals, and showed 
that functions of the form 


H = Ae*? 


were applicable. H is the hardness, T is the absolute 
temperature, and A and B are constants. Examples 
of empirical correlations between hardness and creep 
properties of alloys were given by Bens” and by 
Smith et al.“ Theoretical treatments of solid solu- 
tion hardening are based on dislocation theory, of 
which an example is afforded by Cottrell.” 

Experimental work on the question of solution 
hardening indicated that the greatest change in 
hardness was produced by the elements causing the 
greatest change in the parent lattice. However, the 
change in atomic volume alone did not determine 
the hardness. It has been suggested” that the 
change in the hardness of alloys depends on the ef- 
fect of the lattice strain and on the change in the 
average number of electrons per atom upon the ad- 
dition of a solute element. The hardness of alloys 
might then be expressible by a composite strain 
hardening function 


F = |Aa| + k |Av| [8] 


where Aa is the change in lattice parameter, Av is 
related to the change in valence, and k is a constant. 
Excellent correlation was obtained in this way with 
the hardness data of Frye and Caum”™ for various 
binary copper alloys. 

The foregoing expressions have been applied to 
the experimental data obtained in this investigation. 
The hot hardness of the aluminum and aluminum 
alloy single crystals, and the approximate orienta- 
tions of the exposed crystal surfaces are shown in 
Fig. 10. The hardness curves descend regularly as 
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Fig. 11—Chart plots hardness ys a function, F, of lattice 
strain and relative valency for pure and alloyed aluminum 
single crystals. 


the temperature increases, except for the 0.11 
atomic pct Mg alloy. This apparently inconsistent 
behavior may be connected with crystal orienta- 
tion effects. A more consistent course for the hard- 
ness curve of this alloy is shown by the dashed line. 

The F function of Eq. 8 has been plotted vs hard- 
ness in Fig. 11 for several temperature levels. The 
poor correlations at 300° and 400°K are due to the 
aberration in hardness of the low magnesium alloy. 
However, the function correlates well at the higher 
temperatures, where no irregularities in hardness 
were found. A point of interest is that the correla- 
tions were obtained only when aluminum was 
assigned a valence of three. This question, con- 
cerning the valence of aluminum, has been noted 
previously in connection with Eq. 4. Thus, a definite 
region of divergence is found when the details of 
correlation for the polycrystals and single crystals 
of aluminum binary alloys are examined. The dif- 
ferent choices for the valence of aluminum present 
a real problem, but further experimental work can 
be expected to clarify this situation. 

Strain Markings by Light Microscopy—The ex- 
ternal appearance of kink bands and slip bands has 
been observed on the alloy single crystal specimens 
deformed under a constant load rate. Low magni- 
fication micrographs, taken by the technique de- 
scribed under “Materials and Procedures,” were 
used to obtain the slip band densities. 

The slip band density has been plotted vs temper- 
ature in Fig. 12 for the three alloy compositions. 
The trends can only be determined qualitatively, 
but it is clear that the density decreases with in- 
creasing temperature. This observation is consist- 
ent with those made previously on the variation of 
slip band spacing with temperature. As might be 
expected, the number of slip bands visible at X180 
and, hence, the density of slip bands, is less than 
that observed at X240. A comparison of the magne- 
sium alloy curves reveals that the greater the con- 
centration of the solute element, the greater the 
density of slip bands. In this investigation, an ap- 
proximate twofold increase in the density resulted 
from a tenfold increase in solute concentration. An 
interesting point is that the density of slip bands in 
the copper alloy is greater than in the low magne- 
sium alloy, yet the previous results have shown the 
alloys to have equivalent strengths. 

Rosi and Mathewson’s data for pure aluminum 
crystals” are included in Fig. 12 for purposes of 
comparison. The data collected here from the alloy 
crystals are not adequate to describe the behavior 
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Fig. 12—Chart plots slip band density ys temperature for 
aluminum alloy single crystals extended under constant 
load rate. 


accurately, but the trends shown are in reasonable 
agreement with the previously published reports. 


Resume and Conclusions 

1—The effects of temperature and composition on 
the plastic properties of Al-Cu and Al-Mg single 
crystals have been observed in tension and in creep. 

2—Shear stress, shear strain curves have been 
determined from constant load rate tests over a 
temperature range of from 300° to 755°K. The 
initial shapes of the curves are in agreement with 
the orientation dependence reported previously for 
single crystals of aluminum, copper, and silver. Un- 
usual two stage parabolic-type curves have been ob- 
tained at 300° and 533°K, and the onset of kinking 
has been suggested as an explanation of the sudden 
increase in slope of the second stage. 

3—The aluminum alloy single crystals were 
tested well into secondary creep, under constant 
stress (from 533° to 755°K) and constant load 
(from 300° to 422°K) conditions. An activation 
energy of 27,600 cal per mol for the secondary 
creep rate of pure aluminum single crystals has 
been determined. 

4—-The hardness of aluminum and of aluminum 
alloy single crystals has been measured at various 
temperatures between 300° and 866°K. Correla- 
tion at elevated temperatures has been obtained 
between Dorn’s strain hardening function, F, and 
the hardness, H, but only when aluminum was as- 
signed a valence of three. 

5—The density of slip band traces on the surface 
of constant load rate tensile specimens has been 
shown to decrease with increasing temperature. The 
curves are approximately linear, and le parallel to 
the data reported by Rosi for pure aluminum crys- 
tals. 

6—An experimental activation energy of 27,900 cal 
per mol has been obtained for early creep in alumi- 
num single crystals, using Dorn’s temperature-com- 
pensated time parameter. Although Dorn has re- 
ported a value of 36,000 cal per mol for creep in 
polyerystalline aluminum alloys, both activation 
energies fall equally well on a plot of AH..... vs 
one 

7—The agreement between the activation energies 
for early creep and for the secondary creep rates 
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(27,000 and 27,600 cal per mol, respectively) is 
good, and indicates that the same process may be 
operative in aluminum single crystals during both 
stages. 

8—An apparent correlation between Dorn’s equiv- 
alent concentration function, E, and the shear stress 
has been obtained for the alloy single crystals. The 
expression for single crystals 

E = {—97.2 | Aa | +78.8 | Av | —970 | Aa] | Av |} x 
(atomic pct of solute), is valid only when a valence 
of three is used for aluminum. Aa equals the change 
in lattice parameter for 1 atomic pct of solute, and 
Av equals the change in the number of electrons 
per atom upon addition of 1 atomic pct of the solute. 

9—The creep curves for both the aluminum and 
the aluminum alloy single crystals have been rep- 
resented in three stages by y = At", where y is the 
shear strain, t is the time, and A and n are con- 
stants. Although Tyndall reported the same be- 
havior in zinc single crystals, no physical signifi- 
cance has been attached to the variation of the con- 
stants A and n with stress, temperature, or alloy 
content. 

10—A satisfactory confirmation was not obtained 
for any of several representative theoretical and 
empirical descriptions of the creep process. How- 
ever, the Andrade expression for transient creep, 
y~t", did show the closest agreement. 
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Self-Diffusion in Solid Nickel 


The self-diffusion coefficient in high purity nickel has been measured over the 
temperature range 870° to 1248°C. The results are described by the relation 
D = 1.27 exp[—66,800/RT ]cm’sec”. The measured activation energy correlates sat- 
isfactorily with absolute melting point, heat of fusion, and heat of sublimation. 


by R. E. Hoffman, F. W. Pikus, and R. A. Ward 


K NOWING the rates of self-diffusion is important 
in the understanding of many metallurgical re- 
actions. However, in spite of the rather widespread 
interest in nickel, both commercially and in funda- 
mental investigations, no measurement of the self- 
diffusion in solid nickel has previously been re- 


R. E. HOFFMAN, F. W. PIKUS, and R. A. WARD are associ- 
ated with the Research Laboratory, General Electric Co., Schenec- 


tady. 
TP 4087E. Manuscript, Apr. 11, 1955. Philadelphia Meeting, 


October 1955. 


TRANSACTIONS AIME 


ported.* In connection with a program of measuring 


* Since the submission of the manuscript, H. Burgess and R. Smo- 
luchowski, Journal of Applied Physics (1955) 26, p. 491, have pub- 
lished preliminary data on nickel self-diffusion. Although their 
estimated activation energy is in reasonable agreement with the 
value in the present paper, their diffusion coefficients appear to be 
about a factor or two smaller. More recently, J. E. Reynolds, B. L. 
Averbach, and Morris Cohen have informed the authors by private 
communication that they have obtained self-diffusion coefficients in 
nickel that are in excellent agreement with those reported here. 


rates of diffusion in some nickel alloys, self-diffusion 
in pure nickel has been investigated over a rather 
wide temperature range by combining a sectioning 
technique and a surface counting technique. 
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Fig. 1—Diagram shows some typical penetration curves. The 
upper curve represents 13 days at 1147°C; the bottom curve, 
2 days at 1248°C. 


Experimental 
The only readily available isotope of nickel is Ni™. 
The extremely weak radiation from this isotope, 
0.063 mev £8 particles, places severe restrictions on 
the choice of the technique to be used for diffusion 
measurements. In the familiar sectioning technique, 
where the penetration curve is established by meas- 
uring the activity of thin sections machined from 
the specimen normal to the diffusion direction, the 
self-absorption in the sections not only reduces the 
level of activity to very low values, but also produces 
considerable scatter as a result of slight differences 
in sample geometry. The only other frequently used 
technique is the so-called surface counting tech- 
nique, in which the diffusion coefficient is deduced 
from measurement of the decrease in activity of the 
initially deposited layer of isotope by means of the 
equation‘ 
I/I, = exp(p’Dt)erfe 


where I, is the initial activity of the surface; I is the 
activity remaining after time t; D is the diffusion 
coefficient; », the linear absorption coefficient for the 


Z 
74 == == e "dy. However, 

T 0 
this technique contains many inherent sources of 
error’* even under the most favorable circumstances, 
and the measurement of the absorption coefficient, 
uw, of the weak nickel radiation is especially difficult. 
Fortunately, however, the characteristics of the 
radiation make the isotope Ni™ especially suited to 
the technique discussed by Gruzin.* This is essen- 
tially a sectioning technique, except that instead of 
measuring the activity of each individual section, the 
remaining activity in the sample is measured after 
each successive section is removed. If I, is the activ- 
ity of the sample after a thickness X, has been re- 

moved, then, according to Gruzin, 


Ol, constant | 


I, + ex 


[2] 


The low energy of the 6 particles from the Ni® im- 
plies a high absorption coefficient, ». It was there- 
fore anticipated that oI,/0X,<<wl,, and hence that a 
plot of In I,, vs X,,”, would yield a straight line of slope 
(—1/4Dt). As indicated by the penetration curves 
shown in Fig. 1, this expectation was verified. It is 
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to be noted that an accurate value for pw is not 
needed, since it appears only in the pre-exponential 
term of Eq. 2. 

One of the greatest disadvantages of any section- 
ing technique is that prohibitively long diffusion 
anneals are required when D<10-°cm’sec™. In order 
to obtain an accurate value for the activation energy, 
Q = —Rd ln D/d(1/T), it is necessary to measure D 
over as wide a temperature range as possible. There- 
fore, it was desirable to extend the measurements to 
lower temperatures, where only the surface counting 
technique is practicable. However, in order to cir- 
cumvent many of the sources of error in this tech- 
nique, it was decided to measure I/I, for several 
samples that had been diffused in the temperature 
range where D had been measured by the Gruzin 
technique, to establish an empirical value of » for 
use in Eq. 1. Inasmuch as up is essentially independent 
of temperature, this same pemp. Should be accurate at 
all temperatures. With this procedure, values of D 
can be obtained from the surface counting technique 
with almost the same accuracy as from the section- 
ing technique. 

Carbonyl nickel was obtained from the Whitehead 
Metal Products Co. Inc. An analysis showed 0.05 pct 
C, 0.025 pct Fe, 0.003 pct Cu, and negligible cobalt. 
This material was decarburized and melted under 
wet hydrogen in an Alundum mold. Samples ap- 
proximately % in. diam x % in. thick were ma- 
chined from the resulting ingot. The two faces of 
the samples were ground flat and parallel on 4/0 
emery paper, then etched lightly to clean the sur- 
face. The mean linear grain size, R, was about 1 mm. 

Radioactive Ni® of high specific activity was ob- 
tained from the AEC. Thin layers, <lp, of the iso- 
tope were electroplated onto one of the flat faces of 
each sample from a slightly ammoniacal solution of 
NiCl.. The samples were sealed in evacuated quartz 
tubes and diffusion annealed in a platinum-wound 
furnace in which the temperature was maintained 
constant within +3°C. 

In those specimens in which the complete penetra- 
tion curve was measured, the sectioning was per- 
formed by grinding on metallographic paper after 
having turned down the diameter of the specimen 
to remove surface diffusion effects. Extreme care 
was exercised to maintain the remaining face par- 
allel to the initial plated face by measuring the 
thickness at four places near the edge of the speci- 
men. The penetration depths, X,, were measured 
from the decrease in thickness of the sample. 

Activities were measured with a thin (1.5 mg per 
cm’) mica window Geiger-Muller tube in conjunc- 
tion with a Tracerlab Autoscaler. It was found that 


SS; 
Fig. 2—The tem- E \ 
perature dependence 
of the self-diffusion [ xX 


coefficient of nickel 
is plotted. Closed ane 

circles represent data E NG 
determined by sec- [ 


tioning; open circles, 
by surface counting. 


D,CM* Sec 
T 


60 6.5 7,0 7.5 8,0 as 9,0 9,5° 


104 /+ 


TRANSACTIONS AIME 


20 SS 
1.8 
1.65 
| 
| 
|. 
12 
| 
OF 
gS | 
| 
0,6 |- 
| 
0.2 
fo) 5 10 15 20 25 30 35 40 45 50 55 60 65 70 
2:4) 2 
10 CM 
| 
| 
-12| 
10 
© 
10 


the isotope contained a very small amount of im- 
purity, probably Co*™, that emitted X-radiation. 
However, since the Ni® radiation is practically com- 
pletely absorbed by a 1 mil aluminum foil, the 
amount of the X-radiation could be measured and 
subtracted from the total activity. This correction in 
all cases amounted to less than 2 pet. 


Results and Discussion 

Complete penetration curves have been obtained 
on four samples that had been diffused at tempera- 
tures between 1147° and 1250°C. In all cases, a plot 
of log activity vs the square of the penetration depth 
yielded straight lines, as shown by the two examples 
in Fig. 1. Data were obtained by the surface count- 
ing technique on 11 samples in the temperature 
range 878° to 1230°C. By fitting the high tempera- 
ture results of the surface counting measurements to 
the results obtained by sectioning, a value of Mose, 
9.30(10)*cem™ was deduced, which was then used to 
calculate the diffusion coefficients from the low tem- 
perature measurements. All data obtained are listed 
in Table I and shown graphically in Fig. 2, where 
log D is plotted as a function of reciprocal absolute 
temperature. The equation of the best straight line 
is given by 


D = 1.27 exp [—66,800/RT] cm’ per sec. [3] 


It has been frequently proposed that the activation 
energies for self-diffusion in metals may be corre- 
lated with the absolute melting point, Tx; with the 
heat of fusion, AH,,; or with the heat of sublimation, 
AHs. In Table II, the authors have collected the per- 
tinent data for the face-centered-cubic metals for 
which self-diffusion measurements have been pub- 
lished, including the present data on nickel. The 
measured activation energy for nickel self-diffusion 
is seen to fit all three correlations satisfactorily. 

It is of interest to note that the value of pimp. de- 
duced from these measurements is in reasonable 
agreement with the approximate value p= 
1.0(10)*em™ calculated from the absorption meas- 
urements in aluminum®* of Brosi et al.” With this 


*In making this calculation, it was assumed that, for different 
absorbing materials, ~ varies only as the density. This approxima- 
tion is sufficient for the purposes of the comparison made here. 


approximate value of p, it may also be shown that 
the error in D caused by neglect of the term OI,/0X,, 
in Eq. 2 is less than 1 pct. 

When diffusion measurements are carried out in 
polycrystalline samples, the possibility that the re- 
sults may be affected by preferential grain boundary 
diffusion must always be considered. Such effects, if 


present, are easily detectable in a sectioning experi- 
ment by the nonlinearity of the graphs of log I vs X”’. 
It is thus clear from Fig. 1 that, under the present 
experimental conditions, grain boundary diffusion 
effects are negligible in the temperature range 1147° 
to 1248°C. In order to determine whether grain 
boundary diffusion may have contributed to the re- 
sults obtained by surface counting, several measure- 
ments with this technique were made on samples of 
the original undecarburized nickel in which the 
grain size was less than 0.1 mm. At temperatures 
above 1050°C, these results agreed within experi- 
mental error with those obtained in the decarburized 
specimens. Below 1050°C, however, the apparent 
diffusion coefficients in the undecarburized nickel 
were invariably higher, by as much as a factor of 
two, than those measured in the decarburized ma- 
terial. It is highly improbable that the small amount 
of carbon should appreciably affect the rate of lat- 
tice diffusion. Therefore, these results indicate that 
the rate of grain boundary diffusion at temperatures 
below 1050°C is sufficiently high to introduce errors 
in the measured lattice diffusion coefficients when 
the grain size is of the order of 0.1 mm or less. 


Table i. Summary of Results 


Temperature, °C D, Cm? Sec-1 Technique 
1147 5.19(10)-11 Sectioned 
1189 1.31(10)-10 Sectioned 
1220 2.29(10) Sectioned 
1248 3.71(10) Sectioned 
878 2.35 (10) Surface counted 
905 6.67 (10) Surface counted 
940 1.29(10) -2 Surface counted 
965 1.92 (10) -12 Surface counted 
997 3.29(10) -12 Surface counted 
1035 8.82 (10) -12 Surface counted 
1071 1.70(10) Surface counted 
1118 4.56(10) Surface counted 
1163 7.31 (10) Surface counted 
1199 1.52 (10) -10 Surface counted 
1230 2.65 (10) -10 Surface counted 


In the large grained samples, then, grain boundary 
diffusion effects should be of significance only at 
temperatures somewhat below 1056°C. However, in 
the graph of log D vs 1/T, Fig. 2, there is no regular 
tendency for the experimental points below 1000°C 
to depart from the straight line that describes the 
data above 1000°C. In addition, the measured acti- 
vation energy was seen to fit the correlations in 
Table IJ, whereas an apparently low value would be 
expected if the results were affected by preferential 
grain boundary diffusion.“ It is concluded, there- 


Table II. Correlation of Activation Energies for Self-Diffusion in Face-Centered-Cubic Metals with Various 
Thermodynamic Properties 


Keal Keal Keal 
Metal G Atom Tu, °K : G Atom G Atom Q/Tu Q/AHmu Q/AHs Reference 
46.5 23.4 0.603 5 
Pb 27.9 600 1.19 46.3 
: 81.5 45.2 19.7 0.753 6 
y 8 = = = 34.5 15.0 0.574 7 
49.0 = = = 36.1 15.8 0.601 8 
ie 1234 2.73 69.1 36.9 16.7 0.658 9 
an ee 1336 3.06 82.3 40 17 0.64 10 
we ge! = 38 17 0.62 11 
a a = = 33.9 14.8 0.550 12 
== 96.6 = = 0.768 13 
= = = = 0.703 14 
: 3.67 105 35.0 16.9 0.590 3 
668 1798 4.20 102 38.7 15.9 0.655 
Mean 38.8 17.3 0.647 = 
ae RMS deviation, pct 11 13 10 
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fore, that the data reported here are characteristic 
of lattice diffusion. 
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Tensile Characteristics of Particle-Strengthened 
Alloys of Zirconium With Iron 


The tensile characteristics of Zr-Fe binary alloys containing up to 5 atomic pct Fe 
are reported for the temperature range —195° to 500°C. A linear relation between stress 
at constant strain and volume fraction ZrFe. was found. The coincidence of data from 
unalloyed zirconium with zero volume fraction ZrFe, indicated little or no solid solution in 
a-zirconium, in agreement with Hayes, Roberson, and O’Brien.! The absolute increase in 
strength due to particle strengthening, although decreasing with increasing temperature, 
was a greater percentage at high temperature. 


by J. H. 


IRCONIUM is of interest for use in nuclear re- 

actors because of its low neutron absorption, 
good corrosion resistance, and high melting tem- 
perature. The alloying of zirconium with iron has 
been considered as a means of increasing the me- 
chanical strength of zirconium without seriously 
increasing the neutron absorption* over that of 


* The thermal neutron absorption of iron is 2.4 barns as compared 
to 0.18 barns for zirconium. The tendency of an element to absorb 
neutrons is expressed in terms of cross section (units are barns per 
atom = 10-* cm?) which is a measure of probability that the atoms 
will capture neutrons. 


unalloyed zirconium. 

The Zr-Fe system has a eutectic at 934°C and 23.7 
atomic pct Fe and a eutectoid at 800°C and 4.0 atomic 
pet Fe. The zirconium-rich end of this system deter- 
mined by Hayes, Roberson, and O’Brien’ is shown in 
Fig. 1. The intermetallic phase coexisting with a 
and £-zirconium has been reported as Zr.Fes,’ with 
ad, = 7.04A, and as ZrFe.,” face-centered-cubic, the 
phase being of the MgCu, type (C-15). It was more 
recently agreed to be ZrFe.’ and face-centered-cubic. 
This intermetallic phase is essentially insoluble in e- 
zirconium, the hexagonal-close-packed modification; 
and the lack of solubility makes the system particu- 
larly interesting metallurgically. The system is 
strengthened almost exclusively by particles of in- 
termetallic phase, and there is very little solid solu- 
tion strengthening to complicate the analysis. 

The Bureau of Mines, in its survey of zirconium- 
base alloys,* reported the tensile properties of Zr-Fe 
alloys made from chloride process zirconium, induc- 
tion melted in graphite crucibles, and swaged at 
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Keeler 


Additional data on these Zr- 
Roberson, and 


850°C in iron sheaths. 
Fe alloys were given by Hayes, 
O’Brien.* 

Chubb and Muehlenkamp’ have recently reported 
the strength of Zr-Fe alloys containing up to about 
1.25 atomic pct Fe. These alloys were made from 
crystal bar zirconium, hot worked at 820°C, an- 
nealed at 700°C, and tested both at room tempera- 
ture and at 316°C. 


Experimental Procedure 
The materials used in this investigation were 
high purity zirconium made by the iodide process 
and electrolytic iron. The composition of the zir- 
conium as obtained by spectrographic analysis and 
the nominal composition of the iron are given in 
Table I. 


Table |. Composition of Melting Stock* 


Crystal Bar Zirconium Electrolytic Iron 


Element Wt Pct Element Wt Pct 
Ht 0.3 maximum 0.03 
Fe 0.02 to0.1 Si Trace 
Al 0.005 to 0.02 Mn 0.000 
(Ore 0.02 to0.1 S) 0.011 
Cu 0.001 to 0.005 12 0.020 
Ni 0.005 to 0.02 Cr, Mo, Ni Nil 
Mg 0.001 to 0.005 Ti, Al, V Nil 
Mo 0.01 
N 0.007; 


* Oxygen and carbon are estimated at 0.002 pct for the zirconium. 
+ Wt pet was determined by chemical analysis. 


Alloy ingots weighing 100 g were made by arc- 
melting under argon in water-cooled copper cruci- 
bles in a multihearth furnace.° 
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Unalloyed zirconium ingots melted in the same 
manner as the alloys were used as 0 Fe compositions 
in data analysis. 

The alloys used in the particle-hardening analysis 
were analyzed chemically for iron content. The 
nominal and analyzed atomic percent and nominal 
and analyzed weight percentages of iron are given 
in Table Il. Throughout this report these alloys will 
be referred to by their nominal atomic percent com- 
positions. 


Table II. Iron Content of Low O-N Alloys of Zirconium and Iron 
Nominal Iron Content Analyzed Iron Content 
Atomic Pct Wt Pct Atomic Pci Wt Pct 

0.614 0.96 0.53 
3 1.86 3.4 2.1 
5 3.12 4.8 3.0 


These alloys were hot rolled at 800°C in iron 
sheaths to a thickness of approximately 0.025 to 
0.020 in. Any additional rolling to obtain a sheet 
thickness of 0.020 in. was done at room temperature 
with the bare, unsheathed alloys. Annealing of these 
alloys was carried out at 750°C in the all-a region 
in evacuated Vycor or quartz tubes containing zir- 
conium foil to take up residual oxygen and nitrogen. 

Tensile specimens with a 2.25 in. gage length and 
a gage width of 0.200 in., as described previously,’ 
were made from the alloy sheets and tested, using 
Instron Engineering Corp. tensile testing machines 
whose characteristics have been reported.”* Tensile 
tests were conducted in liquid nitrogen at —195°C, 
in air at room temperature and 300°C, and in vacuo 
at 500°C. True stress vs true plastic strain and log 
true stress vs log true plastic strain were plotted for 
most of these tests. True stress at a true plastic 
strain of 0.002 (0.2 pct offset yield strength), true 
stress at true plastic strains of 0.02 and 0.05, ultimate 
tensile strength, reduction in area, and elongation 
are tabulated. The strain hardening exponent, m, 
from the stress-strain relationship 


G = IKE” [1] 


obtained from the slope of log true stress vs log true 
plastic strain plot is also listed in some instances. 
In other instances, where the log-log plot was not a 
straight line, the slope was taken from that portion 
of the curve in the vicinity of the strain at maximum 
load. In more recent tests, the slope do/de, of the 
linear true stress-true strain curve at «, = 0.02, was 
determined to provide a measure of the strain hard- 
ening. 
Results and Discussion 

True stress vs true plastic strain curves were cal- 
culated from autographically recorded load exten- 
sion curves. An instantaneous tenfold increase in 
the strain rate, which results in an instantaneous 
positive displacement of the flow curves in the stress 
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Fig. 3—Yield stress and flow stress are plotted at a true 
plastic strain of 0.05 vs atomic pct Fe. 
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Fig. 4—Ultimate tensile strength and percentage of elonga- 
tion are plotted ys atomic pct Fe. 
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direction, was used to determine the strain rate 
sensitivity,’ n, under conditions which avoid speci- 
men to specimen variation. The rate sensitivity is 
calculated from the relation 


log 
[2] 
log 
in which S, is the stress obtained with strain rate é, 
and S, is the stress obtained with strain rate é. 
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Fig. 5—Rate sensitivity, n, and rate of strain hardening, 
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Fig. 6—Graph plots yield strength and flow stress at e, = 0.05 
vs volume fraction ZrFeo. 


Fig. 7—Micrographs are of alloys containing: a) 1 atomic pct Fe, b) 3 atomic pct Fe, and c) 5 atomic pct Fe. Specimens show 


At 500°C, the alloys displayed the early maximum 
load type of load extension curve reported earlier 
for unalloyed zirconium’ and Zr-Cr alloys.” 

The relation vs e, suggested by Opinsky” 
and tried recently for unalloyed zirconium,” was 


plotted for several of the 500°C tests. Deviation 
downward from a straight line relation did not occur 


dinL 


necking began at maximum load. Such deviation 
only became significant at strains considerably be- 
yond that for maximum load. However, as shown in 
Fig. 2, it was difficult in some instances to decide the 
real initiation of localized necking from these curves, 
e.g., the Zr + 3 pct Fe curve shown, because of the 
gradual change in slope. The load extension curve 
beyond maximum load also changed gradually. In 
instances such as the Zr + 5 pet Fe curve shown in 
Fig. 2, the change in slope occurred rather sharply 
and agreed rather closely with the change in slope 
of the load extension curve, and allowed a fair esti- 
mate of the strain at which localized necking began. 

The various tensile characteristics are plotted 
against the atomic percentages of iron in Figs. 3 to 
5, and are listed in Table III. 

In a manner similar to the previously reported 
Zr-Cr system, the zirconium-rich alloys containing 
iron are strengthened through particle hardening 
by the ZrFe, phase. From the reported crystal struc- 
ture’*® and lattice parameter of ZrFe.,* the density 
was calculated as 7.73 g per cu cm, using the relation 


N-M 
V-A 


= 0, as would be predicted if localized 


P= [3] 


where N is the number of molecules in a unit cell, 
M is the gram molecular weight of the compound, V 
is the volume of the unit cell, and A is Avogadro’s 
number. The volume fraction, f, of the compound 
present in an alloy may then be calculated from the 
relation 


Je 
f = 


where g. is the amount by weight of compound 
present, g, is the amount by weight of a phase pres- 
ent, and £ is the ratio of the density of the compound 
to the density of the a phase. The values of g, and 
g. were obtained from the constitution diagram. Zero 
solid solubility of ZrFe, in a-zirconium was assumed. 

The relation between true stress and volume frac- 
tion ZrFe, for true plastic strains of 0.002 and 0.05 
are shown for various test temperatures in least 
squares plots in Fig. 6. The data points for zero vol- 
ume fraction are obtained from tests of unalloyed 


[4] 


bright field, as-electropolished. X500. Area reduced approximately 40 pct for reproduction. 
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Table Ill. Tensile Properties of Zr-Fe Alloys, a Annealed 


Test i i 
Neminal Atomic Pct Fe 
roperty °C 0 1 3 5 
o 
tiep = 0. i 
o ate, 0.002, psi —195 29,000 30,000 48,900 61,200 
25 17,000 21,800 31,000 41,000 
11,300 17,600 21,200 
7,500 12,500 14,000 
o ate, 0.02, psi —195 50,400 57,300 82,500 95,900 
25 31,300 36,300 48,700 59,700 
17,100 26,000 33,700 
10,700 16,400 18,500 
o at ep = 0.05, psi _ 195 62,000 71,200 95,200 107,100 
25 37,400 43,200 58,200 67,000 
18,100 21,600 31,600 40,900 
Ultimate tensile strength, psi —195 67,000 74'300 91°00 99°600 
25 39,000 48,300 56,100 65,600 
25,800 32,000 39,800 
Elongation, pct in 2.25 in. = 195 200 
25 26 32 15 7 
Bee 27 33 18 7 
Reduction in area, pct —195 es 
25 51 48 31 17 
300 70 60 50 34 
do 71 81 71 
at ep = 0.02 x 10-5 25 3.5 38 30 20 
dep 200 1.2 2.0 2.0 3.5 
Rate sensitivity, n —195 
25 0.019 0.017 0.019 0.018 
0.013 0.018 0.015 
Strain hardening exponent, m —195 0.178 
25 0.170 — — — 
300 0.279 — — — 
500 0.117 — — = 


Not determined. 


arc-melted crystal bar zirconium prepared in the 
same manner as the alloys. The fact that these data 
for unalloyed zirconium fall so closely on the 
straight line relation of stress vs volume fraction 
compound is considered strong support for the con- 
clusion of Hayes, Roberson, and O’Brien’ that the 
solubility of the Zr-Fe intermetallic phase in e-zir- 
conium is very small. 

The relation of stress to volume fraction fits a 
straight line relation, so the strengthening effect of 
the ZrFe, may be interpreted as a rule of mixtures 
relation. Moreover, in the range of particle diam- 
eters found in these alloys, 2x10 mm to 10x10° mm, 
the variation in size apparently is not critical. See 


Table IV. Absolute and Percentage of Increase in Flow Stress Per 


do 
Unit Volume Fraction ZrFe2, do/df, and /o0, Respectively 
ep = 0.002 ep = 0.02 ep = 0.05 
do \ 10-5 do do \ 10 do do \ 10> do 
Tempera- —/oo —/oo —/oo 
ture, °C df df df df df df 
—195 27.0 9.90 19.9 -79 5.6 
25 4.99 29.4 6.01 19.3 6.67 17.8 
300 2.52 26.1 4.30 32.3 5.06 SLL 
500 1.80 31 2.01 21.2 39 8.2 


The increase in strength (the difference in stress 
between the zirconium alloy and arc-melted unal- 
loyed zirconium tested under the same conditions) 
at various temperatures vs volume fraction ZrFe, 
for true stress at a true strain of 0.05 is plotted in 
Fig. 8. As in the case of the previously reported Zr- 
Cr alloys,” the absolute increase in strength due to 
the second phase is smaller at higher temperatures. 

One way of quantitatively showing the effective- 
ness of the second phase in strengthening the matrix 
material is by determining the percentage of in- 
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crease in strength due to the presence of the second 
phase particles per unit volume fraction of second 
phase present. This is readily accomplished by divid- 
ing the slope of the flow stress vs volume fraction 
plots, Fig. 6, by the stress intercept at zero volume 
fraction. Table IV shows the absolute increase in flow 
stress per unit volume fraction (do/df) and the per- 
centage of increase in flow stress per unit volume 


slope 
for several values of 


do 
af intercept 
true plastic strain and for the several test tem- 
peratures. 

The specific influences of the second phase are 
shown in the data in Table V, where the increases in 
true stress, Ac, for various strains are given for an 
interpolated composition of 0.04 volume fraction 
ZrFe,. It is seen that the absolute increase in true 
stress at a constant temperature increases with true 
strain. Since the alloys in this investigation were 
limited in ductility, the strengthening increment 
does not reach a constant value at high strains, as 
suggested by Hart,” and as shown for Cu-Cr alloys 
by Hibbard and Hart.” 


Table V. Influence of Temperature and Strain on the Increase in 
Stress Level for a 0.04 Volume Fraction Alloy 


Test = 0.002 = 0.02 = 0.05 
Tempera- 
ture, °C Ao, Psi Pet Ao, Psi Pet Ao, Psi Pet 
—195 28,400 98 39,300 79 39,000 63 
25 19,100 112 23,800 76 26,700 71 
300 10,100 101 17,200 128 20,400 127 
500 7,200 118 8,100 91 9,700 76 


The percentage of or normalized increase in 
strength for the same 0.04 volume fraction composi- 
tion shown in Table V increases somewhat with tem- 
perature and, contrary to the previously mentioned 
absolute increase in strength, is less with increasing 
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amounts of true strain. The anomalous 300°C data 
may possibly be due to strain aging phenomena. 
Orowan has proposed* that the yield strength of 
a two phase alloy is related to the stress necessary 
to force dislocation loops between second phase par- 
ticles, and is thus inversely related to the distance, 
\, between two neighboring particles in the follow- 
ing manner 
7 = Gb/r [5] 


where + is the yield stress, G is the shear modulus, and 
b is the Burgers vector. If uniform spherical particles 
are assumed, the interparticle distance, A, can be 
related to the number of particles per unit area, N,, 
the radius, r, of the particles, and the volume frac- 
tion of second phase, f. 

The relation between N., the number of uniform 
spherical particles per unit area, and the volume 
fraction of particles has been given” as 


N, = [6] 


and the average distance of a particle from nearest 
neighbors in a plane, D., as 


D, = 2/\/aN,. [7] 


Using these equations, a modified Orowan relation 


[8] 


relating yield stress, o*, and volume fraction may 
be made. This relation was utilized to calculate the 
room temperature yield stress due to particle hard- 
ening in a 5 atomic pct Fe-Zr alloy. 

The value for the shear modulus was taken as 
2540 kg per mm’*,.“ and values for r and f were esti- 
mated as 4.77x10~* cm and 0.0466. The calculated 
value for o* was 63 psi. The value obtained from 
the experimental data for the increased stress incre- 
ment due to the particles was 22,000 psi. The yield 
strength of this composition at room temperature 
was 40,000 psi. o* has been considered as an incre- 
ment of strengthening due to particles as well as 
the actual yield strength, which includes the 
strengthening due to particles. Therefore, both in- 
terpolated experimental values are included for 
comparison with the calculated values of o*. As was 
true for the particle hardening of zirconium by 
chromium,” the calculated value of o* was consid- 
erably less than the yield stress of unalloyed zirco- 
nium and less than the strengthening increment of 
the ZrFe, particles. These data are not consistent 
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Fig. 8-—Graph plots increase in flow stress at ep — 0.05 ys 
yolume fraction ZrFes. 
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Fig. 9—Graph plots 
flow stress over 
elastic modulus ys 
absolute tempera- 
ture for zirconium 
and Zr-Fe alloys. 
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with the calculations from the Orowan relation. 
Hart” has discussed the limitations of the Orowan 
theory. 

The theory of Fisher, Hart, and Pry”™ indicates that 
the strength of particle-hardened alloys after strains 
greater than 10 pct is related to the back stress 
caused by dislocation loops piled up around the sec- 
ond phase particles, and to the 3/2 power of the 
volume fraction. This theory, too, is applicable only 
for alloys whose yield strength is unaffected by the 
particles. 

Although the Zr-Fe data of this report deviate 
somewhat from the conditions for the theories of 
Orowan” or Fisher, Hart, and Pry,* plots of true 
stress vs f’” at a true strain of 0.002 and vs f*”” ata 
true strain of 0.05 were made. The former condi- 
tions were chosen because they most nearly ap- 
proach the Orowan condition of yield strength; the 
latter, because they most nearly approach the Fisher, 
Hart, and Pry condition of high strain values. It was 
found in the least squares plots that the f” relation 
deviated upward and the f” relation deviated down- 
ward with increasing volume fraction. 

The temperature dependence of the particle 
strengthening in both the Orowan and Fisher-Hart- 
Pry theories must come through the variation of the 
modulus with temperature. If this is the only influ- 
ence of temperature, a plot of o/E vs absolute tem- 
perature would be expected to produce a constant 
value not changing with temperature. As shown in 
Fig. 9, this constant value was not found. The values 
of E used here were for unalloyed zirconium,” with 
the assumption that the values would be at most 
only slightly changed by the presence of compound 
particles. 


Summary and Conclusions 


1) The tensile properties of Zr-Fe binary alloys 
containing up to 5 atomic pct Fe are given for the 
temperature range. —195° to 500°C. The highest 
yield strength obtained at 500°C was about 14,000 
psi, for the 5 pct Fe alloy. 

2) A linear relation between flow stress and vol- 
ume fraction ZrFe, was observed in spite of consid- 
erable variation in particle size and shape. This 
suggests that the strengthening is not sensitive to 
particle size in the range 2x10° mm to 10x10° mm 
diam observed for these alloys, and that the strength- 
ening effect follows the law of mixtures. Systematic 
deviations from linear relations between stress and 
the square root or 3/2 power of volume fraction 
were obtained. 

3) The stress-strain data indicate no significant 
solution hardening and, therefore, no significant 
solid solubility of ZrFe, in a-zirconium, in agreement 
with Hayes, Roberson, and O’Brien.” 

4) The absolute increase in strength due to second - 
phase particles is smaller with higher temperatures, 


TRANSACTIONS AIME 


25°C 300°C 500°C 
*\ 5 Fe 
5 
3 Fe 
4 x 
3 Fe 
x 
UNALLOYED 
! 


and for a particular temperature increases with in- 
creasing strain up to e, = 0.05. 

5) The normalized or percentage of increase in 
stress level due to second phase particles generally 
increased with increasing temperature, except for 
deviations shown at 300°C. The normalized stress 
increase at constant temperature usually decreased 
with increasing strain, although the 300°C data were 
again anomalous. 
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Evaluation of the Structural Stability 
Of Ti-Mo-V Alloys 


Meta-stable 8 alloys in the titanium-rich corner of the Ti-Mo-V system have 
been studied with respect to their stability upon holding in the temperature range 
300° to 550°C. Metallographic examination coupled with hardness measurements 
were employed to follow structural changes. Ternary alloys in the total alloy con- 
tent range of 15 to 24 pct were found to transform. 


by W. F. Carew, F. A. Crossley, and H. D. Kessler 


A® part of a program on phase relationships and 
transformation processes of titanium alloy sys- 
tems, the titanium-rich corner of the Ti-Mo-V system 
has been investigated. This region was surveyed 
primarily to supply information toward the de- 
velopment of a creep resistant, weldable alloy, with 
a minimum alloy content, for use in the 425° to 
550°C range. Specifically, the investigation was 
directed toward the development of a stable 8 alloy 
with less total alloying additions than is found in 
the Ti-30 pct Mo alloy. A secondary objective was 
the development of a creep resistant, weldable a-8 
alloy for application around 300°C. 
Molybdenum was selected as primary additive to 
titanium on the basis of an investigation’ which 
showed that the Ti-30 pct Mo alloy had promising 
elevated temperature tensile properties. Further- 
more, aging studies’ showed no tendency for this 
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Fig. 1—Diagram shows structures and corresponding hard- 
nesses of water quenched Ti-Mo-V samples. A grain bound- 
ary phase is also present; see Fig. 2. Open circle represents 
a+; closed circle, retained 8; parentheses, as-quenched 
hardness. 
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Fig. 2—Micrograph 
shows Ti-10 pct Mo- 
10 pct V, solution 
heat treated for 24 
hr at 1100°C and 
air cooled. The 6 
with the microcon- 
stituent was tenta- 
tively identified as 
a. Specimen was 
etched with 60 cu cm 
glycerine, 20 cu cm 
HNOs, and 20 cu cm 
HF. X750. Area re- 
duced approximately 
25 pct for repro- 
duction. 


alloy to transform from the £ modification to the 
equilibrium a + £8 structure when held at tempera- 
tures below the 8/a+ transus. The Ti-30 pct Mo 
alloy was also found to be weldable.* Unfortunately, 
the molybdenum-bearing alloy has since been found 
to undergo transformation when subjected to stress 
at temperatures in the two phase field.* * 

It was hoped that by using two £ stabilizers in 
combination it would be possible to reduce the total 
of alloy additions needed to produce a stable £ alloy. 
With respect to titanium there are three £ stabiliz- 
ing noneutectoid-forming elements besides molyb- 
denum. They are vanadium, columbium, and tan- 
talum, and their densities are 6.0, 8.7, and 16.6 g per 
cu cm, respectively. Tantalum and columbium are 
scarce materials, while vanadium is in compara- 
tively plentiful supply. Considering the relative 
densities and availability of the three elements, 
vanadium was selected as the ternary addition for 
this investigation. 

In the Ti-Mo binary system, soft 6 is retained on 
water quenching alloys containing 11 pct or more 
molybdenum.’ In the Ti-V system, 8 is retained on 
ice brine quenching alloys of 15 pct or more vana- 
dium.® Assuming that a straight line in the ternary 
system joined the retained § boundary points of the 
binary systems, 24 ternary alloys with Mo:V ratios 


Fig. 4—Diagram shows structures and corresponding hard- 
nesses of oil quenched Ti-Mo-V samples. A grain boundary 
phase is also present; see Fig. 2. Open circle represents 
a+; closed circle, retained 8; parentheses, as-quenched 
hardness. 
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Fig. 3—Micrograph 
shows Ti-11 pct Cr, 
quenched from 1000° 
to 800°C, held 30 
min, and water 
quenched. Phases 
are identified as 8 
with @ precipitate. 
Specimen was etched 
with 60 cu cm 
glycerine, 20 cu cm 
HNOs, and 20 cu cm 
HF. X250. Area re- 
duced approximately 
25 pct for repro- 
duction. 


of 1:3, 1:1, and 3:1 were selected to delineate the 
compositional region where £ transforms, and the 
region where soft 6 is retained on quenching. Com- 
positions in the retained 8 region were tested for 
stability by aging at 425° and 550°C. Stability of 
the transformed structures of alloys in the low com- 
position region was evaluated by aging at 300° and 
425°C. Aging effects were evaluated by metal- 
lographic examination and hardness testing. The 
highest compositions were Ti-6 pct Mo-18 pct V, 
Ti-11 pet Mo-11 pct V, and Ti-15.3 pet Mo-5.1 pct 
V for the three Mo:V ratios 1:3, 1:1, and 3:1, re- 
spectively. Several binary alloys were included to 
round out the picture. The highest binary composi- 
tions were 20 pct Mo and 30 pct V. The selected 
compositions are plotted in Fig. 1. 


Experimental Procedure 


High purity (124 Dph) titanium sponge was used 
in the preparation of 50 g ternary alloy buttons. 
Molybdenum was added as 0.003 in. sheet and vana- 
dium as particles —%4 in. +20 mesh in size. Melting 
was performed in a nonconsumable tungsten tipped 
electrode arc-melting furnace equipped with a water- 
cooled copper crucible, under a positive pressure of 
argon. Three samples were cut from each as-cast 


Fig. 5—Diagram shows structures and corresponding hard- 


nesses of air cooled Ti-Mo-V samples. A grain boundary 
phase is also present; see Fig. 2. Open circle represents 
a+; closed circle, retained 8; parentheses, air cooled - 
hardness. 
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alloy button to study the initial effect of quenching 
rate on structure. A flat surface was ground and 
polished on each sample prior to solution heat treat- 
ing, in order to minimize possible structural changes 
resulting from the heat developed in the grinding 
operations preparatory to metallographic examina- 
tion. Parris et al.’ have shown that age hardening 
can occur in some titanium-base alloys at tempera- 
tures as low as 100°C. In the Ti-Mo-V alloys it was 
possible to age harden an unstable 8 structure dur- 
ing the polishing operation. The hardening was ap- 
parently due to the occurrence of the transition 
phase, ow.” ° The three series of ternary alloy samples 
were sealed in Vycor bulbs under partial pressures 
of argon, homogenized for 24 hr at 1100°C, and 
quenched in the appropriate medium, either water, 
oil, or air. 

Since temperatures in excess of 100°C are reached 
in mounting samples in Bakelite, a plastic which 
sets at room temperature was used. This was made 
by mixing Epon resin mechanically with triethylene 
tetramine, using a mixture of 90 pct by weight of 
resin to 10 pct of polymerizer. This mixture hard- 
ens in 2 to 3 hr at temperatures not exceeding 50°C. 

Aging was carried out at temperatures of 300°, 
425°, and 550°C for times of 1, 10, 50, 150, and 350 
hr. The low composition, 7 pct or less total alloy 
content, alloys were aged at 300° and 425°C. The 


AGING TIME, HOURS 


high composition, 15 pct or more total alloy content, 
alloys were aged at 425° and 550°C. Samples were 
air cooled after 24 hr at 1100°C in Vycor bulbs 
preparatory to aging. Air cooling was expected to 
define more critically the range of alloys suitable 
for evaluation since, in general, as the cooling rate 
decreases, higher alloy content is needed to retain 
soft B. 
Results and Discussion 

Hardnesses of the water and oil quenched speci- 
mens fell in the range of from 218 to 296 Dph, 
whereas a number of the air cooled samples ex- 
hibited high hardness with major peaks occurring 
in the plot of hardness vs alloy content between 
10 and 13 pct total alloying addition. The hardness 
level of each peak was raised and moved to lower 
total alloy content as the Mo: V ratio was increased. 

Metallographic examination of the as-quenched 
samples revealed a needle-shaped microconstituent 
in the ternary alloys of sufficient alloy content for 
completely retained B to be expected. The micro- 
constituent is shown in Fig. 2. No such structures 
had been reported in the phase diagram work on 
these systems. Attempts at identification by X-ray 
methods were unsuccessful, primarily because of 
the small amounts present. However, it was con- 
cluded that this microconstituent was most probably 
a for the following reasons: 
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Fig. 7—Hardness ys aging time 
is plotted at temperatures of 
300°, 425°, and 550°C for Ti- 
V binary alloys. 
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is plotted at 300°, 425°, and 
550°C for Ti-Mo-Y alloys with 
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1) It was noted that the phase was more abun- 
dant in the slower cooled samples, indicating that 
it came out on cooling from 1100°C. However, a 
severe water quench could not suppress its forma- 
tion completely. 

2) An investigation conducted on the structural 
changes of titanium-base alloys with heat treat- 
ment” showed very similar microstructures in an 
11 pet Cr alloy quenched from 1000° to 800°C, held 
15 and 30 min, and water quenched to room tem- 
perature. See Fig. 3. This specimen showed a pre- 
cipitate very similar in appearance to the precipitate 
present in the Ti-Mo-V alloys. The specimen held 
for 30 min at 800°C showed more of the second 
phase than the specimen held for 15 min, indicating 
that the amount of the second phase increased with 
time. In the 11 pct Cr alloy this phase was identified 
as a. 

3) DeLazaro and Rostoker* have shown that 
oxygen additions to Ti-11 pct Mo shift the TTT 
curves for the alloy to shorter times, and that at an 
oxygen content of 0.35 pct, transformation begins 
so rapidly that it cannot be suppressed by water 
quenching. An interesting characteristic of trans- 
formation in this alloy is that the initial transforma- 
tion products delineate grain and subgrain bound- 
aries of the prior @ phase, and further transforma- 


tion is comparatively sluggish. However, in an iodide 
titanium-base 11 pct Mo alloy containing less than 
0.02 pct O, transformation was readily suppressed 
by quenching. 

4) In the aging work discussed later, a was 
found to grow from the end of the needles, and 
transformation of 6 to a occurred last in the regions 
immediately adjacent to these needles. This is con- 
sistent with the hypothesis that the phase which 
comes out on quenching is a, since regions in the 
immediate vicinity of such a plates would be richer 
in alloy content than the original 8 matrix and 
would be more sluggish in transforming. 

Although sponge of 124 Dph quality was used in 
this investigation, it is obviously not as pure as 
iodide titanium. Apparently, in the high composi- 
tion sponge-base Ti-Mo-V alloys, the presence of 
oxygen or some other impurity or combination of 
impurities causes a to precipitate on cooling through 
the high temperature part of the a + £8 region. 

The structures obtained on quenching, together 
with the hardnesses associated with them, are dia- 
grammatically given in Figs. 1, 4, and 5. The struc- 
tures developed by water quenching are given in 
Fig. 1. The banded zone indicates the transition from 
transformed £6 to retained § plus a small amount of 
a. As anticipated, this band joins the transition 


Fig. 9—Hardness vs aging time 
is plotted at 300°, 425°, and 
550°C for Ti-Mo-V alloys with 
a Mo:V ratio of 1:1. 
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550°C for Ti-Mo-V alloys with 
a Mo:V ratio of 3:1. 
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points of the binary systems, i.e., approximately 11 
pet Mo and 15 pct V. Although oil quenching repre- 
sents a slower quenching rate than water quench- 
ing, the transition zone is the same for both, as 
shown by comparing Figs. 1 and 4. However, air 
cooling from the £ field shifts the transition to lower 
alloy content, as shown in Fig. 5, so that a straight 
line in the ternary system now joins the binary points 
corresponding to approximately 9 pct Mo and 11 pct 
V. DelLazaro et al.” found that a 9 pct Mo alloy, 
when quenched from 1000° to 700°C and held for 
two sec prior to water quenching to room tempera- 
ture, showed a retained £f structure, while water 
quenching directly from 1000°C to room tempera- 
ture gave a transformed £ structure. In the Ti-Mo-V 
ternary system a similar stabilization apparently 
was caused by the relatively slow cooling through 
the high temperature range of the a + £ field. It is 
generally expected that with decreasing cooling rate, 
higher alloy contents are necessary to retain the £ 
phase completely. 


As shown in Fig. 5, a number of air cooled samples 
immediately beyond the transition zone in the re- 
tained £6 region exhibited abnormally high hard- 
nesses, which is associated with the occurrence of 
the » phase. 

Aging studies were used to check the stability of 
the promising alloys. The alloys containing the 
phase were not included in the aging work because 
brittleness is associated with this condition. Aging 
hardness data are plotted in Figs. 6 to 10. 

Samples with 7.0 pct or less total alloy content, 
which were duplex a-f§ following the solution 
anneal-air cool, underwent no visible structural 
changes on aging at 300° or 425°C. The hardness 
level of these alloys generally remained in the vicin- 
ity of 300 Dph. The only significantly high hard- 
ness encountered in these alloys was 392 Dph, ob- 
tained for Ti-3.9 pct Mo-1.3 pct V, aged at 300°C 
for 350 hr. There is a reasonable expectancy for 
titanium-base alloys to suffer low ductility when 
they are heat treated to a hardness of 400 Dph or 


* 


Fig. 11—Micrograph shows Ti-10 pct Mo- 
10 pct V, solution heat treated for 24 hr 
at 1100°C, air cooled, then aged for 1 hr 
at 550°C and air cooled. Phases were 
identified as # with fine a precipitate. 
Hardness was 313 Dph. Specimen was 
etched with 60 cu cm glycerine, 20 cu cm 
HNO:, and 20 cu cm HF. X750. Area re- 
duced approximately 25 pct for reproduc- 
tion. 
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Fig. 12—Micrograph shows Ti-10 pct Mo- 
10 pct V, solution heat treated for 24 hr 
at 1100°C, air cooled, then aged for 50 
hr at 550°C and air cooled. Phases were 
identified as $B with fine a precipitate. 
Hardness was 312 Dph. Specimen was 
etched with 60 cu cm glycerine, 20 cu cm 
HNO:, and 20 cu cm HF. X750. Area re- 
duced approximately 25 pct for reproduc- 
tion. 


Fig. 13—Micrograph shows Ti-10 pct Mo- 
10 pct V, solution heat treated for 24 hr 
at 1100°C, air cooled, then aged for 350 
hr at 550°C and air cooled. Phases were 
identified as 8 with fine a precipitate. 
Hardness was 301 Dph. Specimen was 
etched with 60 cu cm glycerine, 20 cu cm 
HNOs, and 20 cu cm HF. X750. Area re- 
duced approximately 25 pct for reproduc- 
tion. 
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more. With the single exception noted, the observed 
hardness increases in these low composition alloys 
indicates that embrittlement does not occur on aging. 

Figs. 11 to 13 show microstructures which resulted 
from aging Ti-10 pet Mo-10 pct V at 550°C. The 
structures are typical of those observed for alloys 
with 15 pct or more total alloy content aged at this 
temperature. After only 1 hr transformation had 
begun. The needle-shaped microconstituent present 
after the air cool from the £8 field was observed to 
nucleate a. In the 10 pct Mo-10 pct V alloy, trans- 
formation at 550°C was completed between 50 and 
150 hr. Coarsening of the structure was observed 
during aging. After 10 hr at temperature the struc- 
ture could be resolved at a magnification of X1160 
only in the vicinity of grain boundaries and the 
needles present in the initial structure, while after 
350 hr the entire structure could be resolved. No 
hardening was observed upon aging the alloys at 
550°C. However, hardening may have occurred for 
aging times under 1 hr. 


In general, transformation in the high composi- 
tion alloys was much less complete after 50 hr at 
425°C than for a similar time at 550°C. ‘Trans- 
formation appeared to be complete in all alloys after 
350 hr at 550°C. However, transformation did not 
appear to be complete in Ti-20 pct Mo and Ti-15.3 
pet Mo-5.1 pet V after 350 hr at 425°C. The struc- 
tures developed at 425°C were very fine and could 
not be resolved at a magnification of X1160 after 
350 hr of aging. Considerable hardening was asso- 
ciated with the transformation, as may be seen from 
the aging curves. It was quite evident that none of 
the alloys studied were stable with respect to com- 
plete retention. 

DeLazaro and Rostoker,” in their study of the 
relations between heat treatment, microstructure, 
and mechanical properties of Ti-Mo alloys, found 
two microstructural conditions to be associated with 
impaired ductility and impact strength. These are 
fine irresolvable a of nodular rather than platelike 
appearance, and grain boundary precipitation of a 
developed in early stages of transformation. Simi- 
larly, Carew et al.* found that the transformed struc- 
ture of a Ti-30 pct Mo creep specimen exposed at 
425°C under a stress of 75,000 psi for 930 hr was 
very fine and irresolvable. The ductility character- 
istics of this structure were indicated by the fact 
that the creep specimen fractured in a brittle manner 
upon being removed from the creep testing stand. 
The structures produced by aging the retained 6 
alloys at 425° and 550°C were similar to these very 
fine structures associated with brittleness. Conse- 
quently, although aging at 550°C did not produce 
significant hardening, these alloys would be expected 
to exhibit poor ductility properties. Aging these 
alloys at 425°C would be expected to result in poor 
ductility properties for two reasons: the hardening 
produced and the fine nodular a precipitate. 


Conclusions 


The results of this study of binary and ternary 
titanium-base alloys with molybdenum and vana- 
dium show that, for stability of the high tempera- 
ture £ phase with respect to transformation at 
temperatures below the £6 transus, the following 
additions are insufficient: 1) 20 pct for binary alloys 
with molybdenum, 2) 30 pct for binary alloys with 
vanadium, 3) 24 pct total for ternary alloys with 
a 1:3 Mo:V ratio, 4) 20 pct total for ternary alloys 
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with a 1:1 Mo:V ratio, and 5) 20 pct total for 
ternary alloys with a 3:1 Mo:V ratio. Also, for 
stability under stress, more than 30 pct alloy addi- 
tion is needed for binary alloys with molybdenum. 


In general, no significantly hard structures de- 
veloped in the compositions of 7 pct or less total 
alloy content upon air cooling from 1100°C and then 
aging at 300° and 425°C. As a consequence, these 
alloys may prove useful from the standpoint of re- 
taining ductility under service conditions in the 
as-welded condition. However, it should be remem- 
bered that aging under stress might produce results 
different from those obtained by aging without stress. 


The structures resulting from air cooling the high 
composition alloys from the 8 phase region are not 
necessarily associated with brittleness. However, 
the fine a which forms upon aging these alloys at 
temperatures of 425° and 550°C is associated with 
brittleness. It is concluded that ternary Ti-Mo-V 
alloys in the total alloy content range of 15 to 24 pct 
and binary alloys in the range of 15 to 30 pct offer 
no promise for a service application at 425° to 550°C 
where ductility throughout service life is required 
of members. Further, for compositions in the vicinity 
of 30 pct alloy additions, attempts to obtain a stable 
ductile a + 6 structure by post-weld heat treatment 
would probably prove futile. These alloys have such 
low B transus temperatures that only fine a + £6 
structures such as are associated with loss of duc- 
tility could be produced by heat treatinent. 
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Some Transient Effects During Creep 
And Tensile Tests of an Aluminum Alloy 


A sudden change from one constant strain rate to another during a tensile test causes 
an unusual transient in aluminum alloy 61ST. A sudden change from one constant stress 
to another during a creep test does not produce an unusual transient in this material. 
A specially devised test shows that the nature of the previous steady-state conditions 
which the sudden change disturbs, is one of the factors affecting the transient behavior. 
Some of the observations may be explained in terms of strain aging. 


by H. A. Lequear and J. D. Lubahn 


| UR eee a sudden change during a tensile test 
from one constant strain rate to another causes 
a small, abrupt vertical shift from one stress-strain 
curve to another, parallel one. This behavior is ap- 
parently characteristic of all metals at very low 
temperatures and of many metals for wide ranges 
of temperature. It is illustrated in Fig. 1 for some 
early data on 61ST tested at —195°C, and in Fig. 2 
for some recent data on copper at room tempera- 
ture. The greater accuracy of the results of Fig. 2 
over previous ones* is due to the equipment shown 
in Fig. 3. Three levers apply the bulk of the load, 
while the changes in the small remainder load are 
indicated sensitively by a low capacity load scale. 
Refs. 2 and 3 describe the recording equipment. 

A test like those in Figs. 1 and 2 provides the 
information necessary to determine the rate sensi- 
tivity, n,* of the metal. 


A log 
dloge /. A loge 


log S.—logS, log S,/S, 


where S equals stress; « is logarithmic strain or 
natural logarithm of (final gage length/initial gage 
length);* € is strain rate or de/dt; and n is rate 


* Logarithmic strain and conventional strain are essentially equal 
for the small strains considered. 


sensitivity, rate of change of log stress with log 
strain rate at a given strain, or (0 log S/d log é€).. 

Normally, the rate sensitivity, n, is positive, which 
means that an increase in stress causes an increase 
in rate. However, certain exceptions, attributed to 
strain aging,” have been observed. Fig. 2 indicates 
how rate sensitivity values are derived from the 
measurements. Table I summarizes the rate sensi- 
tivity values derivable from Fig. 1. 

In contrast to the behavior of copper in Fig. 2, 
the aluminum alloy 61ST, which strain ages when 
tested near room temperature, exhibits an unusual 
transient when the strain rate is suddenly changed,” 
as shown in Fig. 4. Initially, there is a compara- 
tively sudden vertical shift of the stress-strain curve 
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Fig. 1—Graphs show tensile test of aluminum alloy 61ST at 
—195°C in which the strain rate was suddenly changed from 
one constant value to another. 


in a direction corresponding to the rate change, but 
then the curve gradually shifts back again. The 
initial shift is not as sudden as might be expected, 
because the testing machine is unable to achieve 
the impressed rate change instantaneously, as illus- 
trated in Fig. 2. The behavior shown in Fig. 4 will 
be referred to as a tensile transient, the word tensile 
implying that the behavior was observed in a ten- 
sion type of test. The corresponding test, where the 
strain rate is maintained constant except for the 
sudden change, will be called a tensile transient 
test. A creep transient, by contrast, will be defined 
as a temporarily abnormal behavior in a creep 
transient test, where there is a sudden change from 
one constant load to another.’ 

In Fig. 4, a naive look at the gradually decreasing 
and then increasing load after a sudden rate incre- 
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Fig. 2—Chart plots tensile test of OFHC copper annealed at 600°C and tested at room temperature. Strain rate was suddenly 
changed from one nominally constant strain rate to another. Constancy was obtained by manual control, using a hydraulic test- 


ing machine. 


ment would suggest that there is strain softening, 
followed by strain hardening. The question arises 
as to what behavior would follow a sudden stress 
change in a creep test. In order to answer, it is 
necessary to define strain hardening and strain soft- 
ening under constant stress conditions. 

First, there is the case where neither strain hard- 
ening nor strain softening occurs, Fig. 5. By defini- 
tion, lack of strain hardening in a constant strain 
rate tensile test is characterized by a constant stress. 
A creep test yielding a linear strain time curve has 
the same characteristics of constant rate and con- 
stant stress and, therefore, also exemplifies lack of 
strain hardening. 


Table |. Summary of Rate Sensitivity Values from Fig. 1 


Disturb- Stress Rate 
ance Rate Change, Sensi- 
Mark Change Pet tivity Strain x 10° 
A 30:1 1. 0.0040 8.5 
B 45:1 1.21 0.0032 10.3 
¢ 85:1 2.12 0.0047 26.0 
D 60:1 1.42 0.0034 28.8 
Average 0.0038 


Strain hardening in a creep test can be described 
in terms of positive rate sensitivity, where an in- 
crease in rate requires an increase in stress. For a 
metal which strain hardens (increasing stress at 
constant strain rate), Fig. 6 shows that the stress 
in a tensile test rises to values that are progressively 
higher than that in a creep test which starts at the 
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same stress and rate. Therefore, for positive rate 
sensitivity, the strain rate difference between the 
creep test and tensile test should become progres- 
Sively greater as the stress difference becomes greater, 
and the strain rate in the tensile test should always 
be larger. Since the rate in the tensile test is con- 
stant, it follows that the rate in the creep test is 
diminishing. Thus, a diminishing creep rate signifies 
strain hardening. Conversely, an increasing creep 
rate signifies strain softening, Fig. 5. 

This concept of how hardening and softening 
manifest themselves in creep and tensile tests is 
consistent with observations® on the Bauschinger 
effect in creep tests and tensile tests. These obser- 
vations reveal that a temporary softness, manifested 
by a temporarily lower stress in tension, is reflected 
in a temporarily higher creep rate in a constant 
stress test. 

Creep Transient Tests—The foregoing concepts, 
based on tensile transient behavior, indicate that a 
sudden small increase in load in a creep test should 
result in a sudden large increase in rate, followed 
by a gradual increase in rate, strain softening, and 
eventually a decreasing rate, strain hardening. These 
anticipated changes failed to materialize in actual 
experiments on 61ST at room temperature, Fig. 7. 
The consistently diminishing rate following the load 
increment was observed for several combinations 
of strain, load change, and the value of the rate 
prior to the load change. The effects were essentially 
the same as those observed in a nonstrain aging 
metal.“ In both the creep transient test and the 
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tensile transient test there were corresponding dis- 
turbances in the test conditions—a sudden large in- 
crease in rate accompanying a sudden small increase 
in load—but the persevering effects did not corre- 
spond. This might have been because the particular 
kind of strain history being disturbed is the govern- 
ing factor, rather than the nature of the disturbance 
itself. To investigate this possibility, an experiment 
was devised in which both the test history and the 
disturbance would be the same as in Fig. 4, but 
where the stress, rather than the rate, would be 
constant following the disturbance. 

Procedure for Special Transient Test—The speci- 
men was loaded by means of a 17.6:1 lever, which 
was specially arranged to provide either a constant 
or variable load. A pail was hung from the under- 
side of the lever weight pan, in position to receive 
water by gravity feed from a reservoir through two 
valves in parallel. 

An O. S. Peters P2M1 microformer gage was at- 
tached to the specimen and connected to a Baldwin- 
Southwark stress-strain recorder with the load 
mechanism replaced by a time 
drive.” Thus, a chart of strain vs 
time was recorded. From this rec- 
ord, the creep curve at constant 
stress could be obtained, or the 
strain rate for any conditions 
could be calculated from slope 
measurements. 


Before the test, the chart paper 
was provided with many parallel 


the weight pan. This caused the desired conditions: 
a constant strain rate, a small sudden increase in 
load, then constant load. 

Result of Special Transient Test—Fig. 8 shows the 
creep behavior subsequent to a small load increment 
that terminates a period at constant rate. The gradual 
increase and then decrease in rate after the load 
increment reflects the behavior in tension following 
the same history, see Fig. 4, where the stress at con- 
stant rate decreases, then increases. Thus, the result 
conforms to the concept of transient behavior based 
on the naive concepts of strain hardening and strain 
softening in Fig. 5. 

Although the vreep and tensile behaviors for this 
history correspond to each other qualitatively, the 
correspondence is not quantitative in two respects. 
First, the temporary strain softening in the tensile 
test—decreasing stress—persists only through a 
strain interval of about 0.003. See Fig. 4. The strain 
softening in the creep test—increasing rate—per- 
sists over the longer strain interval of 0.007. See 
Fig. 8. Secondly, the rate sensitivity value from the 
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lines, corresponding to a certain 
desired strain rate. The valves for 
the gravity-feed water line were 
placed next to the strain-time re- 
corder to facilitate manual control 
of the strain rate. 


The specimen was loaded into 
the plastic range by adding a suffi- 
cient number of lead weights to 
the weight pan. Then the strain 
rate was manually kept constant 
for some considerable time at the 
predetermined value, using the 
two valves in combination, as fol- 
lows. Small adjustments were 
made in the setting of one valve, 
thus controlling the rate of change 
of the strain rate. At the same 
time, discreet amounts of water 
were admitted or removed from 
the pail to change the absolute 
strain rate. By the latter device, 
when the strain rate was constant, 
but differed slightly from the de- 
sired rate, it could be changed to 
the desired rate without having to 
change the valve setting that 
would maintain constancy at the 
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new rate. Discreet amounts of 
water could be removed from the 
pail by a valve in a syphon line. 
The manual technique for adjust- 
ing strain rate resulted in rate 
variations of almost 2:1, even after 
considerable practice. 

After maintaining approximate- 
ly constant strain rate for a time, 
the water was shut off. Simultane- 
ously, a small weight was added to 
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Fig. 3—Diagram illustrates ex- 
perimental setup for determin- 
ing the rate sensitivity in a ten- 
sile transient test accurately. 
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Fig. 4—Transient effects in a 
tensile test on 61ST at room 
temperature according to Lu- 
bahn? are plotted. 


test of Fig. 8, 0.0135, is considerably higher than 
that obtained in any other kind of test. The n-value 
derived from the comparatively sudden shift of the 
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tensile curve is only 0.0060. See Table II. That ob- 
tained from a creep transient test is only 0.0038. See 
Fig. 7 and discussion which follows. 


Table Il. Load Increment and Rate Sensitivity Values from Fig. 4 


Nominal Load 


in Lb at Log Change in Rate 
22 In, Increment Pct Load Log Strain Sensi- 
per Min-1 in Lb Change Rate tivity 
4010 —60 1.52 —1.5 0.0044 
4030 +70 1.74 +1.4 0.0054 
4115 —15 1.86 —1.45 0.0056 
4170 +85 2.04 +1.4 0.0063 
4260 —90 2.16 —1.5 0.0062 
4310 +95 2.20 +1.25 0.0077 
4395 —105 2.44 —1.7 0.0062 


Average 0.0060 


Thus, some quantitative features of the test result 
of Fig. 8 remain unexplained. Also, why does a 
peculiar transient appear when a constant strain 
rate history is disturbed by a sudden rate increment, 
Figs. 4 and 8, while the same disturbance applied 
to a constant stress history does not produce such 
a transient, Fig. 7? Obviously, the nature of the 
strain history is important, but the reason for the 
importance must await a more detailed concept of 
how strain and strain aging interact when they are 
proceeding simultaneously. 

Role of Strain Aging in Transient Behavior—The 
room temperature transients of Figs. 4 and 8 might 
be interpreted in terms of strain aging, as follows. 
At constant strain rate, a steady state condition 
exists in which recent strain increments have aged 
by an amount that depends on the strain rate. Thus, 
there would be more complete strain aging for the 
nth strain increment back if the strain rate were 
small than if it were large, because a longer time 
would have elapsed at the slower rate for a given 
strain interval. This means that for two tensile tests 
at different constant strain rates, the stress-strain 
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Fig. 8—Creep behavior following a small load increase that 
terminates a period of constant strain rate is plotted. 
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Fig. 10—Effect of testing temperature on the rate sensitivity 
of 61ST according to Lubahn’ is plotted. 


curve at the faster rate would not be as much higher 
than the curve at the slower rate as would be ex- 
pected from the normal rate effect in the material. 
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Indeed, the stress-strain curve at the faster rate 
might even be the lower one, as demonstrated for 
mild steel by Fisher and MacGregor.’ For a sudden 
change from the slow to the fast rate, the sudden 
stress increase, due to the normal rate effect, should 
be followed by a gradual shift of the stress-strain 
curve downward to a steady state condition of strain 
aging characteristic of the faster strain rate, as 
observed. 


Measurement of Rate Sensitivity—For the test in 
Fig. 7 the 0.92 pct stress change caused an 11.2:1 
rate change. These data make the rate sensitivity 


dlog S ) log S./S; 


dloge /, log 

When tensile tests were used*® to determine rate 
sensitivity, taking the vertical shift of the steady 
state part of the stress-strain curve as the load 
change, dimension A in Fig. 9, the rate sensitivity 
appeared to be practically zero at room tempera- 
ture, Fig. 10. This abnormally low rate sensitivity 
was ascribed’ to strain aging. Apparently, strain 
aging does not seriously affect the rate sensitivity 
value determined from a room temperature creep 
transient test, Fig. 7. The value of 0.0038 from such a 
test is as high as that from a tensile test at —195°C, 
where strain aging presumably is absent. See Fig. 1 
and Table I. 

According to the concept that the steady state, 
stress-strain curve depends both on the strain rate 
per se and on the level of strain aging as governed 
by the strain rate, the steady state stress level could 
be either raised or lowered by an increase in strain 
rate. This would depend on the relative importance 
of the strain aging effects and the normal rate sensi- 
tivity effects. Consequently, it is meaningless to try 
to derive a true rate sensitivity value from the shift 
in the steady state, stress-strain curve. It would be 
more proper to take the instantaneous stress change, 
B in Fig. 9, so that no opportunity is given for the 
metal to adjust to a new steady state flow condition 
at the new rate. Table II shows the load increment 
values obtained from Fig. 4 in this way, and the 
resulting rate sensitivity values. 


The results show that the rate sensitivity at room 
temperature, 0.0060 according to Table II, is higher 
than that at low temperature, 0.0038 according to 
Table I. This result is in accord® * with results on a 
wide range of metals covering a considerable range 
of temperature. No explanation can be offered for 
the lower room temperature value of 0.0038 ob- 
tained from the creep transient test of Fig. 7. 


__ log 1.0092 
Nox 


= 0.0038. 
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Hydrogen Embrittlement of a Commercial 


Alpha-Beta Titanium Alloy 


NY mechanism proposed to explain hydrogen 

embrittlement in titanium and its alloys must, 
of course, be consistent with the experimental data 
that characterize this embrittlement. Unfortunately, 
however, the mechanical behavior of hydrogen- 
bearing titanium, at least a-8 titanium, has not been 
unequivocally defined. Lenning, Craighead, and 
Jaffee have clearly shown that hydrogen embrittles 
a-titanium by elevating its transition temperature, 
probably as the result of the formation of titanium 
hydrides.’ Therefore, in these alloys, hydrogen acts 
like at least one other interstitial contaminant, 
namely, nitrogen.” On the other hand, 6-titanium 
has been shown by these same investigators to 
tolerate very large amounts of hydrogen without 
suffering severe mechanical damage.* Mixing these 
two phases, however, to form the most important 
class of commercial alloys, the a-8 alloys, again 
results in severe hydrogen embrittlement, although 
the mechanism by which the embrittlement is pro- 
duced is not of the same type as that which causes 
brittleness in a@ alloys. Ductility damage due to 
hydrogen increases as the strain rate is reduced in 
a-B alloys, while embrittlement in a alloys increases 
as the strain rate is increased, since the latter is a 
transition temperature behavior. 

Steel, like the a-8 alloys, becomes more hydrogen 
sensitive at slow strain rates, suggesting that the 
mechanism producing the embrittlement in these 
two metals is similar. 

Brown and Baldwin‘ described the hydrogen- 
produced ductility depression in steel as a function 
of testing temperature and strain rate by defining 
the slope of the two surfaces that produced the 
depression in a three dimensional chart, Fig. 1. One 
of these surfaces was given by the equations 


( )>o ( )<o [1] 


while the other was defined by the pair of equations 


€ 


Surfaces of the type given by Eq. 1 are suggested 
in two ways. One is an embrittlement mechanism 
wherein the diffusion rate of hydrogen is competi- 
tive with the rate at which the material is being de- 
formed, as suggested by the planar pressure theory 
of Zapffe and his co-workers.’ The other is the 
diffusion controlled extension of Orowan’s theory 
on delayed fracture in glass by Petch and Stables.° 
Surfaces of the type given by Hq. 2 are also com- 
patible with a mechanism of pressure build up in 
voids, according to de Kazinczy,' since the solubility 
of hydrogen in the metal increases with testing 
temperature so that as the temperature is raised, 
the pressure in the voids is reduced. 
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by E. J. Ripling 
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Fig. 1—Diagram illustrates fracture strain of spheroidized 
SAE 1020 steel with and without hydrogen embrittlement as 
a function of temperature and strain rate.* Open circles, 
uncharged; closed circles, charged. 


Kotfila and Erbin recently presented some data 
on the dependence of ductility on testing tempera- 
ture and strain rate for the a-8 3 pct Mn complex 
alloy at four different hydrogen levels.. Although 
data were presented for only three testing tempera- 
tures at three different strain rates, their results 
indicated that surfaces of the types defined in Eqs. 
1 and 2 are produced in the alloy when the hydrogen 
level is sufficiently high—200 and 300 ppm—Fig. 2. 

Jaffee and his co-workers presented data on a 
number of different a-8 alloys which indicated the 
existence of surfaces of the type described by Eq. 2, 
but the ductility recovery at low temperatures as 
given by Eq. 1 was not found.® 

In an attempt to aid in crystallizing this descrip- 
tion of the ductility dependence of hydrogen-hbear- 
ing a-B alloys, tests were conducted by the author 
on a-f titanium 140A with three different hydrogen 
contents. 

The tensile properties of two as-received rods and 
one vacuum annealed rod* were obtained over a 


* Specimens were rough machined from this rod. Then they were 
vacuum annealed, at less than 5x10-5 mm Hg, for 4 hr. 


range of testing temperatures and strain rates as 
shown in Figs. 3 and 4. Hydrogen analyses were 
made by the Battelle Memorial Institute on four 
pieces of the rod whose properties are shown as 
solid circles in Fig. 4. The hydrogen content of 
these pieces, taken at widely spaced intervals within 
the rod, were 280, 270, 289, and 270 ppm, indicating 
that the hydrogen content within a single as-received 
rod was quite uniform. One of the broken test 
pieces whose properties are shown in Fig. 3 as solid 
circles was also analyzed, and found to have a 
hydrogen content of 310 ppm. The analyses obtained 
on two of the vacuum annealed specimens were 92 
and 170 ppm. 
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Fig. 2—Diagrams _illus- 
trate the effect of hy- 
drogen level on the duc- 
tility of 3 pct Mn com- 
plex alloy at a variety 
of testing temperatures 
and strain rates.® 
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Fig. 3—Diagram illustrates ductility of titanium 140A in the 
as-received, 310 ppm H, and vacuum annealed condition ys 
testing temperature and strain rate. Open circles, vacuum 
annealed; closed circles, as-received. 


Hydrogen embrittlement in this alloy was atten- 
uated if the hydrogen content was high, or elim- 
inated when the hydrogen content was only mod- 
erate, by stretching at a high strain rate. Hence, 
the hydrogen embrittlement in this alloy follows the 
description given by Eqs. 1 and 2. The embrittle- 
ment seems to result from the same mechanism 
which produces hydrogen embrittlement in steels, 
and is consistent with a competitive rate theory such 
as suggested by Zapffe and his co-workers, or by 
Petch and Stables. 
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Fig. 4—-Diagram illustrates ductility of titanium 140A in the 
as-received, 270 ppm H, and vacuum annealed condition ys 
testing temperature and strain rate. Open circles, vacuum 
annealed; closed circles, as-received. 
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Measurement of Grain 


Growth Rates in Recrystallization 


The rate of growth of a single grain growing into a strained aluminum single crystal, 
measured by the conventional heat-cool-etch technique, is shown to decrease with time 
at temperature. The growth rate measured by means of X-rays, with the sample con- 
tinuously at temperature, is found to be linear. Evidence is presented to show that the 
decreasing growth rate obtained by the conventional technique is due to abnormal re- 
covery in the strained grain, and that the recovery in turn results from the heating and 
cooling cycles, rather than from the effects of etching. The experimental apparatus is 


described in an appendix. 


by C. D. Graham, Jr. and R. W. Cahn 


REQUENTLY, the rate of grain boundary motion 

during recrystallization is determined by heat- 
ing a sample to a known temperature for a given 
time, cooling to room temperature, and etching to 
reveal the boundary position. The cycle of opera- 
tions is repeated as many times as necessary to 
establish the rate of boundary motion. Although this 
heat-cool-etch technique has been used by a number 
of workers over a period of many years,’ other 
investigators have encountered difficulty with the 
method.” “ They have attributed the erratic results 
to the effects of repeated heating and cooling, or of 
etching, or both, and have adopted an alternative 
experimental procedure in which a number of iden- 
tical samples are employed, each sample being cooled 
and etched only once. This alternative method over- 
comes some difficulties, but introduces others. In 
particular, the incubation periods of the observed 
grains are unknown; any effect of crystal orienta- 
tion on growth rate cannot be determined easily. 

A preferable method would be to measure the 
motion of a recrystallizing grain boundary with the 
sample at temperature without etching,” but such 
measurements have in the past been restricted to 
nonmetals. This paper describes the construction 
and operation of a device, the goniometer furnace, 
with which the position of a moving grain boundary 
between a recrystallizing grain and the strained 
single crystal into which it grows can be measured 
by means of X-rays, with the sample maintained 
continuously at temperature. 


Goniometer Furnace 

The operating principle of the goniometer furnace 
is shown in Fig. 1. The sample, in the form of a 
bicrystal strip, is surrounded by a furnace, not shown 
in the sketch, and can be rotated about the two axes 
A and B which intersect at the point where the 
X-ray beam strikes the strip. The strip is oriented 
so that one of the two grains gives a strong Bragg 
reflection, which is detected by a suitably placed 
Geiger-Muller counter coupled to a counting-rate 
meter. When the strip is moved parallel to its own 
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Fig. 1—Diagram illustrates operating principle of goniometer 
furnace. 


length in the furnace, arrow C, so that the X-ray 
beam strikes the second grain, there is in general 
no strong reflection. By noting the position of the 
strip at which the drop in Geiger counter reading 
occurs, it is possible to determine the position of 
the boundary. Measuring the change in boundary 
position with time at temperature gives the rate of 
growth of the recrystallizing grain. 

Details of the construction and operation of the 
goniometer furnace are given in the Appendix. 
Measurements showed that the temperature in the 
furnace was uniform within +10°C over its work- 
ing length of about 28 cm. The temperature at the 
measuring position, i.e, at the point where the 
X-ray beam struck the sample, was estimated to 
be constant within +2°C. Using the goniometer 
furnace, the position of a stationary boundary could 
be measured with a reproducibility of +0.3 mm. At 
elevated temperatures, 500° to 625°C, with the 
boundary in motion and the X-ray reflection less 
sharp, the estimated accuracy of each measured 
boundary position dropped to about +] mm. 


Experimental Results 

The test pieces were single crystals of 99.6 pct Al 
—principal impurities 0.19 pect Fe and 0.12 pet Si— 
1 mm by 1 cm in cross section and 6 to 10 cm in 
length, grown by the strain-anneal method. This 
relatively low purity material was used because of 
the difficulty encountered in producing strain-anneal . 
single crystals of very high purity—99.996 pct— 
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aluminum. The strain-anneal method was considered 
necessary to obtain crystals free from substructure 
and with accurate external dimensions. 

The single crystal strips were extended 10 to 15 
pet, and heavily etched to prevent spontaneous 
nucleation.” After this treatment, heating normally 
resulted in the growth of new grains only from 
regions of severe local deformation, such as grip 
marks or sheared edges. If all such regions except 
one were eliminated by etching, it was possible to 
confine all the recrystallization nuclei to one small 
area. Of the many grains nucleated in this region, 
only one grew to the full width of the strip, creating 
a bicrystal strip in which one new grain was grow- 
ing into a strained single crystal. See Fig. 2. In such 
a specimen the grain boundary cannot decrease in 
area by migration, so that the driving force for 
grain boundary motion must be the difference in 
energy between the two grains. 

When the rates of growth of such new grains 
were determined by the heat-cool-etch method, the 
rates decreased steadily with time, and eventually 
growth stopped completely. A typical example is 
shown in Fig. 3. If, however, the growth rate was 
measured in the goniometer furnace, an approxi- 
mately linear plot resulted, with no tendency for 
a later decrease in growth rate, Fig. 4. These effects 
were observed for crystals extended both 10 and 15 
pet, and showed no correlation with the orientations 
of the strained and growing grains. The limited 
length of the goniometer furnace made it difficult 
to continue a run for a long period of time, but a 
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Fig. 2—Top drawing shows new grain growing into strained 
single crystal. Bottom: after original new grain stops grow- 
ing, the strained grain will not support the growth of other 
new grains nucleated separately. 
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Fig. 3—Diagram plots growth rate at 550°C, measured by 
heat-cool-etch method. Crystal was extended 15 pet. 


TRANSACTIONS AIME 


5 T T T T 
Fig. 4—Diagram 
plots growth rate at nes 3 | I 
500°C, measured in yy | 
goniometer furnace. rs | 
Crystal was extended 2k 4 
10 pct. Growth rate PS: 
was 1.20x10™° cm x 
per sec. = 


O 10 20 30 40 50 60 70 
TIME, MIN. 


number of runs lasting up to 2 hr were made with- 
out any evidence of a decrease in growth rate. 

Each crystal tested in the goniometer furnace 
showed a fairly sharp critical temperature below 
which the growth rate was zero. This temperature 
was different for different strips, but generally lay 
between 500° and 600°C. If a growing crystal was 
cooled to just below its critical temperature and 
then reheated to the original temperature, growth 
was normally resumed at the same rate as before 
cooling. These phenomena are illustrated in Fig. 5. 

The difference in growth behavior between a 
crystal which is alternately heated, cooled, and 
etched, and one which remains at temperature is 
significant. The decreasing growth rate which re- 
sults from the heat-cool-etch method must be due 
to one of three mechanisms: an effect (some form 
of recovery) on the strained grain; an effect on the 
growing grain; or an effect, such as the collection 
of impurity atoms, on the boundary itself. The fol- 
lowing evidence indicates that the decreasing growth 
rate is due to recovery of the strained grain. 

1) If a region of severe local deformation was 
supplied in a strained grain in which the growth 
of a new grain had stopped, the nuclei so provided 
would grow only in the region of severe local strain, 
and not into the body of the strained grain, Fig. 2. 
It is therefore clear that the strained grain had 
recovered to a point where it could no longer sup- 
port the growth of a recrystallizing grain. If the 
decreasing growth rate were due to a change in the 
new grain, or to impurities collecting at the grain 
boundary, these newly nucleated grains should have 
grown readily. 

2) The loss of capacity to support the growth of 
a new grain was accompanied by a measurable de- 
crease in the hardness of the strained grain, indi- 
cating recovery of the strained matrix. 

These facts led to the conclusion that the decreas- 
ing growth rate observed by the heat-cool-etch 
method is the result of recovery in the strained 
grain. This knowledge, however, did not permit a 
decision between the effects of heating and cooling 
and the effects of etching as the cause of recovery. 
Some difficulty was encountered in separating these 
variables, since it was not readily possible to etch 
a specimen without also cooling it to room tempera- 
ture. It was nevertheless possible to establish the 
following facts by measuring growth rates in the 
goniometer furnace. 
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Fig. 5—Diagram plots growth rates at various temperatures 
measured in goniometer furnace. Crystal was extended 10 
pct. Growth rates: 500°C, 0; 550°C, 1.85 and 1.49x10~° cm 
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Fig. 6—Diagram plots effect of single temperature cycle 
and of single temperature cycle plus heavy etch on growth 
rate at 550°C. Crystal was extended 10 pct. A-B, air cooled 
to room temperature for 10 min; C-D, air cooled to room 
temperature and etched (17 pct wt loss) in hot 10 pct NaOH. 
Growth rates: 2.85, 2.77, and 2.62x10™ cm per sec. 


1) A single heating and cooling cycle did not 
affect the growth rate, within the experimental error 
of +10 pct. A heavy etch (at room temperature) 
did not affect the growth rate either. These obser- 
vations are illustrated in Fig. 6. 

2) Although a single cooling cycle had no effect, 
five consecutive cycles (air cool from 550°C to room 
temperature, reheat to 550°C, no etching) decreased 
the growth rate about one third—considerably more 
than the experimental error, Fig. 7. 

3) Increasing the number of temperature cycles 
from five to ten caused a more marked decrease in 
the growth rate, Fig. 8. 
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From these experiments, it is possible to say that 
temperature cycling alone causes a decrease in 
growth rate of the right order of magnitude to 
account for the observed decrease in growth rate 
as measured by the heat-cool-etch method, and that 
the effect of etching is probably small. About five 
to eight temperature cycles were necessary to pro- 
duce an appreciable decrease in the growth rate in 
all cases where the rate of boundary motion was 
determined by the heat-cool-etch method, see Fig. 3. 
This is in agreement with the finding that a single 
temperature cycle had no appreciable effect, but 
that a number of successive cycles could produce a 
marked change in the growth rate. 


Discussion 

The recovery produced by temperature cycling 
is especially remarkable in view of the fact that 
normal recovery—the recovery which takes place 
on annealing at constant temperature below the 
recrystallization temperature—apparently has no 
effect on the growth rate of a recrystallizing grain. 
Growth rates measured in the goniometer furnace 
remained unchanged after almost 2 hr at tempera- 
tures above 500°C, Fig. 5, by which time any normal 
recovery process should have been virtually com- 
plete.“ Other workers have also found that growth 
rates are not affected by normal recovery.” ’ 

The recovery caused by temperature cycling must 
be different from normal recovery, since this cycling 
recovery has a marked effect on subsequent re- 
crystallization behavior. The exact nature of the 
process is not clear, but it is possible that air cool- 
ing the thin aluminum strip samples introduces 
quenching stresses of sufficient magnitude to affect 
the recovery process. There is considerable evidence 
that recovery takes place to a greater extent than 
normal if a test specimen is strained slightly during 
the recovery treatment.” The question is whether 
or not air cooling introduces sufficient strain to 
cause such abnormal recovery. This abnormal re- 
covery may involve the glide of dislocations rather 
than their climb,” but the exact mechanism is un- 
certain. Further experiments on this subject are in 
progress. 

It seems safe to conclude that the true growth 
rate of a recrystallizing grain, unaffected by ab- 
normal recovery, is linear. A number of investi- 
gators have observed linear growth rates by the 
heat-cool-etch method.** In these cases, recovery 
must have been insufficient to affect growth rates. 


Summary 

1) Growth rates of recrystallizing grains grow- 
ing into strained aluminum single crystals show a 
steady decrease with time at temperature when 
measured by the conventional heat-cool-etch 
method. 

2) However, growth rates measured by means 
of X-rays, with the sample at temperature, are 
linear. 

3) The decrease in growth rate shown by the 
heat-cool-etch method results from an abnormal 
recovery of the strained grain. 

4) This recovery in turn is primarily due to the 
heating and cooling cycles rather than the etching. 


Appendix 
Construction and Operation of the Goniometer 
Furnace—A general view of the goniometer furnace 
and its associated equipment is shown in Fig. 9. The 
furnace was constructed in two halves. The lower 
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Fig. 7—Diagram plots effect of single and multiple tempera- 
ture cycles on growth rate at 550°C. Crystal was extended 
10 pct. A-B, air cooled to room temperature; C-D, cycled 
550° — room temperature > 550°, five times. Specimen was 
not etched. Growth rates: 2.43, 2.65, and 1.60x10~ cm 
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Fig. 8—Diagram plots effect of multiple temperature cycles 
on growth rate at 550°C. Crystal was extended 10 pct. A-B, 
cycled 550° > room temperature > 550°, ten times. Growth 
rates: 1.69 and 0.67x10™ cm per sec. 


half, which supported the specimen, was designed 
to rotate about the two axes A and B of Fig. 1. The 
upper half, which was split to permit the entrance 
and exit of the X-ray beam, rotated only about axis 
A. Each half was constructed of Ni-Cr alloy heat- 
ing coils imbedded in insulating brick and held in 
place with Alundum cement. The heating coils were 
spaced to compensate for heat losses from the ends 
and sides of the bricks. The slit in the upper brick 
was V-shaped, narrowing down to about 1 mm in 
width just above the specimen strip. 

A nickel plate, approximately 11x44%x% in., was 
set into the upper surface of the lower brick, just 
above the heating coils. The test strip was carried 
in a groove machined into the surface of this plate, 
and the upper brick was located about 1 mm above 
_ the surface of the plate. The furnace was normally 
operated in a nearly horizontal position to minimize 
air currents between halves. 
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Fig. 9—Photograph shows goniometer furnace and associated 
equipment. A, X-ray tube; B, Geiger-Miiller counter on arm; 
and C, slit in upper half of furnace. 
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Fig. 10—Stereogram shows procedure for obtaining a Bragg 
reflection from the test strip. 
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Fig. 11—Diagram shows change in counting-rate meter read- 
ing with position of sample strip in goniometer furnace. 
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Power was supplied independently to the two 
halves of the furnace. The temperature was measured 
by a chromel-alumel thermocouple located in the 
nickel plate directly under the point where the 
X-ray beam struck the sample. Temperature was 
controlled by an on-off controller operating on the 
lower furnace half only. As has been stated, the 
temperature along the working length of the fur- 
nace, about 28 cm, was uniform within +10°C, and 
the temperature at the control thermocouple was 
constant within +2°C. 

The specimen strip was positioned in the furnace 
by a stainless steel rod. The motion of the rod, and 
hence of the strip, was read on a steel rule clamped 
to the furnace frame. 


The X-ray beam was composed of unfiltered cop- 
per radiation from a fixed tube operated at 50 kvp 
and 15 to 20 ma. The beam was only roughly col- 
limated, 0.8° half-angle cone, to prevent the re- 
flected beam from being lost when the strip shifted 
position slightly in the carrier groove during a run. 


The reflected beam was directed into a Geiger- 
Muller counter mounted on an arm which pivoted 
about axis A of Fig. 1. The counter was connected 
to a counting-rate meter and speaker unit. Scat- 
tered radiation from the sides of the slit in the fur- 
nace brick was sufficient to obscure the reflected 
beam, so a collimator tube of about 5 mm diam was 
installed in front of the counter. 


The geometrical requirements for positioning the 
specimen strip relative to the X-ray beam are illus- 
trated in the stereogram of Fig. 10. The plane of 
the stereogram corresponds to the plane of the test 
strip in the furnace. Rotation about axis A of Fig. 1 
corresponds to rotation about the transverse axis of 
the stereogram, and rotation about axis B, to rota- 
tion about the center of the stereogram. The vertical 
axis of the stereogram then corresponds to the slit 
in the upper furnace brick. Both the incident and 
reflected X-ray beams must lie in this plane in 
order to pass through the slit. Therefore, the normal 
to the diffracting planes must lie in this plane. 
This was accomplished in a typical case by rotating 
the lower furnace brick with the specimen, so that 
the reflecting plane normal moved from position 1 
to position 2 about axis B, as shown on the figure. 
The dotted X across the stereogram shows the limit 
of this rotation imposed by the mechanical con- 
struction of the furnace. 


The strip was next positioned to give a strong 
Bragg reflection by rotating the furnace about axis 
A until the incident beam lay a distance 90 — @ from 
the normal to the reflecting planes, where @ is the 
appropriate Bragg angle. The final step was to ad- 
just the position of the Geiger counter tube so 
that it picked up the reflected beam at an angle of 
90 — 6 on the other side of the plane normal. There 
were certain limits imposed on the magnitudes and 
directions of these rotations, by the necessity of 
having both the incident and reflected beams make 
angles of less than 90° with the strip normal (in 
addition to the reflecting plane normal), by the 
excessive broadening of the reflected beam for small 
angles of incidence, and by the necessity of keeping 
the counter tube clear of the incident beam. It was 
convenient to use a reflection from the same family 
of planes in each run. This proved possible by using 
the {422} reflection, which is of fairly high intensity 
and sufficiently high multiplicity so one plane of the 
family always met the geometrical requirements. 


508—JOURNAL OF METALS, MAY 1956 


The angular settings of the furnace had to be cor- 
rected to make readings with the strip at elevated 
temperatures, because of the change in Bragg angle 
resulting from thermal expansion of the lattice. This 
expansion amounts to about 1.45 pct between room 
temperature and 550°C for aluminum, which leads 
to an increase of about 1° in the Bragg angle for 
reflection from {422} planes. 

When the strip was moved parallel to arrow C, 
Fig. 1, in the furnace, so that the X-ray beam no 
longer struck the grain which gave a strong Bragg 
reflection, there was a sharp drop in the counting- 
rate meter reading. The change in reading with 
change in strip position is shown in Fig. 11, which 
is drawn to correspond to readings with the strip at 
500° to 600°C. Because the maximum reading was 
not very constant or reproducible, it was found best 
to record the point at which the counting rate showed 
an appreciable rise over the background intensity, 
when going from the no-reflection to the strong- 
reflection grain. These readings were estimated to 
be reproducible within +1 mm. Although the abso- 
lute boundary position was never determined, this 
method permitted the rate of boundary motion to 
be followed with reasonable accuracy. Accuracy was 
about +10 pct for the relatively short runs usually 
made, and increased with the duration of the run. 
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Melting Point Determination 
Of Hafnium, Zirconium, and Titanium 


An improved technique is described for the accurate determination of melting points 
of metals in the temperature range 1500° to 2500°C. The improvements consist of gra- 
dient heating and refinements in cavity preparation to obtain true black-body conditions. 
The melting point of hafnium, as determined by this method, is set at 2222°+30°C. This 
is over 200°C higher than one of the values reported earlier. Discrepancies in the previ- 
ously reported values for the melting point of hafnium are explained. The melting points 
of zirconium and titanium are found to be 1855°+15°C and 1668°+10°C, respectively. 


Reproducibility of results was +3°C. 


by D. K. Deardorff and Earl T. Hayes 


| this report is being made to correct a 
1975°+25°C’ value for the melting point of haf- 
nium, and to present an improved method for melt- 
ing point determination. As a matter of interest, the 
technique was also applied to determining the melt- 
ing point of zirconium and titanium. 

There is a wide difference in the melting point of 
hafnium as reported by competent investigators. 
DeBoer and Fast* reported a value of 2230°+50°C, 
and later work of McPherson, as reported by Aden- 
stedt,, placed the melting point at 1975°+25°C. 
Zwikker® calculated that the melting point was 
2430°C. In resolving this discrepancy, improvements 
were made in the procedure for determining the 
melting points of refractory metals in the range 
15007 to 2500°C. 

Special techniques are necessary to determine the 
melting point of these metals accurately. Since the 
metals oxidize in air above 900°C, the determina- 
tions must be carried out in an inert gas or vacuum. 
Also, every known refractory contaminates them to 
some extent. In addition, the attainment of true 
black-body conditions is always difficult. 

DeBoer and Fast actually determined the melting 
point of Hf-Zr as-deposited iodide process alloys and 
extrapolated to 100 pet Hf. McPherson employed a 
tungsten wire suspension similar to that described 
by Schramm, Gordon, and Kaufmann,‘ and used haf- 
nium metal produced by the iodide process. There 
was no apparent reason for the wide spread in melt- 
ing points, since the quality of the metal was very 
good and the work was under the direction of highly 
competent investigators. 

Retracing some of this work revealed one under- 
standable error in the case of hafnium, and led to 
development of an improved technique for deter- 
mining melting points of reactive metals in the range 
tor2000 C. 

Material 

Crystal bar hafnium, zirconium, and titanium 

were used for this work, with analyses as shown in 
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Table I. The hafnium was of the highest purity that 
has been prepared, though not as pure as the zirco- 
nium and titanium. At the instigation of the Pitts- 
burgh Area Office of the AEC, a special lot of HfO, 
was purified, converted to the tetraflouride, and 
bomb-reduced with calcium, all at the Iowa State 
College Laboratories. This crude hafnium metal was 
then refined by the iodide process at the Foote Min- 
eral Co. All specimens were cut with a SiC wheel, 
ground, pickled, and dried carefully before use. 


Procedure 

General Tungsten Suspension Method—In this 
method, a small specimen is suspended by a fine 
tungsten wire in a slender, induction-heated tung- 
sten or tantalum cylinder, all under vacuum. The 
melting point is determined by heating the specimen 
slowly while observing it with an optical pyrometer 
focused upon a portion of the specimen that radiates 
as a black body. This means that there should be no 
reflected radiation, either from colder objects near 
the pyrometer or from hotter surfaces. The induction 
heater would be the only hotter object and, if it is 
slender enough, the specimen will attain the same 
temperature. Often a slender hole is drilled into the 
specimen as a source of black-body radiation. 


Table |. Spectrochemical Analyses of Crystal Bar Hafnium, 
Zirconium, and Titanium—Ppm 


Impurity Hafnium Zirconium Titanium 
Al 20 20 20 
er <30 <10 <40 
Cu 40 20 
Fe 800 250 10 
He = 80 
Mg 40 10 15 
Mo 60 <10 <10 
Ni 40 <5 
Si 150 <20 <20 
100 15 
V 40 <20 <20 
Zr 80 500 
120* 100* 100+ 


* HCl volatilization. 
+ Vacuum fusion. 


This was the general method used by McPherson 
in obtaining his value of 1975°C for the melting 
point of hafnium. In trying to repeat this work, it 
was found that the points of contact between the 


MAY 1956, JOURNAL OF METALS—509 


3 Fig. 1—Diagram il- 
lustrates vacuum 
furnace used for 
melting point deter- 
mination. Numbers 
represent: 1, vacuum 
line; Z, window; 3, 
vacuum head; 4, 40 
mil W wire with loop 
base; 5, 2% in. ID 
amersil fused silica 
tube; 6, 1 in. diam 
0.005 wall 3 in. high 
tantalum cylinder; 7, 
35 mesh zirconia 
powder; 8, suspended 
(not shown) zirconia 
crucible—modified 
tam cat. No. 250.3; 
9, induction coil; 10, 
cavity-type specimen 
approximately 14 in. 
diam, 1 in. tall, with 
3g in. thick cap of 
same metal; 11, pre- 
cautionary crucible 
or quench bath; and 
12, rubber plug. 


hafnium specimen and tungsten suspension wire 
fused, causing the suspended specimen to drop be- 
fore any indication of melting could be detected 
elsewhere. Possibly McPherson mistook an alloying 
temperature for the melting point of a pure metal. 
This re-examination led to the development of the 
gradient heating technique, a variation of the tung- 
sten suspension method. 

Gradient Heating and Technique Used—tThe gra- 
dient heating method is so designed that the only 
portion of the specimen coming into contact with 
tungsten is below the heater. This is shown at point 
No. 10 in Fig. 1, which illustrates the furnace setup. 
The specimen-tungsten contact area is kept below 
the alloying temperature, not only by receiving less 
heat, but mainly by being free to radiate heat to the 
cold silica tube. Thus, a temperature gradient is es- 
tablished along a rather slender specimen which 
permits the desired melting on one end, and pre- 
vents unwanted alloying at the other. 

By using 40 mil tungsten wire and forming a 
small loop at one end, a rigid combination of sus- 
pension and specimen support is attained. Point No. 
4 in Fig. 1 depicts the general form of this suspen- 
sion support. The indicated turns are made by flame 
heating those portions to a dull red and quickly 
bending while hot. The specimen is placed on this 
support while outside the furnace; then the two are 
lowered simultaneously by using a piece of string 
that catches the top hook of the suspension. This 
procedure allows the specimen and its suspension 
support to swing as a unit, and thereby eliminates 
most upsets that otherwise would be caused by 
direct contact with an unsteady hand. 

Since there is a temperature gradient along the 
specimen and a heat loss from its bottom, there nec- 
essarily must be an equal heat input further up the 
specimen. This is possible only if the heater is at a 
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higher temperature than the specimen. An ordi- 
narily satisfactory sighthole drilled into the speci- 
men top was found to reflect this hotter radiation 
and give erroneously high temperatures. By actually 
constructing a black-body cavity in the upper por- 
tion of the specimen, reasonable and reproducible 
results were obtained on metals of known melting 
points. This construction is depicted at point No. 10 
in Fig. 1. The specimen is 1 in. high and approxi- 
mately % in. sq. On its top an oblique hole ¥% in. in 
diam and 3/16 in. long is drilled, forming the main 
pocket of the cavity. This is covered by a slice of 
specimen material about 3/16 in. thick, called the 
specimen cap. A smaller hole, about 1/32 in. in diam, 
is drilled through this cap, and forms the cavity 
opening. The small amount of radiation from the 
heater that reaches the main cavity is scattered 
therein. 

Melting was done under a vacuum of about 0.1 p, 
and the tested specimens emerged perfectly bright. 
The particular setup described can also be operated 
under atmospheric pressure of an inert gas up to at 
least 1900°C. A Leeds-Northrup optical pyrometer 
which has been certified by the National Bureau of 
Standards was used. The induction coil was powered 
by a 12.5 kw electronic high frequency generator 
made by Scientific Electric Co. 

This gradient heating technique is well suited for 
metals such as hafnium and zirconium, which are 
poor thermal conductors. When melting occurs, it is 
signaled by a sealing shut of the cavity opening, but 
the measured radiation originates farther down in 
the cavity. If the specimen is a good conductor of 
heat, the thermal gradient along its length will ex- 
tend up to the cavity, and the melting point so deter- 
mined will be slightly low. Here, too, the cap thick- 
ness plays an important part, and may have to be 
changed for each specimen. On a good determina- 
tion, the bottom of the cap hole seals shut, and the 
cap is welded to the specimen. If the cap is too thin, 
it remains cooler and does not weld to the specimen, 
and the melting point is reached and exceeded in the 
cavity without detection. Sometimes melting first 
occurs on the cap top and sealing of the opening 
takes place, giving a low value. Rounding the cap 
top frequently obviates this difficulty. 

An alternate procedure has shown that a simpler 
form of specimen construction will also emit black- 
body radiation and have some advantages over the 
specimens described above. Briefly, this consists of 
drilling a conventional sighthole in a thicker speci- 
men cap, and placing this cap on a specimen pedes- 
tal. A 5/16 in. thick cap, having a 0.035 in. diam hole 
drilled 3/16 in. deep, now actually becomes the 
specimen. It is placed on a pedestal of specimen 
metal that is the same height as the cavity type 
specimen—1l in. This conventional-type sighthole 
now emits black-body radiation because the inter- 
face between the specimen and the pedestal acts as 
a barrier to heat flow, and allows the specimen to 
approach the same temperature as the heater. Melt- 
ing is signaled by a dark reflection from the first 
drop of molten metal that forms in the bottom of the 
sighthole. Therefore, the melting point is taken as 
the last bright reading of the optical pyrometer. The 
specimen does not fuse to the pedestal. This means 
that for work on binary alloy specimens, there 
would be no reason why a pedestal of the higher 
melting metal could not be used for the complete 
composition range. Whether this form of specimen 
or the cavity type is used depends upon the deter- 
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mination desired. The cavity-type specimen has a 
unique use in the determination of eutectic temper- 
atures, as mentioned later in the determination of 
the Hf-W eutectic temperature. 


Results and Discussion 

Hafnium was found to melt at 2222°+30°C, zir- 
conium at 1855°+15°C, and titanium at 1668° 
+10°C. A small piece of tungsten wire was placed 
in a hafnium cavity, and observed to melt at 1965°C. 
This agrees closely with the 1975°C value of Mc- 
Pherson, and must be the eutectic temperature of 
hafnium and tungsten. If a very slow heating rate 
had been used when the original tungsten method 
was tried, it is quite possible that the whole speci- 
men would have become wet with eutectic and ap- 
pear to have melted before the tungsten became 
completely dissolved and the specimen dropped. 
This could explain the low value of 1975°C. 


Table Il. Melting Point of Refractory Metals 


Observed 
Melting Point, Corrected Accepted 

Brightness Melting Melting 
Metal Temperature, °C Point, °C Point, °C 
Hf 2132 2222 _— 
Hft+W 1965 2033 
Zr 1805 1855 
1628 1668 
Ni 1426 : 1455 1455 
Pt 1728 1773.5 1773.5 
Ir 2290 2454 2454 


Table II shows the actual brightness temperatures 
observed at the melting point of hafnium, tungsten 
contacting hafnium, zirconium, titanium, nickel, 
platinum, and iridium. These temperatures include 
the slight certification adjustments by the Bureau of 
Standards. Table II also shows corrected values for 
these observed temperatures. These latter were de- 
termined from a graph of true vs observed melting 
temperatures, based upon nickel, platinum, and 
iridium determinations. The small absorption cor- 
rection, perhaps as large as 10°C, for the fused 
quartz eyepiece was automatically made by this 
graph. With the exception of hafnium plus tungsten 
and iridium, all values were taken from determina- 


tions that were made by using the last described 
type of specimen. As mentioned, the hafnium plus 
tungsten determination was made on the first de- 
scribed cavity type specimen. For the iridium deter- 
mination, the specimen was a } in. diam by 3/16 in. 
tall cylinder of pressed, high purity Johnson-Mat- 
they iridium powder. It had a 0.029 in. diam sight- 
hole of ¥ in. depth, and was vacuum melted in the 
bottom of a slender zirconia crucible. 

The melting point values obtained by this new 
gradient heating method are reproducible to within 
+3°C. However, it is felt that the respective accu- 
racies for the hafnium, zirconium, and titanium 
values can be reported no closer than +30°C, +15°C, 
and +10°C. This is because corrections were neces- 
sary tor the calibration metals nickel, platinum, and 
iridium that can only be attributed to slight depart- 
ure from black-body conditions within the specimen 
sighthole; and it is not certain that the melting point 
specimens proper had the same departure from 
black-body conditions. The fact that the iridium 
value was obtained by using a different method and 
requires a correction of some 150°C is the main rea- 
son the hafnium value is reported no closer than 
+30°C. There was insufficient iridium available to 
the authors to enable them to use the same gradient 
heating method used on the other metals. 
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Technical Note 


Chemical Polishing of Pure Zinc 


by J. J. Gilman and V. J. DeCarlo 


| DURE aes G pure zinc differs somewhat from pol- 
ishing less reactive metals. The problem is not 
that of finding a suitable reagent, but rather of pro- 
ducing the polish in such a way that the surface re- 
mains polished after it is removed from the polishing 
bath. In other words, the anodic film that is vital to 
the polishing mechanism’ must be tightly adherent 
and nonporous. It is usually desirable that it be thin. 
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Polishing solutions consist of proper proportions 
of an acid and a strong oxidizing agent. In electro- 
polishing, the external circuit acts as the oxidizing 
agent. The proportions are critical because the es- 
sential surface film must be maintained at approxi- 
mately constant thickness during the polishing proc- 
ess. In the case of zinc, chiefly two oxidizing agents, 
chromic and nitric acids, have been used. 

The simplest polishing reagent is concentrated 
nitric acid. However, it has certain disadvantages. 
It tends to pit; an excessive amount of heat is 
evolved during polishing; and the oxide film that it 
produces is not very stable, so that the polished sur- 
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Fig. 1—Diagram illustrates chemical polishing baths for zinc, 
based on 2 min immersion times. 


face tends to stain. To overcome some of the disad- 
vantages, several schemes have been used, such as 
a) dilution with an equal volume of water to reduce 
the rate of heat evolution, b) refrigeration to 0°C,* 
and c) intermittent polishing and washing. None of 
these methods is wholly satisfactory. 

Chromic acid has been combined variously with 
other acids to produce polishing reagents. Some of 
these are as follows: a) 220 g chromic acid, 740 ml 
water, 2.5 ml sulphuric acid, 1.5 ml glacial acetic 
acid,’ b) 200 g per 1 sodium dichromate, 6 to 9 ml 
sulfuric acid,’ c) 160 g chromic acid, 500 ml water, 
20 g sodium sulfate, and d) 160 g chromic acid, 500 
ml water, 10 to 30 ml hydrochloric acid. Fresh solu- 
tions of these polishes give quite satisfactory results. 
However, the reagents age rapidly during use, and 
then tend to build up yellowish chromate surface 


films which must be removed with 30 pct aqueous 
chromic acid or 10 pct NaOH. Staining often results. 

A superior modification of the nitric acid polish 
has recently been developed by V. J. DeCarlo. The 
quality of polish and stability of the surface film that 
this reagent produces is consistently high. Also, the 
surface oxide film is thinner than the chromate films 
that are produced by the reagents listed previously. 

The new polish consists of three chemicals: nitric 
acid, ethyl alcohol, and hydrogen peroxide. The 
function of the ethyl alcohol seems to be that of 
moderating the nitric acid, while the hydrogen per- 
oxide stabilizes the oxide film that forms on the zinc 
surface. A diagram of the composition limits of the 
polishing solutions is given in Fig. 1. 

Although several different mixtures might be used, 
it is convenient simply to mix equal parts of nitric 
acid, hydrogen peroxide, and ethyl alcohol to form 
an excellent polishing solution. However, caution 
should be used. Ethyl alcohol should never be poured 
into nitric acid, although the reverse may be done 
with safety. Also, it should be remembered that this 
reagent produces painful skin burns upon contact, 
and should be mixed fresh each day. 

Polishing occurs within seconds after immersion, 
but about 2 min is needed to obtain the highest 
luster at room temperature. The polished surface 
that this reagent yields has been found to be stable 
toward rapid oxidation up to approximately 350°C 
in air or in a salt bath of mixed sodium and potas- 
sium nitrates. 

For pure cadmium, 2 parts hydrogen peroxide, 2 
parts ethyl alcohol, and 1 part nitric acid has been 
used successfully. 
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Technical Note 


Precipitation Hardening in a Ti-Cu Alloy 


by L. M. Howe, E. Saarema, and J. Gordon Parr 


HE decreasing solid solubility limit at the 

titanium-rich end of the Ti-Cu constitutional 
diagram, Fig. 1, suggests the possibility that tita- 
nium-rich alloys may be age-hardenable. However, 
results obtained by Holden et al.* reproduced in 
Fig. 2 show that after quenching from 790°C the 
age-hardening of an alloy containing 1.7 pct Cu is 
very slight, while a 0.8 pct alloy decreases in hard- 
ness, during heat treatment at 400°C. 

It was believed possible that powder samples of 
alloys might show different results from the lump 
samples used by Holden et al., since small particles 
are often more sensitive to diffusion processes than 
larger samples. Consequently, a 1.9 pct (by weight) 
Cu alloy was made by the technique of levitation 
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melting,» checked for homogeneity, and filings 
of 48-65 Tyler screen size were cut from it for aging 
experiments. 

The filings were helium-quenched (by a tech- 
nique described previously)* from 790°C, sealed 
in vacuo in silica tubes and aged at temperatures of 
400°, 450°, and 500°C. Microscopic and X-ray ex- 
aminations failed to reveal any structural changes 
during the aging process. This is not too surprising 
since early stages: of precipitation do not usually 
manifest themselves in ways that are readily de- 
tectable by metallographic methods, and the extent 
of precipitation on overaging a 1.9 pct alloy is very 
small. 

However, hardness readings (taken on a Bergs- 
man microhardness tester, using a 25 g load applied 
to a diamond indenter) do show a hardness peak at 
each aging temperature, Fig. 3. About a dozen read- 
ings were taken on each heat treated sample; the 
highest reading and the lowest reading were ignored . 
and an average taken of the remaining values. In 
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Fig. 3 the curves pass through the average readings, 
while the extent of scatter is shown by the length of 
the vertical lines drawn through each point on the 
curves. 

It is generally accepted that, during aging, hard- 
ening occurs as a result of stresses set up by pre- 
precipitation processes. At low temperatures of 
aging actual precipitation never occurs, and hence 
the hardness curve is asymptotic to a line parallel 
to the time axis. At higher temperatures of aging 
precipitation occurs, stresses are relieved, and the 
hardness curves fall off. 

In the Ti-Cu alloy at temperatures between 400° 
and 500°C the hardness curves show characteristics 
that are typical of overaging. Experiments con- 
ducted at lower temperatures gave no positive indi- 
cation of hardness increase. Therefore, it appears 
that the coherency between the precipitate and the 
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Fig. 3—Graph shows effect of aging on the hardness of a 
1.9 pct Cu alloy, in powder form, at 400°, 450°, and 500°C, 
as determined by the authors. 


matrix material is short-lived at the temperatures 
investigated—a fact which may be peculiar to the 
Ti-Cu system or to the use of samples of very small 
dimensions. 

Quite apart from this overaging peculiarity, the 
results indicate that the Ti-Cu specimens are readily 
susceptible to age-hardening treatments. This is in 
contrast with the behavior of lump samples, which 
are reported by other workers’ to respond negligibly. 


Acknowledgment 


This work is part of a program sponsored by the 
Defence Research Board of Canada, Project No. 
7501-18. This paper is based on a portion of a thesis 
by E. Saarema submitted, in partial fulfillment of 
the requirements for the degree of Bachelor of Ap- 
plied Science, to the University of British Columbia. 


References 


1A. Joukainen, N. J. Grant, and C. F. Floe: Trans. AIME (1952) 
194, p. 766; JourNAL oF MeEtats (July 1952). 

2F. C. Holden, A. A. Watts, H. R. Ogden, and R. I. Jaffee: Trans. 
AIME (1955) 2038, p. 117; JournaL or Metats (January 1955). 

3D. H. Polonis, R. G. Butters, and J. G. Parr: Research (1954) 7%, 

4D. H. Polonis and J. G. Parr: Trans. AIME (1954) 200, p. 1148; 
JourRNAL oF Metats (October 1954). 


Technical Note 


Grain Boundary Mobilities in High Purity Silver 


by W. E. Bron and E. S. Machlin 


RAIN boundary migration in V-shaped thin 
specimens of high purity silver was studied. 
Each specimen contained two crystals having the 
relative orientation: (110)./(101)z. 
The boundary between these two crystals varied be- 
tween a continuous curved and an alternating two 
plane interface. The plane interfaces were oriented 
parallel to (101),4/(011), and (121),/(211)s. Traces 
of these planes are shown in Fig. 1. Evidently the 
two plane interface, although of higher area, com- 
prises lower total interface energy than the average 
curved boundary it replaced. 
The plane boundaries were found to move at 
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650°C to consume the broad segment of the V oppo- 
site to the direction of interface area and energy de- 
crease. On investigation, using the thermal etching 
technique of Hendrickson and Machlin,* it was found 
that the outer grain contained 8.3x10° more disloca- 
tions per cm* than the grain at the apex of the V. 
Consequently, the boundary moved to decrease the 
strain energy associated with the difference in dis- 
location density across the boundary. The rates of 
motion of specific {110} and {112} boundaries were 
measured during interrupted anneals at 650°C by 
referring the position of the boundaries to each other 
and a fiducial line on the specimen surface. The 
measured rates of motion are 0.075 and 0.025 mm per 
hr for the {110} and {112} boundaries, respectively. 
Plots of grain boundary motion vs time of annealing 
show straight lines with little deviation of data 
points from these lines. 
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Fig. |—Micrograph shows segment of grain boundary between 


two crystals. Alternating plane sections parallel to {110} 
and {211} comprise the grain boundary. Traces of these 
planes are shown in the figure. X1000. Area reduced ap- 
proximately 25 pct for reproduction. 


From a knowledge of boundary migration rate and 
driving force, the mobility for boundary migration 
may be calculated using the relation° 


L=M-aG [1] 


where L is the boundary migration rate, M is the 
mobility for boundary migration, and AG is the free 
energy decrease per unit volume swept by interface. 


The excess free energy density AG may be esti- 
mated using dislocation theory” * for the energy per 
unit length of dislocation and the measured disloca- 
tion density. Two independent estimates of the for- 
mer yield 1.6x10* and 1.8x10“ ergs per cm per 
dislocation. The boundary mobilities then become 
1.5x10° and 0.5x10~“ cm‘ per erg-sec for {110} and 
{112} planes, respectively. These mobilities may be 
compared with those obtained by Rosi et al.” for sec- 
ondary recrystallization of silver. With the assump- 
tion that the driving force for secondary recrystalli- 
zation is the grain boundary energy consumed by 
the secondary grains, their mobility becomes about 
0.5x10“ em‘ per erg-sec at 650°C, in good agreement 
with the values in this paper. It should be noted 
that the plane segments moved locally without in- 
crease in area. Therefore, no contribution of surface 
energy to the driving force was considered. 
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Technical Note 


Substructures in Retained-Beta Phase of Ti-Ni Alloys 


by D. H. Polonis and J. Gordon Parr 


ie a previous study of hypereutectoid Ti-Ni alloys’ 
a substructure was observed in quenched powder 
specimens when the constitution was 100 pct re- 
tained 8 body-centered-cubic phase. The alloy pow- 
ders were quenched from 1000°C by a blast of 
helium gas and precautions already described were 
observed throughout the work, to minimize con- 
tamination. Ogden et al.” have previously observed 
subboundaries in the 6 phase of a Ti-Mn-N alloy; 
but this structure was attributed to nitrogen-rich 
a precipitation. The nitrogen content of the Ti-Ni 
alloys does not exceed 0.02 pct and the quenching 
rate was sufficiently rapid to suppress precipitation 


D. H. POLONIS, Junior Member AIME, formerly Graduate Stu- 
dent, University of British Columbia, is Assistant Professor of Metal- 
lurgical Engineering, School of Mineral Engineering, University of 
Washington, Seattle, and J. GORDON PARR, Junior Member AIME, 
formerly Research Associate, University of British Columbia, Van- 
couyer, B. C., Canada, is Associate Professor of Metallurgy, Dept. of 
Mining and Metallurgy, University of Alberta, Edmonton, Alberta, 
Canada. 

TN 307E. Manuscript, June 27, 1955. 


514—JOURNAL OF METALS, MAY 1956 


reactions. Since X-ray diffraction results have con- 
firmed the absence of any second phase which might 
account for this phenomenon, it seems unlikely that 
this substructure is explicable in terms of nitrogen 
content. 

Fig. 1 shows the substructure in adjacent grains 
of 100 pct 8 phase in a quenched 6 atomic pct Ni 
alloy. Fig. 2 shows adjacent 6 grains in a similarly 
treated alloy; one grain contains marked intracrys- 
talline boundaries and the other is completely free 
from any substructure. The subcrystals appear to 
have fairly regular shapes, suggesting a regular ori- 
entation relationship among them. Tempering the 
retained @ structure at temperatures below the 
eutectoid eliminates the substructure at an early 
stage of 8 decomposition. 

At the present time it is possible only to guess at 
an explanation for this subboundary phenomenon, 
since very little work has been reported on sub- 
structures resulting from phase changes. It is be- 
lieved that the present phenomenon is due to poly- 
gonization resulting from unrelieved stresses set up 
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Fig. 1—Microstructure of 100 pct re- 
tained-8 shows substructure. Specimen 
was etched in 5 pct HF plus glycerine, 
then rinsed in a 5 pct aqueous solution of 
HNOs. X800. Area reduced approximately 
30 pct for reproduction. 


Fig. 2—Microstructure of 100 pct re- 
tained-8 shows substructure in one grain 
and an adjacent crystal which is free from 
any subboundaries. Specimen was etched 
in 5 pct HF plus glycerine, then rinsed in 
a 5 pct aqueous solution of HNO;. X1500. 
Area reduced approximately 30 pct for 
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Fig. 3—Microstructure of 100 pct re- 
tained-8 shows twin-like substructure. 
Specimen was etched in 5 pct HF plus 
glycerine, then rinsed in a 5 pct aqueous 
solution of HNO;. X800. Area reduced 
approximately 30 pct for reproduction. 


reproduction. 


during the a> £8 transformation on heating. Since 
some Ti,Ni is also present, the reaction on heating is 


a + Ti,Ni-— B. 


In hypereutectoid Ti-Ni alloys the a> 8 reaction 
may proceed before Ti,Ni starts to decompose. If the 
a B reaction is fairly rapid, strains may be induced 
in the 6 grains which could lead to polygonization 
during soaking. A similar type of process is believed 
to cause the a veining observed in ferrite.* When 
Ti,Ni decomposes, nickel atoms diffuse into the 6 
phase, and the vacancy flow involved may assist in 
the movement of dislocations necessary to form low 
angle boundaries. The mechanism of polygonization 
is believed to involve climbing of edge dislocations 
out of the slip planes in order to change their group- 
ing*—a process which involves vacancy diffusion and 
which can only occur at high temperatures where 
self-diffusion is rapid. 

A second type of substructure has been observed 
more recently in retained-f. This structure, Fig. 3, 
has a twin-like appearance, and does not occur in all 
specimens. It usually appears in grains which do 
not show the previous type of subboundaries. A 
similar type of structure, observed by Barrett’? in 
Cu-Si alloys, has been attributed to clusters of faults 
separated by relatively perfect crystal layers. Such 
a structure indicates the presence of internal strain 
caused by quenching stresses. 

The appearance of faults in a body-centered-cubic 
structure is rather unusual but not impossible. 
Stacking faults in this system are believed to occur 
along {112} planes® and could conceivably cluster to 


give the twin-like microscopic appearance. Faults 
are generally expected when a transformation is 
about to or has just begun. It has been found in 
Ti-Ni alloys that the Burgers shear mechanism for 
the transformation of a hexagonal-close-packed 
structure to body-centered-cubic satisfies the ob- 
served orientation relationships.’ This process in- 
volves shear on the {112} planes of the body- 
centered-cubic. In the retained £ structures ex- 
amined in this investigation the martensite reaction 
which produces a’ occurs very readily with slower 
quenching rates, due to the inverse nature of B 
stabilization in Ti-Ni alloys. Consequently, faulting 
on {112} planes might be possible in specimens in 
which the martensite transformation has not been 
detected by X-ray methods but which may, never- 
theless, have been initiated. 
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N the course of vacuum evaporation experiments, 
sublimation figures were observed on the sur- 
face of a pure nickel specimen. A cubic figure, typi- 
cal of those observed on this specimen, is illustrated 
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Fig. 1—Drawing shows one large grain growing from nuclea- 
tion site into strained single crystal. 
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Fig. 2—Orientations of tensile axes and strip normals of 
crystals tested are illustrated. 


this stage is illustrated in Fig. 1. The orientation 
of the successful new grain was determined, and the 
method of Fujiwara was again applied to bring this 
new grain into the desired orientation relationship 
with the matrix. 

The rate of growth of the new grain into the 
strained matrix was measured by means of X-rays, 
with the strip maintained at a constant and reason- 
ably uniform temperature. The goniometer furnace 
used for these measurements has been described.” 
The temperature in this furnace was uniform within 
+10°C and constant within +2°C. The position of 
the moving grain boundary could be located with 
an accuracy of +1 mm, and the estimated final accu- 
racy of the growth rates was +10 pct. 

Two series of tests were made. In the first series, 
the initial orientation of the single crystal strip was 
controlled so that it would deform entirely by single 
slip. In addition, the strip surface was grown ap- 
proximately parallel to a {100} plane. The new grain 
was then grown into the strained single crystal so 
that the two crystals had a common <111> direc- 
tion, within 5°. The bicrystal strip was heavily 
etched (20 pct wt loss) before the growth rate was 
determined. 

This series of tests was not a success. The growth 
rates were not reproducible and showed no clear 
correlation with the amount of rotation about the 
common <111> axis. However, two facts emerged 
from the work. First, it proved impossible to grow 
test strips in which the two grains were related by 
<111> rotations of less than 20° or more than about 
45°. This seemed to be because new grains in these 
orientations grew extremely slowly. Second, growth 
rates were obtained for several new grains not re- 
lated to the matrix by <111> rotations, and these 
rates fell in the same range of values, 0.5 to 5x10 
cm per sec, as those for grains which were related 
by <111> rotations. 

In the second series of tests, the initial orienta- 
tions of the crystals were controlled more carefully, 
so that the tensile axis lay within about 7° of a 
<110>, and the normal to the strip surface within 
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10° of a <100>. These orientations are shown in 
Fig. 2. The strips were extended 10 pct, and the 
orientation rechecked as before. In this series, the 
new grain was grown so that the two crystals were 
related by a rotation about a common <110> direc- 
tion, within 5°. This <110> direction was also 
almost parallel to the tensile axis of the strip, SO 
that if the grain boundary contracted to its mini- 
mum area, it lay almost in the {110} plane of sym- 
metry between the two grains. If the boundary lay 
exactly in this plane it would be a simple twist 
boundary. 

These steps led to a considerable improvement in 
the results, although the scatter of measured growth 
rate values was still large. The data are plotted in 
Fig. 3, which shows that the growth rate of a re- 
crystallizing grain is very low when the grain has 
an orientation near that of the strained matrix into 
which it grows, or near a first-order twin of the 
matrix. Twinning corresponds to 70°32’ rotation 
about <110>. For all orientations between these 
two extremes, the new grain has an appreciable but 
not reproducible growth rate, under the conditions 
of measurement. 

Among the possible reasons for the scatter in 
growth rate data are: 

1) Slight differences in initial orientations of the 
crystals, leading to differences in stored strain energy 
available for recrystallization. 

2) Slight misalignments of the common <110> 
direction, leading to variations in the structure of 
the grain boundary. 

3) Deviation of the common <110> axis from 
the tensile axis, so that the minimum area position 
of the boundary fails to correspond to the minimum 
energy symmetry position of the boundary. 

4) Abnormal recovery of the strained grain re- 
sulting from the temperature cycles necessary in 
the production of the test strips.” 

Discussion—Aithough the results obtained are not 
entirely satisfactory, it seems clear that the predic- 
tion of oriented growth theory has not been con- 
firmed. The dependence of growth rate on orienta- 
tion is not found to be a sharp maximum at some 
specific value of <111> rotation, but rather a broad 
range of possible values for a number of orienta- 
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ROTATION ABOUT COMMON (110), DEGREES 
Fig. 3—Growth rates of crystals related to matrix by rota- 


tions about a common <110> direction are plotted. Growth 
rates were measured at 550°C. 
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Fig. 4—IIlustrated are orientations of recrystallized grains, 
with filled circles representing cube poles. Each recrystal- 
lized grain was plotted relative to the strained grain into 
which it grew, represented by the hollow squares in standard 
projection. 


simple rotation. However, the growth rate drops to 
zero for orientations in which the two grains are 
nearly identical or nearly twin related (within 15° 
to 20°). This is precisely the behavior which would 
be predicted on the basis of present knowledge of 
the structure and properties of grain boundaries. 
Grain boundary mobility should be greatest when 
the structure of the boundary is most open; Le., 
when the disregistry is greatest, for under these 
conditions the transfer of atoms across the boundary 
is easiest. * Both theory and experiment show that 
grain boundary energy, which must be a measure 
of disregistry, rises sharply to an approximately 
constant value at about 15° to 20° rotation from a 
symmetry position.” Furthermore, grain boundary 
diffusion, which should also be related to boundary 
mobility, seems to show analogous behavior. Diffu- 
sion is slow for low angle boundaries, but rises to 
a roughly constant value for high angle bound- 
aries.” * Thus all the available evidence, including 
the previous direct measurements of grain boundary 
mobility as a function of orientation,” ” tends to 
confirm the results of the present work. 


Orientation Relationships 


The experiments described afforded an oppor- 
tunity to check another prediction of the theory of 
oriented growth. It is reasonable to suppose that 
recrystallization nuclei of all possible orientations 
were created by the inhomogeneous deformation at 
the sheared corner of the single crystal represented 
in Fig. 1. Visual examination of this edge after re- 
crystallization showed that the number of new grains 
which had grown to observable size was at least 
several hundred. Of these artificially nucleated 
grains, only one grew to the full width of the strip. 
The theory of oriented growth predicts that under 
these conditions the successful new grain should be 
related to the strained grain by a <111> rotation. 
Beck, Sperry, and Hsun Hu have performed experi- 
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Fig. 5—The points 
of Fig. 4 are re- 
plotted into one 
quadrant. Additional 
hollow squares are 
cube poles of first- 
order twins of 
strained grains. 

The dotted circles 
have 10° radii. 


Fig. 6—The points 
of Fig. 4 are re- 
plotted into one 
quadrant. Additional 
hollow squares are 
cube poles of first- 
order twins of 
spontaneously nu- 
cleated grains. 
Dotted circles have 
10° radii. 


ments in which this prediction is confirmed,’ and 
Liebmann” has reported somewhat similar results. 

In the present work, the orientations of the strained 
and growing grains were determined in over 150 
cases, using the etch-pit method. It was immedi- 
ately apparent that the orientations of the growing 
grains did not fall into a small number of well de- 
fined groups, but showed a very wide scatter. The 
results were first analyzed to see whether there was 
any tendency for the growing and strained grains 
to have a common <111> direction. No such ten- 
dency was found. In fact, the density of <1lll> 
directions of new grains found to lie within 5° of 
a <111> direction of the strained matrix was sub- 
stantially less than would be expected from a com- 
pletely random distribution of new grains. Far from 
a tendency to grow with a <111> direction in com- 
mon with the matrix, the new grain actually tends 
to avoid such an orientation. 

In a second analysis of the data, all the orienta- 
tions were plotted in a composite stereogram, as 
shown in Fig. 4. Here the orientations of the strained 
grains are represented by the cube poles in standard 
projection. The three cube poles of each new grain, 
each plotted relative to the strained grain into 
which it grew, are shown as filled circles. The strik- 
ing feature of this plot is the presence of four areas 
of abnormally low pole density located approxi- 
mately at the {111} poles of the standard projection. 

Since the choice of the cube pole of the strained 
grain to appear at the center of the stereogram is 
completely arbitrary, all the points can be replotted 
into one quadrant with no change in the significance 
of the results. The data could be further compressed 
into a unit triangle, but this would involve excessive 
labor and crowding. Fig. 5 shows all the points of 
Fig. 4 rotated into one quadrant. The hollow squares 
in the center of the quadrant are the cube poles 
of the first-order twins of the strained grain. The 
dotted lines are circles of 10° radius drawn around 
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each of the hollow squares. The varying sizes of the 
circles are a consequence of the properties of the 
stereographic projection, which are also responsible 
for the apparent crowding of points toward the 
center of the figure. 

The dotted circles of Fig. 5 define reasonably well 
the areas of low pole density. The low density areas 
around the corner cube poles are apparent in Fig. 5, 
although they are not obvious in Fig. 4. Outside 
these low density areas, the pole density appears to 
be substantially uniform, except for the small area 
between the three central circles. 

The areas of low pole density are believed to re- 
sult from the low growth rates which were shown 
in the preceding section to be characteristic of the 
recrystallizing grains having orientations similar to 
that of the matrix or its twins. New grains in all 
orientations except these special cases can grow at 
approximately equal rates, so that the orientation 
distribution resulting from random nuclei is also 
random, with a few avoided areas. 

It should be pointed out that the presence of poles 
within the dotted circles of Fig. 5 does not neces- 
sarily mean that there were some grains which 
actually grew in the avoided orientations. Two grains 
can have one nearly common <100> direction with- 
out being in nearly identical orientations. Only if 
all the cube directions are in parallel pairs are the 
orientations identical. However, if two pairs of cube 
directions are parallel, the third pair must also be 
parallel. Therefore, if new grains completely avoid 
the near identical and near twin orientations, but 
are otherwise oriented entirely at random, the pole 
density inside the dotted circles should be one third 
the overall density. This appears to be true in the 
present results. 

Becker® * has examined the recrystallization of 
strained single crystals of copper, and found that 
the orientation relationship between the new and 
old grains depends on whether the new grains are 
nucleated artificially, as at a saw cut or grip mark, 
or spontaneously, in the body of a strained grain. 
In this connection, it is of interest to examine the 
results of some experiments similar to those already 
reported here, but in which the new grains were 
spontaneously nucleated. 

The specimens consisted of six aluminum single 
crystals of 99.99 pct purity, 2 cm by 2.5 mm in cross 
‘ section and about 5 cm long, grown from the melt 
in a covered graphite boat.” The crystals were ex- 
tended 20 to 34 pct by single slip, and then annealed 
for short periods at increasing temperatures until 
recrystallization occurred, generally in the tempera- 
ture range 430° to 550°C. The orientations of the 
strained and of the recrystallized grains were deter- 
mined by the etch-pit method,” ignoring any re- 
crystallized grains which appeared to have been 
nucleated artificially at the edges or ends of the 
strip. As in Fig. 5, a plot is shown for these spon- 
taneously nucleated grains in Fig. 6. The close re- 
semblance to Fig. 5 is obvious, although the avoid- 
ance of the twin orientations is perhaps less marked. 
The area of low pole density near the periphery 
would probably be eliminated by plotting all the 
points into a single unit triangle. 

The evidence indicates, therefore, that in mod- 
erately extended aluminum single crystals, the orien- 
tations of recrystallizing grains, whether artificially 
or spontaneously nucleated, are essentially random, 
except that near identical and near twin orienta- 
tions are avoided. 
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Discussion 


Since the: present results do not support the con- 
tention that a <111> rotation is favored for rapid 
growth of a recrystallizing grain, it is worthwhile 
to examine the evidence which has led to a belief 
in such a favored orientation. Studies of orientation 
relationships in secondary recrystallization often 
reveal <111> rotations,” * *” but the relevance of 
this information to the problem of primary recrys- 
tallization is questionable. Such <111> rotations are 
also commonly found in the primary recrystalliza- 
tion of copper and «a-brass, both single crystal and 
polycrystalline,” although the work of Becker” 
suggests that this is true only for spontaneously 
nucleated grains. The same <111> rotations are 
found in aluminum after heavy deformations, as by 
compression” ” or extrusion.” Lightly deformed alu- 
minum crystals, however, are found to recrystallize 
in random or nearly random orientations.” 

An especially enlightening series of experiments 
was carried out by Chen and Mathewson,” who 
extended and recrystallized tapered aluminum crys- 
tals. At the large ends of the crystals, where de- 
formation was slight, the recrystallized grains were 
randomly oriented. However, at the small ends, 
where the deformation was large, <111> rotations 
were observed. 

The explanation of these results in terms of the 
oriented growth theory has been that large defor- 
mations are required to produce nuclei in all pos- 
sible orientations, and that the selective growth 
principle cannot operate until this condition is met.” 
In support of this contention, Beck, Sperry, and Hu’ 
created artificial nuclei by scratching the surfaces 
of individual grains in lightly rolled aluminum, and 
found that the largest recrystallized grains showed 
<111> rotations. Liebmann®™ has reported prelim- 
inary experiments in which artificial nuclei were 
provided in single crystal aluminum wires extended 
20 pct. In 75 pct of the cases, the successful new 
grains showed <111> rotations, within 12°, but only 
about one of the four possible <111> directions of 
the matrix. 

The present results are in disagreement with these 
findings, and indicate that oriented growth does not 
play an important part in determining the orien- 
tations of recrystallized grains. In view of these new 
results, it seems more reasonable to suppose that 
recrystallization textures result from oriented nu- 
cleation, and that a substantial amount of deforma- 
tion is required to produce effectively oriented 
nuclei. On this basis, lightly deformed crystals* and 


*It is difficult to base conclusions on experiments with poly- 
crystals. The heavy reductions required to produce a strong enough 
texture for oriented growth to operate will also create strongly 
oriented nuclei. 


those in which artificial nucleation predominates 
should show little preferred orientation after re- 
crystallization. Heavily deformed crystals should 
show preferred orientations as, for example, <111> 
rotations. The evidence for this view is reasonably 
adequate for aluminum, except for the unexplained 
results of Beck, Sperry, and Hu and of Liebmann.” ” 
It is less convincing for copper, in which sharper 
textures are observed, and for which there has been 
little recrystallization work at small deformations. 


Conclusions 


1) The growth rates of recrystallizing grains in 
extended aluminum single crystals are found to be 
insensitive to the orientation difference between’ 
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the growing grain and the strained matrix into 
which it grows. Exceptions are very low growth 
rates observed for new grains in near identical and 
near twin orientations of the matrix. 

2) In agreement with the first conclusion, the 
orientations of new grains growing in extended 
aluminum single crystals are found to be random, 
except that the near identical and near twin orien- 
tations are avoided. This is true whether the grains 
are nucleated artificially or spontaneously. 

3) The degree of misorientation between grains 
sufficient to permit rapid grain boundary motion is 
15° to 20° for the twist boundaries measured in 
Section 1, and about 10° for the general boundaries 
considered in Section 2. 
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Heat Treatment and Mechanical Properties 


of Ti-Fe Alloys 


The properties of quenched Ti-Fe alloys have’been correlated with their microstruc- 
tures. For specimens quenched from equilibrium in the a-8 field, the dominant micro- 
structural variable is the a-8 ratio. A comparison of specimens having equiaxed a-6 
structures with those having acicular a-@ structures shows that the equiaxed specimens 
have better tensile ductility, but lower impact resistance. There is evidence to show 
that specimens with acicular structures reach equilibrium in the a-@ field more rapidly 
than specimens with equiaxed structures. Both strength and ductility are lowered by heat 


treatments below 700°C. 


by Ogdenzand |) Jatfee 


2 


previous work,’ certain principles of the 
physical metallurgy of a-f titanium alloys have 
been evolved. Most of these principles have been 
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based on data obtained on alloy systems which un- 
dergo no eutectoid reaction, or in which the eutec- 
toid reaction is so sluggish as to be inoperative. The 
alloy systems previously studied included the Ti-Mn 
alloys, with and without a-stabilizing additions, and 
the binary Ti-Mo alloys. The most important of 
these principles are: 

1) The compositional factors which affect me- 
chanical properties are solid solution strengthening, 
the martensite transformation, and instability of 
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Fig. 1—Portion of Ti-Fe constitution diagram shows alloy 
compositions and annealing temperatures used. Data are 
from ref. 5. 


the 8 phase. Structural factors (grain size and shape) 
have more influence on ductility and toughness than 
on strength. 

2) The a-8 ratio dominates the strength of an 
alloy equilibration annealed in the a-£ field. 

3) The martensite transformation causes an in- 
crease in strength with a loss of ductility. However, 
the order of magnitude of strengthening caused by 
the martensite transformation is much less than that 
found for the martensite reaction in steels. 

4) Nucleation and growth of a from £, either 
during cooling or by isothermal heat treatment, may 
cause either an increase or a decrease in strength. 
The precipitation of coherent or very fine a from £8 
has a much greater strengthening effect than the 
martensite transformation. The formation of mas- 
sive a from 8 causes a decrease in strength. 


a) Ti-5.01Fe alloy 
was annealed for 1 
hr at 750°C and 
quenched. X250. 
Area reduced ap- 
proximately 45 pct 
for reproduction. 


c) Ti-7.35Fe alloy 
was annealed for 1 
hr at 750°C and 
quenched. X100. 
Area reduced ap- 
proximately 45 pct 
for reproduction. 


The research described in this paper was designed 
to provide information on how well the above prin- 
ciples could be applied to alloys of the Ti-Fe sys- 
tem. 

The titanium-rich portions of the Ti-Fe and Ti-Mn 
constitution diagrams are similar, both being 
B-eutectoid systems. The eutectoid compositions 
and temperatures occur at about 15 wt pct and 
590°C for the Ti-Fe alloys, and at about 20 wt pct 
and 550°C for the Ti-Mn alloys. The eutectoid re- 
action in hypoeutectoid alloys of the Ti-Fe system 
does occur upon prolonged heating below the 
eutectoid temperature, whereas the eutectoid re- 
action has never been observed in hypoeutectoid 
Ti-Mn alloys. Thus, the eutectoid reaction, although 
generally considered sluggish, is more active in the 
Ti-Fe system than in the Ti-Mn system. 

The portion of the Ti-Fe diagram of interest is 
shown in Fig. 1. Included on this diagram are data 
points showing the alloy compositions and anneal- 
ing temperatures used in this study. Like manga- 
nese, iron has a very low solubility in a-titanium. 
This means that most of the iron partitions to the 8 
phase in an a-£ alloy. The addition of iron thus pro- 
duces solid solution strengthening of the 8 phase, 
while the a phase remains practically unalloyed and 
is much softer. 

When alloys containing more than about 4 pct Fe 
are quenched from the £ field, 8 can be retained; 
8 phase containing less than about 4 pct Fe under- 
goes a martensite transformation to supersaturated 
a on quenching. The B-transus temperature at 4 pct 
Fe is slightly above 800°C. As for the Ti-Mn alloy 
system, 800°C appears to be a critical temperature. 
Any quench from below 800°C will produce a struc- 
ture consisting of a, a plus retained £8, or retained 8 
for the alloy in the Ti-Fe system. For alloys con- 
taining less than 4 pct Fe, quenching from above 
800°C will produce structures containing marten- 
site. 

As in the Ti-Mn alloys, the 6 phase in the Ti-Fe 
system is unstable and can transform partially to a 
by nucleation and growth processes. When massive 
a is formed, the alloy is softened; when either fine a 


b) Ti-7.35Fe alloy 
was annealed for 1 
hr at 750°, furnace 
cooled to 650°C, 
held 8 hr, and 
quenched. X100. 
Area reduced ap- 
proximately 45 pct 
for reproduction. 


d) Ti-2.56Fe alloy 
was annealed for '/2 
hr at 900°C and 
quenched. X100. 
Area reduced ap- 
proximately 45 pct 
for reproduction. 


Fig. 2—Typical microstructures of quenched Ti-Fe alloys are shown. 
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TRANSACTIONS AIME 


: SRA 


particles or a coherent precipitate (w) is formed, the 
alloy is hardened considerably. The hardening proc- 
ess is more easily controlled as the iron content of 
the £8 phase is increased, because the 8 phase is 
more stable at higher compositions and the extent of 
hardening is less. In 8 phase containing 4 to 5 pct 
Fe, the » formation cannot be wholly suppressed, 
even with a rapid quench. Because of decreasing w 
formation, as the iron content increases the hard- 
ness and strength of retained 6 alloys can be ex- 
pected to decrease with alloy content, at least 
initially. 


Experimental Procedures 

Alloy Preparation—Three 275 g ingots were pre- 
pared by double inversion melting. High purity 
iodide titanium and electrolytic iron were used for 
melting stock. After forging at 1600°F to 34 in. diam 
rods, the forgings were mechanically descaled and 
vacuum annealed 6 hr at 1600°F to remove residual 
hydrogen. The alloys were next swaged to % in. 
diam rods at 1400°F, mechanically descaled, and cut 
into suitable lengths for heat treatment. 

Nominal and analyzed compositions for these 
alloys are shown in Table I. 

Heat Treatments—All specimens were encap- 
sulated in Vycor under a partial pressure of argon 
for heat treatment. Anneals were done in potentio- 
meter controlled resistance-wound tube furnaces. 
Temperature control was maintained to within 
+2°C throughout the annealing treatments. Speci- 
mens were quenched by breaking the Vycor tube 
to allow the samples to drop into the quenching 
medium. 

Mechanical Testing—Test specimens and testing 
procedures have been described in previous papers.” * 
The evaluation of mechanical properties in this pro- 
gram was made from the following tests: Vickers 
hardness, 5 kg load; tensile test; notched tensile 
test; notched bend impact test; and notched tensile 
impact test. The tests were conducted at room tem- 
perature, except for a few conditions in which 
notched bend impact tests were made over a tem- 
perature range. 


Solid Solution Strengthening 

To study the effects of microstructure and iron 
content on solid solution strengthening, specimens 
were quenched from the annealing temperature to 
obtain equilibrium structures. For such specimens, 
the independent variables include alloy composi- 
tion, quenching temperature, and thermal history. 
Dependent variables include grain size, grain shape, 
and the quantities and compositions of the phases 
present in the microstructure. The equilibrium 
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Fig. 3—Effect of alloy content on the mechanical properties 
of Ti-Fe alloys quenched from the indicated temperatures 
is plotted. 


microstructure at the quenching temperature is not 
always retained; in some instances, transformation 
of the 8 phase takes place even with a rapid quench. 
Thus, effects of these transformations must be sep- 
arated from effects of solid solution strengthening. 


Table I. Nominal and Analyzed Ti-Fe Alloy Compositions 


Composition, Wt Pct; Balance Titanium 


Analyzed 
Nominal Nitro- Hy- 
Alloy Iron Iron gen Carbon Oxygen drogen 
TM79 2.5 2.56 0.015 0.03 0.06 0.0018 
TM80 5.0 5.01 0.014 0.02 0.04 0.0014 
TM81 7.5 7.35 0.011 0.02 0.03 0.0015 


In this section of the paper, the equilibrium 
microstructures obtained, the effect of a-8 ratio on 
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of the toughness of three Ti-Fe 
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Fig. 5—Effect of a-8 grain shape on the mechanical prop- 
erties of Ti-Fe alloys is plotted. Closed circles represent 
specimens annealed for 1 hr at 750°, furnace cooled to 
650°C, held 8 hr, and quenched. Open circles represent 
specimens annealed for Y2 hr at 900°, furnace cooled to 
650°C, held 8 hr, and quenched. 


mechanical properties, and the effect of a-8 grain 
shape on mechanical properties are discussed. 
Microstructures—The microstructures of the 
quenched Ti-Fe alloy specimens are typical of 
8-stabilized titanium alloys. Alloys fabricated and 
annealed in the a-f field are composed of equiaxed 
a and £ grains. The grain size, phase quantities, and 
phase compositions are determined by the alloy 
content and heat treatment. A typical equiaxed a-6 
microstructure is shown in Fig. 2a. If the alloy is 
fabricated in or heated into the £6 field prior to an 
a-B heat treatment, the resulting microstructure is 


70 | T 1 70 | T | 
Ti -2.56 Fe alloy Ti-5.01 Fe alloy 

60 60 
3 50 Acicular 50 
=) 
' 
2 40 40 
ele 30 5 
rs) 
3 Acicular | 4 

10 

Equiaxed 
ie) 10) i 
-200 -i00 100 200 -I00 100 200 


Testing Temperature, C 


524—-JOURNAL OF METALS, MAY 1956 


not equiaxed, but is composed of Widmanstatten a 
plates in a 8 matrix. An example of such a micro- 
structure is shown in Fig. 2b. Quenching from the 8 
field results in a retained 6 structure for alloys con- 
taining more than about 4 pct Fe, see Fig. 2c. Alloys 
which are 8-quenched and contain less than about 
4 pct Fe undergo the martensite transformation, as 
illustrated by Fig. 2d. 

Effects of a-8 Ratio—Annealing temperature and 
alloy composition determine the phase quantities in 
an «-8 alloy. In this study, annealing temperatures 
were chosen so that the equilibrium composition of 
the 8 phase was near that of one of the alloy com- 
positions. Equiaxed structures were used in as 
many cases as possible. 

The additivity effect, in the ideal case, results in a 
linear increase in strength with alloy content as the 
microstructure changes from all a to all 8. When 
plotted, this results in a straight line which connects 
the strength of the terminal a and 8 compositions at 
each quenching temperature. Data obtained from 
tests on the Ti-Fe alloys are presented in Fig. 3. 
Mechanical properties were not determined for the 
terminal a alloy, and curves have been plotted as- 
suming no solubility of iron in a-titanium. This 
should not introduce appreciable error, because the 
actual solubility is less than 0.1 pct Fe. 

The hardness and tensile strength curves conform 
well with ideal additivity. The two sets of curves 
are nearly identical in shape, except for the low 
tensile strength of the excessively brittle B-quenched 
Ti-5.01 Fe alloy. The 8 phase of this composition is 
embrittled by » formation. Ductility values gener- 
ally decrease with increasing quantities of 6 in the 
microstructure. However, the specimens quenched 
from the two lower temperatures are less ductile 
than might be expected. This behavior may be 
caused by the presence of 8 of a high iron content, 
12 to 15 pct, in which ductility is lowered by solid 
solution strengthening. The effects of compound re- 
jection in specimens quenched from 550°C are dis- 
cussed later. 

The notched bend impact behavior of quenched 
Ti-Fe alloy specimens is shown in Fig. 4. The tough- 
ness of the Ti-2.56 Fe and Ti-5.01 Fe alloys increases 
as the annealing temperature decreases or the quan- 
tity of a phase in the microstructure increases. 
Specimens containing more a phase have better im- 
pact resistance at 25°C and below; however, at 
200°C, specimens with more 8 phase have higher 
impact resistance. This effect can be related to the 
transition behavior of the 8 phase, illustrated by the 
curve for the Ti-7.35 Fe alloy quenched at 750°C. 


Ti- 7.35 Fe alloy 
60 Fig. 6—Effect of a-8 grain 
shape on the notched bend im- 
50 pact behavior of Ti-Fe alloys is 
plotted. Closed circles repre- 
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hr at 750°C; open circles, 
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Fig. 8—Effect of cooling rate on the hardness of Ti-Fe 
alloys is plotted. 


Above the transition temperature, the impact resis- 
tance of the body-centered-cubic 6 phase is very 
high. The impact values for a alloys, on the other 
hand, are much less dependent on testing tempera- 
ture.” Thus, in a-8 annealed specimens, a is more 
beneficial to toughness at low testing temperatures. 
For the Ti-7.35 Fe alloy, the 8-quenched specimens, 
750°C condition, have better impact resistance at all 
temperatures than do the a-8 quenched specimens, 
650°C condition. This shows that the single phase, 
all B condition has better toughness than after mas- 
Sive a phase is rejected. 

Effects of Grain Shape—tTwo distinct types of 
microstructure are commonly obtained in a-8 alloys. 
Equiaxed structures are formed when the speci- 
mens are fabricated and annealed in the a- field. 
If fabrication or annealing has been done in the B 
field, the a phase forms on preferred planes of the 
body-centered-cubic lattice, resulting in the acicular 
type of structure. Both types of structure may be 
brought to equilibrium in the a-f field. 

A comparison of mechanical properties for speci- 
mens with equiaxed and acicular microstructures is 
shown in Fig. 5. Values shown are for specimens 
quenched from 650°C. In the case of the Ti-7.35 Fe 
alloy, a true comparison cannot be made; both an- 
nealing treatments produce acicular-type structures. 


Fig. 9—Micrographs show Ti-2.56Fe alloy aged at 550°C. 


The treatments originated in the @ field. For this 
alloy, the chief difference is in prior f grain size. 

Tensile strengths are slightly higher for the speci- 
mens with equiaxed structures. This may indicate 
that specimens initially heated into the £ field 
come to equilibrium more rapidly at lower temper- 
atures than those with previous a-£ treatments. No 
appreciable difference in hardness was found. Duc- 
tilities are better for specimens in the equiaxed than 
in the acicular condition. This effect, which has been 
observed previously” * for Ti-Mn and Ti-Mo alloy 
specimens, is apparent in both elongation and re- 
duction in area values. Toughness, measured by the 
notched bend microimpact test, is shown in Fig. 6. 
Resistance to impact at room temperature and below 
is higher for specimens with acicular a-f structures. 
This effect may be caused only partly by difference 
in grain shape. If equilibrium conditions are at- 
tained more rapidly with specimens cooled from the 
B field, as indicated by the tensile strengths, this 
would also contribute to the difference in toughness. 


Instability of the @ Phase 

One of the more important features of the B- 
stabilized titanium alloys is the instability of the 8B 
phase. All heat treatments of a-8 alloys are based on 
the manner in which the 8 phase transforms. The 
possible 8 transformations in the Ti-Fe alloys may 
be listed as: 1) the martensitic transformation of 8 
to a’; 2) the formation of » phase in £, or f’ forma- 
tion; 3) the precipitation of a, either as a fine pre- 
cipitate or as massive particles; and 4) the eutectoid 
decomposition of 8 into a and TiFe compound. 

Prior discussion has been concerned with equilib- 
rium structures as produced when massive a is 
present. In this section of the paper, nonequilibrium 
structures, such as are produced during cooling or 
by low temperature treatments, are discussed. 

Transformations During Cooling—One method of 
studying the @ transformation is to vary the rate 
of cooling from the £@ field. For this purpose, f- 
annealed specimens were cooled at four cooling 
rates to room temperature. In order of decreasing 
rates, these included a water quench, an oil quench, 
an argon cool (an air-cooling rate under an argon 
atmosphere), and a furnace cool. Typical micro- 
structures produced by these cooling rates are shown 


a) Specimen was annealed for 1 hr at 
750°; furnace cooled to 650°C, held 8 
hr, and quenched; aged 24 hr at 550°C, 
and quenched. X250. Area reduced ap- 
proximately 35 pct for reproduction. 
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b) Specimen was annealed for 1 hr at 
750°; furnace cooled to 650°C, held 8 
hr, and quenched; aged 24 hr at 550°C 
under a stress of 20,000 psi, and air 
cooled. X250. Area reduced approxi- 
mately 35 pct for reproduction. 


c) Specimen was annealed for 2 hr at 
900°; furnace cooled to 650°C, held 8 
hr, and quenched; aged 24 hr at 550°C, 
and quenched. X100. Area reduced ap- 
proximately 35 pct for reproduction. 
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For the Ti-2.35 Fe alloy, the microstructure shows 
a change from martensite to a coarse basketweave 
structure as the cooling rate is decreased. The struc- 
ture of the Ti-5.01 Fe alloy changes from an ap- 
parent retained 8 to a basketweave a-8 structure as 
the cooling rate is decreased. No a is apparent in the 
Ti-7.35 Fe alloy micrographs, except for the furnace- 
cooled specimens, in which fine acicular a particles 
are formed. 

The effects of cooling rate on hardness are shown 
in Fig. 8. Maximum hardness is attained in the 
Ti-2.56 Fe alloy at the highest cooling rate; speci- 
mens cooled less rapidly show a decrease in hard- 
ness with the decrease in cooling rate. The Ti-2.56 Fe 
alloy has highest hardness when its structure is 
martensitic. This indicates that the martensite re- 
action in the Ti-Fe system causes hardening. Since 
it is difficult to determine whether or not the mar- 
tensite transformation is complete, some of this 
hardening may be caused by formation in untrans- 
formed 

Peak hardness for the Ti-5.01 Fe specimens was 
obtained from an oil quench. This shows that maxi- 
mum hardening is obtained with a cooling rate that 
is lower than with a water quench, indicating that 
the hardening reaction is a time dependent, nuclea- 
tion and growth reaction. This effect is consistent 
with the formation of » during cooling. It was also 
noted that the hardness of the water quenched me- 
chanical test specimens was considerably higher 
than that of the small samples used for the cool- 
ing rate test, which shows that small variations in 
cooling rate resulting from section-size variation 
have a large effect on hardness. 

Maximum hardness for the Ti-7.35 Fe alloy was 
obtained after a still lower cooling rate. At this high 
alloy content, the hardening associated with » form- 
ation takes place less rapidly than at the lower alloy 
contents. This is in line with the greater stability of 
the 8 phase associated with increased alloy content. 

Transformations Below the Eutectoid Tempera- 
ture—Eutectoid decomposition of the 8 phase is 
indicated by the equilibrium diagrams for many f- 
stabilized titanium alloys. For the Ti-Fe system, it is 
known that the eutectoid reaction can occur in 
‘hypoeutectoid alloys when isothermally transformed 
for long times below the eutectoid temperature. This 
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phase of the research was initiated to determine 
what changes in properties occur if significant 
amounts of TiFe are formed. 

Test specimens were exposed 24 hr at 550°C in 
attempts to produce eutectoid decomposition. In 
addition, a specimen of each alloy was exposed at 
550°C under a stress of 20,000 psi to accelerate the 
decomposition. This stress level was high enough to 
cause plastic flow during the 24 hr period. 

The effects of the 550°C treatments on micro- 
structure are shown in Fig. 9. Although some de- 
composition did take place, as shown by the dark- 
ened areas in the micrographs, the amounts were 
small in all cases. No distinction can be made be- 
tween microstructures of specimens exposed with 
and without applied stress. 

The mechanical properties for these specimens are 
shown in Fig. 10. In all instances, the tensile 
strengths, tensile impact values, and ductilities are 
decreased by the 550°C aging treatment. The de- 
crease in tensile strength probably is caused by the 
decrease in quantity of 8 phase that occurs during 
the low temperature treatment. The lower tensile 
ductilities may be the result of both the lowered 
ductility of the matrix B as its alloy content is in- 
creased and the presence of TiFe compound. 

Effects of Aging at 400°C—The effects of low 
temperature aging were studied, using hardness as 
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a measure of response. Small specimens of each al- 
loy were annealed and quenched from 750°C and 
subsequently aged at 400°C for times up to 64 hr. 
This provided a series of three specimens contain- 
ing different quantities of 8 of about the same alloy 
content. 

The results of these tests are presented in Fig. 11. 
The curves show that both the hardness and the 


hardness increase are greater for the specimens con- - 


taining more £ phase. The maximum hardness in- 
crease was about 200 Vhn, and the specimens reach 
peak hardness after %4 to 1 hr exposures. Over- 
aging occurs for times greater than 16 hr. 


Discussion 


The data obtained for the Ti-Fe alloys show that 
the physical metallurgy principles developed for 
a-B alloys are directly applicable to this system. The 
Ti-Fe a-§ alloys fit the a-8 ratio theory even better 
than the Ti-Mn alloys. It is also shown that acicular 
structures have higher impact properties and lower 
tensile ductilities than do equiaxed structures of the 
same a and § compositions. The $-transformation 
structures affect the properties of Ti-Fe alloys in the 
same general way as properties of other a-§ alloys 
are affected. 

The new findings that are important concern low 
temperature treatments. It has been found that ten- 
sile ductilities decrease as the annealing tempera- 
ture is decreased below 700°C, even though strengths 
also decrease. It is believed that this can be associ- 
ated with the increase in the alloy content of the 8 
phase. It is known that the high iron content 6 
phase is brittle. Therefore, it would be expected 
that, as the iron content of the 8 phase (which is the 
matrix or grain boundary phase) is increased, the 
ductility of the alloy would decrease. Also, low iron 
content 8 phase is brittle because of w formation. 
Therefore, there should be an optimum composition 


to produce good ductility in an a-f alloy. This opti- 
mum composition appears to be that which is pro- 
duced by annealing at about 700°C. 

The eutectoid reaction in the Ti-Fe system was 
observed in specimens heated a few degrees below 
the eutectoid temperature. Accompanying the form- 
ation of a small amount of compound was a lower- 
ing of 8 strength and ductility. It is difficult to at- 
tribute the lowering of ductility to compound forma- 
tion alone, since it also appears to be associated with 
increased alloy content of the 6 phase, as has been 
suggested. 

With the exception of the foregoing low tempera- 
ture effects, the Ti-Fe alloys behaved as expected. 
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High Temperature X-Ray Diffraction Investigation 
of the Zr-H System 


The phase diagram of the Zr-H system over the range 0 to 65 atomic pct was 
determined by high temperature X-ray diffraction methods. Results show a eutectoid 
between u-zirconium and the hydride phase. The eutectoid temperature was estab- 
lished at 560+10°C with a eutectoid composition of 42+3 atomic pct H. The 
hydride phase of the lowest hydrogen content is stable only above the eutectoid tem- 
perature, but is formed and retained in a metastable state during reaction of zir- 
conium with hydrogen at temperatures below 560°C. One hydride phase is indicated 
that exists over the composition range 55 to 65 atomic pct H. 


by D. A. Vaughan and J. R. Bridge 


Ree increase in the industrial importance of 

zirconium has stimulated several investigations 
of the reaction of zirconium with hydrogen. Review 
of the literature on interpretation of absorption iso- 
therms” * shows that attempts were made to relate 
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the observations to the room temperature hydride 
phases reported by Hagg.* However, more recently 
Schwartz and Mallett‘ reported the existence of a 
new hydride phase, isomorphous with the lower 
hydride in the Hf-H system described by Sidhu. 
This phase was found adjacent to the metal in a 
diffusion gradient sample. In addition to the new 
phase, Schwartz and Mallett reported on only two 
of the five hydrides found by Hagg. Gulbransen® 
confirmed the existence of only three hydrides of | 


TRANSACTIONS AIME 


Table I. X-Ray Diffraction Data for the 400°C Isotherm in the Zr-H System 


40 Atomic Pct H 


60 Atomic Pct H 


65 Atomic Pct H 


~ = 
hkl, 
cp,* Fcec,* Fec,* Fet,* 
d,A Intensity+ a d,A Intensity+ d,A Intensity+ 
BG Nau 100 2.76 vs 111 2.76 vs 111 
us 111 2.40 M 200 2.47 Ww 200 
2 1.69 MS 220 2.24 Vw 002 
ae oe 01 1.44 M 311 1.75 Ww 220 
200 1.38 Mw 222 1.66 MW 202 
ae Me 02 1.20 VVW 400 1.48 M 311 
ies Me. 220 1.10 MW 331 1.38 M 113 + 222 
ae Mi 110 1.07 Ww 420 1.13 VVW 331 
103 0.98 499 1.11 VVW 420 
ee Ss 311 0.92 M 333 1.08 M 313 
; M 112 222 1.03 VVW 204 
1.35 Vw 201 0.99 422 
ae VVW 104 0.95 MW 224 
1 
33 0.92 VVW 333 
1.07 Ww 420 
1.06 Vw 120 
1.01 Vw 114 
0.97 Vw 105 422 
0.92 Vw 333 
0.90 Vw 123 


% 


CO and Fet indicate hexagonal-close-packed, face-centered-cubic, and face-centered-tetragonal, respectively. 
M, and W indicate relative intensities, strong, medium, and weak; V = very. 


zirconium and established the compositional limits 
of two of the phases—Hagg’s cubic ZrH and tetra- 
gonal ZrH,. 

Confusion concerning the phases present in the 
Zr-H system and in the interpretation of absorption 
isotherms was believed to be due to the lack of 
X-ray diffraction data at elevated temperature. This 
report presents results of an X-ray diffraction in- 
vestigation of the Zr-H system up to 65 atomic pct 
H, from room temperature to 850°C. 


Experimental Work 

Hydrogen alloys of low hafnium arc-melted crys- 
tal bar zirconium containing 20, 33, 40, 45, 50, 55, 57, 
60, and 65 atomic pct H were prepared by reacting 
degassed 40 mil Zr sheet with hydrogen at tempera- 
tures between 800° and 550°C. Pure hydrogen was 
obtained by decomposing UH;. After absorption of 
measured amounts of hydrogen, the samples were 
homogenized by annealing for 17 hr at 600°C, fol- 
lowed by rapid cooling to room temperature. All 
samples except that containing 65 atomic pct H were 
given an additional homogenizing treatment at 
1000°C in evacuated fused silica capsules and were 
quenched in water without breaking the capsules. 

The homogenized samples were powdered for 
X-ray diffraction examination. High temperature 
diffraction data were obtained on specimens encap- 
sulated in evacuated thin-walled fused silica tubes. 
The powders were annealed in the tubes at 500°C 
before examination at 100°C intervals up to 850°C. 
Additional data were obtained at other temperatures 
near phase boundaries. 

Phase boundaries were established by the dis- 
appearing phase method, data being obtained both 
by heating and by cooling the sample to the temper- 
ature desired. Below 800°C the samples were held 
at temperature for 2 hr before X-ray exposure was 
started. Room temperature patterns were taken 
after each high temperature run above 600°C to 
determine if any changes had occurred at the high 
temperature. 

The 9 cm diam camera used in this study was of 
the Hume-Rothery design, but with the Straumanis 
film mounting. Filtered nickel radiation was em- 
ployed. Temperature was measured and controlled 
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with a single 36 gage chromel-alumel thermocouple 
placed adjacent to the sample in the plane of the 
X-ray beam. The measured temperature was cali- 
brated against the thermal expansion of pure silver 
and was known to within +5°C, with a control of 
+1°C for any measured temperature. Control of the 
temperature was obtained by automatically cycling 
a small part of the total current required to hold the 
furnace at the desired temperature. ; 


Results 

The Zr-H phase diagram, based on results 
of high temperature X-ray diffraction studies, 
is shown in Fig. 1. The a and B phases correspond, 
respectively, to the hexagonal-close-packed and 
body-centered-cubic modifications of zirconium. The 
solid solubility of hydrogen in a-zirconium, up to 
500°C, was established by Schwartz and Mallett.* In 
the present investigation the solid solubility of 
hydrogen in $-zirconium was found to exceed 50 
atomic pet at 850°C. The a-8 transformation tem- 
perature is decreased 300°C by hydrogen addition. A 
eutectoid occurs at 42 atomic pct H. Furthermore, it 
was found that tetragonal y hydride c/a>1, the first 
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Fig. 1—The Zr-H phase diagram is based on X-ray diffrac- 
tion data. 
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Fig. 2a—Change in axial ratio with temperature for the 65 
atomic pct H-Zr alloy is plotted. 
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to form when zirconium is reacted with hydrogen, 
is metastable below the eutectoid temperature, 
560°C+10°C, but exists as a stable material at 
higher temperatures. 

The hydrogen alloys containing 60 atomic pct H 
gave a cubic pattern at all temperatures, whereas 
the 65 atomic pct H alloy was tetragonal c/a<1 at 
room temperature. However, examination of the 65 
atomic pct H alloy at temperatures above 450°C re- 
vealed that the axial ratio of the tetragonal hydride 
phase increases, approaching unity between 700° and 
800°C, as shown in Fig. 2a. These results are consis- 
tent with Gulbransen’s’ findings of a continuous de- 
crease in decomposition pressure on slow removal 


of hydrogen from ZrH., and suggest that the 60 and 
65 atomic pct H alloys are the same hydride phase. 
The present data show a linear decrease in c/a with 
hydrogen content, see Fig. 2b, over the composition 
range 55 to 65 atomic pct H, indicating the existence 
of one hydride phase. 

Diffraction data for the 400° and 600°C isothermal 
sections of the Zr-H system are given in Tables I 
and II, respectively, which illustrate the change in 
the X-ray diffraction pattern with hydrogen content 
at constant temperature. In addition to the phase 
changes observed, it is interesting to note the ab- 
sence of the tetragonal y hydride phase c/a>1 in the 
400°C isotherm. This tetragonal structure can be 
retained at room temperature by quenching from 
600°C. However, it decomposes to a-zirconium and 
cubic hydride in approximately 48 hr at 500°C. 


Discussion of Results 


The results of the present investigation are con- 
sistent with the room temperature observations re- 
ported by Schwartz and Mallett and by Gulbransen, 
and extend the information on the Zr-H system to 
850°C. The variation in pressure with temperature 
has not been considered in detail. This might be 
expected to shift, somewhat, the composition limit 
of the phase boundaries, but would not appreciably 
alter the general shape of the equilibrium diagram 
up to approximately 60 atomic pct H. Only one com- 
position above 60 atomic pct H was studied. This 
sample, a 65 atomic pct H alloy, built up a hydrogen 
pressure in excess of 1 atm on heating to above 
450°C, the pressure over this sample being sufficient, 
at 700°C, to burst the capsule. The shift in axial 
ratio of the tetragonal y phase with temperature 
indicated a decreasing hydrogen content and, there- 
fore, a sloping boundary on the high hydrogen side 
of the y phase field. 

Although previous workers have indicated the 
existence of at least three hydride phases in the 
Zr-H system, the present X-ray diffraction study 
indicates these phases represent phase boundary 
conditions of a single tetragonal hydride phase. 
Changes in composition shift the axial ratio of the 
tetragonal structure through unity, so that the two 
tetragonal hydrides and one cubic hydride appear to 
exist as different phases. However, the linear varia- 
tion in the degree of tetragonality from c/a>1 
through c/a = 1 (cubic) to c/a<1 as a function of 


Table II. X-Ray Diffraction Data for the 600°C Isotherm in the Zr-H System 


20 Atomic Pct H 45 Atomic Pct H 


55 Atomic Pct H 65 Atomic Pct H 


a=3.65, a=3.68, c/a=1.04, c/a=1.04, c/a=90.93, 

hkl, hkl, hkl, hkl, hkl, 4 hkl, 
Inten- Hep,* Bec,* Inten- Bec,* Fet,* Inten- Fct,* Inten- Fet,* 

d,A sity? a B d,A _sity,+ d,A sity,+ d,A sity? 

258 Ss 002 110 210° JS 111 2.75 VS 111 2.76 

2.48 M 101 260 M 110 2.48 MW 002 2.45 M 200 
1.90 VVW 102 2.48 W 002 2.38 M 200 2.29 WwW 002 
1.82 Vw 200 2.38 M 200 1.69 M 220 1.74 MW 220 
1.63 VVW 110 1.84 VVW 200 1.48 VVW 113 1.67 M 202 
1.49 211 168 M 220 1.44 MS 311 1.47 M agit 
1.47 Vw 103 150 W 211 1.38 MW 222 1.40 VW 113 
1.37 VVW 112 1.48 VVW 113 1.19 VVW 400 1.39 WwW 222 
1.36 VVW 201 1.44 MS 311 1.10 M 331 + 204 1.23 VVW 400 
1.29 VVW 220 1.38 VW 222 1.07 M 402 1.12 MW 331 
1.18 VVW 104 1.30 VVW 220 0.97 M 115 + 422 1.10 WwW 420 
1.16 Vw 310 1.09 W 204 0.92 MS 511 + 333 1.09 M 313 
1.09 VVW 203 1.07 W 222 402 1.08 Vw 402 
1.04 VVW 121 102 VVW 224 1.04 VW 204 
0.97 105 321 0.99 VW 321 0.99 M 422 
0.86 VVW 411 0.97 VW 115 + 422 0.94 MW 511 
0.92 M 400 511 + 333 0.92 Vw 333 


* Hep, Bec, and Fct indicate hexagonal-close-packed, body-centered-cubic, and face-centered-tet i 
+S, M, and W indicate relative intensities, strong, medium and weak; V = very. See ae 


530—JOURNAL OF METALS, MAY 1956 


TRANSACTIONS AIME 


= 
ISN 


hydrogen content of the hydride phase suggests that 
only one hydride of zirconium exists. This hydride 
has a composition range of approximately 60 to 67 
atomic pet H at room temperature and 55 to 62 
atomic pet H at 600°C. 
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Phase Transformations in Titanium-Rich Alloys 
of Nickel and Titanium 


The formation and subsequent decomposition of metastable phases in Ti-Ni 
alloys containing up to 11 pct (atomic) Ni have been studied. The decomposition of 
a completely retained 8 phase and of a completely transformed 8 phase in a 6 pct 
alloy has been followed by X-ray diffraction and metallographic methods and by 
hardness determinations made during the process. The possible mechanisms of the 


reactions are discussed. 


by D. H. Polonis and J. Gordon Parr 


REVIOUS investigations of the Ti-Ni system 

have usually been limited to phase diagram 
studies; but little attention has been given to meta- 
stable phases and tempering processes. These are 
important, however, since equilibrium conditions are 
rarely achieved—nor, perhaps, are they desired—in 
practice. Up to the present time the available trans- 
formation data for titanium alloys appear to be re- 
stricted to isothermal transformation curves for 
selected binary and ternary systems. No quantita- 
tive studies have been made of the mechanism by 
which equilibrium is approached. 

Several independent investigations have been car- 
ried out to determine the Ti-Ni phase diagram. 
Early work by Wallbaum’ and later by Long et al.’ 
produced tentative phase diagrams which were not 
representative of true binary conditions, since the 
alloys were contaminated with oxygen and nitrogen. 
The most recent diagram (Fig. 1) is due to Margolin 
et al.,? and a slight modification of the a + 6/8 
boundary (shown dotted) has been proposed by 
McQuillan.‘ The structure of the phase Ti,Ni was 
shown by Duwez and Taylor’ to be face-centered- 
cubic, with 96 atoms per structure cell. 

The formation of a martensitic a phase (close- 
packed-hexagonal) in Ti-Ni alloys has generally 
been observed when specimens of low nickel con- 
tent are rapidly cooled from the £ (body-centered- 
cubic) range. Margolin et al. reported an increasing 
tendency for 8 to be retained in lump specimens as 
the nickel content increases. McQuillan* has studied 
the effect on the microstructure of delay time in 
quenching, and has reported the formation of pro- 
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Fig. 1—Data for the phase diagram of the Ti-Ni system was 
taken from Margolin et al.° 


eutectoid a precipitate in a quenched hypoeutectoid 
alloy. 

In a previous study of Ti-Fe alloys,’ experiments 
were made on powder specimens produced by filing 
alloy ingots. Techniques were devised for the prep- 
aration and heat treatment of alloys, and X-ray 
diffraction methods were used both for structure 
determinations and phase ratio estimations. A simi- 
lar approach has been made in this study of Ti-Ni 
alloys. 


Experimental Methods 
Ten alloys ranging from 0.25 pct to 18 pct Ni* 


~ * All compositions are in atomic percentages unless otherwise 
stated. 


were prepared from iodide titanium bar stock (hard- 
ness Rr 72) and Johnson-Matthey spectrographic 
standard nickel by levitation melting.’ As a check 
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Fig. 2—a’ structure is seen in micrograph of a 1 pct Ni alloy 
quenched from 1000°C. Sample was etched in 5 pct HF 
aqueous with a nitric acid rinse. X800. 


of ingot homogeneity, filings ranging in size from 
+65 to —325 mesh (Tyler screen) were cut from 
different locations of the ingots and annealed until 
equilibrium was attained. Equilibrium was estab- 
lished, both here and in another aspect of the work 
referred to later, by making X-ray diffraction plots 
on a Geiger counter spectrometer during annealing 
until all metastable phases had disappeared and no 
further changes in constitution occurred. At this 
point it was assumed that equilibrium had been 
reached. Microscopic and X-ray diffraction exam- 
ination of the fully annealed powders revealed 
similar phase constitution in all filings from each 
ingot, regardless of the location from which they 
were cut and their screen size. Homogeneity is, in 
fact, a pleasing characteristic of alloys made in 
small quantities by levitation melting and chill 
casting. 

In the heat treatments to be described, powder 
specimens obtained by filing the ingots were 
quenched from elevated temperature by a blast of 
argon or helium. The technique has already been 
described.* Most of the work was carried out on 200 
to 325 mesh and 48 to 65 mesh filings. While —200 
mesh powder sintered during soaking (unless the 
samples were continuously rotated), the +65 mesh 
powder remained unsintered and therefore quenched 
more rapidly. Consequently, —200 mesh and +65 
mesh powders of a given composition, quenched 
either by argon or helium, show a different consti- 
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Fig. 3—Hardness in Vpn was plotted ys composition for as- 
quenched sintered alloy powders; and the percentage of re- 
tained 8 was plotted vs composition for helium-quenched 
specimens. 
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Fig. 4—Shown in this micrograph of a 6 pct Ni alloy is the 


100 pct retained 6 structure. Sample was etched in 5 pct 
HF aqueous with a nitric acid rinse. X800. 


tution due to the different quenching rate experl- 
enced by each sample. A series of experiments 
showed that these differences were not due to vari- 
ations of particle size. 

Measurements made by recording thermocouple 
potential on a cathode ray oscilloscope showed the 
helium quench from 1000°C to be about five times 
faster than an argon quench. Thus three different 
quenching speeds were used: 1) helium quench 
+65 mesh (fastest), 2) helium quench —200 mesh 
(intermediate), and 3) argon quench —200 mesh 
(slowest). Obviously it is not possible to make ab- 
solute measurements of these quenching rates. 

Specimens were isothermally tempered in evacu- 
ated silica tubing. Most of these treatments were 
below 600°C, but for higher temperatures molyb- 
denum linings were used to prevent reaction be- 
tween the alloy and silica. 

Hardness measurements regularly made on 
pure titanium filings which were subjected to 
similar heat treatments as the alloys showed that 
the extent of contamination was much the same as 
in the Ti-Fe work,’ for which detailed values have 
already been given. Hardness measurements were 
made with a Bergsman microhardness tester, using 
a 10 g load applied to a diamond indenter. 

Phase ratios were computed from relative line 
intensities measured from X-ray spectrometer plots. 
CuKa radiation was used throughout. The ratio of 
intensities Ti,Ni™ : a». was determined for a series 


of Ti-Ni alloys which had been heat treated just be- 
low eutectoid temperature until equilibrium was 
reached. Hence the foregoing ratio of intensities for 
a given alloy was related to the corresponding per- 
centage of Ti.Ni deduced from the phase diagram. 
As the diffraction characteristics of a and a’ phases 
are very similar, subsequent line intensity ratios 
TiNi™ : aw OF a’, could be directly converted into 


phase ratios. In determining the amount of 8 phase, 
random nickel solute distribution was assumed, and 
a calculation was made of relative intensities ex- 
pected from equal quantities of ai: OF ain and Buo. 
Line intensity ratios could then be converted into 
phase ratios. Details of this type of computation 
have already been given. 


Experimental Results 


Constitution and Microstructure of Quenched Al- 
loys—A series of powder samples quenched from 
the B range was examined by X-ray diffraction and 
metallographic methods. No differences were ob- 
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served within a given alloy when the soaking time 
was raised from 1 min upward. Alloys were 
quenched from 1000°C with the exception of some 
of the hypereutectoid compositions which required 
slightly lower soaking temperatures to avoid fusion. 

Sintered and unsintered samples containing less 
than 2 pct Ni showed a completely transformed 
8 structure after either argon or helium quenching. 
This structure is believed to be martensitic and is 
designated a’, Fig. 2. Compositions above 2 pct Ni 
showed differences in constitution with varying 
quenching speed. Argon quenching sintered powders 
produced 100 pct a’ in alloys containing up to 6 pct 
Ni. The microstructure becomes finer with increas- 
ing alloy content—an observation that has been 
made in the Ti-Cu system.’ The more rapid quench- 
ing rate attained by helium blasting caused increas- 
ing amounts of B to be retained in alloys containing 
more than 2 pct Ni, Fig. 3. By helium quenching, 
an unsintered specimen containing 6 pct Ni can re- 
tain 100 pct £. 

A micrograph of retained 6 in a 6 pct Ni alloy 
reproduced in Fig. 4 shows a substructure that was 
frequently observed in alloys in which 100 pct B 
could be retained. The resolution of the substruc- 
ture under the microscope seems to depend upon the 
grain orientation. Subboundaries have been ob- 
served in retained 8 structures of high manganese 
alloys of Ti-Mn-N” and were attributed to nitro- 
gen-rich a precipitation. However, nitrogen con- 
tent in the heat treated Ti-Ni alloys is believed not 
to exceed 0.02 pct. No second phase was detected by 
X-ray diffraction methods. 

Investigations of alloys containing between 9 pct 
and 11 pct Ni (the limit of solubility of nickel in £- 
titanium) show that Ti.Ni precipitates in powders 
no matter how rapidly they are quenched from 
950°C. Presumably diffusion rates are rapid at the 
temperature of the B/8+ Ti,Ni boundary. Alloys 
containing more than 11 pct Ni, quenched from the 
B+ Ti,Ni region, showed those phases in their 
structure. 

High temperature X-ray goniometry studies (the 
technique for which has already been described)°" 
confirmed the existence of 100 pct 8 in an 11 pct 
Ni alloy held at 950°C. Water quenching a lump 
specimen of this composition retained a completely 
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8 structure, suggesting that the precipitation of 
Ti,Ni is more rapid in powders than in lumps. 
Hardness of Quenched Alloys—Fig. 3 shows the 


variation of hardness with composition in alloy 


powders (—200 mesh) quenched in the sintered con- 
dition. The more rapidly quenched samples (helium 
quench) retain 8 more readily and show higher 
hardness values than the argon-quenched powders. 
In unsintered powders of alloys containing 6 pct Ni 
and above, in all sizes from +65 to —200 mesh, the 
transformation of 8 is completely suppressed by 
helium quenching. The presence of mixed struc- 
tures a’ + 6 leads to higher hardness values at a 
given composition. For example, in the 6 pct alloy 
a helium-quenched sintered specimen contains 80 
pet a’ and 20 pct B with a hardness of 475 Vpn. The 
unsintered specimen, with a correspondingly faster 
quenching rate, shows 100 pct retained 6 and has a 
hardness of only 390 Vpn. An argon-quenched (the 
slowest quenching rate) sintered specimen of the 
same alloy contains 100 pct a’ and has a hardness of 
430 Vpn. 

Stabilization of the 8 phase was not observed in 
either hypoeutectoid or hypereutectoid alloys when 
cooling rates slower than argon quench were em- 
ployed. The retained 6 phase in a 6 pct Ni alloy 
remained untransformed on subsequent cooling to 
liquid oxygen temperature; nor could a martensitic 
transformation be induced by cold working powders 
at room temperature prior to subzero quenching. 

Isothermal Decomposition of a’ Phase in a 6 Pct 
Alloy—A detailed analysis of this process has been 
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Fig. 6—Hardness in Vpn is plotted ys time during the iso- 
thermal decomposition of a’. 
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Fig. 7—Structure of 
a 6 pct Ni alloy is 
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published.” The decomposition produces a + Ti,Ni 
of equilibrium compositions; and the growth stage 
of the reaction was described quantitatively by 
measuring the amounts of Ti,Ni formed during va- 
rious stages of heat treatment. Fig. 5 shows the re- 
action curves (typical of many growth processes) 
which may be described by a generalized form of 
the Johnson-Mehl equation. 

Hardness measurements at various stages of iso- 
thermal decomposition at four different tempera- 
tures are shown in Fig. 6. With the depletion of 
nickel in the close-packed-hexagonal structure and 
the corresponding formation of Ti,Ni, there is a 
gradual decrease in hardness values. No initial 
hardness increase was observed during the earliest 
stages of the process. 

Microscopic examination revealed a precipitated 
structure during the reaction at 450° to 525°C, 
Fig. 7. At temperatures nearer to the eutectoid, 
spheroidal precipitates were observed. This was in 
accordance with the detailed kinetic analysis. 

Isothermal Decomposition of Retained 8 Phase in 
a 6 Pct Alloy—The mode of decomposition of re- 
tained 6 and of transformed 6 could fortunately be 
investigated in the same alloy, since argon-quenched 
sintered powders produced the latter constitution, 
while helium-quenched unsintered powders pro- 
duced the former. 

The isothermal decomposition of retained § fol- 
lows a stepwise reaction: 


B (body-centered-cubic) > 
a” (close-packed-hexagonal) > 
a (close-packed-hexagonal) + Ti.Ni. 


a’ is used to designate an intermediate phase 
which is formed before the presence of Ti.Ni is 
detected. At temperatures up to 550°C an isotherm- 
ally heat-treated powder may consist of 100 pct a”. 
The reaction curves are shown in Figs. 8a, b, and c 
with corresponding hardness values for isothermal 
treatments at 400°, 425°, and 450°C. At higher 
temperatures the reaction is extremely rapid; at 
lower temperatures it is very slow. There is no C- 
curve behavior. Apart from the fact that the sub- 
structure disappears, the microstructures, of which 
Fig. 9 is an example, show no evidence of the re- 
action B—a” having occurred. Dark-field and 
polarized-light examination failed to reveal any 
change in microstructure, 


Fig. 9—Microstructure of 100 pct a’ 
grain boundaries. The black marks are etch pits. Sample 
was etched in 10 pct HF in glycerine with a nitric acid 
rinse. X800. 


shows the original 8 
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The positions of the diffraction peaks of the «” 
phase correspond to those of a’ formed on quench- 
ing. During the early stages of the reaction there 
is a broadening of the originally sharp £6 diffraction 
lines; the w” reflections, appearing as a result of the 
reaction, show an initial broadening and then be- 
come progressively sharper. Fig. 8 illustrates this 
fact and also shows that the hardness curve of the 
reaction follows the same initial increase and sub- 
sequent decline. 

The second stage of the reaction, (w” > a + Ti,Ni), 
yields very similar reaction curves, Fig. 10, to the 
decomposition of a’. However, the amount of Ti,Ni 
detected at any time is slightly greater in a” de- 
composition than in «a decomposition. Microscopic 
examination of specimens during stages of the a” 
decomposition revealed similar structures to those 
observed during the a’ breakdown. 

Attempts have been made to reveal the transi- 
tional w» phase, but this has not been detected. 


Discussion of Results 


Effect of Quenching Rate on Constitution—The 
generally accepted theories of diffusionless trans- 
formations do not explain the fact that a more 
rapidly quenched sample tends to retain the high 
temperature phase, while a slower quench produces 
a martensitic structure. In Ti-Ni alloys this effect 
is most marked in the 6 pct alloy which may yield 
a structure consisting entirely of retained 6 or of 
a’. It may, of course, be questioned whether a’ is, in 
fact, martensite. In favor of martensitic reaction 
the evidence can be summarized as follows: 

1—The structure has a strained appearance, Fig. 
2, typical of a martensite, and its X-ray reflections 
are broad. 

2—If the phase were a rather than a’, a second 
phase (Ti.Ni) would conceivably precipitate simul- 
taneously. This might not be detectable by X-ray 
or microscopic techniques, but on subsequent tem- 
pering there would be no induction period prior to 
the growth of Ti,Ni. Fig. 5 shows that an induction 
period is, in fact, experienced. 

3—If a diffusion reaction occurred, the hyper- 
eutectoid 6 pct alloy would probably precipitate 
Ti,Ni rather than a. However, no Ti.Ni is observed 
in quenched alloys containing less than 9 pct Ni. 

The retention of a high temperature phase by 
rapid quenching (while slower quenching produces 
martensite) has also been observed in some iron al- 
loys by Kurdjumov and Maksimova,” who showed 
that shear processes might be suppressed. 

Isothermal Decomposition of a’ > «a + Ti,Ni—The 
curves in Fig. 5 are typical of processes in which 
nucleation does not contribute appreciably to the 
reaction after the induction period. Calculations” 
show that the activation energy for the reaction is 
84,000 cal per mol, and that at temperatures up to 
550°C the growth of Ti,Ni in platelet form around a 
needles is to be expected. The hardness decrease 
during the reaction, Fig. 6, is analogous to the ob- 
servations of Holden et al.’ for Ti-Cu alloys. 

Isothermal Decomposition of Retained > a”— 
Kurdjumov and Maksimova”™ showed that the re- 
tained high temperature phase in some iron alloys 
decomposed isothermally to martensite on temper- 
ing at temperatures below M,. No M, temperatures 
have yet been determined for the Ti-Ni system, but 
it is most likely that the tempering temperatures in 
this work are above M,. However, it is impossible 
to be certain whether 8— a” transformation is of 


TRANSACTIONS AIME 


500° 
° x 
WA x 525° 
© 650° 
2 3 4 


£06, TIME (minutes) 


Fig. 10—Isothermal reaction curves are given for the decom- 
position of a” in a 6 pct Ni alloy. 


martensitic or diffusion type. The shape of the 
growth curves is similar to that reported for some 
other systems and analyzed by Cohen et al.,“ who 
concluded that the reactions involved were marten- 
sitic. On the other hand, it is unusual for an iso- 
thermal martensitic process to show no C-curve be- 
havior. Evidence in favor of a reaction involving 
diffusion may be stronger, since the subsequent for- 
mation of Ti.Ni from a” is a little more rapid than 
its formation from oa’. This implies that nuclei of 
Ti,Ni have formed during B— a” reaction, or that 
their formation during the early stages of break- 
down of a” is facilitated by composition fluctuations 
set up during the B— oa” reaction. The comparative 
ease of reaction a” ~ a + Ti,Ni over a’ > a + Ti,Ni 
(suggesting the presence of Ti,.Ni nuclei formed 
during the B> a” process) is borne out by the re- 
spective activation energies of 71,000 (see the next 
section) and 84,000 cal per mol. 

It may be fairly safely concluded that nucleation 
rather than growth by diffusion is the rate-control- 
ling factor during the first stages (up ‘to 50 pct 
transformation) of Ba” decomposition. Line 
breadths increase to a maximum during this stage, 
Fig. 8—a fact which together with the hardness in- 
crease suggests a structure strain due to coherency 
between the two phases 6 and a”. During the later 
stages of the reaction, incoherent growth of exist- 
ing nuclei, or possibly strain relief by shear, would 
account for the hardness decrease. 

Isothermal Decomposition of a” > a + Ti,.Ni—This 
appears to be a similar process to item 2, but the in- 
duction period is reduced a little as discussed pre- 
viously. Once under way, the breakdown of a” shows 
similar characteristics to that of a’; both a” and a’ 
yield decomposition curves that imply growth-con- 
trolled processes, and both produce similar micro- 
structures. Calculations show that the activation 
energy of this reaction is 71,000 cal per mol. 
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Strain-Induced Porosity and Hydrogen 


Embrittlement in Zirconium 


Pronounced porosity, decreasing with distance from the fracture surface, is found 
in the necked region of tensile specimens tested at room temperature or liquid nitrogen 
temperature. A hydrogen solution treatment followed by a quench prevents pore forma- 
tion in tests at —196°C, but has little effect on tests made at room temperature. Re- 
duction of area values at —196°C are strikingly improved by the same treatment, but 
show no improvement in room temperature tests. The experimental results support the 
hypothesis that strain-induced porosity results with hydride initially present or, in material 
containing less than 50 ppm H, with hydride precipitated by strain aging. 


by F. Forscher 


IRCONIUM’S advent as an engineering material 

in nuclear reactor construction has brought 
forth many investigations concerned with the prop- 
erties of this metal and its alloys. Some attention 
has been given to the ductility of the metal." * Par- 
ticularly, the effect of hydrogen on the impact 
strength was noted,’ indicating a pronounced de- 
pendence of ductility on the hydrogen content and 
its distribution in the metal. Micrographic* and 
X-ray diffraction studies‘ have shown that a pre- 
cipitated hydride phase causes embrittlement in zir- 
conium, which implies a distinctly different mecha- 
nism from that causing hydrogen embrittlement in 
steels.°" In the latter case, it is assumed that atomic 
hydrogen diffuses to rifts, where it forms molecular 
hydrogen under such internal pressures that it causes 
the rifts to enlarge, leading to fracture. Thermo- 
dynamic studies of the Zr-H system* ° also indicate 
that the internal pressure of molecular hydrogen 
would be too low to cause any damage to the zir- 
conium at room temperature, and the formation of 
a zirconium hydride (6 phase) is favored.” It is note- 
worthy that this phase has a face-centered-cubic 
structure and nearly 18 pct larger molar volume 
than close-packed-hexagonal a-zirconium.” 

Other features of the ductility of zirconium are 
the absence of a typical cup-cone failure upon tensile 
testing, a pronounced strain-induced porosity in the 
necked region of a tensile bar, Fig. 1, and the asso- 
ciated spongy appearance of the fracture surface. A 
tremendous improvement in ductility at liquid nitro- 
gen temperature can be observed following a heat 
treatment that retains the commonly present quan- 
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tities (10 to 50 ppm) of hydrogen in solution. Such 
tests show a typical cup-cone failure and the ab- 
sence of strain-induced porosity, Fig. 2. The present 
paper reports results of an investigation into the 
causes of strain-induced porosity in zirconium. Room 
temperature tensile fractures of mild steel, alu- 
minum, and titanium have also been examined for 
strain-induced porosity. In each case porosity could 
be detected, but the amount was orders of magni- 
tude less than was found in zirconium. Of the three 
metals, titanium showed the strongest effect. 


Material, Specimens, and Preparation 
The greater part of this investigation was done 
on Westinghouse crystal bar zirconium, arc-melted, 
forged, and hot-rolled. Chemical analyses of the 
hot-rolled plates are given in Table I, along with 


Table 1. Composition of Ingots Used in Investigation 


H716 G570 
H710 H711 Westing- Westing- 
Foote Crys- Foote Crys- house Crys- house Crys- 
tal Bar tal Bar tal Bar tal Bar 
Spectrochemical Analysis, = 0.005 Wt Pct 
Fe 0.015 0.024 0.015 0.030 
Hf 0.016 0.016 0.008 0.015 
Chemical Analysis, Ppm 
Oo 80 600 00 200 
(G; 90 140 80 200 
N 14 7 ve 20 
H 35 34 25 5 


those of the Foote crystal bar zirconium used in this 
work. The specimens were machined from the hot- 
rolled plate (1550°F) of % in. thickness and sub- 
sequently heat-treated according to one of the 
treatments shown in Table II. 

All specimens were machined round, the longi- 
tudinal axis in the rolling direction, with a gage 
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Fig. 2—Typical differences in 
the low temperature (—196°C) 
behavior between a quenched 
specimen, bottom bar and LEFT, 
showing 0.1 pct porosity near 
fracture and 64 pct reduction 
in area; and a slow cooled 
specimen, top bar and RIGHT, 
showing 6.1 pct porosity near 
fracture and 24 pct reduction 
in area is pictured. X15. Area 
reduced approximately 35 pct 
for reproduction. 

Bars illustrate the effect of hy- 
drogen solution treatment on 
tensile properties at —196°C; 
bars contained 35 ppm Hy. Bot- 
tom bar was treated at 400°C 
for 3 hr in vacuum, furnace 


Fig. 1—Micrographs show 
typical strain-induced porosity 
in the necked region of tensile 
specimens of zirconium in the 
hot-rolled condition tested at 
room temperature. LEFT: Lon- 
gitudinal section, attack pol- 
ished, standard preparation. 
X15. RIGHT: Transyerse sec- 
tion, diamond dust abraded. 
X50. Area reduced approxi- 
a : mately 35 pct for reproduction. 


cooled. The bar displayed the 
following properties: 2 pct yield 
strength at 22,600 psi; tensile 
strength, 62,400 psi; uniform 
strain, 23.4 pct; 24.0 pct re- 
duction in area; 0.262 work 
hardening coefficient. Top bar 
was treated at 400°C for 3 hr 
ice and brine quenched. Properties displayed were: 2 pct yield 
uniform strain; 64.0 pct reduction in area; 0.238 work hard- 
ening coefficient. 


length of 3 in. and a diameter of 0.250 in., Fig. 3. 
Notched specimens were tested with an included 
angle of 45°, 90° and 150°, and a notch root diam- 
eter, 0.250 in., equal to the unnotched specimen 
diameter. 

Evidence of porosity is presented mainly in micro- 
graphs of longitudinal and transverse sections 
through the strained region of tensile specimens. An 
attack polishing technique for reproducible prep- 
aration of the sample has been used. Samples were 
rough ground on a No. 180 grit silicon carbide wet 
belt, and abraded to a 4-0 emery paper finish by 
hand. Polishing was performed on a 500 rpm gamal 
covered lap using Linde B polishing abrasive. A 
few drops of acid solution consisting of 70 pct H.O, 
29 pet HNO,, and 1 pct HF were added to the cloth 
periodically. Polishing time was 2 to 3 min. 

In order to describe the strain-induced porosity 
in a quantitative manner the following method was 
adopted. An X15 micrograph was taken of the attack 
etched surface and a 50 mil grid superimposed on 
' the print. By means of this grid the percent area 
occupied by the pores in the plane of polishing could 
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be determined quantitatively. Superimposing the 
grid on the same micrograph, but in a different 
direction, resulted in reproducible values of per- 
centage of porosity to within +£0.05 pct. 

The polishing procedure outlined will probably 
modify the true geometry of the pores and result 
in an apparently higher percentage of porosity per 
unit area of cross section. To evaluate this effect, 
a technique had to be developed which would result 
in a quantitative agreement between micrographi- 
cally determined porosity and density changes. This 


Table II. Heat Treatments Used in Investigation 
Tem- 
pera- 
ture, Time, 
Designation °C Medium Hr Cooling 


Iced brine quench 
Furnace 


Helium 3 


Quenching 400 
Vacuum or helium 3 


Slow cooling 400 


technique consisted of dry machining, grinding, and 
diamond dust abrading of the surface. The geometry 
of the pores subsequent to this preparation, Fig. 1, 
is more irregular and less rounded than after the 
attack polishing technique. Porosity in this speci- 
men was measured by the grid method on an X15 
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Fig. 3—Diagrams illustrate round tensile specimen and 
notched tensile specimens. 
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Fig. 4—Graph plots density as a function of distance from 
fracture. 


print, as well as by the cut-out method, on a series 
of sixteen X150 prints. Either method resulted in 
good agreement with the measured density change. 

A comparison of porosity and density may be 
made from Fig. 4. In this experiment, a forged and 
hot-rolled crystal bar zirconium rod was machined 
into an oversized tensile specimen of 1.50 in. diam, 
5 in. gage length, and tested at room temperature. 
Subsequently, a 1 in. long, 0.50 in. diam cylinder 
was machined from the necked region of the bar 
and sliced into nine disks, on which density and 
porosity measurements were performed.* It is seen 


*In Fig. 4 the fracture plane was defined as that plane which 
first gave a smooth, continuous boundary of the cross section after 
consecutive polishing of the cross section. 


that the porosity measured on the diamond dust 
abraded surface, 3.6 pct, is in agreement with the 


6.505-6.287 
6.505 


100 = 3.4. The density of this disk was determined 
by careful measuring and weighing, and by the im- 
mersion technique, using different liquid media. The 
density of the other eight disks was determined by 
immersion in CCl,. X-ray transmission photographs 
of the disks also show the porous nature of the de- 


average density change of the disk, 
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formed material clearly, but no quantitative work 
has been done along this line. 

Hydrogen analyses were performed by vacuum 
diffusion methods with an accuracy within about 
5 pet of the reported value. 


Effect of Annealing Time and Temperature 
on Porosity 

It has been observed that the strain-induced 
porosity decreases with distance from the fracture 
surface. In order to obtain a quantitative descrip- 
tion of this behavior a number of specimens were 
tested at room temperature and prepared after frac- 
ture tor porosity evaluation. One half of the frac- 
tured specimen was sectioned longitudinally, Fig. 5a; 
while the other half of the specimen was mounted 
so that consecutive transverse cross sections could 
be attack etched and the amount of porosity evalu- 
ated, Fig. 5. The series of micrographs in Fig. 5b-g 
is typical of strain-induced porosity. Five speci- 
mens of different heat treatments were prepared and 
analysed in this fashion. The porosity, as measured 
from the micrographs, is plotted against distance 
from fracture in Fig. 6. It is seen that in each case 
the porosity decreases sharply with distance from 
fracture. Subsequent hydrogen analyses on samples 
from the gage length of the specimens revealed that 
the specimens with the least amount of hydrogen 
also showed the least amount of porosity. 

Two conclusions may be made from this series 
of five specimens. First, an annealing treatment in 
the a or B field of zirconium? in itself has little effect 


+ An allotropic transformation from the hexagonal-close-packed 
a to the body-centered-cubic 8 phase occurs at 862°C. 


on porosity except through the residual hydrogen 
remaining in the specimens after the treatment. 
Secondly, eyen 1.5 ppm H can cause a measurable 
porosity near fracture in a slowly cooled specimen. 

A grain size effect was found in specimen No. 
H716-4, which was a annealed at 840°C for 48 hr. 
This heat treatment resulted in a banded structure 
frequently encountered in zirconium, typified by the 
structure shown in Fig. 7a. The tensile tested speci- 
men showed a predominance of pores in the small 
grained region. The experiment was repeated on 
specimen No. H716-10 with identical results, shown 
in Fig. 7. This effect of a grain size on porosity is 
at present not understood. 


Effect of Triaxial Strain on Porosity 

It may be concluded from Figs. 1, 4, 5, and 6 that 
the triaxiality of the strain in the necked region of 
the tensile specimens has a pronounced influence on 
the formation of the strain-induced porosity. Addi- 
tional evidence of the effect of triaxiality is shown 
in Fig. 8. Room temperature tensile tests were per- 
formed on a series of specimens with different notch 
angles but identical root radii and root diameters. 
In such a series the plastic triaxiality changes from 
the root of the notch in a sharply notched specimen 
to the center of the specimen with a _ shallow 
notch.” ” Fig. 8 indicates that strain-induced porosity 
also changes from the root of the 45° notch to the 
center of the piece with the 150° notch. 


Effect of Quenching on Porosity and Ductility 
Previous investigations” * have revealed that the 
impact toughness is greatly increased by quenching 
from above 316°C. A similar improvement in duc- 
tility is expected in a tensile test if the formation 
of the hydride phase is inhibited. This contention ~ 
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is strikingly illustrated in Fig. 2, which shows the 
results of tensile tests at —196°C. The quenched 
specimen, No. H710-L-12, showing no strain-induced 
porosity, was the first specimen to show a typical 
cup-cone failure. Another noteworthy feature of 
the two specimens shown in Fig. 2 is the pronounced 
difference in ductility. The quenched specimen has 
both higher uniform ductility and better reduction 
in area, Table III. Tests on similarly treated speci- 
mens performed at room temperature show little 
difference in appearance, porosity, or ductility 
values, Table III. It is therefore concluded that 
hydride formation in the quenched specimens must 
take place during the room temperature testing, and 
that the good ductility in impact tests is due to the 
higher strain rate, which evidently was fast enough 
to prevent hydride formation. The effect of strain 
rate on the ductility at room temperature was in- 


Fig. 5—Micrographs a to g were taken of 
specimen No. H716-2. Heat treatment: 
600°C, 2 hr in vacuum, furnace cooled. 
Hydrogen content, 23 ppm. X15. Area 
reduced approximately 35 pct for repro- 
duction. 


Fig. 5b—Micrograph is taken 15 mil 
from fracture. Porosity equals 9.5 pct 


of area. of area. 


Fig. 5e—Micrograph is taken 90 mil 
from fracture. Porosity equals 0.9 pct 
of area. 


of area. 
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Fig. 5a—Micro- 
graph shows longi- 
tudinal section 
near fracture of 
specimen No. 
H716-2 tested at 
room temperature. 


Fig. 5c—Micrograph is taken 35 mil 
from fracture. Porosity equals 4.6 pct 


Fig. 5f—Micrograph is taken 124 mil 
from fracture. Porosity equals 0.8 pct 


vestigated, and the results reported in a later section. 

Further evidence that strain-induced hydride pre- 
cipitation occurs at room temperature is presented 
in Fig. 9. Two specimens containing 5 ppm H were 
quenched from 400°C and tested to beyond the local 
necking stage. The upper specimen, tested at room 
temperature, shows porosity in the necked region; 
while the lower specimen, tested at —196°C, shows 
no detectable porosity. 

The effect of quenching on the porosity and duc- 
tility at —196°C is so pronounced that it is possible, 
by quenching from different temperatures, to estab- 
lish at what treatment temperature all hydrogen 
is in solution. Fig. 10 shows the results on duplicate 
specimens tested at —196°C after an iced brine 
quench from different solution treatment tempera- 
tures. Associated with the decrease in necking strain 
is an increase in porosity, indicating that hydrides 


Fig. 5d—Micrograph is taken 63 mil 
from fracture. Porosity equals 1.7 pct 
of area. 


Fig. 5g—Micrograph is taken 205 mil 
from fracture. Porosity equals 0.0 pct 
of area. 
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Table III. Tensile Test Results on Quenched and Slow Cooled Specimens* 


Test 0.2 Pet Tensile Uniform Reduction 
Speci- Temperature, Yield Strength, Strength, Elongation, in Area, 
men No. Treatment °C 1000 Psi 1000 Psi Pet Pct 
H710-11 Slow cooled —196 25.5: 62.4 24 24 
H716-23 Slow cooled —196 26.4 68.8 40 50 
H710-12 Quenched —196 32.6 77.2 53 64 
H716-21 Quenched —196 30.0 66.5 48 70 
H710-10 Slow cooled Room 20.7 37.0 24 45 
H716-28 Slow cooled Room 19.4 31.7 24 50 
H710-9 Quenched Room 20.8 35.4 26 oF 
H716-30 Quenched Room 22.0 36.1 14 56 


* Deformation rate was 0.05 in. per min. 


must have been present before the low temperature 
tensile test. The choice of necking strain as the de- 
pendent variable in Fig. 10 was dictated by the 
observation that porosity develops during straining 
beyond the limit of uniform strain and before frac- 
ture. From Fig. 10 it may be concluded that all 
hydrogen present must have been in solution sub- 
sequent to a 300°C quench. This value is in good 
agreement with the reported terminal solubility 
temperature for 34 ppm H.*: 


t Schwartz and Mallett’s! data extrapolated to a value of 200°C 
for 35 ppm H. 


Effect of Hydrogen Content on Porosity 


It is seen in Fig. 9 that as little as 5 ppm H may 
cause strain-induced porosity at room temperature. 
It is not feasible to eliminate all hydrogen, but an 


KEY: H-7IG-2 600°C, 1/2 HR, VAC, F.C 
OH-71I6-! AS HOT ROLLED 
X H-7I6-6 900°C, 1/2 HR, VAC, F.C. 
+ H-7I6-4 840°C, 48 HR, VAC, F.C. 
A H-7I6-8 050°C, 48 HR, VAC, F.C. 


25.0 ppm Ho 
23.4 ppm Ho 
11.9 ppm Ho 
4.1 ppm 
1.4 ppmH 


NOTE: TESTED AT ROOM TEMPERATURE 


POROSITY (% AREA) 


° 25 50 75 100 125 150 75 200 225 
DISTANCE FROM FRACTURE (MILS) 

Fig. 6—Graph plots porosity ys distance from fracture of zir- 

conium specimen. Tests are given at room temperature, 

with various heat treatments. 


appreciable decrease in the hydrogen content may 
be achieved by a long $-anneal in a good vacuum. 
Specimen No. H716-8 was annealed at 1000°C for 
48 hr in vacuum, <0.03u, and furnace cooled. Fig. 11 
shows the porosity developed in this specimen dur- 
ing a room temperature test. A sample from the 
gage length analysed 1.4 ppm H. The pronounced 
decrease in porosity is apparent when Fig. 11 is 
compared with Figs. 1 and 5a. 


Introducing more hydrogen into the material did 
not increase the porosity beyond the usual magni- 
tude, Fig. 6, but it did decrease the ductility, as 
discussed in the next section. 

All test results are in agreement with the hypo- 
thesis that strain-induced porosity is another mani- 
festation of the effect of hydride in zirconium. This 
hypothesis is further checked by tensile tests per- 
formed at temperatures above that at which hydro- 
gen is taken into solution. Fig. 12 shows the results 
of two elevated temperature tensile tests of zir- 
conium containing 25 ppm H. The terminal solution 
temperature for 25 ppm H in zirconium is found to 
be about 260°C by extrapolation of Gulbransen and 
Andrew’s data.’ The absence of pores at the 300° 
test and the presence of pores in the 250°C test are 
in good agreement with the predicted value. 


Effect of Hydrogen Content on Ductility 

Mudge® reported that as little as 10 ppm H in 
zirconium may cause a noticeable embrittlement, 
and that with increasing hydrogen content the de- 
gree of embrittlement is increased. These conclu- 
sions were based on impact data and correlate well 
with the tensile ductility data presented in Fig. 18, 
where reduction in area is plotted on a linear natural 
strain scale vs hydrogen content. 

The data show that a hydrogen content up to 
about 50 ppm has a pronounced effect on ductility, 
and is particularly noticeable in —196°C tests in the 
quenched condition. In such low temperature tests 
the improvement in ductility by quenching is most 
striking, while in room temperature tests the data 
may be considered to fall within a band containing 
slow cooled as well as quenched specimens. With 
increasing hydrogen content the beneficial effect of 
the quenching treatment noted in tests at —196°C 
for specimens having low hydrogen content vanishes, 
presumably because even the fastest quench used 
in these experiments was not sufficient to retain the 
increasing amount of hydrogen in supersaturated 
solid solution. Ductility evaluation as a function of 
time after quench for zirconium with 60 ppm or 
more hydrogen has not been performed. 


Table IV. Effect of Strain Rate on Ductility of Zirconium with Low Hydrogen Content, 5 Ppm 


Test Test Rate, Tensile Uniform Reduction 

Specimen Temperature, Heat In. per Strength, Elongation, in Area, 
No. G570 °C Treatment Min 1000 Psi Pet Pet 
18 Room Slow cool 0.5 32.1 22 53 
19 Room Slow cool 0.0 28.9 27 58 
1 Room Quench 0.5 29.7 38 61 
2 Room Quench 0.0 29.7 28 48 
20 —196 Slow cool 0.5 69.2 61 64 
6 —196 Slow cool 0.0 68.8 56 67 
9 —196 Quench 0.5 72.1 68 75 
7 —196 Quench 0.0 T2:.3 60 "ae 
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Fig. 7—Micrographs show effect of grain size on strain-induced porosity in partially dehydrogenated specimens. Heat treatment: 


840°C, 48 hr in yacuum, furnace cooled. Hydrogen content, 4.1 ppm. X15. Area reduced approximately 35 pct for reproduction. 
LEFT: Typical banded structure is shown in the unstrained condition, transverse cross section. CENTER and RIGHT: longitudinal 


Cross sections after room temperature testing. 


Effect of Strain Rate on Ductility 

A comparison of ductility values, Table III, for 
the slow cooled and quenched condition, and the 
observation on porosity shown in Fig. 9 suggest that 
a strain aging phenomenon is operative. At high 
strain rates and/or low temperature, less hydrogen 
has time to precipitate as a hydride. Consequently, 
quenched specimens of sufficiently low hydrogen 
concentration for all of it to be in solution after 
quenching should show increasing ductility with 
increasing strain rate at temperatures where the 
precipitation rate is comparable to the strain rate. 

To check this hypothesis, a number of specimens 
from an ingot of low hydrogen content (G570) were 
quenched and tested at two testing speeds, 0.5 and 
0.005 in. per min. The results, Table IV, show the 
expected increase in ductility at faster rates, from 
48 to 61 pct, at room temperature. At —196°C, the 
ductility, 72 and 75 pct reduction in area, is not 


Fig. 9—Micrographs show ef- 
fect of temperature of test on 
the porosity of quenched speci- 
mens with low hydrogen con- 
tent (5 ppm). LEFT: Specimen 
No. G470-4 tested at room 
temperature. RIGHT: Specimen 
No. G570-3 tested at —196°C. 
X25. Area reduced approxi- 
mately 35 pct for reproduction. 
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Fig. 8—Micrographs show effect of triaxiality on strain-induced porosity. With increasing notch sharpness, the maximum tri- 
axiality moves from the center of the bar to the region near the root of the notch. The specimens from ingot No. H716 were 
tested at room temperature in the hot-rolled condition. LEFT: 150° notch. CENTER: 90° notch. RIGHT: 45° notch. For orig- 
inal dimensions, see Fig. 3, lower diagram. X15. Area reduced approximately 35 pct for reproduction. 


affected by strain rate. The precipitation rate at 
this temperature is probably too slow. Table IV 
contains the corresponding values for the slow 
cooled condition which, as expected, shows practi- 
cally no rate effect on the ductility, since the 
hydride is already present before testing. 


Effect of Porosity on Ductility 


Reduction in area values for porous specimens is 
only a crude measure of ductility. The metal be- 
tween pores is subjected to much higher natural 
strain values than would be concluded from the 
overall ductility measure, since the true load carry- 
ing area is reduced by the presence of the pores, and 
the material between pores is subjected to complex 
triaxial straining comparable to that present under 
a notch. To evaluate this effect quantitatively, it 
was first necessary to measure the true notch duc- 
tility in the absence of porosity. Notched and un- 
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Fig. 10—Graph plots ductility at —196°C as a function of 
quenching temperature. Necking strain was selected as 


measure of ductility because of its significance with respect 
to strain-induced porosity. 


Fig. 11—Micrograph 
shows longitudinal 
section after a room 
temperature test of 
dehydrogenated 
specimen No. 
H716-8, showing 
little porosity. Heat 
treatment: 1000°C, 
48 hr in vacuum, 
furnace cooled. Hy- 
drogen content, 1.4 
ppm. X15. Area re- 
duced approximately 
35 pct for repro- 
duction. 


notched specimens of the design shown in Fig. 3 
were dehydrogenated at 840°C for 48 hr in vacuum, 
which left a residual hydrogen content of about 4.0 
ppm in the specimens. The specimens were quenched 
from 400°C in iced brine to retain the residual hy- 
drogen in solution, then tested at —196°C. Subse- 
quent examination of a longitudinal section through 
the fracture revealed no porosity. Therefore, the 
reduction in area was taken as a measure of the 
true notch ductility of the material. Another series 
of specimens of identical geometry, but in the as- 
rolled condition, 25 ppm H, was tested at room tem- 
perature, and showed typical strain-induced poros- 
ity, Fig. 1. The results of these two series are 
given in Table V. It is seen that a 90° notch causes 
the most pronounced decrease in ductility in both 
heat treatment conditions, which implies a mini- 
mum of energy needed to fracture. In the case of a 
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90° notch, the reduction in area in a porous room 
temperature test differs by about 24 pct from the 
reduction in area of a nonporous low temperature 
test. The necking strains of the unnotched speci- 
mens differ by 21 pct. If this series of specimens is 
considered typical of the porosity vs ductility re- 
lation, it may be concluded that the inherent duc- 
tility of interpore zirconium is not affected by po- 
rosity. Strain-induced porosity—internal notches 
—only affects ductility through its introduction of 
triaxiality on the interpore metal, and through in- 
herent localization of deformation in such a process. 


Discussion 

The test results and observations reported in this 
paper are in agreement with the hypothesis that 
strain-induced porosity is a manifestation of the 
effect of hydride in zirconium, It is believed that 
because of the difference in crystal structure and 
molar volume existing between a-zirconium and 
the hydride, the formation of hydride in a-zirco- 
nium is detrimental to the ductility, particularly 
under multiaxial straining. Either because of non- 
coherent interfaces with the zirconium matrix or 
because of an inherently low cohesive strength of 
the hydride platelets, strain discontinuities develop 
within the deforming metal. Under triaxial strain 
conditions the discontinuities must open up into 
pores, not necessarily round, by virtue of the plastic 
flow of the matrix. These discontinuities and inter- 
nal notches are not readily propagated because of 
the excellent ductility of the zirconium matrix. 
However, the strain-induced pores have some effect 
on the overall ductility, since they localize the strain 
in the interpore material, which may be considered 
as a multitude of tiny notched tensile specimens. 
The total elongation to fracture of a stubby, notched 
specimen is very low even in ductile metals. Con- 
sequently, the overall ductility of a specimen with 
strain-induced porosity is similarly decreased. As 
pointed out, this effect is only present under multi- 
axial straining, and should not affect the uniform 
ductility or forming operations in which triaxiality 
in tension is absent. 

A complication arises because the hydride phase 
is likely to form during heat treatment and/or dur- 
ing straining. It has been shown by experiments 
that for the commonly encountered hydrogen con- 
tent (10 to 50 ppm), hydride precipitation may be 
prevented by iced brine quenching from 400°C, at 
which temperature all hydrogen is in solid solution. 
This is an unstable condition at room temperature, 
where hydride will precipitate if the material is 
strained; but if straining is done at —196°C, where 
atomic mobility is much decreased, the tensile test 
will lead to a nonporous fracture in a quenched 


Fig. 12—Micrographs show 
longitudinal sections through 
specimens tested at elevated 
temperatures in the hot-rolled 
condition. Hydrogen content, 
25 ppm. LEFT: specimen was 
tested at 250°C, below the 
terminal solution temperature. 
RIGHT: Specimen was tested 
at 300°C, above the terminal 
solution temperature. X15. 
Area reduced approximately 35 
pct for reproduction. 
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Table V. Comparison of Ductility With and Without Porosity* 


Reduction in Area, Pct, Necking, 
Hydrogen Test for Notch Angle Pet, 
45° 90° 150° Specimen 
Dehydrogenated 
and quenched 4 No pores —196 33 26 51 60 
As-roll 
olled 25 Pores Room 2.6 2.1 6.2 39 


* Ingot No. H716 was deformed at the rate of 0.05 in. per min. 


sample. As expected, quenched specimens show a 
dependence of ductility on deformation rate when 
tested at room temperature, where the atomic mo- 
bility is comparable to the strain rate. 

Such consideration makes it apparent that a 
quantitative relation between hydrogen content and 
porosity is too complex to be of practical use. That 
is, hydrogen must be present as a precipitated 
phase, which may be achieved either by slow cool- 
ing or straining. During straining, the deformation 
rate is expected to affect the amount of hydride. 
Also, the test temperature and hydrogen content 
will have a major influence on the amount of the 
precipitate which, in turn, causes porosity if tri- 
axiality is present. 


Conclusions 

1) The hydrogen content up to 50 ppm has a 
pronounced effect on the ductility of zirconium, 
particularly at subatmospheric temperatures. Hy- 
drogen solution treated and quenched specimens 
show cup-cone failures at —196°C and over 70 pct 
reduction in area, while slowly cooled specimens 
show less than half this ductility at —196°C. 

2) The ductility difference between quenched 
and slow cooled specimens vanishes with increasing 
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Fig. 13—Graph plots effect of heat treatment and test 
temperature on the ductility as a function of hydrogen con- 
tent. The reduction in area scale is based on a linear 
natural strain scale. 
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temperature, and cannot be observed at room tem- 
perature under conventional testing rates. Rate 
sensitive ductility is believed to be the result of a 
strain aging phenomenon. Faster straining of 
quenched specimens results in more ductile be- 
havior at room temperature. 

3) The fracture surface of zirconium tested at 
room temperature has a spongy appearance. Cross 
sections reveal a pronounced porosity near fracture 
which seems to be the result of hydride precipitate 
and triaxial straining. 

4) Qualitatively, the strain-induced porosity in 
zirconium is associated with the hydrogen content. 
The presence of hydride due to slow cooling or 
strain aging always gives rise to porosity, while 
hydrogen in solution leads to nonporous fractures, 
e.g., tests at —196°C of quenched specimens. 

5) The amount of strain-induced porosity which 
may be developed is proportional to the hydrogen 
content, at least up to 30 ppm. 

6) Strain-induced porosity does not appear in 
specimens tested at a temperature at which hydro- 
gen is taken into solution, e.g., 260°C for 25 ppm H. 

7) Strain-induced porosity is strongly affected 
by triaxial tensile strain, such as is at the root of a 
sharp notch or in necked region of tensile specimens. 
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Mechanism of Intercrystalline Fracture 


Microscopic observations during creep tests were made on Al-20 pct Zn, 80 pct 
Ni-20 pct Cr, and 2S and 3S aluminum specimens. All these materials failed in an inter- 
crystalline manner under certain stress and temperature conditions. Particular atten- 
tion was given to the initiation and propagation of intercrystalline cracks in coarse- 
grained Al-20 pct Zn specimens. The geometry of the grains and grain boundaries 
in these specimens was known before the tests. On the basis of the observations and 
a knowledge of the interaction between grains and grain boundaries, a mechanism of 
intercrystalline fracture and propagation of the fracture has been proposed. 


by H. C. Chang and Nicholas J. Grant 


Nee and alloy fracture occurs essentially in 
two ways: transcrystalline and intercrystalline. 
In the past most of the work done in this field was 
centered on the determination of stress criteria for 
fracture. The specimens used for these studies were 
tested under varying conditions of stress state, tem- 
perature, and strain rate. Unfortunately, very little 
attention was given to the initiation and propagation 
of the fracture, whereas the nature of fracture was 
examined closely only after failure. Several exten- 
Sive reviews of these studies have been published by 
Orowan, Smith, Barrett, and Petch.** 

It is well known that a material which exhibits a 
ductile and transcrystalline fracture can be made to 
exhibit a brittle and intererystalline fracture by 
modifying its composition and by heat treatment. 
This modification may or may not result in micro- 
scopically observable precipitation in the grain 
boundaries.’ 

In the creep of any one alloy the transition of 
transcrystalline to intercrystalline fracture is a 
function of stress, strain rate, and temperature.’ The 
tendency for intercrystalline fracture to occur in- 
creases as the strain rate decreases and the testing 
temperature increases. Extensive work on high 
purity aluminum (99.995 pct) under creep condi- 
tions showed the importance of the interaction be- 
tween grains and grain boundaries, and the different 
responses of grain and grain boundaries to the vari- 
ables: stress, strain rate, and temperature.” * It was 
also shown that grain boundary deformation neces- 
sarily has to be accommodated in the grains by 
various deformation means as, for example, fold 
formation. The type of fracture resulting from the 
creep of high purity aluminum was invariably found 
to be transcrystalline. On the other hand, 2S and 3S 
aluminum were, under certain conditions, found to 
fracture in an intercrystalline manner.’ One reason 
given for this was that the grains could accommo- 
date to a lesser extent the deformation of the grain 
boundaries.” 

It was decided to examine this line of reasoning in 
greater detail and to investigate the particular in- 
teractions between grains and grain boundaries that 
result in the incidence and progression of inter- 
crystalline fracture. It is also the purpose of this 
paper to show where and how intercrystalline cracks 
start and how they propagate to result in fracture. 


H. C. CHANG, Associate Member AIME, and N. J. GRANT, 
Member AIME, are Staff Member, Diy. of Industrial Cooperation, 
and Associate Professor of Metallurgy, respectively, Massachusetts 
Institute of Technology, Cambridge, Mass. 

TP 4151E. Manuscript, Apr. 19, 1955. New York Meeting, Febru- 
ary 1956. 
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Fig. 1—Development drawing shows a coarse-grained AI-20 
pct Zn specimen tested at 500°F and 2000 psi. 


Several alloys—Al-20 pet Zn, 80 pet Ni-20 pct Cr, 
2S and 3S aluminum— were used for this study, but 
attention was paid mainly to the behavior of an 
Al-20 pct Zn alloy, since its general creep behavior 
has been established.* 

From the results of this study a mechanism of 
intercrystalline fracture is proposed. 


Experimental Procedure 

The experimental procedure was similar to that 
used in previous work and has been detailed else- 
where.’ Two parallel flat surfaces were milled from 
an originally round specimen, giving a yage portion 
which was 1X0.09X0.17 in. Some round specimens, 
Yq in. round by 1 in., were also tested. 

The Al-20 pct Zn specimens, which were annealed 
at 1030°F for 24 hr, showed two to four grains 
across the width of the test bar, and most of the 
grains occupied the whole thickness of the speci- 
mens. Before some of the specimens were subjected 
to creep, the grain arrangement was mapped out in’ 
a development drawing, Fig. 1. The initiation and 
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Fig. 2—AI-20 pct Zn was 
tested at 500°F and 2000 psi. 
LEFT: Oblique light. Note fold 
formation in grain C due to 
sliding on boundary between 
grains A and B. X100. RIGHT: 
Polarized light. Same area as 
in the micrograph at left 
showing initiation of intergran- 
ular crack at triple point. X75. 
Area of Fig. 2 reduced approxi- 
mately 40 pct for reproduction. 


propagation of cracks were followed by microscopic 
examination during the actual hot creep tests. Six 
such flat Al-Zn specimens were subjected to creep 
at 500°F at stresses of 2000 to 5000 psi, the load 
being applied after the specimens were at tempera- 
ture for 45 min. The rupture times were from 10 sec 
to 3 hr, although some tests were stopped before 
fracture took place. 

The 80 pct Ni-20 pct Cr alloy was prepared by 
melting under a helium atmosphere in a tungsten 
are furnace in a water-cooled copper crucible. The 
chromium for this alloy was hydrogen-reduced 
electrolytic chromium (about 0.01 pct O and 0.03 pct 
Ni) ; the nickel was Mond nickel. These Ni-Cr speci- 
mens were annealed at 2400°F for 24 hr in an inert 
atmosphere. Several such specimens were subjected 
to creep at 1200°F and 15,000 to 20,000 psi. 

Micrographs were taken both during and after the 
tests. Polarized light was used for some of the 
micrographs taken after the tests. 

Polarized light is very useful for studying frac- 
ture if it is used in conjunction with bright field 
microscopy. It reveals only cracks, holes (mounds), 
or fresh crystalline surfaces caused by boundary 
sliding, which appear as white areas in the micro- 
graphs. It does not reveal slip lines and surface 
curvatures resulting from kinking and inhomogene- 
ous deformation in face-centered-cubic material. 
Therefore, the appearance of cracks, viewed with 
polarized light, is not masked by the other deforma- 
tion patterns. It should be pointed out, however, 
that some of the white areas in the micrographs 
taken with polarized light are not cracks, but fresh 
grain boundary surfaces revealed as a result of 
sliding. 


Experimental Results 

Initiation of Intercrystalline Cracks—Careful ob- 
servation of the specimens both during and after the 
tests (some of the tests being stopped prior to frac- 
ture) showed that the initiation of intercrystalline 
cracks occurs from either of these two mechanisms: 
1) crack initiation directly associated with grain 
boundary sliding, or 2) crack initiation associated 
with tensile and bending stresses across grain 
boundaries. 

Examples of each of these methods of crack initia- 
tion, shown in Figs. 2 and 3, are presented by means 
of micrographs and schematic drawings, the axis of 
tension in these figures being vertical. 

Crack Initiation from Grain Boundary Sliding— 
There are three basic cases to be considered in this 
type of crack initiation. Although more complicated 
_ eases were observed, they are nevertheless thought 
to result from a combination of the following three 


cases. 
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The first of the three basic cases is illustrated in 
Fig. 2, left and right. It is clear from Fig. 2, left, that 
extensive boundary sliding along the boundary be- 
tween grains A and B has taken place. Fold forma- 
tion associated with boundary sliding can be seen in 
grain C. In Fig. 2, right, the shape and location of 
the intercrystalline crack is shown (polarized light). 
It can be noted that the shape of the crack on the 
specimen surface is triangular. Its depth was rather 
small since the bottom on the cavity could be seen 
clearly by only a slight change of focus. The location 
of the crack is such that the two long sides of the 
triangle are formed as a result of separation of the 
horizontal boundary between grains B and C; the 
short side of the triangle is along the boundary be- 
tween A and B. This, the first of the three common 
cases, wherein sliding on one boundary takes place, 
is clearly described in schematic drawing Fig. 3a. 

The remaining two basic cases of crack initiation 
are best described by means of schematic drawings, 
Figs. 3b and 3c. The shear directions along the 
boundaries which undergo sliding are indicated by 
arrows, and the shapes and locations of the inter- 
granular cracks are indicated by the shaded areas. 
In Fig. 3b, there is sliding at two grain boundaries, 
which results in a crack somewhat different from 
that shown in Fig. 3a. In Fig. 3c, sliding again occurs 
on two boundaries, but the geometry of the bound- 
aries is such that an intercrystalline crack of the 
type shown in Fig. 3c takes place, resulting in two 
triangular-shaped cracks. 

Two of the more complicated shapes and locations 
of cracks encountered are shown schematically in 
Fig. 4. These can be followed directly from the cases 
shown in Figs. 2 and 3. 

Crack Initiation from Bending Stress across the 
Grain Boundary—A tensile and bending stress is 
created across a grain boundary when the grain on 


Fig. 3—Schematic B 

views show three of C 
the simple basic 
means of 

initiating intergranu- 
lar cracks due di- 
rectly to grain B 
boundary sliding. 
The arrows along a 
grain boundary indi- 
cate this boundary 
underwent sliding. 


(a) 
(b) 
(c) 


A 
B 
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Fig. 4—-Schematic views show the more complex initiation of 
intercrystalline cracks which are based on the simple cases 
shown in Figs. 2 and 3. 


one side of this boundary deforms more than the 
grain on the other side, as has been observed fre- 
quently in the past.* ” A similar situation may arise 
for grains which are close to the fractured zone. 

Crack initiation could also occur by bending, in an 
effort to restore the axial misalignment caused by 
extensive grain boundary deformation or prior sur- 
face cracks in other parts of the test specimen. This 
can give rise to cracks situated far from the frac- 
tured zone. 

Fig. 5 shows a specimen whose deformation was 
stopped just prior to fracture at 500°F. The propa- 
gation of the intergranular cracks had advanced to 
the greatest extent in section 1-1, and had the test 
been continued the specimen would undoubtedly 
have fractured along this zone. It can be seen that 
regions 2 and 3 are on the tension sides of the local 
bent regions. It was in these latter regions that 
cracks were observed rather than on the compres- 
sion side. 

As would be expected, nearly all of the cracks 
which developed by tension, with superimposed 
bending, are along grain boundaries perpendicular 
or nearly perpendicular to the tension axis, since 
the highest tensile stresses are exerted on bound- 
aries of this orientation. Furthermore, it would also 
be expected that severe tensile bending would occur 
more frequently in regions close to the fractured 
zone. This is why many cracks were observed close 
to the fractured zone when the specimens fractured 
in an intercrystalline manner. 


Fig. 5—AI-20 pct Zn round 
specimen was tested at 
500°F and 2300 psi. Crack 
formation is associated with 
the bending of the speci- 
men. Approximately X1.5. 
Area reduced approximately 
35 pct for reproduction. 
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Propagation of Cracks—Since the propagation of 
cracks is very much influenced by the orientation 
of the grain boundaries (with respect to the tension 
axis) and the arrangement of the grains, it is best 
to describe the propagation of cracks in a specimen 
by using the development drawing shown in Fig. 1. 
In this drawing capital letters are used to designate 
the grains. The front surface is a flat surface which 
was observed continuously during the actual creep 
test. This specimen was subjected to creep at 2000 
psi and 500°F. The test was stopped (after 12.5 pct 
elongation in 95 min) when the cracks had devel- 
oped to such an extent that fracture was imminent. 
It should be emphasized that the discussion of the 
mechanism of crack propagation leading to fracture 
is by no means based on this one specimen. This 
specimen is used only as an example to illustrate the 
sequence of stages observed in the formation and 
propagation of cracks; the observations are typical 
of other specimens. 

Fig. 6 is a micrograph of the triple point of grains 
D, E, and B, which was taken during the test after 
creep for 75 min when the elongation was 8.7 pct. 
In this region, it was observed that fold formation 
and severe general deformation first occurred in 
grain D, and the boundaries between grains D and 
E, and B and E became darker and thicker. This in- 
dicated that both boundaries had undergone sliding, 
and that severe granular deformation in the neigh- 
borhood of these boundaries had also occurred. The 
more extensive sliding along the boundary between 
grains B and E resulted in the more severe fold 
formation in grain D referred to previously. Fig. 7 
shows a schematic view of the steps in the initiation 
and growth of the intercrystalline cracks described. 

In the second stage it was observed that the re- 
gion around the triple point, particularly around the 
corner of grain E, became darker and wider. At this 
stage, an inverted V-shaped crack developed at the 
triple point. The appearance of this region is very 
similar to Fig. 3c. 

During stage three, the crack opened along both 
grain boundaries. During this crack enlargement 
period, sliding occurred extensively along the 
boundary between grains D and E. The combination 
of crack enlargement and accompanying sliding 
caused the tip of grain E to shift to the left. Though 
the back surface of the specimen could not be ob- 
served during deformation, it was fairly certain that 
at this stage the crack had progressed through the 
thickness of the specimen, at least along the edge 
where the three grains meet. 


Fig. 6—AI-20 pct Zn was 
tested at 500°F and 2000 
psi (see Fig. 1 for grain ar- 
rangement), taken on the 
front surface after creep for 
75 min (8.7 pct elongation). 
Crack formed along bound- 
aries between grains D and 
E and B and E. Approxi- 
mately X32. Area reduced 
approximately 35 pct for 
reproduction. 
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(4) Growth of the intercrystalline crack in the cross section 


Fig. 7—The sequence of initiation and propagation of an 
intercrystalline crack across the cross section (see Fig. 1 for 
complete development drawing) is shown. 


During stage four, after which the test was 
stopped, the crack progressed to the vicinity of the 
triple point of grains C, D, and E on the side surface 
of the specimen, as shown schematically in Fig. 7. 
The specimen was carefully examined after it was 
taken out of the creep furnace, and Fig. 8 is a mi- 
crograph of the front surface taken after the test. 

It will be seen from Fig. 1 that grain D occupied 
only about half of the thickness of the specimen; 
consequently, the close proximity of the grain 
boundary between grains C and D restricted the 
extensive development of the fold in grain D.” It 
can be seen in Fig. 6 that the fold in grain D did not 
even extend to the side surface of the specimen, i.e., 
the left edge of Fig. 6. In comparing Fig. 6 with 
Fig. 8, left, it can be seen that the deformation pat- 
tern in grain D did not change, although the speci- 
men as a whole had been strained by an additional 
3.8 pct during this period. This indicated that no 
further deformation occurred along the fold after 
the micrograph in Fig. 6 was taken. The crack for- 
mation relieved the stresses in the region. However, 


Fig. 8—Development of inter- 
crystalline cracks along bound- 
aries between grains D and E 
and B and E is shown. Area is 
the same as that shown in Fig. 
6 after creep for 95 min and 
12.5 pct elongation (see Figs. 
1 and 7). LEFT: Oblique light. 
Note that the boundary of 
grain D at crack is ragged 
whereas the same boundary of 
grain E is sharp. 100. 
RIGHT: Polarized light. Note 
the shape of the crack. X75. 
Area of Fig. 8 reduced approxi- 
mately 40 pct for reproduction. 
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during this same period, as the crack became wider 
and sliding along the boundary between grains D 
and E continued, the crack also continued to grow 
along the inclined boundary between grains B and 
E. The extension of the crack along this inclined 
boundary (with respect to the tension direction) 
was a comparatively slow process because simul- 
taneous opening up of the crack and shearing in the 
direction of the boundary between grains D and E 
brought the two ends (grips) of the specimen out 
of axial alignment. Realignment of the specimen 
axis took place during each stage of the crack en- 
largement, so that gross bending of the specimen 
resulted from it. As a result of this bending, in- 
homogeneous deformation occurred in grain E in 
the vicinity of the fracturing boundary (between 
grains B and E), as noted in Fig. 6, and severe in- 
homogeneous deformation and kinking occurred in 
grain B. Fig. 8a shows clearly this heavy inhomo- 
geneous deformation and kinking of grain B. 

The progress of the crack stopped at point 1, Figs. 
7 and 8, right, along the boundary between grains 
B and E. It can be seen from Fig. 7, stage 4, that a 
line joining point 1 (front surface) and the triple 
point of grains B, E, and F (back surface) is ap- 
proximately normal to the front and back surfaces. 
As seen from the arrangement of grains in Fig. 1, 
further extension of the crack along the boundary 
between grains B and E beyond point 1 would have 
to be accommodated by deformation in grain F and 
along boundaries between grains B and F, and E and 
F on the back surface of the specimen. As shown 
in Fig. 9, this deformation in grain F had already 
occurred to a great extent when the test was 
stopped. Apparently, further deformation in the 
region of grain F shown in Fig. 9 would have been 
necessary for progression of the crack beyond point 
1 along the boundary between grains B and E on 
the front surface. 

The other two ends of the crack which developed 
along the grain boundary between grains D and E 
on the front surface, Figs. 6 and 8, and along the 
boundary between grains C and E on the back sur- 
face, Fig. 7, occur on the side surface of the speci- 
men. The plane view of this crack is shown sche- 
matically in Fig. 7, stage 4..The curvatures of the 
boundaries between grains D and E and between 
grains C and E are such that they change rather 
abruptly in the vicinity of the triple point of grains 
C, D, and E. The crack developed along the in- 
clined boundary between grains D and E ends after 
this point of change of curvature of the boundary, 
whereas the crack developed along the horizontal 
boundary between grains C and E ends almost 
exactly at the change of curvature of this boundary. 

Fig. 10, from a specimen which was tested under 
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Fig. 9—(Back sur- 
face, Fig. 1). Heavy 
deformation oc- 

® curred as a result of 
sliding and enlarge- 
ment of the crack 
along the boundary 
between grains B 
and £. X75. Area 
reduced approxi- 
mately 40 pct for 

reproduction. 


similar conditions, shows another example of an 
intergranular crack ending at the region of a 
change of curvature of an inclined boundary. Slid- 
ing along this boundary at the straight portion 
caused severe deformation in the adjacent grain at 
the change of curvature, the path and direction of 
the deformation pattern being continuous with the 
straight portion of the boundary which underwent 
sliding. The appearance of the deformation is very 
similar to a fold at a triple point. These foldlike 
deformation patterns and folds at triple points are 
alike because both are caused by boundary sliding 
and, in fact, are evidence of grain accommodation 
of grain boundary sliding. It is interesting to note 
that a new crack was formed at the concave side of 
the curved boundary in the region of the rather 
abrupt change of curvature, Fig. 10, right. This is 
not unexpected, since the grain material in the 
neighborhood of the concave side of the boundary 
is restricted in deformation similarly to that around 
a triple point. 

Crack propagation along an inclined boundary 
very often ends at a triple point when the other two 
boundaries meeting it at this point are also inclined, 
or parallel, to the tension axis. Such an occurrence 
is shown in Fig. 11. 

Fig. 12 shows a typical example of intercrystalline 
cracks in an 80 pct Ni-20 pct Cr alloy tested at 
1200°F. For this alloy, the lack of extensive defor- 
mation in the grains near triple points as well as 
along the grain boundaries is clearly evident on 
comparing Fig. 12 with the micrographs for the 
Al-20 pet Zn alloy. As in the latter alloy, the cracks 
in the 80 pct Ni-20 pct Cr alloy tended to stop at a 
triple point or in regions of abrupt curvature changes 
of the grain boundaries. The tendency of cracks to 
follow nearly horizontal boundaries was always 
observed. Cracks were never observed to form along 
twin boundaries, Fig. 12. 

It should be pointed out that it is rather difficult 
to follow the propagation of cracks in this alloy 
because the rate of crack propagation is much 
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faster than in the Al-20 pct Zn alloy. This must be 
associated with the comparative lack of ductility of 
the grains. No appreciable necking was found at 
fracture in either of the alloys; however, the total 
elongation of Al-20 pct Zn was about 14 pct, whereas 
that of Ni-Cr alloy was about 6 pct. 


Discussion 

Type of Fracture—The fracture of high purity 
(99.995 pet) aluminum, deformed under creep con- 
ditions, is always transcrystalline up to the melting 
point.” In a previous paper’ this phenomenon was 
explained on the basis of the experimentally ob- 
served fact that recovery, as manifested by grain 
boundary migration, can take place rapidly enough 
in the boundary deformation zone (created by 
deformation in the grains in order to accommodate 
boundary sliding). It has also been shown that 
impurities or a second phase may completely elim- 
inate, at a given temperature, the ability of the 
grain boundary to migrate or the boundary defor- 
mation zone to recover.”” This fixing of grain 
boundaries has been stated as a reason for the fact 
that intercrystalline fracture was found for 2S and 
3S aluminum. 

In coarse-grained aluminum, which fails in a 
transcrystalline manner in tensile tests at room 
temperature, local strain measurements have shown 
that the strains are continuous both within the 
grains and across grain boundaries.“ In creep of 
coarse-grained high purity aluminum at high tem- 
peratures it has been found metallographically that 
grain boundary sliding is inevitably accompanied 
by deformation in the grains, by subgrain formation 
along the slid boundary, and by fold formation in 
the plane of the slid boundary.‘ 

These facts, in conjunction with the results of 
local strain measurements, show that in high purity 
aluminum the strain is not only continuous across a 
grain boundary, but also continuous in the plane of 
the boundary surfaces, particularly around the 
triple point. In other words, boundary deformation 
can be accommodated by deformation in the grains 
or vice versa. In comparing the deformation micro- 
structures of high purity aluminum‘ with those of 
the Al-20 pct Zn alloy, the lack of cooperative ad- 
justment of grain deformation to grain boundary 
deformation is very apparent in the latter. The 
sharpness of the fractured boundary surface is a 
further clear indication of this fact. This lack of 
cooperative deformation is even more evident in the 
case of the 80 pct Ni-20 pct Cr alloy, Fig. 12. 

It has been repeatedly observed that wherever 
and whenever folds can develop extensively, inter- 
crystalline cracking is minimized, delayed, or pre- 
vented. Fig. 13 is an example of the importance of 
fold formation in avoiding or minimizing crack for- 


Fig. 10—AI-20 pct Zn alloy 
was tested at 500°F and 2300 
psi. LEFT: Oblique light. Fold 
in the direction of the arrow 
formed in the lower grain as a 
result of sliding along the 
straight portion of the grain 
boundary. X75. RIGHT: Polar- 
ized light. New crack formed 
at the concave side of the 
curved boundary. X75. Area of 
Fig. 10 reduced approximately 
40 pct for reproduction. 
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Fig. 11—AI-20 pct Zn was 
tested at 500°F and 2300 psi. A 
crack stopped at triple point. 
a) Oblique light. X75. b) Po- 
larized light. X75. Area of 
Fig. 11 reduced approximately 
40 pct for reproduction. 


mation for the Al-20 pct Zn alloy. No cracks were 
found in this region in spite of extensive sliding, 
although intercrystalline cracks were found in other 
portions of the same specimen. In contrast to this, 
very limited fold formation was observed in the 
Ni-Cr alloy. Thus the ability of mutual accommo- 
dation of deformation in grains and along grain 
boundaries is the fundamental factor which deter- 
mines the type of fracture and the amount of strain 
before fracture. 

Initiation of Cracks—Work on hexagonal and 
rhombohedral single crystals” showed that a crys- 
tallographic plane can resist a certain critical re- 
solved shear stress before slip can occur along this 
plane. A plane can undoubtedly also resist a critical 
normal stress before cleavage can occur across it. 
Whether the crystal breaks due to normal stresses 
or deforms by slip depends on which of the two 
critical stresses is reached first. Although an atom 
at a grain boundary surface has a surrounding dif- 
ferent from an atom on a crystallographic plane, it 
is expected that both boundary sliding, by the ac- 
tion of a shear stress, and separation of the two 
crystals along their common boundary, under the 
action of a normal stress, can occur. 

There is no reliable information available on the 
cohesive stress of grain boundaries. Since the sep- 
aration of the two grains along a common boundary 
involves the creation of two new surfaces, the co- 
hesive stress must be related to surface energy. It 
is known that surface energy, as well as the critical 
normal stress for cleavage, is practically independ- 
ent of temperature. Therefore, the cohesive stress 
of a grain boundary may also be almost independent 
of temperature. 

As pointed out by Zener,” hydrostatic tension is 
created around the triple point if a shear stress 
along the inclined boundaries relaxes viscously to 
zero. He also pointed out that this hydrostatic ten- 
sion cannot be relieved by plastic deformation in 
the grains around the triple point, but instead in- 


Fig. 12, left—80 pct Ni-20 pct 
Cr was tested at 1200°F and 
15,000 psi. Note the sharpness 
of the crack which stopped at 
the triple point. No cracks 
formed along twin boundaries. 
X150. Area reduced approxi- 
mately 40 pct for reproduction. 
Fig. 13, right—AlI-20 pct Zn 
was tested at 500°F and 2300 
psi. Extensive fold formation 
was not accompanied by crack 
formation at and near the 
triple points. X75. Area re- 
duced approximately 40 pct 
for reproduction. 
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creases the stress concentration. In creep at high 
temperatures, where appreciable boundary sliding 
is involved, it is not expected that the shear stress 
along a sliding boundary is completely relaxed. 
Therefore, the stress state around a triple point is 
one of tension, in the direction of the applied force, 
with superimposed hydrostatic tension. This stress 
state, in the corner of the grain at the triple point, 
would make deformation in this immediate region 
difficult but by no means impossible. Deformation 
in this region is further restricted by the presence 
of the two other grain boundaries. 

The principle of the continuity of total strain re- 
sulting from sliding along a grain boundary requires 
that deformation must occur in the grains, mainly 
in the plane of the sliding boundary, i.e., by fold 
formation. In a fold, slip or slip plus kinking must 
occur. If, as in high purity aluminum, the strain 
along a slip plane can be transmitted (no matter by 
what processes”) across the grain boundary, the 
stress concentration factor at the grain boundary 
around the triple point will not be large. If this 
transference of strain across a grain boundary is 
very much restricted, as in the Al-20 pct Zn alloy, 
and even more so, as in the Ni-Cr alloy, the stress 
concentration factor will be large at the grain 
boundary around the triple point. 

Fig. 14 illustrates schematically the normal stress 
distribution along the horizontal boundary between 
grains A and C. It is assumed that the boundary 
between grains A and B has deformed by sliding, as 
indicated. As a result of this, the shaded area in 
grain C has been heavily deformed plastically, the 
cross lines representing fold formation. Regions 1 
and 2 undergo light deformation—the size of these 
areas is exaggerated in the sketch for the sake of 
clarity—the normal stress being greatest at the 
triple point and smallest near the center of the hor- 
izontal boundary. o, represents the hypothetical co- 
hesive stress of the boundary. This value of stress 
is first reached in the segment of the grain bound- 
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Fig. 14—The normal 
stress distribution 
(schematic) along 
boundary between 
grains A and Casa 
result of sliding 

along boundary A, B 
B is shown. 


ary close to or at the triple point, corresponding 
to the experimentally observed fact that cracks are 
initiated in the immediate neighborhood of a triple 
point. The observed shapes of the initiated cracks, 
as for example in Fig. 2, right, are also explained 
on this basis. ; 

Though a normal stress of the same order of mag- 
nitude may develop and act across the inclined 
boundary between grains B and C, Fig. 14, cracking 
is not likely to occur along this boundary. This is 
so because the formation of a crack along a hori- 
zontal boundary causes elongation in line with the 
direction of applied tension, whereas crack forma- 
tion along an inclined boundary and along bound- 
aries parallel to the applied tension causes elonga- 
tion transverse to the applied tension. This follows 
from Bridgeman’s general observation: “the condi- 
tion that energy must be released during the process 
of fracture is a necessary condition that applies to 
any possible fracture. If the fracture is in the direc- 
tion of the stress, then that component of stress does 
work during the fracture, and the principle of en- 
ergy release is satisfied.””* 

Propagation of Cracks—The experimental evi- 
dence thus far presented indicates that: 1) the 
propagation of an intercrystalline crack along a 
nearly horizontal boundary is promoted by a nor- 
mal stress acting across the boundary, and 2) that 
propagation along an inclined grain boundary is 
essentially a result of shear stress along the bound- 
ary. As shown in Fig. 4b, the crack initiated at one 
section of a specimen, such as the crack formed 
along the boundary between grains A and C, can 
cause another crack to form at another section of 
the specimen, such as along the boundary between 
grains B and D. The specimen may eventually frac- 
ture by shearing along the inclined boundary be- 
tween grains B and C. The zigzag appearance of the 
intercrystalline fracture surfaces is thus a result of 
the separation of a nearly horizontal boundary and 
of shearing along an inclined boundary. 

The rate of propagation of cracks which leads to 
fracture is closely related to the ability or inability 
of the surrounding grains to deform, i.e., to the duc- 
tility of the grains. As shown previously, for metals 
with some ductility, deformation within the grains 
along the cracked boundaries always occurs, and 
this is particularly obvious in the regions where the 
cracks stop. Thus the strain energy can be released 
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in two ways: by intercrystalline cracking and by 
plastic deformation in the grains. Therefore, it is 
understandable that Al-Zn alloy, in which the grains 
can deform more than in Ni-Cr alloy, shows a slow- 
er rate of propagation of intercrystalline cracks than 
does the Ni-Cr alloy. 


Summary 


The initiation and propagation of intercrystalline 
fractures of the alloys—Al-20 pct Zn, 80 pct Ni-20 
pet Cr, 2S and 3S aluminum—tested under certain 
creep conditions, has been followed by a microscope 
during the tests. Particular attention has been given 
to the study of coarse-grained Al-20 pct Zn speci- 
mens with known geometry of grains and grain 
boundaries. On the basis of this study, the follow- 
ing observations are made: 

1) Regarding intercrystalline cracking: a) To 
achieve continuity of strains, deformation by bound- 
ary sliding must be accomodated by deformation in 
the grains, and strain in one grain has to be trans- 
mitted through the grain boundary to the other 
grain. When this accommodation of deformation is 
not realized, intercrystalline cracking can occur. 
b) Boundary sliding gives rise to three-dimen- 
sional stresses at the triple point. The largest tensile 
stress normal to the grain boundary surface may 
reach or exceed the cohesive stress of the grain 
boundary. c) The lack of ability of a grain boundary 
to transmit strain from one grain to the other may 
result in intercrystalline cracking by bending stresses. 

2) The propagation of intercrystalline cracks is 
caused primarily by the action of normal stress. 
The enlargement of a crack by the action of a shear 
stress is a relatively slow process, because the re- 
sulting lateral displacement has to be accommodated 
by deformation in other parts of the specimen. 
However, when cracks have developed to a great 
extent across the cross section of the specimen, 
shearing along an inclined boundary plays an im- 
portant role in leading to complete fracture. 

3) Intercrystalline cracks, which start at triple 
points, usually also stop on reaching other triple 
points or positions where there are large changes in 
grain boundary curvature. 

4) The rate of propagation of intercrystalline 
cracks depends strongly on the ability of the grains 
to deform. In the 80 pct Ni-20 pct Cr alloy, granu- 
lar deformation was small (a total gage elongation 
of 6 pct) and the rate of intercrystalline cracking 
was high; whereas in the Al-Zn alloy, the total duc- 
tility was considerably higher and intercrystalline 
crack propagation correspondingly slower. 
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Influence of Boron on the Rate of Transformation 
of High Purity lron 


The effect of boron on the austenitic transformation rate of iron is smaller than 
on low carbon steels. The influence of austenitizing temperature on B-Fe is the 


reverse of its influence on steels. 


by M. E. Nicholson 


Al HERE have been many studies made of the in- 
fluence of boron on the hardenability of steel, 
but apparently none has been made of its influence 
on the y-a transformation of pure iron. There are 
several facts suggesting that boron should have a 
pronounced effect on the transformation rate of iron. 
First, Simcoe et al.* indicated that boron reduces the 
nucleation rate of ferrite and bainite. Second, they 
showed, along with others,” * that the lower the 
carbon content of steel the greater the influence of 
boron on hardenability. If this trend extends to pure 
iron, the influence on rate of ferrite formation should 
be considerably greater for iron than for medium 
carbon steels. According to Rahrer and Armstrong,’ 
the multiplying factor for boron in pure iron should 
be about 2.40, compared with 1.50 in a 0.35 pct C 
steel. According to an extrapolation made by Grange 
and Mitchell,* the effect should be even greater, and 
the multiplying factor should be about 3.5 in iron. 

Many investigations of the boron influence”*’” in- 
dicated that boron is effective only when in solid 
solution. On the other hand, Chandler and Bredig® 
suggested that boron increases hardenability by 
combining with nitrogen, thereby preventing forma- 
tion of AIN, which catalyzes the decomposition of 
austenite. If their hypothesis is valid, boron should 
have no effect of an alloy free from nitrogen. Digges 
et al.° showed that so far as low nitrogen high purity 
Fe-C alloys are concerned this is not the case. No 
experiments, however, have been made on low 
nitrogen iron. 

To determine whether or not boron has an effect 
on low nitrogen iron and, if an effect exists, to de- 
termine whether it is as large as predicted from the 
investigations of boron treated steels, the following 
work was performed. 

Because of the rapidity with which iron trans- 
forms from austenite to ferrite at even a moderate 
degree of supercooling, it was decided to study the 
influence of boron on the transformation rate of iron 
by determining the effect of quenching rate on the 
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Fig. 1—Influence of cooling velocity on the temperature of 
the y-a transformation of iron and iron alloys is plotted. 


temperature of the beginning of transformation. The 
technique, essentially that used by Greninger’ and 
Duwez,° consisted of heating small specimens, 0.1 in. 
sq and 0.010 in. thick, in an atmosphere of purified 
helium with a resistance heater coil, and then 
quenching the sample in a jet of helium gas. At the 
time the jet was applied, the heating coil was re- 
moved from around the sample. The sample was 
suspended in the furnace on 30 gage chromel and 
alumel wires, one welded to each side of the speci- 
men, which also served as a thermocouple for meas- 
uring the specimen temperature. 

Specimens were prepared from vacuum-melted 
iron obtained from the National Research Corp. 
which was rolled to a thickness of 0.060 in. and then 
decarburized in wet hydrogen for 5% hr at 700°C. 
This treatment also removed any boron present in the 
iron. The resulting iron contained 0.001 pct C, 0.0002 
pet N, and 0.005 pct O. One haif of the piece was then 
boronized by surrounding it with 325 mesh boron 
powder and heating it for about 2 hr at 900°C in H.. 
The boronized iron was then homogenized at 1100°C 
for 24 hr. The iron boride case formed by boronizing 
was removed by grinding 0.010 in. from each side 
of the plate, and the piece was finally rolled to a 
thickness of 0.010 in. The resulting alloy contained 
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0.007 pet B. The decarburized iron was rolled to a 
similar thickness. 

For the purpose of comparison, a 0.5 pet Ni-Fe 
alloy was prepared by vacuum melting, using Mond 
99.95 pct Ni and high purity iron from National Re- 
search Corp. 

Specimens were heated to the austenitizing tem- 
perature for 5 min, during which time the tempera- 
ture could be maintained within +5°C. Just prior to 
quenching, the thermocouple was switched from a 
portable potentiometer, used to measure the austen- 
itizing temperature; to a Hathaway Model S14A 
oscillograph, having a type OC-2 galvanometer. The 
galvanometer had a de sensitivity of 130 mm per ma 
per m, an undamped frequency of 800 eps, and at 220 
cps a response 6 pct down from maximum signal. 

An austenitizing temperature of 950°C was used 
for most tests because it was considered to be the 
minimum temperature which would allow attain- 
ment of maximum quenching velocity above the 
equilibrium transformation temperature. The B-Fe 
alloy was also tested at 1000°C to determine if the 
influence of boron on transformation rate was a 
function of austenitizing temperature. 

The quenching curves were similar in shape to 
those of Greninger.” At temperatures above the 
transformation the curves were nearly linear. At 
the transformation temperature the slope of the 
curve changed abruptly. This change was most pro- 
nounced at cooling rates of about 500°C per sec, but 
it was easily visible at 6000°C per sec. The pro- 
nounced recalescence observed by Duwez® in many 
of his specimens quenched at high velocity was not 
observed. This was probably due to the difference in 
location of thermocouples. His arrangement con- 
sisted of a sandwich of metal around the thermo- 
couple instead of one in which the specimen was 
located between the thermocouple wires. Although 
the thermocouples reacted differently when heat 
was evolved as the iron transformed, the average of 
Duwez’ data and that of the present investigation 
were equal within 5°C at all cooling velocities. Thus, 
it was concluded that the difference in thermo- 
couple position did not have any marked effect on 
the observed temperature of the start of trans- 
formation. 

Specimens of all but the B-Fe alloy were used 
several times. However, the B-Fe specimens were 
not used more than twice, since it was found that 
tests on specimens that were used longer occasion- 
ally transformed at temperatures above those ob- 
served during the first or second quench. This was 
presumed due to oxidation of the boron. 

Results of the experiments are summarized in 
Fig. 1, in which transformation temperature for the 
various alloys is plotted as a function of cooling 
velocity. Each point in the figure represents a single 
quenching test. 

It is evident that boron significantly reduced the 
rate of the y-a transformation of iron. After aus- 
tenitizing at 950°C, the B-Fe alloy transformed at 
about the same rate as the 0.5 pct Ni-Fe alloy. In 
these alloys, a lowering of the transformation tem- 
perature equal to that for iron was produced with 
slightly less than half the quenching velocity re- 
quired for pure iron. After austenitizing at 1000°C, 
a cooling velocity only about one quarter of that 
used for pure iron was required to produce the same 
lowering in the B-Fe alloy. In hardenability nomen- 
clature, the boron (and nickel) at 950°C would be 
said to have a multiplying factor of about 1.3 and 
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at 1000°C about 1.5. This factor is about what would 
be expected for 0.5 pct Ni,’ but it is only about one 
half of that expected for boron.* * On the basis of 
these results, it appears that boron has a smaller 
effect on the rate of the y-a transformation in pure 
iron than it does in Fe-C alloys. 

More important than the comparative effective- 
ness of boron in iron and steels is the difference in 
the effectiveness of boron as a function of austen- 
itizing temperature between iron and steels. After 
austenitizing at 1000°C, the y-a transformation rate 
was less than after austenitizing at 950°C. This is 
the reverse of what is found in boron-treated steels, 
where a loss in hardenability is generally above 
900°C for boron contents higher than 0.001 pct B. 

To determine whether or not the reduced trans- 
formation rate at 1000°C could be a grain size effect, 
similar samples were heated for 5 min at 950° and 
1000°C, and quenched with brine. The resulting 
Widmanstatten ferritic structure clearly showed 
that prior to the austenite, average grain diameter 
was about 0.1 mm for both specimens. It is therefore 
believed that the reduced transformation rate is not 
a grain size effect. 

The current theories” “ of the influence of form on 
hardenability propose that maximum hardenability 
is associated with a critical boron content in the 
grain boundaries. If the critical boron content is 
exceeded, the nucleation rate of the austenite de- 
composition products increases—hardenability de- 
creases. It is suggested that, as the austenitizing 
temperature is increased, the grain boundary con- 
centration of boron content is exceeded. An increase 
in austenitizing temperature increases the nuclea- 
tion rate of the austenite decomposition products. 

For these theories to explain the foregoing results, 
it is necessary to assume either that the grain 
boundary boron concentration content for the Fe-B 
alloy is less than the critical boron content, or that 
the grain boundary adsorption decreases with in- 
creasing temperature. If the first assumption is 
made, it must be concluded that the critical boron 
concentration is an order of magnitude greater than 
it is in steels and that the effectiveness of boron is 
far less in iron than in steels. If the second assump- 
tion is invoked, it may be argued that the effective- 
ness is the same for iron and steels, and that the 
reduced effectiveness is due to the high boron con- 
tent of the iron. Either of the assumptions might be 
reasonable for the Fe-B alloy alone. However, since 
neither of these is a condition believed to exist in 
boron-treated steels, adoption of either assumption 
requires that the critical boron content or tempera- 
ture coefficient of adsorption change markedly as 
carbon content increases from essentially 0 to about 

Another hypothesis is based on the assumption 
that boron has the effect on the y-a transformation 
predicted from the extrapolation of the data on 
boron-treated steels, but this is concealed by the 
catalizing effect of iron boride, Fe.B, which is pres- 
ent in a 0.007 pct B at these temperatures.” In terms 
of this hypothesis, since at 1000°C less Fe.B is 
present than at 950°C, a greater reduction in trans- 
formation rate is observed. Because the iron boride 
was present in the form of a few large particles as a 
result of slow cooling after vacuum annealing, it is 
believed that the Fe.B had little or no effect on the 
rate of transformation. 

The simplest explanation is based on the hypothe- 
sis that in Fe-B alloys the influence of boron on the 
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rate of nucleation is proportional to the amount of 
boron in solid solution. Such a hypothesis would 
predict a higher rate of nucleation at 950°C, where 
the solid solubility of boron is 0.002 pet; than at 
1000°C, where the solubility is 0.003 pet B™ This 
hypothesis leads to the conclusion that the effective- 
ness of boron is less in pure iron than in steel. 

It is clear, therefore, that 1) the effect of boron 
on iron is smaller than predicted based on the ex- 
trapolation of boron-treated steels and 2) the boron 
is more effective at 1000°C than at 950°C. From 
these results it is concluded that 1) boron reduces 
the y-a transformation rate in iron by forming a 
solid solution with it and not by a scavenging action, 
2) current theories of the influence of boron on steel 
hardenability cannot explain the foregoing results 
without assuming that conditions exist in iron that 
are not believed to exist in steels, and 3) a simple 
hypothesis of boron in solid solution appears to ex- 
plain the observed results. 
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Solid Solubility of Lithium in Aluminum 


The lithium solubility limit in solid aluminum was determined by the use of micro- 
graphic techniques. The solubility limit thus established was shown to be a true 
equilibrium by checking the reversibility of AILi phase precipitation and dissolution 
around the equilibrium temperature. The experimental results fit a straight line by 
plotting log Nai against 1/T. The metallurgical reasons explaining the lack of 
agreement among previous investigations are discussed. 


by S. K. Nowak 


HE solubility limit of lithium in solid aluminum 

was determined by Shamray and Saldau’ by 
micrography and by Grube et al.’ and also Voss- 
Kiuhler® by measurement of electrical resistivity. 
Since the addition of lithium induces extremely 
small changes in the aluminum lattice, X-ray tech- 
niques could not be employed for this purpose; in 
fact, the addition of lithium does not cause an ex- 
pansion of the lattice as might be expected from a 
consideration of atomic radii, but causes a small 
contraction from 4.040 to 4.037A” * when the solvent 
aluminum is saturated with this element. 

An analysis of the results from previous investiga- 
tions'* shows that with improvement of investiga- 
tion techniques the solubility limit tends toward a 
lower lithium content. Again, some of the author’s 
own experimental results on the action of atomic 
hydrogen on Al-Li alloys seemed to indicate that the 
solubility of lithium should be much lower, ie., 
about 0.3 pct at 300°C instead of 1.15 pct, the lowest 
published value.’ 

For the foregoing reasons it was decided to in- 
vestigate this problem. The aluminum and the 
lithium used for this purpose were of the highest 
purity. The lithium solubility limit was determined 
by metallographic techniques, in particular by the 
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= electrical resistivity(Grube et al) 
microgroplic observation(Shamray? 
electrical resistivity skihler) 
of tAILi| micrographic 

observation 

100 
° / 4 3 


‘weight per Zent lithium 
Fig. 1—Partial phase diagram of the AI-Li system is pre- 
sented. 


use of a reagent especially developed for the pur- 
pose of revealing the AlLi phase. The solubility 
limit thus determined was shown to be a true equi- 
librium by checking the reversibility of AlLi phase 
dissolution and precipitation around the equilibrium 
temperature. 

All of the experimental work was carried out in 
1951 at the Centre d’Etudes de Chimie Metallur- 
gique at Vitry, France, under the direction of 
Georges Chaudron. 
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_ Fig. 2—AI-0.01 pct 
: nealed for 260 hr at 
110°C and etched 
at room temperature. 
X150. Area reduced 
approximately 30 


: pct for reproduction. 


Materials and Experimental Procedure 


The materials used for this investigation were 
pure lithium and 99.99 pct Al. By the use of radio- 
activation techniques and colorimetry, the per- 
centage of impurities in the aluminum’ was found to 
be: 0.0025 pct Fe, 0.0025 pct Si, 0.0006 pct Na, 0.0005 
pet Zn, and 0.0004 pct Cu. 

The alloys were prepared by melting the alumi- 
num in a recrystallized alumina crucible in vacuo, 
a precaution taken in order to eliminate sodium, 
which in fact dropped from 0.0006 to 0.00005 pct. 
The furnace was then filled with argon, purified 
over uranium turnings at 600°C, and hardener alloy 
was added. First, a nominal 5 pct Li alloy was 
cast, homogenized in argon atmosphere for 3 
days at 595°+2°C (the melting temperature of the 
eutectic aluminum-intermetallic compound AlLi be- 
ing 600°C), and then scalped and used in the prepa- 
ration of more dilute alloys. Since extensive cold 
rolling of alloys containing more than 2 pct Li was 
impossible, five lower lithium alloys were used in 
this investigation. Each alloy was cold rolled to 
about 50 pct and homogenized in dry nitrogen for 
24 hr at temperatures between 450° and 500°C. 
This series of treatments was repeated three times 
consecutively. The final 40x10x1.5 mm sheet samples 
were stretched 2 pct, recrystallized for 2 hr at 
600°C in dry nitrogen to produce big crystals, and 
quenched. At this stage all five alloys were devoid 
of precipitate. 

The lithium content was determined by a modi- 
fied Rogers and Caley technique’ in sheet samples 
and in as-cast materials. The samples were dis- 
solved in a hydrochloric acid solution and saturated 
with gaseous HCl at 0°C, thus precipitating alumi- 
num quantitatively as AlCl,-6H,O. The control tests 
showed that no lithium chloride was lost by adsorp- 
tion on the precipitated hexahydrate. The lithium 
content was determined volumetrically by Na.S.Os. 
The analytical results are summarized in Table I. 


Table I. Analytical Results in Percentage Weight of Lithium 


Nominal 
Composition 


As-Cast Alloy, 
Avg of 3 Samples 


Sheet Samples, 
Avg of 5 Samples 


5 
0 


6 
4 


Ra ou 
It 
ooo 
ORK 
Cowon 


I+ 


Since micrographic techniques were used in this 
investigation, the problem lay in developing a re- 
agent sufficiently selective to reveal the AlLi phase. 
Different anodic oxidation and anodic etching tech- 
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niques and various chemical reagents were tried. 
Finally a chemical attack derived from that de- 
scribed by Herenguel and Second® was adopted 
which consists in attacking the sample for 30 to 60 
sec in a solution of concentrated acids: 90 pct H:PO,, 
7 pet H.SO, and 3 pet HINO; at 60°C: 


Experimental Results 

All the sheet samples were annealed for 72 hr at 
200°C, and all but the 0.01 pct Li alloy samples 
showed AIlLi phase precipitation. Then the samples 
were maintained at higher temperatures, quenched, 
electrolytically polished, and re-etched. This cycle 
of operations was repeated with increasing tempera- 
tures until the AlLi phase disappeared. When the 
AlLi phase was completely redissolved, the same 
sample was annealed for a much longer time at a 
slightly lower temperature in order to detect the 
reappearance of the precipitation. This detail of 
experimental technique is of basic importance, since 
only by approaching an equilibrium state from both 
lower and higher temperatures can the result rep- 
resent true equilibrium. By means of this technique 
four points of the solubility limit were determined. 

All heat treatments and subsequent micrographic 
observations are summarized in Table II. Fig. 1 


Table Il. Metallographic Observations on Al-Li Alloys After 
Various Heating Treatments 


Annealing 
Wt Pct Tempera- 

Li Time, Hr ture, °C Observations 
1.6 72 200 AILi present 
4 425 AlLi present 
440 AlLi present 

4,10 460 AlLi absent 
1.05 72 200 AlLi present 
45 260 AlLi present 
17 310 AlLi present 
16 360 AlLi present 
21 370 AlLi present 
17 380 AlLi present 
8 390 AlLi present 
4,8 400 AlLi present 

12 410 AlLi absent 

2 420 AlLi absent 

2 470 AlLi absent 

i 510 AILi absent 
0.39 72 200 AlLi present 
120 240 AlLi present 
21 290 AlLi present 
305 AlLi present 
20,48,100 312 AlLi present 

4 320 AlLi absent 

12 340 AlLi absent 

8 390 AlLi absent 
0.068 72,150 200 AlLi present 
72 215 AlLi present 
72 250 AlLi present 


shows a partial phase diagram of the Al-Li system 
as it results from the present investigation, and in- 
cludes previously published experimental results. 

The case of 0.01 pet Li alloy must be considered 
separately, as no precipitation could be detected by 
the technique used previously. Nevertheless, a dif- 
ferent behavior was observed when this alloy was 
annealed for 260 hr at 110° and 125°C. In the first 
case, the sample, immersed for a few seconds in the 
same reagent at room temperature, develuped etch 
figures in some grain boundaries, Fig. 2. These etch 
figures were not present on the sample annealed at 
125°C. In order to eliminate a possible influence of 
other impurities present in aluminum, the samples 
of base metal without lithium were annealed for the 
same time at 110° and 125°C, and none developed 
such etch figures. Although this result is not used as 
evidence, the author thinks it might be considered 
an additional point of lithium solubility limit. 
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0.05 
0.04 
0.015 
0.008 
0.002 


a) Alloy was annealed for 72 
200°C. 


Fig. 3—AI-0.29 pct Li alloy 
was annealed, quenched, elec- 
trolytically polished, and 
etched at 60°C. X400. Area 
reduced approximately 30 pct 
for reproduction. 


d) Alloy was annealed for 48 hr at 


The micrographs in Figs. 3a to 3e are representa- 
tive of the four alloys investigated, showing the 
aspect of AlLi phase distribution in an equilibrium 
state at different temperatures in the case of Al-0.39 
pet Li alloy. It is interesting to note that the sub- 
grain boundaries are revealed only by precipitation 
with a small degree of supersaturation, Fig. 3b. 
Higher supersaturation, Fig. 3a, produces a uniform 
precipitation inside the grains with impoverished 


Table III. Lithium Solubility in Aluminum 
Temperature, °C 100 200 300 400 500 600 
Lithium, Wt Pct 0.005 0.062 0.317 1.02 2.55 5.2 


zones around the grain boundaries. The directional 
precipitation shown in Fig. 3c is probably due to 
accidental deformation of the sample and conse- 
quent Alli precipitation on the traces of slip planes. 


Discussion of Results 

Two points should be discussed briefly: 1) the 
lack of agreement among different investigations, 
and 2) the extent to which the present results can 
be considered as approaching the real equilibrium of 
lithium solubility in solid aluminum. 

Lack of agreement such as seen here has fre- 
quently been attributed to differences in the purity 
of the aluminum—the solubility being lowered by 
the presence of impurities. Vosskthler and Shamray 
used aluminum containing, respectively, 0.08 and 
0.03 pct Fe, and 0.10 and 0.16 pct Si. The fact that 
the use of the purest metal resulted in the lowest 
solubility limit indicates that the impurities present 
cannot account for the discrepancies in the results. 

Several samples with the AlLi phase present, in 
particular that shown in Fig. 3a, were repolished 
and etched in the solution (1 cu cm HF, 1.5 cu cm 
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c) Alloy was annealed for 20 at 
290°C. 


e) Alloy was annealed for 48 hr at 
3202G; 


HCl, 2.5 cu cm HNO, in 100 cu cm H;O) used by 
Shamray to determine lithium solubility. Since none 
of them revealed any precipitate, it would appear 
that this reagent was not selective enough to reveal 
the AlLi phase, which explains the much higher 
apparent solubility found by the present author. 

In order to compare the present results with those 
of Vosskihler, log Nai) was plotted against 1/T, 
where N«qi, is the lithium mol fraction in the solid 
solution, and T is the absolute temperature, Fig. 4. 
This graph is a straight line in the case of the great 
majority of solid solubility limits in aluminum, 
which indicates that aluminum-rich binary alloys 
behave, thermodynamically speaking, as regular 
solutions. As seen from Fig. 4, the five experi- 
mentally determined points fit a straight line, and 
the same straight line extrapolated to higher tem- 
peratures passes through four of Vosskihler’s points. 
This indicates that perhaps he carried out his lower 
temperature, electrical resistivity measurements on 
material which had not reached metallurgical equi- 
librium at the time of measurement. This statement 
is supported by the fact that the solubility limit 
was approached from one side only, i.e., by heating. 


atornc per cent littium 


Solution micrographic 
Al / observation 


Fig. 4—Lithium solu- 
bility in solid alu- 
minum is shown in 
the diagram. 


3 


fermperoture °C 


weight per cent lithium: 
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At higher temperatures when the metallurgical 
equilibrium has been reached by use of a heating 
rate of 1°C per hr, the four points obtained by 
Vosskuhler show the real solubility limit. It is in- 
teresting to note that the lithium solubility of 5.2 
pet at the eutectic temperature 600°C had already 
been determined by Grube et al. 

In conclusion, it is proposed that Shamray’s ex- 
perimental results and part of Vosskihler’s do not 
show, for well defined metallographic and metallur- 
gical reasons, the true lithium solubility in alumi- 
num. Since, in the case of the present experimental 
results, the reversibility of AlLi phase precipitation 
and dissolution around the equilibrium temperature 
was carefully checked, it is further proposed that 
these results represent the true equilibrium of 
lithium solubility limit within smaller limits of ex- 
perimental error. 


Conclusions 

By approaching the equilibrium from both lower 
and higher temperatures, the author has determined 
the solid solubility limit of lithium in aluminum up 
to 1.6 pet Li by micrographic techniques. The extra- 
polation of the straight line obtained by plotting log 
Nas) against 1/T coincides with the four. experi- 
mental points determined by Vosskiihler for 2.5 to 


5.2 pet Li. The values of the solubility for various 
temperatures, as derived from Fig. 4, are sum- 
marized in Table III. 
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Pressure- I emperature-Composition Relations in The 


Cr-N Terminal Solid Solution 


The pressure and composition of the solid solution of nitrogen in chromium has 
been investigated as a function of temperature. The partia! molal heat of solution, 
the activity of nitrogen in solid solution, and the partial molal free energy have been 
computed. The enthalpy of three reactions is summarized: 

N + 2Cr..) = CroNi, AH° = —28,500 cal per mol 


YaNow = N, AH® = 5,000 cal per mol. 


by A. U. Seybolt and R. A. Oriani 


\ who have investigated the problem 
of the preparation of ductile chromium have 
been concerned with the effects of minor amounts of 
impurities upon this refractory metal. In particular, 
gaseous impurities such as oxygen and nitrogen 
have been suspected of causing trouble because of 
many known cases where brittleness in transition 
elements has been definitely traced to these ele- 
ments. In order to evaluate the possible effects of 
the nitrogen impurity in chromium, it appeared de- 
sirable to learn something of the dependence of the 
nitrogen solubility upon temperature and pressure. 


Previous Work 
Maier’ in 1942 in his treatise on sponge chromium 
reviewed the thermodynamics of the chromium ni- 
trides Cr.N and CrN, both of which are well-estab- 
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lished compounds, but which apparently have not 
been studied in much detail. Maier presented some 
free energy-temperature expressions for the reac- 
tions 

2Cr.N =4Cr+N, 
and 

4CrN = 2Cr.N +N, [2] 


based mainly on the work of Satoh’ and Sano.* 
Pearson and Ende’ in 1953 briefly reviewed the 
thermodynamics of Cr-N using the same data avail- 
able to Maier, and also derived a free energy-tem- 
perature expression for reaction 1. 

Of the two nitrides mentioned previously, the 
present investigation was only concerned with Cr.N, 
since this nitride is in equilibrium with the metal 
phase, at least over most of the temperature range. 
Blix* in 1929 established the structure of Cr.N 
(close-packed-hexagonal) by X-ray diffraction 
methods, and indicated that its homogeneity limits 
extend from 11.2 pct to 15.1 wt pct N. 

At a temperature of 1200°C, 38 mm Hg from the 
Maier expression and 43 mm Hg from the Pearson 
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Fig. 1—Schematic diagram 
shows the layout of the con- 
trolled nitrogen pressure ap- 


paratus. 


and Ende expression are calculated as values for the 
equilibrium nitrogen pressure. The thermodynamic 
investigations of Satoh’ and Sano’ apparently were 
not concerned with solubility data and, as far as can 
be ascertained, no one has ever reported any solu- 
bility data for the terminal solid solution. Hence 
this work was commenced with only the knowledge 
that the dissociation pressure of the saturated solid 
solution was of the order of many millimeters of 
mercury in the temperature region around 1200°C, 
and that it would be expected to vary with tempera- 
ture in the familiar logarithmic manner. Experi- 
mentally, this requires the measurement and control 
of pressure as well as of temperature. 


Materials and Experimental Apparatus 
Two lots of electrolytic chromium obtained from 
the Electro Metallurgical Corp. were used. The sup- 
plier’s analysis of the flake is indicated in Table I. 


Table |. Chemical Analysis of Electrolytic Chromium Flake 


Lot No. 33789, Pct Lot No. 34521, Pet 


Cr 99.40 Cc 0.01 Cr bal. Cc 0.01 
Fe 0.01 Oo 0.588 Fe 0.06 oO 0.50 
Cu 0.01 H 0.019 Cu 0.01 H 0.041 
Pb 0.001 N 0.011 Pb 0.005 N 0.003 
0.045 Ss 0.02 


It will be observed that the impurity in largest 
amount is oxygen. This is fortunate, as it is possible 
to reduce the oxygen content to a few thousands of 
one percent by dry hydrogen treatment at high tem- 
peratures in the range from 1300° to 1500°C. It ap- 
peared from a few tests that the microscopically vis- 
ible oxide constituent was reduced to practically 
nothing after about 20 hr at 1500°C. Hydrogen of 
dew point —80°F and purified of most of the small 
nitrogen impurity by using a calcium getter furnace 
at 600°C was passed over the electrolytic flakes in 
a molybdenum boat in a molybdenum retort placed 
in a hydrogen tube furnace. The bottom of the boat 
was dusted with high purity alumina powder to pre- 
vent alloying. 

The oxygen and nitrogen analyses of chromium lot 
No. 33789 after the hydrogen purification step and 
just before use were 0.001 and 0.008 pct, respectively. 
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However, frequently the oxygen was somewhat 
higher and the nitrogen a bit lower in other lots. In 
lot No. 34521, the nitrogen contamination during the 
hydrogen treatment was somewhat larger than 
usual, and amounted to 0.016 pct. Although no sul- 
fur, carbon, and hydrogen analyses were made 
here, the supplier informed the authors that these 
elements are normally considerably reduced by a 
hydrogen treatment of the type described; the sul- 
fur and carbon are often reduced by a factor of 
one tenth, and hydrogen to a few parts per million. 

The equipment for heating the samples and for 
maintaining a desired nitrogen pressure consisted of 
a glass vacuum system equipped with a liquid nitro- 
gen-trapped mercury diffusion pump, and with 
McLeod gages of various ranges which allowed pres- 
sure to be measured from 0.1p to 88 mm. Pressures 
higher than this were measured with a simple mer- 
cury manometer. Fig. 1 shows a schematic layout 
of the apparatus. Nitrogen gas is introduced by a 
reducing valve of a prepurified nitrogen gas cylinder 
at the upper left; a needle valve is interposed in 
order to maintain low pressure beyond this point. 
The nitrogen was further purified by passage through 
a train consisting of Anhydrone, hot copper wire, 
hot CuO, and a liquid nitrogen trap. The gas was 
then introduced into the system through a pressure 
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Fig. 2—General representation of P'/__percent nitrogen plot 
shows the method of obtaining saturation nitrogen solubility. 
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Fig. 4—P’” is plotted vs weight percent nitrogen for the 
data obtained at 1200°C. 


regulator (D) of the Cartesian diver type. From the 
regulator the gas entered the vacuum system proper 
at the manifold (FE) where it found its way to the 
specimen (F) suspended inside a Mullite tube sealed 
to a Pyrex standard ball joint. All of the connections 
between the various parts of the gas purification 
system were made with glass tubing and spherical 
joints. This system, while somewhat more difficult 
to make as vacuum tight as the more compact main 
vacuum system, was tight enough to pump down to 
a few microns. The female part of this ball joint 
was water cooled and joined to the manifold by an 
offset as shown, to avoid warming the stopcock by 
direct radiation from the furnace. 

As an added precaution against possible oxidation 
of the samples during long holding times at tem- 
perature because of inevitable small leaks in the 
system, a small copper furnace was used at G near 
the specimen so that any air which diffused in would 
be robbed of oxygen by the hot copper (600°C). The 
nitrogen leaking in would, of course, not be affected 
by the copper, but neither would it be objectionable, 
since a nitrogen atmosphere was used. An atmos- 
pheric mercury manometer at I was needed to meas- 
ure large pressures, and to indicate when the pres- 
sure inside the system was at or near atmospheric 
pressure. McLeod gages J and K provided three 
overlapping pressure ranges up to 80 mm, and L was 
a thermocouple gage for measuring pressures in the 
micron region. The main shut-off valve and liquid 
nitrogen trap at M were connected to the mercury 
diffusion and mechanical pumps. 


Experimental Procedure 
The hydrogen-deoxidized chromium flakes were 
used as 0.030 to 0.040 in. thick samples weighing 1 
to 3 g. The surface area was approximately 4 sq cm. 
A U-shaped specimen bracket was sawed and filed 
out of a low fired alumina body so that the samples 
could be suspended without touching any metal. 
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The bracket was designed to hold the sample at the 
bottom and sides only, and was itself suspended in 
the Mullite gas-tight tube by means of molybdenum 
wire. 

After weighing on an analytical balance, the sam- 
ple was introduced into the tube and the system was 
pumped down to about 0.ln. A Pt-Rh wire-wound 
furnace was raised around the sample; in about 2 hr 
or a little longer the specimen was at temperature. 
Two noble metal couples were wired to the outside 
of the Mullite tube, one for control and one for check 
measurements; these couples were frequently inter- 
changed. 

During heating, a black deposit of sublimed 
chromium appeared on the upper portion of the 
specimen tube. This circumstance was not desirable 
from the standpoint of accurate gravimetric control 
of the sample, as the chromium thus sublimed re- 
sulted in weight losses in the range of 0.02 to 0.10 g. 
However, nitrogen analyses were always obtained 
and were used rather than relying upon changes in 
weight of the sample during treatment. In general, 
Kjeldahl nitrogen analyses were made, although 
occasionally vacuum fusion results were used as a 
check; the agreement was usually satisfactory. 

Although a small weight loss was always observed 
in cases where the sample absorbed only small 
amounts of nitrogen, a weight gain was usually en- 
countered when the nitrogen pressure was in excess 
of that required for the saturated solid solution. 
Such two-phase samples could be detected by metal- 
lographic examination or by plotting pressure vs 
percentage of nitrogen, as will be shown later. 

When the sample had reached the desired tem- 
perature, the main valve of the vacuum system was 
turned off, and the pressure set at the desired level. 
By this time, both copper getter furnaces had 
reached the 600° level, so that the nitrogen gas was 
purified of traces of oxygen. Since both temperature 
and pressure were automatically controlled, it was 
only necessary occasionally to check the system to 
make certain that temperature and pressure control 
were being continuously maintained. 

The data obtained were first fitted to a Sieverts’ 
law plot, since this is the appropriate solubility law 
for a diatomic gas dissolving in a metal. Sieverts’ 
law may be stated as N = kp, where k is a propor- 
tionality constant, p is pressure, and N is mol frac- 
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Fig. 5—P'” is plotted vs weight percent nitrogen for the 
data obtained at 1300°C. 
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Fig. 6—P’” is plotted vs weight percent nitrogen for the 
data obtained at 1400°C. 


tion of diatomic gas solute, or weight percent nitro- 
gen in this case. Hence if Sieverts’ law is obeyed, 
a plot of weight percent nitrogen vs square root of 
pressure should result in a straight line of slope k 
passing through the origin. 

According to the phase rule, with single phase 
alloys (the region where Sieverts’ law holds), there 
would be only one solid phase and one gaseous phase, 
and two components. Since F = C+2—P, where F 
represents degrees of freedom, C is the number of 
components, and P is the number of phases, F = 
2+2—2=2 degrees of freedom. Hence, when a tem- 
perature and a pressure are specified, a definite 
composition must result as required by Sieverts’ 
law. However, when the critical pressure required 
to form the nitride phase is attained, then 2 solid 
phases are present, which together with the gas 
phase results in a univariant system until tempera- 
ture is stipulated. When this is done, an invariant 
system results. Hence, at the critical pressure (for 
a given temperature) any composition which con- 
tains the same two solid phases produces the same 
pressure, thus resulting in a horizontal line parallel 
to the composition axis and extending to the compo- 
sition of the next phase, see Fig. 2. By picking off 
the composition corresponding to the intersection of 
the sloping line and horizontal line, the saturation 
solubility at the temperature in question is found. 

It appears that equilibrium was experimentally 
attained from the following considerations: First, in 
two cases at 1200°C and in one at 1300°C, equilibrium 
was approached from above rather than from below. 
That is, samples were used which contained more 
nitrogen than the equilibrium amount found by 
saturating samples originally low in nitrogen. In 
these three cases, the data fell on the same straight 
line established previously. Since the data generally 
fall quite well on a straight line, Sieverts’ law seems 
to be obeyed, thereby demonstrating the internal 
consistency of the data. Finally, holding times of 
16 to 20 hr appeared to be adequate at 1100° or 
1200°C; they must have been more than adequate 
at 1300° and 1400°C, since diffusion rates vary 
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exponentially with temperature. Two-phase alloys 
were readily identified by microscopic examination 
and by large deviations (excess nitrogen) from 
Sieverts’ law. 


Experimental Results 
Controlled Pressure-Temperature Experiments— 
The results obtained in the various experiments at 
1100°, 1200°, 1300°, and 1400°C, using various pres- 
sures appropriate for exploring the P’”’-composition 
relationship, are given in Table II, and in Figs. 3 
through 6. 


Table Il. Cr-N Pressure-Temperature-Composition Data 
No Wt Pct 
Sample Pressure Noin Time, 
No. Pin Mm P1/2 Sample Hr Remarks 
1100°C 
190 0.5 0.707 0.033 8 — 
191 0.5 0.707 0.012 20 — 
226 0.55 0.742 0.022 29 — 
225 0.75 0.866 0.030 24 — 
175 1.0 1.0 0.031 28 — 
227 itis} 1.07 0.039 24 — 

167 2.0 1.41 0.11 16.5 Two-phase* 
174 2:0 1.41 0.079 24 Two-phase* + 
1200°C 

136 1.4 1.18 0.034 20 = 
131 2.3 151 0.05 20 — 
202 2.3 Lou 0.06 30 Original Nz was 
0.10 pet 
141 2.4 UROo) 0.042 20 Original N»2 was 
0.08 pet 
133 oS 2.3 0.08 20 —_— 
138 5.5 2.34 0.090 20 — 
201 5.5 2.34 0.10 16.5 —_ 
140 6.3 2.51 0.080 20 == 
135 7.0 2.64 0.23 20 Two-phase* 
134 9.5 3.08 Tees) 20.5 Two-phase* 
1300°C 
144 Bhi. 1.76 0.027 20 = 
147 3.2 1.79 0.022 24 = 
210 4.0 2.0 0.06 24 Original N2 was 
0.24 pet 
143 5.1 2.26 0.014 20 — 
142 8.0 2.82 0.052 20 — 
146 9.5 3.08 0.020 20 = 
231 9.5 3.08 0.058 24 —= 
230 12.0 3.46 0.15 24 — 
149 15.5 3.93 0.08 20 — 
209 16.5 4.06 0.27 20.5 — 
— 0.21 — 
229 16.5 4.06 0.15 24 — 
160 18.0 4.25 0.10 18 _ 
162 20 4.46 0.33 20 Two-phase* 
— — 0.15 — 
163 21 4.58 0.27 8 Two-phase* 
148 22 4.68 0.28 20 Two-phase* 
1400°C 
217 9 3 0.078 19.5 — 
215 20 4.47 0.18 20 — 
232 29 5.38 0.17 19.5 = 
220 36 6.0 0.27 20 = 
233 36 6.0 0.19 21 _ 
234 39 6.25 0.27 19 = 
235 41 6.4 0.23 26 = 
214 43 6.56 0.31 19 — 
— — 0.32 — = 
221 44 6.64 2.30 28 Two-phase*} 
218 45 6.72 1.90 18 Two-phase* + 


* Sample found to be two-phase because of sharp deviation from 
Sieverts’ law. 

+ Metallographic examination showed that the sample had two 
phases. 


Because of the rather large scatter of the data, 
particularly at 1300°C, the sloping linear curve 
starting at the origin which describes the Sieverts’ 
law portion of the equilibrium was fixed in each 
case by a least-squares analysis of the data, thus 
avoiding any subjective bias in choosing the point of 
intersection with the invariant equilibrium hori- 
zontal. Nearly all of the scatter in these data ap- 
peared to originate in lack of reproducibility of the 
Kjeldahl nitrogen analyses. Frequent metallographic 
examination showed reasonably uniform microstruc- 
tures; hence significant segregation on a macro- 
scale appeared to be absent. 

The isothermal plots just described provided both 
the equilibrium nitrogen pressure over the saturated 
solid solution and the nitrogen solid solubility limit 
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Fig. 7—Chromium 

starting material, 

shown after hydrogen 

treatment. The 

round spots are 

mostly voids where 

Cr2O; had been. The 

material contains 


about 0.008 pct N 


and was etched in 

3 pct NaOH, electro- 

lytic. X500. Area 
reduced approxi- 

mately 40 pct for 

reproduction. 


ati 291200) 1300", cand) 14002C., not 
appear to be practicable to control pressure below 
about 0.5 to 1.0 mm, since the percentage of error 
in pressure control in this range was quite high. 
Therefore, another method was used to extend the 
pressure data to 1000°C. 

Nitride Decomposition Pressure Experiments— 
This method consisted in measuring the nitrogen dis- 
sociation pressure of a two-phase Cr-N sample at 
1100° and 1000°C. The sample was prepared by 
using a nitrogen pressure at 1300°C in excess of the 
critical pressure, and by holding at temperature for 
several hours. Kjeldahl nitrogen analysis of part 
of the sample showed that it contained about 50 pct 
Cr.N. These experiments were carried out by seal- 
ing off about 1 g of powdered sample inside a 
small-bore Mullite tube which was connected to a 
McLeod gage of suitable range. After several hours 
of heating at 1000° or 1100°C, an equilibrium pres- 
sure was reached, after which the temperature was 
then either raised or lowered to the other tempera- 
ture where a second reading was obtained. It was 
then the practice to return to the original tempera- 
ture to see if the original pressure was reproduced. 
In this way, equilibrium was approached from above 
and below. During the course of these experiments, 
three different nitride samples were used and the 
agreement among them was reasonably good, but 
the approach to equilibrium was slow enough to 
suggest that it would probably not be possible to 
extend the work to lower temperatures. The ap- 
proach to equilibrium on cooling was apparently 
slower than on heating. 

The data obtained from the controlled pressure 
runs and the nitride decomposition runs are listed 
in Table III. 


Table III. Equilibrium Pressure-Temperature-Composition Data 
1000°C 1200°C 1300°C 1400°C 
Nitrogen 0.50* 1.50.5 6.60.5 19+1 43.5+0.5 
pressure, mm 0:53* — — 
Solid solubility 0.04 0.09 0.14 0.26 


limit, wt pct N 


* Nitride decomposition method. 


Since the equilibrium pressure valves obtained at 
1100°C by the two methods were in agreement, it ap- 
peared likely that the data at 1000°C obtained only 
by the nitride decomposition method were probably 
‘not much in error. However, it is obvious that the 
controlled pressure method used for most of the 
data is not only a more powerful method, but is 
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Fig. 8—Chromium 
with a layer of CroN 
formed at 1200°C 
and a nitrogen pres- 
sure of 9.5 mm. 
Material was etched 
in 3 pct NaOH, 

electrolytic. X100. 
Area reduced ap- 
proximately 40 pct 
for reproduction. 


much more reliable. No experimental estimation of 
the solid solubility limit at 1000°C could be made. 
As will be shown, Table III contains all the neces- 
sary data for a rather complete thermodynamic 
description of this system from 1000° to 1400°C. 

Metallographic Estimation of the Solid Solubility 
Limit—It was considered desirable to supplement 
the nitrogen solubility data cited in Table III with 
metallographic observations of the nitrided samples 
as quenched from the holding temperatures. Fig. 7 
shows the structure of the original chromium start- 
ing material, and Fig. 8 shows the appearance of a 
two-phase sample prepared at 1200°C. The solubility 
curve derived from metallography and from the 
data of Table III are discussed in the following sec- 
tion. 


Discussion of the Data 
The equilibrium between the compound Cr.N and 
the terminal solid solution may be written 


N + — Cre [3] 


It is convenient to take as reference state for the 
activity of N in the solid solution a solution of 1 wt 


pet N, and since the nitrogen exists in very dilute 
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Fig. 9—Solid solubility of nitrogen in chromium is shown. 
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concentration, it may safely be assumed to obey 
Henry’s law. Hence, dx=W, where W is the weight 
percentage of nitrogen in the saturated terminal 
solution. Since the phases Cr and Cr.N are of essen- 
tially constant composition, the equilibrium con- 
stant, K;, for reaction 3 may be simply written 
1 


a 


= 4 
. ay Wx 
The variation of K, with temperature is given by 
the van’t Hoff relation 
dink, 


where R is the gas constant, T the absolute tempera- 
ture, and AH®, is the enthalpy change for reaction 3, 
that is, for the formation of 1 mol of CrNatrome2 
g-atoms of solid chromium and 1 g-atom of N at 
1 wt pet concentration. Then from reactions 4 and 5 


dinw AH®, 


Fig. 9, using the metallographic data and the data of 
Table III shows that the van’t Hoff equation is obeyed, 
although the controlled pressure datum at 1100°C is 
somewhat unprecise. This curve has been drawn by 
considering only the controlled pressure runs; it 
is seen that all of the metallographic results are in 
agreement with this curve, except for a small num- 
ber of the open circles which are disregarded be- 
cause of the serious difficulty of ascertaining the 
total absence of the nitride phase. The curve of Fig. 
9 leads to a value of AH®°, of —28,500 cal per mol as 
the best value between the limits of —28,000 and 
—33,500. The saturation solubilities taken from the 
smooth curve of Fig. 9 are plotted on normal co- 
ordinates in Fig. 10. The nitrogen solubility is a very 
steep function of temperature, increasing by about 
a factor of 10 between 1000° and 1400°C. 
The equilibrium between the Cr.N compound and 
the gas phase is 
2Cr, + = [7] 
for which 
K, = [8] 
and the standard free energy of formation is AF°, = 
—RTInK, = RTIn(py2)*”, where is the equilib- 
rium pressure of nitrogen over the compound, that 
is, over the saturated solid solution. The pressure- 
temperature data are plotted in Fig. 11. Table IV 
presents values of AF°, calculated for the five ex- 
perimental temperatures. Since d AF°,/dT = —AS°,, 
the negative of the slope of this curve yields the 
standard entropy of formation, AS°, = —11.2 cal per 
degree mol. Furthermore, from dln (px) %/d(1/T) = 
AH°,/R (Fig. 11) a standard enthalpy of formation, 
AH°,, is calculated for the compound of —23,500 cal 
per mol. Subtracting reaction 3 from reaction 7 


= N, AHy = AH°, — [9] 


is attained so that AHy~5000 cal per g-atom N. This 


is the heat of solution of a % mol gaseous nitrogen 
at 1 atm to form 1 g-atom of dissolved monatomic 
nitrogen at 1 wt pct concentration in chromium. It 
is the algebraic sum of two energetically rich proc- 
esses, the dissociation of the diatomic nitrogen gas 
to the monatomic gas, and the dissolution into the 
solid chromium of the monatomic gas. The AHy also 
reflects the variation of the logarithm of the Henry’s 
_law parameter with reciprocal temperature for the 
nitrogen in the terminal solid solution. The low 
accuracy of the data within the range of the solid 
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Fig. 10—Solid solu- 
bility of nitrogen in 
chromium is shown. 
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solution prevents obtaining an independent check 
for, AH, by the relation [0 = 
AH,/R, W’ being some composition completely with- 
in the solid solution range. 

The value of 28,500 cal per mol for the decomposi- 
tion of Cr.N to the saturated solid solution may be 
compared to the corresponding values of 9,700, 15,- 
500, 8,000, and 12,500 cal per mol for Fe;C,° FeO,’ 
Fe,N,° and CbO,’ respectively. The relatively large 
number for Cr.N reflects the unusually large tem- 
perature dependence of the saturation solubility of 
the Cr-N terminal solid solution. 


Table IV. Resume of Thermodynamic Data 


A F°,, Cal 
°C W, Wt pet N pre, Atm an* per Mol 
1000 0.028 6.6 x 10+ 0.026 —9300 
1100 0.056 2.58 x 10 0.051 —8130 
1200 0.097 8.22 x 10-3 0.091 —7000 
1300 0.16 2:32 10-2 0.152 —5900 
1400 0.26 5.54 x 10-2 0.235 — 4840 
*an = (pne)1/2, and is referred to Ne gas at 1 atm. 


The case of Fe,N furnishes an interesting com- 
parison with the present data for Cr.N. The energy 
relationships for these two compounds and their 
respective saturated solid solutions are diagrammed 
in Fig. 12. The value of —2600 cal per mol for the 
enthalpy of formation of Fe,N is taken from Quill.” 
It is clear that the heat absorbed by the solution of 
nitrogen (reaction 9) into either of the two body- 
centered-cubic solvents is about the same, +5000 


cal per g-atom N. The uniformity of the AHy is in 
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keeping with the very similar lattice parameters of 
the two metals, and with the similar nature of the 
electronic orbitals about the closed shells in the 
separated atoms: (3d)°(4s)* for iron, and (3d)°(4s)* 
for chromium. It would thus appear that the elec- 
tronic distribution about the nitrogen is essentially 
the same in both the Fe(N) and Cr(N) solid 
solutions. 

The situation is very different with respect to 
the compounds, which differ markedly in stability 
and in the enthalpy of formation. Although the posi- 
tions of the nitrogen atoms have not been deter- 
mined by any diffraction technique, the most lkely 
sites for the interstitial solute atoms are the octahe- 
dral holes in both the face-centered-cubic Fe,N and 
the hexagonal-close-packed Cr.N. Both lattices 
possess one octahedral hole per substitutional lattice 
site, so that the nitrogen atoms occupy one quarter 
of the available holes in Fe,N, and one half in Cr.N. 
From the a, of 3.789 for Fe,N,” the radius of the 
octahedral hole, i.e., the distance between the center 
of the hole and the nearest lattice site, is calculated 
as 1.89A; the corresponding radius for the octahedral 
hole in Cr.N is 2.13A, from the lattice parameters of 
Blix.’ It would appear then that the smaller volume 
available for the nitrogen in Fe,N is responsible for 


the much lower stability of Fe,N, as well as for the 
lower degree of occupancy of the octahedral holes. 
This should not be construed to mean that strain 
energy in Fe,N is to be blamed for the lower stability 
of Fe,N, since the electronic distributions may be 
very different in the two compounds as a conse- 
quence of the difference in available volumes.” In 
conclusion, it may be pointed out that the solubility 
of nitrogen in a—Cr(N) in equilibrium with Cr,N 
being lower than in a—Fe(N) in equilibrium with 
Fe,N is simply a consequence of, and consistent 
with, the greater stability of Cr.N over that of Fe.N. 


References 


1C. G. Maier: Sponge Chromium. Bulletin U. S. Bureau of Mines 
(1942) p. 436. 

2S. Satoh: Scientific Papers Inst. Physical Chem. Res., Tokyo 
(1938) 34, p. 1001. 

2K, Sano: Journal Chemical Soc., Japan (1937) 58, p. 981. 

1R, Blix: Ztsch. fiir Physikalische Chemie (1929) 3B, p. 229. 

5 J. Pearson and U. J. C. Ende: Thermodynamics of Metal Nitrides 
and of Nitrogen. Journal Iron and Steel Inst. (1953) 175, p. 52. 

6C. A. Wert: Trans. AIME (1950) 188, p. 1242; JournaL or METALS 
(October 1950). 

7A. U. Seybolt: Trans. AIME (1954) 200, p. 641; JoURNAL OF 
Metats (May 1954). 

8L. J. Dijkstra: Trans. AIME (1949) 185, p. 252; JoURNAL OF 
Metats (March 1949). 

9A. U. Seybolt: Trans. AIME (1954) 200, p. 774; JOURNAL OF 
Mertats (June 1954). 

oL, L. Quill: The Chemistry and Metallurgy of Miscellaneous 
Materials. (1950) New York. McGraw-Hill Book Co. Inc, 

1R. G. Wyckoff: Crystal Structures. (1951) 1. New York. Inter- 
science Publishing Co. 

2R, A. Oriani: Acta Metallurgica (1956) 4, p. 15. 


Magnesium-Uranium System 


A summary of analytical, X-ray, thermal, and metallographic data obtained in the 
study of the Mg-U system is presented. No intermetallic compounds are formed by these 
two elements, and their mutual solubility is limited at temperatures up to 1255°C. The 
compositions of the liquids which coexist at 1135°C under a pressure of 3 atm are 
0.140.05 wt pct U in magnesium, and 0.004 wt pct Mg in uranium. The solubility of ura- 
nium in magnesium decreases to 0.05+0.03 wt pct at 675°C, and to about 0.0005 wt pct 
at 650°C. Due to the reactivity of both uranium and magnesium toward crucible mate- 
rials, the choice of a suitable crucible presented a problem. Crucibles made from high 
purity magnesia to which 10 wt pct MgF» was added to reduce porosity proved to be satis- 
factory. Some observations made with the use of other crucibles are given. 


by P. Chiotti, G. A. Tracy, and H. A. Wilhelm 


HIS investigation was made to establish the 

phase diagram for the Mg-U system. Ahmann,' 
formerly of the Ames Laboratory, did some work 
on the system. He used several methods in an at- 
tempt to prepare Mg-U alloys. One of the methods 
involved the reduction of UF, with a large excess 
of magnesium. In these experiments, the magnesium 
wet the surface of the uranium, but there was no 
evidence for compound formation. The maximum 
solubility of magnesium in uranium was indicated 
to be 0.01 wt pct. In another set of experiments, 
uranium chips as well as uranium powder were 
heated in contact with molten magnesium in a 
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graphite crucible for periods of time up to 48 hr. 
A reaction layer was found at the Mg-U interface 
in several instances. X-ray analysis of the layer 
material showed the presence of UC and some addi- 
tional unidentified lines which were interpreted as 
indicating the possibility of an intermetallic com- 
pound of uranium and magnesium. These studies 
indicated the maximum content of magnesium in 
uranium to be 0.043 wt pct. One sample of mag- 
nesium which had been heated at 1025°C in contact 
with excess uranium was found by chemical analysis 
to contain 0.275 wt pet U. 

Rules, based on empirical or semitheoretical con- 
siderations, which attempt to predict the alloying 
behavior of metals have been presented in the lit- 
erature. Although these rules are not infallible, they 
nevertheless serve as useful guides. Using them, 
several generalizations can be made concerning the. 
Mg-U system. According to Hume-Rothery’s’® atomic 
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Fig. 1—Details and 
@ arrangement of 
¢ heating chamber are 
illustrated. A, rub- 
1) ber O-ring; B, water 
cooling coil; C, to 
vacuum pump or gas 
outlet; D, stainless 
steel; E, Kanthal 
wire wound resis- 
; 5 tance furnace; F, re- 
F  fractory crucible; G, 
refractory block; H, 
thermocouple; /, re- 
fractory block; J, 
thermocouple protec- 
tion tubing; and K, 
gas inlet. 


size factor, no extensive solid solubility is expected. 
According to Axon’s’ empirical classification of a 
number of alloy systems, the Mg-U system could 
snow liquid immiscibility, or it could have a eutectic 
with a composition near pure magnesium. Hilde- 
brand and Scott' give an equation which expresses 
the conditions for liquid miscibility. According to 
this equation, the Mg-U system would be expected 
to show liquid immiscibility. 


Materials 

The uranium, as well as all other materials and 
equipment, was made available by the Ames Lab- 
oratory. Uranium from several lots was used in this 
investigation. An analysis of each lot was not ob- 
tained. Several analyses of material equivalent to 
that used indicate the major impurities to be 0.0035 
wt pct Fe, 0.020 to 0.040 wt pct C, 0.001 wt pct Mn, 
and 0.0005 wt pct Mg. 

The magnesium used in this investigation was 
obtained from two sources. The greater portion was 
Dow pure ingot magnesium. The manufacturer’s 
specifications were not available, but a qualitative 
spectrographic analysis showed the presence of a 
small amount of iron, and lesser amounts of beryl- 
lium, aluminum, calcium, copper, and silicon. Chemi- 
cal analysis showed 0.0275 wt pct Fe. The presence 
of copper could not be detected chemically. The re- 
maining portion of the magnesium used was pro- 
duced at the Ames Laboratory by a double distilla- 
tion of less pure metal. A chemical analysis of this 
magnesium showed the presence of 0.0013 wt pct Fe 
and no detectable amount of copper. 

The crucibles used in this investigation were made 
at the Ames Laboratory from graphite; beryllia; 
Magnorite, a commercial magnesia; and pure MgO 
to which 10 pct MgF, had been added to reduce the 
porosity of the finished crucible. Uranium crucibles 
were also used for some phases of this study. 


Apparatus 

Due to the high vapor pressure of the magnesium 
and to the reactivity. of both magnesium and ura- 
nium toward atmospheric gases, a system was de- 
signed to allow samples to be heated under an inert 
gas at a total pressure of 3 to 4 atm. The increase 
in external pressure was a practical method of re- 
ducing the rate of distillation of the liquid mag- 


nesium. 
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Heating System 

The details of the stainless steel, AISI 309, heat- 
ing vessel used as a part of the experimental ap- 
paratus are shown in Fig. 1. A mechanical vacuum 
pump was used to evacuate the system before flush- 
ing and filling the system with an inert gas, either 
helium or argon. The gas was passed through a 
heated, 600°C, nickel tube packed with zirconium 
turnings and calcium chips in order to eliminate 
any reactive impurities. An arrangement of valves 
allowed the use of hydrogen when desired. A Kanthal 
wire-wound resistance furnace was used to heat the 
stainless steel chamber. Connections to the gas inlet 
and outlet on the heating chamber were made with 
lengths of rubber vacuum hose in order that the 
chamber and its contents could be easily removed 
from the furnace and quenched in water. This pro- 
cedure was used to cool molten samples rapidly in 
order to prevent possible segregation of constituents 
with a high density, such as uranium, which might 
precipitate and settle out on normal cooling. The 
heating vessel was used for some of the liquidus 
studies and for thermal analyses. 


Experimental Results 

The phase diagram for the Mg-U system is shown 
in Figs. 2 and 3. The diagram is based on analytical, 
metallographic, thermal, and X-ray data obtained 
in the course of this investigation. : 

Preparation of Alloys—It was found that the use 
of certain crucibles for alloy preparation gave mis- 
leading extraneous microstructures resulting from 
the interaction of the magnesium or uranium with | 
the crucible material. 

Heating uranium and magnesium in a graphite 
crucible to above the melting point of magnesium 
results in the formation of UC and UC, on the surface 
of the uranium. This occurs even though the uranium 
does not make direct contact with the crucible. The 
diffusion bands formed on a piece of uranium held 
suspended by means of a tungsten wire for 6 hr in 
a magnesium bath contained in a graphite crucible 
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Fig. 2—Mg-U phase diagram is illustrated at a pressure of 
3 atm. 
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Fig. 3—Liquidus at magnesium-rich end of Mg-U system is 
illustrated at a pressure of 3 atm. 


at 700°C are shown in Fig. 4. The identity of the 
diffusion bands was determined from their X-ray 
diffraction patterns. 

Uranium and magnesium heated to 1075°C for 
several hours in a Magnorite crucible contained in 
the stainless steel heating chamber previously de- 
scribed gave an alloy consisting of two liquid layers, 
one rich in magnesium and the other rich in ura- 
nium. The crucible was sufficiently porous to permit 
the magnesium to filter through the crucible walls 
and make contact with the stainless steel chamber. 
Chemical analysis showed that both alloy: layers 
were contaminated with nickel. The nickel from the 
stainless steel chamber apparently found its way to 
the charge inside the crucible by diffusing through 
the magnesium and the crucible wall. The uranium- 
rich layer in Figs. 5 and 6 shows what might be 
interpreted as a eutectic structure and evidence of 
a peritectic reaction, respectively. 

Fig. 7 shows the microstructure of the uranium- 
rich layer of an alloy heated in a Magnorite crucible 
fitted inside a graphite crucible for 1 hr at 1215°C. 
Chemical analysis showed the major impurity to be 
silicon. X-ray diffraction data showed the presence 
of the compounds U,Si, and USi in addition to ura- 
nium. The source of silicon was traced to the Mag- 
norite crucible. Beryllia crucibles were also unsat- 
isfactory. 

Contamination by impurities was overcome by 
the use of crucibles made from high purity MgO 
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and MgF,. Approximately 10 wt pct MgF. was added 
to the MgO to reduce the porosity of the sintered 
crucibles. These crucibles as prepared at the Ames 
Laboratory proved to be impervious to magnesium 
and uranium up to 1255°C, the highest temperature 
attained in this investigation. Heating magnesium 
and uranium together in these crucibles to above 
the melting point of uranium gave no evidence of 
the formation of intermediate or extraneous phases. 
In each case two liquid layers were formed. The 
interface area of two of these alloys is shown in 
Figs. 8 and 9. Likewise, magnesium heated in heavy 
walled uranium crucibles fitted with a uranium 
screw cap to temperatures below the melting point 
of uranium showed no evidence of the formation of 
intermediate phases. Chemical analyses of samples 
quenched from above the melting point of uranium 
showed that the uranium-rich layer contained only 
a small amount of magnesium, about 0.004 wt pct, 
and the magnesium-rich layer contained approxi- 
mately 0.2 wt pct U. 

Solubility of Uranium in Magnesium—In the de- 
termination of the magnesium-rich liquidus an 
excess of uranium was heated in contact with liquid 
magnesium for sufficiently long at the desired tem- 
perature to saturate the melt with uranium. The 
melt was then quenched and the amount of uranium 
dissolved determined by chemical analyses. 

Several procedures were used. Except as other- 
wise noted, the crucibles used were made from high 
purity, USP grade MgO containing 10 wt pct MgF,. 

In one procedure, 500 g Mg were melted under an 
atmosphere of argon. Approximately 100 g of clean 
uranium shavings were then immersed in the melt. 
After holding the charge at temperature for 1 hr 
or more, a 5 g sample of the melt was taken. This 
was accomplished by immersing a small graphite 
crucible into the melt and quenching in oil im- 
mediately upon removal from the melt. Samples 
were taken at temperatures up to 1110°C and on 
cooling to 650°C. 

Another series of samples was prepared by heat- 
ing small individual charges, 30 g Mg and 60 g U, 
in the same type of crucibles under 3 to 4 atm of 
helium pressure in the stainless steel chamber pre- 
viously described. These samples were all heated 
to above the melting point of uranium. In each case 
the alloys formed two liquid layers. Five samples 
were heated for from 1 to 4 hr at temperatures in 
the range of 1145°C to 1255°C, then rapidly cooled 
by removing the stainless steel chamber from the 
furnace and quenching the base of the chamber in 
water. Fifteen other samples were heated for from 
% to 1 hr above 1135°C, then furnace cooled to the 
desired temperature and held at constant tempera- 
ture for periods ranging from 2.3 hr at 1080°C to 
48 hr at 680°C, and then quenched as described. 

Other samples were prepared by machining 15 g 
cylinders of magnesium and forcing them into ura- 
nium crucibles. Each crucible was fitted with a 
uranium screw cap which was tightened firmly 
against the top of the magnesium. This assembly 
was heated at temperatures ranging from 690° to 
980°C and rapidly cooled. The central portion of 
the magnesium was drilled out and analyzed. A 
new magnesium rod was inserted as before and an- 
other sample prepared in the same manner. 

This latter procedure was resorted to on the sup- 
position that UO. films, or other films resulting from 
impurities in the helium or outgassing of the heat- 
ing chamber, might be acting as diffusion barriers 
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Fig. 4—Diffusion bands formed on uranium 
surface on heating in contact with mag- 
nesium in a graphite crucible for 6 hr at 
700°C are shown in micrograph. Uranium 
is at bottom. Specimen was etched with 
1 part aqueous solution saturated with 
sodium fluosilicate and potassium tartrate 
and 1 part nitric acid. X250. Area re- 
duced approximately 25 pct for reproduc- 
tion. 


Fig. 5—Micrograph shows uranium con- 
taminated with nickel from stainless steel 
heating chamber after heating in contact 
with magnesium in a Magnorite crucible at 
1025°C. Specimen was etched with 10 pct 
HF in Methanol etch. X50. Area reduced 
approximately 25 pct for reproduction, 


Fig. 6—Micrograph shows reaction ring 
around crystallite in uranium. Alloy is 
same as in Fig. 5. Specimen was etched 
with cathodic etch. X1000. Area reduced 
approximately 25 pct for reproduction. 


Fig. 7—Micrograph shows uranium con- 
taminated with silicon after heating 1 hr 
with magnesium in a Magnorite crucible at 
1215°C. Specimen was etched with 1 part 
aqueous solution saturated with sodium 
fluosilicate and potassium tartrate and 1 
part nitric acid. X500. Area reduced ap- 
proximately 25 pct for reproduction. 


Fig. 10—Micrograph shows uranium used 


to prepare samples. Cathodic etch was 
used on specimen. X120. Area reduced 
approximately 25 pct for reproduction. 
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Fig. 8—Micrograph shows Mg-U interface 
of sample heated in MgQO-10 pct MgF2 
crucible to above the melting point of ura- 
nium, then cooled and held 90 hr at 680°C. 
Uranium is at bottom. Specimen was etched 
with 1 part aqueous solution saturated with 
sodium fluosilicate and potassium tartrate 
and 1 part nitric acid. X250. Area reduced 
approximately 25 pct for reproduction. 


Fig. 11—Micrograph shows uranium after 
melting in MgO-10 pct MgF» crucible and 
quenching. Cathodic etch was used on 
specimen. X250. Area reduced approxi- 
mately 25 pct for reproduction. 


Fig. 9—Micrograph shows Mg-U interface 
of sample heated in MgO-10 pct MgFz cru- 
cible to above the melting point of ura- 
nium, then cooled and held 6 hr at 980°C. 
Uranium is at bottom. Specimen was etched 
with 1 part aqueous solution saturated with 
sodium fluosilicate and potassium tartrate 
and 1 part nitric acid. X100. Area reduced 
approximately 25 pct for reproduction. 


Fig. 12—Micrograph shows uranium melted 
in contact with magnesium in a MgO-10 
pct MgF» crucible, then cooled and held at 
680°C for 90 hr and quenched. Cathodic 
etch was used on specimen. X250. Area 
reduced approximately 25 pct for reproduc- 
tion. 
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between the uranium and the magnesium, prevent- 
ing the attainment of equilibrium between the melt 
and the uranium in a reasonable period of time, and 
contributing to the widely scattered values obtained 
for the uranium content of the melt. However, re- 
sults obtained by this procedure still showed con- 
siderable scatter. 

In order to plot the liquidus curve shown in Fig. 
3, the results from the various procedures were 
combined. The mean values of the analytical results 
over a temperature range were calculated. An effort 
was made to keep the temperature range as small 
as possible, including a sufficiently large number of 
values to give a meaningful average value. The 
results obtained are given in Table I. The tempera- 
ture values given are the mean values for the tem- 
perature ranges considered, with the average devia- 
tion from the mean value, all reduced to the nearest 
5°C. The compositions represent mean values and 
corresponding average deviations from mean values. 

The reason for the variation of the individual 
values for the percentage of uranium in magnesium 
is not known. A polarographic’ method and an am- 
monium thiocyanate spectrophotometric’® method 
were used in analyzing the samples. Both are con- 
sidered good for the determination of uranium in 
dilute solutions. Part of the variation in the results 
might be due to inhomogeneity of the samples due 
to their becoming segregated or contaminated dur- 
ing preparation for analysis. The liquidus curve 
obtained by plotting the mean values indicates that 
some type of random error is mainly responsible for 
the large deviation of the analytical results. 


Solubility of Magnesium in Uranium—tThe ura- 
nium-rich layer from a series of samples prepared 
in the study of the solubility of uranium in mag- 
nesium was analyzed spectrographically for mag- 
nesium. The uranium, initially in the form of mas- 
sive metal or shavings, was heated in contact with 
magnesium to above the melting point of the ura- 
nium, and either quenched directly from this tem- 
perature or cooled and held at some lower tempera- 
ture for a period of time and then quenched. The 
results obtained are given in Table II. Since these 
samples weighed approximately 60 g and were in 
the form of flat disks approximately 1 in. in diam, 
it is doubtful that the composition changed appre- 
ciably after solidification. Further, considering the 
large difference in density, it would be expected 
that very little, if any, magnesium separating from 
the uranium liquid is retained in the uranium as 
the charge is cooled to the freezing point of the 
uranium. However, some entrapped magnesium in 
the uranium near the Mg-U interface was observed 
under the microscope in some specimens, see Fig. 9. 
Samples for analysis were taken after machining 
off the outer surface. It may, therefore, be con- 
cluded that the solubility of magnesium in uranium 
at its freezing point is of the order of 0.0042 wt pct. 
This is the mean value obtained from the data in 
Table II if the 0.0155 and 0.021 wt pct values are 
discarded. 

No evidence of precipitation of magnesium was 
detected in the microstructure of these samples. Fig. 
10 shows the microstructure of the uranium used as 
a starting material. Fig. 11 shows the microstruc- 
ture of a control sample of the same metal melted 
in a MgO-10 pct MgF, crucible under the same con- 
ditions used to prepare the above samples. Fig. 12 
shows the microstructure of another sample of the 
same metal melted in contact with magnesium and 
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then held at 680°C for 90 hr. The large impurity 
crystallite seen in Fig. 12 is apparently an agglom- 
eration and growth of smaller impurity crystals 
evident in Fig. 11. Crystals of this type have been 
observed in uranium by Mott and Haines,’ and are 
believed to be due to UO. 


Table |. Solubility of Uranium in Magnesium 


Aver- Solu- Aver- 
Tempera- Mean age bility of age 
ture Tempera- Devia- Uranium in Devia- 
No. of Range, ture, tion, Magnesium, tion, 
Values °C °C °C Wt Pct Wt Pct 
2 — 650 —_ 0.0005 0.0004 
2 10 660 5 0.008 0.006 
5 45 695 15 0.055 0.028 
8 30 775 10 0.061 0.024 
7 50 845 10 0.069 0.024 
7 30 920 10 0.074 0.026 
5 15 980 5 0.101 0.036 
4 10 1030 5 0.098 0.028 
8 35 1090 15 0.112 0.065 
5 20 1135 5 0.124 0.051 
4 60 1225 20 0.190 0.040 


Thermal Analysis—Considering the limited solu- 
bility of magnesium, its effect on the allotropic 
transformations of uranium should be small. Dif- 
ferential thermal analysis failed to show any meas- 
urable effect, and showed the usual hysteresis on 
heating and cooling. At a heating rate of 5°C per 
min the a-to-8 transformation took place at 666° 
2°C and the f-to-y transformation at 771°+2°C. 
On cooling, the corresponding transformations took 


Table II. Magnesium Content of Uranium Heated in Contact 
with Magnesium 


Tempera- Time at Tempera- Magnesium, 

ture, °C ture, Hr Wt Pct 
655 165 0.0155 
680 48 0.0030 
755 28 0.0020 
785 11 0.0095 
200 5.8 0.0210 
990 4.5 0.0035 
1080 2.3 0.0110 
1125 1.5 0.0015 
1135 1.0 0.0015 
1195 a 0.0040 
1250 0.7 0.0025 
1255 2.0 0.0040 


Dahl and Van Dusen*® used electrical resistivity 
measurements to establish the transformations in 
uranium, and obtained 667° and 772°C for the 
a-to-8 and £-to-y transformations respectively on 
heating, and 645° and 764°C respectively on cool- 
ing. The results obtained in this investigation on 
uranium saturated with magnesium are in good 
agreement with these values. 

Because of the difficulty of protecting thermo- 
couple leads from magnesium vapors, no accurate 
determination of the effect of magnesium on the 
melting point of uranium was made. However, an 
external thermocouple, see Fig. 1, indicated that the 
melting temperature was in the range of 1130°+10°C. 
In drawing the phase diagram, the value of 1133°C 
determined by Dahl and Cleaves’ was accepted as 
the melting point for uranium. 

The melting point of the magnesium used in this 
investigation was measured as 647°+2°C. Magne- 
sium in contact with an excess of uranium gave a 
thermal arrest at 650°+2°C on heating. On cool- 
ing, the tendency for the £-to-a transformation to 
supercool masked the freezing point break for the’ 
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magnesium. However, differential analysis, using 
pure magnesium as a reference against magnesium 
containing a small amount of uranium, showed no 
significant difference in their melting points. Conse- 
quently, the accepted value of 650°C for the melt- 


ing point of magnesium was used in drawing the 
phase diagram. 
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Solute Diffusion in Nickel-Base Substitutional 
Solid Solutions 


Diffusion rates of manganese, aluminum, titanium, and tungsten in nickel were 
measured at temperatures between 1100° and 1300°C. Activation energies, Q, and 
values of the frequency factor, Do, were calculated for each system. Values of Q 
were found to be within 15 pct of that for self-diffusion of nickel in agreement with 


present theories of diffusion. 


by R. A. Swalin and Allan Martin 


NE of the most interesting problems in diffusion 
concerns factors governing the order of diffu- 
sion coefficients of various solutes in a common sol- 
vent metal at low solute concentrations. An early 
suggestion by Rhines and Mehl’ was that diffusion 
coefficients might each approach that of the self- 
diffusion coefficient of the solvent itself. Later 
Thomas and Birchenall’ pointed out correlations be- 
tween the order of the diffusion coefficients and the 
freezing point depressions of the solvent by the 
various solutes. Other correlations have been sought. 
To settle this question it seems likely that much 
more data will be needed and, in particular, data 
collected at low solute concentrations. This type can 
be obtained by special analytical techniques as well 
as by use of radioactive tracers. 

The following study was made of diffusion of 
manganese, aluminum, titanium, and tungsten in a 
common solvent, nickel, at relatively low solute 
concentrations: 

1—Production of alloys of nickel with manganese, 
aluminum, titanium, and tungsten at concentrations 
of the order of 1 atomic pct. 


R. A. SWALIN, Junior Member AIME, formerly Research Fellow, 
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2—Use of pressure-welded diffusion couples in 
cylindrical form. 

3—Diffusion anneals in the temperature range of 
1100° to 1300°C. 

4—Lathe sectioning of the diffused couples. 

5—Spectrophotometric analyses of lathe turnings 
for the solute being studied. 

6—Calculation of the diffusion coefficient for each 
of the solutes as a function of temperature. 

7—Interpretation of results with current theories 
of diffusion. 


Experimental Work 

Materiais—Two types of nickel were used in this 
research. The grade designated as Vacuum melted 
Mond nickel was used for ali diffusion systems ex- 
cept the Mn-Ni system for which the Vacuum 
melted electrolytic nickel was used. Analyses of the 
two grades are given in Table I. 

The manganese used in making alloys was 99.9+ 
pct pure, aluminum 99.99 pct pure, titanium 99.9 pct 
pure, and tungsten of C.P. grade powder. 

Alloys used in this investigation were prepared 
by melting in vacuo or under a low pressure of 
argon. After melting, all heats except those of 
nickel-manganese were poured into a cylindrical 
copper mold 3 in. long and 1 in. ID. In the case of 
nickel-manganese, the alloys were solidified in the 
melting crucible. For nickel-aluminum heats alum- 
ina crucibles were used and for all other heats, 
zirconia crucibles. 
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Fig. 1—Probability plot is given for diffusion couple 5C. 
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Fig. 2—Log D ys 1/T is plotted for the Ni-Mn, Ni-Al, Ni-Ti, 
Ni-W, and Ni, 5.5 atomic pct Ti-Mn systems. 
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Preparation of Materials—Disks about ™% in. thick 
were cut from l-in. diam nickel rod and alloy 
ingots. The top section of each ingot was rejected 
because of the presence of a shrinkage cavity.. If 
porosity was detected when the disks were ex- 
amined microscopically, the entire ingot was re- 
jected. 

The disks were passed successively through rolls 
in a direction parallel to the faces until an approxi- 
mate 6 pct reduction in area was obtained. After 
annealing at 1300°C for 90 min, grains of 0.5 to 10 
mm diam were produced. For nickel-tungsten alloy 
disks, a 3-hr anneal at 1350°C was given. 

To remove contaminated material about 0.030 in. 
was machined from those faces earmarked for the 
diffusion interfaces. The faces were then machined 
carefully to obtain flat surfaces and polished care- 
fully with 0, 2/0, and 3/0 emery paper in succession. 
The faces were cleaned with nitric acid and subse- 
quently rinsed with acetone. 


Fabrication of Diffusion Couples—Before the disks 
were welded together in the form of the diffusion 
couple, inert markers were placed at the diffusion 
interfaces. For all alloy systems except nickel- 
tungsten, 0.001-in. diam tungsten wire was used for 
markers. The markers were used to line up the 
diffusion couples accurately during the subsequent 
sectioning process. In the Ni-W system no markers 
had to be used, since the interface could be located 
satisfactorily due to the difference in rate of etching 
by acid of the alloy disks and the pure nickel disks. 

A diffusion couple was then assembled by placing 
an alloy disk between two nickel disks or between 
two alloy disks that contained the same solute as the 
center disk, but in lesser amounts. There were thus 
two interfaces in each diffusion couple; one side was 
used for sectioning and the other held in reserve. 
The assembly was transferred to a hydraulic press 
where the wires were set by application of 12,000 psi. 

The diffusion couple was transferred to a welding 
furnace similar to that constructed by da Silva and 
Mehl.* The couple was held at 1000°C for 3 hr under 
a pressure of 175 psi in hydrogen (argon in the case 
of Ni-Ti alloys) to facilitate bonding of the disks. 


Diffusion-Anneal Treatment—A diffusion couple 
was sealed under argon into a fused silica tube. The 
sealed silica tube was placed in a large kanthal- 
wound furnace in contact with a sillimanite tube 
containing a Pt—Pt-10 pct Rh thermocouple. 

The specimen was heated at the diffusion-anneal 
temperature long enough to obtain an effective dif- 
fusion distance of about 0.025 in. except in the case 
of the Ni-W system, where shorter distances were 
attained. A continuous record of the temperature at 
the silica tube was maintained on a recorder. 


Table |. Analyses of Two Grades of Nickel in Diffusion Research 


Vacuum Vacuum Vacuum Vacuum 

Melted Melted Melted Melted 
Mond Elect. Mond Elect. 

Element Nickel Nickel Element Nickel Nickel 
GC 0.004 Si 0.002 0.005 
Ss 0.004 Mg 0.001 0.003 
Cu 0.0225 0.004 Ca 0.001 0.001 
Pb 0.001 0.003 Cr 0.001 0.002 
Fe 0.001 to 0.01 0.017 Co 0.01 to 0.05 0.175 
Al 0.0003 0.002 ITY 0.002 
0.001 0.002 B 0.001 


Sectioning of the Diffusion Couple—The couple to 
be sectioned was mounted on a lathe and 0.050 in. 


TRANSACTIONS AIME 


/ 
-040 -,020 020 .040 


of the metal was machined off the cylindrical sur- 
face to remove material that might have been con- 
taminated. The surface was polished and etched 
with concentrated nitric acid so that the markers 
were readily observable. 

The couple was lined up in a lathe with the 
marker interface perpendicular to the lathe axis by 
using a cathetometer to sight on the markers. Ex- 
traneous material at the end of the couple was 
turned off and discarded and cuts 1 ml thick were 


taken in the effective diffusion zone for chemical 
analysis. 


Spectrophotometric Analysis—The accuracy to 
which the diffusion coefficients could be determined 
depended to an important degree on the accuracy 
with which the small samples of lathe turnings, 
averaging about 70 mg, could be analyzed for the 
particular solute element employed. For each of the 
four solutes, spectrophotometric procedures were 
successfully adapted to the conditions at hand. A 
correction was applied, of course, for the amount of 
nickel present in each sample. 


Experimental Results 

Method of Computing Diffusion Coefficients—For 
the boundary conditions determined by experi- 
mental geometry, the Grube solution to Fick’s law 
was applicable, since the diffusion coefficients proved 
to be independent of concentration in the range of 
concentration being studied. The Grube solution to 
Fick’s law is 


2(C —C,) 


where Y = X/2\/Dt. C is the solute concentration 
at distance X from the interface, t represents the 
effective time of the diffusion-anneal, C,, is the con- 
centration at t = 0 in the middle alloy disk, C, is 
the concentration at t = 0 in the end disks (usually 
zero), and D is the diffusion coefficient. 

The symbol t represents an effective time of 
diffusion and takes into account the diffusion that 
has occurred during the time needed to bring speci- 
mens up to the diffusion-anneal temperature, as 
well as correcting for minor temperature fluctua- 
tions during the diffusion-anneal. This was obtained 
by graphical integrating exp [—Q/RT(t)] dt from 
t = 0 to tyimer and dividing by exp [—Q/RT], where 
T is the representative temperature, Q the activation 
energy, and R the gas constant. 

Presentation of Data—Since Eq. 1 was found to fit 
the experimental conditions, diffusion. coefficients 
could be most accurately determined from the prob- 
ability plots of Y* vs X, since such plots yield 


= 1—erf (Y) [1] 


* Obtained experimentally from values of (C — Co)/(Cm — Co). 


straight lines. This is true only when D is inde- 
pendent of C. Fig. 1 is an example of a probability 
plot for the Ni-Ti system. Diffusion coefficients were 
obtained from the slopes of the probability plots and 
were multiplied by 1.04 to compensate for thermal 
expansion of the lattice from room temperatures to 
the diffusion-anneal temperature. Values of the dif- 
fusion coefficients calculated along with the tem- 
peratures, times of the diffusion-anneal treatments, 
and solute concentration limits are listed in Table Il. 
The diffusion coefficients were found to exhibit 
the usual temperature dependence, namely, 
ee D = D, exp [—Q/RT], [2] 
and the plots of log D vs the reciprocal of the abso- 


TRANSACTIONS AIME 


lute temperature are shown in Fig. 2. The experi- 
mental points for the nickel, 5.5 pct Ti-Mn system 
were found to coincide with the line determined for 
the Ni-Mn system, thus indicating that titanium had 
no effect on the diffusion of manganese. Titanium 
analyses were performed on the sections neighbor- 
ing the interface for three couples in this system and 
no redistribution of titanium was observed. 


Table Il. Diffusion Data 


Time of Tempera- Composition 
Desig- Diffusion, ture, D(Cm?2 Range of Solute, 
nation (See) °C per Sec) Atomic Pct 
1A 7.08 x 104 1293 3.14 x 10-9 0 to 4.0% Mn 
2A 9.37 x 105 1103 1.56 x 10-10 0 to 3.4% Mn 
3A 1.44 x 105 1229 1.28 x 10-8 0 to 3.4% Mn 
4A 3.73 x 105 1168 4.25 x 10-10 0 to 1.7% Mn 
5A 3.53 x 108 1180 3.98 x 10-10 0 to 1.7% Mn 
6A 1.46 x 105 1243 1.58 x 10-8 0 to 1.7% Mn 
1B 4.40 x 104 1176 4.26 x 10-10 0 to 0.7% Al 
2B 7.30 x 104 1280 1.68 x 10-8 0 to 0.7% Al 
3B 6.43 x 105 1142 2.33 x 10-10 0 to 0.7% Al 
4B 1.80 x 105 1241 1.21 x 10-8 0 to 0.7% Al 
5B 1.22 x 108 1099 1.15 x 10-10 0 to 0.7% Al 
6B,9B- 1.70 x 105 1243 1.16 x 10 2.0 to 3.7% Al 
iG 1.26 x 106 1104 1.53 x 10-19 0 to 0.9% Ti 
2C 5.83 x 105 1150 3.23 x 10-10 0.2 to 0.9% Ti 
3C 1.80 x 105 1239 1.15.x 10-9 0 to 0.9% Ti 
4C 2.60 x 10° 1214 8.75 x 10-10 0.2 to 0.9% Ti 
5C 2.61 x 105 1202 6.19 x 10-9 0 to 0.9% Ti 
6C 8.43 x 104 1282 1.96 x 10-° 0 to 0.9% Ti 
6E 5.02 x 105 1252 1.07 x 10-10 0 to 1.5% W 
TE 1.01 x 105 1187 3.40 x 10-41 0 to 15% W 
8E 2.68 x 105 1289 1.85 x 10-10 0 to 1.5% W 
9E 1.67 x 106 1153 1.78 x 10-4 0to 15% W 
10E 8.96 x 105 1220 4.17 x 10-11 0 to 1.5% W 
1G 3.69 x 105 1199 7.90 x 10-10 0 to 1.9% Mn* 
2G 1.35 x 105 1280 1.46 x 10-% 0 to 1.9% Mn* 
3G 6.44 x 105 1152 3.39 x 10-9 0 to 1.9% Mn* 
4G 2.25 x 105 1253 V73 x 10-° 0 to 1.9% Mn* 


* In the presence of 5.5 at % Ti. 


Equations obtained by a least squares method 
expressing D as a function of T for the alloy sys- 
tems studied are given below: 

Mn: D = 7.50 exp [—67,100/RT]cm*persec [3] 

Al: D= 1.87 exp [—64,000/RT]cm*persec [4] 

Ti: D= 0.86 exp [—61,400/RT]cm* persec [5] 

W: D= 11.1 exp [6] 

A glance at Fig. 2 discloses that at any tempera- 
ture in the range studied, the diffusion of manganese, 
titanium, and aluminum are of the same magnitude 
(decreasing in the order listed), whereas diffusion 
coefficients of tungsten are a magnitude smaller. 

The activation energies obtained are relatively 
close to that corresponding to self-diffusion in pure 
nickel, where the diffusion coefficient is expressed 
lone 

D = 1.27 exp [—66,800/RT ]. 


Consideration was given the possible effects of 
the presence of dissolved oxygen on the diffusion of 
aluminum and titanium. Concentration of oxygen 
was not determined, but the maximum solubility in 
nickel is about 0.045 atomic pct at 1200°C.° Concen- 
tration of oxygen in the alloys containing aluminum 
and titanium would be considerably less than that 
in pure nickel, since aluminum and titanium form 
very stable oxides. Thus when diffusion couples 
were fabricated using these alloys, concentration 
gradients of oxygen as well as the solute in question 
existed. During the diffusion anneal, oxygen would 
diffuse from the pure nickel disks toward the diffu- 
sion interface and form an oxide layer there, react- 
ing with the solute. Upon microscopic examination, 
a small number of particles, presumably Al.O;, were 
noticed to have formed in the diffusion zone, on the 
pure nickel side of couples in the Ni-Al system. 
These probably resulted from the reaction of dis- 
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solved oxygen with diffusing aluminum. To test the 
effect of dissolved oxygen, three special couples 
were fabricated, one in the Ni-Al system and two in 
the Ni-Ti system. Instead of pure nickel as com- 
ponents of the diffusion couples, alloy disks were 
used containing the same solute as the center disks 
but in lesser amounts. In this manner, deoxidation 
of the entire couple was faciliated. Diffusion co- 
efficients obtained for the three couples were found 
to le, within experimental error, on the straight 
line obtained by using the other couples. Conse- 
quently, it was concluded that oxygen which might 
have been present in the nickel does not alter the 
diffusion results. 

Precision of Results—In drawing the best straight 
lines on the plots of log D vs reciprocal of absolute 
temperature, equal weight was given to all points 
except those obtained from couples 5A and 10E, 
which were rejected on the basis of statistical con- 
siderations. For all the systems studied, the prob- 
able error in points from the best straight line was 
about +5 pct, resulting in a probable error in values 
of Q of about +1000 cal per mol and probable errors 
in values of log D, of about +0.15. 


Interpretation of Results 

Darken’s Equation—Darken* has derived the fol- 
lowing equation expressing the measured diffusion 
coefficient as a combination of the individual diffu- 

sion coefficients of the solvent and of the solute: 
D = N,D, + N.D,. [7] 
D represents the diffusion coefficient determined in 
this type of investigation, D, and D, are the intrinsic 
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diffusion coefficients of solvent and solute, respect- 
ively, and N, and N, are the mol fractions of solvent 
and solute, respectively. The validity of Eq. 7 rests 
on the assumption that vacancies are in equilibrium 
everywhere in the diffusion zone. 

D,, the intrinsic diffusion coefficient of nickel in 
the alloys, was not measured, but it might be ex- 
pected to be close to the self-diffusion coefficient of 
pure nickel, values of which have been determined 
by Hoffman.‘ Using his data as being equal to D, 
and comparing with values of D determined in this 
research, it is observed that D=D, for all alloy sys- 
tems. Since N,~1 and N.~10~, then D=D,. Thus the 
values of D, in view of the assumptions made, may 
be considered to represent the intrinsic diffusion co- 
efficients of the solutes. Consequently, measured 
values of D, and @ will represent the values for 
solute diffusion in the alloys and will not be a com- 
bination of both solute and solvent diffusion para- 
meters. 

Considerations Based on the Random Walk—lIf it 
is assumed that solute diffusion is a random walk 
process and that diffusion takes place by means of a 
vacancy mechanism, Eq. 8 may be derived for diffu- 
sion in face-centered-cubic solvents: 


D=a vexp [ (AS, + AS.) /R] exp 


where a represents the lattice parameter of the 
solvent, v is the vibrational frequency of the solute 
atoms, AS, and AS, are the entropies of vacancy 
formation anu of jumping, respectively, and AH, and 
AH, are the enthalpies of vacancy formation and of 
jumping, respectively. Comparing Eq. 8 to Eq. 2, it 
is seen that 


D, = a’ v exp [ (AS, + AS.) /R] [9] 


[10] 


Thus the entropy sum (AS, + AS.) may be cal- 
culated from experimental values of D, if a and v 
are known. The lattice parameter of nickel is equal 
to 3.52A and v is assumed in all cases to be equal to 
the Debye frequency of nickel, calculated to be 7.9 
x 10” sec”. 

From the values of (AS, + AS.) and Q, free ener- 
gies, AG, may be calculated, since 


(AG, + AG.) = (AH, + AH.) — T(AS, + AS,). ‘J 


These values of free energy calculated at 1200°C, 
along with the corresponding entropies, are listed in 
Table III. 

The values of (AS, + AS.) are all positive, in 
agreement with Zener’s theory of a vacancy mech- 
anism for solute diffusion,’ but in disagreement with 
much of the past experimental work in face- 
centered-cubic alloy systems where negative values 
are obtained. It is interesting to note that if con- 
siderable diffusion had taken place along short- 
circuiting paths and low activation energies had 
been obtained, low values of D, and hence AS would 
have been obtained, since the curve on the plot of 
log D vs the reciprocal of the absolute temperature 
would be pivoted around the high temperature 
points.” 

It is also to be noted that the values of 
(AG, + AG,)listed in Table III are closer together 
than their respective values of @. These values may 
be more meaningful for comparison than values of 
Q as a result of the fact that an error in picking the 
best straight line on the plot of log D vs reciprocal 


and 
Q = AH, + 
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[—(4H, + 4H.)/RT], [8] 


of absolute temperature will be reflected in a change 
of AS in the same direction. Using Hoffman’s data‘ to 
calculate (AG, + AG.) for self-diffusion of pure 
nickel, the value 52.6 kcal per g-atom is obtained. 

Influence of Atomic Size of Solute—In considering 
solute diffusion, it is necessary to take into account 
the local properties around a solute atom which may 
be very different from the bulk properties of the 
solvent. When a foreign atom of a size different 
from that of the solvent atom is dissolved in a crys- 
tal, an atomic disarrangement in the vicinity of the 
solute atom takes place, the degree of disarrange- 
ment depending on the degree of misfit. The strain 
imparted is responsible for a lowering of the fre- 
quency of atomic vibration.” Since v is proportional 
to the square root of the appropriate shear modulus, 
the elastic modulus is also lowered in the vicinity of 
the foreign atom. In support of this, a lowering of 
the bulk moduli of metals by alloy additions has 
been observed in the cases where the maximum 
solubility of a solute in a given solvent is less than 
20 pct.” Calculations have indicated that the 
lowering is proportional to the strain introduced by 
the foreign atoms which in turn is a function of the 
difference in atomic radii between solute and sol- 
vent.” 


Table Ill. Thermodynamic Diffusion Data 


(ASi + AS2) (AGi + AGe) 
Solute E. U. Keal per G-Atom 
Mn 13 47 
Al 10 49.3 
Ti 9 48.1 
WwW 14 56.2 


The effect of the atomic size difference of solute 
and solvent atoms on the rate of solute diffusion is 
apparently complex. The free energy of formation 
of a vacancy next to a solute atom, AG,, probably 
becomes smaller as the size of the solute atom be- 
comes larger (assuming solute atom is larger than 
solvent) since the presence of vacancies next to the 
solute atom will remove local strain. The free en- 
ergy of jumping, AG., probably consists mainly of 
strain energy expended in squeezing through the 
saddle position and may be described by Eq. 12: 


1 


AG: ~ 
2 


where » is the appropriate shear modulus, E a meas- 
ure of the strain, and v the volume over which the 
strain is apparent. As the size of solute atoms in- 
creases, . decreases but E and v increase. In a plot 
of (AG, + AG.) vs the solute Goldschmidt atomic 
radii, Fig. 3, no correlation is observed. 

To examine further the hypothesis proposed 
above, the G alloy series was prepared, containing 
5.5 atomic pet Ti as well as manganese. Since tita- 
nium has a Goldschmidt atomic radius considerably 
different from that of nickel, and since there was 
large concentration, considerable internal strain 
would be expected with a corresponding reduction 
in elastic moduli. As stated before, however, man- 
ganese was found to diffuse at the same rate in this 
alloy as in pure nickel. 

Lazarus’ Theory of Diffusion—-Recent work by 
~Tomizuka and Slifkin™ indicates that activation en- 
ergies for solute diffusion in silver in the case of 
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solutes following silver in the periodic table are 
lower than that for self-diffusion in silver. Activa- 
tion energies were found to decrease linearly with 
increasing atomic number. 

These results were interpreted by Lazarus” in 
terms of electrostatic screening of extra nuclear 
charge. The theory predicts an inverse correlation 
between activation energies and extra valence of the 
solutes for plus valences. For negative valences, 
theoretical predictions are not as certain, but work 
in progress by Macklett and Tomizuka on Ru in Ag” 
indicates that the activation energy curves up 
sharply. Lazarus’ theory applies, strictly, only to 
solutes in the same row of the periodic table, but it 
is interesting to attempt to apply it to the present 
data. 

As shown in Fig. 4, the present data, along with 
Hoffman’s self-diffusion data for nickel,‘ fit the 
theory quite well if the following valences are as- 
sumed: Ni, 0; Al, + 3; Ti, + 4; Mn, — 1; W, — 2 
(the valence for titanium could, a priori, also be 
taken as — 4). It is interesting to note that the slope 
of the line of Fig. 4, from valences 0 to 4, is quite 
close to that determined by Tomizuka and Slifkin. 
For the data presented in this paper, Q@ = 66.5 — 
1.0Z, while for solute diffusion in silver Q = 42.8 — 
1.13Z where Z is the excess valence. This agreement 
with the theory could well be fortuitous, particu- 
larly in view of the uncertainty of the valences, and 
indicates a need for further work. 


Summary 


Diffusion rates of manganese, titanium, aluminum, 
and tungsten in nickel have been determined in the 
temperature range of 1100° to 1300°C. Diffusion co- 
efficients of manganese in an alloy of nickel, 5 pct Ti 
have also been determined. 

A diffusion couple method embodying low con- 
centration gradients in conjunction with spectro- 
photometric methods of analysis was used. The dif- 
fusion coefficients were found to be independent of 
concentration in the range of concentration studied 
for all alloy systems. Manganese was found to diffuse 
at the same rate in the nickel, 5 pct Ti alloy as in 
pure nickel. 

The usual exponential temperature dependence of 
the diffusion coefficients was found. Values of D and 
Q were calculated for each system. The values of Q 
were found to be within 15 pct of that for self- 
diffusion. This observation is in disagreement with 
much of the older work done in other face-centered- 
cubic systems where activation energies for solute 
diffusion were found to be much less than that for 
self-diffusion of the pure solvents. 

Entropies and free energies of diffusion were cal- 
culated. The entropies were found to be positive in 
agreement with some theoretical calculations based 
on the assumption of a vacancy mechanism for 
solute diffusion. 

The data appear to correlate with Lazarus’ 
theory of diffusion, although such agreement could 
be fortuitous in view of the assumptions that must 
be made. 
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Re-Examination of Ti-Fe and Ti-Fe-O 


Phase Relations 


The Ti-Fe and Ti-Fe-O systems were re-examined because of the controversy re- 
garding the existence of Ti:Fe, and to consider all available data points to the 
existence of Ti:Fe. The Ti-Fe-O system contains two ternary compounds: «, cor- 


responding to Ti.Fe; and y. 


by Elmars Ence and Harold Margolin 


EVERAL authors have investigated the constitu- 

tion of titanium-rich alloys of the Ti-Fe system. 
The most extensive study of titanium-rich por- 
tions of the Ti-Fe system was by Van Thyne, 
Kessler, and Hansen,’ who investigated this system 
up to 50 pct Fe and used the highest purity 
materials available for their alloy preparation 
(iodide titanium was used for alloys up to 20 
pet Fe). According to Van Thyne et al., phase re- 
lationships in the region of investigation are gov- 
erned by phases a, 8, and TiFe. No evidence of an 
intermetallic compound Ti.Fe was found, although 
earlier works by Laves and Wallbaum,* and Duwez 
and Taylor’ reported its existence. Rostoker’s 
study on the occurrence of Ti,X phases’ confirmed 
the findings of Van Thyne et al. Rostoker proposed 
that the compound Ti.Fe found by Duwez does not 
exist but is actually a ternary compound, Ti,Fe.O, 
originated by inadvertent oxygen contamination. 
The partial isothermal section of the ternary Ti-Fe- 
O system as reported by Rostoker' seems to confirm 
this explanation. 

In the course of phase diagram work conducted 
at New York University, however, certain irregu- 
larities were observed to be associated with ternary 
systems of the type Ti-Fe-X. The ternary phase 8, 
observed in the systems Ti-Fe-Mo* and Ti-Fe-V,’ 
was found to be structurally identical to the com- 
pound Ti.Fe as reported by Duwez and Taylor, and 
to Rostoker’s compound Ti,Fe,O. Since the amount 
of oxygen possibly present in the Ti-Fe-Mo and Ti- 
Fe-V systems could not account for the observed 
amounts of the compound, it appears that the 56 
phase in these systems is not Ti,Fe.O. On the other 
hand, considering the amounts of the 6 phase, parti- 
cularly in the Ti-Fe-Mo system, the location of the 
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phase was uncertain. It was felt that the introduc- 
tion of the Ti.Fe phase would alleviate some of the 
inconsistencies of the two systems. 

Because of the uncertainties relating to the phase 
Ti,Fe, or Ti,Fe.O, it appeared worthwhile to re- 
examine the Ti-Fe and Ti-Fe-O systems in the 
vicinity of these compounds with highly sensitive 
metallographic techniques and with X-ray methods. 


Experimental Procedure 

Alloy Preparation—For the study of the binary 
system four alloys were prepared, containing 26.9 
(30 wt pct), 34.0 (37.5 wt pct), 41.2 (45 wt pct), 
and 56.3 (60 wt pct) atomic pct Fe, and for the 
ternary Ti-Fe-O system 18 alloys were prepared in 
the composition range of 1.6 to 16.9 atomic pet O 
and 24.3 to 55.7 atomic pct Fe. 

The materials used for the Ti-Fe alloys were 
iodide titanium (99.98 pct Ti, 0.002 pet O) and Ferro- 
vac-E iron (99.95 pct Fe, 0.0052 to 0.0072 pet O). For 
the Ti-Fe-O study the materials used were sponge 
titanium containing less than 0.06 pct O, Ferrovac- 
E iron, and Baker’s analyzed TiO,. The nominal 
weight and atomic percentages of the ternary alloys 
prepared are shown in Table I. 

Melting—Charges of 10 to 15 g were melted in a 
nonconsumable are furnace in argon atmosphere ac- 
cording to the technique described elsewhere.” 
Since there was practically no weight loss through 
the various stages of melting and oxygen losses have 
not been observed previously, it appeared justifiable 
to use nominal composition for interpretation of 
data. Iodide titanium control buttons, of the same 
mass as the Ti-Fe charges, and melted under the 
same conditions, were used to check hardness pick- 
up during melting. A hardness increase of 2 to 3 
Vhn was found. 

Heat Treatment—The specimens were annealed 
in quartz capsules under argon. To avoid contact 
between the specimen and capsule material all 
specimens were wrapped in titanium sheet. The 
annealing times are given in Table II. The attain-— 
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ment of equilibrium under these conditions will be 
discussed later, with the presentation of results. 


Table 1. Nominal Weight and Atomic Composition of Ti-Fe-O Alloys 


Wt Pct Fe 
Wt Pct O 30 37.5 45 


— 


Atomic pct Fe 
Atomic pet O 
Atomic pct Fe 
Atomic pct O 
Atomic pct Fe 
Atomic pct O 
Atomic pet Fe 
Atomic pct O 
Atomic pct Fe 
Atomic pet O 
Atomic pct Fe 
Atomic pct O 
Atomic pct Fe 
Atomic pct O 
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No noticeable contamination occurred during heat 
treatment, since iodide titanium specimens in the 
same capsule with alloyed specimens did not change 
in hardness. As an additional check the binary 41.2 
atomic pct Fe alloy after heat treatment was an- 
alyzed for oxygen, tungsten and copper. In duplicate 
analyses the weight percentages were: 0.032 O, 0.02 
Cu, and 0.08 W. 


Table II. Annealing Times 


Alloys Temperature, °C Time 
Ti-Fe 1050 1 and 2 days 
1000 1 and 5 days 

900 2 weeks 

800 3 weeks 
Ti-Fe-O 1000 2 and 7 days 


Metallography—Specimens were prepared for mi- 
croscopic examination by first electropolishing and 
etching with Remington A etch (25 pct HF, 25 pct 
HNO,, and 50 pct glycerine). Subsequently they were 
electrolytically etched by the cumulative stain etch- 
ing procedure described elsewhere.” The color rela- 
tions of the individual phases as observed in the 
Ti-Fe and Ti-Fe-O systems are listed in Table III. 

The binary Ti-Fe alloys did not photograph well 
in some cases, and to eliminate surface roughness 
while maintaining distinction between phases an 
alkaline-type etchant was used.” The composition 
and conditions for use of this etchant are as follows: 
10 ml 40 pect KOH, 5 ml 30 pct H.O., and 20 ml H;O 
at 70° to 80°C for 30 to 60 sec. 

X-Ray—X-ray identification of phases was car- 
ried out on powdered or solid wedge-shaped speci- 
mens. Powder was prepared by crushing previously 
annealed samples and sieving through a 200 to 230 
mesh screen. Powders were either unannealed or 
annealed before exposure. To be annealed, powders 
were wrapped in titanium sheet, sealed in quartz or 
titanium capsules, annealed for 5 or 20 min as indi- 
cated in Table IV, then water-cooled in the capsules. 

Solid wedge-shaped specimens were used several 
times. When prepared from previously annealed 
samples, they were reannealed after being placed in 
sealed argon-filled titanium capsules. After heat 
treatment and prior to X-ray exposure, the surface 

was removed by electropolishing. For the as-cast 
specimens no annealing was carried out after prep- 
aration of the wedge. 
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Nickel-filtered CuKa radiation and a 114.6 mm 
diam powder camera were used in all cases. 


Ti-Fe System 

As-Cast and 1050°C Structures—The as-cast and 
1050°C microstructures of the four Ti-Fe alloys 
were examined and showed £ and TiFe for composi- 
tions below TiFe. The phases TiFe and TiFe. were 
found above TiFe. A microstructure showing 6 and 
TiFe in a 41.2 atomic pct alloy annealed 48 hr at 
1050°C is shown in Fig. 1. 

As a check on microstructure identification, 
Debye-Scherrer photograms were obtained for pow- 
dered and solid wedge-shaped specimens taken from 
an as-cast 41.2 atomic pct Fe alloy. Both photograms 
revealed § and TiFe as the only phases. 

Structures 1000°C and Below—Specimens an- 
nealed at 1000°C tended to show a mottling of the 
TiFe phase; and, as annealing temperatures de- 
creased, the TiFe revealed a second phase, Fig. 2. It 
was not possible from stain-etching characteristics 
to determine whether this was £. This precipitate, 
without other evidence, could be considered as B 
precipitating, resulting from decreased solubility of 
titanium in TiFe. At temperatures of about 800°C, 
in addition to the phase appearing within TiFe, an- 
other phase appeared, Fig. 2. This phase had the 
same stain-etching characteristics as the ternary « 
phase, Table III. The new phase was always found 
to lie between, and to be in contact with, the TiFe 
and £. This indicated that it formed by peritectoid 
reaction between 6 and TiFe. Since the new phase 
was not £, this suggests that at 800°C the phase pre- 
cipitating in TiFe and the peritectoidally formed 
phase are the same. 


Table III. Stain Etching Colors for Ti-Fe and Ti-Fe-O Alloys 


Phases 
Cycles Electrolyte $§-Titanium € TiFe 
4x0.3 sec HG Orange Red Violet Greenish 
blue 
8x0.3 sec HG Purple Violet Greenish Emerald 
blue green 


An X-ray identification of the third phase was 
carried out by using both powder and wedge-shaped 
solid specimens. The d-values of the third phase in 
a typical X-ray pattern is shown in Table V. The 
d-values for the third phase correspond to the data 
given by Duwez and Taylor’ for the phase labeled 
Ti.Fe and are contained in the d-values listed by 
Rostoker* for Ti,Fe.O. These data”® are listed in 
Table V. 

The X-ray data obtained for the 41.2 and 34 
atomic pct Fe alloys are listed in Table IV. At all 
the annealing temperatures shown in Table IV the 
third phase was detected by X-ray. These data may 
not be subject to the criticism that powders used 
were contaminated from quartz capsules during heat 
treatment because powders wrapped in titanium 
sheet and sealed in titanium capsules gave the 
same results. As a further check, a wedge specimen 
was also annealed in a titanium capsule. Diffraction 
data from this specimen showed the same third phase 
obtained from quartz capsule annealed powders. 

It may be noted in Table IV that the unannealed 
powder samples did not show the third phase in 
cases where it was observed in annealed powders 
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and in microstructures of solid specimens. This ap- 
parent absence of the third phase was found to be 
due to cold work introduced by crushing. 

Table IV indicates that Ti,Fe.O or Ti.Fe is found 
after annealing in the range 775° to 1000°C. Al- 
though the 41.2 atomic pct Fe alloy was found to 
contain only 0.032 pct O, it cannot be concluded that 
TiFe.O is thereby excluded. This follows from the 
fact that the Ti,Fe.O phase or e« (as it is designated 
in Fig. 3, the partial Ti-Fe-O section at 1000°C) 
may form at considerably lower oxygen contents 
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Fig. 1—Ti-Fe alloy, containing 41.2 atomic pct 
(45 wt pct) Fe, was treated for 48 hr at 1050°C, 
water quenched, and etched with KOH + H:O». 
Phases were identified as A, TiFe, and B, £-tita- 
nium. X600. Area reduced approximately 35 
pet for reproduction. 

Fig. 2—Ti-Fe alloy, containing 41.2 atomic pct 
(45 wt pct) Fe, was treated for 21 days at 800°C, 
water quenched, and etched with KOH + H.Os. 
Phase was identified as 8 + TiFe + X (TiFe 
or ¢) precipitated in TiFe. X, indicated by the 
arrow, also formed between 8 and TiFe. X600. 
Area reduced approximately 35 pct for repro- 
duction. 


Fig. 3—See facing page. 


Fig. 4—Ti-Fe-O alloy No. 8, containing 32.6 
atomic pct Fe and 6.1 atomic pct O, is shown 
as-cast. Sample was electrolytically stained 
with HG electrolyte. Phases were identified as 
A, y; B, e; and C, primary TiFe in a eutectic of 
B + TiFe. X350. Area reduced approximately 
35 pct for reproduction. 

Fig. 5—Ti-Fe-O alloy No. 8, containing 32.6 
atomic pct Fe and 6.1 atomic pct O, was treated 
for seven days at 1000°C, water quenched, and 
electrolytically stained with HG _ electrolyte. 
Phase was identified as TiFe in e matrix. X350. 
Area reduced approximately 35 pct for repro- 
duction. 


Fig. 6—Ti-Fe-O alloy No. 7, containing 33.3 
atomic pct Fe and 3.1 atomic pct O, was treated 
for seven days at 1000°C, water quenched, and 
electrolytically stained with HG _ electrolyte. 
Phases were identified as 8, black; TiFe, white; 
and e, gray. X350. Area reduced approximately 
35 pct for reproduction. 

Fig. 7—Ti-Fe-O alloy No. 3, containing 25.8 
atomic pct Fe and 6.0 atomic pct O, was treated 
seven days at 1000°C, water quenched, and elec- 
trolytically stained with HG electrolyte. Phase 
was identified as 6, black; plus ¢, white; in y 
matrix, gray. X350. Area reduced approxi- 
mately 35 pct for reproduction. 


Fig. 8—Ti-Fe-O alloy No. 10, containing 31.3 
atomic pct Fe and 11.7 atomic pct O, is shown 
as-cast. Sample was electrolytically stained with 
HG electrolyte. Phases were identified as A, e; 
B, unidentified primary dendrites (TiO ? or a ?) 
surrounded by peritectically formed y; and C, 
primary TiFe in a eutectic of 6 + TiFe. X350. 
Area reduced approximately 35 pct for sepro- 
duction. 

Fig. 9—Ti-Fe-O alloy No. 10, containing 31.3 
atomic pct Fe and 11.7 atomic pct O, was 
treated for seven days at 1000°C, water 
quenched, and electrolytically stained with HG 
electrolyte. Phases were identified as TiFe in e 
matrix and A, undissolyed primary dendrites 
(TiO ? or @ ?). X350. Area reduced approxi- 
mately 35 pct for reproduction. 


than was indicated by Rostoker;’ and the limit of 
oxygen which can dissolve in 8B and TiFe before 
e forms* has not been determined. 


*The 6 + TiFe/B + TiFe + e€ boundary, Fig. 3, has been located 
in the vicinity of 0.5 atomic pet for convenience in distinguishing 
between these phase fields. 


Polonis and Parr” have reported that they were 
able to obtain Ti.Fe in powdered samples of Ti-Fe 
alloys. If oxygen analysis of the powder had been 
carried out and had indicated very little oxygen, the 
argument for Ti,Fe would have been enhanced. : 


TRANSACTIONS AIME 


OO 


Gruhl and Amman" have found single crystals of a 
phase isomorphous with Ti,Fe.O which analyzed, in 
weight percentages, as follows: 52.2 ALL 
pet Al; 2.9 pct Si, 0:116 pet N, 0.08 pet O, 
and 0.2 pct Mn. On the basis of the limited amount 
of oxygen, Gruhl and Amman concluded that Ti.Fe 
exists and suggest that aluminum has replaced tita- 
nium in Ti,Fe. Their d-values are given in Table V. 
The fact that diffraction patterns corresponding to 
Ti.Fe or Ti,Fe.O have been obtained in the Ti-Fe-Mo 
and Ti-Fe-V systems*® where the amounts of this 
phase cannot be accounted for by oxygen contamina- 
tion also supports the existence of Ti.Fe. If Ti.Fe 
exists, its formation must be very sluggish, since 
equilibrium amounts have not been found. Possibly 
its formation is accelerated by such elements as 
molybdenum, vanadium, aluminum, and oxygen. 


Ti-Fe-O System—Partial 1000°C Section 

The partial 1000°C section obtained from the al- 
loys of Table I is shown in Fig. 3. The identification 
of phases by both microstructure and X-ray analysis 
is given in Table VI, which also contains a column 
indicating how the data were plotted. This was done 
because identification was uncertain in some cases 
or because equilibrium had not been obtained. This 
will be discussed subsequently. 

Microstructures—It was indicated earlier that two 
and seven days were used for annealing times at 
1000°C. Generally no differences in structure were 
obtained for these two times. For oxygen contents 
below 9 atomic pct, equilibrium was attained within 
the times used. The marked change from an as-cast 
to equilibrium structure may be seen by comparing 
Figs. 4 and 5, alloy No. 8, Table VI. In Fig. 4 the as- 
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Fig. 3—Partial isothermal sec- 
iy} tion for the Ti-Fe-O system 
/ at 1000°C. 
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Fig. 10—Ti-Fe-O phase rela- & \ . 
tionships at 1000°C, incorpo- APE 
rating data from the literature. ji 
Ti 10 20 fe} 40 
IRON, ATOMIC PERCENT 
Table IV. X-Ray and Microstructure Data 
Identification of Phases} 
Type of Treatment,* Microstructure ; 
Specimens Heat Treatment X-Ray Specimen X-Ray Specimen Specimen X-Ray Specimen 
x 
i t 1000°C, 5 days Powder Re-anneal 5 min ap 2:6 
900°C, 2 weeks Powder Re-anneal 20 min B+ +X (Soe x 
900°C, 2 weeks Wedge specimen Re-anneal 20 min, B+ TiFe + X B+ TiFe +X 
Ti capsule 
900°C, 2 weeks Powder Unannealed Bo Tite xX B + Tike 
850°C, 3 days Powder Re-anneal 20 min B+ Tike +X B+ Tike +X 
825°C, 5 days Powder Re-anneal 20 min, B+ TiFe + X B+ TiFe + X 
825°C, 5 days Powder Unannealed i 
775°C, 9 days Powder Re-anneal 20 min, B+ TiFe + X B+ TiFe + X 
Ti capsule 
775°C, 9 days Powder Unannealed B+ TiFe + X 6B + TiFe 
x 
i 900°C, 2 weeks Powder Re-anneal 20 min B+ TiFe + X Bo nines 
He aoe a 850°C, 3 days Powder Re-anneal 20 min B+ TiFe + X B+ TiFe + X 
* Unless otherwise indicated, specimens were annealed in quartz capsules. 
+ X is either TixFe or TisFe20. 
MAY 1956, JOURNAL OF METALS—575 


TRANSACTIONS AIME 


2077 
> 10 \ 


Table V. Diffraction Data for Isomorphous Ti-Fe and Ti-Fe-X Compounds 


This Investigation 


Literature Data 


6 Phase of 
e Phase, or TioFe TioFe, 6 Phase of the Ti-Fe-V 
Ti-Fe-O System, of the Binary Duwez and TisFe.O, the Ti-Fe-Mo System, Stone TioFe, Gru a 
Alloy No.7 Ti-Fe System Taylor? Rostoker? System, NYUS and Margolin® and Ainman 
Estimated Estimated Estimated Estimated Estimated 
Relative Relative Relative Relative Relative 
hkl d,A Intensity d,A _ Intensity d,A hkl d,A d,A Intensity d,A  Intensity* d,A Intensity 
331 2.578 0.1 2.58 0.04 = 332+ 3356 oss 2.587 Vw 2.589 VVW 
422 2.296 0.5 2.30 0.2 2.31 422 293 2.305 0.05 2.302 M 2.286 Ss 
500, 430+ 2.250 
4317 203 
511 2.168 1.0 2.174 0.4 ENT 333,511 2.163 2.174 0.2 2.174 Ss 2.169 vs 
440 1.993 0.4 1.995 0.2 2.00 440 1.986 1.993 0.1 1.995 M 2.004 s 
531 1.905 0.1 = == 1.908 WwW = 
AGG 1.877 0.3 1.880 0.1 1.88 442,600 1.872 1.886 0.05 1.881 vw 1.883 M 
533 1.719 0.05 1.72 = a= = 
622 1.702 0.2 — = 622 1745 = 1.701 Vw 1.709 
444 1.630 0.2 1.63 444 1.619 — = = 
1.582 0.1 1.59 551,711 1.572 = 1.567 M 1.579 Ww 
642 1.509 0.08 = = = 1.515 vw 1.508 VVW 
238 1.472 0.2 - — 1.472 553,731 1.478 1.486 0.2 1.468 Vw 1.470 Ww 
650, 645; 1.463 
733 1.381 0.1 = = 1.382 733 0375 = 1.380 vw 1.377 Vw 
821, 742+ 1.353 1.351 VVW 
0.8 0.2 1.334 822,660 1.328 1.334 0.2 1.337 M 
1.308 0.4 1305 555,751 1.301 — 1.307 vw 1.306 S$ 
662 1.298 0.1 = = = 1.298 Vw = 


* Abbreviations for intensity represent: VS, very strong; S, strong; 


M, medium; W, weak; VW, very weak; and VVW, very very weak. 


7 Reflections reported by Rostoker do not belong to the face-centered-cubic Fes3WsC-type structure, since 0%-Fasm requires the sum of 


any two indices to be even. 


cast structure shows primary y, peritectically formed 
€, primary TiFe, and a eutectic of 6 and TiFe. The 
microstructure of Fig. 5 consists of TiFe in a matrix 
of e«. Microstructures illustrative of various phase 
fields are shown in Figs. 6 to 9. The microstructure 
of alloy No. 7, Table VI, shown in Fig. 6 consists of 
8, TiFe, and «. The microstructure of alloy No. 3 is 
presented in Fig. 7. The major phase is y and the 
minor phases are « and 8B. 

Alloys in the « and TiFe field which contained 9 
or more atomic pct O showed dendrites of an un- 
identified phase (TiO or a) after annealing for 
seven days at 1000°C. The amounts of the dendrites 
present in the as-cast state decreased and other 
structural changes occurred on annealing. Compare 
Figs. 8 and 9 of alloy No. 10. The structure of Fig. 9 
conceivably could be interpreted either as two- 


phase nonequilibrium or as a three-phase structure. 
However, if this were a three-phase structure, « + 
TiFe + (a or TiO), alloy Nos. 17 and 18 would not 
reveal «, which was found. Alloy No. 15 showed very 
few of these dendrites after annealing, and the « + 
TiFe/e + TiFe + TiFe, boundary determined by this 
alloy also placed alloy No. 11 in the e + Tife field. 

X-Ray Data—Typical d-values of « are shown in 
Tabie V and the d-values of a two-phase e + y struc- 
ture are shown in Table VII. No attempt was made 
to identify the crystal structure of y. 


Discussion 
Rostoker* was unable to find the 6 + TiFe and « 
phase field in alloys containing 5 atomic pct O. From 
Fig. 3 it can be seen that at 1000°C alloys with this 
content of oxygen lie outside this three-phase field. 


Table VI. Microstructure and X-Ray Data 


of Ti-Fe-O Alloys Annealed at 1000°C 


Alloy Composition, 


Atomic Pct No. of 

Alloy Phases 

No. Fe Oo Microstructure X-Ray Analysis Plotted 
1 26.6 1.6 B+e+ TiFe B+e+ ([TiFe] 3 
2 26.3 Bt+yte B+yte 3 
3 25.8 6.0 Btyte B+yte 3 
4 25.3 8.8 vyte yre 2 
5 24.3 14.1 a+ e+ unidentified e+ a(?) 2 
6 33.6 1.6 B+e+ TiFe — 3 
nt 33.3 Sul B+e+ TiFe B+e+ TiFe 3 
8 32.6 6.1 e+ TiFe e+ TiFe 2 
9 31.9 8.9 e + TiFe + traces of unidentified dendrites e+ TiFe 2 
10 a3 al Ly e + TiFe + traces of unidentified dendrites — 2 
11 30.7 14.3 e + TiFe + small amounts of unidentified dendrites — 2 
12 30.2 16.9 e+ a(?) +TiO(?) + y(?) e + a(?) + TiO(?) 3 
13 40.8 1.6 B+e+ TiFe —— 3 
14 40.4 3.1 e+ TiFe e+ TiFe 2) 
15 38.8 9.0 e + TiFe + traces of unidentified dendrites e+ TiFe 2 
16 37.3 14.5 e + TiFe + traces of unidentified phase e+ TiFe 3 
17 1.6 TiFe + TiFes + — 
18 TiFe + TiFes + TiFe + TiFes + ¢ 3 
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If Rostoker’s data” * are reinterpreted in terms of 
Fig. 3 as to identity of phases but not changed as to 
number of phases, and if these reinterpreted data 
are superimposed on Fig. 3, the diagram of Fig. 10 
is obtained. Consider the region of Fig. 10 bounded 
by the composition lines 15 pet O and 37.5 pct Fe. 
Within this region four data points from Ros- 
toker’s work appear to be in conflict with the dia- 
gram as drawn. The point at 5 pct O-15 pet Fe was 
indicated in the more detailed report” as possibly 
two or three phases. Three phases would better fit 
the diagram shown here. 

With common etchants, it is extremely difficult to 
distinguish between « and y and consequently a 
8 + y + « structure may readily be interpreted as 
two-phase. The point at 5 pct O-25 pct Fe is there- 
fore not considered to be in conflict with the dia- 
gram of Fig. 10. 

The other two points of controversy, 15 pct O-32 
pet Fe and 12.5 pet O-37.5 pct Fe, lie close to the 
region of the « phase. These points conceivably could 
contain sufficiently small amounts of the other 
phases as to be considered essentially a single- 
phase structure. 

Above 9 pct O equilibrium was generally not at- 
tained with the annealing times used. The diagram 


Table VII. X-Ray Diffraction Data of a Ti-Fe-O Alloy* 


Observed 


Estimated Relative 
d, A Intensity 


Identification 


N 


vo} 

AN 


* Alloy was composed of 25.3 atomic pct Fe and 8.83 atomic pct 
O in the vy + e region. 


of Fig. 10 beyond this region must be considered 
tentative. Similarly, above 40 pct Fe too few data 
are available in the present investigation to make 
definite assignation of boundaries. 

The y phase is located at approximately 22 atomic 
pet Fe and 11 atomic pct O. This could correspond 
to the formula Ti,Fe.O (22.2 atomic pct Fe,and 11.1 
atomic pct O). 

The « phase as indicated by microstructure lies 
approximately parallel to the Ti-O side of the dia- 
gram as contrasted to Rostoker’s location” paral- 
lel to the Ti-Fe side and is similar in location to the 
corresponding phase in the Ti-Ni-O system.” * Lat- 
tice parameter data tend to support the microstruc- 
ture observations, since the lattice parameter of 
e in the B+ TiFe + « field is 11.30A and decreases 

‘with increasing oxygen content to 11.18A in alloy 
Nos. 11 and 12. 
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If it is assumed that Ti.Fe exists, then the ques- 
tion remains as to why e is separated from the 
binary diagram as in Fig. 3. Such an arrangement 
of phases would be possible under the following 
conditions: if 1) Ti,Fe after forming peritectoidally 
from 8 and TiFe in the binary system decomposes 
eutectoidally to form 6 + TiFe, 2) the addition of 
oxygen raises the temperature range in which Ti.Fe 
is found and thus produces two @ + TiFe + Ti.Fe 
fields, and 3) one of the two or three-phase fields is 
eliminated by a ternary reaction. There is some 
basis for assumption 2 since two 8 + TiFe + 8 fields 
have been obtained in the Ti-Fe-V system.® 

Finally, it is of interest to note that although Ti,.Fe 
is not found in as-cast structures of binary Ti-Fe 
alloys, the isomorphous phases found in the ternary 
systems Ti-Fe-Mo, Ti-Fe-V, and Ti-Fe-Al form 
from liquid and are present in as-cast alloys. 


Summary 


Re-examination of the binary Ti-Fe system in the 
vicinity of Ti.Fe, together with other available data, 
points to the existence of Ti,Fe, which forms by 
peritectoid reaction between 8 and TiFe in the 
vicinity of 1000°C. Re-examination of the Ti-Fe-O 
system has revealed the presence of two ternary 
phases, y and e«. Parallel to the Ti-O side of the 
ternary diagram lies «. In this respect it resembles 
the Ti-Ni-O system. It appears at the same iron con- 
tent as Ti.Fe. If « represents Ti.Fe with a range of 
oxygen contents, the phase relationship at 1000°C 
can be obtained if several assumptions are fulfilled. 

The y phase approximately corresponds to the 
formula Ti.Fe.O. 
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Technical Note 


Sulfur Embrittlement of Cobalt 


by D. L. Martin 


HAT small amounts of impurities have a harm- 

ful effect on the malleability of metals and 
alloys is well-known. One common type of em- 
brittlement involves the formation of a small quan- 
tity of eutectic at the grain boundaries, and is typi- 
fied by sulfur embrittlement of nickel. Another ex- 
ample of eutectic embrittlement—sulfur embrittle- 
ment of cobalt—is described in this report. 


In the preparation of specimens for a study of 
Co-Pt alloys, it was observed that the hot swagabil- 
ity of the alloys appeared to be influenced by the 
grade of cobalt used as melting stock. The cause of 
the hot-shortness was not traced to any particular 
impurity, although sulfur was suspected.* 


The damaging action of sulfur on the malleability 
of cobalt has not been generally recognized,” in 
spite of the fact that the Co-S phase diagram’ reveals 
the same basic conditions—low solubility and eutec- 
tic formation—responsible for sulfur embrittlement 
of iron and nickel.** Apparently sulfur embrittle- 
ment has not been a serious problem in the fabrica- 
tion of cobalt alloys. One related factor is likely the 
limited commercial experience with high cobalt al- 
loys, since the predominant use of cobalt has been 
in alloys containing less than 75 pct Co. 


A series of Co-S alloys was prepared and studied 
to establish the effect of sulfur on the hot working 
characteristics of cobalt. Specimens, 5% in. diam by 
4 in. long, were prepared by vacuum melting in 
magnesium oxide crucibles and casting in a copper 
mold. Two grades of low sulfur electrolytic cobalt 
were used as the basic material for the study, one 
from Johnson, Matthey and Co. and the other from 
the International Nickel Co. Each contained about 
99.5 pet Co and had a nominal sulfur content under 
0.005 pct. 


The sulfur was added initially as cobalt sulfide 
powder. Later, some low sulfur alloys were pre- 
pared by diluting the high sulfur alloys with cobalt. 
Trouble was experienced in controlling the sulfur 
content. Apparently much of the cobalt sulfide 
powder was lost during melting, as most of the 
samples contained a lower sulfur content than was 
added. 


The alloys were evaluated for hot brittleness by 
heating to 1000°C in a hydrogen furnace and swag- 
ing in air. The results of these tests are summarized 
in Table I. All the alloys containing less than 0.008 
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tady. 
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Fig. 1—Intercrystalline cracks in sulfur embrittled cobalt are 
shown. LEFT: Fibrous fracture and cracks are in a hot 
swaged bar of cobalt containing 0.16 pct S. X2. RIGHT: 
Intercrystalline cracks are in an embrittled bar of cobalt 
containing 0.014 pct S. Specimen was etched with 2 pct 
nital. X500. Area reduced approximately 35 pct for re- 
production. 


pet S were successfully hot swaged to % in. diam. 
The bars containing more than 0.015 pet S could not 
be swaged because of the formation of intercrystal- 
line cracks similar to those illustrated in Fig. 1. 


Examination of the microstructure of the cast bars 
revealed cobalt sulfide eutectic at the grain bound- 
aries, Fig. 2. The sulfide was not always continuous 
at grain boundaries in bars that were hot embrittled 
but, in general, the particles did form a network that 
could account for the brittleness above the eutectic 
temperature, 880°C. There is no question about the 
brittle nature of a specimen exhibiting a continuous 
sulfide network such as is shown in Fig. 2b, though 
a sulfide distribution similar to that in Fig. 2a is 
marginal. This particular bar cracked when hot- 
swaged. However, other bars with lower sulfur con- 
tent but with some sulfide phase at grain boundaries 
were successfully worked. 


The reduction of area of a hot tensile test specimen 
was also found to be a sensitive indicator of sulfur 
embrittlement. The variation of reduction of area 
with sulfur content is shown in Fig. 3 for specimens 
fractured at 900°C in an evacuated capsule. The 
ductility of cobalt is greatly reduced when the sulfur 
content exceeds 0.005 pct. Similar results were ob- 
tained for alloys tested at 800°C, below the eutectic 
temperature. 


The upper sulfur embrittlement limit of 0.015 pct, 
Table I, agrees with the observation of Kalmus? that 
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cast cobalt containing 0.017 pct S (99.18 pet Co, 0.2 
pet Fe) could not be hot or cold swaged. He further 
observed that the metal crumbled at 900°C as though 
it were extremely hot short, although the sulfur con- 
tent was as low as 0.018 and 0.020 pct. Thus, Kalmus 
was close to the solution of the embrittlement prob- 
lem. Unfortunately, he was apparently misled by his 
observation that other grades of cobalt with higher 
sulfur content were ductile. For example, he found 
a cobalt containing 0.023 pct S, 0.06 pct Fe, and 0.09 
pet C ductile and attributed the ductility to the 
carbon. 


Table |. Influence of Sulphur on the Hot Swagability of Cobalt 


Sulfur, Bars 
Behavior Wt Pct Swaged Cicked 

Ductile 0.004 XXX 
0.005 xX 
0.006 xX 
0.007 x 
0.008 XX 

Mixed 0.009 = x 
0.010 XXX 
0.011 x 
0.012 xX 
0.013 XX 
0.014 x 

Brittle 0.017 xx 
0.021 x 
0.03 x 
0.07 x 
0.16 x 
0.20 x 


The increased ductility of Kalmus’ impure cobalt 
may also be explained on the assumption that the 
sulfur was combined with minor impurities, such 
as manganese or magnesium. Thus, the sulfur was 
not free to combine with cobalt to form the damag- 
ing cobalt sulfide eutectic. This explanation cannot 
be checked, since Kalmus did not report the man- 
ganese or magnesium content. It is of interest, how- 
ever, to note that a comparable African Metals Corp. 
cobalt, also high in sulfur and carbon, was ductile. 
In this case, manganese is reported and suggests a 
scavenger role for manganese (0.05 pct C, 0.015 pct 
S, 0.04 pet Mn). 

In a chemical analysis of cobalt, the significant 
figure is not total sulfur, but rather the sulfur free to 
form cobalt sulfide. Information on the partition of 
sulfur may be obtained by chemical determination 
or, more readily, by metallographic identification of 


Fig. 2—Micrographs show cobalt sulfide network in cast 
cobalt. LEFT: Embrittled cobalt contains 0.03 pct S. Speci- 
men was etched with 2 pct nital. X1000. RIGHT: Embrittled 
cobalt contains 0.16 pct S. Specimen was etched with 2 pct 
nital. X1000. Area reduced approximately 35 pct for re- 
production. 
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Fig. 3—Damaging effect of sulfur on the ductility of cobalt 
is plotted. Tensile tests were made at 900°C in an eyacu- 
ated capsule. 


the sulfides. Metallographic procedures similar to 
those described by Hall for nickel” could very likely 
be extended to identify the sulfide phases in cobalt. 

The solution of the sulfur embrittlement problem 
in cobalt-rich alloys is simple in theory—use low 
sulfur cobalt melting stock or add scavenger ele- 
ments that react with the sulfur to form harmless 
sulfides. However, if a high sulfur melting stock is 
used, the additions of magnesium or manganese ap- 
pear to be suitable scavengers. Fleitmann long ago 
discovered that magnesium additions made cobalt, 
as well as nickel, malleable,“ and a preliminary 
study by the author indicates that manganese is also 
effective in reducing sulfur embrittlement of cobalt. 
Bieber has found in the case of nickel that multiple 
additions were very effective in tying up sulfur, 
oxygen, and nitrogen, and he recommends that small 
additions of titanium, boron, phosphorus, aluminum, 
manganese, and magnesium be made prior to casting 
to yield a product of excellent ductility.” * It is not 
known whether a multiple scavenger addition is 
worthwhile in the case of cobalt but, if additional 
embrittlement problems are encountered, the direc- 
tion to follow is clearly indicated by Bieber’s work. 
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On the Rate of Sintering 


Kuczynski’s formula has been derived for the case of nonspherical particles. Two 
formulae of Kuczynski’s type have been derived, one describing the increase in tensile 
strength, the other describing the progress of shrinkage of a powder compact. It has been 
shown that the exponents of all three formulae each contain two magnitudes of different 
physical characters, viz, the geometrical factor « and the kinetic factor 8. The interrela- 
tionships between the three exponents are stated. 


by Gerhard Bockstiegel 


OME years ago Kuczynski' experimentally 

showed that the radius, x, of the area of contact 
between very small spherical metal particles and a 
metallic block is related to the time of sintering, t, 
by the following equation 


x = constant t* 


where k has the value 1/5 or 1/7. Assuming that 
the metal particles were perfect spheres and the 
metallic block was perfectly flat, he derived the 
foregoing equation from theoretical considerations 
of the process of material transport in metals, and 
he showed that exponent k is different for different 
mechanisms of transport, e.g., k = % for viscous 
flow (according to Frenkel’), k = 1/3 for evapora- 
tion and condensation, k = 1/5 for volume diffusion, 
and k = 1/7 for surface diffusion. 

From this Kuczynski concluded that the mecha- 
nism of transport was either volume diffusion or 
surface diffusion, depending on whether the value 
of k, as found in his experiments, was 1/5 or 1/7. 
Subsequently, Cabrera® corrected Kuczynski’s cal- 
culations with regard to surface diffusion, showing 
that the theoretical value of exponent k is 1/5 for 
both volume and surface diffusion. He supposed that 
the different experimental values of k were due to 
slight differences in the shape of the metal particles. 

An exponential relationship similar to the afore- 
mentioned was found by Okamura, Masuda, and 
Kikuta,* Masuda and Kikuta,’ and Takasaki’ when 
studying the rate of shrinkage on powder compacts 
during sintering. The authors measured the shrink- 
age by means of the fraction w = V, — V./V,— Vm, 
where V, is the volume of the green compact, V, is 
the volume of the sintered compact, and V,, is the 
volume of the compact in its densest state. This 
fraction, w, they found, is related to the time of sin- 
tering, t, by the equation 


w = constant t”. [2] 


Further, Bockstiegel, Masing, and Zapf’ observed 
that the tensile strength, o, of sintering iron powder 
compacts can also be related to the time of sinter- 
ing, t, by an equation of the foregoing type, i.e., 


o,— constant t. [3] 


For exponent n the values 0.28 (~2/7) and 0.35 
(~2/5) were obtained, and the authors pointed out 
that there might exist a simple interrelation be- 
tween exponent n as found in their experiments and 
exponent k in Kuczynski’s equation. The authors 
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supposed that 2k = n, since the strength of adhesion 
between a metal sphere and a block (as in Kuczyn- 
ski’s experiments) must approximately be propor- 
tional to their contact area, 7-x”. 


Theoretical Considerations 

This paper is an attempt to correlate the funda- 
mental experiments of Kuczynski’s type with the 
results obtained with powder compacts as repre- 
sented by Eqs. 2 and 3. In particular, the paper is to 
show how the rate of sintering is influenced by the 
geometry of the sintering particles and by the type 
of material transport. As the geometry of particles 
conglomerating in a powder compact is very com- 
plex, some simplifying assumption has to be made, 
of course, in order to adapt the problem to mathe- 
matical treatment. In the following paragraph a 
suitable simplification is introduced, and Kuczynski’s 
formula is derived for the case of nonspherical 
particles. 


Fig. 1—Diagram 
illustrates contact 
between two non- 
spherical particles; 
a is the area of con- 
tact, and b is the 
intersection. 


Relation Between Area of Contact and Sintering 
Time—As the face of contact between two particles 
in a sintering powder compact is not necessarily a 
circle (as in the case of spheres sintering to a block), 
Kuczynski’s formula is modified as follows: 

Let the perimeter of the face of contact be de- 
scribed by means of polar coordinates R, ¢, as shown 
in Fig. la, so the area of contact, f, is determined by 


il 
J [R (4) d¢. [4] 


Then, let the two particles be intersected by a plane 
perpendicular to area f. 

The intersection is shown in Fig. 1b. According 
to the nomenclature in this figure, the distance, h, 
between the surfaces of the two particles is a func- 
tion of r and ¢: h= h(r,¢). For the particular case 
of spherical particles, as in Kuczynski’s theory, this 
function becomes: h = constant 7*. It shall be as- 
sumed here that in the close neighborhood of their ~ 
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Fig. 3—Chart shows increase in tensile strength on iron 
powder compacts during sintering. The sintering atmosphere 
is dry hydrogen (after Bockstiegel, Masing, and Zapf). 
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Fig. 4—Chart illustrates increase in tensile strength on iron 
powder compacts during sintering (after Bockstiegel). 
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contact the surfaces of the two particles under con- 
sideration are parabolic shells of the same degree, 
a, 1.e., distance, h, between them can be expressed by 


h(r,$) =a($) [5] 


As long as sintering has not progressed too far, i.e., 
as long as a sufficiently small district around the 
contact is regarded, this assumption may be a rather 
good approximation to reality. 

During sintering, area of contact f increases due 
to material being transported from inside the par- 
ticles to the neck between them. Let dv be the vol- 
ume of material transported through the area of 
cross section q during time interval dt, and let G 
be the flow of material per unit time through a unit 
area of cross section. So the volume rate of trans- 
ported material is given by 


dv/dt = constant q-G. [6] 


In case volume diffusion is the mechanism of trans- 
port involved, the flow is given by G = constant 
D - gradient c, where D is the diffusivity factor and 
c is the concentration of vacancies inside the crystal 
lattice. According to Kuczynski, the concentration 
gradient, gradient c, is proportional to 1/p*, where 
p is the radius of curvature on the neck between the 
two particles. Further, dv is approximately equal to 
q:dR, where dR is the increase of radius R during 
time interval dt. So Eq. 6 transforms into 


dR/dt = constant/p’. [7] 


Similar differential equations are obtained if the 
other types of aforementioned material transport 
are considered. The general form of Eq. 7 is 


dR/dt = constant/p* [8] 


where £ has one of the following values, depending 
on the type of material transport under considera- 
tion: B = % (viscous flow), 6 = 1 (evaporation and 
condensation), or 8 = 2 (volume diffusion). 

The differential equation, Eq. 8, may be solved if 
a relationship can be found between radius of cur- 
vature p and radius of contact area R. The curva- 
ture of the surface of the neck between the particles 
can be assumed as of a small circle of the radius p 
which fits into the space between the particles as 
shown in Fig. lb. As can easily be derived by a 
more detailed calculation, radius p is proportional to 
h(R, ¢), as long as p< R. Since h(R, 6) = a(¢) -R’, 
Eq. 8 transforms into 


dR/dt = constant/(a-R*)’. [9] 
The solution of this equation is 
R= constant) [10] 


Because of Eq. 4, it finally follows that 


f = [a (¢) dd [1 it] 


and from this it appears that the area of contact, f, 
between two nonspherical particles is related to the 
time of sintering, t, by an equation of Kuczynski’s 


type. 
In order to facilitate further calculations, this 
equation may be written in the following form: 
f(t, v) = FG, [12] 
where v = 2/(a8 + 1), and f(t,v) and f(r7,v) are the 
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Fig. 5—Chart illustrates increase in tensile strength on iron 
powder compacts during sintering. Data is according to 
Libsch, Volterra, and Wulff. 
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Fig. 7—Chart illustrates shrinkage on iron powder compacts 
during sintering (after Masuda and Kikuta). 
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areas of contact after sintering times t and r, respec- 
tively. 

The exponent of Eq. 12 which, with the exception 
of a factor of two corresponds to that given by 
Kuczynski, includes two magnitudes of different 
characters: the structural factor a and the kinetic 
factor 8. The first factor owes its occurrence to the 
geometrical structure of the sintering particles and 
the other to the type of material transport. 


Relation Between Tensile Strength and Sintering 
Time—In order to derive the exponential relation- 
ship between tensile strength and sintering time as 
found experimentally by Bockstiegel, Masing and 
Zapf, the assumption is made that the maximum 
load which a sintered test bar can withstand is 
proportional to the total sum, F, of its contact areas. 
During sintering, each individual area of contact 
grows according to an exponential relation of the 
type obtained in Eq. 12. The exponents of these 
individual relationships, however, may be different 
from each other. 

If g(v)-dv is the number of those contact areas 
that are growing according to an exponential rela- 
tionship having its exponent between v and v + dy, 
the total area F can be expressed by 


F(t) = v) [13] 


The limits of integration are here assumed to be 
0 and 2, because for geometrical reasons a can vary 
only between + o and 0, and since » = 2/(a8 + 1), 
v is restricted to values between 0 to 2. 

In order to solve the integral, it is assumed that 
the majority of contact areas grow in proportion to 
t" (n<1), while the number of areas growing in 
proportion to t” decreases rapidly as the deviation 
jn —v| increases. This can be described by means 
of a Gauss function as follows: 


N 
exp [14] 


where b is the standard deviation, and N is a con- 
stant factor which is approximately equal to the 
total number of contact areas in the compact. By 
making the restriction b =7n/3.09, the actual num- 
ber of contact areas (all having their exponents be- 
tween v = 0 and 2) fills more than 99.9 pct of the 
entire Gauss distribution. In other words, the actual 
number of contact areas is equal to 0.999 N (see 
Fig. 2). Because of this, only a very slight error 
will result if the following integration is extended 
from —oco to +o instead of from 0 to 2. 

Hence, from Eqs: 12-14 it follows that 


N +00 
b 


exp [—(n — v)°/2b*]dp. oil 


Putting »—n=y and using the identity (t/r)” = 
exp [y-log(t/r) ], the solution of Eq. 15 becomes 


= b* 
F(t) = N-f(z,n +y)- (t/r)"-exp 
[16] 


where y is some definite mean value lying between 
—b and +b and to close approximation is independ- 
ent of ft. 
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Fig. 8—Chart illustrates shrinkage on nickel powder com- 
pacts during sintering (after Masuda and Kikuta). 


More simply this equation may be written 


where F(7) stands for N-f(7,n + y), and An stands 
1 
for log (t/r) ]. 


If, as assumed above, the maximum load, L, which 
a sintered test bar can withstand is proportional to 
F, and if tensile strength in this case is determined 
by o = L/Q, where Q is the cross section of the green 
test bar (this in order to eliminate the influence of 
shrinkage), then it follows from Eq. 17 that 


[18] 


Thus it appears that tensile strength increases 
mainly with the nth power of sintering time t. The 
time term An in the exponent of the equation is 
negligible in almost all practicable cases, as the 
following estimation will prove. 

Let the experimental proof of Eq. 18 be carried 
out, for example, in the range covering sintering 
times between 7 = % h and t = 4h, and let the ex- 
ponent n have the value 0.300 at sintering times in 
the close neighborhood of %4 h. Let the standard de- 
viation b have the value 0.05 (which means that more 
than 32 pct of all contact areas in the test bar grow 
with powers of t which are smaller than v = 0.25 or 
larger than »y = 0.35). Then, after a sintering time 
of 4h, the exponent will have increased to n + An = 
0.3 + 0.0035. In other words, the variation An/n in 
the assumed range is about 1 pct. Such slight varia- 
tion, however, would entirely escape notice, because 
the normal spread of values obtained from tensile 
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test on sintered material is of the same order of 
magnitude. 

The validity of Eq. 18 is, of course, limited by a 
maximum sintering time, i.e., the sintering time at 
which the agglomeration of the powder particles has 
progressed so far that it is no longer true to speak 
of growing contact areas. In that state of sintering 
the assumptions made in section one do not hold, 
and the whole matter has to be discussed in the light 
of shrinking pores instead. 

For comparison with the experimental data, the 
results obtained by the author in a previous investi- 
gation and the results obtained earlier by Libsch, 
Volterra, and Wulff® are given in Figs. 3 to 5. The 
values for n as obtained from the data given in these 
figures are 0.28, 0.35, and 0.4, respectively. 

Relation between Shrinkage and Sintering Time— 
As shown in the foregoing paragraphs the area of 
contact between two adjoining particles increases 
due to material transport taking place during sin- 
tering. In order to derive a relationship between 
shrinkage and sintering time, it now has to be 
taken into consideration that, simultaneously with 
the growing of their contact area, adjacent particles 
interpenetrate more and more. The degree of inter- 
penetration of two particles is represented by the 
reduction, s, of their central distance, D, as shown 
in Fig. 6: 

First a relationship between s and sintering time 
t can be derived as follows. It is evident that the 
volume of material which has to be displaced until 
the interpenetration s is obtained is the same as the 
volume of the lenticular body appearing as a 
hatched area in the sketch in Fig. 6. All the dis- 
placed material, on the other hand, forms the annu- 
lar body which in the same sketch appears as two 
crosshatched areas. Therefore, the volumes of 
these two bodies are equal, as described by the fol- 
lowing equation 


[h(7, ¢) —s] dr-r-déd = 0 [19] 


where h(r,¢) = a(¢)-r* is the function introduced 
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Fig. 9—Chart illustrates shrinkage on iron powder compacts 
during sintering (after Takasaki). 
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Fig. 10—Chart illustrates shrinkage on copper powder com- 
pacts during sintering (after Takasaki). 


After carrying out the integration it follows that 


1-28 


S = constant dd/ J, a(p) as | vem 
[20] 


or, expressed in a form more suitable for further 
calculations 


where (2 — v)/28 = a/(aB + 1) andy = 2/(aB + 1). 

The relationship so obtained between s and sin- 
tering time t represents the shrinkage with respect 
to one pair of sintering particles. The shrinkage of 
a whole powder compact, however, is usually meas- 
ured by means of the fraction w = V, — V./V, — Vn, 
as already discussed in the introduction. 

In order to transfer the result of Eq. 21 to the 
case of a sintering powder compact, a relationship 
between w and s has to be found. This can be ob- 
tained as follows. Let D be the value obtained by 
averaging the central distances, D, between every 
two adjacent particles in the compact. The volume 
of the green compact, V,, becomes proportional to 
D*. Analogously, the volume of the sintered compact 
V. becomes proportional to (D-—s)*= (D—s)', 
where s is the reduction of D as discussed previous- 
ly. Then 


V,—Vn D 


As long as s<D, the term (D =45)) /D)* can be closely 
approximated by 1 — (3s/D). Therefore, it follows 
that 


w = constant s [22] 


where all magnitudes which do not contain sinter- 
ing time are taken into the constant factor of 
proportionality. 

Evidently the mean value s has to be determined by 


s= g(r) v)dv/ g(v) dv [23] 
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where g(v) is the Gauss function as introduced by 
Eq. 14. With Eq. 21 it now follows 


f S(7,v) + (t/r) 


s(t) = 


This integral is of the same type as already treated 
in section two, and analogously the solution of Eq. 

“s(t) = s(r) [25] 


where m = (2 — n)/28, and Am = (b’/26’) -log(t/r). 
So, with Eq. 22, it finally follows that 
w(t) [26] 


The variation Am in m with sintering time is en- 
tirely negligible, as explained in section two. For 
comparison with experimental data, the results ob- 
tained by Masuda and Kikuta, and by Takasaki, are 
shown in Figs. 7 to 10. 


Conclusion 


Summarizing the results of the foregoing theoret- 
ical investigation, the following three relationships 
are stated: 1) the area of contact between two 
particles grows with sintering time according to: 
f(t) = f(r) v = + 1). 2) The tensile 
strength of a powder compact grows with sintering 
time according to: o(t) = o(r): (t/r)", n = [vr]. 3) 
The shrinkage of a powder compact progresses with 
sintering time according to: w(t) = w(r): (t/r)”, 


(it, = Saget where [v] is the most frequent value 
of vy which appears in the compact. 

According to this, the kinetic factor 8 can be de- 
termined as follows. If the increase in tensile 
strength and the progress of shrinkage with sinter- 
ing time are both measured on the same series of 
powder compacts, two corresponding exponents, n 
and m, can be obtained, and the kinetic factor 6 can be 
calculated by means of the relation 8 = (2 —n)/2m. 

It might be of interest to review Kuczynski’s expe- 
riments in the light of the results obtained here. 
According to the results in section one, the exponent 
k in Kuczynski’s formula is determined by 
k = 1/(a8 +1). Hence, the product a:f8 takes the 
value 4 if k = 1/5 and the value 6 if k= 1/7. Sup- 
pose volume diffusion (8 = 2) is the mechanism of 
transport involved in both cases. Then, a takes the 
value k= 1/5rand =the: 
means that, in the first case, the particle is a perfect 
sphere; in the second case, however, the particle is 
shaped like a paraboloid of the third degree in the 
neighborhood of its contact with the block. As the 
sketch in Fig. 11 shows, such a paraboloid need not 


Fig. 11—Diagram 
illustrates parabolic 
deviation from 
spherical shape. 
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deviate considerably from the spherical shape, and 
it might be very difficult, if not impossible, to decide 
in actual practice whether a particle of only a few p 
diam is a perfect sphere or partially shaped like a 
paraboloid. Thus the author thinks is very likely 
that volume diffusion was the only mechanism of 
transport involved in Kuczynski’s experiments, and 
that the exponent 1/7 is not due to surface diffusion, 
but is caused by the extremely small particles de- 
viating slightly from spherical shape. 

Though based on assumptions which rather sim- 
plify the geometry, the results of this paper show 
that the experimental data obtained with sintering 
powder compacts can, in principle, be related to 
Kuczynski’s fundamental experiments. In particu- 
lar, this paper may give some conception of how 
statistics and geometry are involved in theory of 
sintering. 


Summary 
1—Kuczynski’s formula has been derived for the 
case of nonspherical particles. 
2—Two formulae of Kuczynski’s type have been 
derived, one describing the increase in tensile 
strength, the other describing the progress of 
shrinkage of a powder compact. 
3—It has been shown that the exponents of all 
three formulae each contain two magnitudes of dif- 


ferent physical characters, viz., the geometrical fac- 
tor a and the kinetic factor 8. The interrelationships 
between the three exponents are stated. 
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Evidence for Solidification of a Metastable 
Phase in Fe-Ni Alloys 


Particles ~3 to 30 ,» diam of a 29.5 pct Ni, 70.5 pct Fe alloy after being melted and 
solidified while falling through a hydrogen atmosphere were found to contain a distortion- 
free body-centered-cubic phase. In most particles, the amount of body-centered-cubic 
phase approaches or equals 100 pct. It was shown by a series of experiments that this 
phase forms directly from the liquid. It is pointed out that a mechanism previously sug- 
gested in recent papers on the theory of the liquid-solid transformation can account for the 
solidification of body-centered-cubic phase in a temperature range where face-centered- 


cubic is the stable phase. 


by R. E. Cech 


cE the course of an operation to produce powders 
for a study of the martensitic transformation in 
Fe-Ni alloys, an unexpected phenomenon was ob- 
served. Powders of a 29.5 pct Ni alloy, which has a 
subzero M, temperature, were found to contain con- 
siderable amounts of a body-centered-cubic phase at 
room temperature. The experiments to be described 
were designed to elucidate the mode of formation of 
this unexpected phase. 


Experiments and Discussion 


An alloy containing 29.5 wt pct Ni, balance iron, 
was vacuum melted from high purity electrolytic 
iron and carbonyl nickel shot and solidified in the 
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crucible. The metal was converted to oxide, ground 
to 100 pet <37y, pressed to a cake, and homogenized 
20 hr at 1350°C. To insure homogeneity the grind- 
ing, pressing, and homogenizing heat treatment was 
repeated a second time. The oxide was then ground 
to 100 pct <37» and hydrogen reduced at 500°C. The 
reduced powder was given a spheroidizing treatment 
to produce spherical cast particles. The treatment 
consisted of dispersing the particles in hydrogen and 
allowing them to drop through a vertical hydrogen 
furnace set to a temperature higher than the liquidus 
of the alloy. This operation, commonly known as 
shotting, has been described more fully elsewhere.’ 

The powder produced by this method was found 
to contain approximately equal parts of body-cen- 
tered-cubic and face-centered-cubic phases. A mag- 
netic separation technique, previously described,’ 
was applied, and it was found that particles were 
either completely face-centered-cubic or nearly 
completely body-centered-cubic. The microstruc- 
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a) Body-centered- 
cubic a phase par- 
ticles resulted from 
magnetic separation 
of a mixture of a 
and y particles. 


b) Face-centered- 
cubic y phase par- 
ticles remained after 
magnetic removal of 
@ particles from 
mixture. 


Fig. 1—Micrographs show sectioned particles after melting and solidifying under 
hydrogen atmosphere. X1000. Area reduced approximately 45 pct for reproduction. 


tures of the separated specimens of body-centered- 
cubic and face-centered-cubic particles are illus- 
trated in Fig. 1. The body-centered-cubic particles 
are relatively small in size and, in nearly all cases, 
single crystals. The face-centered-cubic particles, on 
the other hand, are larger and are nearly all finely 
polycrystalline. The surface of one face-centered- 
cubic particle, illustrating the thermally etched 
grain boundary grooves present on the surface, may 
be seen in the inset. A few single crystal face-cen- 
tered-cubic particles are evident in the micrograph. 

It was found from examination of the X-ray dif- 
fraction peaks that the body-centered-cubic phase 
was remarkably free from lattice distortion as com- 
pared to martensitic body-centered-cubic phase of 
the same composition. Accordingly this distortion- 
free phase is labeled a to differentiate it from 
the highly strained martensitic phase. Fig. 2 com- 
pares the shape of the (211) a peak with the (211) 
martensitic peak of the same alloy. The martensitic 
phase was produced by cooling y (face-centered- 
cubic) particles to a subzero temperature. 

The a phase in these powders could have formed 
either by a solid state transformation or by direct 
solidification from the liquid. To test the former pos- 
sibility, a quantity of powder consisting entirely of 
y particles was dispersed in hydrogen and reheated 


Fig. 2—Diffracted 
intensity from (211) 
body-centered-cubic 
a phase and (211) 
body-centered-cubic 
martensite M 

phase of the same 
alloy composition as 
a function of 26 dif- 
fraction angle is 
plotted. Radiation is 


DIFFRACTED INTENSITY 


150 4 6 8 160 
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to just below the solidus temperature by passing 
through the shotting furnace set to a temperature of 
1300°C. The microstructure of the reheated parti- 
cles, Fig. 3, showed that this treatment was sufficient 
to cause grain boundaries to be annealed out of most 
particles. The reheated y powder was examined both 
magnetically and by X-ray diffraction analysis for 
the presence of a phase. No trace of a could be found. 
Thus, for these particles, both in the polycrystalline 
and monocrystalline state, no evidence of a solid 
state y — a transformation was observed above room 
temperature. 

A quantity of a phase powder was next passed 
through the shotting furnace set to a temperature of 
1300°C. The microstructure of the particles after 
this treatment was similar to that of the particles in 
Fig. 3. However, it was found that the particles had 
been entirely converted to the y phase. 

These results indicate that in the temperature 
region 25° to 1300°C only the a— y transformation 
can proceed in the time interval of the present ex- 
periments. Thus, by elimination of the possibility of 
a solid state y — a transformation, the conclusion is 
reached that the a phase must have formed by 
solidification. 

It can be seen, Fig. 4, by projecting the liquidus 
and solidus of the 5 phase of the Fe-Ni system that 
the melting temperature of body-centered-cubic 
phase is only slightly lower than that of face-cen- 
tered-cubic phase; i.e., body-centered-cubic is only 
slightly less stable than face-centered-cubic. When 
solidification is not induced by extraneous impurities 
a particle can be supercooled to within about 0.82 of 
its absolute melting temperature.” A particle of 29.5 
pct Ni alloy supercooled to this extent could then 
solidify to either face-centered-cubic or body-cen- 
tered-cubic phase, since both are stable relative to 
the liquid at this temperature. The structure which 
is preferentially nucleated is the one which has the 
lowest critical nucleus energy. 

The previously described results can be explained 
by postulating that in nearly all particles, solidifica- 
tion was induced by nucleation of the solid phase at 
a temperature corresponding to a large degree of 
undercooling. The solid which nucleated under these 
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conditions was body-centered-cubic. Immediately 
following solidification, nuclei of y phase began 
forming at random in the a phase. The probability of 
a y nucleus forming in a given particle by thermal 
fluctuations is proportional to diameter squared or 
cubed (surface or volume nucleation). Once nucle- 
ated, the a — y transformation proceeds at a very 
rapid rate and, in most cases, is completed before the 
particle cools to room temperature. The large parti- 
cles, which very likely contain many imperfections 
after solidification, have many y nuclei formed in 
them. These are found to be fine grained after com- 
pletion of the a > y transformation. Some of the 
particles in the body-centered-cubic fraction appar- 
ently have had the y phase nucleate on the surface 
and grow radially into the particle. Fig. 1 shows a 
few particles having a single crystal center sur- 
rounded by a polycrystalline band. It is suggested 
that these particles were cooled to room temperature 
before completion of the a — y transformation. 
These partially transformed particles could be the 
source of the minor amounts of y constituent ob- 
served, by X-ray diffraction, in the a particles. 

If the explanation is correct, the phase most likely 
to be found in a given particle is primarily a func- 
tion of its size. The hypothesis was therefore tested 
by remelting separately the particles which had 
originally been retained in the a and in the y phases, 
respectively. Fig. 5, parts IIIa and IIIb, summarizes 
the treatment, the fractions by weight of particles 
retained in the a and in the y phase as a result of the 
treatment, and the percentages of constituents in 
each fraction of the specimen. The earlier described 
experiments on these powders are included in Fig. 5, 
parts I, IIa, and IIb, and constitute the thermal his- 
tory of the particles. 

The particle size distribution of a powder speci- 
men does not remain unchanged after having been 
subjected to a shotting treatment. Some fusion of 
molten particles occurs. This results in a broadening 
to larger sizes of the size distribution curve. In a 
series of experiments, this fusion of particles causes 
the single powder specimen to have a different size 
distribution after each treatment. No evidence was 
found of particles adhering in clumps, i.e., no solid 
state sintering of particles during the shotting treat- 
ment. 

The possibility of composition segregation was 
tested by chemically analyzing the a phase powder 
resulting from treatment IIIa and the y phase pow- 
der resulting from treatment IIIb. The two speci- 
mens were found to be identical in nickel content 
within the limits of uncertainty of the chemical 
analyses. 

Particle diameter distribution curves were meas- 
ured for the a and y powders resulting from treat- 
ments IIIa and IIIb. These were converted to volume 
distribution curves, and the total volume (area un- 
der the volume distribution curve) was adjusted to 
be proportional to the amount by weight of each 
corresponding specimen. The four adjusted volume 
distribution curves are shown in Fig. 6. The relative 
numbers of particles having diameter, D, in the four 
different specimens can be compared directly by 
comparing the ordinates of the curves. It is immedi- 
ately apparent that the particle diameter at which 
equal numbers of particles are retained in the a and 
y phase is nearly the same in specimen 0 as in speci- 
men a. This occurs independently of the different 
‘initial structures of specimens a and b and the dif- 
ferent particle size distributions. The result strongly 
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Fig. 3—Micrograph 
shows 7 phase 
particles reheated to 
1300°C by dropping 
through shot tower. 
X1000. Area reduced 
approximately 45 pct 
for reproduction. 
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Fig. 4—Diagram shows 5 phase region of Fe-Ni equilibrium. 
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Fig. 5—Diagram gives summary of experiments on Fe-Ni 
alloy powders. The reference number of the treatment is 
given in Roman numerals. Descriptions of heat treatments 
are given in rectangles. Relative weights of powder speci- 
mens, after a treatment and magnetic separation of particles, 
are shown in the slanted lines. Percentages of constituents 
in powder specimens are shown in ellipses. 
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Fig. 6—Volume distribution curves of a and y phase particles 
after treatment Nos. Illa and IIIb are plotted. 
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10 15 
TIME-SECONDS 
Fig. 7—Time-temperature curve for a 13u diam particle on 
failing through lower half of vertical hydrogen shotting fur- 
nace is plotted. 


supports the hypothesis of random nucleation of y 
by thermal fluctuations, following solidification to a 
phase. 

The time at elevated temperature is also an im- 
portant factor in determining whether or not the 
a — y transformation will occur in a particle. It has 
been pointed out earlier that a single heat treatment 
to 1300°C was sufficient to permit all a particles to 
become completely transformed. 

Fig. 7 illustrates the thermal history of a 13 » par- 
ticle, starting in the liquid state at the center of the 
furnace. Stokes’ law of falling velocity was assumed, 
and the particle temperature derived from the fur- 
nace temperature distribution curve. When solidifi- 
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Fig. 8—Particle size hystogram of y phase particles resulting 
from treatment No. Illa is shown. 


cation occurs, the latent heat of fusion causes the 
particle to be heated to the a phase solidus. Assum- 
ing no heat loss during the reheating to the solidus 
temperature and heat loss only by radiation during 
solidification, a 13 » particle would be held at the 
solidus temperature about 1/20 sec. It is believed 
that this is the most critical period, both for nucle- 
ation and growth of y. The time at the solidus tem- 
perature is a direct function of the ratio of heat 
radiating surface to heat emitting volume. Large 
particles would therefore be retained at this temper- 
ature longer than would small particles. This time at 
temperature of recalescence would act to increase 
the particle size effect on the a — y transformation 
caused by random nucleation of y in the a particles. 

The cooling rate of the particles, aside from the 
thermal spike caused by liberation of the latent heat 
of fusion, decreases with particle size. This is due 
to the effect of particle size on the falling velocity 
through the furnace hot zone. For a 13 » particle, it 
is 100° per sec at 1100°C. A 4 » particle at the same 
temperature cools at a rate of 10° per sec; a factor of 
10 slower. It would be expected that, due to the 
slower cooling, very small a particles would show a 
tendency to transform to y. The particle size distri- 
bution curve of y particles after treatment IIIa ex- 
hibits a distinct peak at 4 uw. Fig. 8 shows the orig- 
inal number vs particle diarneter hystogram. The 
very small y particles contribute a negligible vol- 
ume. Therefore, they are not seen in the volume 
distribution curve of Fig. 6. 


Results on Other Fe-Ni Alloys 

The distortion-free body-centered-cubic phase 
was also found in similarly prepared powders of 
pure iron, 10 pct Ni-90 pct Fe, 20 pet Ni-80 pct Fe, 
25 pet Ni-75 pct Fe, and 32 pct Ni-68 pct Fe alloys. 
Only in the 29.5 pct Ni and 32 pct Ni alloys was a 
portion of the powder found to contain y at room 
temperature. For this reason, experiments to estab- 
lish the mode of formation of the body-centered- 
cubic phase could only be conducted on the 29.5 pct 
Ni and 32 pct Ni alloys. 


Conclusions 
It has been shown that body-centered-cubic phase 
nucleates from the liquid in small particles of a 29.5 
pet Ni-70.5 pct Fe alloy. The evidence available to. 
date on pure iron and other Fe-Ni alloys indicates that 
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the same phenomenon probably occurs in pure iron 
and in Fe-Ni alloys containing as much as 32 pet Ni. 

This finding furnishes experimental verification of 
the earlier prediction® * based on solidification theory 
that the solid phase which nucleates from a super- 
cooled liquid is not necessarily the most stable 
macroscopic phase. 
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Fracture of Magnesium Alloys at Low Temperature 


The flow and fracture strengths of polycrystalline aggregates of high purity mag- 
nesium and a solid solution of aluminum in magnesium were determined as functions 
of temperature and grain size. Magnesium was found to obey two distinct fracture laws. 
Over the high temperature range, the fracture stress decreased with increasing test 
temperatures in a manner that closely paralleled the flow stress-temperature relation- 
ship. However, over the low temperature range, the fracture stress was independent of 
the test temperature though highly dependent on grain size, following the trend that 
is typical for the low temperature brittle fracturing of polycrystalline aggregates of 
body-centered-cubic and close-packed-hexagonal metals. Even at 78°K, however, plastic 
strains of 1 to 7 pct were obtained preceding onset of brittle fracturing. Over the brittle 
fracture range of temperatures, the fracture stress increased linearly with the reciprocal 
of the square root of the mean grain diameter, while over the entire range of tempera- 
tures investigated, the flow strength was observed to increase linearly with the reciprocal 
of the square root of the mean grain diameter. 


by Frank E. Hauser, Philip R. Landon, and John E. Dorn 


REVIOUS investigations” * have shown that de- 

formation of coarse grained aggregates of high 
purity magnesium is interrupted by fracturing at 
very small strains. Such tendency toward brittle 
fracturing increased with increasing grain size and 
decreasing test temperature. In several respects, 
however, low temperature fracturing of magnesium 
appeared to differ from the truly brittle type ex- 
hibited by zinc, molybdenum, tungsten, and iron, so 
often characterized as a cleavage mode of fracturing. 

The absence of a well-defined cleavage mecha- 
nism for fracturing and the fact that some plastic 
deformation precedes fracturing might suggest that 
magnesium does not exhibit the same kind of brittle 
fracturing that is common to body-centered-cubic 
metals and to other close-packed-hexagonal metals. 
But, as will be shown, the low temperature fracture 
laws for magnesium are analogous to those that 
apply to iron, molybdenum, tungsten, and zinc in 
spite of differences in mechanisms and in plastic 
strains to fracture. In view of these observations, 
the low temperature fracturing of magnesium will 
also be called brittle fracturing. This, of course, 
does not imply that the brittle fracturing of metals 
is synonymous with the brittle fracturing of glass 
or other nonmetallics. Whereas the brittle fractur- 
ing of glass probably obeys Griffith’s law, the low 
temperature brittle fracturing of metals arises from 
stresses induced by a series of dislocations piled up 
at an opaque grain boundary. 
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TRUE PLASTIC STRAIN, ©, PERCENT 
Fig. 1—Effect of prestraining on the low temperature tensile 
properties of magnesium is plotted. 
Experimental Results 


All tests were made on tensile bars having gage 
sections that were 2 in. long and 0.375 or 0.25 in. 
wide. In order to develop a series of grain sizes, the 
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specimens were treated as shown in Tables I and II. 
The hot rolling and annealing treatment of the pure 
magnesium was used to develop a finer grain size 
than that of the as-extruded stock. 


Table |. High Purity Magnesium, 99.97 Pct Mg, Annealing 
Treatment in Dilute SO. Atm 


Tempera- Mean Grain 
Original Time, ture, Diameter, 

No. Condition Hr °C Mm 

1A Extruded and Machined 1 610 1.0 

2A Extruded and Machined a 475 0.25, 

Some Duplex 

3A Extruded and Machined 1 350 0.060 
4A Extruded, Rolled 20 Pct 1 260 0.026 


at 260°C, and Machined 


Complete stress-strain curves were obtained over 
a series of temperatures for each grain size. In addi- 
tion, two different grain sizes of the high purity 
magnesium were prestrained 10 pct at elevated 
temperatures preliminary to tensile testing at 78°K. 
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Fig. 2—Flow and fracture stress are plotted for high purity 
magnesium. Triangle represents 0.2 pct strain; circle, 1.0 
pct strain; square, 2.0 pct strain; inverted triangle, 3.0 pct 
strain; cross, 6.0 pct strain; and cross in square, fracture. 
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Fig. 3—Flow and fracture stress for Mg-2 pct Al alloy are 
plotted. Triangle represents 0.2 pct strain; circle, 1.0 pct 
strain; square, 2.0 pct strain; inverted triangle, 3.0 pct 
strain; cross, 6.0 pct strain; and cross in square, fracture. 


590—JOURNAL OF METALS, MAY 1956 


Table I. High Purity Magnesium Alloy Containing 2 Pct Al, 
Annealing Treatment in Dilute SO2 Atm 


Tempera- Mean Grain 
Original Time, ture, Diameter, 

No. Condition Hr °C Mm 

1B ' Extruded and Machined 90 590 1.0 

2B Extruded and Machined i) 550 0.23 

3B Extruded and Machined 1 370 0.07, 

Some Duplex 

4B Extruded and Machined No Additional 0.038 


Heat Treatment 


Tensile curves illustrating the effect of prestraining 
on the tensile properties are given in Fig. 1. In order 
to permit a more direct analysis of the results, the 
residual data are given in terms of stress vs tem- 
perature diagrams for a series of plastic strains and 
for fracture as shown in Figs. 2 to 5. 


Discussion 

The data reported in Figs. 4 and 5 reveal that 
polycrystalline aggregates of high purity magnesium 
and a 2 pct Al alloy exhibit two characteristically 
distinct fracture laws. Over the higher range of 
temperatures, the fracture stress decreases with 
increasing temperature in a manner that closely 
parallels the flow strength-temperature relationship 
shown in Figs. 2 and 3. This trend is typical for the 
normal ductile fracturing of metals. 

Since carefully annealed wrought metals should 
not contain cavities, ductile fracturing of metals 
should be dependent on some process involving 
generation of cracks. The generation of cracks in 
the ductile range, however, cannot be ascribed to 
local cohesive fracturing. As will be discussed later, 
the applied stress times a reasonable stress concen- 
tration factor is less than the theoretical cohesive 
strength of the metal in the ductile range of frac- 
turing. Consequently, some alternate mechanism for 
generation of cracks during ductile fracturing must 
be found. 

As shown in Figs. 4 and 5, the fracture stress over 
the lower range of temperatures is constant. This 
behavior is typical of the so-called brittle fractur- 
ing body-centered-cubic and close-packed-hexa- 
gonal metals. In the case of polycrystalline mag- 
nesium, however, fracturing in the low temperature 
range is preceded by about 1 to 7 pct plastic de- 
formation. The strain to fracture increases with 
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Fig. 4—Effect of temperature and grain size on the fracture 
strength of magnesium is plotted. Numbers in brackets 
represent the percentage of strains to fracture. 
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Fig. 5—Effect of temperature and grain size on the fracture 
strength of an Mg-2 pct AI alloy is plotted. Numbers in 
brackets are the percentage of strains to fracture. 


increasing temperature and decreasing grain size. 
Extrapolation of the flow and fracture strength 
curves to below 78°K suggests that at sufficiently 
low temperatures fracturing of magnesium occurs 
in the absence of permanent plastic deformation. 

In spite of its well-documented success in account- 
ing for the fracture characteristics of glass, Griffith’s 
theory* for brittle fracturing is not valid for the 
so-called brittle fracturing of metals. Even under 
the most severely embrittling conditions, some plastic 
deformation is always detected over the fracture 
surfaces of metals. This observation led Orowan* 
to modify Griffith’s original theory by inclusion of 
the plastic strain energy term with that for the 
surface energy. Accordingly, the fracture strength 
was found to be 


E(S+P 


where o;, is that stress at which catastrophic crack 
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growth is obtained, and E = Young’s Modulus, S = 
surface energy per unit crack area, P = plastic 
strain energy per unit crack area, and C = initial 
crack length. 

This suggests that fracture strength should in- 
crease linearly with C”. The brittle fracture strength 
for high purity magnesium and a 2 pct Al-Mg alloy 
is shown in Figs. 6 and 7 as a linear function of 
(mean grain diameter)”. This linear relationship 
was found to be independent of strain rate over the 
range tested. From these figures it can be seen that 


= 0, + K/\V/d [2] 


where o, = constant, K = constant, and d = mean 
grain diameter. 

Eq. 2 might be brought into coincidence with Eq. 
1 of the Griffith-Orowan theory by neglecting o, 
and assuming that the crack length is equal to the 
grain diameter. But neither of these distortions of 
fact is permissible. First, there is no justification 
for discarding o, and second, there are probably no 
real cracks present. Certainly there are no cracks 
present initially whose length equals the grain 
diameter. Consequently, the Griffith-Orowan theory 
is not in harmony with all of the experimental facts. 
It is significant to note, however, that reasonable 
assumptions regarding P suggest that once the crack 
grows to about the size of a grain diameter, con- 
tinued fracturing might occur by the Griffith-Orowan 
mechanism. 

Several years ago, Zener’ suggested that the 
tensile stresses arising from a blocked series of dis- 
locations issuing from a single Frank-Read source 
might be sufficiently high to cause cohesive fractur- 
ing. Recently, Koehler’ presented a quantitative 
analysis of the tensile stresses arising from a series 
of edge dislocations pressed against the opaque 
barrier, using the Eshelby, Frank, and Nabarro’ dis- 
tribution of distances between the dislocations. This 
relationship was used by Petch® to account for the 
fracture strength-grain size relationship for the 
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Fig. 6—Relation between fracture strength and grain di- 
ameter for pure magnesium is plotted. 
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Fig. 7—Relation between fracture strength and grain di- 
ameter for Mg-2 pct Al alloy is plotted. 
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Fig. 8—Stress distribution about a series of edge dislocations 
piled up at a barrier, B, according to Stroh” is illustrated. 


brittle fracturing of mild steels. More recently, these 
same concepts have been applied by Greenwood and 
Quarrell’ to the cleavage fracture of polycrystalline 
zine. And, finally, a more detailed theoretical analy- 
sis of the stresses arising from a series of blocked 
dislocation has been given by Stroh.® 

Fig. 8 shows the stress distribution derived by 
Stroh near the terminus of a series of blocked edge 
dislocations originating from a single Frank-Read 
source a distance d/2 from a barrier. These results 
suggest that a stress concentration of the order of 
magnitude of (d/8r)”” is obtained at the terminus 
of a blocked array of edge dislocations. The normal 
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and shear stresses in the vicinity of the barrier 
might be approximated by 


n= [3] 


respectively, where a and £ are functions of Tr, 6, and 
the orientations of the directions of principal stresses 
with the X—Y coordinate axes. An expression analo- 
gous to Eq. 4 must apply to blocked screw disloca- 
tions, but the normal stress for screw dislocations 
is zero. 

The net effective applied stress +, might be taken 
to equal the actual applied stress o minus the 
average localized internal stress o;. Consequently, 
the localized shear stress in the vicinity of a blocked 
array of dislocations becomes 


[5] 


If the shear stress 7 near the spur of the array ex- 
ceeds the critical shear stress 7. necessary to nu- 
cleate slip in the adjacent grain, general plastic 
deformation of the polycrystalline aggregates can 
take place. Therefore, the stress o = o;, necessary 
to induce general plastic deformation should be ap- 
proximated by the relationship 


ty or [6] 


Accordingly, general plastic flow will first take 
place in those regions where d, the distance between 
the barriers, is the greatest. It is reasonable to 
assume that this distance coincides with the grain 
diameter in polycrystalline aggregates. 
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Fig. 9—Effect of grain size on flow and fracture strength of 
pure magnesium is plotted. 
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Fig. 10—Effect of grain size on flow and fracture strength 
of Mg-2 pct Al alloy is plotted. 


When the stress for flow at a given temperature 


is plotted as a function of 1/\/d, straight lines hav- 
ing a constant slope are obtained as shown in Figs. 
9 and 10. These results agree well with the pre- 
dictions based on Eq. 6, which not only demands the 
observed linear relationship, but also suggests that 


the slope of the line be equal to \/87.. Since ther- 
mal fluctuations can assist in the nucleation of slip, 


it is reasonable to expect that \/87. will decrease 
with increasing test temperature, a deduction again 
in harmony with the experimental observations. 
According to Petch,® brittle fracturing of metals 
occurs when the normal stress, oy, induced by a 
block array of edge dislocations exceeds the local 
cohesive strength, o,. Stroh*® has suggested that 
once a local crack is formed by the tensile stresses 
induced by a dislocation array, the crack can con- 
tinue to grow catastrophically, since its growth is 
accompanied by a decrease in free energy. Assum- 
ing that the net effective stress o, acting on the 
blocked array of dislocations is the applied stress o 
minus the smeared localized resistance o;, brittle 


fracturing will occur at the stress o—o,;,, where 


r ce 
+- o 


As shown in Figs. 6 and 7, the brittle fracture 
strengths of high purity magnesium and a 2 atomic 
pet Al-Mg alloy follow the linear relationship with 


1/\/d that is predicted by Eq. 7, where the slopes 
of the fracture stress vs 1/\/d lines are equal to 


V/ao,. Variations in test temperature, strain rate, 
and strain to fracture have no significant effect on 
the observed fracture strength. This suggests that 
both o, and o, are insensitive to these variables. It 
is well established that o, should be insensitive to 
temperature, strain rate, and strain to fracture, but 
the data in Fig. 1 and other data on brittle fractur- 
ing suggest that prestrain influences o, for mag- 
nesium, zinc,’ and steels. 


Conclusions 

1) At low temperatures, magnesium and 2 pct 
Al-Mg obey the brittle fracture law proposed by 
Petch and others, although the fracture may be pre- 
ceded by 1 to 7 pct plastic strain. 

2) In the brittle fracture range, the fracture 
strength of magnesium and 2 pct Al-Mg is independ- 
ent of temperature and strain rate, but is a function 
of the grain size. 

3) Over the temperature range tested, the flow 
stress of magnesium and 2 pct Al-Mg is a function 
of both temperature and grain size. 

4) The transition temperature from ductile to 
brittle fracture is also a function of grain size. 
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Technical Note 


Cubic Texture in Ultrathin Tapes of 48 Pct Ni-Fe Alloy 


by Martin F. Littmann 


M. F. LITTMANN is Senior Research Engineer, Research Div., 
Armco Steel Corp., Middletown, Ohio. 
TN 331E. Manuscript, Nov. 30, 1955. 
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OR magnetic devices employing reactors with 
high rates of flux change very thin magnetic tapes 
have been employed. One of the more interesting of 
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Fig. 1—Pole density stereograms are of (200) poles of Armco 48 Orthonik annealed at 1040°C. Contour lines are a 1/2, 1, 2,4; 
8, 16, 32 times random pole density sequence. LEFT, 1 mil (0.025 mm) tape; CENTER, 1/2 mil tape; and RIGHT, 1/4 mil tape. 


the soft magnetic materials so used is a grain ori- 
ented 48 pct Ni-Fe alloy. In the usual thickness of 1 
and 2 mils, the alloy displays a very rectangular 
(square) hysteresis loop after heavy cold reduction 
and suitable annealing in the vicinity of 1050°C. 
This rectangular loop is associated with a high de- 
gree of crystal orientation of the (001) [100] type. 

Because of the need for reducing eddy current 
effects, this alloy has been rolled to thicknesses 
down to 4% mil. However, for thicknesses below 1 
mil, Littmann’ reported a progressive increase in 
coercive force and a decrease in rectangularity of 
the hysteresis loop. The reason for this loss of rec- 
tangularity for the thinner tapes was the accom- 
panying deterioration for the (001) [100] crystal 
texture. 

In a recent technical note, Spachner and Rostoker* 
have been unable to find any preferred crystal ori- 
entation in annealed 14 mil 50 pct Ni-50 pct Fe tape 
acquired from commercial sources. Although the 
rolling process for this tape was not known, the 
absence of a highly preferred crystal texture with 
[100] directions parallel to the direction of magnetic 
flux could account for the relatively poor rectangu- 
larity of the hysteresis loop of % mil tape compared 
to the 1 mil tape with a high degree of perfection of 
the (001) [100] texture. 

However, recent improvements in the art of pro- 
ducing this alloy in ultrathin tapes have permitted 
commercial production of % mil and %4 mil tapes 
which are highly oriented. Compared to the earlier 
materials available in this thickness, the oriented 
ultrathin tapes have markedly superior rectangu- 
larity of the hysteresis loop and lower coercive force. 

To illustrate the textures in these improved mate- 
rials, pole figures of both the cold-rolled and an- 
nealed textures were prepared of representative 


specimens of Armco 48 Orthonik. The crystal orien- 
tations were determined, using a General Electric 
XRD-3 X-ray diffraction spectrogoniometer accord- 
ing to the integrating technique described by Geis- 
ler. After making appropriate corrections for back- 
ground intensity, the pole figure data were plotted 
as contours of a geometric progression of intensities 
expressed in multiples of the random intensity for 
the system. 

Fig. 1 shows the orientation of 1, %, and % mil 
specimens processed from the same melting heat. 
These specimens were annealed at 1040°C for 2 hr 
in dry hydrogen. 

The orientations for the % and 1 mil specimens 
are very similar. The same cubic texture is also very 
evident in the 4 mil specimen, although the peak 
concentration of (100) poles at the rolling direction 
is lower and there is greater scatter of the crystals 
about the axis of the rolling direction. Laue photo- 
graphs showed the presence of a small percentage of 
the grains with random orientation. 

While it is desirable to use the (200) planes for 
simplicity of pole figure presentation, there is the 
technical difficulty of quantitatively separating out 
the spurious (111) reflections. On this account, and 
for comparison with the cold-rolled textures re- 
ported by Spachner and Rostoker, the (111) planes 
were used for the pole figures of the cold-rolled 
specimens. Fig. 2 shows the (111) pole figures for 
cold-rolled 1 mil and %4 mil Armco 48 Orthonik 
prior to the final anneal. The textures are very simi- 
lar to each other and agree qualitatively with the 
texture of the 1 mil specimen found by Spachner 
and Rostoker. Comparing the texture of the %4 mil 
specimen shown in Fig. 2 with % mil material,’ 
which develops a random texture upon annealing, 
the retention of the (001) [100] annealed texture is 


Fig. 2—Pole density stereo- 
grams are of (111) poles of [ 
Armco 48 Orthonik as cold 

rolled. Contour lines are a 1/2, 4 + £2 
1, 2, 4, 8 times random pole 
density sequence: LEFT, 1 mil 
tape, and RIGHT, 1/4 mil tape. 
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seen to correspond to the retention of the cold-rolled 
texture found in the cold-rolled 1 mil material. This 
is ascribed to the use of similar degrees of cold re- 
duction prior to the final anneal for the 14 mil and 
1 mil specimens. By contrast, the % mil material 
studied by Spachner and Rostoker probably re- 


Table |. Magnetic Properties of Ultrathin Armco 48 Orthonik* 


Peak 
(100) 
Pole 
Hm=10 Inten- 
Hm=1 Oersted Oersted, sity 
Thick- Bn Times 
ness, Bn B, He Kilo- Br(Hm=1) Ran- 
Mils Kilogausses Oersted gausses Bm(Hm=10) dom 
uf 14.85 14.50 0.136 15.25 0.950 39 
VY 14.95 14.70 0.156 15.35 0.958 35 
Va 14.40 13.70 0.182 15.30 0.896 29 
Yay 14.90 14.35 0.140 15.60 0.920 31 


* Specimens correspond to pole figures in Fig. 1. 
Oo No. 1008 is from a different heat and was annealed at 


ceived four times the cold reduction of their 1 mil 
specimen. 
The magnetic properties of the specimens studied 
are also of interest. These are shown in Table I. 
Compared to earlier materials,* the higher degree 


of cubic orientation is accompanied by improvements 
in coercive force and in rectangularity of the hys- 
teresis loop, as indicated by the higher ratios of resi- 
dual to peak induction, B,:B,,. In particular, the im- 
proved processing for % mil material reduces the 
coercive force attainable by a factor of about 2, and 
increases the residual induction from 12.00 to about 
14.00 kilogausses at H,, = 1 oersted peak magnetiz- 
ing force. The data in Table I suggest a relation be- 
tween the B,:B,, ratio and peak concentration of the 
[100] directions lying parallel to direction of rolling 
and magnetization. 

Secondary grain growth has been observed in 
specimens as thin as 1 mil. The particular textures 
shown in this note are the result of primary recrys- 
tallization without the large increase in grain size 
which is called secondary recrystallization. 
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Titanium-Molybdenum-Oxygen System 


The Ti-Mo-O system was investigated in the region 0 to 45 wt pct Mo and 0 to 10 
wt pct O, from 600° to 1400°C. Solidus data are also presented. Isothermal sections 
at 700°, 900°, 1100°, and 1300°C, and vertical sections at 1 and 28 wt pct Mo, and 


1 and 10 wt pct O are included. 


by Paul A. Farrar, Louis P. Stone, and Harold Margolin 


TUDY of the Ti-Mo-O system has been carried 

out as part of a general study of titanium phase 
diagrams. The binary Ti-Mo system has been in- 
vestigated in whole or in part by several investiga- 
tors.’* It was found that molybdenum and £#-tita- 
nium form a complete series of solid solutions and 
that the B/a + @ transus is depressed to below 600°C 
at approximately 30 pct Mo.* The Ti-O system has 


* Unless otherwise noted percentages refer to wt pct. 


been investigated partially or fully in the range 
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Fig. 1—Compositions of Ti-Mo-O alloys prepared. 


0 to 30 pct O by several investigators.*” Extensive 
solubility of oxygen occurs in the a field. While a is 
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Fig. 2—Partial isothermal section is plotted at 1300°C. 
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Fig. 4—Partial isothermal section is plotted at 900°C. 
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Fig. 3—Partial isothermal section is plotted at 1100°C. 
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Fig. 5—Partial isothermal section is plotted at 700°C. © 


Fig. 6—Solid and dashed lines 


plot a/a+ isotherms. 
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Fig. 7—Solid and dashed lines 


plot isotherms. 
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Fig. 8—Vertical section of Ti-Mo-O system at 28 pct Mo is 
plotted. 
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Fig. 10—Vertical section at 10 pct O is plotted. 


stabilized to a congruent melting point at about 10 
wt pct O, the £8 field is restricted. Two intermediate 
compounds were encountered in this range: 6 (TiO) 


Experimental Procedure 
The experimental procedures employed in this in- 
vestigation are the standard techniques in use at this 
laboratory and have been described in detail previ- 
ously.” “ Consequently, only details pertinent to the 
present work are discussed. 


Alloy Preparation—The alloys employed for the 
delineation of this system were prepared from iodide 
titanium sheet capsules containing the alloying ma- 
terials and solid iodide titanium rod. Typical analy- 
ses of the materials used are as follows: iodide tita- 
nium, 99.96 pct purity; molybdenum, 99.94 pct pu- 
rity; and oxygen, typical purity as TiO, 99.98 pct. 
The 20 g alloys were arc-melted in glass walled 
furnaces under a partial pressure of high purity 
argon. They were melted twice at a current of be- 
tween 300 and 350 amp for 60 sec and the buttons 
turned over between meltings to insure a more 
homogeneous alloy. The weight losses during melt- 
ing of these alloys were noted, and were generally 
found to be less than 1 pct. Considering the high 
melting point of molybdenum, 2665°+50°C,” and the 
tenacity with which titanium retains oxygen, the 
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Fig. 9—Vertical section at 1 pct Mo is plotted. 
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Fig. 11—Vertica! section at 1 pct O is plotted. 


assumption that the majority of the material lost is 
titanium seems reasonable. Therefore, alloys have 
been assumed to retain their nominal compositions 
after melting. The compositions of the alloys pre- 
pared to delineate this system are shown in Fig. 1. 


Homogenization and Heat Treatment—Because of 
the known embrittling effect of oxygen on titanium, 
no attempt was made to deform these alloys prior to 
heat treatment. A homogenization anneal of 24 hr at 
1200°C was employed for all alloys to be heat 
treated below this temperature. Specimens for heat 
treatment were wrapped in commercial sheet tita- 
nium and heat treated in argon-filled quartz cap- 
sules. The times at temperature used for this system 
are reported in Table I. The alloys were quenched 
by breaking the capsules under water. 


Metallography—tThe standard technique for pol- 
ishing specimens involved belt-grinding, grinding on 
emery paper, polishing electrolytically, and etching 
with Remington “A” etch. To increase the contrast 
between phases the stain-etching procedure of Ence 
and Margolin” was also used. 


X-Ray Diffraction—xX-ray diffraction patterns 
were taken with a powder camera 114.6 mm diam, 
using nickel-filtered radiation. The powders were 
mounted on Lindemann glass rods, approximately 
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0.010 in. diam, with celloseal grease. Exposure con- 
ditions were 16 hr at 35 kv and 20 ma. 


Melting Points—The melting points reported for 
alloys in this investigation were obtained by obsery- 
ing the incipient melting of specimens on resistance 
elements heated electrically in vacuum. Tempera- 
tures were measured with a calibrated optical pyro- 
meter,” with an accuracy of about +25°C. 


Phase Diagram Delineation 

On the basis of microstructural examinations and 
X-ray diffraction studies of heat treated specimens, 
partial isothermal sections to 45 pct Mo and 10 pct O 
have been delineated at 200° intervals between 700° 
and 1300°C. These isothermal sections are shown in 
Figs. 2 to 5. The a/a + B and a + @/B surfaces have 
been delineated in the temperature range from 600° 
to 1400°C at 100° intervals and are shown in Figs. 


Table |. Times of Heat Treatment 


Temperature, °C Time, Hr 
1400 1.5 
1300 5 
1200 24 to 43 
1100 48 to 73 
1000 72 to 96 
900 168 
800 336 to 400 
700 504 to 700 
600 600 to 672 


6 and 7. From the isothermal sections, vertical sec- 
tions at 1 and 28 pct Mo and 1 and 10 pct O were 
constructed and are shown in Figs. 8 to 11. 

The isotherms of this a/a + 6 surface, Fig. 6, show 
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Fig. 12—Micrograph shows 2.5 pct Mo- 
5.5 pct O alloy water quenched for 5 hr 
at 1300°C. Specimen was “A” etched, 
and showed retained 6 in a matrix. 
X350. Area reduced approximately 25 
pct for reproduction. 


Fig. 13—Micrograph shows 45 pct Mo- 
1.0 pct O alioy water quenched for 5 hr 
at 1300°C. Specimen was “A” etched, 
and showed a in retained 8 matrix. 
X600. Area reduced approximately 25 
pct for reproduction. 


Fig. 14—Micrograph shows 34 pct Mo- 
4.0 pct O alloy water quenched for 5 hr 
at 1300°C. Specimen was “A” etched, 
and showed in retained matrix. 
X600. Area reduced approximately 25 
pct for reproduction. 


Fig. 15—Micrograph shows 28 pct Mo- 
10 pct O alloy water quenched for 5 hr 
at 1300°C. Specimen was etched with 
electrolytically stained “HG”, and 
showed electrolyte 8 (clear) and a+TiO 
lined structure in a matrix. X600. Area 
reduced approximately 25 pct for repro- 
duction. 


an increase in the solubility of molybdenum in a- 
titanium with increasing oxygen content at any one 
temperature, in addition to a general increase in the 
molybdenum solubility with increasing temperature. 
The isotherms of the a + 8/8 surface, Fig. 7, show a 
decrease in the solubility of oxygen with increasing 
molybdenum content at any one temperature above 
1000°C. Below this temperature, the oxygen solubil- 
ity increases with increasing molybdenum content. 
Nevertheless, as illustrated in Figs. 8 and 9, the total 
solubility of oxygen in §-titanium decreases with 
decreasing temperature at all molybdenum contents 
in the region investigated. Typical a + 8 microstruc- 
tures, somewhat different from those observed in 
other systems, are shown in Figs. 12, 13, and 14. Fig. 
12 shows the a + 8 structure obtained near the 
a + B/a boundary. Fig. 13 shows the structure near 
the a + 8/8 boundary and Fig. 14 an a+ 6 struc- 
ture in the middle of the phase field. Similar but 
finer structures are observed at lower temperatures. 


The 5 (TiO) phase was microstructurally resolv- 
able only in specimens heat treated at 1300° or 
1400°C. An example of such a microstructure is 
illustrated in Fig. 15. Between 800° and 1200°C, the 
5 phase was detectable only by X-ray diffraction. No 
specimens treated below 800°C were found to con- 
tain this phase. 


Because of the very few specimens which contain 
5, the a + B/a + 8 + § surface could not be deline- 
ated directly. A vertical section at 10 pct O was 
therefore constructed on the basis of the presence of 
6 in diffraction patterns of the 28 pct Mo-10 pct O 
alloy treated above 700°C and of the 25 pct Mo-10 
pet O alloy above 1200°C. These alloys treated at 
lower temperatures revealed only a + £. This verti- 
cal section is shown in Fig. 10, and establishes the 
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intersection of the a + B/a + B + & surface with the 
10 pct O line in the isothermal sections. 

Lattice parameter measurements were then made 
for the a alloys containing 0.5 pct Mo-8.5 pct O and 
1.0 pct Mo-10 pct O as shown in Table II. A compari- 
son of these results with similar values for binary 
TiO alloys by Cadoff et al.” and Bumps et al.* re- 
vealed that the effect of small molybdenum addi- 


Table II. Lattice Parameter Values for a-Titanium in Ti-Mo-O 
Alloys* 
Lattice Lattice 
Parameter, Parameter, 
c a 
Specimen A Ka 
0.5 pet Mo-8.5 pet O 4.764-4.773 2.963-2.974 
1100°C, a 
1.0 pct Mo-10 pet O 4.781-4.791 2.964-2.969 
1100°C, a 
28 pct Mo-10 pet O 4.827-4.837 2.961-2.967 
1300°C,a+ B+ 6 
28 pct Mo-10 pct O 4.837-4.846 2.959-2.965 
1100°C,a+ B+ 6 
28 pct Mo-10 pet O 4.822-4.852 2.962-2.96s 


900°C,a + B+ 6 


* The values were calculated using the d-values of lines 300, 123 
and 203. No correction factors were used. 


tions on the a lattice parameter was less than the 
discrepancy between the data obtained by the two 
investigations. It was concluded, therefore, that 
small molybdenum additions have negligible effects 
on the lattice parameter of a-titanium containing 
oxygen. 

The a corner of the a + B/a + B + 6 boundary 
was roughly established by extending the a/a + B 
boundary to the oxygen content indicated by the lat- 
tice parameter of the alloy containing a + 8 + 6, as 
given in Table II. The a + B/a + 8 + 8 boundary 
was then constructed on the basis of the locations of 
the a corner and the intercept of this surface with 
the 10 pct O line in Fig. 10. This construction could 
not be checked at the 6 corner of the a + 6 + 6 field 
- because of the unsuitability of the # diffraction lines 
for lattice parameter measurements. 
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Molybdenum, Weight Percent 


Solidus Data—The temperature of incipient melt- 
ing of representative Ti-Mo-O alloys is given in 
Table III. All the alloys containing 10 pct Mo and 
three of the alloys with 19 pct Mo melted at 
1807°+36°C. It would be reasonable to conclude 
that a ternary reaction plane exists in this region, 
although no effort was made to pursue this point. 


Table Ill. Tabulation of Melting Point Data 


Temperature 
of Incipient 
Mo, Wt Pct O, Wt Pct Melting, °C 

10.0 1.0 1810 
10.0 4.0 1849 
10.0 7.0 1794 
10.0 10.0 1805 
19.0 1.0 1816 
19.0 4.0 >2200 
19.0 7.0 1766 
19.0 10.0 1838 
31.0 1.0 1416 
31.0 4.0 1755 
31.0 7.0 >2200 


The alloy containing 31 pct Mo with 1 pct O showed 
incipient melting just above 1400°C. This surpris- 
ing result was checked. Three separate determina- 
tions of the alloy yielded an average incipient melt- 
ing point value of 1416°C with a total variation of 
17°C. A single specimen of this composition was 
completely melted at 1510°C. 


As-Cast Hardness of Ti-Mo-O Alloys 
Diamond pyramid hardness, 35 kg load, of as-cast 
Ti-Mo-O alloys was determined for the alloys con- 
taining 0.5, 1.0, 4.0, 7.0, and 10.0 pet O. The data 
obtained are plotted as a function of molybdenum 
content in Fig. 16. As expected, oxygen is a more 
effective hardener of titanium than is molybdenum. 
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Sigma Nucleation Times in Stainless Steels 


The times at which the first detectable amount of o phase forms at temperatures 
between 900° and 1800°F were determined. Both X-ray diffraction and metallography 
were used to detect o in highly strained filings; metallography alone to detect it in an- 
nealed bulk samples of six different types of stainless steels. The o phase was found 
to form in accordance with the C-type reaction curve in both austenitic and ferritic al- 
loys. In filings of types 304, 347, and 446, « formed in a few hours, and in types 316, 
309, and 310, it formed in a matter of minutes at temperatures corresponding to the 
knee of the C-curve. Only in the bulk type 309 steel, after 500 hr, and in the bulk type 
310 steel, after as short a time as 25 hr at temperature, was o detected; in both instances 
at approximately the same optimum temperature as in the filings. The annealing tem- 
perature affected o phase nucleation only for the filings of type 304 and 347 steels, 
and for the bulk samples of type 309 and 310 steels. 


by G. F. Tisinai, J. K. Stanley, and C. H. Samans 


NOWLEDGE of both the rate of nucleation and 

the rate of growth of the new phase is required 
for a complete description of metallurgical rate 
phenomena. However, data on the time for nucle- 
ation alone may frequently be useful in evaluating 
the tendency of commercial stainless steels to form 
¢ under various conditions. Very little correlated 
information of this type is available in the litera- 
ture. Shortsleeve and Nicholson’ indicate that o 
forms in ferritic 24, 27 and 30 pct Cr steels accord- 
ing to a C-type of reaction curve, and Emmanuel’s’ 
data for austenitic type 310 steel also suggest 
this type of solid state reaction. In addition, signi- 
ficant, though fragmentary, information has been 
given by Binder,’ Dulis and Smith,‘ Payson and 
Savage,’ Guarneri, Miller, and Vawter," Frerichs and 
Clark,’ Wilder,* Lismer, Pryce, and Andrews,’ Smith, 
Dulis, and Link,” Dulis, Smith, and Houston," and 
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Henry, Cordovi, and Fischer.” The bearing of these 
data on this work is covered in the discussion. 

The purpose of this paper is to present such cor- 
related data on o formation in AISI type 304 (18 
pet Cr-8 pct Ni), 347 (18 pct Cr-10 pct Ni-Cb), 
316 (18 pet Cr-12 pct Ni-2 pect Mo), 309 (25 pct Cr- 
12 pet Ni), 310 (25 pet Cr-20 pct Ni), and 446 (27 
pet Cr) stainless steels. 


Materials and Test Methods 

X-ray diffraction and metallographic methods 
were used to determine the first appearance of the o 
phase in cold worked filings and in annealed bulk 
samples of seven steels, under various combinations 
of time and temperature. The rate of growth of the 
o particles was not determined. Commercial heats 
of six AISI steels and a low carbon laboratory ex- 
perimental heat containing about 28 pct Cr were 
studied. Analyses are given in Table I. 

Because cold work greatly accelerates the nucle- 
ation of o particles, the relative rates of o nuclea- 
tion in mechanically strained samples, i.e., filings 
through 120 mesh, were determined for direct com- 
parison with those in annealed bulk alloys of the. 
same composition. 
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Preparation of Bulk Samples—The bulk samples 


TIME AT (Hrs) 


tested in the annealed state were approximately 1% 
in. x ¥ in. x % in., annealed in Vycor tubes under a : 
vacuum of approximately 8 mm to minimize oxida- 1800 
tion and decarburization. The type 304, 347, 316, r 
and 446 steels and the 28 pct Cr alloy were annealed 
° EFORE FILING 
at 1750°F for 24 hr and water quenched. Type 309 400k BEFORE FILING 
and 310 steels were annealed at 1850°F for 24 hr L oN St Lai 
and water quenched. To determine the effects of a 1200}- y ore “af 
higher temperature, other samples of all seven r SASS 
steels, also sealed in Vycor tubes under partial vac- eee & 
uum, were annealed at 2250°F for 26 hr and water soo ‘A 
quenched. TYPE 304: 19.17% Gr- 9.14% Ni— 0.06%C-— 0.53% Si 
A 7 T T T T T T T T T T a1 T T T T 
Table I. Analyses of Steels Studied — 1800L 
2250 °F (A) QUENCH 
ype BEFORE FILING 
No. Cr Mn Ss P Cb Mo 
< 1750°F (QO) QUENCH 
BEFORE FILING 
304 19.17 9.14 0.06 0.53 0.52 0.014 0.01 = = w 1200; 
347 17.86 10.30 0.05 0.32 1.56 0.016 0.018 Present — a LY fo) 
316 17.27 11.96 0.04 0.58 1.54 0.015 0.024 — 2.47 = 
309 23.21 13.40 0.13 0.39 1.54 0.015 0.024 — a w 1000;- 
310 27.23 21.09 0.05 0.37 1.95 0.007 0.023 (B) on 
446 25.51 0.30 0.14 0.64 0.70 0.030 0.021 — = 800k 
'0-38~ 0-015" 0.024 TYPE 347: 17.86% Cr— 10.30% Ni— 0.05 %C—0.32 % Si 
* Laboratory experimental heat. 
1800; 1750°F (0) OR 2250°F (A) QUENCH 
Long time heat treatments in the o forming range, 
900° to 1800°F, were carried out in a gradient tem- L On es 
perature furnace using a jig designed to position 1400-0 Y y+o 
Vycor sealed samples at each of nine appropriate LK 04 ea 
temperatures. Bulk samples of the seven steels, 1200;- wee 
each in the two annealed conditions—14 samples in i 
P 
all—were held at each of these nine temperatures. L 
One test was run for 510 hr and a later test for 2000 hr, 800+ ; 
using different samples. All samples were air cooled 
while still sealed in the Vycor tubes after these aaerE ; 
treatments. Additional samples of the type 309 and Fig. 1—Effect of temperature of heat treatment on o nucle- 
310 steels were given individual heat treatments for ation times is plotted for —120 mesh filings of A) type 304 
shorter times at various temperatures. During the steel, B) type 347 steel, and C) type 316 steel. Solid symbols 
510 hr heat treatment, the average temperature indicate « had formed; open symbols, o not detected. Circles 
fluctuation in the gradient temperature furnace was represent material heat treated at 1750°F before filing; 
approximately +20°F AG any given temperature be- triangles, at 2250°F before filing. Only pertinent data have 
cause of control instrument difficulties. During the been plotted. 
later 2000 hr heat treatment, these difficulties were 
TIME AT TEMPERATURE (Hrs.) 
io"! 10° io! 10° rey 10% 10° 
| T T T T T T T T T T T T T T T 
1800; BULK MATERIAL~ 1850 °F QUENCH 
Ov 
tion times is plotted for A) Oy 
—120 mesh filings, and B) an- 1200+ 
nealed bulk samples of type J BULK MATERIAL~2260°F (7) QUENCH® 
309 steel; C) —120 mesh fil- 1000- 
ings, and D) annealed bulk 
samples of type 310 steel. Solid (B) 
symbols indicate had formed; TYPE 309: 23.21 % Cr— 13.40 %Ni- 0.13% C—0.39%SI 
open symbols, o not detected. hi 2250°F QUENCH 
and inyerted triangles, 1850° w 
and 2250°F, respectively, and 40% (2) ~ oo 
L a ARE BULK MATERIAL ~ 
+ (C) | 
vee 310: 27.23% Cr— 21.09% NiI—0.05% C— 0.37% Si (D) 
io | 10° io! 10° 10! 10° 10° 
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TIME AT TEMPERATURE (Hrs.) 


10"! 10° 10! 102 10° 104 
T T T T T T T T T T T T 
1750°F (0) OR 2250°F (A) QUENCH 
1400F BEFORE FILING 
1200+ 
w 800F (A) 
3 TYPE 446: 25.51 % Cr-0.14% C— 0.64% Si 
ind 
= 
1600 
1750°F (0) OR 2250°F (4) QUENGH 
400k BEFORE FILING 
1200F y 4 eo 
Aa 
soot (8) = 
EXP. HEAT: 27.78% Gr. — 0.04% C6 — 0.54% Si 
1 1 1 1 1 1 1 1 fs Me 


Fig. 3—Effect of temperature of heat treatment on o nuclea- 
tion times is plotted for —120 mesh filings of A) type 446 
steel, and B) a 28 pct Cr-low carbon laboratory heat. Solid 
symbols indicate « had formed; open symbols, o not detected. 
Circles represent material heat treated at 1750°F before 
filing; triangles, at 2250°F before filing. 


corrected and the average temperature fluctuation 
was approximately +5°F. 

After heat treatment, the samples were polished 
and etched by glyceregia—3 parts glycerine, 2 parts 
concentrated HCl, and 1 part concentrated HNO,— 
to bring out the o phase. The o phase is always 
etched rapidly, whereas carbides and nitrides are 
merely outlined, even on prolonged etching. 

Preparation of Cold Worked Samples—The cold 
worked samples were prepared in the form of fil- 
ings fine enough to pass through a 120 mesh screen, 
ie., smaller than 125 yw. Prior to filing, the steels 
were given the 1750° or 1850° and 2250°F anneal- 
ing treatments described for the annealed bulk 
samples, except that the 1750°F or 1850°F treat- 
ments were made in air without the Vycor tube 
protection. 

For the o phase nucleation heat treatments small 
amounts of the filings, sealed under partial vacuum, 
about 8 mm, in Vycor tubes, were heat treated for 
times ranging from about 2 min to 1000 hr at tem- 
peratures in the range of 900° to 1800°F. All these 
samples were water quenched in the Vycor tubes 
after heat treatment and were examined by X-ray 
diffraction methods for the presence of the o phase. 
In certain cases, the filings were mounted in Bake- 
lite to facilitate polishing and examined metallo- 
graphically as well. Experience has shown that the 
metallographic method is better suited than the 
X-ray method for detecting the presence of small 
amounts of o phase. 

X-ray diffraction patterns were made on a stand- 
ard XRD-1 film unit using chromium radiation. The 
presence of o was determined by comparing the 
test pattern with a standard o pattern obtained 
from an electrolytic extract of a severely sigmatized 
steel. Recovery of the filings, as evidenced by 
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sharpening of the matrix diffraction lines, occurred 
in both the austenitic and ferritic steels at tempera- 
tures above 1100°F. Some recrystallization was 
noted in the austenitic filings above 1600°F and in 
the ferritic filings above 1200°F. 


Results 

Sigma Formation in Filings—In all of the samples 
cold worked by filing, « phase formed in accordance 
with a C type of reaction curve. The data are 
plotted in Figs. 1 through 3. For the steels tested, o 
forms most rapidly at the temperatures given in 
Table II. These optimum temperatures are not in- 
fluenced by the temperature of prior annealing. 

At the optimum temperatures, the times required 
to form o in the filings are relatively short. For the 
type 309 and 310 steels, « formed in less than three 
min;* see Fig. 2. In the other compositions, the 


* The short time heatings of the filings sealed off in Vycor tubes 
were carried out in a lead bath. Times given are for the total time 
the samples remained in the bath. 


longest times required to observe o at these opti- 
mum temperatures was of the order of 30 to 150 hr 
for the type 347 steel, Fig. 1, and of the order of 150 
to 1000 hr for the type 304 steel, both after the pre- 
treatment at 2250°F. The times for the other steels 
were intermediate. Because of the time intervals 
for which the heat treatments were run, the initial 
formation of the o phase could not be established 
any more closely than is given in Table II. 

Annealing treatments of the steels prior to filing 
influenced o formation noticeably only in type 304 
and 347 steels. In these steels, c phase formed much 
more slowly in samples annealed at 2250° than in 
those annealed at 1750°F. 

As would be expected, the highest temperature 
at which o will form in filings varies with the com- 
position, but not with the pretreatment tempera- 
ture. In the type 304, 347, and 446 steels, and in the 
laboratory heat of 28 pct Cr steel, o phase did not 
form above about 1300°; in the type 316 steel, it did 
not form above about 1550°; in the type 309 steel, 
above about 1600°; and in the type 310 steel, above 
about 1700°F. 

After 1000 hr heat treatment, o did not form 
below about 900°F in any of the steels. 

Sigma Formation in Bulk Steels—Of the seven 
steels studied in the bulk state, o phase formed only 
in types 309 and 310. Even after holding 2000 hr 
at temperature, o did not form in the other five 
steels. 

The most rapid formation of o, more than 100 but 
less than 500 hr, was in the 1850°F annealed bulk 
samples of type 309 steel at about 1450°F; o did not 
form above about 1650°F, Fig. 2. For times of up 
to 2000 hr, o did not form at any temperature be- 
tween about 850° and 1800°F in the 2250°F an- 
nealed bulk samples of type 309 steel. In the 1850°F 
annealed samples of type 310 steel, o formed most 
rapidly, less than 24 hr, at about 1500°F; it did not 
form above about 1800°F, Fig. 2. The only 2250°F 
annealed type 310 bulk sample in which o phase 
formed was the one held at 1450°F for 2000 hr, and 
even here the amount of o formed was very small. 
It is not known whether the different effects of the 
two different annealing treatments on o formation 
is due to the larger grain size of the samples an- 
nealed at 2250°F or to their better homogenization. 


Discussion 


In various compositions of commercial stainless 
steels, both austenitic and ferritic, « phase forms in 
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Table Il. Temperatures of Most Rapid « Formation 


Nominal Composition 


Conditions for Most Rapid o Formation 
Time 


Material, 
AISI Data in 
Other, Temperature, 1750°F* 2250°F 
Type Fig. No. Cr, Pet Ni, Pct Mo, Pct Pet oF Pretreatment Pretreatment 
04 

347 i “es 8 2: = 1100 3 to 7 hr 150 to 1000 hr 
316 1 13 oe om Cb 1100 about 20 hr 30 to 150 hr 
309 2 25 12 2 = 1400 under 5 min under 5 min 
310 2 25 12 a = 1450 under 3 min under 3 min 
446 3 27 20 rar, = 1500 under 2 min under 2 min 

Laboratory ae =. = 1050 10 to 30 hr 10 to 30 hr 
3 28 Low C 1150 3to 8 hr 3 to 8hr 


* 1850°F for the type 309 and 310 steels. 


accordance with C-type reaction curves. Similar 
type curves have been reported previously for fer- 
ritic' and for austenitic’ alloys. 

The rather complete data of Emmanuel’ for type 
310 stainless steel probably are most comparable 
with those of the present study. Figs. 2C and 2D 
show o formation curves based on those data. As 
would be anticipated from the severity of cold work 
given filings, the nucleation time for o formation in 
Emmanuel’s 40 pct cold drawn tubing is appreciably 
longer than in the filings. However, except for this 
time displacement, the curves are similar. The 
present data for annealed bulk material, 1850°F an- 
neal, are also reasonably in accord with Emmanuel’s, 
1650°F anneal. There is a difference of about 100° 
to 150°F in the maximum and minimum tempera- 
tures of o formation. Here, Emmanuel’s data are 
in good agreement with the authors’ data on filings. 

In their work on o formation in type 309 and 310 
stainless steels, Frerichs and Clark’ used pretreat- 
ments of air cooling from 1800°F, fine grained; or 
water quenching from 2150°F, coarse grained. Their 
Y% in. round samples were held for 100, 500, or 1000 
hr periods in a gradient furnace covering the range 
1150° to 1650°F. In the fine grained type 309 steel, 
o was found after a 500 hr treatment in the range 
1310° to 1570°F. This is consistent with the present 
work, in which o phase was found in a similar alloy 
after 500 hr at 1400°, 1500°, or 1600°F, but not at 
1300°F. However, in the fine grained type 310 alloy, 
Frerichs and Clark only reported o after 500 hr at 
temperatures of 1320° to 1500°F. This was the only 
structure reported. In the present work, on the 
other hand, o was found after as short a time as 
20 hr at 1400° to 1600°F, although not until 500 hr 
at 1300°F. The two studies agree substantially that 
no o is formed in coarse grained samples for times 
of 1000 hr. 

In a discussion to Frerichs and Clark’s paper, 
Wilder* reported having observed a small amount 
of « in a bulk sample of relatively coarse grained 
type 310, but not in type 309, steel after a 5000 hr 
exposure at 1200°F. The present work is in reason- 
able agreement with this observation, although it 
indicates an optimum o forming temperature of 
about 1450°F, somewhat higher than the tempera- 
ture at which Wilder’s tests were run. 

The observations of Dulis and Smith,’ obtained 
for isolated points on several alloys after times of 
the order of 1000 to 3000 hr at various temperatures, 
are also consistent with the present study. 

Smith, Dulis, and Link” reported finding o in 
creep specimens of type 304L, 304L (high N.), 316L, 
321, 316 columbium, and 303 after 3000 hr under 
stress at 1100°, 1300°, or 1500°F. However, the 
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results are not strictly comparable with the present 
work since 6 ferrite was present in the original 
specimens of the first four of the alloys listed, and 
the o formed largely, if not entirely, from this con- 
stituent. These authors also found o in rupture test 
samples of type 347 which had been exposed for 
1150 hr at 1050°F, or 4500 hr at 1200°F. The present 
work is consistent with both of these observations. 

Knowledge of the temperature range in which the 
oa phase will form in these commercial alloys should 
result in their more intelligent use for high tem- 
perature applications in which mechanical prop- 
erties are important. The information given on the 
minimum times for o to form at various tempera- 
tures in filings may only be of limited direct value 
so far as commercial alloys are concerned, particu- 
larly since the amount of cold work given the filings 
cannot be fixed quantitatively. However, from the 
comparisons which are possible, it appears that the 
C-type reaction curves for filings and for annealed 
bulk samples are similar except that the C-curves 
for the annealed samples are displaced markedly 
toward longer times. 

The C-curves for the 1850°F pretreated type 309 
and 310 steels in the cold worked and in the an- 
nealed states indicate that the o phase formed at 
least a thousand times more rapidly in the heavily 
cold worked (filed) samples than in the annealed 
samples of these alloys. In the cther five alloys the 
o phase also formed more rapidly in the filings than 
in the bulk annealed samples; no o was detected 
after 2000 hr at temperature. The formation rate 
in the filings was at least two to 2000 times faster, 
depending upon the alloy and pretreatment used. 


Conclusions 


1) The o phase forms in the austenitic as well 
as the ferritic commercial stainless steels in accord- 
ance with a C-type reaction curve. The C-curves 
for cold worked (filings) and for annealed mate- 
rials are reasonably similar, the main difference 
being that the curve for annealed material is dis- 
placed to longer times. 

2) The temperature at which o forms most 
rapidly is dependent on composition. For the type 
446 steel, it is about 1050°F; for the type 304 and 
type 347 steels, about 1100°F; for the laboratory 
heat of 28 pct Cr low carbon steel, about 1150°F; 
and for the type 316, 309, and 310 steels, it is about 
1400°, 1450° and 1500°F, respectively. 

3) The maximum temperature of o formation in 
filings varies somewhat with composition. For the 
type 304, 347, and 446 steels, and for the laboratory 
heat of 28 pct Cr low carbon steel, the highest tem- 
perature of o formation is about 1300°F. For the 
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type 316 steel, it is about 1550°F; for the type 309 
steel, about 1650°F; and for the type 310 steel, 
about 1800°F. 

4) Pretreatments at 1750° and 2250°F have little 
or no influence on the temperatures of « formation 
in filings, and only affected the time to nucleate o 
noticeably for the type 304 and 347 steels. Pretreat- 
ment at 2250°F retarded the time. 

5) In stainless steels susceptible to o formation, 
o forms much more rapidly in severely cold worked 
samples than in annealed bulk samples. For example, 
in the severely cold worked type 309 and 310 steels, 
o formed in less than 3 min at 1300° to 1500°F. 
In comparison, o did not form in the annealed, 
1850°F, type 309 steel until it was held more than 
100 hr at 1450°F, or in the annealed, 1850°F, type 
310 steel until it was held about 20 hr at 1400° to 
1600°F. The 2250°F annealing treatment apparently 
inhibited o formation in the bulk samples of both 
the type 309 and 310 steels for times up to 2000 hr 
at all temperatures from 900°F to 1800°F, except 
2000 hr at 1450°F for the type 310 steel. 
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Influence of Order-Disorder on Creep of Beta Brass 


The creep behavior of @-brass was investigated over the temperature range of 
330° to 500°C. The creep strength increased as the amount of long range order 


increased. 


by M. Herman and N. Brown 


RDERING’S effect on the creep strength and 

other plastic properties of metals is unknown at 
the present time. Sachs and Weerts’ attempted to 
compare the mechanical properties of the ordered 
and disordered state by comparing a quenched speci- 
men with one annealed for a long time at a low 
temperature. This experiment is unsatisfactory be- 
cause it introduces a possible effect from quenching. 
Barrett* used a hot impact test, but his method was 
not sufficiently sensitive to indicate any discon- 
tinuity in plastic behavior in the neighborhood of 
the critical temperature. 

On the theoretical side, Fisher® has suggested that 
short range order would strengthen an alloy, but he 
gives no conclusions as to the effect of long range 
order. Cottrell* has discussed the interaction be- 
tween long range order and dislocations, but does 
not indicate whether slip in a completely ordered 
alloy without domain boundaries is appreciably 
more difficult than slip in the disordered state. 
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Fig. 1—Plot of the log of the steady state creep rate is shown 
ys the initial applied stress. 


Because order exists in so many alloy systems, it 
is most important to prove experimentally whether 
long range order weakens or strengthens a metal. 


This investigation used 6-brass because: 1) it orders - 
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very rapidly, 2) antiphase domain boundaries are 
very unstable and tend to disappear rapidly, and 
3) it undergoes a very small change in lattice para- 
meter during ordering. The sensitivity of creep to 
structural changes makes it a good method. On the 
other hand, this sensitivity could cause other vari- 
ables to mask the effect of ordering. To meet this 
last objection many slightly different tests were 
made to eliminate such variables as grain bound- 
aries, method of measuring strain, stress, and un- 
controllable sampling errors. 


Material and Equipment 

The preparation of $-brass has been described 
previously.” Extensive chemical analysis of the 
metal used in this investigation showed that the 
composition was about 51.4 pet Cu, which is within 
the single phase region. 

The creep specimens were machined from ¥ in. 
rod reduced 30 pct by warm rolling at 200°C. The 
rolling temperature must be closely controlled in 
order to prevent intergranular cracking. The ma- 
chined specimens were annealed at 480°C in a salt 
pot, then very slowly cooled to room temperature. 
The final grain diam was 1 to 2 mm. Specimens 
were threaded at the % in. diam section, the gage 
section was % in. diam by 1% in. long, and the 
shoulders had a 3 in. radius. Since overall elonga- 
tion was measured, it was important to know what 
part of the elongation was contributed by the 
shoulders, and whether this elongation in the 
shoulders varied with stress and temperature. It 
was determined with gage markings on the speci- 
men that the ratio of the extension in the uniform 
gage section to the total specimen extension was 
constant within the range of stress, strain, and test- 
ing temperature included in this investigation. The 
relative creep rates, as reported, are not influenced 
by either the shape of the specimen or method of 
measuring strain. 


Experimental Results 

The initial tests were isothermal. Stresses of 77, 
97.5, and 124 psi were used in the temperature range 
505° to 485°C. The creep curves were linear up to 
tertiary creep. Creep tests in the neighborhood of 
critical temperature, 465°C, indicated that: 1) a 
great increase in stress was required for comparable 
creep rates and 2) although the creep curves were 
linear for an individual test, reproducibility of data 
was very poor compared to regions outside the 
neighborhood of the critical temperature. Appar- 
ently, small differences from sampling or small vari- 
ations in temperature make great differences in 
creep rate in the neighborhood of the critical tem- 
perature. Therefore, presentation of data from this 
region will be momentarily deferred. In the temper- 
ature range between 450° and 330°C with stresses 
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varying from 164 to 1320 psi, the creep curves are 
still linear. 

The effect of stress was investigated by plotting 
log creep rate against stress, Fig. 1. These data indi- 
cate that at each temperature the following rela- 
tion holds 


= + Bo. [1] 


where y = creep rate, o = stress, and a and # are 
constant depending only on temperature. 

Other investigations also reveal that over a 
limited range of stress and temperature 8 behaves as 
a constant.” “ Even in theoretical developments’”® of 
steady state creep, 8 is considered to be a material 
constant. Thus, when 1/8 is plotted against tem- 
perature, Fig. 2, the sudden variation in 1/8 at the 
critical temperature indicates that the creep process 
has undergone a change. Creep strength increases 
with ordering. 

The next series of tests was designed to eliminate 
the effect of stress by using a constant creep stress 
over the greatest possible temperature range. The 
stress must be carefully chosen in order to obtain 
reasonable creep rates over a temperature interval 
which includes both ordered and disordered regions. 
A stress of 360 psi was chosen and isothermal creep 
curves were made from 501° to 450°C. In order to 
meet the objection that measurements of overall 
elongation may contribute in some way to variations 
in creep behavior, gage marks were placed on the 
uniform gage section of the specimen. A different 
specimen was used to obtain a single strain at a 
given temperature. This procedure decreased the 
effect of sampling differences by introducing a large 
number of different specimens into the data. It also 
permitted other observations of the specimens after 
various amounts of creep strain. The results of these 
tests are shown in Fig. 3. It is noteworthy that the 
data in the neighborhood of the critical temperature 
show much scatter in spite of the great care taken 
to control the experimental variables. At all times, 
a single specimen produced a smooth creep curve. 
It was found that slight differences in composition 
tend to make great differences in creep behavior. 
This scatter in creep data still fits the thesis that the 
creep rate shows a continuous decrease with testing 
temperature, but the magnitude of the change as the 
specimen traverses the critical is far beyond the ex- 
pectations of normal creep behavior. 

When the data of Fig. 3 are plotted as log creep 
rate vs 1/T, the behavior is normal down to 480°C, 
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Fig. 3—Isothermal creep curves ys strain are shown as 
measured by gage marks. 
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Fig. 4. However, in the region of the critical tem- 
perature, the creep rate shows a sudden decrease. 
This can only be attributed to ordering, because all 
careful creep work indicates that, without a struc- 
tural change, the temperature effect is well de- 
scribed by the following equation over a consider- 
able range of temperature 


log creep rate = C,— C./RT. (1 


6-9 


C, and C, are constants. 
Since $-brass shows marked grain boundary dis- 
placement, it might be possible that the observed 
anomaly in creep behavior was associated with a 
change in the role played by grain boundaries. The 
ratio of grain boundary displacement to overall 
strain was measured. Surprisingly, the ratio was 
found to be practically independent of temperature 
and, consequently, independent of creep rate. These 
results, which will be presented in greater detail in 
another report, are considered to be significant in 
judging the relative roles of grain boundary dis- 
placement and the internal strength of the grain. 
The scatter in creep rates at temperatures near 
the critical is attributed to sampling differences. The 
sampling effect was removed entirely by using a 
single specimen over a range of temperature. Tests 
were made in which load was constant and temper- 
ature varied linearly with time at a rate of 9.5°C 


per hr. It was found that the creep rate markedly 
decelerated when the temperature fell below the 
critical. The deceleration is far beyond that pre- 
dicted by Eq. 2. It is noteworthy that the tempera- 
ture range in which this marked deceleration oc- 
curred was independent of the stress. Any effect of 
grain boundaries was entirely eliminated by using 
a single crystal. Again the creep behavior was ano- 
malous at the critical temperature. These experi- 
ments lead to the conclusion that long range order 
increases the creep resistance of 6-brass. 

In order to show that the increase in plastic 
strength with ordering is not confined to creep be- 
havior, yield point was measured as a function of 
temperature. At the critical temperature, yield in- 
creases abruptly with order. Thus, yield point and 
creep strength behave similarly. It is concluded that 
long range order increases the mechanical strength 
of B-brass. 
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Contribution to the Bi-Mn System 


The Bi-Mn phase diagram in the region near BiMn was investigated, using princi- 


pally thermal analysis and changes in magnetization with temperature. 


Of chief 


interest are the findings related to the magnetic transformation in Bi-Mn. 


by A. U. Seybolt, H. Hansen, B. W. Roberts, and P. Yurcisin 


HE Bi-Mn system is of both theoretical and 

practical interest because of the occurrence of 
the compound BiMn which exhibits unusual ferro- 
magnetic properties. 

Because the Bi-Mn phase diagram reviewed by 
Hansen’ (see Fig. 1) in 1936 is based on work done 
by Bekier* in 1914 and by Siebe’® in 1919, which left 
considerable doubt about the nature of the diagram, 
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it appeared desirable as an aid in understanding the 
alloying characteristics and magnetic behavior to 
examine the pertinent regions of the phase diagram. 

The most interesting reaction is the peritectic at 
445°C which forms BiMn by the reaction: 


Liquid Mn goria BiMnenin- 


There is also a eutectic at 262°C between pure bis- 
muth and BiMn. Hansen draws in BiMn dotted, 
since in 1936 evidence for its existence was uncertain. 


Experimental Materials—Preparation of Alloys 


Electrolytic manganese of about 99.97 pct purity 
and bismuth of 99.99+ pct purity were used as 
starting materials. 
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. . 
pee et ae ars % Mn The results obtained by this method are plotted 
1800 SS Pan ag — 90 in the phase diagram shown later in the report. 
[ Thermal Analysis—The results of differential 
1200 — aes thermal analysis using the apparatus outlined in 
i Fig. 2 are given in Table I. 
© 1000 o—> 
Liquip 
LIQUID + COMPOUND -y 
800 Y+ Mn 
(ace) Table |. Results of Thermal Analyses 
H ° d Eutec- Transforma- Peri- dus, 
fs Sie ra | a Pct Mn tic, °C tion, °C tectic, °C °C 
Bi+Bi Mn? ; Gs 123) 265 None None 317 
fe) 262 None None 
fo} 10 2 92 265 None None 337 
io} 30 40 50 60 70 80 90 100 e 18 265 None None 333 
9 266 = = — 
EIGHT % (@ QL 264 None None 336 
T Mn 2.1 265 None None 337 
262 = = — 
Fig. 1—Bi-Mn phase diagram was taken from Hansen.‘ None 
one 36 
In the early part of this work, the small heats a 23 360 339 None 433 
used for thermal analysis and other techniques were None 430 
made as required by alloying the pure bismuth and G 6.1 262 345 450 450 
. : H 6.1 262 351 453 453 
pure manganese. This was generally done in a C 6.6 263 338 = 462 
quartz tube which could either be evacuated or 
filled with argon or hydrogen. Later on, it appeared . 8.5 264 324 447 486 
8.5 = — 
to be desirable to use a stock of prealloyed ingot H 85 264 360 a a 
material in order to save time in the process of 10 
alloying, which was quite difficult because of the e 11 264 344 448 540 
H 11.8 265 343 440 = 
highly stoichiometric character of this compound. Cc 13.5 264 320 460 
In the case of Bi-Mn heats where a considerable We 
quantity of liquid exists in equilibrium with BiMn, Cc ie 262 331 = 764 
H 7 262 344 438 756 
a fairly good approach to equilibrium conditions is Cc 20 263 342 1m by 
achieved since the saturated liquid contains several H# 
5 — 
amounts of manganese, the degree of approach to H 26.4 264 355 444 = 
equilibrium becomes less. 445 = 
29.7 262 339 None = 
Experimental Procedures H 29.7 266 357 pe aa 
Liquid Saturation Tests—The first experiments Averages 264 Tn=355 446 
T:=339 


consisted of analyzing liquid bismuth saturated with 
manganese in the range between 400° and 800°C. 
Such analyses yield directly points on the liquidus 
curve. The procedure was as follows. The desired 
alloy was melted with excess manganese present 
and held at constant temperature. The melt with 
excess manganese floating on top was stirred almost 
constantly with an iron stirrer attached to a geared- 
down electric motor stirrer. No evidence of any 
alloying between iron and the bismuth alloys was 
ever observed. Hence, not only was it possible to 
use iron stirring devices, but thin iron thermocouple 
sheaths were found very much more satisfactory 
than ceramic ones because of better heat transfer. 
The atmosphere in these experiments was stagnant 
argon, introduced into the quartz furnace tube after 
several evacuations of the air by alternately letting 
in argon, and pumping out. 

Samples for analysis were withdrawn from the 
bottom of the stabilized zirconia crucible (to avoid 
any floating bits of manganese) by means of a 2 mm 
ID quartz tube attached to a rubber suction bulb. 

The first samples were withdrawn after about 30 
min of stirring, and again after 1, 2, 4, 8, and some- 
times 16 hr. Generally, a reproducible value of 
manganese content was obtained after tome lar 
holding time or less. 

In the analysis for manganese, the entire sample 
withdrawn was analyzed by a spectrophotometric 
method both fast and reliable; the time required 
for a complete analysis was about 1% to 2 hr. 
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Fig. 2—Thermal analysis ap- 
paratus used in the experi- 
ments. 
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Fig. 3—Chromel-alumel thermocouple was used to obtain 
the 10 pct Mn cooling curve data. 


The Magnetic Transformation in BiMn—As some 
of the earliest investigators had noted, the ferro- 
magnetic alloys become nonferromagnetic above 
about 360°C. In recent years, the magnetic behavior 
has been clearly shown to be due to BiMn. Guillaud” ° 
has studied this behavior in some detail and noted 
that, on heating, the magnetism disappeared at 
360°C but, on cooling, ferromagnetic properties do 
not return until the temperature drops below 340°C. 
This hysteresis appears to be quite reproducible, as 
different investigators working under a variety of 
experimental conditions all seem to agree on the 
approximate critical temperature of heating and of 
cooling. The average and Treating found in 
this work was 340° and 355°C, respectively. 

The magnetic transformation is accompanied by 
a structural change in BiMn. The reported room 
temperature structure is that of hexagonal NiAs 
with 2 BiMn per unit cell. The magnetic movements 
are aligned along the c, axis and have a magnitude 
of 3.5 to 4.0 Bohr magnetons at room temperature. 
When the lattice parameter of a large powdered 
sample of BiMn is measured by neutron diffraction 
as a function of temperature, the behavior can be 
plotted as in Fig. 4. The c, axis is seen to increase 
with temperature until, at 360°C, it suddenly de- 
creases nearly 3 pct. The closest Mn-Mn distance 
in the structure has been reduced by this amount. 


Table Il. Magnetic Balance Results 


Alloy, Pct Mn Th Te 
3.2 354 324 
351 

3.6 353 — 
361 

10 362 343 
353 349 

15.2 357 333 
351 337 

18.5 359 339 
357 340 

20.4 362 343 
365 348 

26.4 362 344 
28.8 357 339 
Averages 358 339 
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At the same time, the a, axis has expanded a smaller 
amount so that the volume does not change signifi- 
cantly. When the sample is cooled, the structural 
changes are reversed, but at a temperature about 
25°C lower than on heating. 

Guillaud® predicted that the magnetic structure 
between 360° and 445°C (where BiMn decomposes 
on heating) is antiferromagnetic. In any case, the 
alloy is no longer ferromagnetic. B. W. Roberts has 
shown that the same 340° to 360°C hysteresis occurs 
when measuring the magnetic scattering by neutron 
diffraction on an oriented bar grown in a magnetic 
field. 

As shown in Fig. 3, the magnetic change in BiMn 
was readily picked up from the thermal measure- 
ments, and these are later shown plotted on the 
phase diagram. While there was considerable total 
scatter in T, and T,, the data bunch fairly closely 
to 340° and 355°C. The lower temperature agrees 
quite well with that reported by Guillaud, but the 
upper temperature, T,, is about 5° lower. 

Because the above transformation is essentially a 
magnetic one, it seemed desirable to check this 
phenomenon further by an actual magnetic measure- 
ment instead of relying only on a relatively indirect 
method like thermal analysis. A magnetic balance 
identical to the one described by Buehl and Wulff’ 
was available for this purpose. 

The curve obtained by plotting the magnetization, 
in arbitrary units, vs temperature is shown for one 
alloy during heating and cooling in Fig. 5. Table II 
lists the data obtained using this method. As a 
check upon the reliability of the technique, the 
Curie point in pure nickel was checked six times with 
a spread of 356° to 360°C. 

In an attempt to throw some light on the nature 
of the magnetic transformation, a sample contain- 
ing 26.4 pct Mn was heated up to 348° to 350°C 
(between T, and T.). It would be expected that if 
the transformation were an ordinary phase change, 
holding in the hysteresis region once the transforma- 
tion had started would allow the transformation to 
proceed. This turned out not to happen. Holding for 
1 hr at 348° to 350°C showed no change other than 
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Fig. 4—Cell dimensions of Bi-Mn are shown as a function of 
temperature. 
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Fig. 5—Magnetization temperature curves are shown for the 
18.5 pct Mn alloy. 


that attributable to slight temperature variations 
during holding. In other words, stopping the heat- 
ing stopped the continued reaction to the nonferro- 
magnetic form. This kind of behavior is not ex- 
pected for a Gibbsian, or orthodox, phase change. 
However, it could be explained by the supposition 
that there is essentially no charge in free energy in 
going from one phase to the other. 

X-Ray Diffraction Results—Several samples were 
examined by X-ray diffraction, including composi- 
tions high in bismuth, compositions containing ex- 
cess manganese, and alloys quenched from above 
the magnetic transformation in BiMn. In no case 
was any phase observed other than bismuth, ferro- 
magnetic BiMn, and a-manganese. 

The Bi-Mn Phase Diagram—Results of the liquid 
saturation tests, the thermal analyses, and results 
using the magnetic balance are shown in Fig. 6. 

The liquidus curve reported here is slightly dif- 
ferent from that of Siebe, as he found somewhat less 
manganese soluble in liquid bismuth. No attempt 
was made to check the eutectic composition. Siebe’s 
estimate of 0.5 to 0.8 pct is probably not far off. 

The magnetic transformation hysteresis region is 
drawn dotted across the diagram in accordance with 
the arrests found in the thermal analyses and mag- 
netic balance tests. While this procedure is perhaps 
not justified on the basis of a purely magnetic 
charge, as has already been pointed out, a pro- 
nounced structural change accompanies the mag- 
netic transformation. 

It should again be emphasized that true equilib- 
rium conditions were not achieved in the region 
beyond perhaps 15 pct Mn. One indication of this 
is the eutectic arrests observed beyond the composi- 
tion BiMn. The reason for this failure is the one 
cited at the beginning, lack of any appreciable con- 
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centration gradient, and hence diffusion, through 
the BiMn phase. 


Nevertheless, it is believed that, while some of the 
high manganese data shown in Fig. 6 should be 
shifted to the left, there appears to be no serious 
doubt about the form of the diagram, since no other 
interpretation of the results seems feasible. No 
phases other than those mentioned were observed 
metallographically, by X-ray diffraction, or by 
thermal analysis. If other phases actually existed, 
they failed to show themselves in the composition 
range investigated. No claim, however, is made to 
any final interpretation of the magnetostructural 
change in BiMn at 340° to 360°C. This is a subject 
which needs additional work for clarification. 


Metallography—The following micrographs are 
presented at this point, since with phase diagram aid 
it is easier to interpret their meaning. 

Fig. 7 shows an alloy containing about 12 pct Mn 
and consists of the bismuth phase which appears as 
a uniform area with fine scratches, while most of 
the picture is occupied by BiMn showing the mag- 
netic domains.* Fig. 8 shows mostly bismuth eutectic 
plus some black BiMn phase; this alloy contains 
about 6 pct Mn. Unlike the first sample, this one 
was etched with HCl, so that considerable darken- 
ing of this BiMn phase occurred, but the eutectic 
structure shows up well. In an attempt to stabilize 
the nonferromagnetic form of BiMn, this alloy was 
quenched from 420°C into water after a 15 hr hold. 
No significant difference in the microstructure could 
be seen. Unetched, in polarized light, the BiMn 
phase of Fig. 8 showed the usual wavy magnetic 
domain pattern. 


Fig. 9 shows the microstructure of a powder met- 
allurgy alloy containing 26.4 pct Mn. This alloy was 
one which was magnetically concentrated prior to 
compaction, and in this case was sintered for 65 hr 
at 400°C in a hydrogen atmosphere. It will be ob- 
served that it is mostly BiMn, the gray areas, but 
there is also excess manganese which appears as 
light, angular particles in relief; the bismuth phase 
shows up as a white phase on the same level as the 
BiMn. The black areas are voids. 
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Fig. 6—Partial phase diagram of the Bi-Mn system is pre- 
sented. 
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Fig. 7—Micrograph of 12 pct Mn alloy 
shows the striped domain structure of 
BiMn, plus bismuth. Polarized light. X500. 
Area reduced approximately 35 pct for 


reproduction. 


Fig. 8—Micrograph of 6 pct Mn alloy 
shows mostly Bi-BiMn eutectic with some 
excess BiMn, after 15 hr treatment at 
420°C and water quenching. Sample was 
etched with 5 pct HCI, 10 pct HO». 
X500. Area reduced approximately 35 
pct for reproduction. 


Fig. 9—26.4 pct Mn magnetically sepa- 
rated powder metallurgy specimen was 
heat treated for 65 hr. Micrograph shows 
mostly BiMn but with excess manganese 
and bismuth. Sample was unetched. X250. 
Area reduced approximately 35 pct for 
reproduction. 


Summary 
The Bi-Mn phase diagram was investigated from 
pure bismuth to about 29 pct Mn. Particular atten- 
tion was paid to the magnetic transformation in the 
ferromagnetic compound BiMn, but the exact nature 
of this transformation is still in doubt. 


The difficulty in the preparation of BiMn is ap- 
parently largely attributable to its highly stoichio- 
metric nature, which means that neither bismuth 
nor manganese can easily diffuse through it—a pre- 
requisite for rapid growth. 
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On the Use of Lineal Analysis for Obtaining 


Particle Size Distribution Functions 


in Opaque Samples 


A method is derived for obtaining the distribution of sphere diameters and plate 
thicknesses (or pearlite spacings) from size distribution functions obtained along 
randomly oriented lines. The method described offers several advantages over exist- 


ing methods. 


by J. W. Cahn and R. L. Fullman 


T is often of interest to measure not only the 
average particle size but also the distribution in 
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sizes of particles dispersed in an opaque material, 
such as an alloy. Particles of a single size will ex- 
hibit a range of apparent sizes on the plane of 
polish. If the sample contains a distribution of 
particle sizes, the distribution of observed sizes 
on the plane of polish is related to the distribu- 
tion of actual particle sizes by an integral equation. 
For example, a distribution of sphere sizes, N(r),_ 
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will result in a distribution of circle radii, 


which are related by Abel’s equation be 


q(p) 


The solution of this equation! 


N(r) 


2 2 


q(p) 


is tedious graphically and demands good data. A 
graphical method based on successive subtractions 
has been developed by Scheil et al.2* and adapted to 
the measurement of pearlite spacing distribution 
by Mehl et al.° This method suffers from the in- 
herent difficulty that errors or fluctuations in the 
data tend to accumulate. 

The integral equations relating both the sphere 
size distribution and plate thickness distribution 
(pearlite spacing) to distributions obtained from 
lineal analysis take on a simple form whose solution 
is also simple, in that it requires only a differentia- 
tion of the data. A graphical solution for spheres has 
been presented by Lord and Willis.’ For platelets 
with nonuniform thickness or for lamallae that are 
not quite parallel, there is an additional advantage 
in that no choice must be made of where to measure 
thickness such as is required by a method which 
relies on apparent thickness on the plane of polish. 
The method can be made to include such platelets, 
since random intersections can be expected to probe 
a distribution of thicknesses in one platelet as easily 
as in several platelets. The form of the distribution 
function obtained from lineal analysis, i.e., the vol- 
ume fraction distribution of thickness, makes no 
distinction. There is a correction term for platelets 
whose thickness varies slowly, but it is a higher 
order term in that it depends on the square of the 
rate of change of thickness (or angle between lam- 
ellae) and will be neglected here. 


dp 


7 dr 


Platelet Thickness Distribution 

Let V(S)dS be the fraction of the volume oc- 
cupied by platelets with true thickness S to S + dS. 
For a randomly oriented line V(S)dS is then also 
the expected fraction of line length occupied by 
these platelets. The fraction of randomly oriented 
lines that are at an angle 6 to 6 + dé from a speci- 
fied direction, such as the normal to the platelets, is 
siné dé. Sind V(S) dSdé is then the expected frac- 
tion of the line length occupied by platelets with 
thickness S to S + dS whose normals make angles 
6 to 6 + dé with the line. This fraction of the line 
length cuts platelets with an intercept length 1 = 
S/cos 6.* 


* Note that since a randomly oriented line is considered, | is not 
the quantity that is normally called the apparent spacing. 


0 


Sin (S) dSdl = 


SV(S) 


al 
is then the expected fraction of the line length that 


intersects platelets having spacing S to S + dS and 
gives rise to intercept lengths | to l + dl. 


dl 
g(t) dt = SV(S)dS 
is then the expected distribution function of lineal 
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fraction with intercept lengths | to | + dl. Solving 
fon! 


l’g(l) = f' SV(S) dS 


2lg (1) + = 1V(S) 
dg(l 
V(S) eer = 2g (1) +. [1] 


If, instead of the lineal fraction distribution, the 
number [m(l)dl] of intercepts per unit length with 
intercept length 1 to 1 + dl is measured, 


Then 
, am(t) 
= 3im(1) [2] 


Sphere Size Distribution 


Let N(D)dD be the number of spheres per unit 
volume with diameters between D and D + dD. The 
cross section that a sphere offers to intersection at 
distances between X and X + dX from its center is 
27XdX. Then 27XN(D)dDdxX is the expected num- 
ber of intersections, per unit length traversed, of 
spheres with diameters between D and D + dD in- 
tersected at distances between X and X + dX from 
their centers, and 


adtdD = 27XN(D) | ( Ep 


) | dtdD 


is the expected number of intersections, per unit 
length traversed, of spheres with diameters between 
D and D + dD that give rise to intercept lengths 
between t and t + dt. Since 


4 4 
aX t 
and 
=== IN 
Then 


adD = rat N(D)dD 


is the total number per unit length of intersections 
with length between t and t + dt expected from dis- 
tribution N(D). Solving for N(D) 


N (D) ou = 
2n(t) dn(t) 
at? at dt 


If the distribution function f(t)dt of fraction of 
total line length occupied by intercept lengths of 
t to t + dt is measured, 


Then 
f() 


4 


= 
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1 d 


If V(D)dD is the distribution function of volume 
fraction of spheres with diameter D to D + dD 


WUD) = D°N(D). 
Combining with Eqs. 3 and 4 
vip dn(t) [5] 
1 df (t) 
[6] 


Eqs. 1 and 2 permit evaluation by straightforward 
numerical or graphical analysis of the volume frac- 
tion distribution function of platelet thickness (or 


lamellae spacing) from observed lineal analysis dis- 
tributions in number per unit length, or lineal frac- 
tion. Eqs. 3 to 6 permit the evaluation of either the 
number or the volume fraction distribution function 
of sphere diameters from either form of data. 
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Technical Note 


On the Relationship Between Resistivity and Lifetime in Semiconductors 


by Wolfgang Gartner 


M ETALLURGISTS engaged in the pulling of 
single crystals of germanium and silicon, and 
their zone purification and zone levelling for trans- 
istor and diode production, have found that the life- 
times of minority carriers in low resistivity samples 
tend to be shorter than in high resistivity material, 
although equal care is taken in the crystal prepara- 
tion. In other words, it is more difficult to obtain long 
lifetimes in single crystals of low resistivity semi- 
conductors. It is the purpose of this note to point out 
that this phenomenon follows directly from the Hall* 
and Shockley-Read’* theories of lifetimes in semi- 
conductors.® 
In general, the recombination mechanism may be 
very complicated,” ° but experiments seem to indi- 
cate that the simple formula’ for the lifetime of 
excess carriers given by 
No 
T = Tpo [1] 
Ny + Po Ny” + Do 
is a good representation of the situation prevailing 
in transistor grade semiconductors. In this formula, 


nm, and p, are the equilibrium densities of electrons 


is the number of electrons 
By-By 


and holes, n, = N,e 


in the conduction band, and p,=—WN,e ™ is the 
number of holes in the valence band, both for the 
case in which the Fermi level falls at the trap level, 
E,. N, is the effective density of states in the con- 
duction band; E,, the recombination level; E., the 
lower edge of the conduction band; k, Boltzmann’s 
constant; T, absolute temperature; N,, effective 
density of states in the valence band; and E,, the 
upper edge of the valence band. 7, denotes the life- 
time of holes injected into highly n-type material, 
and 7, indicates the lifetime of electrons injected 
into highly p-type material. 
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m+ Po + Px 
and 


ny Po Ny Po 
electron density and resistivity for several values of E,-E, 
in germanium. 


Fig. 1—Graph plots as a function of 


Eq. 1 holds for nondegenerate semiconductors in 
which only one recombination level is active and the 
charge in the recombination centers is neglected. It 
is further assumed that the number of injected ex-~ 
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cess carriers is small (this situation prevails in con- 
ventional methods of measuring lifetimes) and a 
steady state with respect to injection and recombina- 
tion is reached. 7,5 and 7,» are given by 


1 
= 


C, 


where C, is the probability per unit time that a hole 
will be captured if the traps are all filled with elec- 
trons, and C,, is the probability per unit time that an 
electron will be captured if the traps are all empty. 
We have 


[2] 


0 


§,,le  ]-¢,(E)-N(E)-dE 


Co=N, 
-N(E)-dE 
f,le ]-c,(E)+N(E)-dE 
Ni 


f,,le * ]-N(E)-dE 


where N(E) is the density of energy levels per unit 
energy range, c,(E) is the average probability per 
unit time that an electron in the range dE is cap- 
tured by an empty trap, and c,(E) denotes the aver- 
age probability per unit time that an electron in the 
range dE is captured by a filled trap. The two quan- 
tities C, and C, are determined by the trap density 
N, and their type—impurities or sites of lattice 
disorder—but should be insensitive to donor and 
acceptor concentrations as long as these are not very 
large. n, and p, are functions of the donor and ac- 
ceptor content of the sample are given by n, and ,, 
and are related to its resistivity, p, through the 
equation 


1 
= (Noptn ) [4] 


in which q is the electron charge, and p, and p, are 
the electron and hole mobilities, respectively. Both 
m, and p, depend on the position of the trap level. 
Do + Pi 
Ny + Do 


NM + 
No Po 


The functions are plotted 


for germanium and silicon in Figs. 1 and 2 as a 
function of carrier concentration and resistivity at 
room temperature. 

From these curves we may draw the following con- 
clusions: Assuming that two samples contained the 
same density of recombination centers of the same 
type, but that their respective resistivities were 0.1 
and 50 ohm-cm, their lifetimes might differ by 
several orders of magnitude, depending on the trap 
level. In particular, as also pointed out in ref. 2, the 
difference in lifetime between low and high resis- 
tivity material is greater the closer the trap level, E,, 
lies to the conduction or valence band. The value of 
resistivity at which the lifetime reaches its maxi- 
mum depends on the ratiO tno/7,, for which several 
estimates have been reported.** It should be noticed 
that the total variation of lifetime with resistivity is 
greater in silicon for a recombination level removed 
the same distance from the valence or conduction 
band. For values of actual trap levels see refs. 1 and 

3 through 8. 
- It thus becomes apparent that two samples may be 
purified to the same extent with respect to recom- 
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Po +P 

Fig. 2—Graph plots = and — ~ as a function of 
M + Po Ny + Po 

electron density and resistivity for several values of E,-E, 


in silicon. 


bination centers, and have the same degree of crys- 
tal perfection; yet the traps will be much more 
effective in the low resistivity material, thus reduc- 
ing the carrier lifetime. As a consequence of this 
higher effectiveness of the traps, the greater diffi- 
culty of obtaining long lifetimes in low resistivity 
crystals is obvious. In view of the foregoing dis- 
cussion, it seems desirable for the resistivity always 
to be quoted together with the value of lifetime 
when the latter is used to indicate crystal perfection. 
Similarly, the design of experiments to investigate 
dislocations by their effect on the electrical proper- 
ties of the semiconductor’ will be influenced by these 
considerations. 
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Technical Note 


Heat Evolved and Volume Change in the Alpha-Sigma 
Transformation in Cr-Fe Alloys 


by Howard Martens and Pol Duwez 


XPERIMENTS were performed on a Cr-Fe alloy 
containing 44.7 pct Cr in order to determine the 
heat evolved during the transformation of the a 
solid solution into the o phase, and the change in 
volume accompanying the transformation. Since 
previous measurements on the rate of formation of 
a from o indicated that the reaction was quite fast 
as soon as the equilibrium temperature of 820°C 
was exceeded by some 50°, standard thermal analy- 
sis experiments were performed on heating speci- 
mens of o at the rate of approximately 40°C per 
sec. A definite thermal arrest was observed at 
870°C, Fig. 1. This result indicates that the reverse 
reaction of a into o is exothermic. 

From the heating curve of Fig. 1, taking 15°C per 
sec as the heating rate in the neighborhood of the 
transformation, 2.4 sec as the time for transforma- 
tion, and assuming that the specific heat of the alloy 
at 850°C is an average between iron and chromium, 
namely 9.5 cal per mol per °C, the latent heat of 
transformation is approximately 342 cal per mol. 
The order of magnitude of this latent heat was also 
obtained by comparing the heating curve of Fig. 1 
with a similar curve obtained with pure iron under 
identical experimental conditions. It was found that 
the length of the thermal arrest for o was about 1.8 
times as long as that for iron. Since the latent heat 
of the a to y iron transformation is 203 cal per mol” * 
the latent heat of o to a would be 365 cal per mol, 
which is in relatively good agreement with the 
value determined from the heating curve. 

For the determination of volume change, thermal 
expansion curves were recorded using a specimen 
containing 44.7 pet Cr and completely transformed 
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900} 
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. 
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Fs a 44.7 pct Cr, 55.3 
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to o by previous treatment. The curves were re- 
corded at a rate of heating of about 4°C per min and 
at approximately 840°C a sharp increase in length 
of about 0.08 pct took place, Fig. 2. It is therefore 
established that the specific volume of o near the 
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Fig. 2—Thermal expansion of a 44.7 pct Cr, 55.3 pct Fe 
alloy is charted. Line 1 shows 100 pct q@ solid solution at 
start; line 2, 100 pct o at start. 


transformation temperature is about 0.24 pct smaller 
than that of a, and consequently, when the o phase 
forms in an a matrix, it would tend to shrink away 
from the matrix. Since the o phase is known to be 
extremely brittle, these results offer an explanation 
for the microscopic cracks often observed in the o 
phase under the microscope. 

The results of this study are in qualitative agree- 
ment with previously published data on stainless 
steel 19-9DL® and on a Cr-Fe alloy containing 45 
pet Cr.“ The increase in density due to the trans- 
formation from a to o given in ref. 4 is 0.90 pct. 
These measurements, however, were made at room 
temperature, whereas the presently reported 0.24 
pct is the change at the temperature at which the 
transformation takes place during heating. In the 
graph of Fig. 2, the percentage change in length 
that would be observed at room temperature is given 
by the length X, which is about 0.27 pct. This would 
correspond to 0.81 pct in volume change. 
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Contribution to Mathematics of Zone Melting 


by L. Burris, C. H. Stockman, and |. G. Dillon 
JOURNAL or Merats, September 1955; Trans. AIME (1955) 203, pp. 1017-1023. 


G. D. Kneip, Jr., and J. O. Betterton, Jr. (Union Car- 
bide & Carbon Corp., Oak Ridge, Tenn.)—The authors 
have contributed to the theory of zone melting by con- 
sidering the effects of the solidification of the final zone 
on the distribution curves for the finite length bar. 
However, they do not consider in sufficient detail the 
restrictions imposed by the particular metals involved. 
Eq. 4 has the analytical solution 


(CA == 1h) 


which is equivalent to Pfann’s' equation for normal 
solidification of the final zone. For distribution coeffi- 
cients less than one, it is apparent from this form of 
the equation that, as the solidification approaches com- 
pletion, the concentration attains extremely large val- 
ues which are inconsistent with the density of physical 
materials. The necessary restrictions then are that the 
solute concentration cannot exceed the density of the 
alloy, or more frequently, the solubility limit in the 
solid phase. Secondly, the distribution coefficient can- 
not be constant from 0 to 100 pct solute unless the 
liquidus and solidus coincide over this whole region. 
It would thus be more correct to impose limits on the 
solubility such as would be indicated by a typical 
eutectic diagram. Furthermore, in this case the assump- 
tion that the distribution coefficient remains constant is 
more likely to be realized. Eq. 4 should then be re- 
placed by the following 
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The typical shape for the distribution curve in the 
final zone is indicated schematically in Fig. 12 for the 
‘simple eutectic case. The solidification proceeds ac- 
cording to Pfann’s' expression until the concentration 
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reaches the maximum solubility in the solid phase. At 
this point, the concentration changes abruptly to the 
eutectic composition and remains at this value for the 
duration of the solidification. The width of the flat 
region, and the back reflection of this effect into the 
concentration curve on subsequent passes, depends 
upon the ratio of the eutectic concentration to the orig- 
inal concentration, upon the distribution coefficient, and 
upon the number of passes. 

Similar effects on the concentration curves in the 
first zone length would be expected in many systems 
for which the distribution coefficient is greater than 
one, and where the maximum solubility is not too much 
larger than the original concentration. 

The discussers agree with the authors that the as- 
sumption that the liquid is uniform in concentration 
should be considered with caution. Kneip and Better- 
ton‘ have shown, however, that in floating zone refining 
of zirconium, using induction heating, the distribution 
of iron agrees with theory which assumes a uniform 
liquid composition. Hence, in this case, the experimen- 
tally realized distribution coefficient agrees with the 
present phase diagram within the experimental un- 
certainty. 

L. Burris, Jr., C. H. Stockman, and I. G. Dillon 
(authors’ reply)—The authors are happy to have re- 
ceived the comments of G. D. Kneip, Jr., and J. O. Bet- 
terton, Jr., which provide additional insight into the 
zone refining process. It is true that the equations de- 
veloped are inapplicable if the solute solubility in the 
solid phase is exceeded. 

However, this restriction on the use of the equations 
was clearly stated in the paper. A closer approach to 
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the true physical situation would have been realized 
by including in the mathematical model the re- 
strictions of limiting concentrations and densities. It 
would have appreciably increased the task of providing 
general purpose concentration profiles, while adding 
little to the usefulness of the results. 

However, when the shape of the profile in the last 
zone length is of primary interest, Eq. 4 should be used 


in the form presented by Kneip and Betterton. This 
form should also be used when a very large number of 
passes is computed, and a high degree of accuracy 1s 
required to reduce the error resulting from the effect 
of reflection of the concentration profile at the finish- 
ing end of the bar on concentrations throughout the bar. 


7G. D. Kneip, Jr., and J. O. Betterton, Jr.: Journal Electro- 
chemical Soc. (1956). 


Deformation Mechanisms of Alpha-Uranium Single Crystals 


by L. T. Lloyd and H. H. Chiswik 
JourRNAL or Merats, November 1955; Trans. AIME (1955) 203, pp. 1206-1214. 


R. W. Cahn (University of Birmingham, Birmingham, 
England )—Congratulations to the authors on a fine and 
thorough piece of work; also to Dr. Fisher on achieving 
the almost impossible and providing single crystals for 
these experiments. It is most satisfying to see such 
substantial agreement between this work and that of 
the discusser. The 176 twins are, of course, something 
quite new and the authors have clearly established 
their identity. Even before the discovery of these twins, 
the strange deformation crystallography of uranium 
highlighted the problem: Why does a crystal choose the 
particular shear elements that it does? Where slip is 
concerned, considerations of dislocation mobility have 
largely answered the question. But where is the sense 
in rational shear directions such as <312> and now 
<512>? The analogy with zinc attempted by Frank” 
is not of much help. The new twin plane has no ana- 
logue in zinc. Uranium is unique. It also has the dis- 
tinction of having far more glide mechanisms than any 
other crystal species. 

There are several points of disagreement between 
the results of Lloyd and Chiswik and the discusser. 
They did not observe the {116} slip. The discusser has 
checked his scanty data on this type of slip and finds 
that there can be little doubt that {110} slip exists, 
though it only turns up in insignificant patches. In one 
photograph, two patches of minor slip traces are visi- 
ble; the corresponding pole-loci pass through the two 
{110} poles of the stereogram. The slip traces are too 
weak to survive halftone reproduction, but the authors 
shall have a copy of the photograph. 

It seems that both {110} and {011} slip exist; certainly 
the latter is more to be expected, since it contains the 
main slip direction, [100]. 

The {112} twins were also firmly established in the 
discusser’s experiments. Their identity does not rest 
entirely on the somewhat unsatisfactory single surface 
technique, for the composition plane was confirmed by 
the self-consistency technique which involves looking 
at the same surface before and after removing a thin 
layer of metal, and noting the slight change of twin 
configuration. These twins were not excessively un- 
common, and their absence in the present work is 


something of a puzzle. It is possible that a tensile stress 
favors their appearance. 

The authors’ failure to observe a single {121} twin 
has driven the discusser to the conclusion that they do 
not exist. He has made a careful re-examination of the 
one clear case of a whole group of twins formerly 
identified by the single surface method as {121}. This 
was in a large grain in a polycrystal, stretched along a 
direction about 20° from [010] and 70° from [100], a 
direction particularly favorable for {176} twinning. 
The twin traces were consistent with a {176} composi- 
tion plane, and moreover the (176) identified was one 
of the two most highly stressed variants. The tilt of 
slip lines passing through the twin bands was calcu- 
lated to be 34%°, but measured to be 534°, a divergence 
which certainly exceeds experimental error. Neverthe- 
less, the balance of evidence favors {176} over {121}, 
and the discusser proposes to retract the latter from the 
list of glide elements. 

L. T. Lloyd and H. H. Chiswik (authors’ reply)—The 
authors wish to thank Dr. Cahn for his discussion. It 
was not their intention to disagree as to the existence 
of {110} slip. The paper pointed out that this deforma- 
tion mechanism is probably operative above room tem- 
perature or under conditions of complex stresses which 
are present in polycrystalline materials. This slip sys- 
tem has been recently identified by the pole-locus 
method in high purity coarse grained polycrystalline 
samples which were thermal-cycled between room 
temperature and 500°C.* The identification for the 
most part was not confused by (010), (001), or {011} 
plane poles lying near the pole-loci. Thus it would 
seem that {110} slip becomes operative above room 
temperature or is the result of complex stresses which 
are present in thermal-cycled polycrystalline samples. 
The same interpretation may also be applicable to the 
absence of {112} twinning in room temperature com- 
pression of single crystals. 

The authors are in wholehearted agreement with Dr. 
Cahn’s remarks on the complexities of deformation in 
uranium and its uniqueness as a metal. 


22R. M. Mayfield: Private communication. 


475°C Embrittlement of Chromized Coatings on Low Carbon Steel 


by W. L. Chu 
JourNAL OF MeErats, October 1955; Trans. AIME (1955) 203, pp. 1121-1123. 


Richard Wachtell (Chromalloy Corp., White Plains, 
N. Y.)—Have X-ray analyses been run on any of the 
extracted residues? It would be of interest to learn 
whether the presence of CriC or some other specific 
carbide of chromium has been found, or whether o has 
been observed. 

The author has suggested that those coatings found 
to be brittle are in this state because of a slow cool 
through the 475°C region, while those that remain 
tough do so because of a lower chromium content. 
Even the tough coatings contain 24 pct Cr overall by 
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Mr. Chu’s analysis, and since these are diffusion coat- 
ings, undoubtedly more at surface (experience indi- 
cates 35 to 40 pct surface Cr.) These surfaces should 
also be brittle,” but they are not. They are extremely 
tough and ductile. 

In addition, Riederich and Loib show, in ref. 2, the 
embrittling effect on samples water-quenched, tem- 
pered, and then slow-bend tested—the angle of bend 
attained giving a measure of the embrittling effect. 
By this bend test, all the author’s samples would rate. 
as ductile, as the effect was only in impact testing. 
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Fig. 4—Chromized sheet which exhibits brittle behavior in 
hammer bend test is shown. Specimen was etched with nital. 
X50. Area reduced approximately 30 pct for reproduction. 


A brittle surface layer and brittle specimen be- 
havior do not have a cause and effect relationship, 
although they may occur coincidentally. By way of 
example, Figs. 4 and 5 have been prepared. These 
low power (X50) micrographs have been prepared 
from chromized commercial material similar in be- 
havior to that described by Mr. Chu as brittle. 

Fig. 4 illustrates the original thickness of the sheet, 
and the comparative thickness of the surface layer 
formed. Fig. 5 shows a brittle failure in a hammer 
bend test performed after careful removal of the 
chromized layers, using a rubber-bonded abrasive 
wheel. 

It will be appreciated that, for the case illustrated 
in Fig. 5, no brittle surface layer can have been re- 
sponsible for the type of failure observed. It has long 
been known that certain materials, notably Armco 
ingot iron, among the commercial varieties, cannot be 
chromized in the conventional manner without serious 
embrittlement. This probably has nothing to do with 
the chromium at all but with the presence of hydrogen, 
and more particularly moist hydrogen, in the retorts 
during processing. 

In J. K. Stanley’s paper,* and in portions of the dis- 
cussion it aroused,’ an essentially complete description 
of the phenomenon observed by Mr. Chu is reported, 
except that no chromizing is involved at all. The re- 
semblances to the present paper are startling—in- 
cluded are the use of the hammer bend test, the restora- 
tion of ductility, at least partially, by normalizing of 
some materials, and the existence of a transition tem- 
perature of a moderate order which has also been ob- 
served on chromized material during the discusser’s 
studies on embrittled stock. 

The conclusion, based upon experiments performed 
and the literature evidence available, is that the brittle 
fracture noted by Mr. Chu is not a consequence of 
475°C embrittlement of the chromized case, but a 


Fig. 5—Chromized sheet 
which is shown after the 
removal of the alloyed 
surface layer still ex- 
hibits brittle behavior in 
hammer bend test. Spec- 
imen was etched with 
nital. X50. Area re- 
duced approximately 30 
pet for reproduction. 


phenomenon of the core material. The reasons for this 
abnormal embrittlement are not fully understood at 
this time, but may have to do with more rapid H, 
absorption during some phase of chromizing, and are 
probably associated with unduly low chromizing tem- 
perature. As Mr. Chu has mentioned in the paper, it is 
most certainly not associated with normal and properly 
chromized parts, of which many thousands have been 
successfully formed without difficulty. 


W. L. Chu (author’s reply)—No X-ray identification 
of the extracted residues was carried out. The only ad- 
ditional work was microhardness measurement of the 
outer layer with a Bergsman device. Using a 10-g load, 
the Dph numbers averaged at 1200, indicating fairly 
well that the outer layer was comprised essentially of 
a carbide or carbides of chromium. 

The author wishes to point out that, as described in 
his paper, re-embrittlement of the toughened samples 
could be achieved by slow cooling through the 475°C 
range in dry hydrogen (—50°C dew point). Stanley’s 
data‘ indicated that the pure iron he studied could not 
be embrittled at temperatures below 700°C within a 
10-hr period and that occurrence of embrittlement was 
independent of cooling rates. Therefore, it is safe to 
conclude that the re-embrittlement phenomenon ob- 
served by the author is not due to hydrogen but, rather, 
is associated with the time in the 475°C range. 

Mr. Wachtell’s work on brittle chromized steel is 
interesting. Most probably, the embrittlement that he 
observed was related to hydrogen, as has been con- 
vincingly demonstrated in his discussion. Thus, a 
chromized low carbon steel could be embrittled by two 
distinctly different mechanisms: namely, 475°C em- 
brittlement of the chromized coating and hydrogen em- 
brittlement of the chromized steel. Regarding the 
latter, the author wishes to suggest that, in the light of 
Stanley’s data,’ a careful control of hydrogen dew point 
during chromizing should help to prevent its occurrence. 


4J. K. Stanley: The Embrittlement of Pure Iron in Wet or Dry 
Hydrogen. Trans. ASM (1952) 44, p. 1097. 
5R. L. Rickett and B. E. Hopkins: Discussion of ref. 4. 


Instability of a Smooth Solid-Liquid Interface During Solidification 


by D. Walton, W. A. Tiller, J. W. Rutter, and W. C. Winegard 
JourRNAL or Metats, September 1955; Trans. AIME (1955) 203, pp. 1023-1026. 


W. G. Pfann (Bell Telephone Laboratories, Murray 
Hill, N. J.)—Dr. Tiller, you state that a condition of 
constitutional supercooling leads to a change in the 
form of the solid-liquid interface from planar to corru- 
gated. Can you say anything about the condition of 
supercooling at the new interface? 

W. A. Tiller (author’s reply)—Further verification, 
and an extension of the work under discussion, has 
been given by Tiller and Rutter.” To say anything 
quantitative about the condition of supercooling at the 
interface requires an exact treatment of the diffusion 
problem before a corrugated interface. A theoretical 
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treatment of this problem is being prepared for pub- 
lication. 

Qualitatively, it can be stated that the cells form in 
an attempt to eliminate the constitutional supercooling. 
At moderate amounts of constitutional supercooling 
this is possible, but when the amount of constitutional 
supercooling to be eliminated becomes too large, then 
the cells are only able to minimize the effect. The man- 
ner in which the cells do this may be understood by 
considering the following: 

Consider the corrugated interface as an array of 
paraboloids of revolution. The macroscopic growth 
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direction of a unit of surface is not in the x-direction, 
but in a direction normal to the surface. It can be 
seen, therefore, that the lateral growth of two adjacent 
cells will trap solute between them. The increased so- 
lute concentration in the region between the two con- 
fining cells will decrease the freezing temperature of 
the cell walls, so that they cannot continue to grow 
together until a lower temperature is reached. How- 
ever, the tip of the cell is still advancing because the 
rejected solute from this portion of solid can diffuse 
away from the interface into the liquid. In this way, 
the boundary walls become very narrow and deep 
grooves during solidification, so that the solid consists 
of an array of blunt spikes, connected some distance 
back from the interface, which grow like independent 
crystals into the liquid. This boundary groove is not 
observed by decanting, as surface tension holds the 
solute-rich layer of liquid in the groove. 

Once the deep boundary groove has been formed it 
becomes a perfect solute sink. The boundary layer can 
be regarded as a material having a k value very close 
to 1 for the diffusing solute (any solute that gets into 
the boundary region has very little chance of diffusing 
out). The solute concentration in the boundary layer 


is really a final transient problem as described by 
Smith, Tiller, and Rutter," and may easily reach eu- 
tectic proportions in a very thin layer. 

As the amount of constitutional supercooling to be 
eliminated is increased, the cells become narrower in 
order to provide more cell boundary into which the 
excess solute can go. They project further into the 
liquid until there is a steep enough lateral concentra- 


‘tion gradient for the diffusion of the excess solute, 


away from the tip of the cell, to the cell boundary. 
The tip of the cell will project no further than is 
necessary to eliminate the constitutional supercooling 
from the liquid ahead of it. 

However, there appears to be a minimum size to the 
cell width which is either determined by energetics or 
by the growth mechanism, so that there is a maximum 
amount of solute that can be segregated to the bound- 
aries. After this point is reached, further constitutional 
supercooling cannot be eliminated. This limit is orien- 
tation dependent. 


1 W. A. Tiller and J. W. Rutter: Canadian Journal of Physics 
(1956) 34, p. 96. ; 

1V. G. Smith, W. A. Tiller, and J. W. Rutter: Canadian Journal 
of Physics (1955) 33, p. 723. 


Microcalorimetric Investigation of the Recrystallization of Copper 


by Paul Gordon 
JOURNAL oF MeEta.s, September 1955; Trans. AIME (1955) 203, pp. 1043-1052. 


Paul A. Beck (University of Illinois, Urbana, Ill.) — 
The very clear-cut results of Dr. Gordon raise the 
question as to whether it may be accepted as a general 
rule that energy release and recrystallization are nec- 
essarily simultaneous. The apparently careful work of 
Suzuki’ with polycrystalline copper suggests that it 
should not, since in this investigation it was found that 
by far the largest part of the energy release took place 
prior to recrystallization. This view is further sup- 
ported by the results of Clarebrough et.al.° with nickel, 
who found that approximately 60 pct of the energy 
release preceded the onset of recrystallization, although 
the same technique used by Clarebrough et al.° with 
Cu-P alloys gave results essentially similar to those of 
Dr. Gordon. 

The discusser wonders what fraction of the energy 
release associated with recovery at the beginning of a 
test may go undetected by the isothermal method used 
here. It seems likely that the widely different results 
of the various investigations referred to may be attrib- 
uted, not to errors in experimental methods, but to 
real differences in behavior. The uncovering of the 
source of these differences appears to be a worthwhile 
effort. 

One of the factors likely to have a great effect on the 
ratio of the energy released in recovery and in re- 
crystallization is the temperature of deformation.” 
When the deformation is carried out at a lower tem- 
perature, the percentage of total stored energy re- 
leased during recovery may increase considerably. 

Benjamin Welber (National Advisory Committee for 


Aeronautics, Washington, D. C.)—-Measurements™ of 
the stored energy of copper deformed by twisting 
indicated that, for a rate of heating amounting to 
0.16°C per sec, the energy was released at a fairly uni- 
form rate over the range from 150° to 250°C. For 
values of W in the vicinity of 300 cal per g-atom, the 
value of E/W obtained amounted to about 3 pct. 

Paul Gordon (author’s reply)—Dr. Beck has called 
attention to a very significant aspect of annealing. It 
is undoubtedly true that the temperature of deforma- 
tion is an important factor in determining the ratio of 
the stored energy released during recovery to that 
released during recrystallization. It should be noted 
that in all the work referred to in this paper and 
in Dr. Beck’s discussion, the deformation was 
carried out at room temperature. Thus, the reported 
differences in energy release cannot be due to a differ- 
ence in the actual deformation temperature, but may 
be due to a difference in effective or equivalent tem- 
peratures of deformation, the latter being determined 
by the amount and kind of impurities present. Experi- 
mental work to investigate this point is being planned. 

The data listed by Dr. Welber reveal a gratifying 
check with the measurements reported here. It is par- 
ticularly interesting to note his value of 3 pct for the 
ratio E/W at W = 300 cal per g-atom could easily be 
plotted on an extrapolation of the E,/W vs W curve 


~P. A. Beck: Annealing of Cold Worked Metals. Philosophical 
Magazine Supplement (1954) 3, pp. 245, 250. 
21B. Welber: Journal of Applied Physics (1952) 23, p. 876. 


Relationship Between Recovery and Recrystallization in Superpurity Aluminum 


by E. C. W. Perryman 
JourNAL or Merats, September 1955; Trans. AIME (1955) 208, p. 1053-1064. 


Cyril Stanley Smith (University of Chicago, Chi- 
cago)—Can Dr. Perryman comment on the atomic 
mechanisms whereby volume adjustment occurs dur- 
ing recrystallization? Even in aluminum where there 
is not a large change, there must be some increase in 
density on recrystallization, resulting from the elimi- 
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nation of lattice imperfections. The growth of recrys- 
tallized grains will, therefore, produce a negative pres- 
sure which eventually will oppose further growth 
unless some mechanism is invoked to relax the strain. 
It seems to the writer that the activation energy for 
recrystallization is too high to be due to a process 
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— 


occurring entirely at the advancing disordered inter- 
face between the new grain and its matrix. Perhaps 
the process is controlled by the slower deformation of 
the unrecrystallized matrix. This supposedly occurs 
either by diffusion of vacancies or by suitably co- 
ordinated movements of dislocations. 


Except at free surfaces, the conservation of the vol- 
ume of lattice imperfections is just as important as that 
of the atoms themselves. A vacancy annihilating at a 
grain boundary has not effectively disappeared from 
the system until an atom has moved in from some- 
where on the surface to replace it. The effect is to 
produce a decreased density of the grain boundary 
locally, and adjustment must occur by diffusion along 
the boundary itself, under the density or pressure 
gradient that is formed. Similarly, a vacancy annihilat- 
ing at a dislocation to produce climb produces a local 
strain which cannot be relieved until other vacancies 
have arrived and the dislocation line has moved 
throughout its entire length to produce the necessary 
external volume change. 

A boundary which is not stationary, or a boundary 
at which a volume change is occurring by the annihila- 
tion of imperfections, will inevitably have more than 
equilibrium disorder. The excess can be considered as 
the addition of vacancies and dislocations of cancel- 
ing sign, to the configuration that corresponds to mini- 
mum energy on the Shockley-Read model, These excess 
imperfections will disappear most easily at an effective 


free surface, and there will be a flow of imperfections 
outward (or atoms inward) under the resulting gradi- 
ent. Crudely, the boundary can be regarded as a thin 
layer of a very viscous liquid, with local fluctuations 
and long range gradients in density which result from 
various events in its association with the adjacent crys- 
tals. Moreover, as William Mullins of the University 
of Chicago has pointed out, during normal grain 
growth in recrystallized materials, the grain boundary 
is continually decreasing in area. Therefore, a con- 
tinued flow to the surface of vacancies, originating from 
the boundary itself, must occur. Mullins has found that 
in bismuth, magnetic forces producing a pressure on 
the grain boundary, equivalent to at least ten times the 
grain boundary tension, will not displace a boundary 
from its minimum area position at the root of a notch 
in a cylindrical specimen, although the boundary 
reaches this position quickly on annealing in the ab- 
sence of a field. 

This concept may explain the slowing of grain 
growth as grains become larger, and the very low 
mobility of grain boundaries of high curvature in thin 
sheet. Any abnormal source of vacancies will provide 
temporary abnormal high boundary mobility—for ex- 
ample, coalescence of the type that Nielsen has pro- 
posed, the solution of a particle of a low density second 
phase, or perhaps even contact with a minute internal 
cavity. Moreover, a variation of pressure on a grain 
boundary should have a large effect on its mobility and 
the diffusion of atoms along it. 


Some Studies of Al-Cu and Al-Zr Solid State Bonding 


by Samuel Storchheim 
JOURNAL OF MeTats, August 1955; Trans. AIME (1955) 203, pp. 891-894. 


J. E. Reynolds (Battelle Memorial Institute, Colum- 
bus, Ohio)—In reference to the author’s Fig. 6, it was 
shown that Al-Cu bond strengths for a reaction pres- 
sure of 20 tsi decreased rapidly as the reaction tem- 
perature was increased above approximately 525°C. The 
sharp drop in strength was attributed to the formation 
of brittle intermetallic alloy zones. Since the inter- 
metallic zone formation depends upon time and tem- 
perature as well as pressure, it would be expected that 
the bond-strength curves in Fig. 7, using a reaction 
pressure of 11 tsi, would also drop off at longer times. 


Does the author have any data that would show this? 


Samuel Storchheim (author’s reply)—Dr. Reynolds is 
correct. As he anticipated, the bond strength of Al-Cu 
does drop off at longer holding times. The author and 
one of his colleagues have gone into a further study of 
the Al-Cu system and hope to present their new data 
in the near future. They found that at 20 tsi at 475°C 
strength rose, peaked, and then declined over the range 
of 2 to 60 min holding time. At 525°C and 20 tsi 
strength showed a continuous drop from 2 to 60 min. 


Zirconium-Columbium Diagram 


by B. A. Rogers and D. F. Atkins 
JourRNAL OF METALS, September 1955; Trans. AIME (1955) 203, pp. 1034-1041. 


R. F. Domagala and D. J. McPherson (Armour Re- 
search Foundation, Chicago)—In conjunction with a 
transformation kinetics study on zirconium-base alloys 
currently being conducted at Armour Research Found- 
ation, it was necessary to make a cursory examination 
of the Zr-Cb system. Alloys nominally containing 5, 
10, 15, 20, 25, 33.7, and 50.5 wt pct Cb were arc-melted 
using iodide zirconium and high purity columbium 
powder. As-cast portions of these alloys, as well as 
homogenized specimens annealed at and quenched 
from 600°, 750°, 800°, 1000°, 1180°, and 1600°C, were 
examined metallographically. 

The study of as-cast alloys provided evidence support- 
ing the solidus proposed by the authors. A continuous 
series of solid solutions was evident over the composi- 
tion range investigated; however, beyond 25 pct Cb, 
severe coring made positive identification of the struc- 
tures impossible. No intermediate phases were observed, 
although two of the compositions prepared represented 
the stoichiometric compositions of possible compounds 
(33.7 pet Cb-ZrzCb and 50.5 pct Cb-ZrCb). 
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A eutectoid reaction was found to exist in the zir- 
conium-rich region of the system whereby B—>a+2. 
The temperature of this reaction was not accurately 
positioned and the second product of the decomposition 
of 6 was not identified. The 6/a+g and 6/8+x phase 
boundaries were found to intersect at about 17 pct Cb 
and 800°C. This composition is in agreement with the 
proposed diagram, but the temperature is 200°C higher. 
The observation of an a+ structure in the 15 pct Cb 
alloy annealed at 800°C shown in Fig. 19 is in con- 
tradiction with the authors’ position of the B/a+, 
boundary. Structures containing what were considered 
to be eutectoid colonies were observed in certain 
ecolumbium-rich alloys annealed at 800°C, and to- 
gether with the intersection of the phase boundaries 
noted previously, tend to support a eutectoid tempera- 
ture considerably above the proposed level of 600°C. 

Another feature of the diagram was not corroborated 
in the work at Armour. Certain columbium-rich speci- 
mens quenched from 1000° and 1180°C showed two- 
phase structures, although the proposed diagram indi- 
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Fig. 19—A two-phase a+ structure is 
seen in a nominal 15 pct Cb alloy quenched 
from 800°C after 136 hr. X150. Area re- 
duced approximately 25 pct for reproduc- 
tion. 


is 
seen in a nominal 25 pct Cb alloy an- 
nealed for 5 hr at 1180°C. X150. Area re- 
duced approximately 25 pct for reproduc- 
tion. 


Fig. 22—A 12 pct Cb alloy was quenched in j@ 


a silica capsule from 1250°C. Specimen was 
etched chemically. X120. Area reduced ap- 
proximately 25 pct for reproduction. 


Fig. 23—A 50 pct Cb alloy was quenched 
in helium from 1100°C. Specimen was 
etched by ionic bombardment. X120. Area 
reduced approximately 25 pct for reproduc- 


Fig. 21—A two-phase structure is seen in a 
nominal 33.7 pct Cb alioy annealed for 5 
hr at 1180°C. X150. Area reduced approxi- 
mately 25 pct for reproduction. 


tion. 


cates a continuous series of solid solutions above 
1000°C. At 1000°C alloys containing 20 or more pct Cb 
were two-phase, while the 5 to 15 pct Cb specimens 
consisted only of transformed g. A 25 pct Cb alloy 
quenched from 1180°C shown in Fig. 20 is seen to be 
single phase, while a 33.7 pct Cb alloy quenched from 
the same temperature is shown in Fig. 21 and is 
clearly two-phase. In the specimens annealed at 
1600°C an extremely large grain size was noted. Some 
of the columbium-rich specimens contained a dispersed 
precipitate believed due to the comparatively slow 
cooling rate experienced in the molybdenum resistance 
furnace employed for this anneal. These data would 
support a continuous series of solid solutions, but only 
above 1180°C. 

A 5 pet Cb alloy annealed at 750° and 600°C in each 
case contained an e+ structure, placing the solubility 
of columbium in a-zirconium at less than this figure 
and consequently at a value less than 6 pct as indi- 
cated by the authors. 


Although the work at Armour tends to verify the 
general type of diagram presented by the authors, it is 
suggested that a more definitive metallographic investi- 
gation be carried out before a final diagram is accepted. 


B. A. Rogers and D. F. Atkins (authors’ reply)—The 
authors are pleased to hear of the interest of R. F. 
Domagala and D. J. McPherson in the Zr-Cb system 
and to have the opportunity to compare results. 


Pronounced coring in cast alloys of intermediate 
composition has also been noted by the authors. The 
effect was sufficient to introduce errors in melting 
point determination, but most of it was eliminated if 
the specimen was held for 2 hr at a temperature about 
50°C below the melting point. 


Evidence of a eutectoid horizontal 200°C above the 
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temperature indicated by the authors’ electrical resis- 
tance and dilatometric measurements appears so con- 
flicting that they are unable to comment. However, the 
authors’ belief in the correctness of their results is 
strengthened by the character of X-ray powder pat- 
terns of alloys cooled rapidly from 700° and 800°C. 
These patterns show strong lines corresponding to the 
two body-centered-cubic phases indicated by the loop 
in the diagram. A few weak lines, believed to have 
originated in a small amount of zirconium formed as 
the alloy passed through the transformation temper- 
ature, are also present but probably are not significant. 

For comparison with the first figure presented by 
Domagala and McPherson, the authors offer the micro- 
graph designated as Fig. 22. The striated pattern in 
this 12 pet Cb alloy quenched from 1250°C is charac- 
teristic of alloys containing from 8 to 15 pct Cb. It is 
produced in alloys quenched from an extensive range 
of temperature. The network probably comes into ex- 
istence when the alloy goes through the transforma- 
tion range, but the authors hesitate to venture an 
opinion as to whether it represents a two-phase struc- 
ture. Possibly the network is related to the high elec- 
trical resistance and considerable brittleness of rapidly 
cooled alloys in this range of composition. It is not 
certain that contamination from the silica capsule is 
not a contributing factor. A more detailed investigation 
relating the metallography with other phenomena cer- 
tainly would be desirable. 

For comparison with the Domagala and McPherson 
Figs. 20 and 21, the authors present Fig. 23 which shows 
a 50 pet Cb alloy that was quenched in helium from 
1100°C. Neither this alloy nor similarly treated 30 and 
60 pet Cb alloys show evidence of a second phase. In 


fact, there is no reason to believe that solid solution of . 


any composition decomposed above 1000°C. 
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Tustitute of Metals Lecture, 1956 


Preprecipitation Phenomena 


In Supersaturated Solid Solutions 


by A. Guinier 


Peay ON in alloys is undoubtedly one of 
the most essential phase transformations in met- 
allurgy and, besides, it is a phenomenon of great 
interest to physicists. It seems then that it can be 
chosen as a topic for an Annual IMD Lecture. Of 
course, the subject is a very wide one and I shall 
discuss here only a very restricted part of it. I 
should like to show why it is now considered that 
there is, at the beginning of the process, a stage dis- 
tinct from the real precipitation, which is the pre- 
precipitation. We shall be chiefly interested in the 
atomic structure of the metal in this preprecipi- 
tation stage. 

Numerous reviews on this subject have been 
published recently.” * The latest was given by H. K. 
Hardy’ at the last meeting of the Institute of Metals 
in London. One of the most complete articles has 
been written by the late Dr. Geisler.* I should like, 
at the beginning of this lecture, to pay a tribute to 
the memory of our friend Arthur Geisler. Some of 
the ideas which will be developed here are different 
from those advocated by him. But everybody 
knows the considerable progress in experiment and 
in theory which we owe to him and, personally, I 
deeply feel how fruitful have been the long discus- 
sions which we have had during many years. 


Experimental Basis of the Precipitation Problems 

Let us recall the essential facts pertaining to the 
problem of the precipitation. The starting point and 
the final one are well known. The initial stage is the 
supersaturated solid solution before quenching. 
The dissolved atoms replace some of the atoms of 
the solvent at the points of a definite lattice. It is 
generally considered that the distribution of the 
atoms is completely random, and that the lattice 
distortions are relatively weak. These assumptions 
are only an approximation. It has now been proven”’* 
that, in some cases, the dissolved atoms have a 
tendency to segregate to form very small nuclei. 
These fluctuations of composition are greater than 
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Fig. 1—Scheme of the successive structures of a supersatu- 
rated solid solution from the homogeneous stage to the 
precipitated stage is illustrated. 


the normal statistical fluctuations in a purely ran- 
dom alloy. We shall see the role played by these 
nuclei later. 

The final state is obtained by a very long anneal- 
ing at such a temperature that an equilibrium is 
reached in a reasonable time. The alloy is then 
composed of a matrix which is a saturated solid 
solution, much poorer than the initial one. Imbedded 
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The inter- 
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in this matrix are the grains of the precipitate indi- 
cated by the equilibrium diagram. 

In the transformations which we shall consider 
here, the crystal of the initial solid solution retains 
its identity up to the end of the precipitation. Its 
external shape and its orientation remain un- 
changed. There is only a possible variation of the 
lattice parameter, generally very small. That means 
that there is no complete reorganization of the 
atoms, but only a rearrangement of solute atoms 
in a practically fixed lattice. 

Our task is to describe the intermediate steps 
between these two stages and, if possible, the paths 
actually followed by the atoms. If the annealing is 
made at progressively lower temperatures, the proc- 
esses are slower and slower. However, according 
to the equilibrium diagram, one would expect no 
change except in the kinetics of the transformation. 
Nevertheless, the precipitation phenomena are gen- 
erally profoundly changed. The first possible change 
is that another form of precipitate can occur. This 
fact is easily visible on micrographs or X-ray pat- 
terns. It is interesting to note this point here, be- 
cause we shall discuss analogous but more subtle 
changes later. 

Let us suppose now that we keep the annealing 
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Fig. 3—The variation of the hardness of an Al-Ag alloy is 
plotted against annealing temperature for a giyen annealing 
time.” 
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temperature in a range narrow enough always to 
have the same precipitation phase. Let us say, for 
instance, Al,Cu 6’ in an Al-Cu alloy. It is found that 
at a given temperature, after a short annealing, we 
have numerous small precipitates; after a long 
annealing, large and less numerous precipitates, 
Fig. 1. When the temperature is increased, a similar 
coalescence occurs. Inversely, when the tempera- 
ture of annealing is progressively decreased, the 
precipitates cease to be visible with the optical 
microscope, though they are still detectable with 
the electron microscope. Rough evaluations lead to 
the conclusion that the total amount of the pre- 
cipitated phase rapidly approaches the equilibrium 
value. It is chiefly the distribution of the precipitates 
which varies in large proportions. From the begin- 
ning of the process of precipitation, a large fraction 
ot the dissolved atoms is eliminated from the matrix 
in a large number of small particles. While the 
annealing continues, most of the initial particles 
redissolve to the benefit of others, which grow. 

Let us now anneal the alloy at a low temperature, 
below 100°C for Al-Cu; or let us age it at room 
temperature. No precipitate can then be detected 
with the ordinary techniques or with the electron 
microscope. On the usual X-ray diffraction patterns, 
there are neither new lines nor spots which could 
be attributed to the lattice of a precipitated phase. 
Nevertheless, the properties of the alloy, mechanical 
or electrical, are quite different from those of the 
quenched state. 

We are faced here with the old problem of age 
hardening. What is the structure which explains 
the properties of the metal when no precipitation 
can be detected? 


Sequence Theory of Precipitation 

An idea, which seems quite natural, comes from 
an extrapolation of the interpretation of the direct 
observations. There is still a precipitation from the 
very beginning of the process, but the particles are 
so small that they are well below the resolving 
power of the replica techniques of the electron 
microscope, The particles are also so small that their 
diffraction lines are very broad, and thus so weak 
that they cannot be detected in powder diagrams. 
In fact, ordinary patterns of the age hardened alloys 
showed nothing else than the lines of the matrix. 
The situation changed in 1938" * when refined tech- 
niques were used—single crystal specimen and 
strictly monochromatic radiation. Diffuse spots and 


Fig. 4—An example is given of the diffuse scattering charac- 
teristic of the preprecipitation stage. The Al-Cu single crys- 
tal was aged for two days at 100°C. MoKa radiation was 
used with the oscillating crystal. 
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streaks were found in addition to the Bragg spots 
of the matrix with an age hardened Al-Cu alloy. 
Later, similar effects were observed in many age 
hardening light alloys and in Cu-Be. 

One possible way of interpreting these observa- 
tions was to suppose that these diffuse spots are 
diffraction spots of a crystalline precipitate, so small 
that they are considerably broadened by the well 
known size effect. The shape of the broadened spot 
is determined by the shape of the diffracting grain. 
This was the foundation of the sequence theory 
developed by Geisler.’ The precipitate would grow 
continuously from a submicroscopic size. From the 
evolution of the shape of the diffuse spots during 
the aging, Geisler concluded that the growth of the 
precipitate was anisotropic. At first, the nucleus 
grows in one direction, forming a needle. Then the 
needle develops into a platelet. Finally, the platelet 
thickens. Geisler added that it was possible that the 
lattice of this precipitate is different from the known 
form, which is observed when the grains have a 
microscopic size. 

This simple theory of the continuity of the pre- 
cipitation process has been recognized as insufficient 
in the majority of cases, and has been replaced by 
the more complicated scheme of preprecipitation. 
This theory has been introduced: 1) to explain the 
evolution of the properties of the alloy; 2) to give 
a correct interpretation of the diffuse scattering of 
X-rays. The essential point which we shall empha- 
size is the following assumption. There is no real 
precipitate in the first stage of hardening but small 
heterogeneities of the solid solution called zones, 
without a characteristic crystalline lattice. 


Physical Evidence for the Preprecipitation Stage 
More than twenty years ago, long before the study 
of the structure of zones by X-rays, the idea of dis- 
continuity in the precipitation process had been put 

forward by metallographers such as Dehlinger.” 
The age hardening process is considered the re- 
sult of two phenomena, more or less distinct, accord- 
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ing to the conditions of the annealing. They have 
been called cold hardening and warm hardening, 
because the easiest way to pass from the first to 
the second is to increase the annealing temperature. 
This idea is supported by the following observations: 


1) The kinetics of age hardening is different 
at low and high temperatures. At elevated tempera- 
ture, there is an incubation period followed by an 
accelerated hardening. The sigmoid curve is char- 
acteristic of a nucleation and growth process. But 
in the cold hardening, the hardness curve is nearly 
linear near the origin and the rate of hardening is 
continuously decreasing, Fig. 2. 


2) Koster and Coll” have drawn the isochronal 
curves for the Al-Ag alloy relative to different prop- 
erties, mechanical and electrical, Fig. 3. These curves 
give the value reached after a given time of anneal- 
ing plotted against the annealing temperature. The 
curves present two maxima, separated by a well 
marked minimum. For instance, for 4% hr the alloy 
is softer at 200°C than at room temperature. This 
softening separates the domains of the cold and the 
warm hardenings. The treatment which suppresses 
the cold hardening is the retrogression treatment, 
a few minutes at 200°C, now widely used in the 
light alloys industry. It is effective in the majority 
of age hardening alloys, and this retrogression is not 
easily understood if the idea of a continuous process 
is used. It would be necessary to suppose that all 
the small precipitates redissolve during the short 
treatment at 200°C. It is improbable that the un- 
stable small precipitates have the same internal 
structure as the stable larger ones, above a well 
defined temperature. 

It is fairly certain that the structure responsible 
for the second stage of hardening, the warm hard- 
ening, is the true precipitate.” “ Since the prop- 
erties of the metal in the first stage are quite dif- 
ferent, and since there is a discontinuity between 
the two stages, we can conclude that the first stage 
is not a precipitation. This is confirmed by the X-ray 
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Fig. 6—Small angle scattering by an age hardened Al-Ag 
alloy is shown a) as quenched, small zones; and b) annealed 
1 hr at 205°C, large zones. 


results on the atomic structure of the alloy at this 
stage. 


X-Ray Evidence for the Preprecipitation Stage 


As has already been said, the characteristic fea- 
ture of the X-ray diffraction patterns of an age 
hardened alloy is the diffuse scattering. In the last 
years, considerable progress has been made, both in 
the experimental techniques and in the theory of 
diffuse scattering. We shall not give details here, 
but simply discuss the results. 

The aim of the experimental X-ray work is the 
determination of the reciprocal space of the crystal. 
Let us say that for a perfect crystal, the reciprocal 
space contains only the points of the reciprocal 
lattices of the different phases. These points cor- 
respond to sharp Bragg spots. 

The reciprocal space of the age hardened alloy in 
the preprecipitation stage contains: 1) the reciprocal 
lattice of the matrix, and 2) domains of diffuse scat- 
tering of various shapes and dimensions. They cor- 
respond to the broad diffuse anomalous spots or 
streaks observed in addition to the normal Bragg 
spots. An example of these streaks is shown in 
Fig. 4. Their intensity is always much weaker than 
the Bragg spots. 

According to the sequence theory, it would be 
necessary for the center of these diffuse spots to be 
at the points of the reciprocal lattice of a definite 
crystalline phase. The critical objection against this 
theory is that, in the case of the best known systems, 
it is impossible to find such a lattice.“ On the other 
hand, the diffuse scattering may be correctly inter- 
preted as due to a kind of imperfection of the 
matrix lattice, which we shall call zones. 


Nature of the Zones 

We suppose that, as in the true precipitation 
process, the dissolved atoms in the supersaturated 
matrix have a tendency to segregate. But the zones, 
i.e., the small domains where the concentration of 
soluted atoms is high, have no proper well defined 
crystalline structure. The simplest hypothesis is to 
assume that the atoms remain at the points of the 
lattice of the matrix, Fig. 5a. Such a zone will be 
called ideal, because the lattice is not deformed or 
very little deformed. This model is satisfactory in 
some systems when the atoms have nearly the same 
diameter, such as Al-Ag or Al-Zn. A slight deforma- 
tion can thus be expected, even in regions with an 
anomalously high concentration of dissolved atoms. 

Generally, however, a gathering of dissolved 
atoms inevitably produces strong distortions of the 
lattice. In the zone, the atoms are then removed 
from the matrix points, Fig. 5b, but it is character- 
istic of the structure of the zone that they do not 
reach any regular arrangement. In other words, the 
structure of the zone may be regarded as a more 
or less strongly distorted matrix lattice. The dis- 
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tortions may vary from the center to the periphery 
of the zone in proportion to the concentration of the 
dissolved atoms. Therefore, the zone has no well 
defined boundaries. There is a perfect coherence 
between the zone and the surrounding matrix. 
Nevertheless, in an approximate way, one may speak 
of the shape of the dimensions of the zone. 

Such a structure can exist only if all the atoms 
of the zone up to its center are strongly influenced 
by the lattice of the matrix. That is, a zone is stable 
only if it is very small, especially when the de- 
formations are important. The order of magnitude 
of the observed zones is 100A or less. The shapes 
of the zones are different in various alloys. Zones 
have been found in Al-Cu for the first time. In this 
alloy, they are platelets parallel to the (100) planes. 
They are now often called Guinier-Preston zones. 
But this is only a particular case. The word zone is 
used here in a more general sense. 

A coherent block of the matrix crystal contains 
a great number of zones randomly scattered and 
probably of statistically varying sizes. These local 
imperfections alter the periodicity and thus give 
rise to a diffuse scattering outside the normal Bragg 
reflections. To calculate this scattering, the zone 
cannot be isolated. The whole matrix lattice with 
the embedded zones has to be taken into account. 
This type of calculation is possible, but the impor- 
tant problem is the reverse one: deducing the struc- 
ture of the zones from the observed scattering 
phenomena. It is a difficult problem and it is not 
possible to find a general solution.” Let us recall 
that, even for perfect crystals of known composi- 
tion, crystallographers have not yet a general method 
to find the position of the atoms in the cell. But the 
present problem is much more complicated, since 
the lattice is irregular and the composition of the 
zone unknown. 

Up to now we have generally tried to imagine a 
model of structure and to compare the theoretical 
and the experimental repartition of diffuse scatter- 
ing. We shall not discuss these crystallographic 
problems, but rather insist upon some results which 
now seem established beyond doubt, and which are 
of interest for the metal physicist. The zones ob- 
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Fig. 8—The formation of a complex zone is illustrated. 


served in various alloys can be classified into a few 
general types, which we shall describe. 


Zones Without Lattice Distortion 

The most striking example is found in Al-Ag. 
This system is of special interest, because the two 
atoms have nearly the same diameter, and a different 
scattering power. Thus, they are easily distinguished 
by X-rays. In the preprecipitation stage, the char- 
acteristic of the diffraction pattern is a circular halo 
of small diameter around each node of the matrix. 
The more easily visible halo is found around the 
center of the reciprocal space, Fig. 6. Recently, this 
phenomenon has been extensively studied,” “™ and 
good agreement has been reached as to the observa- 
tions and structure. The silver atoms remain on 
the points of the matrix lattice. The zones have a 
spherical symmetry, at least statistically. Through 
a Fourier transform of the scattered intensity, the 
concentration of silver is found as a function of the 
distance to the center of the zone.“ Therefore, the 
zone is formed of an enriched nucleus surrounded 
by an impoverished shell, Fig. 7. The excess of the 
silver atoms in the central part is exactly equal to 
the defect in the outer part. The dimensions of the 
zone can be determined in absolute value. They 
vary with the annealing conditions, and are of the 
order of 10 to 40A. However, it is not possible to 
find the absolute value of the concentration. Gerold™ 
showed that experiment gives, without any prior 
hypothesis, a segregation degree which is the product 
of the total volume of the zones by the proportion 
of gathered silver atoms in each of them. 

This type of zone, the structure of which is clearly 
revealed by X-rays, had been independently im- 
agined by theoreticians. According to Dehlinger,” 
the segregation’ in the cold aging stage leads to 
complexes; i.e., two adjacent domains, one enriched 
and the other impoverished. He has studied thermo- 
dynamically the stability of these complexes. 

-Qualitatively, at least, the formation of this zone 
can be well explained. As was said earlier, in the 
solid solution in equilibrium at high temperature, 
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there are already small silver rich nuclei. At low 
temperature, after quenching, the tendency to segre- 
gation is higher because the solution is super- 
saturated, but the mobility of the atoms is low. The 
silver atoms which are in the immediate vicinity 
of a suitable embryo migrate towards this embryo 
by an uphill diffusion process. The driving force is 
due to the difference between the free energy of the 
atom in the matrix and in the nucleus. This lower- 
ing of the free energy may be attributed to the 
valence electrons, because here the elastic strains 
are negligible. It is also possible that some kind of 
order exists between silver and aluminum inside 
the nucleus.” When a silver atom, jumping from 
one site to the other, comes in contact with the 
nucleus, it has a good chance of remaining at this 
nucleus, Fig. 8, so the surrounding layers are pro- 
gressively emptied of silver. They could be refilled 
at the expense of the matrix by the process of the 
normal downhill diffusion. However, the driving 
force in the case of diluted solid solutions is due 
to the concentration gradient and the diffusion is 
very slow, as shown by the value of the diffusion 
coefficient extrapolated at low temperature. Thus, 
the impoverished shell does not disappear; and the 
nucleus stops growing when the thickness of the 
depleted shell is large enough for a silver atom from 
the matrix to have a negligible chance of reaching 
the nucleus through the shell. 

If the annealing temperature is increased, the 
mobility of the atoms becomes higher and the zone 
can grow. When the zones are large—for instance, 
for Al-Ag at 180°C—the small angle X-ray pattern 
is formed by a central spot rather than by a ring, 
Fig. 6b. That means that the central nucleus is not 
surrounded by a well defined shell any more, be- 
cause the diffusion is easier. At still higher tem- 
peratures, let us say above 220°C, the stability of 
the nucleus becomes insufficient, and the zones dis- 
solve by diffusion. The silver atoms must be engaged 
in a particle of the true precipitate, with a much 
lower free energy, to be able to resist the dispersive 
action of the normal diffusion. So we will go from 
the domain of the cold aging with zones to that of 
warm aging with precipitates. 

This qualitative picture shows that during the 
formation of the zone, the movements of the atoms 
occur on very small distances—about 10 to 20 atomic 
distances. If the rate of formation of the zone is 
calculated with the usual diffusion equations, a time 
would be found of hundreds of years instead of a 
few minutes. We have seen that the formation of 
the zone is the result of two diffusion processes. The 
diffusion of silver atoms from the matrix towards 
the outer part of the zone is very slow, but the 
diffusion towards the nucleus is much faster. Never- 
theless, in both cases, the general diffusion equa- 
tions are correct, though the gradient of concentra- 
tion must be replaced by the gradient of the thermo- 
dynamical potentials. For diluted normal solid 
solutions, the activity coefficient is nearly equal to 
the concentration, but in the highly concentrated 
nucleus it is probably very different; hence, the 
increased rate of diffusion. On the other hand, be- 
tween the diluted solid solutions of the outer shell 
and the matrix, the ratio of activities is nearly equal 
to the ratio of concentration and so, as expected, 
diffusion is very slow. 

Zones of the Al-Ag type have been found in other 
systems where the lattice distortions are small, i.e., 
when the atoms are nearly the same size. It is 
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interesting to compare the behavior of these light 
alloys to that of an apparently different alloy, 
Cu-Ni-Fe. The alloy of composition Cu,Ni,Fe, has 
been studied by Daniel and Lipson,” and by Har- 
greaves.” Above 900°C, there is one phase with a 
cubic lattice. The quenched single phase alloy is 
decomposed by an annealing at about 800°C into 
two tetragonal intermediate phases, one copper- 
rich and the other copper-poor. Both have the same 
parameter a, but the axial ratios are respectively 
greater and slightly less than unity. This stage of 
decomposition—rather than precipitation because, 
here, no phase is preponderant—is preceded by 
another stage, analogous to preprecipitation. It is 
characterized by a X-ray pattern exhibiting an 
anomalous scattering effect. The diffraction lines 
of the cubic matrix are accompanied by two sym- 
metrical satellites of very weak relative intensity, 
which are called side-bands. These side-bands have 
been found in other alloys, like the nimonic alloy 
(80 pet Ni-20 pct Cr, with aluminum and titanium), 
Fig. 

Hargreaves successfully interpreted his observa- 
tions with a model of modulated structure, based 
on a periodic arrangement of alternate copper-rich 
and copper-poor lamellae. The side-bands are the 
consequences of the variation of the interplanar 
distance in the two series of lamellae. The period, 
which determines the separation of the side-bands, 


Fig. 9a—Photograph shows exampie of side-bands given by 


was found to vary from 60 to 130A, according to the 
heat treatment. 

It is difficult to justify the existence of so large 
a periodicity with respect to the interatomic dis- 
tances. Moreover, it is found that this periodicity 
would change gradually when the alloy is annealed 
at a higher temperature. However, this transition 
cannot be made without a complete reorganization 
of the atoms, which is difficult to imagine. Actually, 
it seems that a periodically modulated structure is 
not necessary to account for the side-bands.” It can 
be replaced by an ensemble of complex zones dis- 
tributed at random in the solid solution. A zone, 
Fig. 9b, is formed, for instance, by one copper-rich 
lamella between two impoverished lamellae, the 
copper atoms migrating from the outside towards 
the center. Such a zone gives rise to side-bands. 
This is demonstrated by an optical analogy. Fig. 9c 
is the optical diffraction pattern of a linear grating 
containing a defect, as drawn in Fig. 9b. 

The distance of the satellites to the normal lattice 
point gives the thickness of the zone. When the 
side-bands come closer to the normal lines, it means 
that the zone is growing, and it is no longer difficult 
to understand the gradual modification. The scatter- 
ing phenomena are quite different from those ob- 
served with Al-Ag. They are due not to variations 
of scattering power, but to variations of the lattice 
parameter. On the other hand, the shapes of the 
zones are different. They are platelike, parallel to 
(100) planes. In their essential features, however, 
the structures of the preprecipitation stages are 
analogous. The mode of formation and growth of 
the zone by local movements operate on the same 
principle. The zones are larger because the anneal- 
ing temperatures are much higher. Hence, the dif- 
fusion paths may be longer. 


Fig. 95—A model of a complex zone formed by 24 dilated planes between 12 contracted planes is drawn. 


Fig. 9c—Photograph shows optical diffraction model of zone 9b, showing side-bands near each diffraction line, according to M. Francon. 
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Fig. 10—I!lustration shows model of a Guinier-Preston zone in 
Al-Cu according to Gerold.” Open circle represents alumi- 
num atom, filled circle, copper atom. 


Zones With Strong Distortions 

The best known zones of this type are found in 
the Al-Cu alloy, 4 pet Cu. Many papers” have 
been devoted recently to the Guinier-Preston zones 
of Al-Cu. Nevertheless, although a number of facts 
are definitely established, we are not yet in a posi- 
tion to give a thoroughly quantitative description of 
these interesting structures. 

The zones are plane and parallel to the (100) 
planes of the matrix. They are primarily caused by 
a gathering of copper atoms in small regions of 
certain (100) planes. The diameter of the zones, 
which varies with the aging treatment, is of the 
order of 100A. Their thickness is much smaller, 
only a few interplanar distances. The observed 
scattering phenomena cannot be explained by any 
repartition of aluminum and copper atoms if they 
are supposed to be placed at the points of a regular 
lattice. Lattice deformations must be introduced, 
which can thus be considered as experimentally 
proven. Since the copper atoms are smaller than the 
aluminum atoms, the atomic planes adjacent to the 
copper-rich plane may be imagined as coming closer 
than the normal. The simultaneous occurrence of 
atomic displacements and of variation of scattering 
factors makes this theory difficult to prove. The 
schematic model of the zone, Fig. 10, based on 
Gerold’s investigation,” is in qualitative agreement 
with the observations, but it cannot be considered as 
definite. The dimensions of the zones cannot be de- 
termined without somewhat arbitrary hypotheses, 
and the exact proportion of segregated copper atoms 
is still uncertain. But it is very probable that when 
the aging, even at room temperature, is practically 
finished (2 days), more than half of the copper 
atoms are concentrated in the zones.” 

In spite of this considerable depletion of the ma- 
trix, the lattice parameter of the matrix does not 
change. Furthermore, the diffraction lines are as 
sharp as the lines of a sample of pure, perfectly an- 
nealed aluminum.” From the width of the line, the 
minimum size of the coherently diffracting domain 
is calculated as greater than 3000A, while the mean 
distance between zones is of the order of 100A. A 
great number of zones are thus included in the ele- 
mentary block. X-rays measure the average of the 
interplanar distances taken in the entire block. The 
‘local irregularities due to the zones give rise to 
diffuse scattering at large distances from the lattice 
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points in the reciprocal space, but do not broaden the 
points themselves. This is the best proof of the co- 
herency between the matrix and the zones. The 
behavior of the matrix diffraction line is quite differ- 
ent, where there are true precipitates.” 

Although the size of the zones is greater than the 
limit of resolving power of a good electron micro- 
scope, the ordinary etching techniques do not reveal 
these zones.* Castaing, using a transmission meth- 


* When the Al-Cu alloy contains zones, white points%1,82 are ob- 
served on electron micrographs. However, these points are not a 
direct image of the zones. 


od,” seems to have succeeded in obtaining an image 
of the zones, Fig. 11, when these zones are as large 
as possible—long annealing at 100°C. The black 
points correspond to a concentration of copper, more 
absorbing for the electrons. They are of the expected 
magnitude, and disappear when the specimen is 
heated at 200°C—retrogression phenomenon. 

Let us compare the Al-Cu to the Al-Ag zones. 
What is the origin of the differences which are ob- 
served? The most striking fact is that in Al-Cu, 
there is no experimental sign of a well defined im- 
poverished region around the nucleus of high con- 
centration. It must be concluded that the normal 
diffusion is sufficient to smooth down the gradient 
of concentration between the matrix and the outer 
part of the zone. On the other hand, the solid solu- 
tion is much more diluted in the case of the copper 
alloy—maximum of 2 instead of 13 atomic pct for 
Al-Ag. If, in a (100) plane, the copper concentra- 
tion reaches 30 pct, at least the seven adjacent planes 
on both sides have been completely emptied of cop- 
per. Thus, the diffusion seems to be easier for the 
copper atoms than for silver. Nevertheless, the nor- 
mal diffusion coefficients of silver and copper in 
aluminum are of the same order of magnitude. 

It is possible to attribute this different behavior to 
the distortions which are very strong around the 
nucleus of copper and very weak in the silver alloy. 
Jagodzinski and Laves” think that the rate of diffu- 
sion is greater in a strained region. More precisely, 
Turnbull* supposes that the dislocation lines form 


Fig. 11—Electronmicrograph of an Al-Cu alloy aged ten days 
at 100°C* was taken by the transmission method. 
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Fig. 12—Hardness curves for 
an Al-Cu alloy are plotted with 
and without cold working, after 
quenching. 
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channels for the copper atoms and make a short cir- 
cuit for the atoms through the lattice. 

There is also a difference between the origin of the 
driving forces in the two types of zones. The em- 
bryo of a zone with distortion may be a defect in the 
lattice, as a clustering of vacancies or dislocations. 
An important fraction of the diminution of free en- 
ergy would be due to the interaction between the 
dissolved atoms and the defect, not only to interac- 
tion between these atoms and the solvent atoms. 

A number of experimental facts seem to prove the 
influence of the lattice defects on the QGuinier- 
Preston zones. 

1) The zone has a peculiar shape in direct rela- 
tion with the matrix crystal, whereas the zones 
without distortions are quasi-spherical. Hirano” 
supposes that the copper atoms are attracted by a 
cluster of vacancies parallel to the (100) planes. 
Some authors explain these differences without ref- 
erence to lattice defects. Mott and Nabarro” ex- 
plained the plate-like shape by strain energy, and 
Smoluchowski” tried, from the calculation of elastic 
strains, to foresee the habit plan of a flat zone. 

2) The distortion of the lattice after quench has 
a considerable influence on the subsequent aging. It 
has been found” that the hardening is quasi-instan- 
taneous after the deformation, Fig. 12. It is too in- 
tense to be accounted for simply by the straining of 
the crystal. There must be a change in the constitu- 
tion of the solid solution. In fact, X-ray patterns 
show the existence of very small Guinier-Preston 
zones.” The number of defects is much higher than 
in the undeformed metal, and they rapidly attract 
the copper atoms situated in their immediate vicin- 
ity, forming a small zone. The development of the 
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normal larger zones is hindered because the major- 
ity of the copper atoms already are in a rather 
stable position. That explains why the hardening 
seems to be stopped at room temperature, Fig. 12. 
After an annealing at moderate temperature, 100°C, 
the copper atoms are liberated from the unstable 
small zones and certain zones are allowed to grow. 
The hardening of the coldworked metal is thus re- 
tarded. 

3) The development of the zone is faster when 
the quenching is more drastic, Fig. 13. Quenching 
strains cannot be invoked, because the effect of the 
deformation has been shown to be the reverse. The 
important factor is perhaps the greater number of 
quenched vacancies.” Seitz’ feels that they accel- 
erate the rate of diffusion. According to Hirano,” 
they also increase the number of embryos of zones. 

From these various facts, it may be concluded that 
the lattice defects play an essential role in the 
deformation and stability of the Guinier-Preston 
zones. This shows how difficult any precise calcula- 
tion would be. Thermodynamical computations 
based only on the variation with concentration of 
the energy of the normal lattice or the quasi-chemi- 
cal approximation become of doubtful validity.** 


Other Types of Zones 


The X-ray investigation of different age-harden- 
ing alloys has revealed the existence of zones whose 
structure is certainly very different from those just 
described. But a complete interpretation of the ob- 
served diffuse scattering has not yet been given and 
the structure of these zones remains obscure. Let us 
give afew examples. 

In the ternary alloys Al-Mg-Si and Al-Ge-Si, the 


RG 


Fig. 13—Hardness curves of an 
Al-Ag alloy aged at room tem- 
perature are plotted for differ- 
ent ways of quenching. 
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Fig. 14—Diffuse scattering by an Al-Mg-Ge single 
crystal with a [100] axis along the X-rays MoKa, aged 
1000 hr at 150°C, is shown.** 


characteristic feature of the preprecipitation stage, 
Fig. 14, is a zone in which the periodicity is preserved 
in only one direction, the [100] axis. This is about 
all we know with certainty. The zone is probably 
needleshaped. It is interesting to observe that, in the 
true precipitation stage, many precipitates are long 
needles parallel to the [100] axes.* There is an 
obvious relationship between the habits of the two 
segregation processes. Let us recall that in Al-Cu, 
the zones are parallel to (100), and the precipitates 
Al, Cu @’ appear with a very marked Widmanstatten 
structure, along the same planes. The anomalous 
scattering effects are equally well visible in Al-Mg- 
Si, where the atoms have the same scattering power 
as in Al-Mg-Ge when there is a strong contrast. It 
can be concluded that lattice distortions are im- 
portant, but we do not know their nature. One may 
imagine that they are related to the formation of 
chains of Mg.Si or Mg.Ge, in which the bonds are 
not truly metallic, but rather ionic. 

Another example of a still mysterious preprecipi- 
tation stage is encountered in the Al-Cu-Mg™* and 
Al-Mg-Zn systems.“ Diffuse round points are ob- 
served whose relation to the matrix reciprocal 
lattice is not evident. In this particular case, per- 
haps these points could be explained by reference to 
very small particles of a precipitate with a distinct 
lattice. The preprecipitation stage is not yet proven, 
except perhaps at the beginning of the hardening at 
room temperature. It must be noted that the well 
developed precipitate has no simple relations of 
epitaxy with the matrix. 

This example shows how diverse the processes of 
precipitation are. Any generalization made hastily 
would be dangerous. 


Comparison of the Formation of the Zones 
And of the Precipitates 


Various .authors® “ have shown how the changes 
of the different properties can be explained, even in 
detail, by the successive stages of the preprecipita- 
tion, and of the precipitation with different forms of 
precipitates. These different stages replace each 
other according to the annealing conditions. 

_ We shall relate here only the differences between 
the kinetics of the two principal stages to the atomic 
structures of the zones and the precipitates. 
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The nucleation and growth process in the precipi- 
tation has been studied theoretically and experi- 
mentally, and is well known. The characteristic 
parameter is the energy of formation of the stable 
nuclei. This energy comes from the energy of the 
boundaries between the particle and the matrix. It is 
large when the lattice of the precipitate is not coher- 
ent with the matrix, because many atoms in the 
transition layers are in a position of high energy. 
Precipitation cannot take place when the tempera- 
ture is low, because there is no chance for a group 
of atoms of the supersaturated solid solution to get 
an excess of energy sufficient to overcome the poten- 
tial barrier of the stable nucleus. 

On the other hand, zones have only a very small 
surface energy, because there is, in fact, no real 
boundary around them. The formation of the zones 
is then very easy. Therefore, they are numerous, 
and there is practically no incubation time. One 
could say that the critical radius of the stage nucleus 
is very small. Thus, the zones are formed even at 
low temperatures, in spite of the small gain of free 
energy. 

When the temperature is raised enough to allow 
the appearance of some nuclei of the precipitate, the 
growth of the precipitates at the expense of the 
zones represents a decrease for the free energy of 
the whole. Thermodynamically, it is possible that 
the zones redissolve and that the dissolved atoms 
migrate towards the precipitate. This is the transi- 
tion between the cold hardening and the warm hard- 
ening. 

This transition may occur not only by the eleva- 
tion of the annealing temperature, but for any cause 
which makes the nucleation of the precipitate pos- 
sible. Thus, a severe coldwork of the metal produces 
disordered domains with excess energy. It has been 
observed® that in the Al-Cu alloy, after a cold roll- 
ing of 90 pct, the Al-Cu 6’ phase appears after a few 
minutes of annealing at 150°C, whereas normally 
the Guinier-Preston zones are formed and grow for 
many hours. 

The presence of impurities may also produce a 
transition between two modes of hardening. This is 
the case with Al-Cu-In alloys.* 


Conclusion 


Neglecting all the still ill-understood details of 
the observations and the uncertainties of the tenta- 
tive theories, we may retain a simple but firm con- 
clusion. The precipitation is not a continuous 
process. The segregating atoms may form different 
structures. During the passage from one to the other, 
the major part of the first redissolve and atoms mi- 
grate towards the nuclei of the second. Are the 
nuclei of the new structure formed at the segregates 
of the previous structure? It is possible, but the 
question does not have much meaning. In any case, 
the majority of the first segregates disappear. The 
successive structures are characterized by a free en- 
ergy, smaller and smaller per atom, with an in- 
creasingly higher nucleation energy. The zones con- 
stitute the first stage. Then one or several kinds of 
precipitates may appear, the first being the most 
coherent with the matrix. 

The zone has a nonperiodic structure, with lack 
of periodicity due either to the nature of the atoms 
or to their positions. It must be considered as a large 
defect in the matrix lattice. Progress both in the 
theory and in the technique of X-rays makes an 
analysis of the structure of the crystalline imperfec- 
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tion possible. We have shown some of the first re- 
sults, which already seem well ascertained. But 
there is still much worthwhile work to be done in 
this field. Every metal physicist is now interested in 
lattice imperfections. Unfortunately, in pure metals 
the distorted regions are very small, and we still 
lack experimental means for a direct study of these 
structures. The theoreticians use a great deal of 
imagination, or at least they use the elements which 
are now most fashionable among their colleagues; 
dislocations, vacancies, etc. 

But zones are giant defects. We have some precise 
information on their atomic structure and a rapid 
progress may be expected. On the other hand, zones 
have a predominant influence on many properties of 
metal. Thus, they constitute a good opportunity for 
the theoretician to verify his theory on an experi- 
mentally known imperfect structure. 
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Separation of Germanium and Cadmium From 


Zinc Concentrates by Fuming 


Vapor pressure determinations were made on synthesized germanium sulfides. 
Germanium and cadmium were removed from sphalerite concentrates by fuming. 
The fume was retreated to separate some of the cadmium from the germanium 
and, at the same time, upgrade the germanium to more than 5 pct content. 


by H. Kenworthy, A. G. Starliper, and A. Ollar 


H. KENWORTHY, A. G. STARLIPER, and A. OLLAR are Metal- 
lurgist, Extractive Metallurgist, and Chemist, respectively, U. S. 
Bureau of Mines, Rolla, Missouri. 

TP 4028D. Manuscript, Sept. 28, 1954. Chicago Meeting, Febru- 
ary 1955. 

Papers by authors on the Bureau of Mines Staff are not subject to 
copyright. 


682—JOURNAL OF METALS, MAY 1956 


ANY sphalerite concentrates contain certain 

impurities which have economic value as by- 
products. These may include the volatile sulfides 
of germanium, cadmium, and lead. The objectives 
of the research reported in this paper were to study 
the fundamental volatility characteristics of germa- 
nium sulfides, to increase the recoveries of ger- 
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manium and cadmium compared to smelter recov- 
eries, and to develop an effective method for sepa- 
rating the bulk of the germanium from the cadmium. 
These studies are in part a continuation of those 
previously published in a Bureau of Mines report.’ 

Laboratory scale extractive experiments were 
conducted on zinc concentrates procured from the 
Minerva Oil Co. operations in the Illinois-Kentucky 
fluorspar district. 


Vapor Pressure Investigations 

Nearly pure GeS and GeS, were prepared, using 
procedures based on the work of Johnson and 
Wheatley.’ 

GeS, was obtained by conversion of GeO,. GeS 
was prepared by partial reduction of GeS,. As shown 
in Table I, both products varied slightly from theo- 
retical analyses. 

Vapor Pressure of GeS—The vapor pressure of 
GeS was measured by the vapor saturation method, 
which consists of heating the material under inves- 


Table |. Analyses of Synthesized Germanium Sulfides 


Analysis, Pct 


Material Ge Ss Total 
Synthesized disulfide plesk 48.1 99.2 
Theoretical disulfide Sout 46.9 100.0 
Synthesized monosulfide 71.9 28.4 100.3 
Theoretical monosulfide 4 30.6 100.0 


tigation in a moving stream of neutral gas and 
determining the weight of material that would be 
in a measured volume of saturated gas. The amount 
of GeS vaporized was measured by the weight loss 
of the sample in a moving stream of helium at two 
or more rates of flow. Computation of weight loss 
at the saturation point of the helium was made by 
extrapolation to zero rate of flow. The values ob- 
tained at different temperatures were plotted to 
give a vapor pressure curve. A slight tendency for 
GeS to dissociate was noted. This tendency increased 
rapidly at temperatures of 600°C and higher. 

Typical results of an extrapolation plot are shown 


Table Il. Vapor Pressure Vs Temperature, GeS 


Vapor Pressure Vapor Pressure 


Temperature, Determined, from Curve, 
OC Mm Hg Mm Hg 
400 0.251 0.236 
450 1.604 1.262 
500 3.481 4.849 
550 14.212 13.528 
600 40.964 39.444 
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Table III. Temperature at Even Decimal Pressures for GeS 


Pressure in Mm Hg Temperature, °C 


10-2 317 
1044 375 
10° 447 
101 536 
102 650* 


* The latter value may not be reliable since this is near the re- 
ported melting point of GeS (625°C). 


Grade A helium, employed as the inert gas, was 
purified by passing it over heated black CuO, then 
through soda, lime, and activated alumina at room 
temperature. The furnacing apparatus included a 
fused silica tube in which an Alundum boat con- 
taining the GeS sample was placed, a smaller fused 
silica tube through which the hot gases immediately 
over the boat were withdrawn, and a manometer to 
indicate the pressure within the system. Discharged 
helium was collected and measured over helium- 
saturated water. Corrections were made for baro- 


Table IV. Apparent Vapor Pressures of GeS» 


Vapor Vapor 
Weight Loss, Pressure, Pressure, 
Temperature, G per Cm2 Mm Hg Mm Hg 
°C per Sec Determined from Curve 
425 1.16x10-7 5.50x10-6 1.01x10- 
450 7.86x10-7 3.79x10 3.71x10-5 
475 2.55x10-8 1.25x10-4 1.08x10—+ 
500 1.19x10- 5.94x10-4 3.91x10-+ 
525 2.02x10-5 1.02x10-3 1.10x10- 
550 3.71x10-5 1.91x10-8 2.50x10-3 


metric pressure and room temperature. Tempera- 
tures of the GeS sample were determined by a 
Pt—Pt-13 pct Rh thermocouple placed over the 
charge. 


The equation P = ar RT from Daniels* was 


used to calculate vapor pressures. In the equation 
P is the partial pressure in atmospheres due to the 
GeS, V is the volume which contains g grams of the 
vaporized monosulfide, M is the molecular weight 
of the gasified material, T is the absolute tempera- 
ture, and R is the gas constant. 

Calculated vapor pressures from 400° to 600°C 
are shown in Table II. The log of these values was 
plotted against 1000/T, as illustrated in Fig. 2. Table 
II shows corresponding temperature values taken 
from the curve, which has been adjusted to the 
plotted points by the least squares method. 

Values for P and T from the curve were sub- 
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—A 
stituted in the equation log P = Gar + B* Simul- 


taneous solutions gave values of 6526 for A and 9.07 
for B. By substitution, the pressures tabulated in 
Table III were determined. 

Apparent Vapor Pressure of GeS,—GeS, is an un- 
stable compound unless enveloped in a protective 
medium. It decomposes in moist air at room tem- 


Table V. Temperatures at Even Decimal Pressures for GeS» 


Pressure in Mm Hg Temperature, °C 


10-1 722 
10> 626 
ies 547 
10-4 481 
10-5 424 
10-6 376 


perature and, in an inert gas at elevated tempera- 
tures, dissociation takes place, chiefly to sulfur and 
the monosulfide. In the following portions of this 
report the term apparent vapor pressure is used to 
indicate the total pressure of the dissociation prod- 
ucts, which include GeS, S, and probably a limited 
amount of S, From observations and conclusions 
of others,’ GeS, does not volatilize as such but dis- 
sociates to GeS and sulfur, which, upon cooling, 
partially recombine to give a mixture approximating 
Ge.S, in over-all composition. 

The apparent vapor pressure of synthesized GeS, 
was determined by a procedure similar to that used 
by Hsiao and Schlechten.* Determination became 
erratic at 600°C because of rapid evaporation. At 
400°C, evaporation was so slow that consistent re- 
sults were not obtained, but conditions at 425° were 
sufficiently stable to give consistent results. Although 
the point shown at 425° deviates considerably from 
a curve constructed neglecting this point, the loca- 
tion of this point was made by numerous consistent 


time in a vacuum of 5 to 10 yw. Loss in sample 

weights was considered the amount evaporated. 
Vapor pressures were calculated from Langmuir’s 

equation for vacuum conditions; W = ES Solna 


mm \/M/T where W is the rate of gas evolution in 
g per sq cm per sec, P is the vapor pressure of the 
gas in mm of mercury, M is the molecular weight 
of the gas in g, and T is the absolute temperature. 

The gaseous phase of the material was assumed 
to be 2 GeS and S.; the average of the molecular 
weights was substituted for M. Calculations for P 
at selected temperatures gave the results shown in 
Table IV. 

From these values, the curve in Fig. 3 was con- 


structed. 
A and B were determined as previously described. 


Table VI. Analysis of Minerva Oil Co. Zinc Concentrate in Pct 


Ge Cd Zn Pb Ss 


0.024 0.89 63.0 0.027 30.7 


Values obtained were: A = 9330.86, and B = 8.37. 

—A 
Substitution in the equation log P = Sc + B gave 
the figures tabulated in Table V. 


Pyrometallurgical Recovery from Zinc Concentrates 


Analytical Studies—Petrographic examination of 
the Minerva Oil Co. zine flotation concentrates 
showed that the sample consisted chiefly of sphal- 
erite; with small amounts of calcite, fluorite, and 


Table VII. Selected Volatilization Data 
Temperature, Change of 

Material °C State 
Germanium monosulfide +430 Sublimed 
Sulfur 445 Boiling Point 
Germanium disulfide +600 Sublimed 
Germanium monoxide 710 Sublimed 
Cadmium 767 Boiling Point 
Zinc 907 Boiling Point 
Cadmium sulfide 980 Sublimed 
Zinc sulfide 1185 Sublimed 
Lead sulfide 1280 Boiling Point 
Lead 1613 Boiling Point 
Germanium (2700) Boiling Point 


silica; and a minute quantity of galena. Selected 
grains of sphalerite gave positive tests for cadmium 
and germanium. No primary minerals of cadmium 
or germanium were identified. Apparently these 
elements occurred in solid solution within the zinc 
mineral. Partial chemical analysis showed the con- 
centrate to contain percentages of elements as listed 


determinations. Six samples were heated at one in Table VI. 
Table VIII. Rougher Volatilization 
Analysis, Pct Distribution, Pct 
Product Weight, Pct Ge Cd Zn Ss Ge Cd Zn Ss 
Rougher condensate 2.36 0.93 32.7 30.6 By faa 
97.0 

residue 97.64 0.0007 0.05 62.9 30.9 3.0 98:8 

omposite 100.00 0.023 0.82 62.1 30.6 100.0 100.0 100.0 100.0 
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Table IX. Upgrading Rougher Condensate 


Analysis, Pct 


Weight, 


Distribution, Pct 


Product Pet Ge Ca Zn Ss Ge Cd Zn s 
Upgraded condensate UEe/ 3.87 16.7 0.41 
residue 86.3 0.024 30.6 31.7 25.2 99 3 7 
omposite 100.0 0.55 28.7 27.4 30.3 100.0 100.0 100.0 100.0 


Extractive Studies—Numerous experiments were 
made to develop a method which would give con- 
sistent results for fuming cadmium, germanium, 
and lead from ZnS concentrates in an inert atmos- 
phere. Tube furnaces were used exclusively for 
treating concentrates batchwise. The inert atmos- 
phere consisted of helium, which was introduced at 
one end of the tube and discharged from the opposite 
end. Several methods of fume collection were tried, 
including cyclone, condensing chambers, bubbling 
through water, glass wool filtration, laboratory-size 
Cottrell, and condensing baffles. A combination of 
baffles and condensing chambers was favored for 
laboratory convenience. Fume recovery was in no 
instance as high as desirable. However, the system 
recovered a portion of fume which should closely 
characterize the whole. 

Rougher Volatilization—Objectives of the re- 
search were to: 1) obtain a Ge-Cd impoverished 
residue, 2) remove over 90 pct of the germanium 
and cadmium, 3) vaporize a minimum of zinc, 
4) determine the optimum temperature and time 
of treatment, and 5) consume only a small quantity 
of helium. 

Table VII shows data pertinent to the studies. 
These are taken from chemical handbooks. 

These figures indicate that it should be possible 
to distill sulfides of germanium and cadmium from 
the concentrates selectively, or to condense them 
from the fumes selectively while cooling. Several 
experiments were conducted along these lines, but 
overlapping characteristics and difficulties in sepa- 
rating the deposited fumes prevented any satisfac- 
tory degree of success. 

For the production of a bulk fume or condensate, 
charges of approximately 1000 g Zn concentrate 
were placed in fused silica tubes and heated for 
4 hr at 1090°C, while 4 1 He per min were passed 
through the apparatus. Table VIII tabulates the 
results of a typical experiment. 

The small amount of fluorspar in the feed caused 
extraneous volatile material to be present in the 
rougher condensate. In addition, some organic 
matter was present from volatilization of flotation 
reagents. The small amount of galena in the feed 
reported in the condensate also. 

A revolatilization treatment of the rougher con- 
densate at about 900°C was expected to produce 
a relatively high germanium fume and a second 
residue containing most of the zinc and cadmium. 
Contrary to expectation, most of the cadmium was 
volatilized, and the germanium and zinc were split 
between secondary fume and residue. This was due 
to a degree of dissociation of the sulfides, resulting 
in considerable metallic zinc and cadmium, and 
possibly metallic germanium. Addition of 20 pct S 
preceding upgrading or revolatilization produced 
quite different results. Zinc and cadmium were, to 
a great extent, retained in the residue, while the 
major portion of the germanium was reported in the 
upgraded fume, as shown in Table IX. 
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In several experiments the cadmium content of 
the condensate ranged from 6 to 10 pct. The amount 
of cadmium volatilizing can be loosely controlled 
by the quantity of sulfur added. The above results 
indicate that a few more percent of sulfur would 
have enhanced this particular separation. The com- 
posite does not check the rougher condensate. This 
is caused in part by dilution with sulfur and in part 
by fume losses, especially of germanium. 


Desulfurizing Upgraded Fume—The upgraded 
condensate contained a large amount of sulfur— 
much of it in the elemental state. It was possible 
to remove this sulfur by CS, leaching, oxidation, or 
evaporation at relatively low or high temperatures. 
Recovery in a reuseable form was desired. Oxida- 
tion of the sulfur by heating or evaporation by 
boiling lost excessive quantities of germanium to 
the atmosphere. Volatilization by a prolonged low 
temperature treatment in air was found most suit- 
able. By treating the upgraded condensate at an 
average temperature of 150°C for 35 hr, 87 pct of 
the sulfur was removed and probably could be con- 
densed for reuse. Some germanium and a small 
amount of cadmium were also volatilized. However, 
this was not considered as a loss, since the sulfur 
returned to the circuit should contain nearly all of 
these elements. The final product analyzed 7.03 pct 
Ge, 35.2 pet Cd, 26.2 pct S, and 0.77 pct Zn. Over-all 
recovery, based on residues, was 94.9 pct of the 
germanium and 87.2 pct of the cadmium. The cad- 
mium in the germanium condensate represented an 
additional 7.5 pct of the cadmium present in the 
original zine concentrate. This could largely be re- 
covered in a hydrometallurgical separation scheme 
when the germanium is recovered, thus raising 
cadmium recovery to more than 90 pct. 


Summary 


The fuming experiments have shown that ger- 
manium and cadmium may be removed effectively 
by heating certain sphalerite concentrates in an 
inert atmosphere. The ratios of concentration are 
high, approximating 300:1 for germanium and 35:1 
for cadmium. The final pyrometallurgical products 
were of sufficient tenor to be treated by hydro- 
metallurgical methods to obtain finished products. 
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Diffusion of Nitrogen in Iron 


The diffusion of nitrogen in a-iron was studied by means of the fractional satura- 
tion method. Resulting diffusion coefficients are in excellent agreement with the 
values obtained from internal friction experiments. 


by Paul E. Busby, Donald P. Hart, and Cyril Wells 


ARLY workers in the field have established that 
the diffusion of nitrogen follows normal diffu- 
sion laws. Concentration-penetration data from layer 
analyses of reasonably pure iron specimens nitrided 
in an atmosphere of CO-NH,; are given in the litera- 
ture,’ and were utilized to calculate diffusion con- 
stants for nitrogen. The diffusion of nitrogen in 
y-iron may be represented approximately by the 

equation 

DEN 


The diffusion coefficients, D, given by this relation 
represent mean values, since carburization occurred 
simultaneously with nitriding. 

The rate of diffusion in a-iron has been deter- 
mined from calculations based on data obtained by 
measuring the internal friction of samples at each 
of several frequencies and temperatures.” The ex- 
pression for the diffusion of nitrogen in a-iron de- 
rived from these experiments is 


Diets Opies 


Increasing carbon content decreases the diffusion 
of nitrogen in a-iron.’ Oxygen, either dissolved or 
combined, has been shown‘ to exert a marked influ- 
ence on the diffusion of nitrogen from a nitriding 
atmosphere. D values increase rapidly with increas- 
ing amount of dissolved oxide in the metal, but dif- 
fusion is completely inhibited if preliminary oxida- 
tion has produced the slightest trace of iron oxide 
on the surface. Diffusion coefficients have also been 
calculated from permeability and solubility data,’ 
but these values are of questionable accuracy since 
the boundary conditions assumed may not actually 
exist. 

Experimental Method 


The method selected for determining the diffusion 
coefficient of nitrogen in a-iron in the present inves- 
tigation was the so-called fractional saturation 
method. This method consists of heating the speci- 
men in an atmosphere of H.-NH, mixtures of known 
composition for a predetermined time. Following 
this treatment, the specimen is analyzed for nitro- 
gen; and the diffusion coefficient is calculated from 
a known relationship of the fractional saturation, 
time of diffusion, and dimensions of the specimen. 
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Fig. 1—Graph plots effect of temperature on the diffusion 
coefficient for nitrogen in a-iron. 


This relation is based on a solution of Fick’s second 
law and assumes that the surface of the specimen 
immediately reaches a given concentration which 
remains constant during the diffusion anneal. Tabular 
solutions are available®* and provide the relation- 
ship between fractional saturation and the quantity 


\/Dt/a, where D is the diffusion coefficient in em? 
per sec, t is the time of the diffusion anneal in sec- 
onds, and a, in the present experiments, is the half- 
thickness of the slab specimen in cm. The method 
is adequately discussed elsewhere.” 


Material 

The material for this study consisted of 3/32 in. 
thick (0.24 cm) carbonyl iron plate. The major im- 
purities in this iron are oxygen and varbon, which 
are readily removed by long time high temperature 
treatment in an atmosphere of purified hydrogen. In 
order to reduce the diffusion anneal time for satu- 
ration runs, some of this material was rolled to a 
thickness of 0.015 in. (0.038 cm) prior to the hydro- 
gen treatment. 

Hydrogen treatments were carried out in a hydro- 
gen-purified Armco iron tube heated in a globar 
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furnace. The carbonyl] iron samples, cut into strips 
about 2 in. wide and 8 in. long, were supported on 
a previously purified carbonyl iron holder in a posi- 
tion which exposed a maximum of surface to the 
hydrogen atmosphere. The gas was passed through 
pyrogallic acid, H.SO,, and Drierite, respectively, 
prior to admission to the charge. For the duration 
of the one month purification treatment, the flow 
rate of hydrogen was about 4 cu ft per day and the 
furnace temperature was maintained at 1200°C. A 
typical analysis of the purified iron is as follows: 
Carbon, not determined, <0.005 Mn, 0.005 P, 0.0001 
S, 0.002 Si, <0.007 Ni, <0.001 Cr, <0.005 Mo, 0.001 
Cu, <0.001 Al, <0.001 Sn, 0.002 O., 0.0005 H., and 
0.0009 N.. 


Gas Mixer 


The NH;-H, atmosphere for the diffusion experi- 
ments was provided by a gas-mixing apparatus con- 
structed for the purpose. The apparatus is a modi- 
fication of that described by Johnston and Walker™ 
and later modified by Darken and Gurry.” In brief, 
the assembly permits close control of the flow rates 
(0 to 100 cu cm per min for NH, and 0 to 150 cu cm 
per min for H,) required to provide the desired 
compositions and flow rates of the gas mixtures for 
the furnace atmosphere. Chemical analyses of the 
gas mixtures were carried out by obtaining a sam- 
ple of the mixture in a flask of known volume at 
ambient temperature and pressure, introducing a 
known amount of standard H.SO,, and back-titrating 
the excess acid with standard alkali so that the per- 
centage of ammonia could be calculated from the 
amount of acid neutralized. 


Diffusion Anneal 


Specimens of the purified iron about 2 in. sq were 
subjected to treatments in NH;-H, mixtures at tem- 
peratures ranging from 400° to 600°C. The heating 
unit consisted of a wire wound Alundum tube fur- 
nace controlled within +1°C of the desired tem- 
perature by a Micromax controller. An inner liner 
of Pyrex 172, which is satisfactory for continued 
use at temperatures below 675°C, served as the 
atmosphere chamber. Specimens to be annealed 
were charged into the cold furnace and heated to 
the desired temperature in hydrogen only. After 
thermal equilibrium was attained, the ammonia was 
introduced to provide a previously determined mix- 
ture. During the diffusion period, the analysis of the 
gas entering and leaving the furnace was checked 
periodically by drawing off a sample of it for chemi- 
cal analysis. The flow rate of approximately 100 
cu cm per min was found to be sufficient to prevent 
change of the composition of the gas during passage 
through the furnace. After the annealing treatment, 
specimens were removed from the furnace and 
quenched in water. The time for the diffusion an- 
neal was considered to be the elapsed time from the 
introduction of the ammonia to the water quench. 

Choice of the NH.-H. mixture was based on re- 
sults given by Lehrer,“ whose data suggest that 
specimens heated at temperatures of 450°C in 27 pct 
NH,, 500°C in 21 pct NH,, and 600°C in 10.5 pct NH; 
should contain, at temperature, all the nitrogen in a 
solid solution. Actually, specimens heated at 500°C 
in mixtures containing 20 pct NH, were observed 
microscopically to contain nitrides which probably 
formed at the diffusion temperature. X-ray analyses 
indicated that these nitrides were Fe,N. In later 
experiments, therefore, the compositions of the mix- 
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tures were arbitrarily reduced to values of about 
20, 15, and 9 pct NH, at 400°, 500°, and 600°C, 
respectively, to insure against the formation of 
nitrides. 

Following the diffusion anneal, specimens were 
analyzed for nitrogen by standard chemical tech- 
niques. In order to satisfy the conditions of a semi- 
infinite solid, the outer portions of the 3/32 in. thick 
specimens were discarded and only the center 4 in. 
sq section of the specimen was analyzed for nitrogen. 
No discard was made on the sheet specimens which 
were saturated with nitrogen. 


Table |. Summary of Diffusion Treatments 


Test Specimen Temper- Time, NHs, No, Dx108 
No. No. ature, °C Hr Pct Pct Cm? per Sec 
1 N-30 400 30.6 20 0.029 = 
2 N-26 400 19.0 20 0.008 igi 
3 N-29 450 30.6 20 0.038 is 
4 N-25 450 19.0 20 0.014 21 
5 N-19 500 21.1 15 0.014 = 
6 N-20 500 Pali 15 0.008 4.4 
7 N-11 600 6.3 9 0.087 a 
8 N-13 600 16.0 9 0.071 14.8 
* Saturation run. 
Results 


A summary of the data is given in Table I, which 
lists the time and temperature of the diffusion heat 
treatments as well as the D values calculated from 
the resulting nitrogen analyses. The value of the 
activation energy, @, determined from the line of 
best fit on the plot of log D vs 1/T, Fig. 1, is 15,600 
cal per mol, so that the diffusion of nitrogen in 
a-iron is represented by the relation 


DF 
as compared with the equation 


determined from internal friction measurements.” 
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Purification of GeCl, by Extraction With 
HCI and Chlorine 


GeCl, may be purified by extraction with HCI and chlorine. The process is as 
effective for the removal of AsCl, as the more cumbersome distillation methods 


usually used for this purpose. 


by H. C. Theuerer 


ERMANIUM for semiconductor use contains im- 
purities at levels no higher than a few parts in 
ten million. Material of this quality is obtained from 
highly purified GeCl, by hydrolysis to the oxide and 
reduction of the oxide in hydrogen. When purifying 
GeCL, AsCl, is the most difficult impurity to remove. 
This is usually accomplished by multiple distilla- 
tion procedures.** 

AsCl, may also be removed from GeCl, by extrac- 
tion with HCl.*"° Reducing the arsenic to low con- 
centrations is not practicable, however, because of 
the large number of extractions needed. This paper 
discusses a new method for the removal of arsenic 
from GeCl, by extraction with HCl and chlorine. 
The method is rapid, leads to little loss of germanium 
and is at least as efficient as the distillation pro- 
cedures currently being used. 


Theory of Extraction Procedures 


In the simple extraction of GeCl, with HCl, the 
following reaction occurs 


ASCls,.61, S AsCl,,,., 


at equilibrium C./C, = K, where K is the distribu- 
tion coefficient, and C, and C, are the molar con- 
centrations of AsCl, in HCl and GeCl, respectively. 

The materials balance equation for this reaction 
is 

where V, and V, are the volumes of HCl and GeCl,, 
respectively, and C, is the initial concentration of 
AsCl, in GeCl,. From this it can be shown that for 
multiple extractions 


=( 1 y" 

G Kr+1 [1] 
where C, is the concentration of AsCl, in GeCl, after 
n extractions, and r is the ratio of Vy, to V,. It is 


assumed that r is maintained constant, that equi- . 


librium is established during each extraction, and 

that K is independent of the AsCl, concentration. 
By saturating the system with chlorine, the fol- 

lowing reaction occurs in the aqueous phase 


AsCl, + 4H,O + Cl, S H;AsO, + 5HCl1 


at equilibrium 


5 
* A 


K’ = 


4 
GasClg * * 
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where a is the activity of the various components. 
The effect of this reaction is to reduce the concen- 
tration of the AsCl, in the aqueous layer and, there- 
fore, to promote further extraction of this component 
from the GeCl, layer. If the arsenic acid remains 
entirely in the aqueous phase, the net effect of this 
reaction is to promote the removal of arsenic from 
the GeCl,. The materials balance equation for ex- 
traction with HCl and chlorine with the foregoing 
reaction is, then, 


where C, is the molar concentration of H,;AsO, in 
the HCl. With the added assumptions that the 
activities of AsCl, and H,;AsO, in the aqueous phase 
are equal to their molar concentrations, it can be 
shown that for n extractions 


il n 
On, rkK +rK +1 
where 
2 
a 


It can be seen by comparing Eqs. 1 and 2 that if 
k is large, the removal of AsCl, by HCl extraction 
will be greatly improved by the addition of chlo- 
rine. Dilution of the HCl used in the extraction 
with chlorine would also favor the separation. This, 
however, would increase the loss of GeCl,, which is 
undesirable. 

Experimental Procedure 

Germanium prepared from oxide of semiconductor 
purity is n-type with resistivities greater than one 
ohm-cm. The resistivity is controlled by the donor 
concentration, which is ~10~° mol pct. Germanium 
prepared from material with added arsenic will 
have lower resistivity commensurate with the arsenic 
concentration. With such material, at arsenic con- 
centrations above 10~% mol pct the resistivity is con- 
trolled by the added arsenic, and effects due to other 
impurities initially in the oxide are negligible. In 
this investigation GeO, of semiconductor purity was 
converted to GeCl,, and ~0.01 mol pct As was added. 
This material was used for the extraction experi- 
ments and the purification attained determined by 
a comparison of the resistivity data for samples of 
germanium prepared from the initial and purified 
GeCl,. A method for calculating the arsenic con- 
centration from the resistivity data is discussed 
later. The details of the experimental procedures 
used are as follows: 

Two hundred and thirty cu cm GeCl, were pre- 
pared by the solution of GeO, in HCl, followed by 
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Fig. 1—Apparatus for the reduction of GeO. is illustrated. 


distillation. To the distilled GeCl,, 0.0278 g As.O, 
dissolved in 50 cu cm HCl was added. This mixture 
was agitated vigorously and allowed to stand sev- 
eral days. The two layers were then separated and 
the GeCl, divided into two 100 cu cm portions and 
one 25 cu cm portion, which was held as a control. 
The two 100 cu cm portions were used in parallel 
extraction experiments using, in one case, HCl, and 
in the other, HCl and chlorine. One portion was 
given two extractions with 50 cu cm HCl (37.4 pct) 
using fresh acid for each extraction. The second 
100 cu cm portion was extracted twice under condi- 
tions identical to the foregoing, except that both the 
HCl and GeCl, were saturated with chlorine. 

During each extraction the samples were kept 
chilled in an ice bath and were agitated vigorously 
at intervals during a 45 min period. Separations 
between extractions were made with a separatory 
funnel. After the second extraction, 25 cu cm sam- 
ples of the GeCl, were removed from each portion 
and the remaining portions given two additional 
extractions, following the same procedure as before. 
After the fourth extraction, 25 cu cm samples were 
again withdrawn. As a final experiment, 50 cu cm 
of the GeCl, which had been extracted four times 
with HCl alone were extracted with 36 cu cm HCl 
with the system saturated with chlorine. The extrac- 
tion was carried out as before and a 25 cu cm sample 
separated. 

Each of the six 25 cu cm samples was separately 
hydrolyzed in six volumes of doubly distilled water, 
washed and dried. Fifteen g samples of the resultant 
oxide were then hydrogen-reduced at 650°C in 
quartz boats, using the equipment shown in Fig. 1. 
After reduction, the germanium was melted at 
1000°C, and a normally solidified ingot produced 
by withdrawing the boat from the furnace at the 
rate of 3/32 in. per min. This resulted in ingots 
approximately 13% in. long and % in. in cross sec- 
tion. Rectangular bars were cut lengthwise from 
the ingots and resistivity measurements made along 
the bar. From such resistivity measurements it is 
possible to calculate the arsenic concentration in 
the germanium using the following relationship’ 


il 


pem 


where C = the concentration of arsenic in atoms per 
cu cm of germanium, e = the charge on the electron 
in coulombs, p = the resistivity in ohm-cm, and ™ 
= the mobility in cm’ volt™ sec”. 

Values for the mobility of electrons in n-type 
germanium have been determined, making it pos- 
sible to evaluate the concentration C when the re- 
sistivity is known. Since the experimental ingots 
‘were normally solidified, the arsenic concentration 
and therefore the resistivity varies as a function of 
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ingot location in accordance with the following 
equation” 


C,=C, (1—2)" 


where k = the distribution coefficient for arsenic in 
germanium, C, = the concentration of arsenic at a 
given location in the bar, C, = the initial concentra- 
tion of arsenic in germanium, and x = the distance 
from lead end/total length. 

Since values for C, may be determined from the 
resistivity data, if the distribution coefficient for 
arsenic in germanium is known, the initial concen- 
tration of arsenic, C,, may be calculated. The value 
of the distribution coefficient using radioactive 
tracer methods” has been found to be 0.06. Fig. 2 
gives plots of resistivity as a function of rod location 
for representative samples. Included for comparison 
is a typical plot for material prepared by the con- 


Table I. Extraction of GeCl, with HCI Solutions 


Atoms As 
No. of Ex- Extraction p> Cn/Co 
tractions Solution Ohm-Cm Cm? Ge 
0 — 0.011 3.5x1018 
2 HCl 0.016 1.9x1018 0.54 
4 ne 0.023 1.2x1018 0.34 
4 HCl 
{ 1 HCl+ Cl 5.3x1015 0.0044 
2 HCl+ Cle 2.4 8.3x1015 0.0024 
4 HCl+Clz 2.8 6.1x1015 0.0017 


ventional distillation procedures. In Table I the 
median resistivity obtained with each of the sam- 
ples, the corresponding concentrations of arsenic in 
the germanium, and the fraction of arsenic remain- 
ing after the various extractions are given. From 
these data the values for the constants in the theo- 
retical extraction equations may be determined. 


Discussion of Results 


From the curves of Fig. 2 and the data in Table I, 
it is at once apparent that extraction with HCl and 
chlorine is much more effective for the removal of 
AsCl, from GeCl, than HCl extraction alone. After 
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4, 
| 
1 ~ 
2 
1 INITIAL GeCl4+AsCl3 
- 2 AFTER 4 EXTRACTIONS WITH HCl ° 
© 3 ABOVE PLUS 1 EXTRACTION WITH HCL+Clo 
4 GeCly PURIFIED BY DISTILLATION 
> 10°! 
2 
-2 e > ce) 
10 
e 
0 0.2 0.4 0.6 0.8 1.0 1.2 1.4 


LOCATION IN INCHES ALONG SPECIMEN 


Fig. 2—Purification of GeCl, by extractive procedures is plotted. 


MAY 1956, JOURNAL OF METALS—-689 


FLOW 
(= 
| He 
| 
| 


four extractions with HCl, 34 pct of the AsCl, re- 
mained in the GeCl, whereas with one subsequent 
extraction with HCl and chlorine alone, 0.44 pct 
remained. With two extractions using HCl and 
chlorine, 0.24 pct of the AsCl, remained, and further 
purification to 0.17 pet resulted with four extrac- 
tions. Germanium of this quality is as good as mate- 
rial prepared by the multiple distillation process for 
the purification of the tetrachloride, as shown in 

With the data for the extractions with HCl, values 
of the distribution coefficient for the extraction 
process were calculated, using Eq. 1. Values from 
0.75 to 0.40 were obtained, the values being smaller 
for smaller AsCl, concentrations, From these data it 
would appear that at low concentrations the effec- 
tive distribution coefficient and, therefore, the effi- 
ciency of the extraction process, diminishes. Using 
an average distribution coefficient, K, of 0.58, and 
the data for a single extraction with HCl and chlo- 
rine, the value of k in Eq. 2 was estimated to be 
5.3x10*. With this value, the second and fourth ex- 
tractions should have reduced the arsenic concen- 
tration to values of 1.4x10* and 3.3x10° atoms per 
cm*, respectively. Actually, multiple extractions, as 
seen in Table I, resulted in only minor reductions 
in arsenic concentration. The reason for this has not 
been established. 

If, as has been suggested, the distribution co- 
efficient, K, diminishes as a function of the AsCl, 
concentration, then it can be seen from Eq. 2 that 
further separation would be impossible as K ap- 
proached zero. The apparent termination of arsenic 
extraction at levels corresponding to 5x10” atoms 
per cm* of germanium may, however, be inherent 
in the experimental procedures used. It is entirely 
possible that contamination to the above level with 
arsenic or other group V impurities is introduced 
during the hydrolysis and reduction processes. In 
support of this viewpoint, experience with the re- 
duction process used in this work has indicated that 
regardless of the source of the oxide or its prepara- 


tion, the lower level of donor impurities is of the 
order of 10” atoms per cm* of germanium. 


Summary 

It has been shown that AsCl, can be removed from 
GeCl, by extraction with HCl and chlorine. Germa- 
nium prepared from this purified tetrachloride con- 
tains 5x10” atoms per cm* of arsenic, which is as 
good as that obtained by the more difficult distilla- 
tion procedures. The extraction method is simple 
and readily adaptable to the quantity production of 
GeO., either from primary crude oxide or from 
germanium scrap material. The extraction pro- 
cedure may be used in a batch process with two or 
more extraction stages. To minimize loss of GeClh, 
the HCl from each stage may be used in the pre- 
ceding stage of a subsequent batch, the impure acid 
from the first stage being used to convert the crude 
oxide to the tetrachloride for the extraction process. 
Alternatively, the process could be adapted to con- 
tinuous extraction methods in which countercurrent 
flow of GeCl, and Cl,-HClI solution is maintained. 
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Direct Measurement of Ferrous lon Mobility in Liquid 


lron Silicate by a Radioactive Tracer Technique 


A method is described for using radioactive tracer for the direct determination 
of ionic mobility in a molten electrolyte. The ionic mobility of Fe** in silica-saturated 
iron silicate is found to be 0.0009 (+0.0002) cm? sec volt at 1250°C. 
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LECTROCHEMICAL studies** of molten iron 

oxide and iron silicates have shown some ionic 
conductivity at all compositions. The current effi- 
ciency in electrolysis increases with the concentra- 
tion of silica to a maximum of 90 pct at about 34 
pet SiO,. In the silica-saturated melts the transport 
number of ferrous ions is near unity, indicating that ~ 
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To Vacuu 
or 

Argon Supply 


Fig. 1—Diagram shows 
schematic arrangement for 
the direct measurement of 
ionic mobility by radioactive 
tracer techniques. 


{ S 
WZ) H A Armco Iron Slag Container 
B Mo Shield 
. C Quartz Tube Support 
D McDanel Tube 
N E Quartz Anode Compartment 
No 
A F Radioactive Fe Anode 
| K G G Kanthal Furnace 
C H Water Seal 
K Slag 
S Stopcock 
T Oil-filled Trap 


these cations carry all of the ionic current. In this 
paper, the measurement of ferrous ion mobility is 
described. 

The most direct approach is to use radioactive 
iron as tracer and observe the distance traveled by 
the cation under a known potential gradient in a 
given time. The mobility is then calculated by the 
equation dL 


where d is the distance in cm traveled by the ion 
in t sec and E is the potential in volts applied across 
the electrodes separated by L cm. 

The apparatus, shown schematically in Fig. 1, is 
similar to that described for transport studies.? The 
slag container, A, which also served as the cathode, 
was an ingot iron crucible. It was 4 in. deep, and 
had a wall thickness of 1/16 in. and an ID of % in. 
Surrounding the crucible was a molybdenum shield, 
B. Both the shield and the crucible rested on a silica 
tube, C, which fitted closely inside a McDanel tube, 
D, 48 in. long, with a 1% in. ID. The anode com- 
partment consisted of a silica tube, E, of % in. ID, 
which could be pushed into the slag in the iron 
crucible or withdrawn from it through a gas-tight 
seal at the top of the McDanel tube. The anode, F, 
was a cylindrical piece of ingot iron % in. diam and 
1% in. long. It was welded to the end of an iron 
wire and inserted into the anode compartment so 
that the lower tip of the anode was about 6 in. above 
the lower end of the silica tube, E. Before elec- 
trolysis, radioactive Fe*~” was plated on the lower 
end of the anode for a length of about % in. from 
a sulfate bath at 70°C and 0.1 amp per cm’, with 
an iron wire as anode. The plating was continued 
until the electrode showed an activity of about 2,000 
counts per min. Usually about 0.3 g Fe was de- 
posited before such an activity was reached. 

The measurement of mobility was carried out as 
follows. Enough prefused silica-saturated iron sili- 
cate slag was added to the iron crucible to give a 
slag depth of about 1% in. after melting. The whole 
system was assembled and put inside a Kanthal 
resistance tube furnace, G. The winding of the fur- 
nace was such that the bottom of the iron crucible 
was about 5° cooler than the top in order to mini- 
mize stirring by convection. A contro] Pt—Pt-Rh 
thermocouple attached to the furnace tube indicated 
the temperature of the latter, from which the tem- 
perature of the crucible could be deduced by means 
- of a calibration curve. The system was evacuated 
and flushed with argon, and the slag then homo- 
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genized at 1250°C for 2 hr. The arrival of the 
lower end of the anode compartment at the surface 
of the liquid slag was indicated by the disappear- 
ance of argon gas bubbles at the water seal, H, con- 
nected to the top of the anode compartment and the 
appearance of argon gas bubbles at the oil-filled 
trap, T, connected to the bottom of the McDanel 
tube. The silica tube which served as the anode 
compartment was lowered into the liquid slag until 
the lower end touched the bottom of the iron crucible. 
Then the argon pressure inside the McDanel tube 
was increased by lowering the glass tube into the 
oil in H until the slag level inside the anode com- 
partment was raised to a height of about 6 in. Con- 
tact of the slag with the radioactive iron anode was 
indicated by the ammeter connected in the electro- 
lytic circuit. 

Electrolysis was then continued at the predeter- 
mined current, voltage, and time. At the end of the 
electrolysis, the stopcock, S, connected to the top 
of the anode compartment was closed and the anode 
compartment, with the slag in it, was pulled out of 
the liquid slag to the colder region at the upper part 
of the McDanel tube. After the furnace was cooled, 
the anode compartment was taken out and the part 
containing the slag cut off. An autoradiograph was 
taken, using double immersion X-ray film and an 
exposure of about one week. A densitometer tracing 
was made, the distance the iron traveled during the 
electrolysis was measured, corrections applied and 
the mobility calculated. 

The corrections were determined experimentally 
by blank runs in which the same procedure was fol- 
lowed without electrolysis. The difference between 
the densitometer tracings of the blank and the elec- 
trolysis runs would thus correct for: 

1—Scatter of the radioactivity by slag, silica 
anode tube, air, and film. The radiations emitted 


Fig. 2—Microdensi- 
tometer tracing of 
an autoradiograph 
of a blank run at 
1250°C for 5 min 
is shown. 
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Original Position 
| of the Anode Tip 


Fig. 3—Microdensitome- 
ter tracing of an auto- 
radiograph of an elec- 
trolysis run at 1250°C 
for 30 min is shown. 

E equals 40 v; L, 15 cm. 


from the radioactive anode, due to their penetrating 
power—Fe” = K capture X-ray; Fe* = B-ray, 0.26 
and 0.46 mev; y-ray, 1.1 and 1.3 mev—affect the 
photographic film even at a certain distance. 

2—The activity resulting from the self-diffusion 
of Fe** in the slag as a result of the exchange 
reaction 


The quantitative mathematical analysis of these 
factors is the subject of a separate paper.® 

Two runs will be described in which the experi- 
mental variables were combined so as to give satis- 
factory measurements. It is obvious that too little 
electrolysis will not give a significant difference 
from the blank; too much electrolysis will leave too 
weak an activity. The several runs required to es- 
tablish these conditions are not reported. Elec- 
trolysis was at 1250°C. Fig. 2 is a microdensitom- 
eter tracing of an autoradiograph for a 5 min 
blank run. It can be seen that the activity was con- 
centrated at the region around the radioactive 
anode tip and the symmetrical spread on each side 
is about 1.5 cm. Tracings for 30 min blank runs are 
similar to Fig. 2, and the spread of the activity from 
the central position is again about 1.5 cm. There- 
fore, there was no time dependent convection, and 
the spread of activity due to the other factors men- 
tioned did not extend beyond a distance of 1.5 cm 
under these experimental conditions. 

Fig. 3 is the tracing from an autoradiograph 
taken from the anode compartment after an elec- 
trolysis at 0.9 amp, 40 v for 17 min. The dashed 
line is the reflection of the curve above the anode 
tip, where no electrolysis occurred, and is equiva- 
lent to the blank correction. The spread of activity 
due to the electrolytic migration of the Fe is evi- 
dent. The Fe** traveled 4.0 cm. Similarly, during 
an electrolysis at 1.2 amp, 50 v for 30 min, the Fe* 
traveled 6.6 cm. 

If the measured distances of 4.0 and 6.6 cm are 
corrected 1.5 cm, the mobilities of Fe** at 1250°C in 
silica-saturated iron silicate slag can be calculated 
from the equation 

dL 


tE 


with d= 2.5 and 5.1 cm, t=1020 and 1800 sec, 
E = 40 and 50 v, and L= 15 cm, giving p = 0.00094 
and 0.00085 cm’*/v sec, respectively. Average p at 
1250°C = 0.0009 + 0.0002 cm’/v sec. 

It is interesting to use this value of mobility in 
the conventional calculation of the self-diffusion 
coefficient, D, by the Nernst-Einstein relation 
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where Z = valence of the ion, 2 for Fe**; e = the 
electronic charge, 4.80x10~™ electrostatic units; k = 
the Boltzman constant, 1.38x10~° ergs per degree 
per mol; and T = the absolute temperature. This 
gives D for Fe** at 1250°C = 5.8x10° cm’ per sec. 
It is also possible to make a formal calculation of 


the concentration of the conducting ions, C, 
through the relation 

or = pCFZ 
where o = specific conductance = 1.1 ohm™ cm”;*° 


7+ = proportion of current carried by Fe**, 0.9;° » = 
mobility of conducting ion, Fe** = 0.0009 cm®* per v 
sec; F = Faraday’s constant, 96,500 coulombs per 
equivalent; and Z = valence of conducting ion, 2. 
This gives C = 0.0057 mol of Fe* per cu cm con- 
ducting the current. The corresponding value of C, 
based on the analyzed slag composition (61 wt pct 
FeO, neglecting the small amount of Fe***), and 
taking the slag density as 4 g per cu cm,’ is C= 
0.034 mol of Fe* per cu cm. 

One interpretation of this is that at any given 
instant only 17 pct of the total iron in the slag is 
participating in ionic conduction. Further specula- 
tion as to the meaning of this result is beyond the 
scope of this paper. 


Conclusion and Summary 


These experiments with radioactive iron tracer 
have furnished direct evidence of the electrolytic 
migration of Fe in silica-saturated iron silicate 
and a measurement of the mobility of Fe*™* at 
1250°C of » = 0.0009 cm’ per v sec. 
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Sulfur Pressure Measurements Above FeS In 
Equilibrium With lron 


Sulfur pressure measurements above FeS in equilibrium with iron have been carried 
out by the Knudsen orifice method. A comparison is made of the weight loss of the cell 
per unit time obtained in the above experiments, that calculated from Richardson and 
Alcock’s measurements of the S. pressure above FeS in equilibrium with iron, and the dis- 
sociation constant for diatomic sulfur from spectroscopic and thermal data. 


by C. L. McCabe, C. B. Alcock, and R. G. Hudson 


XTENSIVE equilibrium measurements have been 

made to determine the sulfur potentials of a 
great many systems of metallurgical interest In 
order to confirm their reliability, to supply data 
which may be of use in further thermodynamic 
calculations, and to establish the reliability of the 
Knudsen orifice in obtaining accurate thermodynamic 
values at high temperatures, the present investiga- 
tion on the pressure of the gaseous species above 
FeS in equilibrium with iron has been carried out. 
The Knudsen orifice method has been used for these 
pressure measurements. 


Experimental 

The apparatus and general technique for this in- 
vestigation are the same as that reported for the 
determination of the vapor pressure of silver.” To 
reduce the residual gas pressure in the evacuated 
chamber, a titanium getter, maintained at run tem- 
perature, was introduced. Several types of Knudsen 
cells were used—platinum, zircon, and fused silica. 
The orifice in the zircon cell was fashioned with a 
small diamond wheel. 

The same precautions were used in this investiga- 
tion as were employed in the work on Mo.S,.° 

The FeS-Fe mixture was prepared by heating a 
sample of pure FeS., supplied by K. K. Kelley of 
the Bureau of Mines, with excess iron powder, cp 
grade, obtained from the Fisher Scientific Co. These 
two substances were heated in a closed Armco iron 
crucible at 960°C, held in a vacuum of less than 10° 
mm Hg for 24 hr. The mass was then removed from 
the cell and ground in an agate mortar: In this form 
it was charged to the various Knudsen cells. Heat- 
ing the Knudsen cell for an additional two days was 
sufficient to obtain constant rates of weight loss of 
the cell. The data obtained in this investigation are 
recorded in Table I. 

To establish whether or not a sulfide of iron is 
volatile at these temperatures, 0.7646 g of the FeS- 
Fe mixture, described above and containing 69.2 pct 
Fe, was placed in the zircon Knudsen cell. Run Nos. 
103 to 109 were performed on it. After the comple- 
tion of these runs, the total amount of iron left in 
the cell was obtained by chemical analysis. It con- 
tained 0.537 g Fe, compared to 0.529 g in the original 
charge. Thus, there was an apparent gain in iron 
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of 1.5 pet. This is attributed to unknown experi- 
mental error, and the conclusion is that no sulfide 


Table |. Summary of Experimental Data 


Duration 

Run of Run, Pg,,1 
No. Cell a, Cm2 Min WL, G 1/Tx10* Atmx107 
115 Platinum 0.0260 11265 0.0126 8.143 0.709 
116 Platinum 0.0260 6900 0.0079 8.143 0.726 

47 Silica 0.0287 9967 0.0134 8.110 0.771 

54 Silica 0.0287 6825 0.0121 8.032 1.02 
103 Zircon 0.0315 9586 0.0146 8.097 0.801 
104 Zircon 0.0315 9550 0.0146 8.097 0.795 
105 Zircon 0.0315 6955 0.0077 8.170 0.596 
106 Zircon 0.0315 6935 0.0118 8.032 0.900 
108 Zircon 0.0315 6720 0.0155 7.968 1.21 
109 Zircon 0.0315 6999 0.0092 8.117 0.686 


of iron is volatile. The vapor pressure of pure iron* 
is about one thousandth that of the sulfur pressure’ 
at these temperatures. The vapor pressure of iron 
inside the Knudsen cell will be almost exactly that 
of pure iron, since in the iron-rich phase the per- 
centage of sulfur is of the order of 0.025 pct.’ At 
this low percentage of sulfur Henry’s law is prob- 
ably obeyed by the sulfur. Thus, the iron will obey 
Raoult’s law. In any event, the vapor pressure of 
iron will be lower than that of pure iron and, since 
the vapor pressure of pure iron is negligible com- 
pared to the pressure of sulfur, the weight loss of 
the cell due to the vaporization of iron should be 
negligible. Since neither iron nor FeS is volatile 
to an appreciable extent, the total weight loss of the 
cell must be due to the vaporization of sulfur. 


Discussion and Calculations 
On the assumption that S, is the only gaseous 
species present in appreciable quantity, its pressure 


69 

Fig. 1—Experimental 
values for log Ps, are 
calculated fromthe 
Knudsen cell experi- 
mentals reported 
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only S» is effusing, 
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Fig. 2—Values for 
(WL)/(A)(K) vs 1/T 
are obtained from 
the Knudsen cell ex- 
periments reported 
here, and those cal- 
culated from the gas 
equilibria data of 
Richardson and 
cock in conjunction 
with the equilibrium 
constant for the re- 
action S2 2S, 


Weight Loss 


Log 
a 


Cells 


O Platinum assuming various 
Zircon suggested values for 
X Silica AE®° for this re- 
action. 
-65 | | | 
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may be calculated from the data in Table I, using 
the ordinary Knudsen formula.’ The calculated 
values are given in Table I and the values are 
graphed in Fig. 1. Also shown in Fig. 1 is the pres- 
sure of S., calculated from the gas equilibrium data 
of Richardson and Alcock.’ It is obvious, if both sets 
of data are accurate, that some other species is 
present in the gas phase, and is effusing. The data 
are sufficiently accurate to assume that this dis- 
crepancy is due to the presence of monatomic sulfur. 


Table II. Cell Data 


Cell Wa f K 
Platinum 0.581 0.0100 0.993 
Zircon 0.552 0.0121 0.989 
Silica 0.526 0.0144 0.987 


Data for the standard free energy of dissociation otf 
diatomic sulfur going to monatomic sulfur have 
been compiled by Richardson and Jeffes.’ Kelley’ 
also has done extensive calculations on the standard 
free energy for this reaction from the spectroscopic 
energy of dissociation and thermal data. His calcu- 
lations have been assumed correct, and further 
calculations have been made to obtain the standard 
free energy of dissociation of S, using the other 
possible spectroscopic values. 

A small correction to the pressure calculated by 
the simple Knudsen formula is necessary to correct 
for the fact that not all of the molecules vaporizing 
from the surface of the material whose pressure is 
being measured hit the top of the cell. The correc- 
tion for this can be found in papers by Whitman’ 
and Clausing.’ Table II gives the values needed for 
this correction. The nomenclature is that of Whit- 
man.’ W,; = 1, since the orifice edge was sharp. No 
attempt was made to supply the correction for the 
accommodation coefficient not being equal to one. 
Since agreement within 50 pct is obtained between 
the experimental results from this work and that 
calculated from other data, see Fig. 2, it is presumed 
that for S., a > 0.5. For this value of a, the correc- 
tion’ for a = 1 is to add 2 pct. This is neglected, 
since the exact value for a is not known. For sulfur, 
the value of a should be very close to one. 

Using the Knudsen formula, as modified by Whit- 
man,’ and the assumption that S, and sulfur effuse 
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independently and without interaction, the follow- 
ing formula is easily derived 


The symbols are identified as follows: K, is the 
dissociation constant for diatomic sulfur going to 
monatomic sulfur, K has the same definition as that 
given by Whitman,’ P is the pressure of the species 
in question in atmospheres, A is 2658 times the ori- 
fice area in sq cm times the duration of the run in 
minutes divided by T”%, M is the molecular weight 
of the particle under consideration, and WL is the 
weight loss of the cell during the run. 

The results of the above calculations are shown in 
Fig. 2. Curves L, M, N, and O show (WL)/(K) (A) 
calculated from Eq. 1, using the various energies 
of dissociation of S, from spectroscopic data,” and 
for curve L from gas density measurements by 
von Wartenburg and by Nernst.* 

In Fig. 2 these same values, obtained in the ex- 
periments reported here, are tabulated. It is seen 
that these data fall between the values of (WL)/ 
(K) (A) from the two lowest values for the spectro- 
scopic energy of dissociation. Although the precision 
of the Knudsen data reported here is not sufficient 
to say definitely which of the spectroscopic values 
is correct, the data presented here support the selec- 
tion by Chipman and St. Pierre” of AE°, = 83.0 
keal. Additional experimental work needs to be 
done, using a sulfide with a sulfur potential amen- 
able to Knudsen orifice measurements at higher 
temperatures, where the contribution of the mon- 
atomic sulfur will be much larger than that of 
diatomic sulfur. Then a better estimate of AE®, 
could be made by comparing these data with thermal 
or equilibria data, as has been done here. 


Conclusion 


It has been demonstrated that Knudsen cell meas- 
urements on the system FeS-Fe-S gas give good 
agreement with the pressure of S, calculated from 
H.-H.S equilibria determinations, if correction is 
made for the sulfur atoms present in the gas phase 
above Fe-FeS. 
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Precipitation of Metal from Salt Solution 
By Reduction with Hydrogen 


Early work on chemical precipitation of metals from metal salt solutions is reviewed. 
The chemistry and thermodynamics of precipitating copper, nickel, cobalt, and cadmium 
metals by reaction with hydrogen are discussed. Mechanisms of metal precipitation, nu- 
cleation, growth, and agglomeration are reviewed, as well as some solubility phenomena of 
gases and solids at elevated temperatures. Experimental data presented deal mainly with 
the reaction of copper sulfate solution with Hp. 


by F. A. Schaufelberger 


ETAL can be recovered from a leach solution 

either indirectly by precipitation as a com- 
pound that is later reduced or directly by electrolysis, 
cementation, or chemical reduction, for example, 
with hydrogen. The widely used electrowinning 
processes suffer from the inefficiency of converting 
fuel to low voltage de and from low current effi- 
ciency when complete recovery is attempted. With 
the batch hydrogen reduction methods outlined 
here, a unit of fuel converted to hydrogen in modern 
gas reform plants will make two to three times as 
much metal as can be obtained with electrolysis. 
With continuous hydrogen reduction, four to six 
times as much metal is obtained. 

Precipitation by reducing a metal salt solution 
with H, has been known for almost 100 years.* Com- 
mercial use of the process, however, awaited the 
research and development program initiated by 
Chemical Construction Corp. Within the last few 
years this program has brought about construction 
of commercial plants, listed on p. 701. 

Ideal hydrogen reduction will precipitate a pure 
metal from a solution obtained by commercial leach- 
ing methods at a rapid rate without excessive tem- 
peratures and pressures. The metal precipitate will 
be of desired size and density, less than a percent 
left in the vessel being deposited on the wetted 
parts. 

The present discussion will outline Chemical Con- 
struction Corp.’s early development program and will 
discuss the chemistry and mechanics of reducing 
copper, nickel, cobalt, and cadmium from solution 
by H.. Work on selective reduction of nickel from 
cobalt has been described earlier.’ 

The article is not concerned with precipitation of 
copper by disproportionation of cuprous solutions 
where yield is limited*® to 50 pct.* It does not discuss 

* Copper precipitation by disproportion, 2 Cu+ = Cu® + Cut, is 
due to instability of the cuprous ion. Cuprous ion can be stabilized 
by formation of complexes, e.g., with CO or ammonia. Removal of 
CO from a Cue(CO)sSO, solution by boiling or by application of 
vacuum, or the neutralization of a cuprous ammine solution with 
acid, will cause copper precipitation. 
use of gaseous reducing agents other than hydrogen, 
such as SO.,‘ which may lead to contamination with 
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sulfur, or CO,’ which is considerably more expen- 
sive than hydrogen and produces a gaseous reaction 
product, CO: The article does not include use of 

j Formation of toxic nickel tetracarbonyl by reaction of CO on 


pale pe nickel solutions (180°C, 300 psi CO) is discussed in 
ref. 6. 


other nongaseous reducing agents,’ which are far 
more expensive than CO. Also, notes on the history, 
engineering design, and performance of commercial 
plants have been given elsewhere.® 

It will be shown that a pure metal can be pre- 
cipitated by reduction with hydrogen from solutions 
obtained by commercial leaching methods when the 
solution composition is controlled and proper acidity, 
proper metal ion concentration through controlled 
complex formation and hydrolysis, and adequate 
agitation for suspension of metal and for transfer 
of reducing gas are maintained. Reasonable tem- 
peratures and pressures are used which are less 
excessive than those used by previous workers, 
although they are maintained at above equilibrium 
values because of process kinetics.° 

It has also been found necessary to induce nuclea- 
tion and to control growth and agglomeration in 
order to get a powder product of suitable physical 
properties. 

Review of the Literature 

Muller, Schlecht, and Schubardt of I. G. Farben” 
claimed a successive reduction of silver, copper, 
nickel, cobalt, and zinc from ammoniacal solution 
by applying progressively higher temperatures and 
hydrogen pressures. Metals produced by this tech- 
nique were not pure, since no attempt was made to 
adjust the solution composition between the dif- 
ferent reductions. It is doubtful that the zine product 
contained any metallic zinc. 

The major contribution to the literature” was 
made by the Ipatiews,” who prepared platinum, 
iridium, copper, nickel, cobalt, lead, tin, arsenic, 
antimony, and bismuth at often extreme conditions, 
up to the critical temperature of water (373°C), at 
1500 to 7500 psi, for as long as several days. Even 
cadmium and zinc were claimed to have been ob- 
served in trace quantities precipitated together with 
basic salts. In the early experiments solutions were 
not stirred. Extensive formation of oxides and basic 
salts occurred, probably long before sufficient hy- 
drogen could be supplied in the unstirred liquid to 
decrease the metal concentration in solution by re- 
duction. The importance of hydrogen pressure was 
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Fig. 1—Potential of 1 and 10° molar metal solutions, and 
hydrogen potential at varying pH (25°C). 


overemphasized. The pioneer work of the Ipatiews 
has been continued in Russia™ with the most recent 
report by Tronev, Bondin, and Khrenova™ on reduc- 
tion of copper, nickel, cobaltous and cobaltic am- 
moniacal chloride and sulfate solutions with hy- 
drogen. Most of this work, however, was carried 
out in unbuffered solutions. 


Reduction Equilibrium 
A. Calculation of Equilibrium: Reduction of di- 
valent metal ions such as copper, nickel, cobalt, lead, 
and cadmium by hydrogen may be written as 


M* + He + 2H" [1] 


with an equilibrium constant K (neglecting activity 
coefficients) 
+743 
pee [2] 
[M**] Pu. 
where brackets denote molar concentrations and P 
the pressure in atmospheres. 

The degree to which this reaction occurs is given 
by the familiar thermodynamic equation for the 
free energy change A F (cal) or, more conveniently, 
the potential E (volt): 


A F =—23,060nE=-—RTInK. [3] 


Reductions of copper, nickel, and cobalt solutions 
with H. attain commercially attractive rates only at 
temperatures higher than 70°C. Extrapolation of 
thermodynamic data is certain to be speculative, 
but actual data at elevated temperatures are not 
available. It is therefore convenient first to calculate 
E for room temperature conditions, then to attempt 
to approximate E for elevated temperatures, and 
finally to discuss briefly the effect of variation in 
experimental conditions. 

Fig. 1 plots the variation in E at 25°C for 1 and 
0.001 M concentrations of the metal ions of interest, 
and also the hydrogen potential at various pH values 
and at 1 and 100 atm H, partial pressure (fugacity 
at 100 atm and 25°C = 106.1 atm”). Of course, the 
metal potential is affected by pH only indirectly, 
since the metal concentration is a function of pH 
due to complex or hydroxide formation. For reduc- 
tion to proceed, the hydrogen potential must exceed 
the metal potential. It appears possible to reduce 
metals up to cadmium, perhaps including iron but 
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Fig. 2—Solubility of hydrogen (standard temperature and 
pressure) in water at varying temperatures and pressures. 
(From Industrial and Engineering Chemistry, 1952, vol. 44, 
p. 1147.) 


hardly zinc. Cadmium turned out to be the least 
noble metal to be precipitated in pure form at 
industrially satisfactory yields and rates. 

It will be noted from Fig. 1 that a hundredfold 
increase in hydrogen pressure is comparable to an 
increase of one pH unit. 

Calculating reduction equilibria in aqueous solu- 
tion for elevated temperatures is difficult in view of 
the uncertainty in estimating the effect of temper- 
ature on the entropies of solutes, ions, or undis- 
sociated molecules. Since there are ions on both 
sides of the equation, temperature changes in en- 
tropies were assumed roughly to cancel out. This 
is admittedly not a very good approximation, but 
it appears as good as any in the absence of experi- 
mental data. Eq. 4 was used to calculate reduction 
equilibria using room temperature data: 


A Fr = A Foagex — A (T — 298). [4] 


It is based on the assumption that the reaction en- 
tropy at temperature, T, A Sy, is equal to the 
reaction entropy at 25°C, A Sweex. Most of the data 
were taken from Latimer,” but for cobalt and nickel 
the data obtained by Haring” were selected. Data 
by Cobble“ and Yatsmirsky-Grafova” were used to 
compute entropies of the ammine complexes. 

B. Solubility of Solids and Gases in Water at High 
Temperatures: Solubility of most metal compounds 
in water increases with temperature up to 120° to 
150°C but then decreases with further increasing 
temperature and becomes zero at temperatures ap- 
proaching the critical temperature of water, 373°C.” 
Even at 250°C, solubility of most metal sulfates has 
decreased to less than 1 gpl. At elevated tem- 
peratures solubility of basic metal salts and hy- 
droxides is also markedly decreased, and they 
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Fig. 3—Reduction equilibria of CuSO., NiSO:, and CoSO, in 
aqueous solution with He (490 psig partial pressure). Reduc- 
tions carried out at 200°C. pH measurements taken after 
quenching to 25°C. Calculated figures are computed for 
200°C for solutions containing no (NH;)2SOs. For Ni solu- 
tions containing (NH:)2SO.,, computation includes cooling 
to 25°C. (Reprinted from Transactions of the Institution of 
Mining and Metallurgy, London, 1954/1955, vol. 64, p. 379.) 


will often precipitate out at reduction temperatures 
from solutions of considerably higher acid strength 
than at room temperature. The experience of early 
investigators is so full of references to such pre- 
cipitates that it is easy to see the importance of con- 
trolling solution composition and using temperatures 
below 250°C to achieve pure metal precipitates. Of 
course, some high temperature precipitates may re- 
duce as a solid phase and others may redissolve as 
the reduction proceeds; others may influence the 
reduction favorably, as hydrogen activators or as 
nuclei. In reduction from ammoniacal solutions hy- 
drolysis is particularly important, but the present 
discussion will have to be limited to the reduction 
of the metal ion only. 

Gas solubilities in water, on the other hand, de- 
crease with temperature increase up to about 80°C 
and then markedly increase with further increasing 
temperature,” see Fig. 2. 

The unusual trend in gas solubility has been asso- 
ciated with the change in the structure of water 
from quasi-crystalline at room temperature to close- 
packed at higher temperature. At 200°C the struc- 
ture of water is apparently similar to that of organic 
solvents, such as benzene, at room temperature” and 
shows similar solvent characteristics. The structure 
of water is noticeably affected by pressures only 
above 5000 psi, or above reduction pressures under 
consideration here.” 

C. Effect of Reaction Variables: Inspection of Eq. 
2 indicates that thermodynamics of metal reduction 
is favored by a low H* concentration, a high M*™ con- 
centration, and high hydrogen pressure. 

1. Illustrative Experiments: Table I outlines the re- 
sults of various experiments qualitatively, illustrat- 
ing the effect of M** and H* ion concentrations on 
reduction of nickel by hydrogen in various environ- 
ments. A low nickel concentration was chosen to 
prevent complication by precipitation of basic nickel 
salts. The technique is described on page 704. 
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Fig. 4—Reduction equilibrium of cobaltous ammine sulfate 
with Hs at 200°C and 500 psig He partial pressure. 


With nickel chloride, only 5 pct of the nickel was 
reduced because the H* ions that formed during the 
reduction—HCl being completely dissociated—had 
reduced the pH to a point where nickel reduction 
had to stop. In the experiment with nickel sulfate, 
the moderately stable bisulfate ion is formed and 
about 10 pct of the nickel was reduced before the 
solution became too acid. When ammonium sulfate 
was added to the nickel sulfate, the hydrogen ions 
produced were increasingly neutralized by, forma- 
tion of bisulfate, and this buffering allowed half the 
nickel to be reduced before the solution was too acid. 

When ammonium acetate was added, the hydrogen 
ions produced were tied up as largely undissociated 
acetic acid, and the solution was completely stripped 
of nickel without becoming too acid. Nickel sulfate 
plus pyridine reacts to form a weak nickel complex, 
but pyridine is not a strong enough base, so the 
solution became too acidic and the reaction stopped. 

In the next experiment the nickel was complexed 
with a stronger base, ammonia, and the solution was 


Table I. Hydrogen Reduction of Various Nickel Solutions” 


Approximate 


Reduction Final pH, 
at Equi- Room 
» Solution librium, Pct Temperature 

NiCle 5 1.9 
NiSO, 10 2.2 
50 1.6 
acetate 100 4.1 
NiSOu,-pyridine 70 2.0 
98 9.8 
NiSOu.w-KCN 0 11.0 


* Ni = 0.2 M; temperature = 200°C; He pressure = 1000 psig. 


buffered with ammonium sulfate. The ammonia 
raised the pH so that hydrogen became a stronger 
reducing agent, but it also decreased the concentra- 
tion of nickel ion in solution by complex formation 
so that it was harder to reduce. This buffering and 
complexing also prevented nickel compounds from 
precipitating in the alkaline solution. 

In the experiment with KCN, the concentration of 
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Fig. 5—Rate of reduction of CuSO, solution with Hs at 204°C 
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Fig. 6—Rate of reduction of CuSO; solution with He. Charge, 
gpl: 10 Cu as sulfate, 5 Fe as sulfate, 120 HsSOs, or as indi- 
cated, 80 Cu as powder; 200 psig. He partial pressure. Vary- 
ing temperatures (177°, 204°, 232°C at 120 H.SO,) and 
varying initial acid concentrations (5, 120, 138 gpl HeSO. at 
204°C). 

nickel ion in solution was so low, because of CN- 

complexing, that reduction could not be obtained 

even at pH 11. 

2. Effect of Hydrogen Ion Concentration: The equi- 
librium concentrations of copper, nickel, and cobalt 
sulfate were calculated from Eq. 4 and available 
room temperature data. Accordingly the free energies 
of reduction for CuSO,, NiSO,, and CoSO, are some- 
what more negative, i.e., more favorable at 200°C 
compared with 25°C. The difference appears negli- 
gible for copper and amounts to not more than 1 to 
2 kcal for nickel and cobalt. 

Autoclave experiments were run to determine at 
200°C and 490 psi hydrogen partial pressure the 
nickel and cobalt concentrations in equilibrium with 
hydrogen at various pH values.’ Results of experi- 
ments and calculations are shown in Fig. 3. Ordinate 
values represent the molar concentrations of the 
dissolved metal. The calculated pH values pertain 
to the reaction temperature; the experimental pH 
values were of necessity obtained at room tempera- 
ture after cooling a sample from the autoclave. How- 
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ever, the pH at room temperature is expected to 
approximate the actual hydrogen ion activity at 
200°C because the stable HSO, ion appears to be- 
come even more stable with rise in temperature. 
It will be noted that copper can be essentially quan- 
titatively reduced in strong acid solutions with a 
calculated pH of —3, or 1000 M acid. Although this 
could not be checked experimentally, complete re- 
duction has been obtained from sulfuric acid solu- 
tions as strong as 20 pct. The data also show that 
cobalt and nickel can be reduced to 0.01 M (0.6 gpl) 
at pH values of 3.3 and 2.75 respectively. 

Selective reduction at controlled acid strength is 
indicated for commercially acceptable separation of 
copper, nickel, and cobalt from each other and from 
other metals likely to be found in leach liquors, for 
example, iron, zinc, aluminum, and magnesium. 
Experiments in stepwise selective reduction which 
show the sharp separation of two metals with poten- 
tials as close as those of nickel and cobalt have been 
reported in another paper.’ 

Data on the effect of ammonium sulfate on reduc- 
tion of NiSO, are also included in Fig. 3. With am- 
monium sulfate present, reduction appears to pro- 
ceed to a lower pH value before equilibrium is 
reached. The pH is chiefly determined by the bi- 
sulfate-sulfate buffer system. The second dissocia- 
tion constant of H,SO, which is 1.25 x 10° at 25°C 
has been estimated to be 5.1 x 10~* at 200°C. The 
hydrogen ion activity at reduction equilibrium 
therefore will increase upon cooling and furnish a 
pH somewhat more acid than the actual acidity at 
reduction conditions, satisfying the expression: 

In contrast to the above discussed reductions with- 
out ammonium sulfate, these equilibria with am- 
monium sulfate were calculated for room tempera- 
ture, using Eq. 5 to convert the equilibrium com- 
puted for 200°C to room temperature. 

For calculation purposes the activity of the metal 
ion at 200°C was assumed to be 1 and about 0.1 in 
the presence of ammonium sulfate, taking into 
account the formation of sulfate complexes.™ Experi- 
mental data checked the calculated data closely 
enough to support the assumptions made. 

Additional experiments studying the reverse re- 
action, the dissolution of metal in H.SO, under H, 
pressure, gave an order of magnitude agreement. 
It is interesting to note that while nickel metal dis- 
solves easily in 1 pct H.SO, to produce H, gas at 
atmospheric pressure, 500 psi H. partial pressure 
will stop nickel dissolution in 1 pct H.SO,—0.5 M 
nickel solution. 

3. Effect of Metal Ion Concentration: Metal ion 
concentration depends upon complexing and also 
pH which controls the precipitation of basic com- 
pounds. 

Ammonia is an economical reagent for raising 
the pH of the solution and thus obtaining a more 
favorable thermodynamics for metal reduction. On 
the other hand, ammonia is also an efficient com- 
plexing agent for copper, nickel, cobalt, and cad- 
mium, and the metal ion concentration in such 
solutions is therefore considerably diminished ac- 
cording to: 


NH x 

[M(NH,).**] 
In Table II overall dissociation constants k, and. 
standard potentials are given for a number of metal 
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Fig. 7—Rate of reduction of CuSO. solution with Hz (200 
psig partial pressure) at 204°C, with varying sulfate con- 
centration. Charge, gpl: 10 Cu as sulfate, 120 H.SO., 80 
Cu powder; 5 Fe as sulfate, except second curve from top: 
15. (NH,)SO, as indicated. 


ce 


N 
ammines. “7 log k + log 55” data are also in- 


cluded. This expression was introduced by Bjerrum 
a few years ago” as a more convenient way for ex- 
pressing the strength with which the ligands are 
held. N is the number of uniformly bound ligands, 
Z the corresponding coordination number, and k the 
mean complexity constant of the system. 

It should be noted that due to the decrease of 
metal ion concentration the potential for the ammine 
is higher. However, the increase is less than the 
increase in the hydrogen potential with a change 
from acid to ammoniacal solution, and all these 
complexed solutions are thermodynamically re- 
ducible by hydrogen from ammoniacal solution. 

In contrast to its behavior in acidic solution, 
bivalent cobalt in ammoniacal solution is more 
noble than nickel. This is due to the increased dis- 
sociation of the cobaltous ammine complex, the 
dissociation constant being 1.25 x 10°, as against 
1.8 x 10° for nickelous ammine. 

Also it appears that a certain nickel-cobalt sepa- 
ration can be obtained in acid but that in ammoniacal 
solution cobalt should reduce ahead of nickel. How- 
ever, some selective nickel reduction has also been 
obtained in ammoniacal solution.” ” This indicates 
that nickel reduces at a faster rate than cobalt. 

The reduction of divalent metals from ammoniacal 
solutions may be written: 


M* + 2NH, + H, = M° + 2NH,’* [7] 
or 
K= [NH,*]° 8] 
[M**] [NH,]’ Px. k,- [M(NHs)x**] Px: 
Evaluating this equation at 200°C with room 
temperature data again requires the simplifying 
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assumptions used with Eq. 2. This gives Kao = 
4.78 x 10‘ for the reduction of Co(NH,),**. Assuming 
Ke09 = 4 x 10%, activity coefficient of NH, = 0.5, 
and of NH, and the ammine complex = 0.2, the 
curves of Fig. 4 were obtained. These curves were 
checked by experimental reduction for 0.2 and 2.0 
mols per liter (NH,).SO,. 

The presence of k, in the denominator in Eq. 8 in- 
dicates that reduction of weak complexes is favored. 
It is apparent that high concentrations of ammonium 
salts and free NH, (except in diammine reduction) 
adversely affect the reduction equilibrium, see Fig. 4. 

Eq. 8 is valid only for one particular complex, 
whereas actually a number of different complexes 
exist that should be taken into account in an exact 
treatment of the system. It should be remembered 
that during the course of the reduction the total 
metal ion concentration decreases and 2M NH,:M 
metal are converted to (NH,).SO,. For example, if 
a mol ratio of 4 NH;:Co is used at the start, after 
90 pct reduction the mol ration is 22 NH,:Co. With 
increasing NH,:Co ratio the complexing increases 
and cobalt ion concentration decreases much faster 


Table II. Copper, Nickel, and Cobalt Ammines* 


Standard Potential (25°C) (volts) Dissociation Constant of Ammine 


Ionic Solution Ammine Solution kx N 
— log k + log 55 
Z 
Cu(NHa)2 + 0.12 1.35 x 10-0 7.2 
Cu++ — 0.337 Cu(NHa)at+ + 0.05 4.7 x 10-5 5.0 
Nit++ + 0.231 Ni (NHs)e++ + 0.49 1.8 x10 3.2 
Cot++ + 0.278 Co(NHs)c++ + 0.42 1.25 x 105 2.6 
Co (NHsg) 6+++ 2.2 x 10-4 7.6 


* According to Latimer, ref. 16. 


than the total cobalt concentration. It would seem 
that the use of more than 2 NH,:Co would be un- 
desirable because the reduction would not go to 
completion. However, the lower ammines are not 
very stable at reduction temperatures, and an am- 
monia ratio initially somewhat above 2 may be re- 
quired to prevent hydrolysis. Hydrolysis can also 
be minimized by adding (NH,).SO,. In commercial 
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Fig. 8—Rate of reduction of nickel. Tetrammine sulfate 
solution at 232°C with 450 psig Ho» partial pressure, with 
and without nickel seed. 
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Fig. 9—Crystalline copper precipitated at 80°C from 
Cu2(CO)2SO: solution by slow disproportionation. X300. 


practice, in cobalt reduction 3 NH;:Co is used with 
0.4 M (NH,).SO, while in nickel reduction about 2 
NH,: Ni is used with up to 2 M (NH,).SO,. In other 
words, extra ammonia has been found better for 
cobalt and extra (NH,).SO, has been found better 
for nickel in order to control both precipitation of 
nonmetallic compounds at the beginning of the re- 
duction and the adverse effect of high NH,:metal 
and high (NH,).SO, at the end. The situation is 
even more involved when ammoniacal copper car- 
bonate solutions (scrap copper leach liquor) are 
reduced. Copper in ammoniacal solution is present 
in two valence states and numerous complexes be- 
tween Cu*, Cu**, NH;, and carbonate exist. When 
CO is used as reducing agent, additional complexing 
of Cu* with CO occurs. Not only is the picture 
complex at the start; the situation becomes more 
complicated during the course of reduction as NH, 
and CO, are liberated, resulting in an increase of 
their partial pressures and a corresponding decrease 
of the partial pressure of the reducing gas. 

4. Effect of Hydrogen Pressure: Data in Fig. 1 
show that increasing hydrogen partial pressure has 
small effect on reduction equilibrium compared to 
the effect of pH. Use of high H, partial pressures is 
therefore not justified thermodynamically. 


Mechanics and Kinetics 

It has been pointed out that high pressures and 
temperatures are not needed for hydrogen reduction 
of most metal solutions. Yet commercial operation 
in plants using hydrogen reduction employs tem- 
peratures of 140° to 200°C and pressures of 400 to 
800 psig, of which at least half is H, partial pressure. 
These conditions, according to present knowledge, 
have been found justifiable in order to obtain com- 
mercial reduction rates. They are still far less than 
those used by earlier investigators. 

For a useful process it is not enough merely to 
make metal from its solution at a reasonable rate. 
It is also necessary to get the metal product in a 
form suitable for discharge from the reduction auto- 
clave, that is, as a sand-sized powder product rather 
than as plate on the walls of the autoclave or as 
pebbles. Obtaining metal in suitable form is also a 
kinetic rather than an equilibrium phenomenon. 
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Fig. 10—Copper powder. Hz reduced from CuSQ.-H2SOx so- 
lution at 200°C. No seed. Agglomerates of crystals are re- 
sult of precipitation by H2 at high reaction rate in commer- 
cial-type reaction. X25. 


It is readily admitted that at the present time no 
attempt to formulate a complete kinetic explanation 
of metal reduction can reasonably be contemplated. 
Furthermore, the diversity of reduction kinetics 
makes the experimental picture very complex to 
present in full. To maintain the introductory char- 
acter of this article an illustrative discussion is pre- 
sented of the mechanics and kinetics of the reduc- 
tion process and semiquantitative data on one sys- 
tem only, the reduction of CuSO, with Hs.. 

A. Effect of Reduction Conditions: Primary con- 
trollable variables in hydrogen reduction are hy- 
drogen pressure, temperature, solution composition, 
amount and kind of seed metal added, and agitation 
employed. 

Example: Reduction of CuSO,: The investigation 
was carried out with dilute copper solution to ap- 
proximate the conditions of the last compartments 
in a continuous reduction system where the rates 
will be least. Also, complications due to possible 
formation of nonmetallic precipitates are avoided. 
Preliminary experiments on reproducibility indi- 
cated that data can be reproduced to a fair degree 
if heat-up effects are ignored. Some seed (oxidized 
surface) is leached during the heat-up period and 
causes some difference in copper concentration at 
zero time. The ordinates in Figs. 5 to 8 indicate con- 
centration of metal remaining to be reduced. 

1. Hydrogen Pressure: Effect of variation of the 
hydrogen partial pressure is shown in Fig. 5. The 
straight line portion of the curves in Fig. 5 at the 
lower hydrogen partial pressure indicates that the 
reaction may be controlled by dissolving hydrogen, 
but at the higher partial pressure this effect dis- 
appears. 

2. Effect of Temperature: A similar set of experi- 
ments was run with fixed hydrogen pressure at 
various temperatures. Results are shown in Fig. 6. 
It may be noted that the rate is considerably in- 
creased with temperature. 

3. Effect of Acidity: Also included in Fig. 6 are 
curves for reduction of solution with varying con- 
centrations of acid initially present. The adverse 
effect of acid on the reduction equilibrium was noted 
in the theoretical discussion. Rate of reduction is, 
also reduced by increasing acid strength. 
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4. Effect of Sulfate: Presence of sulfate, on the 
other hand, (NH,).SO, or FeSO,, for example, in- 
creased the rate considerably, as shown in Hig 

5. Effect of Seed: In all the experiments of this 
section 80 gpl of copper seed was present. Seed used 
in these experiments was produced by dispropor- 
tionation of an ammoniacal cuprous sulfate solution 
by acidification. Under these conditions the copper 
powder product consists mostly of octahedral crys- 
tals as illustrated in Fig. 9. Increase in copper powder 
hardly increases the rate of reduction. This is in 
marked contrast to conditions in nickel or cobalt 
reduction, Fig. 8. 

6. Effect of Agitation: It has been mentioned that 
certain reduction tests gave a slow rate because 
they were diffusion-controlled. It will be shown 
below that the use of seed is frequently desirable 
to activate H, or to facilitate growth. To avoid dif- 
fusion-controlled reactions and to suspend the seed 
metal powder, adequate agitation is needed. In 
general this is intense agitation designed to keep 
the solids suspended and to maintain a good gas- 
liquid transfer. This is important for reactions car- 
ried out in expensive pressure vessels where eco- 
nomic considerations require that reaction time be 
maintained at a minimum. Although above tests on 
CuSO, were all carried out with the same agitation, 
experimental reduction data should always be taken 
as relative, and unfortunately comparison and scale- 
up of agitation, particularly for such complex re- 
action systems, are still far from being fully under- 
stood. 

B. General Mechanism: Figs. 9 to 16 indicate the 
nature and variety of the powder product obtained 
from reductions. It may be noted that the usual 
metal product is highly agglomerated, but well 
formed crystalline metal particles can be obtained. 

Metal preparation by reduction of the metal ion 
from solution with H, is composed of nucleation, 
growth, and agglomeration phenomena. Nucleation 
is the homogeneous formation from the metal-ions 
of the smallest stable particle of metal. Growth for 
the present purposes is the atom-by-atom deposition 
of metal onto a solid surface, whether a metal or 
foreign surface. Agglomeration is the clustering of 
two or more metal particles to form an aggregate 
which can be permanently cemented together by an 
overgrowth of metal. 


100 200 i 

Fig. 11—Nickel powder, Hz reduced from Ni(NHs)sSOx- 
(NH,)2SO, solution at 200°C, on seed. X50. For cross sec- 
tion see Fig. 12. 
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e The Chemico metals technique is proving its 
worth, as several plants are now operating close 
to or at capacity and consistently produce copper, 
nickel, and cobalt of commercially attractive 
purity at competitive costs. 

e Having met contract performance, American 

Cyanamid Co. turned over operation of the Calera 
plant of Howe Sound Mining Co. to its owners on 
Dec. 8, 1955. A practical commercial operation, 
the plant is reported to have produced in March 
250,000 lb of cobalt containing 3 to 4 pct Ni. 
_ © Sherritt Gordon operations for 1955, includ- 
ing an ammonia leach of the company’s own de- 
sign, have already been reported as satisfactory 
and are said to have exceeded plant capacity. 
Twenty-five tons of nickel per day and some co- 
balt are now produced. 

e National Lead’s Fredericktown plant for re- 
covery of copper, nickel, and cobalt from 50 tpd 
of low grade sulfide concentrate is said to operate 
at about two-thirds capacity. 

e The Whitaker Metals Co. scrap copper leach 
plant has recovered as much as 240,000 lb per 
month of a premium product for the copper metal 
powder market. The plant is now operated by 
Fluor Corp. as a semi-pilot plant. 

e Freeport Sulphur Co.’s demonstration plant 
for recovery of nickel and cobalt from 50 tons of 
Cuban laterite per day is reported to be operating 
satisfactorily at full capacity. 

e Chemical Construction Corp., which did all 
the early research and development work and the 
design and construction of the plant, was sold by 
American Cyanamid Co. to Ebasco in April 1956. 
Negotiations are in progress for sale of the metals 
processes patents. 


Earlier kinetic and electron microscopy study on 
gold sols by Turkevich et al. should be mentioned.” 

Qualitative reducibility of a given metal ion natu- 
rally depends on the chemical nature of the metal 
ion, that is, on whether the ion is complexed by 
water, chloride, ammonia, or even organic mole- 
cules. Cadmium acetate, for instance, appears to 
reduce much more rapidly from an alcohol solution 
than from an ammine complex in an aqueous solvent. 

Metallic cadmium was precipitated in small yields 
by H, reduction from several ammine sulfate solu- 
tions at 224°C and 1200 psi total pressure. A par- 
ticularly pure metal product, however, is obtained 
in good yield, 65 and 80 pct, respectively, from a 
0.5 M cadmium acetate solution in methanol or iso- 
propanol at 200°C and 500 psi H, partial pressure. 

In this connection it may be noted that cobalt 
ammine complexes often are markedly stable from 
a kinetic viewpoint.” 

1. Nucleation: Homogeneous nucleation of metal 
particles is usually difficult compared to their growth. 
For example, reduction of copper, nickel, and cobalt 
from ammoniacal solution will usually nucleate only 
with difficulty but will readily grow additional metal 
onto metal surfaces already present. On the other 
hand, reduction of copper from acidic solution nu- 
cleates (and grows) readily, presumably merely 
because a larger number of metal ions are available 
in acidic solution. In ammoniacal solution the prob- 
lem is therefore one of supplying a metal surface, 
or seed, for growth. In early work at Chemical Con- 
struction Corp. this was accomplished by grinding 
the oversize metal product. However, grinding is 
cumbersome and a source of contamination of the 
product; also it is not possible to restore the original 
internal surface of the early precipitates. It soon 
became evident that improved means of nucleation 
had to be developed, such as: 1) use of a nongaseous 
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Fig. 12—Cross section of a Fig. 11 type of nickel powder. 
Hs precipitation from ammoniacal sulfate solution on seed. 
Note growth by agglomeration and deposition (onion struc- 
ture). X100. 


Fig. 13—Nickel powder. He reduced from acidic NiSO,- 
(NH,)2SO; solution in continuous operation at 200°C. No 
seed. X75. 


Fig. 14—Electron micrograph of nickel needles from a pow- 
der obtained by Hs reduction of NiSO.-HsSO, solution at 
200°C. Area shown is approximately 3. wide. 
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reducing agent (e.g., hypophosphite or hydrazine) 
to produce a fine metal colloid from a minor portion 
of the solution; 2) performing a self-nucleating acid 
reduction on a minor part of the solution; or 3) use 
of solid compounds that catalyze the growth of metal 
by H, reduction. 

Nickel and cobalt metal, certain oxides, and vari- 
ous other hydrogen activating compounds are used 
industrially for hydrogenation of unsaturated organic 
compounds. It appears plausible that such com- 
pounds would also catalyze a metal reduction. Het- 
erogeneous catalysis was indeed found to be impor- 
tant for the nucleation of metal in reduction by H,, 
and it happens in the case of nickel and cobalt pre- 
cipitation that the reduction products themselves 
are among a number of possible hydrogenation 
catalysts. On the homogeneous catalytic activation 
of H, by Ag*, Hg**, or Cu**, see Halpern.” 

It should be noted that it is often difficult to decide 
whether in a given reduction run the metal had 
truly nucleated in the bulk of the solution or whether 
reduction was initiated on accidental impurities 
such as dirt or oil from the stuffing box. 

2. Growth: Crystal growth is a sequence of dis- 
solution, bulk diffusion, surface adsorption, surface 
diffusion, chemical reaction, deposition, desorption, 
and other reactions, and the kinetics of growth is 
concerned with the kinetics of that sequence. Gross 
reaction rate during a reduction should somehow 
depend, in a first approximation, upon the effective 
metal ion concentration, the H, molecule concentra- 
tion (in solution), the metal surface area, and tem- 
perature. Other effects of lesser immediate interest 
include the variation in growth rate between dif- 
ferent crystal faces, activity coefficients, and poison- 
ing of the metal surface by adsorption. 

Quantitative studies of growth kinetics are se- 
verely obscured by agglomeration of particles dur- 
ing reduction, which makes it difficult to determine 
surface areas. Also, as described above in reduction 
from ammoniacal solution the varying NH;:M*~* and 
NH. mol ratios during reduction cause a varying 
effective concentration of metal ion. For the present 
purpose, however, it is evident that the amount of 
surface area is important, see Fig. 8, and that the 
nucleation reaction noted above should give a high 
area of metal. The structure of the nickel powder 
shown in Fig. 12 indicates growth by deposition 
(onion structure) and agglomeration. 

Even the mechanism by which crystal growth 
occurs is not clear. Recent investigations increas- 
ingly support a screw dislocation mechanism for 
crystal growth rather than the classical two-dimen- 
sional, surface nucleation viewpoint. In metal re- 
duction, a filamental type of crystal growth has often 
been observed which appears to be the result of a 
dislocation mechanism, see Fig. 14 and ref. 30. 

Since cobalt and nickel metal are ferromagnetic, 
it would perhaps be expected that growth of these 
metals in a magnetic field would affect the growth 
kinetics or at least the magnetic properties of the 
resulting metal crystals. In the laboratory of Chemi- 
cal Construction Corp. W. G. Courtney has observed 
an increase in the coercive force of these metals 
when they were prepared in a magnetic field by 
reduction with hypophosphite. However, he could 
observe no effect on the coercive force in reduction 
by H,. This suggests a qualitatively different growth 
mechanism with the two different reducing agents.” 

3. Agglomeration: From colloid chemistry it is 
known that, unless stabilized, solid particles in the’ 
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size range of 0.1 to 5 » agglomerate. A particle may 
agglomerate either to another particle or to the 
autoclave wall. According to theory, the tendency 
for either type of agglomeration to occur depends 
upon particle concentrations, surface area of the 
wall, type and degree of adsorption of ions onto the 
surfaces of the particles and walls, degree of agita- 
tion, and many other factors. Appropriate data at 
elevated temperature are again lacking; even at 
room temperature the agglomeration process is not 
well understood. 

Agglomeration is doubly undesirable. Agglomera- 
tion between particles decreases the total metal sur- 
face area and thus the reduction rate. Agglomera- 
tion to the wall, or wali plating, Fig. 15, not only 
removes metal from the immediate production but 
also requires equipment downtime for its periodic 
removal. After plating starts there is a catalytically 
active metal surface on which additional metal will 
be easily deposited, unless a much larger surface of 
metal in the bulk solution is provided in the form 
of metal seed particles. On the other hand, agglom- 
eration, in cases of slow growth, is the only mech- 
anism available to consolidate small particles to 
form metal powder coarse enough to prevent its 
redissolution in subsequent washing steps or dusting 
in drying operations. 

Two observations from separate and dissimilar 
studies will be given to illustrate the agglomeration 
process. Successive samples of a NiSO, reduction 
conducted at slow rate showed that in the first 
sample the nonagglomerated particles have a size 
range of 0.1 to 0.4 uw (by electron microscope). In 
the second sample taken a few minutes later, the 
particles are either 0.5 to 0.8 uw or are agglomerates 
of 2 to 5 » total diameter. 

An autoclave with glass walls (a sight glass) was 
used to reduce copper from an ammine carbonate 
solution with CO. As the temperature was increased 
toward 120°C, a Tyndall effect was noted. A few 
minutes later, presumably after a critical particle 
size had been reached, a sudden coagulation oc- 
curred which formed a few visible agglomerates in 
the bulk of the solution and rapidly coated the glass 
wall with copper foil. 

Purity 

Impurities in a metal reduction can arise from: 
1) superficial entrapments of solid salts or solution 
during agglomeration of metal particles, 2) entrap- 
ment by agglomeration but followed by an over- 
growth of additional metal, or 3) an intimate mix- 
ture of impurity and metal atoms arising from 
incorporation of impurity atoms during the atom- 
by-atom growth of metal during reduction. 

Reduction from insufficiently buffered ammoniacal 
solution at excessive temperatures may lead to im- 
pure powders. The fluffy basic metal compounds 
that precipitate on heating up are likely to retain 
impurities, and since such compounds normally re- 
duce directly by solid-gas reaction without being 
redissolved as reduction proceeds, contamination by 
carbon from carbonate or sulfur from sulfate solu- 
tion, oxygen, or contained impurities is in certain 
cases expected. 

It is also possible at temperatures near 250°C to 
reduce sulfate to sulfide with hydrogen. Another 
reason for using control of environment to facilitate 
reduction is that such high temperatures are not 
needed. 

Pure metals can also be obtained from impure 
solutions. Impurities such as iron, zinc, aluminum, 
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Fig. 15—Nickel foil and agglomerates as stripped from the 
walls of the autoclave. Reduction of an ammoniacal nickel 
solution at 175°C with He. No seed was provided. Compare 
with Fig. 13, nickel from an equally unseeded reduction, but 
from a self-nucleating acid system. X3. 


Fig. 16—Cobalt powder. He reduced from Co(NHs)sSO.- 
(NH,)sSO; solution at 200°C, on seed. Highly densified. 
Note how in contrast to Fig. 11 surface of agglomerate is 
smoothed out by subsequent metal deposition. X75. 


and magnesium are not reduced to metal and will 
not contaminate the metal powder if kept in solu- 
tion. Copper powder containing 0.005 pct Fe has 


Table III. Analyses of Copper, Nickel, and Cobalt Powders 


No.1 No. 2 No.3 No.4 No.5 No. 6 No. 7 
Cu Ni Ni Ni Co Co Co 
Cu 99.948 0.01 nil 0.037 nil 0.01 0.02 
Ni nil 99.85+ 99.72 99.74 0.15 0.54 3.7" 
Co nil 0.1 0.24 0.15 99.6 98.49 95.7 
Fe 0.007 0.01 0.025 0.027 0.20 0.05 0.07 
Zn nil nil nil 
Sn 0.003 
Pb ni 
Ss nil 0.01 0.001 0.015 0.02 0.05 0.05 
0.011 


* No nickel-copper separation carried out at this plant. 
Nos. 1-3 and 5 are products prepared in different piloting opera- 
tions.?,29 
Nos. 4, 6, and 7 are plant products. 


been produced in acid reduction from solution con- 
taining up to 15 gpl Fe**. Even cobalt and nickel, 
if present, do not contaminate copper if the copper 


MAY 1956, JOURNAL OF METALS—703 


He loss 0.008 


is reduced from solution with a pH of less than 1 
where, as shown by Fig. 3, cobalt or nickel are not 
reduced at equilibrium conditions. In one commer- 
cial operation copper is reduced from a solution 
richer in nickel and cobalt than in copper and the 
powder produced analyzes less than 0.01 pct of each, 
nickel and cobalt. 

Copper analyzing 99.99 pct has been produced 
from sulfate and from carbonate solutions. In Table 
III a few product analyses from various industrial 
and larger piloting operations are given. 

In general each problem is different and any re- 
quired purity can be obtained by a combination of 
controlled reduction with prepurification and sub- 
sequent washing. 

Apparatus 

Experimental data presented here have been ob- 
tained during the course of a program of applied 
research extending over a period of several years. 
Autoclaves used include rocker bombs, 1-gal auto- 
claves heated with Dowtherm jackets or with gas 
and usually equipped with a liner. Temperatures are 
usually controlled within 2° to 5°C. A few experi- 
ments have been run in 10 and 25-gal autoclaves. 
These are heated with a steam coil. 

Although the air in the clave could be removed 
by heating and venting, because many solutions may 
contain ammonia, it has been the standard practice 
to purge the clave with nitrogen before heating. 

The pressure vessels were usually provided with 
sample lines, some having porous stainless steel or 
tantalum microfilters, for sampling at operating 
temperature and pressure into sample bombs. In 
experiments of qualitative nature, the pressure ves- 
sels were cooled before discharging, although some 
redissolution of metal may have resulted. 

Considerable quantities of reducing gases are con- 
sumed in these reduction reactions. In view of their 
low solubility, maintenance of good absorption and 
diffusion rates by suitable stirring is important.” 
Various types of agitation have been employed. 

Most of the various physical and chemical re- 
actions that occur during a reduction appear to be 
greatly affected by what may be called the hydro- 
dynamics or the stirring pattern, which in turn are 
largely functions of the geometry of the stirrer and 
vessel, of the stirring rate, of the composition of 
the solution, and of the reaction conditions. Efficient 
dispersion of solids (seed metal, catalysts and newly 
precipitated metal) is as important as good gas dis- 
tribution. Excessive centrifugal action should be 
avoided in order not to plaster the autoclave walls 
with growing metal particles. Rough surfaces are 
undesirable, as they become coated much faster. 

Precipitated powdered metal was usually washed 
with water, alcohol, and acetone or ether and then 
dried on a steam bath. In some tests the powders 
were dried with hydrogen at elevated temperatures. 
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Herbert James French 


1956 Howe Memorial Lecturer 


Herbert J. French (Member 1934), vice presi- 
dent of the International Nickel Co. Inc., assis- 
tant vice president of the International Nickel 
Co. of Canada Ltd., and AIME Howe Memorial 
Lecturer for 1956, died in Rochester, Minn. on 
Aug. 17, 1955, after a long illness. 

Before his death, Mr. French had laid the 
foundation of research on which the Howe Me- 
morial Lecture (p. 770) was based. His associ- 
ates at Inco, O. O. Miller and J. W. Sands, were 
able to complete the project, present the lecture, 
and prepare it for publication, following Mr. 
French's general outline. 

Born in New York on May 27, 1893, he gradu- 
ated from the School of Mines, Columbia Uni- 
versity, with a degree in metallurgical engineer- 
ing in 1915. Mr. French gained his early engi- 
neering experience with the American Smelting 
and Refining Co., serving as a chemist and as- 
sayer at the companys Murray, Utah, installa- 
tions. He later returned east and became a met- 
allurgical engineer for the General Vehicle Co., 
Long Island City, N. Y., a subsidiary of the Gen- 
eral Electric Co. In 1917 Mr. French was ap- 
pointed civilian inspector of materials for the 
U.S. Army Signal Corps, and continued this work 
when it was later absorbed into the Bureau of 
Aircraft Production. Subsequently he was ap- 
pointed district inspector in Philadelphia for the 
Pittsburgh (Ordnance Metallurgical) office, 
later transferring to Pittsburgh. 

After World War I Mr. French became an 
assistant physicist on the metallurgical staff, U. S. 
Bureau of Standards, Washington, D. C. During 
his years with the Bureau, he was successively 
associate physicist, metallurgist, senior metallur- 
gist, and assistant chief, division of metallurgy. 

In 1929 Mr. French joined International 
Nickel as a metallurgist at the company’s Bay- 
onne, N. J., research laboratory. Transferring to 


TRANSACTIONS AIME 


the development and research division, New 
York, in 1931, he took charge of alloy steel and 
iron development, becoming assistant manager 
of this division in 1943. Mr. French’s appoint- 
ment as an Inco vice president came in March 
1947. Previously, he was appointed assistant vice 
president of the International Nickel Co. of 
Canada Ltd. in January 1947. 

Mr. French served the War Production Board 
during World War II as senior technical con- 
sultant in charge of the metallurgical and specifi- 
cations section of the iron and steel branch. 
When this section of the WPB was organized 
into the steel division, he was appointed chief 
of the metallurgical branch. From March 1944 
to September 1945 Mr. French served as assis- 
tant director. 

Herbert French was well known not only for 
his prolific contribution to the metallurgical 
literature, for which he received numerous 
awards, but also for his prolonged service to the 
profession through its technical societies. He 
was a past president of ASM, and was the Camp- 
bell Memorial Lecturer for that group in 1933. 
Mr. French was honored by the American Society 
for Steel Treating in 1931 when he was awarded 
the Henry Marion Howe Medal. A series of lec- 
tures he gave in 1941 before the Fourth Western 
Metal Congress in Los Angeles was later pub- 
lished in book form under the title Alloy Con- 
structional Steels. 
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Howe WUcmortal Lecture —1956 


Some Aspects 
Hardenable Alloy Steels 


When untimely death overtook the eminent metallurgist who had been 
chosen to deliver this year’s Howe Memorial Lecture, he was in the midst of 
gathering his material and developing new data in the thorough and com- 
petent manner in which he handled all such assignments. Out of regard and 
affection for Herbert French, and because we were his chief assistants with 
respect to this item of his activities, we have endeavored, to the best of our 
ability, to complete Mr. French’s discourse along the lines which we believe 
he intended. We are sure that, had he been spared, you would be presented 
with a much more profound and better integrated discussion, but under the 
circumstances we beg your indulgence for any failure to meet the standards of 
excellence which always characterized Herbert James French’s metallurgical 
writings and lectures. 

We are presenting Mr. French’s discourse as we have envisioned it.— 
Oscar O. Miller and John W. Sands. 


by Herbert J. French 


Prepared by Oscar O. Miller and John W. Sands 


T was my good fortune to have known Henry 

Marion Howe when I was a student at the School 
of Mines, Columbia University, some 20-odd years 
after he had gathered the material for his monu- 
mental work on the Metallurgy of Steel, published 
in 1888." His life span, unfortunately, did not ex- 
tend to the period of most rapid growth of alloy 
steels, but he had envisioned their future impor- 
tance very early in our century, as illustrated by 


H. J. FRENCH, Member AIME, deceased, was Vice President, 
International Nickel Co. Inc., New York. 

After the death of Mr. French in August 1955, two of his associ- 
ates in the International Nickel Co., O. O. MILLER, Member 
AIME, Head, Steel Section, Research Laboratory, Bayonne, N. J., 
and J. W. SANDS, Member AIME, Development and Research 
Div., New York, prepared the lecture from his data. 

TP 4265C. Manuscript, Apr. 11, 1956. New York Meeting, Febru- 
ary 1956. 
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this passage from the second edition of his book 
Iron, Steel and Other Alloys, published in 1906:* 
“Alloy steels,” said Howe, “have come into exten- 
sive use for important special purposes, and a very 
great increase of their use is to be expected.” 

And how right he was! In the year 1906 alloy 
steel ingot production in the United States is esti- 
mated to have been not in excess of 100,000 tons. In 
one of the World War II years more than 13 million 
tons were produced, and during one month of that 
year production actually reached an annual rate of 
over 15 million tons which is two thirds of the entire 
steel output of the year 1906 in which Howe made 
this forecast. 

The commercial history of constructional alloy 
steels may be considered to encompass somewhat 


less than a century. Of course, the groundwork had . 


been laid much earlier by pioneers from Faraday to 
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Mushet, whose illuminating investigations had 
pointed the way, but it was not until Julius Baur 
established a plant in Brooklyn for the manufacture 
of chromium steels in 1869 that commercial produc- 
tion worthy of the name began.’ Progress com- 
mercially, however, was slow until the successful 
exploitation of nickel steels in 1885 by Marbeau in 
France. The unusual properties of these steels in- 
spired the famous Riley discussion of their charac- 
teristics before the British Iron and Steel Institute in 
1889.* The first major effect of this paper was an im- 
mediate investigation by the United States Navy of 
nickel steel armor plate made by the Schneider 
Works in Creusot, France. The results of this careful 
testing program almost overnight, made all unalloyed 
armor plate obsolete for the navies of the world. 
This was one of the most abrupt changes of pattern 
in the history of steel applications. The reasons are 
quite apparent from a contemporary illustration, 
Fig. 1, of the results obtained at Annapolis in 1890. 
These tests were made at short range with 8-in. 
armor-piercing projectiles. The 3% pct Ni alloyed 
plate, in the center, did not crack at any point. In 
fact two of the five projectiles even failed to pene- 
trate completely. Obviously the same cannot be said 
of the normal carbon steel plate on the left or of the 
patented compound plate on the right. The latter is 
believed to have been a composite of a high carbon 
steel face plate combined with a soft steel backing 
plate. 

For nearly two decades thereafter, during which a 
transition from military to industrial applications 
was proceeding, nickel, sometimes coupled with 
chromium, dominated as the alloying element in al- 
loy steels. 

In retrospect, the commercial approach to alloy 
steels in the early years of our century seems naive, 
but in another 50 years steel metallurgists may look 
back on the practices of 1955 with a similar smug 
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Fig. 2—Estimated nickel in shipped weight and average 
nickel content of nickel-containing engineering alloy steels. 


attitude. Nevertheless, it is revealing, in the hght of 
our present knowledge, that Elwood Haynes, an 
automotive pioneer writing in 1906, would boast 
that in 1899 a car built by Haynes and Apperson suc- 
cessfully made a trip from Kokomo, Ind., to New 
York City, a distance of about 1000 miles, without 
serious breakage of any kind.’ The axle was made of 
alloy steel and, according to Haynes, was the first 
such steel to be used in an automobile. He further 
stated that this steel was used in automotive axles 
for five years without a single case of breakage. The 
steel was not only free from crystallization (how my 
old friend H. W. Gillett would have cringed at that 


Fig. 1—Ballistic tests by U. S. Navy on armor plate of carbon (left), nickel (center), and unalloyed compound (right) steels at 
Annapolis in 1890 (after contemporary woodcut). The tests were made at short range with 8-in. armor-piercing projectiles. 
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Fig. 3—Estimated percentage of engineering steel grade mix 
containing indicated element (after Mitchell to 1952). 


statement!) but possessed the amazing tensile 
strength of over 100,000 psi! 

The earliest steels were generally heavily over- 
alloyed as a matter of insurance. They could be sub- 
jected to the crudest of heat treatments or otherwise 
abused and still deliver superior properties. Unneces- 
sary overalloying, however, could not be tolerated for 
long, on an economic basis if for no other reason. As 
technological advances were made in steelmaking 
(especially with respect to grain size control, largely 
accomplished by deoxidation with silicon plus alum- 
inum), heat treating, inspection, and engineering 
design, it was found that the leaner and less ex- 
pensive steels could be satisfactorily employed in a 
majority of applications. The most sudden and 
sharpest shifts in this direction quite naturally oc- 
curred during emergency periods when government 
enforced conservation measures precipitated alter- 
ations which would have evolved much more slowly, 
if at all, under normal circumstances. 

It is fortunate indeed that this retrenchment took 
place. If, for example, the pattern of 1900 had still 
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Fig. 4—Average percentage of content of indicated element 
in the total engineering steel production. 
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prevailed in 1943, the amount of nickel required for 
United States production of low alloy steels alone 
would have totaled some 400 million lb, or consid- 
erably more than the world production at that time, 
Fig. 2. This chart shows the rapidly rising total con- 
sumption to 1943 in the face of sharply decreasing 
percent content. Even with the nickel-containing 
steels reduced from 100 to 56 pct of the total low 
alloy steels produced and their average nickel con- 
tent from 3.50 to 1.25 pct, it is estimated that ap- 
proximately 84 million lb of nickel were incorpo- 
rated in low alloy steels shipped from the mills in 
1943. 

Figs. 3, 4, and 5 are designed to provide a some- 
what panoramic view of the kaleidoscopic variations 
which have occurred in the engineering alloy steel 
picture since the start of our century. They are based 
largely upon the informed estimates so ably pre- 
sented by John Mitchell in the October issues of 
Metal Progress in 1950° and 1952,’ which are sup- 
plemented in these charts by information issued by 
the AISI. The term engineering alloy steels in the 
charts refers to low alloy constructional steels 
mainly identifiable by AISI and SAE classification 
numbers. It does not include stainless steels, elec- 
trical silicon sheet steels, tool steels, or proprietary 
high strength low alloy structural steels. 

Fig. 3 indicates the variation over the years 1900 
to 1955 in the percentage of these steels containing 
each of the four major alloying elements: nickel, 
chromium, molybdenum, and vanadium. In 1900 
virtually all the steels contained nickel, with 10 pct 
of them also carrying chromium. The latter steels 
were preponderantly of the Krupp composition, con- 
taining about 4% pet Ni and 1% pct Cr, developed 
for ordnance applications by the Krupp works at 
Essen, Germany. The Krupp composition, incident- 
ally, has proved of such durability that it, together 
with variations such as the AISI-SAE 3300 and 9300 
steels, is still in considerable demand, particularly 
in the carburizing grades for the most severe appli- 
cations. 

In 1905 vanadium-containing steels, sparked by 
the Ford Motor Co., entered the picture, and for 
some 15 years grew steadily more popular. They 
reached their peak in 1920, when they accounted for 
one third of the total. Their decline began with the 
introduction of molybdenum steels, the use of which 
grew rapidly. Thus between 1920 and 1950 the pre-. 
dominant feature was the rise of the molybdenum 
steels and the parallel decline of the vanadium 
steels, the nickel and chromium-containing share 
varying much less. 

The sharp increase in the molybdenum line in the 
World War II period was due to effective govern- 
ment conservation measures. Molybdenum was in- 
troduced into many steels to replace part of the 
nickel or chromium, forming the triple alloy Ni-Cr- 
Mo National Emergency compositions. 

During the Korean period, on the other hand, it 
was necessary, again under government control, to 
retrench in both nickel and molybdenum. The major 
load was thus shifted to the more available chrom- 
ium, sometimes bolstered by addition of boron to 
increase hardenability. 

With the removal of controls in late 1953, a tend- 
ency can be noted to revert to the pre-emergency 
pattern, a perfectly natural reaction. 

Considerable time has been devoted to Fig. 3 be- 
cause of its basic nature. However, it can convey a | 
misleading impression unless one clearly recognizes 
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Fig. 5—Estimated grade mix of total SAE-AISI ingot production (after Mitchell to 1950). 


that the chart gives no indication whatever of any 
variations in the average percentage of a given ele- 
ment employed in the share which contains it. Thus, 
while the chromium and nickel curves change little 
between 1920 and 1950, the relationship between 
these elements and molybdenum and vanadium is 
influenced by the fact that the average nickel and 
chromium contents of the steels containing them 
were continuously decreasing, while the correspond- 
ing molybdenum and vanadium contents remained 
nearly constant. 

The share of production containing the element 
and the percentage of the element employed therein 
average out for comparison purposes if the mean 
content of the individual element in the total pro- 
duction, as distinguished from the fraction contain- 
ing the element, is plotted, as has been done in Fig. 
4. Expanded ordinate scales for molybdenum and 
vanadium, as indicated by the right hand scales on 
the chart, are necessary for clarity because these 
elements, when used, are employed in smaller per- 
centages than are chromium and nickel. Expanded 
scales are used for molybdenum and vanadium: five 
to one for molybdenum and ten to one for vanadium. 

The development of the National Emergency 
steels in World War II was expedited greatly by the 
' rapid method of hardenability measurement de- 
veloped by Jominy and Boegehold* and the data of 


TRANSACTIONS AIME 


Janitzky and Baeyertz’ and Patton,” which tend to 
show that room temperature tensile, and to some ex- 
tent room temperature notch-impact, properties of 
all tempered martensites are essentially equivalent. 
Limitations are discussed further along in the paper. 
By combining these two developments, both of 
which are discussed in greater detail later, a simple 
approach to maximum conservation of alloying ele- 
ments in time of heavy consumption was at hand. 
The procedure comprised adding the alloys, mainly 
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Fig. 6—Hardness distribution curves for quenched rounds of 
2340 and 5140 steels. 


JUNE 1956, JOURNAL OF METALS—773 


70 
60 
a 
«TN 
50 
c 
NS 
5140 
& 30 
2340 
20 


Distance from Quenched End of Specimen in Sixteenths of Inch 
IWS, ES-169, Mor., 1952 


Fig. 7—Jominy end-quench tests on 2340 and 5140 steels. 


nickel, chromium, and molybdenum, judiciously 
proportioned to secure the hardenability required for 
the application in view. Thus the desired objective 
was at least approximately attained with the least 
expenditure of strategic alloys together with an 
equitable distribution of the alloy load in accordance 
with the available supplies of the three metals. 

The effect of the enforced use of the steels so 
quickly devised according to these precepts upon the 
grade mix of engineering alloy steels was dramatic, 
as Fig. 5 clearly shows. Up to 1939 the nickel, Ni-Cr, 
and Cr-V steels were still accounting for about 50 
pet of production. Within four short years 80 pct of 
this group had been supplanted by the leanly al- 
loyed steels of the Ni-Cr-Mo triple alloy type which, 
as the chart shows, was previously the smallest class 
of all. This shift corresponded with, and largely 
made possible, the indicated better than fourfold 
production increase. 

It cannot be denied that the concept of the equiva- 
lence of all steels of the same apparent harden- 
ability with respect to certain mechanical properties 
greatly helped us to bridge the World War II and 
Korean emergencies. However, the fact that the 
enforced conservation measures caused so many 
pleas for special dispensations to be allowed to con- 
tinue with standard grades was strong evidence ‘that 
the substitute materials, although they could be 
made to perform adequately if fabricated and con- 
ditioned with great care, were lacking in certain 
intangibles. This circumstance tends to cast doubt 
upon the validity of the hypothesis that the proper- 
ties of tempered martensites are independent of 
chemical composition. 

In point of fact large differences exist between 
tempered martensites of equal hardness and hard- 
enability. These differences are not indicated by 
simple room temperature tensile tests. No simple 
testing method for evaluating the basic characteris- 
tics which lead to widely varying performance has 
yet been devised. Nevertheless, experience fre- 
quently shows certain steels to perform satisfac- 
torily while others of ostensibly the same hardness 
and tensile properties will fail miserably in the same 
service. 


Standard Types of Alloy Steels under Discussion 


The procedure followed, in general, is to use the 
type number to indicate the chemical composition of 
each steel. The system is that employed by the SAE 
and the AISI. The use of four numbers is common 
practice. The first two indicate the alloy content and 
the last two show the carbon content (actually 100 
times the percentage of carbon). To indicate an 
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alloy type, without regard to carbon content, the 
last two numbers are replaced with zeros. The fol- 
lowing are the standard alloy types used herein: 


AISI-SAE 

Steel Type Approximate Alloy Content, Pct 
1300 1.8 Mn 
2300 3.5 Ni 
4100 1 Cr, 0.2 Mo 
4300 1.8 Ni, 0.8 Cr, 0.25 Mo 
4600 1.8 Ni, 0.25 Mo 
5100 Cr 
8600 0.6 Ni, 0.5 Cr, 0.2 Mo 

Modified 4300 1.6 Si, 1.8 Ni, 0.8 Cr, 0.3 Mo, 0.1 V 


Hardenability and Its Measurement 


At the outset of this section it is necessary to de- 
fine hardness and hardenability because an appreci- 
ation of both is essential to understanding the heat 
treatment of steels. Hardness is the intensity of 
hardening and is expressed numerically on one of a 
number of empirical scales, such as Rockwell, Bri- 
nell, or Vickers. Hardenability may be defined as the 
tendency of steel to transform (when cooled from 
the austenitic condition) to martensite essentially 
free from ferrite or ferrite-carbide aggregates which 
are decomposition products of lower hardness. Thus 
the manner or rates of austenite transformation de- 
termine the hardenability of a steel, whereas the 
intensity of the hardening is represented by the 
magnitude of the hardness achieved. 

Our knowledge of the relationship between mass 
and cooling rate in the hardening of steel was de- 
veloped to our present concepts of hardenability and 
physics of quenching by the basic work of Porte- 
vin,” French, * Scott,“ and Grossman, Asimow, 
and Urban.” To this list nay be added Grossmann’s 
later work” on calculation of hardenability from 
chemical composition. A fundamental understand- 
ing of the hardening of steel and origin of ferrite- 
carbide aggregates was provided by the studies on 
isothermal transformation of austenite by Daven- 
port and Bain” and Bain.*” A little later, the funda- 
mentals of the transformation of austenite to mar- 
tensite were reported by Greninger and Troiano.” 
Hundreds of investigations have sprung from the 
groundwork laid by these studies, but a recounting 
of them is beyond the scope of the present discussion. 

The most direct and precise measure of harden- 
ability is critical cooling rate, a concept which goes 
back almost 40 years to the work of Portevin.” Work 
on quenching and critical cooling rates by French 
and associates” ™* at the National Bureau of 
Standards nearly 30 years ago indicated that, al- 
though hardness of quenched steel is maximum at or 
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steels. 
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above the critical rate, it is not appreciably less 
after cooling at somewhat slower rates. Thus it was 
shown long ago that high hardness alone is not a 
sufficient criterion of full hardening and that one 
should also examine the microstructure. In recent 
years numerous more convenient methods for the 
study of hardenability have all but replaced the 
direct determination of critical cooling rates. Al- 
though these short cuts have provided much useful 
information, too frequently they have not included 
an appraisal based on the amount of martensite 
present. Consequently, it has been very encouraging 
to see a curve of percent martensite on each end- 
quench hardenability curve in a recent publication.” 

Hardenability can be completely and satisfac- 
torily indicated by a method, such as that used by 
Bain,” * comprising a series of curves showing dis- 
tribution of hardness across a radius or diameter of 
a series of round bars quenched in any specific man- 
ner. Such data can be correlated closely with com- 
mercial quenching of steel. Hardness vs depth curves 
from surface to center for a series of rounds ranging 
in size from 1 to 3 in. in diam are shown in Fig. 6, 
which indicates that this particular 3.5 pct Ni 2340 
steel possesses substantially greater hardenability 
than the 1 pct Cr 5140 steel. For example, at % in. 
below the surface of the 2-in. rounds, the 2340 steel 
hardened to Rc 52, whereas the 5140 steel hardened 
only to Rc 45; furthermore, perhaps the persistence 
of a substantial hardness difference virtually to the 
surface may be of greater significance. This differ- 
ence is not shown by the end-quench hardenability 
data in Fig. 7; in fact, the slight variation of the two 
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curves, if significant at all, actually favors the 5140 
steel. These and similar observations show that the 
end-quench hardenability test* is not always capable 
of indicating significant differences in hardenability, 
such as are shown by hardness gradient over the 
cross section of quenched parts. Troiano and Kling- 
ler” have shown that such differences, although not 
detected by the end-quench test, may reflect sub- 
stantial variations in microstructure, mechanical 
properties, and eventual performance. Thus it ap- 
pears that the limitations of the end-quench test 
must be appreciated along with its well known ad- 
vantages, which include convenience, speed, and 
suitability for the study of carburized cases. 

A martensitic structure on quenching is related to 
the critical cooling rate and is the goal inherent in 
the concept of hardenability. Quenched steels de- 
scribed as martensitic nearly always retain some 
austenite if cooled at, or faster than, the critical 
cooling rate. If cooling is slower than the critical 
rate, the steels are said to be slack quenched and 
contain one or more of the following constituents: 
ferrite, pearlite, bainite, and, unless the cooling rate 
is very slow, an appreciable quantity of austenite. 
Attention will first be centered on the properties of 
structures entirely martensitic prior to tempering 
and then on the effect of slack quenching. Finally, 
the effect of retained austenite, a subject of great 
interest to the author for many years,” will be con- 
sidered. 


Dissimilarity in Mechanical Properties 
of Tempered Martensites 


One aspect of research on steel has been the de- 
velopment of the philosophy in America that harden- 
ability is the dominant factor and that the mechani- 
cal properties of all tempered martensites of the 
same hardness and carbon content are alike, irre- 
spective of the percentage of other alloy elements. 
This philosophy has resulted from a too broad in- 
terpretation of the work of Janitzky and Baeyertz’ 
and Patton.” Their work comprises a significant ad- 
vance, as has been indicated, in understanding the 
factors involved in obtaining desired room tempera- 
ture tensile properties, so widely used in engineer- 
ing. The limitations, listed by Patton, are 1) carbon 
range limited to range of 0.30 and 0.50 pct, 2) room 
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Fig. 11—Effect of tempering temperature on notch tough- 
ness at 75°F of four alloy steels quenched to martensite. 
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temperature ductility and impact within a tensile- 
strength range of 110,000 to 200,000 psi only, and 3) 
the steel must be quenched completely to martensite. 
Today we are interested in strength levels above 
200,000 psi, where Patton’s data are quite scattered, 
and work in the last decade indicates that any sim- 
ilarity in the mechanical properties of tempered 
martensites of different chemical composition de- 
pends on the method of evaluation, in other words, 
the type of test. Consequently, it seems timely to 
review this entire philosophy. 

Unfortunately, room temperature tensile and im- 
pact tests, restricted to a maximum strength level of 
200,000 psi, represent only a small portion of the 
possible conditions, shown in Fig. 8, under which 
steel may be used. Fig. 8 is a three-dimensional 
schematic diagram relating: 1) hardness or strength 
which is inversely related to the tempering temper- 
ature, 2) severity of test which is affected by such 
variables as testing temperature, speed of load ap- 
plication, and notch sharpness, 3) ductility as indi- 
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cated by notch toughness, tensile reduction of area, 
notch-tensile strength, and similar criteria. Such a 
diagram summarizes schematically a great amount 
of testing experience on tempered martensites, as 
will be shown presently. First, however, it needs 
some explanation. 

A discussion of Fig. 8 must be prefaced by em- 
phasizing that it is only schematic and that, there- 
fore, the various dimensions are purely relative. The 
ductility axis is vertical; thus, the height of the roof 
represents ductility or notch toughness. The front 
axis is hardness or strength, which decreases as 
tempering temperature increases. The axis running 
front to back represents severity of test or use in- 
duced by changes in temperature, notch acuity or 


Table |. Chemical Composition of Steels Investigated 


Chemical Composition, Pct 


AISI-SAE 
Steel Type* Cc Mn Si Ni Cr Mo Vv Aly N 


Fine Grain Type?—Deoxidized with Silicon and Aluminum 
4 1.79 0.24 i 


1340 0.43 Nal — 0.020 0.006 
2345 0.44 0.83 0.26 3.55 0.06 0.03 — 0.055 0.008 
4140 0.41 0.82 0.23 — 0.95 0.16 — 0.018 0.005 
4340 0.40 0.82 0.29 1.72 0.85 0.25  — 0.017 0.010 
4640 0.42 0.76 0.24 1.78 0.18 0.26 — 0.032 0.010 


5145 0.45 0.68 0.17 0.04 0.95 0.02 — 0.024 0.001 
Modified 4340§ 0.38 0.77 1.57 1.82 0.84 0.32 0.07 0.027 — 


1340 0.41 2.02 0.41 0.03 0.08 Nil _ —_— ae 
1355 0.56 1:82 0.29 — — — — 
2340 0.41 0.91 032 3.31 0.08 0.01 — — = 
5140 0.41 0.86 0.34 0.06 0.98 0.01 — = = 


* Some are not in the standard list at present or are slightly 
outside the specified range; however, this identification is used for 
convenience. 

+ Acid soluble; that is, alumina is not included. 

+ Commercial heats made in basic open hearth or basic electric- 
are furnace. 

§ Modified by high silicon and molybdenum, and by 0.07 pet V. 

** Commercial induction-furnace heats, except 1355, which was 
made in a laboratory induction furnace. 


sharpness, and speed of loading which, in turn, de- 
termine degree of constraint and multiaxiality of 
loading. 

In Fig. 8 the coastal plane, ABCDEFGHJKL, 
represents minimum ductility, the brittle condition, 
caused by high hardness (low tempering tempera- 
ture), severe constraint, or an unfavorable combina- 
tion of these variables. As tempering temperature is 
increased from T1 to T4, going from left to right on 
the front axis, the ductility of the tempered marten- 
site increases to produce the ridge MN on the T4 
front-to-back rib between severity conditions P4 and 
P8. This ridge drops to the brittle coastal plane at H 
only under the severe conditions of test or use rep- 
resented by Pl to P3. Tempering martensite in the 
range T5 to T6 produces the valley PG, which rep- 
resents the so-called 500°F embrittlement. Above 
T6 the ductility rises as tempering temperature is 
increased, except that significant embrittlement may 
develop in the vicinity of T8 to T9, representing 
tempering temperatures of 850° to 1100°F, if time 
in this region is longer than about 1 hr. For sim- 
plicity we will assume that tempering time is short 
enough to minimize this temper-embrittlement diffi- 
culty to an insignificant amount. 

In Fig. 8 room temperature tensile tests, such as 
those of Patton,” occupy a small region in the vicinity 
of RS, at the right rear; consequently, one would 
expect fairly high, uniform ductility in his results 
because conditions are mild. At the same time it is 
obvious that RS represents only a small portion of 
conditions under which steel may be tested or used. ° 
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Coarse Grain a with Silicon 


Table Il. Heat Treatment of Steels for Study of Effect of Chemical Composition If Full or Slack Quenched Prior 
To Tempering to Rc 32 to 35 


Austenitizing+ Quenched to Martensite Slack Quenched to Re 40 
Tempering* Tempering: 
AISI-SAE Temperature Grain Size Quench T ‘ re 
3345 Water 950 35 725 33 
4140 a 8 Oil 950 35 775 35 
4340 i 9 Oil 1000 35 800 35 
4640 550 8 Oil 1200 33 1000 34 
Pian 1550 7to8 Oil 1175 35 925 32 
1575 8 Water 950 35 800 35 


* These steels are the fine grain type, see Table I. 
y+ At temperature for 1 hr. 
¢ Water quenched after a 1 hr temper. 


As conditions of test or use become more severe, 
for example by lowering the temperature, the duc- 
tility of steel decreases most markedly in the region 
of 500°F embrittlement, corresponding to the valley 
PG in Fig. 8. The work of Ripling” on unnotched 
specimens of 1340 steel slowly loaded in the rela- 
tively mild tensile test illustrates this change in 
ductility, as shown in Fig. 9. The curve for a test 
temperature of 75°F shows no deterioration in re- 
duction of area if tempered in the range 500° to 
700°F, whereas the curves for —110°, —220°, and 
—321°F, representing successively more severe con- 
ditions, show successively more evidence of 500°F 
embrittlement as testing temperature is lowered. 

The use of low test temperatures is not the only 
way to increase the severity of the tensile test. 
If room temperature tensile tests are made on 
notched specimens, the constraint imposed by the 
notch may become great enough not only to detect 
various types of embrittlement but also to detect 
significant differences between tempered martensites 
at high strength levels (above 200,000 psi). Such 
differences are not detected by tests of unnotched 
tensile specimens at room temperature. 

Sachs and associates,” * who developed the notch- 
tensile test, have shown that the notch-tensile 
strength increases one and a half times as fast as the 
tensile strength, as indicated by the diagonal straight 
line in Fig. 10, until a limiting value, characteristic 
of the type of steel being tested, is reached. Above 
this value the notch strength begins to lag. Sachs has 
shown that above the breakaway point notch 
strength is controlled by the notch ductility, as in- 
dicated by reduction of area at the root of the notch. 
Conversely, therefore, the notch strength in this re- 
gion is a measure of the notch ductility. Thus the 
present data indicate that at high strengths notch 
ductility is least for 1340 and increases progressively 
for the 5140, 2340, and 4340 steels.” This illustrates 
that, as already mentioned, the room temperature 
notch-tensile test is capable of distinguishing be- 
tween alloy steels of different chemical composition. 

Notch-impact tests, such as Charpy or Izod tests, 
are inherently more severe than tensile tests of un- 
notched specimens. It is not surprising, therefore, to 
find that Charpy notch-impact tests at room tem- 
perature differentiate between steels of different 
chemistry. This is shown in Fig. 11 by data from two 
sources,” * one being Grossmann’s Howe Lecture in 
1945. These curves show the ridge corresponding to 
the 400°F temper and the 500°F embrittlement val- 
ley: Thus they fit well into the general scheme of 
things in the schematic diagram, Fig. 8. 
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Notch-impact data at a series of test temperatures 
comprise a particularly good way to illustrate the 
notch toughness of different steels. A large amount 
of testing experience indicates that a significant 
criterion of notch toughness is the test temperature 
at which the energy absorbed reaches some rela- 
tively low value in the range of 10 to 20 ft-lb,” the 
same energy level preferably being chosen for com- 
paring the same group of steels. The data in Fig. 12 
show that sizeable differences in notch toughness of 
tempered martensites do exist between steels with 
different chemical compositions. The steels are the 
fine grain type and are the first six listed in Table I. 
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Fig. 14—Notch toughness at room temperature of 2340, 
5140, and 1340 steels water quenched and tempered at 
1000°F, showing development of temper embrittlement. 


5 T T 7 T T T | 
Austenitized One 
| Hour at 1525 °F., Quenched, a 

Tempered to 35 Rc 2 | 
40 OF rtensite 
s ni 
30 
Qa 
£ 
x= 
: al 
Z 20 
> 
10 

——!| 
—300 -200 -100 0 100 200 300 400 


Test Temperature-°F 


Fig. 15—Effect of slack quenching on notch toughness of 
1340 steel. 
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Fig. 16—Notch toughness of six alloy steels slack quenched 
to Rc 40 and tempered to Rc 32 through 35. The 4340 curve 
terminates immediately below the 2345 curve. 
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Fig. 17—Charpy V-notch-impact transition temperature (15 
ft-lb) of six steels full or slack quenched prior to tempering 
to Re 32 through 35. 
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Fig. 18—Influence of carbon content on reduction of area 
(after Busby, Paxton, and Hawkes). 


Details of their heat treatment, comprising quench- 
ing to martensite before tempering to Rc 33 through 
35, are given in Table II. 

The trends in Fig. 12 may be summarized by noting 
that 1) 4345 is best and 1340 is worst, 2) 2345, 4140, 
4640, and 5145 are intermediate, and 3) at the 
lowest test temperatures 5145 definitely joins 1340 
in poor behavior. The carbon range of the group is 
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narrow: 0.40 to 0.45 pet. Almost identical data on a 
different set of fine grain commercial steels of the 
same six AISI-SAE types were obtained by Baey- 
ertz, Craig, and Sheehan,” the only significant dif- 
ference in the results being that the 4140 did not 
make as good a showing as it does in Fig. 12. 

Sizeable as the variations are in Fig. 12, they do 
not approach the tremendous differences which can 
develop, as shown in Fig. 13 by four martensites 
which were tempered at 400°F and differ in transi- 
tion temperature, using 10 to 15 ft-lb as the criterion, 
by almost 600°F. The 4340, modified as indicated, 
has a transition temperature of about —200°F as com- 
pared to about +400°F for the 5145 and the 1340. The 
difference in the deoxidation practice between the 
4340 and the 1340 partially accounts for the wide 
variation between them. The silicon deoxidized 1355 
steel, which is higher in carbon than the others, re- 
mained brittle when tested at 600°F and only 
reached 10 ft-lb on testing at 800°F. Thus, the 10 ft- 
lb transition temperatures of the modified 4340 and 
the 1355 differ by 1000°F. However, the potential 
difference is probably even greater, because the 1355 
steel received the additional toughening treatment 
of an 800°F temper during testing. This experiment 
was, as you may suspect, designed deliberately to 
emphasize the wide spread of the possible differ- 
ences which similarly tempered martensites may ex- 
hibit. The chemical composition and heat treatment 
of the steels in Fig. 13 are given in Tables I and III, 
respectively. 


Table Ill. Heat Treatment of Steels for Study of Effect of Chemical 
Composition if Quenched to Martensite Prior to Tempering at 400°F 


Temper- 
Austenitizing+ ings 
Tem- 
Grain per- Tempered 
AISI-SAE Temper- Size, Quench ature, Hardness, 
Steel Type* ature, °F ASTM Medium oF Re 
Modified 4340 1650 4to7 Oils 400 54.5 
5145 1575 6 to 8 Oils 400 55.5 
1340 1675 5 to 6 Oil 400 52 
1355 1675 5 to 6 Oil 400 51 


* Modified 4340 and 5145 are fine grain type; 1340 and 1355 are 
coarse grain type. See Table I 

+ At temperature for 1 hr. 

t Water quenched after a 1 hr temper. 

§ Cooled also to —320°F in liquid nitrogen within about 10 min 
after oil quenching. 


When steels are tempered in, or slowly cooled 
through, the temperature range 850° to 1100°F, 
many are susceptible to a disease known as temper 
embrittlement.” *, The notch-impact test provides a 
convenient method of evaluating this susceptibility, 
as shown in Fig. 14 for the 2340, 5140, and 1340 
steels austenitized, water quenched to martensite, 
tempered at 1000°F for 1, 4, or 24 hr, water 
quenched, and tested at room temperature. These 
steels were made and deoxidized similarly with sili- 
con alone, see Table I, yet they differ significantly 
in susceptibility to temper embrittlement: the 2340 
showing none; the 5140, some; and the 1340, most. 
These trends are in general agreement with the data 
of Taber, Thornlin, and Wallace.” 

The data in Fig. 14, backed by extensive notch- 
impact tests representing many tempering and test- 
ing temperatures, should not be interpreted to mean 
that temper embrittlement cannot be developed in 
2340 steel. On the other hand these data and other - 


TRANSACTIONS AIME 


| | 4 A 
| 
Anat 5145 1340 
100 
meee 
Ga Ga 
G 
- j 
1 


GY 


3X) 


SKS 


<> 


Transition Temperature °F 


8 


Laboratory Heats, Oil Quenched to Martensite, 
Tempered One Hour 1000° F., Water Quenched. 


Fig. 19—Effect of carbon content on Charpy V-notch impact 
transition temperature, based on 12 ft Ib (after Baeyertz, 
Craig, and Sheehan). 


testing experience do show conclusively that the 
_ rate of development of, or severity of, temper em- 
brittlement and 500°F embrittlement increases in 
the order 2340, 5140, 1340. This again demonstrates 
that all tempered martensites are not alike. It is 
also interesting to note that the order for these three 
steels is the same as shown by the notch-tensile and 
notch-toughness data in Figs. 10 and 12, respectively. 


Dissimilarity in Mechanical Properties if Slack 
Quenched and Tempered 

Thus far attention has been centered entirely on 
steels quenched to martensite (plus some retained 
austenite) before tempering. In commercial quench- 
ing this is the exception rather than the rule, as 
shown by studies in England and America. A study 
of American practice shows that less than 20 pct of 
representative machine parts” are quenched essen- 
tially completely to martensite before tempering. 
The remainder are slack quenched to a microstruc- 
ture comprising martensite plus ferrite and/or 
ferrite-carbide aggregates formed at relatively high 
temperatures. As the martensite is diluted with these 
high temperature products, the as-quenched hard- 
ness drops as shown in the following tabulation 
which, although the values listed are for 1340 steel, 
is typical of the general trend in carbon and alloy 
steels: 


High Temperature 


Hardness, Martensite, Products, Type of 
Rc Approximate Pct Approximate Pct Quench 
58 100 0 Full 
Dill 85 15 Slack 
47 70 30 Slack 
40 40 60 Slack 


Thus the drop in hardness indicates the relative 
amount of high temperature transformation prod- 
ucts. The transition temperature, based on the fre- 
quently accepted criterion of 15 ft-lb, is raised 50°, 
100°, or 350°F above that of full martensite by slack 
quenching to Rc 51, 47, or 40, respectively, and tem- 
pering to a’constant hardness of Rc 35, Fig. 15. This 
is the coarse grain type of 1340 steel, Table I, and its 
heat treatment for study of slack quenching is 
shown in detail in Table IV. 

Inasmuch as slack quenches are common in indus- 
try, it is desirable to examine a number of alloy 
steels to determine if chemical composition affects 
notch toughness or ductility in this heat treated con- 
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Fig. 20—Effect of three alloy elements on Charpy V-notch 
transition temperature taken at 50 pct of maximum energy 
(data from Busby, Paxton, and Hawkes). 


dition. This has been done for the first six steels in 
Table I, which shows that all are the fine grain type. 
They were slack quenched to Rc 40 and _ subse- 
quently tempered to a Rc range of 32 through 35. 
Details on heat treating are given in Table II. The 
results in Fig. 16 show that the temperature at 
which the steels reach the 10 to 20 ft-lb range differs 
by more than 200°F. Certainly all are not alike, 
even though the curves for some cross one another. 

Comparison of the curves in Fig. 16 with those for 
the fully quenched and tempered condition, Fig. 12, 
shows that slack quenching has emphasized the dif- 
ference between the steels, thus suggesting that the 
effect of chemical composition is greater in the case 
of slack quenching. This is better illustrated in Fig. 
17, in which the steels are arranged, from left to 
right, in the order of decreasing notch toughness for 
the slack-quenched condition, using the criterion of 
transition temperature based on 15 ft-lb. The differ- 
ence between the two bars for each steel is a meas- 
ure of the rise in transition temperature caused by 
slack quenching. This marked rise in transition tem- 
perature, produced by slack quenching, is empha- 
sized in the following table, which provides a more 
quantitative aspect and also shows the variations 
between steels of different types: 


Transition Temperature, °F, 
Based on 15 Ft-Lb 


AISI Slack Quenched Quenched to 
Type to Rc 40 Martensite 


Increase Caused 
by Slack 
Quenching, °F 


2345 ~ —150 Less than —320 More than 170 
4340 —100 Less than —320 More than 220 
4640 —100 — 260 160 
4140 —70 Less than — 320 More than 250 
5145 10 228 238 
1340 135 —175 310 


In summary we may say that the steels differ in 
transition temperature by 285°F as slack quenched 
prior to tempering and by more than 145°F if 
quenched to martensite before tempering. This de- 
gree of slack quenching has raised the transition 
temperature on the average by more than 200°F. 
These numbers, although interesting, are in them- 
selves of less significance than the fact that their 
relative magnitudes are indicative of the general 
or relative performance to be expected under ad- 
verse conditions of use. 

The value of data on transition temperatures of 
fully quenched and tempered or slack quenched and 
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a—2.5 pct austenite (54.5 Rc) 
Oil quenched and cooled to —320°F. 


b—5 pct austenite (53.5 Rc) 
Quench arrested at 390°F for 25 min. 


c—10 pct austenite (52 Rc) 
Quench arrested at 440°F for 1 hr. 


Fig. 21—Light micrographs show modified 4340 steel austenitized at 1650°F, quenched as indicated, and tempered at 400°F. 
Specimens were etched with super picral-nital. X1000. Area reduced approximately 15 pct for reproduction. 


tempered steels is diminished considerably by the 
almost complete lack of statistical data in this field. 
For example, we do not know the amount of vari- 
ability to expect in transition temperature between 
heats made by the same steelmaking practice or by 
different steelmaking practices in the same or dif- 
ferent mills. If we had such statistical information 
we could evaluate the significance of these data in 
terms of the degree of certainty of the various 


Table IV. Heat Treatment of 1340 Steel to Show Effect of Dearee 
of Slack Quenching 


Tempering Tempered 

Temperature, Hardness, 
Cooling from 1525°F Austenitize* oF +t Re 
Water Quench to Rc 58, Martensite 1000 34 
Slack Quench to Rc 51 900 35 
Slack Quench to Rc 47 850 Bi) 
Slack Quench to Rc 40 725 35 


* Austenite grain size after 1 hr at 1525°F is 7 to 8 (ASTM 
scale) in this coarse grain type of 1340 steel. 
+ Specimens were tempered for 1 hr and water quenched. 


trends. As things are now, however, we must be con- 
tent with the general trends observed and the in- 
ferences made therefrom. 


Effect of Alloy Elements on Ductility and 
Notch Toughness 
It has been known for a long time that, in general, 
an increase in the carbon content of steel for any 
given hardness and type of microstructure is often 
accompanied by a decrease in ductility.* The recent 


* Probably this is not always true except for short tempering 
times because of temper embrittling effects in the vicinity of 850° 
to 1100°F. 


work of Hawkes” illustrates the effect of carbon on 
the reduction of area of fully hardened and tem- 
pered steels at a tensile strength of 150,000 psi. More 
recently Busby, Paxton, and Hawkes” showed that, 
for the same strength level, the reduction of area is 
higher for steels in the 0.11 to 0.28 pct C range than 
in the 0.30 to 0.50 pet C range studied by Patton,” as 
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shown by Fig. 18. The effect of carbon on notch-im- 
pact transition temperature of three types of alloy 
steel (all oil quenched to martensite, tempered at 
1000°F, and water quenched) is indicated in Fig. 19, 
which was prepared from selected data from the 
work of Baeyertz, Craig, and Sheehan.” * Fig. 19 
shows that as carbon is decreased from 0.80 to 0.40 
pet for the 2300, 4300, and 8600 steels, there is a 
decided lowering of transition temperature. No sig- 
nificant decrease in transition temperature occurs in 
reducing the carbon content progressively from 0.40 
to 0.30 to 0.20 pct; in fact, there is a slight indication 
of an increase in transition temperature. This is sur- 
prising because a decrease in transition temperature 
(increased ductility) was expected. About all we 
can say is that if there is a decrease in transition 
temperature in going from 0.40 to 0.20 pct C, these 
data do not suffice to show it. Furthermore, the few 
scattered published data fail to support a decrease 
in transition temperature in going below 0.40 pct C. 
Further work is needed in this area. 

Quantitative data on the effect of other alloy ele- 
ments in the quenched-tempered condition are very 
scarce, but an analysis of the data of Busby, Paxton, 
and Hawkes shows the effects of increasing man- 
ganese, nickel, and chromium on transition tempera- 
ture in the base composition indicated in Fig. 20. 
The 16 fine grained steels used for Fig. 20 were aus- 
tenitized at 1600°F, quenched to martensite, and 
tempered for 24 hr at 212°F to a hardness range of 
Rc 49 through 54. The curves in Fig. 20 indicate that 
transition temperature is increased greatly by man- 
ganese, increased a little by chromium, and de- 
creased greatly by nickel. Alone these data would 
be of insufficient weight to be convincing, but they 
confirm the trends presented above. Data are also 
available on silicon which, if about 1.5 pct is added, 
lowers transition temperature on tempering in the 
vicinity of 500° to 600°F by raising the temperature 
of 500°F embrittlement, as shown by the work of 
Allten and Payson“ and Shih, Averbach, and 
Cohen.” The beneficial effect of silicon is limited to 
this tempering range. 
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a—2.5 pct austenite (54.5 Rc) 
Oil quenched and cooled to —320°F. 


b—5 pct austenite (53.5 Rc) 
Quench arrested at 390°F for 25 min. 


c—10 pct austenite (52 Rc) 
Quench arrested at 440°F for 1 hr. 


Fig. 22—Electron micrographs show modified 4340 steel austenitized at 1650°F, quenched as indicated, and tempered at 400°F. 
Specimens were etched with super picral. Negative parlodin replica was shadowed with germanium at 30° from the normal to 
plane of replica. X10,000. Area reduced approximately 35 pct for reproduction. 


A point of considerable interest is that manganese 
lowers transition temperature very significantly in 
low carbon normalized steels, as indicated by sev- 
eral technical articles and work to be published 
shortly by two of the author’s associates. Unfor- 
tunately this reversal of the effect of manganese is 
just as much a mystery as the unexpected behavior 
of carbon at low levels. 

The mechanism by which the alloy elements effect 
changes in ductility and notch toughness is unknown 
except that silicon retards tempering by retarding 
the formation of platelet cementite, which is as- 
sociated with 500°F embrittlement.” ” This know]l- 
edge about the effect of silicon and the fact that 
notch toughness is affected greatly by microstruc- 
ture suggest that eventually we may find that the 
other elements exert their influence through micro- 
structural changes not yet detected. Such studies on 
tempered martensite are needed. The improvement 
in notch ductility, usually accorded to nickel, may 
be associated with microstructural changes during 
tempering. On the other hand, it may be associated 
with changes in the properties of the ferrite matrix, 
such as development of a subgrain structure pos- 
sibly associated with dislocations, which appear to 
be intimately related to metal’s flow and fracture. 


Effect of Retained Austenite 

A subject which has been controversial for many 
years is the effect of retained austenite on the me- 
chanical properties and service life of steel. French 
has discussed its beneficial effects in relation to 
fatigue life* and room temperature notch tough- 
ness.” Cohen and co-workers reported that the most 
striking effect of retained austenite is a decrease in 
yield strength and elastic limit,” and demonstrated 
that, as might be expected, it is strain sensitive and 
may undergo transformation during mechanical 
testing.” The latter observation may be associated 
with its tendency to add to fatigue life which is en- 
_hanced, within limits, by an increase in hardness, 
such as would result on transformation of the re- 
tained austenite to martensite. 
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More work is needed to bridge the gap between 
the effects of retained austenite as indicated by lab- 
oratory tests and its effect on service life of machine 
parts. For many years some metallurgists have sug- 
gested that it may be highly beneficial in heavy 
duty applications, such as carburized gears for 
trucks, yet others claim that it is detrimental even 
in ordinary applications. Work is now in progress 
to relate the amount of retained austenite to the life 
of carburized steel gears. 

No data have appeared on the effect of retained 
austenite on transition temperature. Therefore, it 
was decided to do a little exploratory work. For 
this purpose a steel is needed that can be heat 
treated to a martensitic matrix in which the amount 
of retained austenite can be varied widely and in 
which a Charpy V-notch-impact of 15 ft-lb, or more, 
develops on tempering at 400°F. This temperature is 
near the maximum allowable to avoid significant 
transformation of austenite. Such steels are scarce; 
however, the modified 4340 steel containing 1.6 pct 
Si and 0.07 pct V, Table I, meets these requirements 
reasonably well. 

Three levels of austenite, 2.5, 5, and 10 pct as re- 
vealed by X-rays, can be retained in an essentially 
tempered-martensite matrix of this steel by employ- 
ing the heat treatments shown in Fig. 21. The term 
essentially tempered martensite is used advisedly, 
because the two quenching arrests, necessary to 
stabilize more austenite than present in the directly 
quenched specimen, may contribute to bainite for- 
mation. This is indicated by the isothermal trans- 
formation diagram, which, incidentally, is almost 
identical for this modified 4340 steel” and regular 
4340 steel.” The specimens were etched in an unsuc- 
cessful attempt to reveal the expected bainite, 
rather than retained austenite which requires a dif- 
ferent etching procedure. Thus the three micro- 
graphs, all at a magnification of X1000, in Fig. 21 
are practically identical. Electron micrographs at 
X10,000, Fig. 22, also show no discernible difference 
among the three specimens. These observations are 
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Fig. 23—Influence of retained austenite on notch toughness 
of modified 4340 steel tempered at 400°F. 


in agreement with considerable metallurgical ex- 
perience, and with recently published electron micro- 
scopic work,” in which there was no significant dif- 
ference in microstructure between tempered mar- 
tensite and tempered low temperature bainite. 


It seems reasonable to assume from the foregoing 
discussion that the only significant difference in 
microstructure, produced by the heat treatments in- 
dieated in Figs. 21 and 22, may be the 2.5, 5, and 10 
pet retained austenite. In Fig. 23 the Charpy impact 
curves for these three levels of retained austenite, 
over the usual testing temperature range, do not in- 
dicate any major effect of retained austenite. Yet it 
should be mentioned that the differences which do 
exist indicate that the retained austenite, within 
limits, may improve low temperature notch tough- 
ness. Further work is needed in this field to provide 
convincing data. 


Summary 


As predicted by Howe in 1906, alloy steels have 
enjoyed a large and continuous growth. This growth 
has been accompanied by lower and lower percent- 
ages in the steels of the two initial alloying ele- 
ments, nickel and chromium, as improvements in 
steelmaking, heat treatment, and design of machine 
parts were made and as other elements, such as 
vanadium, molybdenum, and boron, were to be use- 
ful alloy elements in hardenable steels. Artificial 
alloy shortages, induced by abnormal production re- 
quirements during national emergencies, have accel- 
erated changes in alloy steel compositions. 

Chemical composition significantly affects the duc- 
tility and notch toughness of tempered martensites, 
as demonstrated by supporting data. This is in dis- 
agreement with a growing philosophy in America 
that all tempered martensites are alike and that, 
therefore, hardenability is the only significant factor 
in steel selection. The effect of chemical composition 
is even more pronounced if steels are _ slack 
quenched, as is the rule rather than the exception 
in commercial practice, to give a mixture of marten- 
site and ferrite plus ferrite-carbide aggregate prior 
to tempering. 

The data which have been presented herein sug- 
gest that the mechanical properties of the triple 
alloy Ni-Cr-Mo steels are, in general, superior to 
those of the double or single alloy steels. This is a 
happy circumstance because, as is well known, the 
triple alloy steels comprise the most efficient use of 


782—JOURNAL OF METALS, JUNE 1956 


the elements for imparting hardenability. The 
amount of these elements in scrap continues to 1n- 
crease, conservation therefore is greatly aided by 
concentrating on the triple alloy grades with or 
without vanadium and boron. 
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Mechanism of Electrical Conduction in Molten 


Cu S-Cu Cl and Mattes 


_ The specific conductance and its temperature dependence were measured over the 
entire Composition range of the molten Cu,S-CuCl system. At a typical temperature of 
1200°C, 10 mol pct of the ionically conducting CuCi reduced the specific conductance 
from about 77 ohm cm for pure Cu.S to about 32 ohm'cm"™, and 50 mol pct CuCl 
reduced the conductance to that for pure CuCl—about 5 ohm'cm™. The nature of 
electrical conduction in molten Cu.S, FeS, CuCl, and mixtures was studied by measur- 
ing the current efficiency of electrolysis at about 1100°C. The Cu.S, FeS, and mattes 
were found to conduct exclusively by electrons, but addition of 15 wt pct CuS to Cu.S 
produces a small amount of electrolysis. Addition of CuCl to Cu.S suppresses electronic 
conduction, and ionic conduction reaches almost 100 pct at a CuCl concentration of 
about 50 mol pct. These facts are interpreted in terms of electron energy level dia- 


grams by analogy to the situation in solids. 


by Ling Yang, G. M. Pound, and G. Derge 


Ke of electrical conductivity studies on 
molten Cu-FeS mattes as a function of com- 
position and temperature have been reported.’ The 
specific conductances ranged from about 100 ohm 
cm™~ for pure Cu.S to 1500 ohm cm” for pure FeS. 
This is in sharp contrast with the low specific con- 
ductance of molten ionic salts for which the transfer 
of electricity is by migration of ions in the field. In 
general, these ionically conducting molten salts, such 
as NaCl, KCl, CuCl, etc., have a specific conduct- 
ance of the order of magnitude of 5 ohm™ cm”. It 
was concluded on the basis of this evidence that 
molten FeS and Cu.S exhibit electronic conduction. 
Pure moiten FeS has a small negative temperature 
coefficient of specific conductance, resembling metal- 
lic conduction, while pure molten Cu.S has a small 
positive temperature coefficient, resembling semi- 
conduction. The molten Cu.S-FeS mattes follow a 
roughly additive rule of mixtures, both with respect 
to specific conductance and temperature coefficient. 
Savelsberg’ has studied the electrolysis of molten 
Cu.S and Cu.S + FeS. He concluded that while 
molten Cu.S is an electronic conductor, there is 
some ionic conduction in molten Cu.S + FeS, owing 
to the formation of the molecular compound 
2Cu.S:FeS and its dissociation into Cu* and FeS,* 
ions. The present work does not verify his results. 

Chipman, Inouye, and Tomlinson® have studied 
the specific conductance of molten FeO and report 
a high specific conductance, about 200 ohm™ cm", 
of the same order of magnitude as that found for 
molten mattes, and a positive temperature coeffi- 
cient. They interpret these results in terms of p- 
type semiconduction in the ionic liquid by analogy 
to the situation in solid FeO.“ Simnad and Derge’ 


L. YANG is Research Associate, Metals Research Laboratory, 
Carnegie Institute of Technology. G. M. POUND and G. DERGE, 
Members AIME, are Assistant Professor and Jones & Laughlin Pro- 
fessor of Metallurgical Engineering, respectively, Carnegie Institute 
_ of Technology, Pittsburgh. 

“TP 4117E. Manuscript, Apr. 11, 1955. New York Meeting, Febru- 
ary 1956. 
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detected appreciable ionization in molten FeO by 
means of electrolytic cell efficiency measurements. 

In order to verify the conclusion that electrical 
conduction in molten Cu.S and mattes is electronic, 
and to gain further insight into the structure of 
molten sulfides, the following investigations were 
carried out in the present work: 

1) The specific conductance, co, of the molten 
system Cu.S-CuCl was measured as a function of 
temperature over the entire composition range. As 
discussed later, molten CuCl is an ionic substance. 
It was thought that if molten Cu.S were simply ionic 
in nature, addition of small amounts of CuCl might 
not have a catastrophic effect in lowering the high 
conductance of the Cu.S. On the other hand, if much 
electronic conduction occurs, addition of the ionic 
CuCl should have a large effect in destroying the 
electronic conduction. 

2) The electrolytic cell efficiency of the following 
molten systems was measured at about 1100°C in 
specially designed cells: Cu.S; Cu.S + FeS, 50:50 by 
wt; FeS; CuuS+ CuS, 15 wt pct; Cu.s + CuCl, 
5.9 to 46.4 mol pct; and CuCl. This gives a direct 
measure of the fraction of current carried by ions 
in these melts. Further, the cell efficiency, extra- 
polated to zero ionic current, is given by 

cell efficiency = + Teiectronic) [1] 
Cioie fOr molten Cu.S would be expected to be no 
greater than that for molten CuCl, whose ojo. 1S 
about 5 ohm™' cm", as will be seen in the following. 
Cerectronie FOL Molten Cu.S is of the order of 100 ohm” 
em.’ Thus, a large increase in cell efficiency from 
0 to values of 10 to 100 pct upon addition of CuCl 
to Cu.S would indicate destruction of the electronic 
conductance. 

Conductance Measurements 

Experimental Procedure—The apparatus and ex- 
perimental method were the same as those de- 
scribed in detail in connection with the study of 
electrical conduction in molten Cu.S-FeS mattes.’ 
A four terminal conductivity cell and an ac poten- 
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Fig. 1—Graph plots specific conductance of melts of CuoS 
with CuCl. 


tiometer circuit were used to measure specific con- 
ductance. The tubes of the cell were of silica. 
Spectrographic graphite rods served as electrodes. 
The molten Cu.S-CuCl was contained in a dense 
Alundum crucible. The melt was held at tempera- 
ture in an induction heated tube furnace with 
graphite heater under a helium atmosphere. Tem- 
perature was measured with a calibrated Pt—Pt-Rh 
thermocouple. 

The Cu.S-CuCl specimens were prepared from 
the cp grade compounds by prefusing in a graphite 
crucible under a helium atmosphere.t+ After the 


j The phase diagram for the CusS-CuCl system is thought to be a 
simple eutectic. 


conductance measurements, the specimens were 
analyzed for copper and sulfur by methods de- 
scribed in a previous publication.’ The specimens 
were analyzed for chlorine by an evolution method. 
The powdered specimen is treated with dilute nitric 
acid in a closed system equipped with a reflux con- 
denser and a collecting flask containing AgNO, solu- 
tion to collect the HCl gas evolved. The AgCl pre- 
cipitate is filtered, dried, and weighed. The con- 
tents of the specimen flask are also filtered, and this 
filtrate is treated with AgNO, to recover any dis- 
solved chloride. As previously discussed, a small 
amount of desulfurization occurs in the course of 
the experiment, and some of the volatile CuCl is 
lost. However, the analyses show that the nominal 
compositions indicated in Figs. 1 and 2 are correct 
to within 5 pct. Inasmuch as the analyses for sul- 
fur are subject to some uncertainty as previously 
considered,'t it is deemed sufficient for the present 


t The analyses for copper and iron are considered to be fairly 
precise. These analyses are the important ones in the electrolysis 
work. 


purposes of the conductance work to give only the 
nominal compositions. 
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Conductance Results—The assembled specific con- 
ductance data for molten Cu.S-CuCl systems are 
given in Fig. 1. It is seen that the ionically con- 
ducting CuCl has a great effect in reducing the 
specific conductance of molten Cu.S. This effect is 
better demonstrated in the plot in Fig. 2, where 
specific conductance is plotted vs mol pct CuS at 
a typical temperature of 1200°C. It is seen that 
small additions of CuCl greatly reduce the specific 
conductance of molten Cu.S, and 50 mol pet of CuCl 
reduces the conductance from 77 to about 5 ohm” 
em”. This is close to the value’ for pure molten 
CuCl or, indeed, most ionically conducting salts. 
The points at compositions rich in CuCl were ob- 
tained by extrapolation from specific conductance 
data taken at lower temperatures, because the 
volatility of CuCl is too great to permit measure- 
ment at 1200°C. This extrapolation does not en- 
danger the interpretation of Fig. 2, since the specific 
conductance of CuCl-rich melts is so small. 


Electrolytic Cell Efficiency Measurements 

Experimental Procedure—Apparatus: The cur- 
rent efficiency of electrolysis has been determined 
either from the gain at the cathode or the loss at the 
anode. The arrangements of the apparatus are de- 
scribed as follows. 

For the measurement of cathode gain, the ap- 
paratus used is shown in Fig. 3. The cell consists 
of a graphite crucible with a smaller McDanel 
crucible sitting inside. The space inside the latter is 
the cathode compartment and the annular space be- 
tween is the anode compartment. Communication 
between these compartments is made through a 
small hole located about 1 in. from the bottom 
of the apparatus. The inside of the graphite 
crucible is painted with Alundum cement, except 
for an area of % x % in. 180° from the position 
facing the communication hole, which acts as the 
anode. The cathode is a graphite tube, one end 
closed, fitted closely on a quartz thermocouple well. 
It is also painted with Alundum cement except for 
its bottom, about 0.5 cm’, which is the cathode sur- 
face. The cathode can be moved in and out of the 
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Fig. 2—Current efficiency and specific conductance curves 
for various compositions of CuS-CuCl mixtures are plotted. 
Crosses represent current efficiency deduced from anode 
loss; circles, current efficiency deduced from cathode gain 
extrapolated to zero ionic current. 
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Fig. 3—Schematic diagram illustrates cell for measuring 
cathode gain. 


molten sulfide through a Wilson seal at the top of 
the apparatus. The cell is surrounded with graphite 
shields at both the top and bottom, and sits inside 
a long graphite heater. This assembly provides uni- 
form temperature, and insures against induction 
stirring in the cell. It is surrounded by a quartz 
jacket containing argon as a protecting atmosphere. 
Temperature of the cell is measured with a Pt—Pt-10 
pet Rh thermocouple. To minimize any convection 
in the electrolyte, the temperature gradient of the 
cell is adjusted so that the top of the graphite cru- 
cible is about 10°C hotter than the bottom. The 
temperature of the electrolyte is maintained man- 
ually to within +10°C during the run. 

In the case of the electrolysis of CuCl where a 
solid copper anode is used, the same arrangement 
shown in Fig. 3 is used, except that the graphite 
crucible now acts as the cathode and the graphite 
tube attached to the quartz thermocouple well is 
replaced by a piece of solid copper. A resistance 
furnace is used instead of high frequency induction 
heating. 

For the measurement of anode loss, the arrange- 
ment shown in Fig. 4 is used. Its operation is self- 
explanatory. 

Procedures: The experimental procedures consist 
of the following steps: 

1) Prefusion of the Sample—The Cu.S, CuS, and 
CuCl used are of chemically pure grade and in the 
form of fine powder. The FeS used is of technical 
grade and in the form of small lumps. The Cu.S is 
prefused in a graphite crucible in a static dry argon 
atmosphere at 1250°C for 1 hr, then crushed to 
small pieces. After removing the visible copper 
beads, the prefused mass is found to contain 80.3 to 
81.5 pet Cu. Further heating under the same con- 
ditions produces little change in composition. The 
CuCl is prefused in Pyrex glass tubes at 500°C in 
a static dry argon atmosphere in the presence of 
copper. The product is yellowish-white and con- 
tains 64.4 pet Cu. The FeS is prefused in the same 
way as Cu,S, and the product contains 64.3 pct Fe. 
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Cu.S samples containing 15 wt pct CuS or 5.9 to 
46.4 mol pct CuCl are made by mixing the calcu- 
lated amounts of the ingredients, melting them in a 
static dry argon atmosphere, and maintaining them 
for 1 hr at 1150°C for homogenization. 

2) Blank Run—In the electrolysis, all of the ob- 
served cathode gain or anode loss may not be due to 
the electrochemical reactions at the electrodes. 
Thermal decomposition of the electrolyte, the non- 
equivalent loss of its components due to the differ- 
ence in their volatility, and the dissolution of the 
electrodes in the electrolyte may also contribute to 
the change at the electrodes. A blank run without 
current is therefore made for the same period of 
time and under the same conditions as used in the 
electrolysis. The results are used for the correction 
of the changes observed at the electrodes in the 
electrolysis. 


3) Electrolysis—The cell is charged with the 
desired electrolyte, and the system is evacuated and 
flushed a few times with dry argon gas. The elec- 
trolyte is then melted in a static dry argon atmos- 
phere and brought to the desired temperature. For 
the measurement of the cathode gain, the graphite 
cathode is lowered into the molten electrolyte. 
After the predetermined amount of current has 
been passed, as measured with a copper coulometer, 
the cell is cooled down quickly, and the contents of 
the two electrode compartments analyzed. The 
composition of the electrolyte near the communica- 
tion hole between the two compartments is also 
analyzed to make sure that no mixing of the con- 
tents of the two compartments has occurred during 
the electrolysis. To measure the anode loss, the 
same procedures are followed except that it is the 
anode which is lowered into the electrolyte. After 
the electrolysis, the anode is lifted out of the elec- 
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Fig. 4—Schematic arrangement for measuring anode loss using 
liquid copper anode is illustrated. 
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Table I. Current Efficiency in Electrolyzing Molten Cu.S with Various Additions Deduced from Cathode Gain* 


Copper Content of Cathode Part, Pct 


After Blank After t 
Time of Weight of Run Electroylsis Ce 
Tempera- Electrolysis, Current, Cathode Pet y> 
Sample ture, °C n Amp Part, G Copper Iron Copper Iron 
Cu2s; 
80.3 pet Cu 1250 127 5.75 17.1 80.5 — 80.6 — . 
1300 142 5.25 4.52 80.8 — 80.7 —— 
CueS + 50 wt pct FeS; 
40.6 pct Cu, 31.4 pct Fe 1150 125 6.50 4.73 40.6 31.7 40.0 31.8 
1250 150 6.20 5.12 40.9 Sieve 40.7 32.0 
64.8 0 
64.3 pct Fe 1250 132 6.10 4.41 — 64.7 = . 
CueS + 15 wt pet Cus; 
78.1 pet Cu 1100 127 4.70 4.92 79.8 — 80.5 — He 
1130 125 4.75 4.84 79.5 80.6 
1180 145 4.90 5.10 79.7 —_ 80.9 — : 
CueS + CuCl; 
5.9 mol pet CuCl; 1100 60 1.50 4.70 79.9 — 84.1 = ae 
0.50 5.22 79.9 —_— 81.7 == 39. 
0.20 4.75 79.9 — 80.8 == 44.6 
— = 49t 
CueS + CuCl; 
19.6 mol pet CuCl; 1100 40 1.50 4.51 78.6 — 83. = es 
0.50 4.74 78.6 — 
0.30 5.32 78.6 = 19. = a 
CueS + CuCl; 
30.3 mol pet CuCl; 1100 60 1.50 4.95 HRS) — 86.5 — aoe 
CueS + CuCl; 
46.4 mol pet CuCl} 1100 30 1.50 .10 Ysa — 81. — : 
0.50 5.52 77.3 82.3 
0.30 4. 75. 76.7 


* The cathode is graphite; area, 0.3 cm2. 


+ Since CuCl is highly volatile, some of the CuCl in the mixture is lost during the run. The composition given is the mean value of the 


initial composition and that at the end of the blank run. 


+ Current efficiency is obtained by extrapolating the current efficiencies at the given CuCl concentration to zero ionic current. Ionic 
current equals the total current times the corresponding current efficiency. 


trolyte and cooled. The anode is separated as com- 
pletely as possible from the attached electrolyte, 
weighed, and both the metal and the attached elec- 
trolyte are analyzed. 

4) Calculation of the Current Efficiency—To 
calculate the current efficiency from the cathode 
gain, the following method is used: Suppose the 
material in the cathode compartment after the elec- 
trolysis weighs w, g and consists of wo. g Cu de- 
posited at the cathode and (w.— Wa) g of electro- 
lyte. If analysis after electrolysis shows that this 
material contains a wt pet Cu while the result of the 
blank run is a’ pct, then (w.— We.) a’/100 is the 
copper content of the electrolyte and (WwW) — Wea) 
a’/100 + we is the total copper content of this mate- 
rial after electrolysis. The latter divided by w, is 
equal to a/100, the weight fraction of copper in the 
cathode section after electrolysis, i.e. 


(Wo — Weu) a’/100 + Wer 


= a/100 [2] 
Wo 
W, (a — a’) 
or Wo = ———— and the current efficiency = 
(100 — a’) 
W, (a — a’) 


= where Q is the amount of cur- 
(100 — a’) 

rent passed through the electrolyte in Faradays, and 
M.. is the equivalent weight of Cu‘, assuming none 
of the current is carried by Cu**. To calculate the 
current efficiency from the anode loss, the change in 
weight of the anode due to electrolysis is divided 
by the amount of current passed in Faradays and 
the equivalent weight of Cu’. 


Electrolytic Cell Efficiency Measurements 


Experimental Results—The results obtained are 
shown in Tables I and II, which can be summarized 
as follows: 
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1) Results obtained from cathode gain, Table I, 
indicate that molten Cu.S, FeS, and Cu.S + 50 wt 
pet FeS conduct exclusively by electrons. The 
amount of ionic conduction in these melts, if any, 
is beyond the sensitivity of this method, which is 
about the order of 1 or 2 pct. 

2) Addition of 15 wt pct CuS to Cu.S introduces 
a small amount of electrolysis, ~1 pct, to the 
melt as shown by the results obtained from cathode 
gain, Table I. However, owing to the decomposition 
of CuS to Cu.S at high temperature and the reaction 
of CuS with deposited copper to form Cu,S, this 
value can only be considered as a lower limit. At- 
tempts have been made to determine the current 


Table Il. Current Efficiency in Electrolyzing Mixtures of Cuo2S + 
CuCl and Pure CuCl Deduced trom Anode Loss* 


Net 
Time of Copper 
Tem- Elec- Loss Current 
per- troly- Cur- at Effi- 
ature, sis, rent, Anode, ciency, 
Sample °C Min. Amp G Pet 
CueS + CuCl, 
13.1 mol pet CuCl; 1100°C 20 0.20 0.088 55.3 53.7 
1100°C 20 1.00 0.415 52.1 
CueS + CuCl, 
24.4 mol pet CuCl} 1100°C 20 0.20 0.132 83.0 82.1 
1100°C 20 1.00 0.645 81.2 
CueS + CuCl, 
40.3 mol pet CuCl} 1100°C 20 0.20 0.148 93.28 94.2 
1100°C 20 1.00 0.756 95.1 
CuCl 450°C 25 0.25 0.254 102 
500°C 30 0.25 0.307 103 
500°C 30 0.25 0.302 102 


* For CusS + CuCl mixtures, the anode is liquid copper, area, 
0.3 cm2; and the cathode is graphite; area, 26 cm2. For CuCl, the 
anode is solid copper, area, 0.5 cm?; and the cathode is graphite, 
area, 0.5 cm2, 

*This is the mean value of the initial composition and final com- 
position of the blank run. See preceding footnote. 
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efficiency from the weight loss of liquid copper 
anodes. However, because of the rapid reaction be- 
tween Cu™ in the melt and the liquid copper anodes, 
the weight loss in the blank run is comparable to 
the total weight loss in the electrolysis run, For ex- 
ample, 20 min electrolysis at 3 amp (liquid copper 
anode area = 0.3 cm’) and 1100°C produces an anode 
loss of 0.704 g Cu, and the corresponding blank run 
involves a loss of 0.612 g Cu. The accuracy was, 
therefore, very poor, and the results not strictly re- 
producible. However, in all of the measurements 
made, the current efficiency was less than 10 pct. 

3) Current efficiencies measured by both the 
cathode gain and the anode loss, Tables I and II, 
show that the addition of a small amount of CuCl 
to Cu.S produces a large amount of electrolysis 
in the melt, and that the mixture becomes almost 
a pure ionic conductor at a CuCl concentration 
equal to 50 mol pet. For a given CuCl concentra- 
tion, the current efficiencies deduced from anode 
weight loss are independent of the anode current 
density, 0.7 to 3.3 amp per cm’. See Table II. How- 
ever, the current efficiencies deduced from cathode 
gain decrease with the increase of the current 
density. See Table I. If the results are extrapolated 
to zero ionic current, the values of current efficiency 
obtained for different CuCl concentrations are found 
to fit fairly well the same current efficiency vs CuCl 
concentration curve as the current efficiencies de- 
duced from anode loss. This agreement gives con- 
siderable weight to the data. The curve is shown in 
Fig. 2 together with the specific conductance vs 
CuCl concentration curve. 

The decrease of the cathode current efficiency 
with the increase of current density is probably 
caused by the development of concentration polar- 
ization at the anode at high current densities owing 
to the large size of the Cl and the S and, therefore, 
the slow rate of replenishment of the Cl and/or 
the S* lost at the anode. The concentration polariza- 
tion developed favors the conductance of electrons, 
decreasing the current efficiency. 

4) Results obtained from anode weight loss 
indicate that molten CuCl, 450° to 500°C, shows a 
cell efficiency of 100 pct with, essentially, no com- 
ponent of electronic conduction. It is obviously an 
ionic conductor. 


Discussion of Results 

It is evident from these data that addition of 
chloride ion destroys the electronic conduction of 
the molten Cu.S. Since the partial conductance of 
each conducting species in a system is directly pro- 
portional to its number and its mobility, the ob- 
served facts indicate that the added CuCl must 
have caused a decrease in the number and/or 
mobility of the conducting electrons, and probably 
an increase in the number and/or mobility of the 
conducting ions in these melts. Considering the 
apparently complete destruction of electronic con- 
duction by chloride addition, it seems likely that 
the effect on conduction is not entirely due to lower- 
ing of electronic mobility through simple scattering 
of the conductance electrons by chloride ion. 
In fact, the plot of electronic resistivity vs CuCl 
concentration given in Fig. 5 does show that the 
flexion is opposite in sign to that found for simple 
scattering in solid alloys.*§ Further, the electronic 
conductance of molten Cu.S-CuCl does not follow 


§ This is not an unambiguous argument against simple scattering 
as the cause of decrease in specific conductance, because the scat- 
- tering effect might be entirely different in this case of an ionic 
solute. 


TRANSACTIONS AIME 


either of the two principal types of compositional 
dependencies observed in molten binary alloys: rule 
of mixtures, as in molten Sn-Pb;’f or a catenary 


§ Molten CusS-FeS also ‘follows a rule of mixtures relationship.) _ 


behavior, as in molten Na-K,’ and in many solid, 
isomorphous binary alloys.* 
Tentatively, the view is taken that the structure 
of molten Cu.S consists of a solution of Cu* and S 
ions, with the S* ions bound together by weak cova- 
lent bonds into a loose network. It is thought that 
these weak covalent bonds are the source of the 
semiconduction in molten Cu.S as explained in the 
following. It is believed that addition of chloride ion 
destroys the weak covalent bonds between sulfide 
ions and renders the system entirely ionic. 
Electrical phenomena are well explained in the 
case of solids by the band approximation,” which 


P= = Yelectronic 


Cionic= 4ohm-'!cm-! 


0,35P 


0.20} 


? , Specific Resistivity, ohm -cm 


zs Form Typical of Certain Solid 


(9 
ond Molten‘~’ Alloys 


0,05 


20 30 40 50 60 70 80 90 100 
N, Mole % CuCl 


| 
10 


Fig. 5—Graph plots electronic resistivity ys mol pct CuCl in 
molten at 1200°C. 


is difficult to extend to liquids because it assumes 
long range order in the structure. Although no 
comparable theory has been established for the 
liquid state, it is instructive to interpret the elec- 
trical behavior of molten Cu.S in terms of energy 
level diagrams. Fig. 6 gives the proposed diagrams 
for the energy levels of valence and conduction 
band electrons in molten Cu.S. It is seen in Fig. 6a 
that stoichiometric Cu.S is represented as an in- 
trinsic semiconductor. This simplifying assumption 
is made in spite of the fact that stoichiometric solid 
Cu.S exhibits p-type semiconduction at room tem- 
perature." 

Upon heating, some electrons are raised by ther- 
mal energy from the valence band across the gap 
or forbidden zone to the conduction band, and serve 
to increase the electronic conduction. Fig. 6b repre- 
sents the present case of slightly desulfurized Cu.S 
specimens. The excess copper atoms act as electron 
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Fig. 6—Proposed energy level diagrams are shown for elec- 
trons in molten sulfides and S-Cl mixtures. 


donors and establish a discontinuous, occupied im- 
purity level in the forbidden zone. Because less 
thermal energy must be supplied to elevate these 
electrons into the conduction band, they contribute 
a component of n-type semiconduction which is 
additive to the intrinsic semiconduction. However, if 
the copper donor level is in the lower portion of the 
forbidden zone, it would not enhance conduction 
appreciably. 

Fig. 6c represents the expected situation in sulfur- 
rich Cu.S specimens. The excess sulfur atoms act as 
electron acceptors, establishing a discontinuous, un- 
occupied impurity level in the lower portion of the 
forbidden zone. Electrons from the valence band are 
promoted to these impurity levels, leaving mobile, 
positive holes in the valence band, thus contributing 
a component of p-type semiconduction. 

As CuCl is added to the Cu.S, the band structure 
of the liquid is radically changed. Fig. 6d gives the 
typical ionic band structure resulting from addition 
of sufficient CuCl to the Cu.S. The energy gap be- 
tween filled and unfilled bands is too great to permit 
semiconduction. 

It must be pointed out that although the results 
fail to show the existence of ionic conduction in 
molten Cu,S, Cu.S + 50 wt pct FeS, and FeS, they 
do not exclude the possibility of some ionic char- 


acter in these materials. In fact, as pointed out by 
Jost,” there exists no sharp boundary between ionic 
and electronic conductors. The observed results de- 
pend on the sensitivity of the experimental methods 
and the relative magnitude of the partial conduct- 
ance by electrons and by ions. Most measurements 
of the diffusion coefficients in liquids are of the 
order of 10° cm? per sec. Assuming the validity of 
the Einstein-Nernst equation and all the migration 
to be ionic, it can be shown that the upper limit 
of the partial ionic conductance corresponding to a 
diffusivity of the order of 10° cm’ per sec is of the 
order of 1 ohm? cm™. If that is the case with the 
melts in this work, then for Cu.S at 1250°C (¢ = 
80 and FeS at 1250°C (¢ = 1500 ohm” 
em“), the partial ionic conductances are about 1 pct 
and 0.1 pct, respectively, putting them on or below 
the borderline of the sensitivity of the methods used 
here. 

More critical experiments are required to test and 
evaluate these ideas quantitatively. It should be 
remembered that the sulfide systems under discus- 
sion were somewhat desulfurized. Systems having 
the stoichiometric ratio of copper or iron to sulfur 
might behave somewhat differently. 
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Technical Note 


Strain Aging of AISI 4340 


by H. W. Paxton and C. C. Busby 


T has been shown previously that strain aging 
can markedly improve the tensile properties of 
H. W. PAXTON, Junior Member AIME, and C. C. BUSBY are 
associated with Metals Research Laboratory, Carnegie Institute of 
Technology, Pittsburgh. 
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low carbon martensites, especially the yield-tensile 
ratio, without seriously affecting the ductility. In 
view of interest in high strength steels, an investi- 
gation has been made of the effect of strain aging 
following tension or rolling on the tensile properties 
of AISI 4340 in an attempt to obtain a tensile - 
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strength of 260,000 psi with a yield-tensile ratio of 
about 0.95. 

After a preliminary investigation, % in. sq blanks 
were cut longitudinally from a commercial 7 in. sq 
billet of AISI 4340. These were normalized after 1 
hr at 1650°F in a controlled atmosphere. 

The tensile specimens were then rough machined 
to 1/16 in, oversize. These oversize specimens were 
fully quenched in oil after they had been austenit- 
ized for 1 hr at 1550°F, tempered for 1 hr at 600°F 
(giving Rc 46 to 48), and machined to final shape 
(0.252 in. diam with a 1 in. gage length). Specimens 
for rolling were quenched as blanks and tempered. 

The early parts of the stress-strain curves were 
automatically recorded to give 0.01, 0.1, and 0.2 pct 
yield strengths. Only 0.1 pct yield strengths are 
recorded here. Some trouble was experienced with 
extensometer slippage on these hard materials. This 
appears to be a general problem. 

Strain was introduced prior to aging by one of 
two methods. Extensions up to 3 pct were produced 
in simple tension, or a reduction in thickness of 1 
pet of a quenched and tempered blank was obtained 
by rolling. Following the tensile strain, the speci- 
mens were aged for 1, 2, 4, and 8 hr at 212°, 302°, 
392°, and 572°F. The rolled specimens were heated 
for 8 hr at 212° or 15 hr at 392°F before final ma- 
chining of the specimen. 

Fig. 1 shows diagrammatically the strain-aging 
process. Curve I is for the unaged material; curve 
II shows the stress-strain curve of a material pre- 
stressed to Y,, giving a strain of e«, before aging. 

In the quenched and tempered condition, the 
properties were: T,, tensile strength of 252,000 psi; 
Y,, yield strength (0.1 pct) of 219,000 psi; 13 pct 
elongation; and 44 pct reduction in area. 

The results of the specimens given a tensile pre- 
strain are summarized in Fig. 2. The lower curve 


I 
ep) 
I 
Yo ---7 
Ep STRAIN 
Fig. 1—Diagrammatic representation of strain aging process 
used. 
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Fig. 2—Dots on upper curve are T., representing tensile 
strength after prestrain e,, shown on abscissa. Ys are not 
shown because of large scatter. Dots on lower curve are Yp 
for yarious €,, giving an average stress-strain curve for 
the material. 


is the stress-strain curve for the unaged material. 
The upper band gives the tensile strengths after 
prestraining the amount indicated on the abscissa 
followed by aging. No effect of time and tempera- 
ture of aging was observed except at 212°F for times 
of 2 hr and less. Here the full amount of aging had 
not occurred. 

Fig. 2 does not show the scatter in yield-tensile 
ratio caused by variations in Y,. The value of this 
ratio varied from 0.93 to 1.00 in the experiments 
conducted. The higher figure may be of doubtful 
value in practice, although adequate ductility is still 
present (elongation of 9 to 12 pct and about 40 pct 
reduction in area). 

Results on specimens deformed by rolling were 
much more reproducible. After 15 hr at 392°F, the 
yield-tensile ratio was much more consistent in the 
range 0.93 to 0.96, with ductility similar to the 
foregoing figures. This appears to be a satisfactory 
method of achieving the previously stated goal. 
Further work is proceeding to investigate more fully 
the effects of rolling. 

Attempts to interpret the source of the strain 
aging from theoretical considerations have not yet 
proved fruitful. 


Acknowledgment 


This work was carried out as part of a research 
contract with the Aeronautical Research Laboratory, 
Department of the Air Force, Wright Air Develop- 
ment Center, Wright-Patterson Air Force Base, 
Ohio, under Contract No. AF 33(616)-2286, Project 
7351, Task 70645. 


Reference 


1C. C. Busby, M. F. Hawkes, and H. W. Paxton: Trans. ASM, 
1955, vol. 47, p. 135. 


JUNE 1956, JOURNAL OF METALS—789 


| 
a 
es 
. 
; 
| 
23.0 
/ 
/ 
7 


Effect of Carbon on Some Properties 
of Ti-Mo Alloys 


The influence of carbon on tensile strength, tensile ductility, transformation kinetics, 
and grain growth characteristics of selected Ti-Mo base alloys was studied. No system- 
atic influence of carbon in tensile strength or significant deleterious effect on tensile 
ductility was observed. There was a marked increase in transformation rate due to carbon. 
Dispersed carbides exert a marked inhibiting effect on grain boundary migration, and 
thus effectively prevent grain coarsening during solution treatment in the 8 phase field. 


by D. W. Levinson, W. Rostoker, and A. Yamamoto 


A® part of a research program directed toward 
the illumination of factors governing modes of 
transformation, transformation kinetics, and me- 
chanical properties obtainable through these trans- 
formations by heat treatment, Ti-Mo base alloys 
were selected for study. The binary system is a 
characteristic phase diagram type which has been 
studied in some detail’ * in relation to transforma- 
tion kinetics and mechanical properties. 

Although carbon bearing alloys have acquired a 
bad reputation, the possibilities of melting titanium 
under conditions which occasion some carbon pick- 
up are very attractive. It is therefore of consider- 
able importance to know whether carbon, present 
as a dispersed carbide phase, is actually deleterious 
when all other detrimental factors are minimized. 

Basic alloy compositions containing nominally 3, 
5, 7, and 11 pct Mo were prepared with systematic 
carbon addition up to 1 pct by weight. Various of 
these alloys were subjected to a series of critical 
and definitive experiments to delineate the effect of 
carbon on the transformation behavior and asso- 
ciated mechanical properties. 


Experimental Procedure 


Alloys were prepared from 115 Bhn magnesium- 
reduced sponge titanium. This sponge analyzed ap- 
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proximately 0.05 pct C. Ti-Mo and Ti-C master 
alloys were made by arc-melting the sponge with 
high purity (99.9+ pct) molybdenum and spectro- 
scopic grade graphite, respectively. Alloys were 
then prepared from the master alloys and sponge 
by double arc-melting. One kg ingots were prepared 
by melting in a nonconsumable electrode furnace. 
These ingots were forged at 1000°C to % in. rods, 
and cleaned and processed into electrodes for the 
second melting operation. The final ingots were 
ground to remove surface defects, then forged again 
to % in. or % in. diam rods for processing to test 
samples. It is significant that all of the alloys at 
all carbon levels forged satisfactorily. For conven- 
ience, the alloys will be referred to throughout the 
text by their nominal analyses. 

Samples for the study of transformation rates 
were prepared from % in. diam round stock. They 
were then solution treated in a helium filled tube 
furnace at 1000°C for 30 min prior to the isothermal 
transformation treatments in lead bath furnaces. 
Temperature control in both cases was within +3°C. 
Following the isothermal transformation treatments 
the samples were water quenched. These experi- 
ments were carried out before the general adoption 
of the resistometric procedure for kinetic studies. 
The data were therefore obtained entirely by metal- 
lographic analysis. M, temperature was also deter- 
mined by the metallographic method. 

Shoulder-type tensile test pieces were machined 
from heat treated, % in. diam slugs to provide a 
0.252 in. test diam and a 1 in. gage length. The 
isothermal-type heat treatments were chosen from 
previous data’ to provide three levels of strength 
and ductility. 


Ti-5Mo 
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Mo-0.46 pct C alloy is plotted. 
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_The grain growth studies were carried out on 
disks approximately % in. thick cut from % in. 
round stock. The heat treatments for these studies 
were carried out in evacuated Vycor bulbs at tem- 
peratures in the £6 field ranging between 800° and 
1200°C for times up to 24 hr. These samples, too, 
were water quenched from the temperature of study. 
Grain sizes were determined by lineal analysis of 
representative micrographs made at exactly X100. 
The grain sizes reported are 8 grain sizes. In spite 
of the fact that the more dilute alloys transform to 
a on quenching, the grain sizes of the parent B 
phase could be easily inferred from the obvious 
disposition of the a’ colonies. These samples were 
electropolished for study. It was found that the 
values reported could be reproduced within +10 pct 
by independent measurement of another print. 


Effect of Carbon on the Transformation Kinetics 


The results of the metallographic study of trans- 
formation rates of the carbon bearing and carbon- 
free Ti-5 pct Mo alloy are summarized in the TTT 
curves of Figs. 1 and 2. 

Fig. 1, the TTT curve for the carbon-free alloys, 
shows the range of uncertainty concerning the be- 
ginning of the rejection of a, as designated by the 
spread between data points. The open circles repre- 
sent transformation times beyond which no signifi- 
cant change in microstructure was evident. 

Little is known about phase relationships in the 
ternary system Ti-Mo-C.* Examination of the Ti-5 


Table |. Tensile Properties of Ti-3 Pet Mo Alloys with 
Carbon Additions 


1.0 10 100 
TIME — MINUTES 


pet Mo-0.5 pet C alloy showed fine nodular carbide 
uniformly dispersed in a matrix of either 8 or B + 
transformation products, depending on the heat 
treatment. In all cases, it appeared as though the 
carbide took no part in any of the solid state re- 
actions. So far as can be discerned metallograph- 
ically, the isothermal decomposition characteristics 


Table II. Tensile Properties of Ti-7 Pct Mo Alloys with 
Carbon Additions 


Reduction 
Ultimate in 
Heat Strength, Area, Elonga- 
Alloy Treatment Psi Pet tion, Pct 

Ti-7.07Mo 1000°C, 30 min; 

water quenched 115,400 71.3 33.0 
Ti-7.07Mo-0.38C 115,400 36.3 23.0 
Ti-7.02Mo-0.33C 121,000 33.7 22.0 
Ti-7.89Mo-0.67C 114,800 11.0 9.5 
Ti-6.89Mo-0.83C 122,700 5.7 18.0 
Ti-7.07Mo 1000°C, 30 min; 

water quenched 104,400 38.8 24.0 
Ti-7.07Mo-0.38C 650°C, 30 min; 

water quenched 107,600 50.0 22.0 
Ti-7.02Mo-0.33C 114,100 39.4 16.0 
Ti-7.89Mo-0.67C 115,200 20.9 10.0 
Ti-6.89Mo-0.83C 119,000 34.3 14.0 
Ti-7.07Mo 1000°C, 30 min; 

water quenched 165,800 4.6 4.0 
Ti-7.07Mo-0.38C 550°C, 60 min; 

water quenched 169,800 5.4 10.0 
Ti-7.02Mo-0.33C 171,800 13.7 6.0 
Ti-7.89Mo-0.67C 171,400 10.6 7.0 
Ti-6.89Mo-0.83C 164,100 1.4 2.0 


Table III. Tensile Properties of Ti-11 Pct Mo Alloys with 
Carbon Additions 


Reduction 
Ultimate in 
Heat Strength, Area, Elonga- 
Alloy Treatment Psi Pct tion, Pct 

Ti-3.06Mo 1000°C, 30 min; 

water quenched 116,600 14.5 6.0 
Ti-3.78Mo-0.40C 142,000 15.1 6.0 
Ti-3.33Mo-0.65C 132,000 31.1 8.0 
Ti-3.27Mo-0,60C 125,000 3.8 3.0 
Ti-3.33Mo-0.73C 135,200 16.5 5.0 
Ti-3.06Mo 1000°C, 30 min; 

water quenched 92,300 55.4 31.0 
Ti-3.78Mo-0.40C 700°C, 30 min; 

water quenched 101,600 29.1 15.0 
Ti-3.33Mo-0.65C ‘ 106,200 46.0 22.0 
Ti-3.27Mo-0.60C 99,600 42.3 18.0 
Ti-3.33Mo0-0.73C 112,200 21.3 21.0 
Ti-3.06Mo 1000°C, 30 min; 

water quenched 107,200 44.2 22.0 
Ti-3.78Mo-0.40C 650°C, 5 min; 5 

water quenched 107,300 21.7 17.0 
Ti-3.33Mo-0.65C 104,100 44.2 19.0 
Ti-3.27Mo-0.60C 104,400 12.2 9.0 
Ti-3.33Mo-0.73C 113,200 25.1 13.0 


Reduction 
Ultimate in 
Strength, Area, Elonga- 
Alloy Treatment Psi Pct tion, Pct 

Ti-10.17Mo ¢ 1000°C, 30 min; 

water quenched 121,000 21.7 5.0 
Ti-11.20Mo-0.16C 107,400 15.9 19.0 
Ti-10.54Mo-9.25C 129,200 25.7 10.0 
Ti-10.26Mo-0.31C 124,800 16.7 6.0 
Ti-11.65Mo-0.42C 135,200 33.1 11.0 
Ti-11.52Mo-0.69C 149,200 13.7 4.0 
Ti-10.90Mo-1.68C | 127,600 16.7 1.0 
Ti-10.17Mo ¢ 1000°C, 30 min; 

water quenched 155,200 7.6 4.0 
Ti-11.20Mo-0.16C 600°C, 15 min; 

water quenched 194,000 3.8 3.0 
Ti-10.54Mo-0.25C < 161,000 13.1 6.5 
Ti-10.26Mo-0.31C 143,000 24.3 9.0 
Ti-11.65Mo-0.42C 143,200 26:5 10.0 
Ti-11.52Mo-0.69C 143,000 15.3 6.0 
Ti-10.90Mo-1.08C 141,000 10.6 13.0 
Ti-10.17Mo 1000°C, 30 min; 

water quenched 189,400 3.8 3.0 
Ti-11.20Mo-0.16C 500°C, 15 min; 

water quenched 156,800 10.0 7.0 
Ti-10.54Mo-0.25C 198,000 6.2 3.0 
Ti-10.26Mo-0.31C 191,400 4.6 3.0 
Ti-11.65Mo-0.42C 177,200 8.4 3.0 
Ti-11.52Mo-0.69C 178,000 16.7 10.0 
Ti-10.90Mo-1.08C 172,000 6.2 3.0 
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are identical to the binary alloy with the same 
molybdenum content except, of course, for the car- 
bide particles which are always present in the 
ternary alloy. 

On the TTT curve for the Ti-5 pct Mo-0.5 pct C al- 
loy, Fig. 2, the upper equilibrium temperature for the 
8 + carbide/8 + a + carbide boundary is not precise- 
ly known, but appears to be about 875°C. Since its 
location is uncertain, it was not shown on the chart. 
Water quenched structures verified the existence of 
only the 6 and carbide phases at the 1000°C solu- 
tion treatment temperature. 

A comparison of the TTT charts for the Ti-Mo 
and Ti-Mo-C alloys shows the strong accelerating 


Table IV. Average Grain Diameter, Mm, After Heat Treatment 
Indicated for Ti-3 Pct Mo Base Alloys 


Nominal Carbon Content, Wt Pct 


Temper- Time, Carbon 
ature, °C Hr Free 0.25 0.50 0.75 1.00 
880 1 0.10 0.04 0.04 0.05 0.05 
3 0.28 0.04 0.04 0.07 0.04 
8 0.17 0.04 0.06 0.04 0.04 
16 0.15 0.04 0.07 0.08 0.04 
24 0.48 0.07 0.06 0.07 0.08 
980 1 0.33 0.07 0.07 0.04 0.04 
3 0.36 0.07 0.07 0.06 0.06 
8 0.34 0.08 0.10 0.09 0.08 
16 0.43 0.08 0.12 0.08 0.07 
24 0.85 0.09 0.10 0.12 0.07 
1080 1 0.38 0.08 0.10 0.06 0.08 
3 0.39 0.09 0.14 0.06 0.06 
8 0.35 0.08 0.09 0.06 0.05 
16 0.38 0.11 0.14 0.09 0.06 
24 0.42 0.10 0.10 0.10 0.08 


influence on reaction rates imposed by the carbon 
addition. That this is not associated with nucleation 
by the carbide particles can be appreciated by ex- 
amination of Fig. 3. This micrograph shows the re- 
jection of a beginning, mostly, in the 8 grain bound- 
aries. The presence of the carbide phase indicates 
the B solid solution is saturated with carbon. 

The presence of different interstitial solutes (oxy- 
gen and nitrogen) has been shown” ® to accelerate 
the decomposition of @ titanium. As is pointed out, 
this effect is usually associated with a subgrain 
structure, not evident in similar materials free of 
the interstitial solute. This subgrain structure is, 


Fig. 3—Microstruc- 
ture shows Ti-5.21 
pct Mo-0.46 pct C 
alloy transformed at 
750°C for 30 sec. 
Rejected a is not 
associated with car- 
bide phase, but ap- 
pears to be nucle- 
ating normally, i.e., 
mostly in the grain 
boundaries of the 
Specimen was etched 
with glycol-HF-HNO; 
etch. X500. Area 
reduced approxi: 
mately 30 pct for 
reproduction. 


in fact, well delineated by the first a to precipitate. 
The occurrence of a subgrain structure was not 
marked in the case of the carbon addition studied 
here, nor in the case of carbon additions to Ti-Mn 
alloys.* However, the grain size of the carbon-bear- 
ing and carbon-free Ti-Mo alloy studied here dif- 
fered very considerably. The carbides inhibited the 
normal grain coarsening tendency, and the acceler- 
ated decomposition is most probably at least partly 
caused by the higher nucleation probability asso- 
ciated with a larger relative grain boundary vol- 
ume. Though not conclusively demonstrated by 
these experiments, there is a good possibility that 
carbon in solid solution by itself also affects the 
transformation rate, since the M, temperature is 
lowered by approximately 50°C by the carbon addi- 
tion. This cannot be rationalized in terms of grain 
size. 


Mechanical Properties of Ti-Mo-C Alloys 

The data summarizing the experimental phase of 
this work concerned with mechanical properties are 
the average values of at least two tests, and are 
presented in Tables I, II, and III. Values obtained 
agreed, with two exceptions, within +10 pct of 
those reported. The heat treatments selected con- 
stitute essentially complete transformations. In 


30 
180 70 e 
je) 
40h 24 
22 CARBON FREE 
a 


REDUCTION IN AREA PER CENT 


° 
© 1000 °C 30 MIN ol 
= 650 °C — 30 MIN 
Ti-11Mo BA 
n A 1000 °C 30 MIN 14 SOURS 
w 550 °C — 60 MIN WQ 
2 
WwW o a 
a > 
= 
0.15-0.5% CARBON 
0.2 0.4 0.6 0.8 1.0 0.2 06 08 1.0 0 
PER CENT CARBON PER CENT CARBON 800 850 900 950 1000 


7% Mo ALLOY 


Fig. 4—Tensile data for Ti-7 pct Mo base alloys are plotted. 
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TEMPERATURE °C 


Fig. 5—Data are plotted for 24 hr grain 
growth of Ti-11 pct Mo base alloys. 
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order to illustrate the trends, the data for the Ti- 
7 pct Mo base alloys are plotted on Fig. 4. The points, 
solid circles, open circles, and triangles indicate 
particular heat treatments, as shown. 

The Ti-7 pct Mo base alloys were selected, since 
only in this case was a trend clearly evident. It is sig- 
nificant that the tendency for dispersed carbides to 
reduce tensile ductility is small and, like the effect 
on ultimate tensile strength, not well defined. Quite 
reasonable combinations of strength and ductility 
are maintained at even the highest carbon level. 


Table V. Average Grain Diameter, Mm, After Heat Treatment 
Indicated for Ti-7 Pct Mo Base Alloys 


Nominal Carbon Content, Wt Pct 


Temper- Time, Carbon 
ature, °C Hr Free 0.25 0.50 0.75 1.00 
840 1 0.18 0.08 0.09 0.04 0.04 
3 0.19 0.04 0.08 0.05 0.04 
8 0.14 0.04 0.06 0.04 0.04 
16 0.20 0.08 0.04 0.04 0.04 
24 0.24 0.10 0.07 0.08 0.07 
940 1 0.22 0.14 0.10 0.09 0.04 
3 0.33 0.08 0.09 0.07 0.07 
8 0.41 0.10 0.13 0.12 0.04 
16 0.42 0.11 0.12 0.10 0.04 
24 0.36 0.09 0.08 0.08 0.07 
1040 1 0.32 0.10 0.11 0.09 0.09 
3 0.27 0.17 0.13 0.08 0.08 
8 0.33 0.14 Ost 0.08 0.06 
16 0.38 0.11 0.14 0.09 0.08 
24 0.39 0.16 0.13 0.10 0.09 
1140 a 0.34 0.12 0.09 0.04 0.04 
3 0.33 0.10 0.07 0.06 0.05 
8 0.54 0.19 0.09 0.06 0.08 
16 0.75 0.11 0.11 0.08 0.08 
24 0.49 0.23 0.15 0.09 0.10 


Grain Growth Characteristics of Ti-Mo-C Alloys 

The results of the grain size study are presented 
in Tables IV, V, and VI, and the data for the 24 hr 
heat treatment of the Ti-11 pct Mo base alloys are 
plotted in Fig. 5. 


Table VI. Average Grain Diameter, Mm, After Heat Treatment 
Indicated for Ti-11 Pct Mo Base Alloys 
Nominal Carbon Content, Wt Pct 
Temper- Time, Carbon 
ature, °C Hr Free 0.15 0.20 0.25 0.50 
800 if 0.11 0.04 0.04 0.04 0.06 
3 0.10 0.05 0.04 0.06 0.06 
8 0.10 0.04 0.04 0.06 0.06 
16 0.10 0.04 0.05 0.06 0.08 
24 0.11 0.05 0.07 0.05 0.06 
850 1 0.10 0.05 0.06 0.05 0.05 
3 0.10 0.04 0.05 0.06 0.04 
8 0.13 0.05 0.05 0.05 0.05 
16 0.13 0.06 0.06 0.05 0.05 
24 0.22 0.05 0.05 0.06 0.04 
900 1 0.13 0.05 0.05 0.06 0.06 
3 0.23 0.06 0.05 0.06 0.04 
8 0.20 0.06 0.07 0.06 0.04 
16 0.30 0.06 0.06 0.06 0.05 
24 0.26 0.05 0.06 0.08 0.05 
950 1 0.14 0.05 0.05 0.06 0.07 
3 0.17 0.07 0.06 0.06 0.06 
8 0.24 0.08 0.06 0.06 0.06 
16 0.32 0.06 0.08 0.06 0.07 
24 0.29 0.07 0.06 0.07 0.09 
1000 1 0.29 0.06 0.07 0.06 0.08 
3 0.22 0.08 0.08 0.07 0.07 
8 0.25 0.07 0.07 0.07 0.07 
16 0.26 0.11 0.09 0.06 0.08 
24 0.28 0.09 0.07 0.06 0.09 


The inhibition of grain coarsening by the dis- 
persed carbides is very pronounced. Data for the 
various carbon levels are plotted in Fig. 5 as a band, 
since there is no clear cut dependence of the grain 
size on carbon contents after these heat treatments. 
All of the samples contained a large enough number 
of dispersed carbide particles to inhibit grain 
boundary migration with the same order of magni- 
tude of effectiveness. Grain sizes smaller by factors 
of from 5 to 10 are observed in most cases on the 
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composition range studied when comparing carbon- 
bearing to carbon-free alloys subjected to the same 
thermal cycle. 

Summary 

The influence of carbon on the transformation 
kinetics, mechanical properties, and grain growth 
characteristics of some Ti-Mo alloys was investi- 
gated. 

A marked acceleration of the rate of rejection of 
a from £8 on isothermal transformation was ob- 
served. This increase in rate is similar to that ob- 
served for alloys of this type containing oxygen or 
nitrogen in solid solution. Because in the present 
alloy studied the solid solution was saturated with 
carbon, and the presence of the carbide phase in- 
hibited grain growth, the simultaneous contribu- 
tions of both the carbon in solution and the much 
finer grain size to increased transformation rates 
were observed. 

No systematic effect of carbon on the ultimate 
tensile strength of the alloys studied was observed. 
In some instances, the ultimate tensile strength of 
the carbon-containing alloy was lower than for the 
carbon-free alloy given’ the same heat treatment. 
More frequently, the ultimate tensile strength of 
the carbon-containing alloys would be slightly 
higher. The differences were usually very small. In 
no case were differences of more than 20 pct ob- 
served. It is particularly significant that tensile 
ductility is not reduced to below usable levels by 
the presence of carbon at any carbon level in the 
range studied. 

The heat treatments were not intended to evalu- 
ate the entire range of properties obtainable in 
these alloys, but corresponded to different strength 
levels and good and poor tensile ductility in carbon- 
free material. Heat treatments were selected which 
consisted of essentially complete transformations. 
This was done so that the change in transformation 
kinetics associated with the presence of carbon 
would not produce differently constituted test sam- 
ples because of the particular times chosen. Since 
isothermal transformation times were adequate in 
all cases to transform the carbon-free composition 
completely, there was no doubt that the more rap- 
idly transforming carbon-bearing alloys would be 
also completely transformed. 

Dispersed carbides exert a marked inhibiting 
effect on the grain coarsening tendency of these al- 
loys solution treated in the £8 field. Grain sizes 
smaller by factors of 5 to 10 are observed in even 
the lowest carbon—0.15 wt pct—alloy studied com- 
pared to the carbon-free composition subjected to 
the same thermal cycle. 
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temperature-high pressure 


A Kinetic Study of the Leaching 
of Molybdenite 


A study of the rate of dissolution of molybdenite (MoS,) in alkaline solution 
was carried out under carefully controlled conditions. Effects of temperature, oxygen 
over-pressure, and KOH concentration were evaluated. Studies were made in the 
temperature range 100°C to 175°C and in the pressure range 0 to 700 psia of oxygen. 
Under these conditions molybdenite was found to leach according to a linear mecha- 
nism. Both oxygen over-pressure and KOH concentration were found to control the 
rate of leaching. The mechanism has been explained in terms of adsorption of oxygen 
at the molybdenite surface followed by configurational rearrangement of the ad- 
sorbed molecules. The hydroxyl ion dependency is believed to be diffusion-controlled. 
Laboratory batch studies have shown that molybdenite can be readily dissolved in 
alkaline solutions under moderate conditions of temperature and pressure. Com- 
mercial application of this process to the production of ferro-molybdenum and molyb- 
denum chemicals is promising in view of the ease of dissolution of molybdenite and 
the relatively noncorrosive conditions involved in the process. 


by William H. Dresher, Milton E. Wadsworth, and 
W. Martin Fassell, Jr. 


techniques 


quently the literature lacks any significant data in 


have long been used to great advantage in the 
organic chemical industry, the petroleum industry, 
and the paper industry. Only recently, however, 
have these methods been used to extract metals 
from their ores on a commercial scale. The Chemical 
Construction Corp., together with interested pro- 
ducers of nickel and cobalt, has done much to 
develop methods of producing nickel and cobalt 
powders by the use of high temperature-high pres- 
sure techniques." The Howe Sound Co. is currently 
operating a plant near Salt Lake City in which the 
new Chemical Construction Corp. technique is ap- 
plied to cobalt-arsenic sulfide concentrates. In this 
method the concentrates are leached in a dilute 
solution of sulfuric acid under air pressure at a 
high temperature. Near Edmonton, in Alberta, 
Canada, the Sherritt Gordon Co. is also using the 
new method in conjunction with its ammoniacal 
leach process.” National Lead Co., at Fredricktown, 
Mo., is operating a process similar to that of Howe 
Sound. 

In spite of the rapid growth of high temperature- 
high pressure hydrometallurgical processes, there 
has been very little work done on fundamental 
principles involved in this type of process. Conse- 
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this field. Oxidation of pyrite,* sphalerite,* galena,” 
and recently molybdenite® in alkaline solutions has 
been reported to some extent. 

This investigation was initiated, therefore, to 
broaden the application of high temperature-high 
pressure hydrometallurgy and also to contribute 
some insight into the basic mechanisms of oxidation 
in an aqueous medium under these conditions. In 
addition to the immediate consequences of these 
processes much valuable information remains to be 
learned about fundamental reactions when they are 
carried out at temperatures and pressures slightly 
higher than those normally encountered. 

Leaching of molybdenite by alkaline solutions 
under oxygen pressure has recently been reported 
in the Russian literature by E. S. Usataya,° who 
found that leaching rate increased with an increase 
in the pH of the solution—the strongest effects being 
observed at a pH of 10—and also with an increase 
in temperature. Usataya also has reported the form- 
ation of a protective film on the surface of the 
molybdenite when the leaching solution was weakly 
alkaline, neutral, or acidic. He believes that this 
oxidation process explains the migration of Mo** in 
the oxidation zones of molybdenite ore deposits and 
the subsequent impoverishment of the ores. 

Equipment: The high temperature-high pressure 
reaction unit used in this work was especially de- 
signed for kinetic studies of this nature, emphasis 
being placed on accuracy of measurement and pre- 
cision of control. As details of the unit’s construction 
and operation have been discussed elsewhere,’ only 
basic features and principles of operation will be 
discussed at this point. 
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Fig. 1—Typical rate curves. 


1) Temperature of the solution within the auto- 
clave is constantly measured, recorded, and con- 
trolled. 


2) Gas over-pressure of the system is constantly 
regulated and indicated. 


3) Provisions are made for lowering a sample 
into the reaction zone of the autoclave once thermal 
equilibrium has been attained. 


4) A means is provided for removal of liquid 
samples from the reaction zone of the autoclave 
during the course of the reaction without disrupting 
operation of the unit. 


Solubility of oxygen in various concentrations of 
solutions used in this experiment was measured in 
equipment adapted from that described by Frolich, 
et al. and by Ipatieff and Monroe.’ The oxygen- 
saturated solution from the autoclave was admitted 
to the gas-measuring equipment by means of a 
water-cooled capillary tube. A vacuum-tight con- 
nection was made between the capillary tube and 
the flash chamber of the gas-measuring equipment. 
The liquid was measured by a standard 100-ml 
capacity burette encased in a water jacket, and the 
volume of gas was measured in a Fisher precision 
gas burette. 

Bench-scale tests were made in an Autoclave 
Engineers 1-gal, electrically heated autoclave. A 
Leeds and Northrup type C Micromax controller 
was used to control temperature of the solution 
within the autoclave. 

Experimental Procedure: Molybdenum sulfide 
used in the kinetic study was Molysulfide lubricant, 
Grade 2, a commercial product manufactured by 
Climax Molybdenum Co. The MoS, content of this 
material was better than 99 pct. A less pure grade 
of molybdenite, obtained from the Kennecott Cop- 
per Co., was used for the bench-scale tests. This 
material contained approximately 89 pct MoS., the 
remainder being a siliceous gangue material. 

Solid molybdenite samples, 0.650 in. diam and 
approximately 0.085 in. thick, were prepared by 
pressing the powdered molybdenite (97 pct, —100 
mesh) in a Carboloy die at a pressure of approxi- 
mately 85 tons per sq in. These samples varied from 
91 to 92 pct of theoretical density of massive molyb- 
denite. The geometric surface area of the molyb- 
denite disk was calculated from micrometer meas- 
urements of the sample. After preparation, the 
molybdenite disks were pressed by hand into an 
Inconel sample holder and mounted in the auto- 
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clave. Flat, plate-like samples were used in these 
studies in order to maintain the geometric surface 
area essentially constant during the course of the 
run. Rate curves for the dissolution of MoS. powders 
were found to deviate from linearity because of the 
large variation in surface area as the reaction 
progressed. 

Molybdenum content of the leach solution, meas- 
ured at periodic intervals, was determined spectro- 
photometrically from a phenylhydrazine hydro- 
chloride-molybdenum complex by a Beckman 
Model DU quartz spectrophotometer. The method 
of analysis followed that developed by Ayres and 

Measurements of oxygen solubility in the leach 
solutions were made with the equipment previously 
described. Since a relatively large volume of solu- 
tion was required for each solubility measurement, 
it was not possible to measure solubility concur- 
rently with molybdenum concentration. When a sol- 
ubility measurement was made, the solution within 
the autoclave was brought to the desired tempera- 
ture and the oxygen over-pressure was increased in 
increments of 100 to 200 psi. A measurement of the 
amount of oxygen dissolved in 50 ml of the leach 
solution was determined for each increment. Each 
measurement consisted of a reading of the volumes 
of both liquid and gas, of the temperature of the gas 
in the burette, and of the atmospheric pressure. 
Results of these measurements were expressed in 
mols of oxygen per liter of solution. Solubility 
measurements were made for all temperatures and 
KOH concentrations used in the leaching studies. 

Batch studies on leaching molybdenite were car- 
ried out in the Autoclave Engineers 1-gal autoclave. 
In this series of studies, potassium hydroxide solu- 
tion and powdered molybdenite were charged to the 
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Fig. 2—Effect of oxygen over-pressure on rate of leaching. 
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Fig. 3—Effect of KOH concentration on rate of leaching. 


autoclave, which was evacuated and allowed to 
come to operating temperature without agitation. 
Oxygen was admitted to the autoclave to the desired 
working pressure and agitation started. Samples of 
the solution were withdrawn at intervals by means 
of a capillary tube. Due to the high molybdenum 
concentration of the solution the progress of the re- 
action was followed by titrating the KOH remain- 
ing in the solution rather than by the colorimetric 
method of analysis used in the kinetic study. 

Experimental Results: The reaction rate data con- 
sisted of measurements of the rate of formation of 
MoO,” under the various conditions of leaching. 
Results to be described are based on the leaching of 
more than 65 samples of molybdenite in potassium 
hydroxide solution under oxygen partial pressure of 
0 to 700 psia and at temperatures from 100°C to 
175°C. As shown in Fig. 1, molybdenite was found 
to leach according to a linear mechanism under 
nearly all conditions investigated. When relatively 
high rates of reaction were involved, as in runs at 
175°C or higher, deviation from linearity was ob- 
served. This deviation was found to be due to dis- 
integration of the pressed samples and a subsequent 
increase in effective surface area. 


Table |. Bench-Scale Tests of Molybdenite Leaching 


Oxygen Tempera- Time to 95 Pct 
Pressure, ture, Molar Ratio, Completion, 
Psia °C MoS2:KOH Min 
200 156 1:2 62 
400 156 1:2 38 
600 156 1:2 33 
800 156 1:2 29 
1000 156 1:2 22 
1500 156 1:2 17 
400 108 1:2 110 
400 125 1:2 85 
400 140 1:2 65 
400 156 1:2 38 
400 175. 1:2 23 
400 156 1:4 28 
400 156 1:2 38 
400 156 4:5 46 


Four variables were studied in determining 
kinetics of the leaching reaction: speed of agitation, 
KOH concentration, temperature, and oxygen over- 
pressure. Rate of the reaction was grossly affected 
by speed of agitation below approximately 500 rpm. 
Above this speed, however, reaction rate was rela- 
tively stable until cavitation occurred at about 1000 
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rpm and the sample disk was no longer covered by 
the leach solution. Stirring rate was maintained at 
750 rpm for all tests. Fig. 2 shows the experimental 
rates of leaching for various pressures of oxygen, 
Fig. 3 the effect of a change in the leachant concen- 
tration on the rate of leaching for several different 
temperatures. 

A series of bench-scale tests were carried out to 
demonstrate commercial feasibility of the leaching 
process. Optimum conditions were taken from the 
results of the kinetic studies and briefly studied 
batchwise. Oxygen over-pressure, temperature, and 
various molar ratios of MoS, to KOH were studied. 
Results of these tests, expressed as the time re- 
quired to leach 95 pct of the molybdenite, are pre- 
sented in Table I. 

Tests similar to those presented for KOH solution 
were carried out in NaOH and Na.CO, soiutions. The 
reaction was found to proceed using each of these 
reagents. The rate measured in Na.CO; solutions 
was much slower because of the buffering action 
of Na.CO, and the resulting lower hydroxyl ion con- 
centration. Use of sodium salts produces Na.MoO,, 
which is less soluble than K.MoO,—115.5 g per 100 
ml at 100°C for Na.MoO, as compared to 184.6 g per 
100 ml at 25°C for K.MoQO,. 


Discussion of Results 

The linear reaction rates observed for all experi- 
ments, Fig. 1, carried out within the range of the 
conditions of this study indicate that the surface is 
not hindered by products of the reaction. Any build- 
up of adherent surface layers as a result of the 
reaction would result in nonlinear rate curves. The 
linearity of the rate curves also indicates that the 
concentration of surface sites that contribute to the 
reaction remains constant for any given set of con- 
ditions. 

The overall measured rate is clearly a function of 
the oxygen over-pressure, as is shown in Fig. 2. The 
shape of this curve suggests a surface adsorption 
process that reaches a maximum rate for complete 
surface coverage. The oxygen dependency curves 
are regular and typical of a process involving ad- 
sorption of a gas onto a surface. Hydroxyl ion de- 
pendency, however, is not so simple. The isotherms in 
Fig. 3 can be divided into two regions. In the first 
region, below a concentration of approximately 1.0 
mols per liter, the reaction rate is an increasing 
function of the hydroxyl ion concentration. Above 
this region the rate decreases with increasing hy- 
droxyl ion concentration. This rather strange shape 
of the KOH dependency may be attributed to three 
major effects: 1) the concentration of oxygen dis- 
solved in the solution varies with the KOH con- 
centration for any given over-pressure, 2) the ac- 
tivity coefficient of KOH varies considerably over 
the range of concentrations of KOH considered, and 
3) the combined effect of diffusion and viscosity 
must be taken into consideration. To eliminate the 
first of these effects the solubility of oxygen in KOH 
solutions must be known. Since the literature lacks 
data obtained under the conditions of this study 
these measurements were made experimentally. 
Fig. 4 shows the solubility of oxygen in KOH solu- 
tions under the conditions employed in each of the 
leaching studies. The quantity S/P is the ratio of 
solubility of oxygen in mols per liter to the absolute 
pressure of oxygen over the solution. Activity co- 
efficients of the various concentrations of KOH solu- 
tions were taken from data of Harned and Cook™ 
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Fig. 4—Solubility of oxygen in KOH solutions. 


and extrapolated to the desired temperatures. Since 
the concentrations of oxygen in solution were so 
low—10~ mols per liter—activity coefficients of the 
oxygen dissolved in the KOH solutions were as- 
sumed to be equal to unity. 

The overall reaction may be explained stoichio- 
metrically by Eq. 1: 


MoS, + 9/20. + 6OH- > MoO, - 


After complete oxidation the end products were the 
molybdate and the sulfate ions. If, however, the 
solutions were analyzed as soon as they were re- 
moved from the autoclave and the molybdenum 
sulfide was not completely reacted, the sulfur was 
found to be present in solution as the sulfate ion 
plus a measurable quantity of the thiosulfate ion 
—S,.0; -. This was determined by a standard iodine 
titration. Fig. 5 is a typical plot of S.O; ~ ion con- 
centration vs time. The presence of the thiosulfate 
ion in reactions of this type has been reported pre- 
viously by Forward et al.,” who found curves of 
this type for the dissolution of cobalt, nickel, and 
copper sulfides in ammoniacal solutions. They also 
noted the presence of dithionate ion and the higher 
thionates as well as sulfamate. However, thionates 
cannot exist for any appreciable time in alkaline 
solutions in the absence of the ammonia ion due to 
their decomposition by the hydroxyl ion resulting in 
the formation of thiosulfate ion.” The direct forma- 
tion of the thiosulfate ion may be represented by 
the intermediate overall reaction 


MoS, + 5/20, + 40H- > MoO, - 


The complexity of these reactions (Eqs. 1, 2) requires 
a series of reactions, of which one or more may be 
rate-controlling. In any event, it appears that the 
surface reactions involved result in intermediate 
compounds that must be capable of forming the 
observed end products and at the same time main- 
tain the proper oxygen and charge balance. 


Theoretical 
Development of the Rate Equation: According to 
the Absolute Reaction Rate Theory,” the rate of any 
chemical reaction may be represented by the gen- 
eral equation 
Rate=Sac¢ — kT we 


[3] 
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° 


° 
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uP 
20 30 4 50 60 
TIME, min 
Fig. 5—Formation of $0; during leaching of MoS». 
>) : 
where represents the summation of all contrib- 


uting rates, represents the product of the 


reactant concentrations for the j‘" rate step, k’; is the 
specific rate constant, x is the transmission coeffi- 
cient, AF+, is the activation energy of the j™ rate 
step and k and h are the Boltzman and Planck con- 
stants, respectively. Application of Eq. 3 requires 
evaluation of the rate-contributing steps involved 
as well as evaluation of the reactant concentrations 
ap 

The following steps are suggested as possibly 
leading to the overall reaction commensurate with 
the measured rates and the observed end products: 


for each step. 


| 


+ O, (fast) [4] 
| k,! 
(slow) [5] 


2 


| k,l 
INTO [ntos, act (slow) [6] 
| 


| sos... 20, |act + OH->!MoO,(OH)* + S,0.7 
| | (fast) [7] 


| 
IMoO,(OH)* + OH->MoO,- + 2H* (fast) [8] 
| 


(fast) [9] 


An alternate mechanism would involve adsorption of 
a single molecule of O, as in Eq. 4 and the subsequent 
formation of S,~ in Eq. 7. 
| 
The symbol : is used to denote a surface site or 


product of reaction at the surface. Electrical neu- 
trality must of course be maintained by the presence 
of gegen ions of the proper charge. It is not intended 
in these reactions to indicate how oxygen is adsorbed 
on the active site. The character of the curves of Fig. 
2 indicates molecular adsorption. This does not 
necessarily imply physical adsorption, since the 
molecular oxygen may possibly split on the sulfur 
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Fig. 6—Demonstration of the independence of KOH concentration. 


or in some way split between the surface molybde- 
num and the sulfur. Kinetically, such splitting will 
appear as molecular adsorption. Eq. 6 represents a 
step in which the adsorbed oxygen undergoes a 
configurational change creating an active site prone 
to the action of the hydroxyl ion. The molybdenum 
oxy-hydroxide ion, MoO,(OH)*, proposed in Eq. 7 
is not unlikely, since molybdenum oxy-sulfate, 
MoO.(SO,), and MoO*, are known.” The interme- 
diate thiosulfite ion, S.O.~, or perhaps 2 SO, pro- 
vides a proper step in terms of oxygen and charge 
balance to explain the end products observed. These 
two intermediates would be very unstable and 
would react immediately at or near the surface 
according to Eq. 10. The final presence of sulfate 
ion, SO,~, results from further oxidation of thiosul- 
fate in basic solution according to the reaction 


+20,+20H H.0. [11] 


The addition of this reaction results in Eq. 1. 


The present development is based upon a steady- 
state treatment in which the concentration of sur- 
face reactant is considered to be constant for any 
one set of conditions. These data may be treated in 
a similar fashion by considering surface equilibrium 
for adsorption of oxygen. Arguments will be pre- 
sented, however, which indicate that equilibrium 
was not attained. If the fraction of total available 
sites covered with oxygen is considered (i.e., 
MoS.... 20, sites) as 6, under the steady-state treat- 
ment rate of formation of the MoS,...20O, sites is 
just balanced at the rate at which they disappear.” 


Accordingly, from Eqs. 5 and 6 


dé 


The quantity (1—é) represents the fraction of the 
available surface present as MoS, ... 20,. This implies 
that reaction (Eq. 4) is so fast that the fraction of 
the available surface sites completely uncovered by 
oxygen (MoS.) is negligible. The constant k, con- 
tains the terms necessary to convert from surface 
coverage to the true surface concentration, surface 
roughness, and the fraction of the number of surface 
sites that are active. The constants k, and k, repre- 
sent the specific reaction rate constants for the for- 
ward and the backward reaction, respectively, of 
Eq 5. The constant k, represents the specific reac- 
tion rate constant for the reaction of Eq. 6. From 
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Eq. 12 the value of 6 may be written in typical 


Langmuir form: 
+ ke 


2 | 
1 O, 
k, + ks {13] 


Rate of the reaction was experimentally determined 
by the rate of the appearance of MoO,” in solution. 
Since the reaction represented by Eq. 7 is very fast, 
the rate of formation of MoO,” is determined by the 
rate of formation of the intermediate MoO.(OH)* 
according to Eq. 6. Therefore, 


d (MoO, ~) 
dt 


Rate = = 10 [14] 


Combining Eqs. 13 and 14 results in Eq. 15: 


ky 
ky ks [o.| 
+ kz 


Rate = [15] 
k, + ks 


which, at constant temperature, can be written as 
Eq. 16: 


Rate = [16] 

1+ k, [O.] 
where k, = k.k,; and k, = k,/(k. + k,). This repre- 
sents the conditions of the tests presented in Fig. 2. 
Each curve was determined at constant temperature 
and at a constant KOH concentration of 2.6 mols 
per liter. Solid lines drawn through the experimen- 


10 

2 

8 
aX 


> 


AHS = 6.60 Kcal/mole 
2 


20 2.25 2.50 2.75 
= x 10° °K" 


Fig. 7—Eyring plot for calculation of AH;+. 
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tal points of Fig. 2 are the theoretical calculated 
curves according to Eq. 16. Plateau values of the 
curves represent complete surface coverage or §—>1. 
These plateau values therefore represent the k, 
terms at each temperature. From this and one 
other point on each curve the value of k, may be 
determined for each isotherm according to Eq. 16. 
The term k,/(k, + k;,) approaches the equilibrium 
constant K as k, becomes small compared to k.. 
Thus, k,—>K and then represents the equilibrium 
adsorption of oxygen in Eq. 5. From the curves of 
Fig. 2 the values of k, were found to be 234, 300, 
378, and 480 at the temperatures of 112°, WAS 
140°, and 156°C respectively. Since all surface ad- 
sorption processes must be exothermic, i.e., K must 
decrease with an increase in temperature, this in- 
crease in the value of k, with temperature indicates 
that equilibrium was not attained. For this reason, 
the second alternative k,>>k, must be chosen and 
the steady-state treatment adopted. 


The effect of varying hydroxyl ion concentration 
is irregular from what might be expected. The 
curves of Fig. 3 were determined for various KOH 
concentrations at a constant over-pressure of oxy- 
gen of 400 psia and a constant stirring speed of 750 
rpm. The concentration of oxygen dissolved in the 
KOH solution was not a constant due to the varia- 
tion of the solubility of oxygen in the various con- 
centrations of KOH, as indicated in Fig. 4. The 
effect of varying the hydroxyl ion concentration 
can be explained by considering the two sections of 
each of the isotherms separately. In the first section 
the solubility of oxygen in the dilute KOH solution 
is sufficient to supply an adequate amount of oxygen 
to the surface of the molybdenite in order to support 
the reaction. In this section, however, the hydroxyl 
ion does not diffuse to the surface fast enough to 
continue the reaction. Thus the rate of the reaction 
increases as the hydroxy] ion is increased. At a con- 
centration of approximately 1.0 mols per liter the 
rate of supply of hydroxyl ion to the surface be- 
comes equal to the rate of formation of active oxi- 
dized surface sites. Beyond this point, as the hy- 
droxyl ion concentration continues to increase, 
oxygen solubility is limited to such an extent as to 
hinder the reaction by not supplying a sufficient 
amount of oxygen to maintain the oxidation reac- 
tion at an equal or faster rate than the reaction with 
the hydroxyl ion. In this section of the curves the 
rate thus becomes zero order with respect to KOH, 
since the overall rate now depends on the rate of 
formation of active oxidized surface sites which are 
removed by reaction with hydroxyl ion as soon as 
they are formed. The only hydroxyl dependency is 
manifest by the solubility of the oxygen in the KOH 
solution. This last point is clearly demonstrated by 
the fact that it is possible to intermix the experi- 
mental data of Fig. 2, determined at a constant KOH 
concentration of 2.6 mols per liter and at various 
oxygen over-pressures, with the hydroxy] ion inde- 
pendent data (above 1.0 mols per liter KOH) of Fig. 
3 determined at various KOH concentrations and at 
a constant oxygen over-pressure of 400 psia. These 
data are shown in Fig. 6 where the rate of the reac- 
tion is plotted vs the concentration of oxygen dis- 
solved in the KOH solutions. The data indicated by 
the open symbols are those obtained from Fig. 2; 
data indicated by the closed symbols are obtained 
from Fig. 3. 

Thermodynamic Considerations: Using the steady - 
state treatment and the Absolute Reaction Rate 
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AH} = 5.24 Kcal/mole 


2.0 2.25 2.50 CATs) 
+ x 10° 


Fig. 8—Eyring plot for calculation of AH: — AHs*. 


Theory, 

48) [—aH, /RT] exp /R]. [17] 
The slope of the Eyring plot of In k,/T vs 1/T 
should give the value of het Fig. 7 represents 


such a plot, from which it was found that AH, is 
equal to 6.60 kcal per mol. This represents the 
heat of activation for reaction (Eq. 6) which in- 
volves rearrangement of the adsorbed oxygen on 
the surface. Likewise, it can be shown that 


ky + 


= exp[—(AH, — AH, )/RT ]Jexp[ (AS, — AS, )/R]. 
The slope of the Eyring plot In k, vs 1/T gives a 
value of AH, — AH;. Fig. 8 shows that AH, — AH, 


is equal to 5.24 keal per mol. By difference, AH, 
is found to be equal to 11.84 kcal per mol. This 
represents the heat of activation for adsorption of 
oxygen onto the surface of the molybdenite accord- 
ing to Eq. 5. 

It is interesting to make an approximation of the 
number of surface sites actually involved in the 
leaching process. If a rate is selected where @ = 1, 
Eq. 5 can be used to calculate k,, which contains 
the factors: ksz, surface roughness; Kucr, the fraction 
of the total number of surface sites activated; and 
k’, the geometric number of molecules per unit area 
of surface. Calculation of the number of MoS, sites 
on the principle cleavage plane of molybdenite— 
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the 0001 plane—gives the value of approximately 
4.95 x 10° mols per cm’. The difference in entropies 


AS, — AS, can be calculated from the relationship 


n— = — . 
key RT < R 


This gives a value of 24.45 eu per mol. ASS the 
entropy change associated with the adsorption of 
oxygen onto the surface of the molybdenite, can be 
estimated by the use of the B.E.T. assumption that 
the energy of adsorption is approximately equal to 
the energy of liquifaction of adsorbed gas. The free 
energy of activation for each of the processes can 
be calculated by the thermodynamic relationship 


AF = AH— TAS . [20] 


Table II shows the percentage of active sites for 


Table II. Estimation of the Number of Active Surface Sites 
Ss == Ko, Active Sites, Pct 
ASi ASs Mols 
Eu per Mol Eu per Mol Per Cm? ksrkacr ksr=1 Ksr=10 
0 — 24.45 1.7x1012 3.4x10-+ 0.034 0.0034 
—6.00 — 30.45 1.3x10% 2.6x10-2 2.6 0.26 
—12.00 — 36.45 7.9x1014 1.6x10—1 16.0 1.60 


several estimations of AS, calculated at the condi- 
tions: — 429°K, P—.400 psia =.2.0 x 10° 
mols per liter), KOH = 2.6 mols per liter ([dox_] = 
2.34), and Rate = 0.530 mg per cm*. min (3.33 x 10” 


mol per cm’. sec). Values of AS, = —6.00 eu per mol 
and Ksz = 10 may be selected as being nominal esti- 
mates of the entropy of adsorption and of the sur- 
face roughness factor. In this case, the number of 
active sites is approximately 0.26 pct of the number 
of total surface sites. This suggests that the face of 
a molybdenite platelet is relatively inactive and that 
the reaction probably occurs at the edges of these 
platelets, removing MoS, in a series of steps. 


Commercial Application 

The product of the leaching process is a pregnant 
liquor carrying the desired molybdenum plus any 
other alkali-soluble metals that may have been 
present in the ore. Such a process, if applied to mo- 
lybdenite ores containing appreciable quantities of 
rhenium, would result in a liquor containing potas- 
sium perrhenate as well as potassium molybdate. 
This liquor could then be treated by ion exchange 
or by solvent extraction to separate the rhenium 
from the molybdenum. 

The sands flotation treatment in the molybdenum 
circuit, such as is currently used to separate molyb- 
denum sulfide from the underflow of copper flotation 
circuits, could be eliminated by application of this 
process for dissolution of molybdenum. The de- 
pressed molybdenite plus the gangue material re- 
moved following the bulk sulfide step should be 
directly applicable to such a leaching process. 

A novel application of this high temperature leach 
process has been devised in which use is made of 
waste pickle liquors to produce ferro-molybdenum 
for steel alloying. A feature of this process is the 
fact that the leachant can be recovered by treating 
the spent leach solution with hydrated lime. The 
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calcium sulfate formed is filtered off, leaving the 
desired potassium hydroxide. The ferric molybdate 
produced by reaction between the pickle liquor and 
the leach liquor can be added to the steel melt di- 
rectly or reduced to ferro-molybdenum in an elec- 
tric furnace. 


Conclusions 

Molybdenum sulfide was found to leach readily in 
KOH solutions at relatively moderate oxygen pres- 
sure and temperature. The observed kinetics of the 
reaction can be explained by a steady-state analysis 
involving adsorption of oxygen at the surface fol- 
lowed by a configurational rearrangement of the 
oxygen on the surface. The oxidation product is 
then removed from the surface by a reaction with 
hydroxyl ion forming a water-soluble molybdate. 
The hydroxyl ion dependency is believed to be dif- 
fusion-controlled. A secondary hydroxyl ion de- 
pendency is due to a decrease in the solubility of 
oxygen in increasingly concentrated solutions of 
KOH. Heat of activation for adsorption of oxygen 
was found to be 11.84 kcal per mol. Heat of activa- 
tion for the configuration change was found to be 
6.60 keal per mol. The small apparent number of 
active sites present suggests that the reaction occurs 
predominantly at the edges of the molybdenite 
platelets. 

Although the process of high temperature leach- 
ing of molybdenite and some of its suggested appli- 
cations may not be economically feasible at the 
present state of technology, it is felt that further 
application of such systems will produce a tech- 
nique that will allow a process of this type to com- 
pete favorably with existing processes. 
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Technical Note 


Mechanism of Sulfate Formation During the Roasting Of 


Cuprous Sulfide 


by C. L. McCabe and J. A. Morgan 


iB the art of roasting sulfides it is well known that 

the lower the temperature and the higher the pres- 
sure of SO,, the larger will be the amount of sulfate 
present in the product. However, the mechanism of 
sulfate formation is not generally understood. The 
following experiment* demonstrates in a direct way 


*Peretti! has reported observations similar to those in this note. 


that, in the roasting of Cu.S, the sulfate forms from 
the reaction of Cu.O, formed by the oxidation of Cu.S, 
with gaseous SO, (or SO;) and O.. Thus, the sulfate 
does not form at the sulfide surface. The reaction at 
the sulfide surface is the same whether or not sulfate 
is formed. Using an indirect method, Ong, Fassell, 
and Wadsworth’ infer that sulfate forms after oxida- 
tion, during the roasting of sphalerite, agreeing 
with the observations of this paper. The method 
presented here of demonstrating that sulfate forms 
after formation of Cu.O is to roast a sample of Cu.S 
and then to locate and identify the phases formed.* 

A solid cube of cuprous sulfide, made by melting 
Fisher reagent grade Cu.S powder and measuring 
about 1.5 em on edge, was placed on a Nichrome 
wire grid suspended over the top of an Alundum 
combustion boat. The assembly was placed in a tube 
furnace at 600°C and oxygen gas, flowing at 0.60 
liters per min, was passed around the specimen for 
24 hr. The furnace tube diameter was 1.5 in. The 
partially roasted sample was removed from the fur- 
nace and impregnated with resin No. BR 0014, ob- 
tained from the Palmer Products Co., and the im- 
pregnated sample was then mounted in Lucite. A 
cross section was obtained by grinding and the sur- 
face was prepared by the following steps: 1) grind- 
ing—60 grit, 3M disk, dry; 2) preliminary polishing 
—60 through 600 grit, 3M disk, dry; 3) polishing— 
8 » diamond putty, silk cloth; and 4) final polishing 
—levigated magnesia in isopropyl alcohol, Selvyt 
cloth. 

The color micrograph of the polished surface is 
shown in Fig. 1. The layers present in the micro- 
graph are given along the side. 

The compositions of the various layers were es- 
tablished by Debye-Scherrer patterns. From this 
evidence the following sequence of reactions which 
occur in the roasting of Cu.S is inferred: 

1) The oxidation of Cu.S occurs with oxygen 
which has been transported through the oxide- 
sulfate layer by either gaseous or solid state diffu- 
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MOUNTING RESIN ——> 
CuO ——>} 


CuO-CuSO, 


CuSO, ——>} 
CuzOAND CuSO,——>| 


Cu2S——>} 


Fig. 1—Color micrograph shows outer oxide and sulfate 
layers formed during the roasting of CuS. Unetched speci- 
men was photographed under polarized light. X100. Area 
reduced approximately 10 pct for reproduction. 


sion. The products of this reaction at the Cu.S sur- 
face are Cu.O and SO.. 

2) The SO, diffuses out through the pores in the 
Cu,O and finally reaches a position in the Cu.O 
where the oxygen pressure and the SO, pressure 
have values such that the thermodynamic conditions 
for the formation of CuSO, are fulfilled. Then, the 
mixture of SO., SO,;, and oxygen reacts with the 
Cu.O to form CuSO,. 

3) The CuSO, decomposes by the evolution of 
SO,, or SO, and O., to form the basic sulfate. This is 
reasonable, since the SO; gradient will decrease 
toward the oxygen gas phase from the CuSO, layer. 

4) For this same reason the basic sulfate will 
decompose to form CuO. 

The above sequence of events is based on the as- 
sumption that diffusion through the oxide and sul- 
fate layers, rather than the reaction at the sulfide- 
oxide interface, is rate-determining. This assumption 
is supported by the observation that these oxide 
and sulfate layers combined are almost nonperme- 
able to the flow of gases through them. 
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Reaction Zones in the lron Ore 


Sintering Process 


by R. D. Burlingame, Gust Bitsianes, and T. L. Joseph 


Der almost fifty years of commercial prac- 
tice, the sintering of iron ore has received little 
fundamental study. Much of the theoretical work’* 
has dealt with the constitution of sinter produced 
under widely varying conditions. While these studies 
have broadened our knowledge of the changes that 
occur in the sintering zone and in the freshly formed 
sinter during the early stages of cooling, they pro- 
vide little insight into the changes that precede the 
formation of sinter. These preliminary changes 
merit study as a part of the overall process. 

Hessle,’ working with beds of Swedish magnetite 
concentrates, was one of the first investigators to 
study the sintering process in its entirety. On the 
basis of temperatures observed at various levels of 
the bed during sintering, he postulated a number of 
distinct reaction zones to account for the chemical 
changes leading to the formation of sinter. 

A more direct method of attack is that of arrest- 
ing the sintering zone after it has progressed part 
way through the bed. A study of a vertical cross 
section through such a quenched bed provides direct 
information on the changes taking place at various 
levels. This method was used by McBriar et al.° to 
show that several well-defined zones of chemical 
change existed within beds that were typical of 
British sintering practice. The same general method 
of attack was developed independently in the present 
investigation to study partially sintered beds typical 
of American practice. 


Experimental Sintering Equipment 

The sintering operation was carried out on an 
experimental scale with the equipment shown in 
Fig. 1. The refractory-walled sintering chamber A 
was 11 in. deep and averaged 9 in. in diameter. Air 
was introduced through a tapered flow section B, 
which contained the orifice C for accurate metering 
of the incoming air. This section was located di- 
rectly above the square ignition housing D, which 
in turn rested upon the sintering chamber A. The 
bed was ignited with burner E. 
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The required suction for the operation was fur- 
nished by a fan F, which had an air capacity of 500 
cfm (stp). Hot exhaust gases from the sintering 
chamber were cleaned in the dustcatcher G before 
entering the exhaust fan. 

In the study of partially sintered beds, it was 
essential to find some technique for removing the 
entire charge from the sintering pot without dis- 
arranging the unsintered bottom portion. This prob- 
lem was finally solved by sintering the charge in a 
removable basket, which snugly fitted the sintering 
chamber. This basket was constructed of two thick- 
nesses of window screen and was lined with a 3/16- 
in. layer of asbestos paper. The bottom of the basket 
consisted of two thicknesses of wire screen, which 
were fastened to the basket wall. For high fuel mix- 
tures, additional insulation was provided by a some- 
what thicker layer of asbestos cement. 


Preparation of Partially Sintered Mixtures 


The moist feed was carefully placed in the sinter- 
ing basket, to prevent segregation of the particles, 
which varied widely in size and composition. A 
thermocouple was placed in the center of the basket 
with the hot junction halfway down, and the mix- 
ture was evenly distributed around it. 

During ignition and throughout the sintering of 
the upper half of the bed, the hot junction tempera- 
ture increased very little. When the sintering zone 
reached the halfway point, as indicated by the sud- 
den increase in the hot junction temperature, the 
charge was quenched. During quenching the suction 
was turned off and the orifice was tightly stoppered 
to prevent further influx of air. At the same time, 
nitrogen was admitted to the sintering chamber 
through the orifice tap. As soon as the nitrogen had 
displaced the air and products of combustion, the 
charge was removed from the sintering pot for im- 
mediate dissection. 

It is impossible to preserve the exact zone struc- 
ture of the bed at the instant that combustion is 
arrested unless the downward transmission of heat 
is also immediately stopped. Fortunately, heat trans- 
fer is very slow in beds containing a stationary 
fluid, especially if the particle size is small. It fol- 
lows that the minimum quantity of nitrogen should 
be used to displace the air and that static conditions 
be established as soon as possible. A very steep 
temperature gradient across the combustion zone 
for some time after the quench was evidence of in- 
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significant heat transfer. After completion of the 
dissection, the bright orange color of the hot sinter 
was found to grade sharply into a black zone of 
unfused particles of magnetite over a distance of 
only 4% in. The zone samples and zone dimensions, 
therefore, represent the conditions as they existed 
during sintering. 


Dissection Procedures 


Fig. 2 is a pictorial explanation of the two methods 
of dissection. One scheme proceeded according to 
sketches 1-2-3-4, while the other one followed the 
sequence 1-2A-3A-4A-4. The former method was 
the simpler, but the latter procedure also provided 
an opportunity to photograph the zone structure. 

Sketch 1 of Fig. 2 represents the basket contain- 
ing the hot, partially sintered charge that has just 
been lifted out of the sintering pot. The charge is 
inverted and the basket is then cut along the dotted 
line, sketch 2. Successive horizontal layers of bed 
are removed by alternately cutting the basket and 
striking off the samples or layers, sketch 3. Each 
horizontal section or sample is placed in a Pyrex 
flask, sketch 4. 

In the second method of dissection, the as- 
quenched charge is laid on its side and the wire 
basket is cut along the dotted line as shown in 
sketch 2A. This exposes a 120° sector of the bed 
below the combustion zone. Starting at the bottom 
of the charge, successive slices of the unsintered bed 
are obtained by driving sampling blades into the 
material as indicated by the dotted lines of sketch 
3A. Each sample is caught in a sampling trough, 
sketch 4A, and then transferred to a storage flask, 
sketch 4. The unexcavated bed clearly reveals the 
zone structure. To avoid oxidation, the hot particles 
of magnetite adjacent to the combustion zone are 
swept with nitrogen when removed from the bed. 


Resin Impregnation and Sectioning 

Samples from various levels of the unsintered 
portion of the charge revealed the changes occurring 
ahead of the combustion zone, but the conversion 
of the loose granular material into sinter in the very 
narrow combustion zone could not be studied by 
this technique alone. In order to prepare polished 
specimens from the sintering zone for microscopy, 
the granular bottom portion had to be bound coher- 
ently to the sinter cake. This was accomplished by 


§ 


Fig. 1—Experimental sintering machine: A, sintering chamber; 
B, flow section; C, orifice for metering incoming air; D, 
ignition housing; E, burner; F, fan; and G, dustcatcher. 
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Fig. 3—Sampling procedures for resin-impregnated charges: 
1) Bakelite-filled charge sawed vertically, 2) center slab of 
sketch 1 sawed into columns, 3) reimpregnated columns 
sawed into slices 1/16 in. thick, and 4) 1-in. disks for work 
at higher magnifications. 


impregnating the entire charge with hard-setting 
resins, by a specialized procedure. 

After a partially sintered charge had been cooled 
and dried in nitrogen, it was transferred to a sheet 
metal impregnating vessel of slightly larger dimen- 
sions. A hose connected the bottom of this vessel to 
a reservoir filled with a solution of 70 pct Bakelite 
and 30 pct acetone by weight. By slowly raising the 
reservoir, the liquid thoroughly filled the charge of 
sinter by upward percolation. After a period of 
soaking, the excess solution was drained off. A tough 
resin bond was produced by curing the charge at 
150°F for at least 8 hr. However, reimpregnation 
was always necessary before sufficient strength was 
developed for good sectioning. 

Sectioning was performed on a large diamond 
saw. Sketch 1 of Fig. 3 shows the Bakelite-filled 
charge after being sawed into three vertical sec- 
tions. The porous sinter is on top and the impreg- 
nated granular or unsintered portion of the charge 
is on the bottom. The center slab was in turn sec- 
tioned into short columns, which contain the com- 
bustion zone, sketch 2, Fig. 3. 
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Fig. 2—Dissection procedures for partially sintered charges. 
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Table |. Screen Analyses of Raw Materials 


Wt Pct of Size Fraction 


Typical Sinter 
Mixture,* Pct 


Size Ore 


¢ : Flue Sinter Roll Coke Dr After 
Fraction Fines Dust Returns Scale Breeze State Wet Mixing 
Inch 
—1.05 + 0.74 1.3 
free 2.5 2.0 0.9 2.2 
6.2 4.6 5.5 11.2 
+3 9.8 8.5 5.6 16.2 
+4 8.9 11.0 6.1 73 14.9 
+6 9.2 12.2 9.1 6.8 14.7 
+8 7.8 0.2 12.5 9.7 6.0 18.7 
qe aly) 7.6 0.3 12.2 10.8 9.2 6.2 16.1 
+14 7.3 0.5 9.0 9.6 16.1 5.3 6.0 
+20 6.2 5.9 7.2 4.3 
+28 bee 2.7 4.0 5.3 1255) 3.8 
+35 4.2 5.6 3.1 4.4 9.6 3.9 
+48 5.8 13.6 4.1 6.8 10.6 Wel 
+65 4.2 12.6 2.6 5.0 6.0 5.8 
+100 2.8 17.2 2.4 4.6 5.7 9.2 
+150 Sell 18.5 We 3.0 4.2 6.8 
+200 5.0 13.9 1.0 2.1 2.8 5.6 
—200 5.5 13.8 1.3 3.0 8.2 1.3 
100.0 100.0 100.0 100.0 100.0 100.0 100.0 


* Ore fines, 44.8 pct; flue dust, 20.0; sinter returns, 20.0; roll scale, 4.0; coke breeze, 1.7; water, 9.5 (wet basis). Total carbon, 5 pct. 


At this point, the short columns were impregnated 
once more, using methyl methacrylate monomer. 
The extremely tough lucite matrix provided by this 
technique was essential in the preparation of the 
specimens for final sectioning and polishing. The 
columns could then be sectioned into slices only 
1/16 in. thick, as in sketch 3. After a light grinding, 
these slices were ready for macrographic study. For 
work at higher magnifications, 1-in. disks contain- 
ing the sintering zone were cut from these slices and 
mounted in conventional briquettes for ease in 
polishing, sketch 4, Fig. 3. 


Raw Materials 

Raw materials were used in proportions typical 
of American sintering practice. Charges were pro- 
portioned on a wet basis as follows: Labrador ore 
fines, 46.5 to 43.3 wt pct; flue dust, 20.0; sinter re- 
turns, 20.0; roll scale, 4.0; coke breeze, 0.0 to 3.2; 
moisture, 9.5. The screen analyses and chemical 
compositions of each component and of a typical 
charge are given in Tables I and II. 

Microscopic examination of the Labrador ore fines 
showed that the mineralogical composition varied 
with particle size. The coarser particles were either 
limonitic, hematitic, or banded combinations of these 
minerals. Because the finer limonitic particles 
coated the coarse pieces, the ore appeared to be 
entirely limonitic. 


Table II. Chemical Analyses of Raw Materials 


Wt Pct of Constituent Typical 
Sinter 
Ore Flue Sinter Roll Coke Mixture,* 
Constituent Fines Dust Returns Scale Breeze Dry State 
Total Fe 58.11 46.02 63.49 74.53 1.29 55.12 
Fet++ 47.00 61.30 13.08 
7.10 6.43 4,24 7.25 
Al,Oz 1.24 3.31 1.67 2.48 1.72 
CaO 0.07 4.62 1.74 0.32 1.45 
MgO 0.08 1.27 0.55 0.13 0.44 
12) 0.124 0.10 
0.010 1.15 0.23 
Mn 1.03 0.61 0.50 0.77 
Cc 14.40 87.79 5 
Volatile matter 1.65 
Ash 9.41 
Combined H20 3.85 
Combined COz 2.60 


* Ore fines, 44.8 pct; flue dust, 20.0; sinter returns, 20.0; roll seale, 
4.0; coke breeze, 1.7; water, 9.5 (wet basis). Total carbon, 5 pct. 
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The typical mixture balled readily when mois- 
tened and subjected to a mixing and rolling action. 
A comparison of the size distribution in the dry 
and in the wet state is shown in Table I. Pelletiza- 
tion occurred by the formation of thick coatings of 
fine particles around the coarse pieces. Since the 
major proportion of the fines originated in the ore 
and in the flue dust, the external color changes in 
the sintering bed were the result of chemical changes 
in these fines. 

Presentation of Results 

Vertical sections of partially sintered beds re- 
vealed a number of definite zones or layers in which 
various physical and chemical changes occurred 
during the sintering operation. Fig. 4 shows dis- 
section of a partially sintered bed according to the 
second technique shown in Fig. 2. Although it is not 
readily discernible in the picture, a very narrow 
band, called the zone of combustion and sinter for- 
mation, is recognized as the region of transition 
between the coherent sinter cake and the under- 


Zone of Sinter 


Zone of Combustion 
and Sinter Formation 


Zone of Calcination 
and Reduction 


Zone of Dehydration 


Dry Zone 


Zone 


Fig. 4—Zone structure of partially sintered bed. 
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Fig. 5—Variations in chemical analysis in relation to zone 
structure, low fuel mixture. 


lying, granular portion of the bed. The first distinct 
region of unsintered material is the blue-black zone 
of calcination and reduction. Directly beneath it is 
the deep red zone of dehydration. In sharp contrast 
to this is the light yellow dry zone. Finally, the 
dark brown wet zone forms the bottom layer of the 
bed. The white spot at the center of the charge is 
the thermocouple sheath, and the white areas en- 
closing the charge are sections of the asbestos lining 
of the sintering basket. 

A series of charges of varying composition, par- 
ticularly with respect to the fuel, were sintered at 


oy 


HARGE 


Fig. 6—Variations in chemical analysis in relation to zone 
structure, low fuel mixture. 
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Fig. 7—Variations in chemical analysis in relation to zone 
structure, high fuel mixture. 


various rates of air flow, quenched, and then dis- 
sected. Because the zone relationships were quali- 
tatively the same as those just outlined, the pattern 
was considered to be general. At this point, it 
seemed necessary to correlate the more important 
variables of the process with the zone structures. 
The most important variables in any sintering 
operation are those associated with combustion, the 
quantity of fuel in the mixture, and the rate of air 
flow through the bed. This investigation was pri- 
marily concerned with a study of the effects of 
variations in the amount of fuel at a constant rate 
of air flow typical of commercial practice. No direct 
information has been published on the specific rate 
of air flow through industrial beds (cubic feet of 
air per minute per square foot of wind-box area) ; 
moreover, estimation is difficult because of the un- 
assessable effect of leakage. The rate of advance of 
the sintering zone is, however, a direct function of 
the specific rate of air flow. Expressed in this way, 
sintering velocities of % to 34 in. per min are typical 
of plant practices involving 11 to 13-in. beds and 
suctions of 20 to 25 in. water gage. Throughout the 
present study, sintering rates of about % ipm were 
obtained with a pressure drop of about 25 in. water 
gage across the 1l-in. bed. It was concluded, there- 
fore, that the specific rate of air flow of 55 cu ft per 
min per sq ft (stp) was typical of commercial prac- 
tice. With the air flow held constant at this value, 
changes in the sintering process were studied as the 
fuel content was increased from 3 to 6 pet C (dry 
basis). Using the first method of dissection, Fig. 2, 
samples were removed for chemical analysis. Plot- 
ting the data as a function of zone location gave a 
chemical profile of the partially sintered bed. 


Variations in Chemical Analysis Through 
Partially Sintered Beds 


Figs. 5 and 6 summarize the data from the low 
fuel mixture and Figs. 7 and 8a present the findings 
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of the high fuel charge. Variations in moisture, 
combined water, combined CO., and combustible 
carbon are shown in Figs. 5 and 7, and changes in 
total iron, ferrous iron, sulfur, and phosphorus are 
plotted in Figs. 6 and 8a. Zone widths observed from 
the color changes are also indicated on the graphs. 

The Wet Zone—As the hot gases from the combus- 
tion zone flow through the unsintered portion of the 
bed, they are cooled in supporting endothermic re- 
actions and in providing the charge with sensible 
heat. At the level of the wet zone, the gases are 
effective only in the removal of moisture from the 
charge. Figs. 5 and 7 show that the percentage of 
moisture varied from zero at the junction of the wet 
and dry zones to almost 12 pct at the grate level for 
both low carbon and high carbon mixtures. The 
moisture values are somewhat lower than those 
existing at the instant combustion was stopped, be- 
cause of unavoidable losses during quenching and 
dissection. 

Because the sinter mixture contained 9.5 pct mois- 
ture, it is apparent that some condensation occurred 
at the very bottom of the charge. In the 3 pct C 
charge, the gases became saturated with water after 
flowing only one fourth of the way through the wet 
zone. The dew point was not reached in the bed 
containing 6 pct C, however, until the gas stream 
had traversed about three fourths of the wet zone. 
Since the rate of air flow was the same in both 
cases, this difference was attributed to the much 
higher temperature of the gas stream in the high 
fuel charge. 

The effects of condensation can be rather serious. 
If the moisture is high enough to convert the pel- 
letized structure of the feed into a sludge, the per- 
meability of the bed will be sharply decreased. 
While it is essential to add enough water to pelletize 
the feed satisfactorily, the moisture content should 
be minimized to prevent excessive condensation in 
the wet zone. Sludge formation did not occur in the 
charges investigated, although aggregates in the bot- 
tom layer of the bed were covered with a water film. 
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‘Fig. 8a—(Original) Variations in chemical analysis in rela- 
tion to zone structure, high fuel mixture. 
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Fig. 8b—(Modified) Variations in iron analyses with zone 
structure, high fuel mixture. 


The Dry Zone—As shown by Figs. 5 to 8a inclusive, 
little chemical change takes place within the dry 
zone, for the materials are not hot enough to initiate 
the chemical reactions that characterize the over- 
lying zones. This region may be regarded as a zone 
of preparation, in which the charge is preheated to 
reaction temperature. 

Very little difference was noted between the state 
of aggregation of the particles in the wet zone and 
in the dry zone. Heat and chemical effects may cause 
pellet disintegration above the wet zone. However, 
the materials used in this study formed tough aggre- 
gates, which suffered very little breakdown in the 
lower zones of the bed. The small amount of dust- 
ing observed may have accompanied the evolution 
of water vapor during drying. During the sintering 
of some charges, the drop in permeability may be 
due partly to excessive breakdown of the pellets as 
they are heated. 

Zone of Dehydration—After the charge has been 
heated to the temperature range of this zone, the 
hydrated iron oxides begin to dissociate thermally. 
In both the high fuel and low fuel runs, the elim- 
ination of combined water across this zone, Figs. 5 
and 7, changes the color from yellow to red. 

This zone may also be termed the zone of partial 
sulfur elimination, for at both fuel levels the sulfur 
content of this portion of the charge decreased 
markedly. The removal of sulfur from the fuel, the 
major source of this element, is usually attributed 
to simple oxidation. Since hot water vapor is evolved 
within this layer, some sulfur may be steamed out, 
as suggested by the work of Powell’ and Thompson.* 

The increases in other constituents are probably 
caused by concentration as a result of the loss of 
combined water from this zone. 

Zone of Calcination and Reduction—At this level 
of the bed, the gas stream is hot enough to calcine 
the carbonates, and it also contains a sufficient con- 
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centration of carbon monoxide to reduce a part of 
the hematite to magnetite. The curves for combined 
CO, in Figs. 5 and 7 indicate that decomposition of 
the carbonates is practically complete within this 
zone for both high fuel and low fuel mixtures. Re- 
duction of hematite to magnetite is shown by the 
increase in ferrous iron across this zone, Figs. 6 and 
8a. Further evidence of reduction at this level is the 
familiar change in color from red to blue-black. 
Moreover, the particles of this zone were all strongly 
magnetic. The degree of conversion to magnetite 
was greater for the high fuel charge than it was for 
the low fuel mixture because of the higher concen- 
tration of reducing agents. Further changes within 
this region are the continued removal of sulfur and 
the sharp increase in total iron by concentration. 
In agreement with other studies,’ the elimination of 
sulfur is favored by lower percentages of carbon in 
the mixture. 

It was not until the arrival of the zone of calcina- 
tion and reduction that the aggregates of particles 
began to break down. The coatings of fine particles 
that were built up around the coarse pieces during 
mixing were observed to spall away from their 
central kernels and to disintegrate. Most of the 
coarse pieces were badly cracked. The extent of 
breakdown increased rapidly as the particles were 
heated to peak temperature. Actually, at the junc- 
tion of this zone with the overlying sinter cake, the 
material was little more than an incoherent powder 
in many areas. 

Zone of Combustion and Sinter Formation— Figs. 
5 and 7 show that the percentage of carbon remains 
fairly constant throughout all the zones of unsin- 
tered material. The abrupt decrease from the amount 
in the charge to a very low value marks the zone 
of combustion. Within a very narrow region, a large 
quantity of heat is released, and much of it is ab- 
sorbed by the small, contiguous particles. The par- 
ticles then fuse, flux, or dissolve in the adjacent 
viscous mass. Therefore, this region is also referred 
to as the zone of sinter formation. The hot products 
of combustion are drawn out of this zone of maxi- 
mum temperature and alter the lower, unsintered 
portion of the bed in accordance with the trends. 


Table III. Zone Dimensions 


Zone Width, Inches 


Low High 
Fuel Fuel 

Mixture, Mixture, 

Region 3 Pct C 6 Pct C 
Wet zone material above the dew point level 1.25 Paris) 
Dry zone 0.50 0.75 
Zone of dehydration 0.75 1.50 
Zone of calcination and reduction 0.25 0.50 
Total of all intermediate zones 2.75 5.50 


The sulfur is practically burned out at this point 
in the low carbon charge, but a substantial amount 
still remains in the high fuel mixture. Further re- 
duction of hematite raises the ferrous iron to the 
maximum percentages found within the sinter cake, 
and increases the total iron by concentration. 

Zone of Sinter—The zone of sinter is a broad zone 
of the finished product. Chemical change within the 
sinter seems to be restricted to a partial reoxidation 
of the magnetite by the stream of air in the early 
stages of cooling. In the high fuel charge, the ferrous 
iron was decreased from a maximum of over 40 pct 
to about 26 pct by reoxidation of the upper part of 
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the sinter, Fig. 8a. Less reduction occurred in the 
low carbon charge and reoxidation decreased the 
ferrous iron to a value no greater than that of the 
original mixture, Fig. 6. Visual evidence of reoxi- 
dation was found in the more reddish cast of the 
upper, cooler sinter, and in the abundance of micro- 
scopic crystals of hematite around the edges of the 
pores in this region. The sinter closer to the com- 
bustion zone was blacker and contained few grains 
of hematite. 

In the high carbon mixture, the final sulfur con- 
tent was somewhat more than twice that of the 
residual sulfur in the low fuel charge. Considering 
the overall reduction in weight during sintering, the 
horizontal phosphorus curves indicate that only a 
very small amount, if any, of this element was lost 
in the operation. 

A substantial difference was found in the strengths 
of the top and bottom halves of the sinter cake. The 
upper half was noticeably weaker than the lower 
portion, and the difference was greatest for the low 
carbon mixture. This weakness may be due to the 
relatively poor preheat and low peak temperatures 
attained in the top portion of the charge. 

Zone Dimensions of the High Fuel and Low Fuel 
Mixtures—Because the specific rate of air flow was 
the same for both cases, the peak temperature in the 
combustion zone was considerably higher in the high 
fuel mixture than in the low carbon charge. The 
widths of the intermediate zones, therefore, were 
greater in the former case than in the latter. 

The term intermediate zones refers to all portions 
of the bed between the sinter cake and the dew 
point level of the wet zone. As the width of the 
sinter cake increased, the width of the wet zone de- 
creased by about the same amount. The dimensions 
of the intermediate zones, however, remained fairly 
constant through most of the run. The widths of 
these zones, tabulated for easy comparison, are 
shown in Table III. 

The intermediate zones constitute the entire region 
of transition from the initial moist charge of 9.5 pct 
water to the final sinter cake. Although their total 
breadth was twice as great in the 6 pct C mixture 
as it was in the 3 pct C charge, the change from the 
wet charge to the immature sinter occurs over a 
surprisingly short distance. 

Sintering Zone—The thin slices sectioned from the 
lucite-impregnated bed, as in sketch 3 of Fig. 3, 
were suitable for photographing the sintering zone. 
Macrographs were obtained from several specimens 
and a composite print was made, which reproduced 
a wide section of the bed at actual size, Fig. 9. The 
granular, unsintered portion of the bed is in sharp 


Fig. 9—Micrograph of zone of combustion and sinter forma- 
tion. Area reduced approximately 50 pct for reproduction. 
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Fig. 10—Micrographs of zone of combustion and sinter formation.a, b, and d; A and B, ore: c; A, return sinter; B, ore. X10. Area 


reduced approximately 50 pct for reproduction. 


contrast to the vitreous, cellular appearance of the 
sinter cake. The sintering zone is, however, rather 
irregular and diffuse. This lack of definition is un- 
avoidably associated with the raw materials used. 
Chemically, the system was highly heterogeneous, 
and the various components were all present in a 
wide range of particle sizes. As a result, local dif- 
ferences in the conditions of heat transfer and in 
the fusibility of the materials produced a broad, 
undulating zone of sintering. It was impossible to 
locate a clearly representative sintering front in a 
highly magnified field. Typical views of the sinter- 
ing zone are shown in Figs. 10a, b, c, and d. 

Fig. 10a shows the sintering front advancing upon 
a cluster of particles ranging in size from fines to 
aggregates of medium size. The sinter at the top is 
easily recognized by its gray color and impervious 
structure. The tendency of the fines to form shells 
around the coarse pieces has produced pellets whose 
diameters are about twice those of the kernels. The 
plastic sinter has engulfed a large piece of ore, A, 
and solution is progressing at the edges of the par- 
ticle. Internal cracking is evident. 

Fig. 10b shows two large pieces of ore in varying 
stages of ingestion by the igneous solution. The 
larger piece of ore, A, has just been contacted by 
the fused mass and, because of its size, it is probable 
that complete solution would not have occurred had 
sintering continued. An outer shell of fines is clearly 
discernible. The smaller piece of ore, B, has been 
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enveloped by the liquid phase. Reduction to mag- 
netite seems to have occurred over its entire surface 
before the sintering zone arrived. The white center 
is hematite; the gray peripheral zone, magnetite. 

In Fig. 10c, a large piece of return sinter, A, and 
an adjacent fragment of ore, B, are being gradually 
absorbed by the plastic or semimolten mass. The 
coating of fines on the lump of return sinter is the 
only means of distinguishing it from the new sinter. 
The ore particle suffered extensive cracking during 
heating and partial reduction. 

A wide variety of particle sizes are shown in Fig. 
10d, including two large pieces of ore that dominate 
the field. Reduction of the smaller piece of ore, A, 
almost entirely to gray magnetite was probably 
accelerated by the extensive cracking. In the larger 
ore lump, B, the progress of reduction is revealed 
by the distinct layer of gray magnetite around the 
core of white hematite. The difficulty of converting 
large pieces of ore into a coherent mass of sinter is 
clearly evident from these photographs. 


Ferrous Iron Gradient in the Iron Ore Sintering Process 


The variations noted in iron analyses across the 
partially sintered charges were significant and de- 
serve further comment, particularly in the high fuel 
mixture. In this respect, Fig. 8b reveals that the 
sinter zone was running as high as 40 pct ferrous 
iron and 62 pct total iron. A simple stoichiometric 
calculation shows that these analytical results would 


JULY 1956, JOURNAL OF METALS—859 


Table IV. X-Ray Examination of Reaction Zones in a Partially Sintered Iron Ore Bed. 
High Fuel Mixture: Iron Radiation 


Total Ferrous 
Zone Iron Iron X-Ray Results 
Analysis, Analysis, 
Average Average Phase Content, . 
No. Designation Pet Pet Pet Lines Found 
3 Dehydration 12.19 60 hematite 
40 magnetite 
Trace foreign 
4 Reduction 56.40 18.48 75 magnetite 
25 hematite 
Trace foreign 
6 Hot sinter 62.76 40.39 60 magnetite do values checked 
40 wiistite for 8 wustite and 
Trace foreign 14 magnetite lines. 
7 Cool sinter 62.85 26.53 95 magnetite 


Trace hematite 
Trace wustite 


require 45 pct of the iron to be in the wistite state 
with the remainder as magnetite. Such a high wiistite 
content was unexpected and indicated that reducing 
conditions may be quite high within iron ore sinter- 
ing beds, and that the wiistite phase may be im- 
portant in the overall mechanisms of the process. 

Since the results of chemical analyses in them- 
selves are not always reliable in predicting phase 
relationships, the presence of the wustite phase was 
recently checked by means of the X-ray diffraction 
method. In these experiments portions of the same 
samples as had been used for the chemical analyses 
were X-rayed by the powder method and the re- 
sulting patterns compared with standard iron oxide 
patterns for positive identification. The pattern from 
the hot sinter zone was also carefully measured, 
and the resulting d, values for the various lines 
were checked against the standard data as given in 
the literature. The final results for the dehydration, 
reduction, and sinter zones are summarized in Table 
IV, along with an estimate of their phase content 
from visual comparison with phase standards. The 
high percentage of wiistite phase in the hot sinter 
zone is definitely confirmed and the estimated 
amount checks well with the results calculated from 
the chemical analyses. 

Inspection of the original figure, Fig. 8a, reveals 
that the ferrous iron relationship could have been 
more judiciously drawn as shown in the modified 
figure, Fig. 8b, accompanying this discussion. A 
number of reasons support such a change. For in- 
stance, most high carbon charges, when sintered to 
completion, yield sintered products composed mainly 
of magnetite, and thus running about 20 pct ferrous 
iron. This value of ferrous iron could then well 
serve as an anchoring point, A, at the extreme top 
of the charge in plotting the overall ferrous iron 
gradient. Furthermore, the two ferrous iron points 
shown in the sinter layer of the original, Fig. 8a, 
represent the average composition of the top and 
bottom halves of the sinter zone, respectively. The 
original plot thus shows the average point in the 
bottom half of the sinter zone at 40.19 pct ferrous 
iron, and as a maximum in the ferrous iron rela- 
tionship. Obviously, this condition is unrealistic. 
Points of higher ferrous iron content must exist in 
this layer, and it is logical to assume that they are 
located at the zone of combustion and sintering 
where the strongest reducing conditions are gen- 
erated. All of these ideas have been used in redraw- 
ing the ferrous iron plot as shown in Fig. 8b. 

The sketch as now shown indicates that extremely 
high ferrous iron contents may exist at the zone of 
combustion and sintering, B—possibly running over 
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50 pct ferrous iron. More realistically, the phase 
relationships under these conditions would dictate 
that over 70 pct of the iron be present in the form 
of the wiistite phase. These conclusions strengthen 
the contention that the wiistite phase plays an im- 
portant role in the sintering of high fuel charges. 
The mechanisms must involve a reduction of much 
of the iron to the ferrous state at the sintering inter- 
face, with a consequent reoxidation of the sintered 
material by the incoming air stream. 


Summary 

Dissection procedures were developed for im- 
mediate and accurate sampling of all the zones in 
partially sintered beds. Six zones were clearly 
marked by changes in color. From the top to the 
bottom of the bed, these zones included: 1) the cake 
of sinter, 2) the narrow zone of combustion and 
sinter formation, 3) the zone of calcination and re- 
duction, 4) the zone of dehydration, 5) the dry zone, 
and 6) the wet zone. With 3 pct and 6 pct C in the 
mixture, dry granular materials were converted into 
a coherent mass of sinter within distances of 1.5 
and 2.75 in., respectively. 

The chemical composition changed gradually 
across the various zones. The ferrous iron increased 
in the zone of calcination and reduction and attained 
a maximum in the freshly formed sinter. Further 
out in the sinter cake, the percentage of ferrous iron 
decreased as a result of air oxidation. The extent of 
increase in ferrous iron and the final amount in the 
sinter appears to depend upon the amount of fuel 
used. A substantial amount of sulfur disappeared 
from the zone of dehydration, presumably by re- 
action of steam with the coke., In accordance with 
general practice, sulfur was eliminated more com- 
pletely in the low fuel charge. 

Methods were developed for impregnating and 
sectioning partially sintered beds of iron ore. This 
permitted a study of the very narrow sintering zone, 
which advances as portions of the charge soften, 
fuse, and merge into the cake of sinter. Typical 
vertical sections extending across the sintering zone 
are included to show how the zone advances. Gross 
discontinuities were observed in the relatively coarse 
mixture investigated. Charges of finer materials 
should be studied to relate changes across the sinter- 
ing zone with changes in raw materials, and in im- 
portant variables of operation. 
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Technical Note 


Metallographic Identification and Crystal Symmetry of Titanium Hydride 


by L. D. Jaffe 


By previous metallographic work on titanium and 
its alloys, difficulty has been encountered in dis- 
tinguishing spheroidal particles of titanium hydride, 
dispersed in a-titanium, from other phases that may 
be present, such as £-titanium. This problem is 
common in examination of commercial unalloyed 
titanium.* 


In the course of an investigation of the Ti-H 


phase diagram, it was noted that titanium hydride, 
dispersed in a matrix of a-titanium, showed strong 
optical anisotropy when examined under polarized 
light. With sensitive tint illumination, particles of 
the hydride, when the stage is rotated, changed from 
bright yellow to bright blue in color. Since £B- 
titanium is cubic, it showed no color change on rota- 
tion, remaining dark gray or blue-gray. Although 
a-titanium is hexagonal, it showed only a minor 
color change, going from pale pinkish-blue to pale 
purplish-blue. These colors could be modified some- 
what by adjustment of the illumination. They were 
observed in specimens mechanically polished, both 
without etching and after etching with hydrofluoric 
acid-nitric acid mixtures in either water or glycer- 
ine. The strong color change of the hydride seems 
to offer a simple method for its metallographic 
identification. 

Optical anisotropy of titanium hydride is inconsis- 
tent with its accepted face-centered-cubic struc- 
ture.” Samples of iodide titanium containing 6 to 40 
atomic pet deuterium were prepared for diffraction 
studies. After deuterating and slow cooling’ the 
samples were held 21% hr at 400°C, water 
quenched, held 61 hr at 100°C and quenched, then 
held 64% hr at 255°C and quenched. Debye ex- 
posures with MoKa X-rays and 1.111A neutrons 
were made at room temperature of samples as- 
deuterated and after the 100° and 255°C treatments. 
Table I shows the lines observed, in addition to 
those attributable to a-titanium. These data show 
that the hydride phase was not cubic, but probably 
tetragonal. The titanium atoms appeared to form a 
body-centered-tetragonal lattice complex, two tita- 
nium atoms per cell, with approximate dimensions: 
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Table |. Diffraction Data 


Lattice Complex 


Relative Integrated Intensity Indexing 
Interplanar 

Spacing, A X-Ray* Neutron* BCT+ FCT+ 
2.98 0 25 t (101) +t 

2.50 50 <35 (101) (111) 

2.20 <100 <100 (110) (200) 
2.10 10 (?) 50 (002) (002) 
1.81 0 20 (211)¢ 

1.55 30 30 (200) (220) 

<35 <50 (211) (311) 

<100 (103) (113) 

1.01 10 (301) (331) 
0.99 0 \ <25 (104) t (114) + 

J {i310 (420) 

(213) (313) 


* < indicates lines overlapped by lines of aq-titanium, so only 
maximum limit to intensity of hydride line could be set. 

+ BCT and FCT indicate body-centered-tetragonal and face-cen- 
tered-tetragonal, respectively. 

tt indicates neutron lines not fitting indexing of lattice complex 
of titanium atoms, and presumably arising from scattering by 
deuterium atoms. 


equivalent to a face-centered-tetragonal complex, 
four titanium atoms per cell, with approximate di- 
mensions: a = 4.42A, c = 4.18A, and c/a = 0.946A. 
The presence of the 2.98 and 1.81A neutron lines 
indicates that the true Bravais lattice is not identical 
with this lattice complex, but may be primitive 
tetragonal with dimensions some multiple of those 
of the complex. 

The relative intensities of the hydride and a- 
titanium X-ray lines as functions of overall com- 
position indicated that the hydride, presumably in 
equilibrium with the a at 100° to 255°C, contained 
more than 62 atomic pct H. 
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Equilibria of Sulfur and Oxygen Between Liquid 


lron and Open Hearth-Type Slags 


Data of several studies on the equilibrium between molten iron and open hearth-type 
slags have been combined to determine some of the chemical reactions involved in steel- 
making. Effects of slag composition and temperature on the iron oxide activity, distri- 
bution of sulfur between slag and metal, and the carbon content of the metal are dis- 
cussed. Also, an overall reaction for the equilibrium between sulfur and oxygen is pre- 


sented. 


by H. L. Bishop, Jr., H. N. Lander, N. J. Grant, and J. Chipman 


URING the past 15 years, a number of signifi- 
cant equilibrium studies have been carried out 
between liquid iron and simple basic and acid slags 
in an effort to throw light on the chemical reactions 
involved in steelmaking. This paper is a summary of 
the experimental reports on investigations which 
have been conducted at the Massachusetts Institute 
of Technology, and of related work in other labora- 
tories. The investigations summarized in this paper 
include the works of Fetters and Chipman' and Tay- 
lor and Chipman,’ which dealt with simple slags that 
are similar to those found in the open hearth. The 
sulfur determinations of the slag-metal tests of Fet- 
ters and Chipman as reported by Grant and Chip- 
man’ are included. Also, the investigations by Win- 
kler and Chipman* and Grant and Chipman’ of more 
complex slag systems are included in this summary. 
The experimental procedure is described in detail in 
each of these papers and will not be discussed. 
Since the previous reports have been somewhat 
independent, it is desirable to review and combine 
the data of the various investigations to determine, 
as accurately as possible, the reactions in the slag- 
metal systems of the open hearth. It is the object of 
this report to present the combined data in such a 
way as to enhance their utility and applicability. 


Oxidizing Power of Slags of the System (Ca0-++-MgO)- 
SiO.-FeO in Equilibrium with Carbon-Free Iron 


The slags selected to determine the iron oxide 
activity in equilibrium with pure liquid iron were 
those containing less than 2 pct each of P.O,, MnO, 
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or Al,O, on a weight percentage basis. The method 
used to calculate activities of iron oxide in liquid 
slags was that developed by Taylor and Chipman.® 
The solubility of oxygen in molten carbon-free iron 
under pure iron oxide slags can be expressed by the 
following equation 

—6320 


where T is the absolute temperature. The oxygen 
solubility values as determined from Eq. 1 were 
used throughout this study to calculate the iron 
oxide activily. 

The iron oxide activities of slags of various iron 
oxide contents are plotted in Fig. 1 as a function of 
the basicity, which is defined as the ratio (pct 
CaO + pet MgO)/pct SiO., and are based on molecu- 
lar percentage values of the components. The percent 
(FeO), is the total iron content in the slag calculated 
to FeO. Fig. 1 shows that as the basicity increases at 
constant mol pct (FeO),, the iron oxide activity in- 
creases rapidly and reaches a plateau which extends 
on the basicity scale from about 1.3 to 2.3; the iron 
oxide activity then decreases rapidly until a basicity 
of about 3.0 is reached, where it tends to level off. 

The solid portions of the curves represent the ex- 
perimental data of Fetters and Chipman and Win- 
kler and Chipman. Their experimental heats were 
made in magnesia crucibles, and hence the slags 
were saturated with magnesia. The broken lines on 
the left represent the experimental data of Taylor 
and Chipman, who used a rotating crucible. In gen- 
eral, these slags contained less than 3 pct MgO. 

The absence of data for slags containing less than 
about 40 mol pct (FeO), and basicity ratios greater 
than about 2.5 made it necessary to calculate curves 
using ionic concepts of slags. The broken lines on 
the right, which disregard the solubility limits of di 
and tricalcium silicate and lime, were obtained by 
following the treatment of Flood and Grjotheim,’ | 


log (pet O) = 734 [1] 
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70% (FeO), 


ACTIVITY FeO 
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(%CoO + %MgO)/%Si0> 


Fig. 1—Iron oxide activity ys molar basicity ratio at various 
iron oxide concentrations: system (CaO+ MgO) — SiO. — 
(FeO). 


and were adjusted to agree with the experimental 
data at 40 mol pct (FeO),. 

The curve for 10 mol pct (FeO), terminates at a 
basicity ratio of about 3.5 because of lack of data at 
lower values. At low basicity ratios, the curves for 
20, 30, and 40 mol pct (FeO), terminate at the com- 
position corresponding to silica saturation at 1600°C, 
as obtained from the CaO-SiO.-(FeO), phase dia- 
gram. The curves representing the iron oxide activi- 
ties at 50, 60, and 70 mol pct (FeO), extend on the 
basicity scale to zero, which corresponds to the 
(FeO),-SiO, binary system. 

Comparison with Other Results—The iron oxide 
activity of the slags corresponding to a basicity of 
zero can be compared with the results of Schuhmann 
and Ensio,? Michal and Schuhmann,’ and Rey.* 
Schuhmann and Ensio determined the iron oxide 
activity by equilibrating CO.-CO gas mixtures with 
iron-silicate slags in iron crucibles at temperatures 
from 1250° to 1400°C. Within the limits of experi- 
mental error, they found that the iron oxide activity 
did not vary for a given silica concentration over the 
temperature range studied. From these activity- 
temperature data, they estimated that the partial 
molal heat content of iron oxide in the slag, relative 
to a pure iron oxide melt in equilibrium with y-iron, 
was zero. 

The partial molal heat content of iron oxide can 
be evaluated also from the heat of mixing diagram 
for the iron oxide-silica system as presented by Rey. 
Curve No. 2 in Rey’s Fig. 1 is in complete agreement 
with the results of Schuhmann and Ensio for slags 
less acid than the orthosilicate; that is, the partial 
molal heat content of iron oxide is zero, Since 70 mol 
pet (FeO), is less acid than the orthosilicate 
composition, the value of 0.65 for the iron oxide ac- 
tivity as found by Schuhmann and Ensio is applica- 

‘ble for the case of liquid iron, and is in complete 
agreement with Fig. 1. 
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Values of the iron oxide activity of slags more 
acid than the orthosilicate composition in equilib- 
rium with molten iron at 1600°C were calculated by 
using the low temperature data of Schuhmann and 
associates and the partial molal heat content of iron 
oxide as presented by Rey together with the follow- 
ing equation 


Ly.o = approximately R i 
Nsioz, dre = 1 


where Ly.o is the partial molal heat content of iron 
oxide, R is the gas constant, T is the absolute tem- 
perature, and dp.o is the iron oxide activity. This cal- 
culation gives values of 0.40 and 0.53 for iron oxide 
activities at 50 and 60 mol pct (FeO),, respectively. 
These values are in close agreement with results 
shown in Fig. 1, which give values of 0.45 and 0.57 
at 50 and 60 mol pct (FeO),. 

Elliott’s study of existing slag-metal equilibria 
data’ is in close agreement with the results shown in 
Fig. 1. In this study, the data of Taylor and Chipman 
and Schuhmann and Ensio, and the slags of Winkler 
and Chipman, which contained low MnO and P.O; 
concentrations, were used to establish the positions 
of their curves plotted in a ternary composition 
diagram. 

The results of a review of available slag-metal 
equilibria data by Turkdogan and Pearson” are not 
in complete agreement with the results shown in 
Fig. 1. As shown by their method of plotting the 
data, the maximum in the iron oxide activity curve 
shifts to higher basicity values as the iron oxide con- 
centration increases. This tendency, which does not 
exist in the present study, may be due in part to the 
use of data dealing with complex slags containing 
appreciable quantities of MnO and P.O... 

With regard to P.O;, Turkdogan and Pearson indi- 
cate that it is equivalent to SiO, in its effect on the 
iron oxide activity for concentrations up to 0.10 mol 


1.0 


70 % (FeO)t 


ACTIVITY FeO 
PERCENT OXYGEN 


%Ca0 / %Si0o 


Fig. 2—Oxygen in metal at 1600°C (and iron oxide activity) 
ys the molar lime-silica ratio in magnesia saturated slags at 
various molar iron oxide concentrations. 
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fraction. The study by Grant and Chipman on sul- 
fur equilibria between liquid iron and slags, and 
further work reported in this paper on sulfur equi- 
libria, suggest that P.O; should be calculated as PO... 
Some of the difference between the two studies may 
be due also to the use by Turkdogan and Pearson of 
Korber and Oelsen’s” slag-metal equilibria data 
with Taylor’s FeO solubility data. More consistent 
results would be expected if Korber and Oelsen’s 
data were used throughout. 

Effect of Temperature—Activities of iron oxide, 
plotted as a function of the basicity as presented in 
Fig. 1, are applicable for any temperature and slag 


0.12 
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Fig. 3—Minimum carbon content of metal at 1600°C ys the 
molar lime-silica ratio in magnesia saturated slags at various 
molar iron oxide concentrations. 


except for slags of low basicity ratios having iron 
oxide concentrations less than about 67 mol pct. 
Fetters and Chipman have shown that within the 
limits of experimental error the temperature de- 
pendence of the oxygen solubility is the same for all 
basic slags; hence, for all basic slags of given com- 
positions, the iron oxide activity is the same regard- 
less of temperature. The iron oxide activities of slags 
having both a low basicity value and an iron oxide 
concentration less than 67 mol pct are probably tem- 
perature dependent, as mentioned previously. 


Iron Oxide Activity and the Oxygen Concentration 
as a Function of the Molar Lime-Silica Ratio—The 
oxygen content of the metal at 1600°C and the iron 
oxide activity are presented in Fig. 2 as a function 
of the molar lime-silica ratio, hereafter referred to 
as the V-ratio. The data used were obtained from 
studies involving simple magnesia saturated slags,” * 
and the calculations were based on the method of 
Taylor and Chipman.’ The lack of data for magnesia 
saturated slags having V-ratios of less than about 
0.8 made it necessary to terminate the lines as indi- 
cated in Fig. 2. These curves can be used to repre- 
sent the equilibrium conditions in the basic open 
hearth furnace when the slags contain small per- 
centages of P.O;, Al.O;, and MnO. 

In open hearth practice, the oxygen content of 
metal in contact with a particular slag will hardly 
ever be as high as the values indicated in Fig. 2 be- 
cause of the carbon boil. These values, however, 
can be used to determine the oxygen potential exist- 
ing between the slag and metal, which in turn will 
affect the rate of oxygen transfer. 
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In Fig. 3, the limiting carbon contents of metal 
at 1600°C were calculated from the oxygen levels 
given in Fig. 2 and are plotted as a function of the 
V-ratio at various iron oxide concentrations. These 
curves represent the concentration of carbon in the 
metal in equilibrium with magnesia saturated slags 
and a CO pressure of 1.5 atm. The activity coeffi- 
cients of oxygen and carbon have been taken from 
a summary in Basic Open Hearth Steelmaking” and 
the carbon monoxide is assumed to be nucleated at 
a pressure of 1.5 atm in accordance with the con- 
clusions of Murphy and Miltenberger.” Actually, the 
carbon content of open hearth heats will almost 
always be greater than these values. 

A point of practical interest, as shown in Figs. 2 
and 3, is that the oxidizing power of the slag is de- 
termined not only by the iron oxide content, but 
also by the V-ratio. A rapid rate of oxygen transfer 
to the metal should occur, with a minimum iron loss 
to the slag, when operating with slags having 
V-ratios of about 0.8 to 1.8 and low iron oxide con- 
centrations. 


Solubility of Magnesia in Slag 
The data of Fetters and Chipman’ were used to 
determine the solubility of magnesia in slags of the 
system CaO-MgO-SiO.-FeO. They noted that the 
magnesia was not in suspension but was in solution 
in the slag. In nearly pure iron oxide slags their 
data were represented by the equation 


—6600 


4.02. 


log (wt pet MgO) = 


O%(FeO)¢ 
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Fig. 4—Solubility of magnesia as a function of the molar 
lime-silica ratio at various iron oxide concentrations. 


Slag samples which were subjected to careful petro- 
graphic examination did not contain any periclase. 
It was noted that after the heat had been molten 
for 1 or 2 hr, the magnesia content did not increase 
further except as a result of changes in the tem- 
perature or slag composition. 

Changes in the solubility of magnesia with slag 
composition are shown in Fig. 4. Here the mol pct 
MgO is plotted against the V-ratio at various iron 
oxide concentrations. It is to be noted that the solu- 
bility of magnesia decreases as the iron oxide con- 
tent increases; at a constant iron oxide concentra- 
tion, the solubility decreases as the V-ratio increases. © 
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Fig. 5—The molar ratio of ferric iron to total iron (j-ratio) 
in magnesia saturated slags as a function of the molar lime- 
silica ratio at various iron oxide concentrations. 


The solid portions of the curves in Fig. 4 represent 
experimental magnesia solubility values, with the 
exception of the curve at 0 pct iron oxide. The curve 
representing the solubility of magnesia at 0 mol pct 
(FeO), is based on the MgO-CaO-SiO, phase dia- 
gram at 1600°C. The two sources of magnesia satu- 
ration values are in good agreement. The broken 
curves have been extended essentially parallel to 
the solid lines but it is not inferred that slags of 
these compositions exist at 1600°C. The extended 
lines may have application if the range of fluid com- 
positions is broadened by the addition of other 
oxides such as MnO, AI.O,, and P.O;. The shaded 
area represents the scatter of points for slags con- 
taining basicity ratios above 4.0. 

The data used to determine the solid portions of 
the curves varied in temperature from 1540° to 
1750°C and were not corrected to any one tempera- 
ture. A careful study of the data indicates that the 
temperature effect is small, and since most of the 
heats were equilibrated at temperatures from 1550° 
to 1650°C, it is reasonable to assume that the curves 
represent the solubility of magnesia at about 1600°C. 
The variation of the magnesia concentration was 
seldom greater than about +2 pct for the 5 to 45 
mol pet and +1 pct for the 55 to 65 mol pct iron 
oxide concentrations. These facts strengthen the 
validity of the assumption that the curves represent 
magnesia saturation values at about 1600°C. 


Ferric Iron in the Slag 

In a study by Larson and Chipman,” the ratio of 
ferric iron to total iron of iron oxide slags, here- 
after referred to as the j-ratio, was established by 
equilibrating the slag with air or mixtures of CO, 
and CO. They were able to establish values of the 
j-ratio over a range of oxygen pressures of 10° to 
10° atm, using their results and existing data on 
slag-metal equilibria. 

They found that the addition of CaO and BaO to 
iron oxide increased the j-ratio considerably, but 
that smaller increases occurred with MnO and MgO 
additions. It was also found that the j-ratio de- 
creased with additions of acid oxides such as SiO, 
and TiO., and was dependent on the ratio of acid 
to base whén additions of slag containing CaO and 
SiO, were made. Additions of slag containing a 
molar ratio of lime to silica of 2.24 increased the 
j-ratio. With slag having a lime-silica ratio of 1.31, 
additions up to 60 pct CaO+SiO, increased the 
j-ratio. Beyond 60 pct a decrease resulted. All addi- 
tions of slag having a molar ratio of 0.54 also de- 
creased the j-ratio. 
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Fig. 6—Desulfurization ratio for the adjusted ternary slag 
system CaQ-SiO.-(FeO); in the temperature range 1570° to 
1630°C. 


St. Pierre” has also made a thorough study of the 
values of the j-ratio of iron oxide slags at 1550°C 
in equilibrium with an atmosphere obtained by re- 
acting a gas mixture having a ratio of SO,/CO = 
34.1, which corresponds to oxygen and sulfur pres- 
sures of 1.03x10° and 6.20x10~“* atm, respectively. 
The effect of the additions of slag containing CaO 
and SiO, on the j-ratio was dependent upon the base 
to acid ratio in much the same manner as the slags 
studied by Larson. 

The data of Fetters and Chipman’ were used to 
calculate the ratio of the ferric iron to total iron on 
a mol fraction basis. This ratio is plotted against the 
V-ratio at various iron oxide concentrations in Fig. 
5. The j-ratio increases as the V-ratio increases. 
However, the rate of increase is dependent upon the 
iron oxide concentration of the slag. 

The curves of Fig. 5 represent the data for mag- 
nesia saturated slags in equilibrium with liquid iron 
over a temperature range of 1540° to 1750°C. The 
temperature effect was slight but it was noticed that 
the higher temperatures resulted in lower j-ratios. 
The data were not corrected to any one tempera- 
ture, but the curves in Fig. 5 probably best repre- 
sent the condition at 1600°C. In general, the varia- 
tion in the j-ratio over a 10 pct range in iron oxide 
content did not exceed +£0.02 j-units. 

Fig. 5 shows that the addition of a slag containing 
lime and silica with a V-ratio greater than about 1.6 
to iron oxide increases the j-ratio. The addition of 
small amounts of a less basic slag increases the 
j-ratio at first, but larger additions decrease the 
j-ratio. In general, these trends are in agreement 
with the results of Larson and Chipman and 
St. Pierre as established through gas-slag equilibria. 


Sulfur Equilibria Between Slag and Metal 

Recent investigations have shown the quantitative 
relationships of slag-gas and the slag-metal equi- 
libria which are important to sulfur control. The 
following is a summary of the equilibria of sulfur 
between slag and carbon-free iron. 

Distribution of Sulfur Between Slag and Metal— 
A measure of the desulfurizing power of a slag in 
equilibrium with metal is the distribution ratio de- 
fined as the ratio of the weight percentage of sulfur 
in the slag to the weight percentage of sulfur in the 
metal, (pct S)/[pct S]. The experimental data 
selected to study the distribution of sulfur are those 
of Fetters and Chipman,’ Winkler and Chipman,’ 
and Grant and Chipman.® 

In Fig. 6, the sulfur distribution ratio is plotted 
against the slag composition in the quasi-ternary 
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diagram 
(FeO), on a mol fraction basis. In order to elim- 
inate the effect due to temperature extremes, only 
the samples taken in the interval 1570° to 1630°C 
were used to establish the curves. The basic con- 
stituents were considered to be of equal strength 
on a molar basis in their effect on the sulfur dis- 
tribution ratio. The P.O, was calculated as PO.,,, 
which was treated as equivalent to Al,O, and SiO.. 
The mol fraction of iron oxide was calculated by 
converting the total mols of iron to FeO, and is rep- 
resented by the symbol (FeO),. This study excluded 
slag tests containing CaF,, but did include slags con- 
taining up to 15, 17, and 35 mol pct Al,O;, PO.,, and 
MnO, respectively. The generally good correlation 
substantiates the utility of this method of calculat- 
ing the slag constituents. 

Again, in the construction of Fig. 6, the solubility 
limits of di and tricalcium silicate and lime at 
1600°C for the simple ternary system were assumed 
to be suppressed by the presence of other oxides, 
such as MnO, AI1,O;, and P.O;. Hence, the linear 
relationship existing in the liquid phase field of the 
complex slag system extends over a greater range 
than in the case of the simple ternary system. The 
solid lines represent the range of composition over 
which data are available. Due to the lack of data 
on slag analyses containing less than 2 pct silica, the 
extension of lines of constant desulfurizing power 
below this value was considered to be unjustified. 

Fig. 6 shows clearly the expected increase in the 
sulfur distribution ratio as the basicity increases. 
This figure and Fig. 7, which was prepared from 
Fig. 6 by plotting the sulfur distribution ratio as a 
function of the base to acid ratio at various iron 
oxide concentrations, also show the effect of iron 
oxide. These figures show that the desulfurizing 
power of a slag containing a base to acid ratio of 
less than about 2.4 increases progressively as the 
iron oxide content increases, but more basic slags 
result in a decrease in desulfurizing power as the 
iron oxide concentration is increased. 

The results presented in Fig. 6 agree fairly well 
with the results of Grant and Chipman. They deter- 
mined the correlation between the sulfur distribu- 
tion ratio and excess base and found that the iron 
oxide content is without effect on the distribution 
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Fig. 7—Desulfurization ratio vs the molar ratio of bases to 
acids at various molar iron oxide concentrations in the tem- 
perature range 1570° to 1630°C. 
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ratio. A plot of the excess base on a ternary com- 
position diagram reveals that the lines of constant 
excess base are essentially parallel to the line join- 
ing the orthosilicate composition with (FeO);. A 
careful study of Fig. 6 shows that for the more basic 
slags the lines of constant sulfur distribution ratio 
are practically parallel to the orthosilicate-(FeO), 
join. However, the deviation of the slope of the 
lines of constant excess base and constant sulfur 
distribution ratio increases progressively as the slag 
basicity decreases, especially for slags less basic 
than the orthosilicate composition. For the case of 
an acid slag of a composition corresponding to an 
excess base value of —0.01, the sulfur distribution 
ratio only increases from 0.7 at 10 mol pct (FeO), 
to 1.3 at 50 mol pct (FeO),. Since this amount of 
variation in the sulfur distribution ratio is less than 
the overall scatter of the points as plotted by Grant 
and Chipman, it can readily be seen that it would 
be difficult to establish the slight effect of iron oxide 
on desulfurization when excess base is used as a 
parameter. 

Effect of Temperature—The effect of temperature 
on the sulfur distribution ratio was studied by 
dividing the data into three groups according to the 
test temperature. The points falling in the tempera- 
ture range 1570° to 1630°C were used for plotting 
the curves in Fig. 6. The number of points below 
1570°C were insufficient to permit a generalized 
conclusion regarding the effect of low temperatures, 
but the points corresponding to temperatures greater 
than 1630°C indicated that the desulfurizing power 
of slag decreases slightly as the temperature in- 
creases. This temperature effect has been noted 
previously by others. 


Sulfur and Oxygen Equilibria 
The relation between the sulfur distribution ratio, 
as defined previously, and the oxygen in the system. 
can be represented by the reaction 
+S=0-4S’. 
The equilibrium constant for this reaction can be 
expressed as follows 


(ds”) [do] 
(do”) [ds] 


where the symbols in parentheses and brackets rep- 
resent the activities of the elements in the slag and 
metal, respectively. 

The wt pct S in the slag and wt pct S and O in 
the metal were used in the following calculations. 
When the latter are substituted for activities in the 
metal phase, Eq. 3 may be written 


LS] 


where K’, is an arbitrary constant, fs2— is the 
activity coefficient of the sulfide ion, and a,2— is the 
oxide ion activity in the liquid slag. 

The significance of Eq. 4 can be seen from the 
plot presented in Fig. 8. In this figure the data of 
Fetters and Chipman’ were used to plot the ratio 
(S) 
LS] 
Chipman® reanalyzed some of the tests for sulfur. 
In these cases their values are used instead of the 
original determinations. To minimize the effect of 
temperature, the oxygen in the metal was corrected 
to the value in equilibrium with slag at 1600°, and 
only the data of slags taken at temperatures less 


[3] 


[4] 


[O] against the mol pct SiO... Grant and 
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(slag-metal equilibria data). 
than 1700°C were included. 
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The value of the ratio 


- [O], hereafter re- 


ferred to as the S-O ratio, is in agreement with 
other work for 0 pct SiO,. As determined by Barden- 
heuer and Geller,” the sulfur distribution ratio for 
pure FeO slags in equilibrium with molten iron is 
3.6. This corresponds to a value of 0.83 for the S-O 
ratio when using the oxygen solubility data of 
Taylor and Chipman.’ 

The data selected for studying the S-O equilibria 
were not restricted to slags of any given molar ratio 
of lime to iron oxide, yet there is good correlation 
between the S-O ratio and the mol pct SiO, for all 
of the slag compositions studied, except those with 
low silica concentrations, where more scatter is 
noted. The generally good correlation of the S-O 
ratio with mol pct SiO, and the relationship ex- 
pressed in Eq. 4 indicate that the ratio of the oxide 
ion activity to the activity coefficient of the sulfide 
ion is independent of the molar ratio of lime to iron 
oxide. 

The influence of various factors on reducing the 
amount of scatter in the points shown in Fig. 8 was 
investigated. A careful study of the iron oxide and 
magnesia concentrations was carried out, but the 
points of high and low concentrations were dis- 
tributed uniformly about the curved line in both 
cases. The trivalent iron was also considered fol- 
lowing the»treatment of Grant and Chipman,” in 
which the Fe.O,; is considered to require one half 
the number of moles of base as silica for neutraliza- 
tion. The plot of the S-O ratio vs the mol pct (SiO. 
+% Fe,O,) resulted only in a very slight shift in 
the position of the curve to the right of that shown 
- in Fig. 8, without significantly decreasing scatter. 
The results presented in Fig. 8 may be compared 
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with the results of St. Pierre” on the sulfur content 
of iron oxide slags at 1550°C in equilibrium with an 
atmosphere obtained from an inlet gas mixture in 
which SO./CO = 34.1. The range of slag composi- 
tions included pure iron oxide slags, iron oxide slags 
containing lime up to saturation, and lime-silica- 
iron oxide slags with a molar ratio of lime to silica 
of 2.24, 1.28, and 0.52. 

In order to compare the data on the same basis, 
the free energy data for the reactions 


S:(g) =S [5] 
O:(9) =O [6] 
given in Basic Open Hearth Steelmaking” were used 


at 1550°C Its mot 


to caluculate the ratio 


suggested that molten iron can coexist with an 
atmosphere SO./CO = 34.1. This calculation merely 
provides a basis for comparing the two sets of data. 

The similarity between the results presented in 
Fig. 8 and those presented in Fig. 9, based on 
St. Pierre’s data, is readily noted. The values of 
the S-O ratio as calculated from the slag-gas equi- 
libria data are slightly higher than for the slag- 
metal data, but otherwise the two curves are in good 
agreement. The points representing slags having 
V-ratios of 2.24, 1.28, and 0.52 in Fig. 9 all lie along 
the same line. The iron oxide content was less than 
2 pct in two of the slag samples. This indicates that 
the S-O ratio is not dependent on the molar ratio 
of lime to iron oxide over the range of slag compo- 
sitions studied. An exception to this, not indicated 
in Fig. 9, was found in the iron oxide-lime slags. 
The addition of lime up to lime saturation in pure 
iron oxide slags resulted in about a 10 pct decrease 
in the value of the S-O ratio. 

Richardson and Fincham™ studied sulfur equi- 
librium between gases containing sulfur and oxygen 
and liquid silicate and aluminate slags. Their results 
show that the equilibria between sulfur and oxygen 
at oxygen pressures less than about 10° atm can be 
expressed by the following reaction 


(O) merit S:(g) = O.(g) (S) [7] 


They have expressed the capacity of the slag to hold 
sulfur as the sulfur capacity... — 
(Ps), where (S) is the wt pct S in the slag, and 


(0%Ca0, 0%Si0o) 
= 
A 2.24 Ca0/Si02 
1.28Ca0/Si02 
O 0.52Ca0/Si02 
0.8}- 


O 10 20 30 40 50 60 70 
MOL PERCENT SILICA 


(S) 
Fig. 9—The ratio Ts] - [O] calculated from gas-slag equi- 


libria data at 1550°C ys the mol pct silica in the slag sys- 
tem CaQ-SiO,-(FeO):. 
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Po, and Ps, are the partial pressures of oxygen and 
sulfur, respectively, resulting from heating gas mix- 
tures to elevated temperatures. They have studied 
the sulfur capacity of various slag compositions of 
the CaO-SiO.-Al,O; system and the (FeQ),-SiO, 
system. Their results can be compared with Fig. 9 
by using the free energy data for the reactions given 
in Eqs. 5 and 6. The results of Richardson and 
Fincham for the (FeO),-SiO, system are in good 
agreement with Fig. 9. However, their results for 
the CaO-SiO, system give a much lower value for 
the S-O ratio, which, in view of the higher values 
determined by St. Pierre for lime-silica slags con- 
taining about 2 pct (FeO),, indicate that the value 
of the S-O ratio is dependent upon the iron oxide 
at low concentrations. Additional experimental work 
is necessary to determine the effect of iron oxide 
at low concentrations. 


Relationships Among Slag Composition, Sulfur 
Distribution Ratio, and Carbon and Oxygen 
Content of the Metal 


The equilibrium oxygen and carbon contents of 
the metal at 1600°C and the distribution of sulfur 
between slag and metal are shown in Fig. 10 as a 
function of the slag composition. The broken and 
solid curves represent lines of constant molar ratio 
(pct CaO + pct MgO)/pct SiO, and mol pct iron 
oxide, respectively. The equilibrium oxygen content 
of the metal at 1600°C was determined from the 
iron oxide activity curves shown in Fig. 1, with the 
exception of the estimated values for slags contain- 
ing 10 mol pct iron oxide and having basicity values 
of less than 3.5. The limiting carbon content of the 
metal at 1600°C was determined from the equi- 
librium oxygen content of the metal, assuming a 
carbon monoxide pressure of 1.5 atm, as mentioned 
previously. The sulfur distribution ratio was then 
calculated by using the equilibrium oxygen content 
and the plot of the S-O ratio shown in Fig. 8. 

Fig. 10 also shows that, as the basicity increases 
to about 1.5 to 2.0 at a constant iron oxide concen- 
tration, the limiting carbon content decreases slight- 
ly, while at the same time the sulfur distribution 
increases steeply. At the same iron oxide content, 
a further increase in the basicity results in a still 
greater increase in the sulfur distribution ratio as 
well as an increase in the equilibrium carbon con- 
tent. These results may not be attained in the open 
hearth, but they may have utility in determining 
the proper additions required for slag control. 

The distribution of sulfur between metal and 
simple slag systems as shown in Fig. 10 is in good 
agreement with the results shown in Fig. 7 for the 
more complex slag systems. There is a slight dif- 
ference between the two figures for a basicity ratio 
of about 2.5, but in general it is not significant. 


Summary 

It is hoped that the combined results which have 
been prepared from several independent studies of 
the equilibrium between molten iron and simple 
basic and acid slags will be a useful contribution to 
our general knowledge of some of the fundamental 
chemical reactions which are important in the re- 
fining of steel in the open hearth. The results pre- 
sented in this paper clearly show the effects of 
basicity and iron oxide concentration of the slag on 
the distribution of sulfur between slag and metal 
and on the equilibrium carbon and oxygen contents 
of the metal. 


868—JOURNAL OF METALS, JULY 1956 


PERCENT OXYGEN 


20 14.12 10 08 06 205 04 035 
10 
—— 
%Ca0+%MgO 


(S) /{S] 


| 
PERCENT CARBON 


Fig. 10—Relationships among carbon and oxygen contents of 
the metal, the sulfur ratio, and the slag composition on a 
mol fraction basis at 1600°C. 


In addition, the equilibrium between sulfur and 
oxygen is presented to show an overall reaction 
which is important in sulfur control. The results of 
the sulfur and oxygen equilibria were used to deter- 
mine the relationship between the limiting carbon 
content of the metal and the corresponding sulfur 
distribution ratio. It will be interesting to review 
practical open hearth data in the light of these re- 
sults to establish the extent to which equilibrium is 
reached. 
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Internal Friction and Grain Boundary Viscosity of 


Copper and of Binary Copper Solid Solutions 


Measurements have been made of the variation of internal friction with temperature 
for OFHC copper, and for a series of binary solid solutions of high purity copper with 
zinc, gallium, germanium, arsenic, and silicon, to investigate the effect of alloying ele- 
ments in substitutional solid solution on grain boundary viscosity. The apparatus used 
was of the torsional pendulum type developed by Ke,’ modified so that the specimen 
and vibrating system could be maintained in a high vacuum. The activation energy for 
grain boundary relaxation in copper is 33,000 cal per mol. This is considerably less than 
the activation energy for self-diffusion, in disagreement with Ke’s theory” that the two 
activation energies should be the same. All the alloying elements increase the activation 
energy for grain boundary relaxation to approximately 44,000 cal per mol, increasing 
the grain boundary viscosity at a given temperature. The results are discussed in terms 
of theories of grain boundary slip put forward by Mott? and by Ke.‘ Experiments have 
also been made to investigate the effect of small amounts of oxygen on the variation 
of internal friction with temperature for copper. 


by L. Rotherham and S. Pearson 


eos. described in this paper were de- 
signed to investigate the effect of alloying ele- 
ments in substitutional solid solution on grain 
boundary viscosity, using the internal friction meth- 
od developed by Ke’ for measuring grain boundary 
viscosity. It was considered desirable to make the 
system under investigation as simple as possible by 
making experiments on a comprehensive series of 
binary alloys of copper with the elements immedi- 
ately following it in the periodic table, i.e., zinc, 
gallium, germanium, and arsenic. These elements 
are within the range of favorable size factor for 
solution in copper, and the systems have been ex- 
tensively investigated by Hume-Rothery and his 
co-workers.’ Later, in order to study the effect of 
the relative size of the solvent and solute atoms, 
experiments were made on a series of Cu-Si alloys, 
since the apparent atomic diameter of silicon when 
in solution in copper—the diameter necessary to 
assign to the solute atoms to account for the lattice 
constant of the solid solution’—is almost the same 
as that of the solvent atoms. 

Preliminary experiments were made to measure 
the variation of internal friction with temperature 
for pure copper. Ke made some experiments on 
copper,’ but found that the curves obtained were not 
reproducible in consecutive experiments. The cop- 
per was maintained in an argon atmosphere during 
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the experiments but, although he took precautions 
to exclude oxygen, Ke came to the conclusion that 
the precautions were not entirely satisfactory, and 
that the lack of reproducibility must be due to 
absorption of oxygen by the copper. Experiments 
have therefore been made to investigate the effect 
of small amounts of oxygen on the variation of 
internal friction with temperature for copper. 


Previous Work 

Ke made extensive experiments on high purity 
aluminum,” ”* and was able to show that the grain 
boundaries behave viscously at high temperatures. 
He found that the relative rate of movement of the 
grains could be expressed as 

H 
v Ao exp RT [asl 
where v is the velocity of slip, A is the constant, o is 
the shear stress, H is the activation energy, R is the 
gas constant, and T is the absolute temperature. 

By assuming that the boundary layer was one 
atom thick, he obtained a value for the viscosity 
which, when extrapolated to the melting point, gave 
good agreement with the viscosity of the liquid 
metal at the melting point. Ke also made experi- 
ments on other high purity and commercial purity 
metals," “* and on some alloys.*” He came to the 
conclusion? that the activation energy for grain 
boundary slip was the same as for self or volume 
diffusion and for steady state creep in single crystals. 
Rotherham, Smith, and Greenough” have shown re- 
cently that the activation energy for grain boundary 
slip is not the same as for self-diffusion in tin, 
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although it is not significantly different from that 
for creep in single crystals. 


Theories Explaining Grain Boundary Slip 

Although Ke has shown that the grain boundaries 
in metals behave viscously at high temperatures, 
the actual mechanism by which slip occurs is open 
to controversy. Possible mechanisms which would 
lead to viscous slip have been discussed by Mott,’ 
and by Ke.* 

Mott thinks of the boundary in terms of the widely 
accepted transitional lattice theory. He considered 
that if two crystal planes are in contact but cannot 
fit, owing to different indices or orientation, the 


Table I. Composition of Alloys 


Cu-Zn Cu-Ga Cu-Ge Cu-As Cu-Si 
Alloys Alloys Alloys Alloys Alloys 
Zn, Ge, As, 

Wire Wt Wire Ga, Wire Wt Wire Wt Wire Si, 
No. Pct No. WtPct No. Pct No. Pct No. Wt Pct 
1A 1.20 1 1.06 8) 1.16 9 2.54 11 0.40 
1B 3.70 2 3.42 6 3.42 10 4.60 12 1.36 
5.36 3 8.87 5.59 13 2.41 
1D 8.20 4 17.47 8 9.13 — — 14 3.71 


surface of contact will be divided into islands in 
which the fit is reasonably good, separated by lines 
near which fit is bad. Also, the elementary act 
which allows slip to occur is the disordering of 
atoms round each island of good fit. The free energy 
F to do this will approach zero at the melting point 
and nL at the absolute zero of temperature, where n 
is the number of atoms to be disordered and L is the 


Table Il. Loss of Weight of Cu-Zn Alloys During Tests 


Original wt pct Zn 1.20 Saal 
Loss of wt, pct <0.1 0.2 


latent heat of fusion per atom. At any other tem- 
perature he assumed F to be given by F = nL (1 — 
T/T»), where T,, is the temperature of melting. 

This theory leads to the following expression for 
the rate of slip 


vanwo nL nL 4 
= Cx 0) — 


where v is the frequency of atomic vibration, 
a\/2 = lattice constant, w is the area per atom, o is 
the shear stress, k is Boltzmann’s constant, and nL 
is to be identified with the measured value of the 
activation energy. This expression gives reasonable 
quantitative agreement with the expression ob- 
tained from Ke’s experiment. It also explains why 


the surface layer behaves like a layer of liquid at 
the melting point, since the activation energy for 
melting small volumes disappears there. 

Ke, on the other hand, considers that the grain 
boundary consists of numerous lattice imperfections 
or regions of atomic disorder. Between the imper- 
fections are regions of good lattice fit. This pic- 
ture is different from the abrupt transitional lattice 
theory in that the transition at the boundary region 
is considered to be gradual. Ke felt that the ele- 
mentary act responsible for slip is the squeezing 
past one another of two atoms in a disordered group 
in the manner considered previously by Orowan™ 
in his treatment of the mechanism of viscous flow 


of solids. This mechanism leads to the following 
expression for the rate of slip 
—H 
= e 3 
[3] 


where q is the density of disordered groups of 
atoms, y is the mean value of shear strain resulting 
from atomic rearrangements, v is the frequency of 
local fluctuations of energy, and o is the applied 
shear stress. Ke claimed that the disordered groups 
also occur within the grains, although they are 
much smaller in number than in the boundary. He 
explained the agreement of the activation energy 
for grain boundary slip with those for self or vol- 
ume diffusion and for steady state creep in single 
crystals by the assumption that the elementary act 
responsible for these latter processes is atomic re- 
arrangement in the disordered groups within the 
crystals. This is the same way the mechanism leads 
to slip in the boundary. 


Experimental 

Materials Used for the Investigation—All the 
materials were supplied in the form of 4% mm diam 
wire. The OFHC copper was supplied by Messrs. 
Thomas Bolton Ltd. 

Alloys were supplied by Messrs. Johnson Matthey 
& Co. Ltd. All of the alloys were made from high 
purity materials. Makers’ analyses are given in 
Table I. 

The alluys were all melted and chill cast under 
conditions designed to minimize the risk of con- 
tamination, particularly with oxygen. The chill cast 
ingots were rolled to %4 in. sq rods, with intermedi- 
ate annealing at 600°C when necessary. These rods 
were then drawn down to wire by standard pro- 
cedure with intermediate bright anneals at suitable 
steps in the drawing operations. 

Alloy wires were weighed before and after test- 
ing to measure any loss of the alloying element due 
to evaporation. The loss was less than the accuracy 
of measurement, <0.1 pct of the total weight, for 
the Cu-Ga, Cu-Ge, Cu-As, and Cu-Si alloys, but 


Table III. Results of Examination for Preferred Orientation 


Cu-Zn Alloys Cu-Ga Alloys 


Cu-Ge Alloys 


Cu-As Alloys Cu-Si Alloys 


Pre- Pre- Pre- Pre- Pre- 
ferred ferred ferred ferred ferred 
Zn, Orienta- Ga, Orienta- Ge, Orienta- As, Orienta- Si, Orienta- 
Wt Pct tion Wt Pct tion Wt Pct tion Wt Pct tion Wt Pct tion 
1.20 Marked 1.06 Nil 1.16 Very slight 2.54 Slight 0.40 Slight 
3.70 Slight 3.42 Nil 3.42 Nil 4.60 Nil 1.36 Slight 
5.36 Slight 8.87 Marked 5.59 Very slight — — 2.41 Marked 
8.20 Slight 17.47 Ni 9.13 Nil —_— — 3.71 Nil 
32.70 Marked — — — 


OFHC copper showed slight preferred orientation. 
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Fig. 1—Variation of internal friction with temperature for 
OFHC copper. 


appreciable loss of weight occurred in the case of 
the Cu-Zn alloys. Percentage loss of weight of these 
alloys is given in Table II. 

X-ray diffraction photographs were taken of all 
the wires after test, principally to determine whether 
there was any marked preferred orientation. Re- 
sults of the examination are given in Table III. 

At the same time it was noted that the parameter 
of the metal varied considerably within the small 
depth of penetration of the X-rays for the four 
Cu-Zn alloys with the higher zinc contents, but not 
for the other alloys. This is consistent with the 
observation that evaporation of solute occurred 
only from the Cu-Zn alloys. 

Apparatus—The apparatus used for the tests was 
of the torsion pendulum type and was similar to 
that used by Ke.’ The test specimen was about 9 
in. long. The apparatus differed from that used by 
Ke in the method of gripping the wire. Also, the 
wire and pendulum were enclosed in a vacuum- 
tight system, which was connected to an oil diffusion 
pump and a rotary pump so that the wire and vi- 
brating system could be maintained in a high vac- 
uum during the experiments. Alternately, the ap- 
paratus could be evacuated and then filled with a 
suitable controlled atmosphere. 

It was found that for materials with very small 
internal friction, reducing the pressure in the ap- 
paratus greatly reduced the measured value of the 
internal friction. For instance, for an annealed 
OFHC copper wire tested at atmospheric pressure 
the logarithmic decrement was 0.003. With the 
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rotary pump running, pressure about 10° mm Hg, 
the logarithmic decrement was 0.001; while when 
the diffusion pump was used, pressure about 10° 
mm Hg, the logarithmic decrement decreased to 
0.0005. Considerably lower values than this were 
obtained for some of the alloys. 

The wire was gripped in V-grooves in split stain- 
less steel blocks, which were clamped together by 
stainless steel screws. The temperature of the fur- 
nace was measured by three chromel-alumel ther- 
mocouples, which were clamped to a Nichrome rod 
welded to the top grip supporting the wire under 
test. One thermocouple was placed to correspond to 
the height of the top of the test wire, one at the 
center, and one at the bottom. The junctions of the 
thermocouples were about % in. from the axis of 
the wire under test. The EMF’s of the thermo- 
couples were measured by means of a portable po- 
tentiometer, and the furnace was wound so that 
the temperature gradient over the full length of 
the test wire could usually be maintained at not 
more than 2°C. 

General Procedure—The general procedure 
adopted for these experiments was much the same 
as that already described by Ke,’ apart from the 
fact that all the internal friction measurements 
were made with the test wire maintained in vacuo. 
Specimens cut from the cold worked wires were 
annealed in position in the furnace. For most of 
the wires the annealing temperature was 700°C, 
but a few of the OFHC copper wires were annealed 
at 800°C. It should be noted that the bottom grip 
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Fig. 2—Effect of oxygen on internal friction of OFHC copper 
wires in which the grain diameter was small relative to that 
of the wire. 
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Fig. 3—Effect of oxygen on internal friction of OFHC copper 
wires in which the grains extended across the full diameter of 
the wire. 


and the rod for holding the inertia bar were at- 
tached to the wire during annealing. The stress in 
the wire due to this load was 125 g per sq mm—180 
psi. Two inertia bars were used, one of which gave 
a frequency of vibration of about 1 vibration per 
sec and the other of about 0.3 vibrations per sec. 
The longitudinal stress in the test wire when using 
the 1 sec pendulum was 190 g per sq mm—270 psi. 
When using the 3 sec pendulum, it was 270 g per sq 
mm—390 psi. 

Readings were taken of the logarithmic decre- 
ment in free vibration and of the frequency of vi- 
bration at suitable temperature intervals over the 
range from room temperature to a temperature ap- 
proximately 100°C below that of the preliminary 
recrystallization. The time taken to cover this tem- 
perature range was usually about 3 hr. Current 
through the furnace windings was reduced while 
the readings were being taken so as to stabilize the 
temperature at the measured value. Maximum 
amplitude of vibration used in the experiments 
corresponded to maximum shear strain at the sur- 
face of the wire of about 6x10°. Experiments were 
made on some wires in which the grains were the 
full diameter of the wire and several diameters 
long. The grains were grown to this size by the 
usual strain-anneal method. Ke has shown that 
the internal friction temperature curve for such a 
wire approximates that for a single crystal. Here- 
after in this paper such wires are referred to as 
single crystal wires. 

Experiments on OFHC Copper—Experiments 
were made on wires in which the grain diameter 
was small relative to that of the wire, and on single 
crystal wires. The small grain size wires were an- 
nealed for 2% hr at 700°C. Internal friction tem- 
perature curves were found to be reasonably re- 
producible for different specimens cut from the 
same reel of wire. Typical curves for the variation 
of internal friction with temperature are shown in 
Fig. 1. 
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Two single crystal wires were used, the difference 
in the two wires being final annealing at different 
temperatures, one at 700°C and the other at 800°C. 
Results obtained were reproducible for the two 
wires. The variation of internal friction with tem- 
perature is shown in Fig. 1. 

Effect of Oxygen on Internal Friction of OFHC 
Copper—Experiments were made on both the small 
grain size wires and the single crystal wires to find 
the effect of small amounts of oxygen on the vari- 
ation of internal friction with temperature. The 
procedure adopted to introduce the oxygen was to 
heat the wires in oxygen for 3 hr at 400°C, so that 
they became coated with a film of oxide, then to 
heat them in vacuo to a temperature 100°C below 
the annealing temperature so that the oxygen could 
diffuse into the metal from the oxide film. Fig. 2 
shows the result of increasing time of heating on 
the internal friction-temperature curve for the small 
grain size wires. The curves were reasonably re- 
producible for different specimens. 

Fig. 3 shows the effect of oxygen on the internal 
friction-temperature curve for the single crystal 
wires. It will be seen that although the effect of the 
oxygen is qualitatively the same for the two wires 
tested, in that they both show a peak in the region 
of 500°C and there is a marked hysteresis on heat- 
ing and cooling, the internal friction is considerably 
higher for the wire heated at 700°C than for that 
heated at 600°C. The room temperature internal 
friction is also higher for the wire heated at 700°C. 
The two cooling curves can be approximately 
superimposed by a vertical displacement equal to 
the difference in the room temperature internal 
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Fig. 4—Effect of removing oxide film from OFHC copper wire 
loaded with oxygen. Grain diameter was small relative to 
that of the wire. 
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Fig. 5—Variation of internal friction with temperature for 
Cu-Zn alloy containing 1.17 atomic pct Zn. 


friction. The difference in the two cooling curves is 
therefore more or less independent of temperature, 
and it seems most likely that it is due to some effect 
of the oxide film itself. Even when allowance is 
made for this temperature-independent internal 
friction, however, it is clear that the internal fric- 
tion obtained with increasing temperature is higher 
in the region of 500°C for the wire heated at 700°C 
than for that heated at 600°C. This difference must 
be due to the greater amount of oxygen absorbed 
by the wire heated at 700°C. 

All the wires were coated with a film of oxide 
when removed from the apparatus. X-ray diffrac- 
tion measurements indicated that the film was al- 
most entirely Cu.O, though a little CuO could be 
detected. 

In order to investigate the effect of the oxide 
film itself, as opposed to oxygen in the metal, the 
film was removed from one of the small grain size 
wires and one of the single crystal wires by rub- 
bing with 0 and 4/0 emery. They were then re- 
placed in the apparatus, reannealed, and internal 
friction measurements made. The results obtained 
are shown for the single crystal wire in Fig. 3 and 
for the small grain size wire in Fig. 4. It should be 
noted that in both cases the surface of the wire must 
have been severely cold worked when the film was 
removed with emery. Although the wires were re- 
annealed, they would not be in the same condition 
after this treatment as they would be after the 
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Fig. 6—Variation of internal friction with temperature for 
Cu-Zn alloy containing 8.01 atomic pct Zn. 


treatment for the tests with the oxide coating. This 
is most apparent in the curve for the single crystal 
wire in which a small grain boundary peak has 
reappeared. However, the experiments on the wires 
with the film removed show that the large internal 
friction at room temperature for the single crystal 
wires is most probably due to the oxide film. In 
the case of the small grain size wires, the film itself 
has little effect on the internal friction-temperature 
curve. 

Experiments on the Alloys—Experiments were 
made on small-grained specimens of all the alloys, 
and of single crystal specimens of two of the alloys, 
Cu-17.47 pet Ga and Cu-5.59 pct Ge. 

The same experimental procedure was used for 
all the small-grained specimens. They were an- 
nealed in vacuo for 1 hr at 700°C. They were then 
cooled and the inertia bar attached. After being 
heated quickly to 600°C, the specimens were main- 
tained at this temperature for 30 min. Readings of 
logarithmic decrement and frequency of vibration 
were taken as the temperature decreased. After the 
specimens were left standing overnight at room 
temperature, a second experiment was made in 
which readings were taken over the temperature 
range from room temperature to 600°C. The speci- 
men was maintained at 600°C for 1% hr, and read- 
ings taken as the temperature decreased. The in- 
ertia bar was then changed, and the experiments 
repeated. Thus, three results were obtained for 
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Table IV. Summary of Results of Tests on OFHC Copper 


Grain Boundary Peak, 
1 Vibration per Sec 


Background at 
600°C 


Grain Log Dec 


Activation Log Dec, Log Dec, 


Size, at Room Tempera- Log Dec Energy, 1 Vibration 0.3 Vibration 
Metal Cm Temperature ture, °C at Peak Cal per Mol per Sec per Sec 
OFHC Cu 0.007 0.0005 300 0.084 33,000 0.160 0.182 
OFHC Cu >Diam of 0.0009 Nil = — 0.038 ce: 
wire 
OFHC Cu +O 0.007 0.0016 227 0.038 33,000 0.121 0.143 


each wire at each frequency. The variation of in- 
ternal friction with temperature for these wires is 
shown in Figs. 5 through 14, 

The same procedure was used for the single crys- 
tal wires, except that experiments were made at a 
frequency of 1 vibration per sec only. The results 
of these experiments are shown in Figs. 9 and 11. 
A curve is also shown in Fig. 9 for a specimen of 
the Cu-17.47 pct Ga alloy in which the grains were 
large. All of these grains did not extend across the 
full diameter of the wire. 

Effect of the Longitudinal Load on the Wire on 
the Internal Friction—It was noticed that the wires 
increased in length during the tests, and that the 
increase in length was greater when the high tem- 
perature internal friction was high. It was thought 
that the high internal friction might be partly due 
to longitudinal creep in the wire. In order to check 
this, experiments were made on the Cu-5.59 pct Ge 
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Fig. 7—Variation of internal friction with temperature for 
Cu-Zn alloy containing 32.1 atomic pct Zn. 
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alloy, which gave a high value of internal friction 
at high temperatures. An inertia bar was used 
which gave a frequency of vibration of 1 vibration 
per sec, but which doubled the longitudinal load 
on the wire compared with the 1 vibration per sec 
inertia bar used for all the other experiments. It 
was found that doubling the load on the wire did 
not alter the internal friction curve appreciably. 
It is clear that the high internal friction at high 
temperatures is not due to the longitudinal load 
on the wire. 
Results 

OFHC Copper—The variation of internal friction 
with temperature for OFHC copper, both large and 
small grains, is shown in Fig. 1. The fact that the 
peak on the curve for the small grain size wire 
does not occur for the single crystal wire indicates 
that it is due to grain boundary relaxation. The 
curves are very similar to those obtained for copper 
by Ke, except that the peak occurs at a lower tem- 
perature (300°C, compared with 330°C obtained by 
Ke). The curves are also closely reproducible 
whereas, as stated in the introductory. portion of 
this paper, Ke found that his curves were not re- 
producible, the value of the internal friction at the 
peak decreasing each time the wire was tested. 
The results of the experiments on the wires heated 
in oxygen, Fig. 2, indicate that Ke’s explanation of 
this effect was correct, and that the effect was due 
to absorption of oxygen by the wire. Results of the 
experiments are summarized in Table IV. 

The value of the activation energy for grain 
boundary slip obtained from the temperature shift 
with change in frequency is 33,000 cal per mol +10 
pet. Unfortunately, no value is available for the 
activation energy for steady state creep in single 
crystals of copper, though the activation energy for 
self-diffusion has been determined by several in- 
vestigators.“~ The values obtained range from 
40,000 to 61,000 cal per mol, the generally accepted 
value being about 50,000 cal per mol.” It is clear 
that the activation energy for self-diffusion is con- 
siderably higher than that for grain boundary slip, 
which does not support Ke’s hypothesis that they 
should be the same. 

The viscosity at the melting point, 1083°C, has 
been calculated using the method of Ke.» Assuming 
that the thickness of the boundary is 4x10“ ecm and 
the single crystal shear modulus at 1083°C is 3x10" 
dynes per cm’, the value obtained is 0.014 poise. 
This compares with the measured value of 90.034 
poise™ at 1145°C and the value calculated from 
Andrade’s” equation of 0.038 poise just above the 
melting point.* 

Alloys—The variation of internal friction with 
temperature for the alloys is shown in Figs. 5 
through 14, while the results are summarized in 
Table V. 

It will be seen that the effect of all the alloying 
elements is qualitatively similar. As the percentage 
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Fig. 8—Variation of internal friction with temperature for 
Cu-Ga alloy containing 0.97 atomic pct Ga. 


of alloying element is increased, the height of the 
grain boundary peak for copper, which occurs at 
about 300°C, is suppressed until it is completely 
eliminated. A second peak appears on the curve at 
a temperature of about 500°C, and is considered to 
be a grain boundary peak for the solid solution. For 
some of the alloys in which the percentage of alloy- 
ing element was small, Figs. 5, 8, 10, and 13, both 
the 300°C copper peak and the 500°C alloy peak 
appear on the same curve. The temperature of the 
solid solution peak decreases with increasing con- 
centration of the solute element. The effectiveness 
of a given atomic percentage of solute element, both 
in eliminating the copper peak and in reducing the 
temperature of the solid solution peak, increases 
with increasing valency of the solute element. 

It was not clear from the results of the experi- 
ments on the alloys with the elements of the B sub- 
groups whether increasing valency or increasing 
atomic size was more important in this respect. 
Atomic size increases with increasing valency, but 
the experiments on the Cu-Si' alloys indicate that 
the relative atomic size of the solute and solvent 
atoms is of much less importance than the valency 
effect. The heats of activation associated with the 
grain boundary slip have been calculated from the 
temperature shift with change in frequency for all 
the alloys and are given in Table V. They are all in 
the range between 39,000 and 52,000 cal per mol. 
Considering the small temperature change involved, 
it is doubtful if any of them differ significantly 
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Fig. 9—Variation of internal friction with temperature for 
Cu-Ga alloy containing 16.20 atomic pct Ga. 


from the mean value of 44,000 cal per mol, which 
compares with the corresponding figure of 33,000 
+10 pct cal per mol for OFHC copper. Ke’ experi- 
mented on a 70 pet Cu-30 pct Zn alloy and obtained 
a similar curve to that obtained here for the Cu- 
32.7 pct Zn alloy. His value for the activation energy 
for grain boundary slip was 41,000 cal per mol. 

For the alloys containing the maximum percent- 
ages of zinc and gallium (32.70 pct Zn and 17.47 
pet Ga) a third peak appeared on the curve ata 
temperature of about 315°C. This peak persists for 
material of large grain size. It is similar to the peak 
obtained by Zener” and Ke’ for 70-30 a brass. Since 
it occurs in single crystals as well as in polycrystal- 
line material, they concluded that it must be due 
to a diffusion process. Zener obtained an activa- 
tion energy for the process of 33,000 cal per mol, 
while Ke obtained 40,000 cal per mol. No attempt 
has been made to obtain an activation energy for 
the process from the experiments reported here. 
This would-involve separating the diffusion peak 
from the grain boundary peak and background. 
For such a small internal friction the determination 
would obviously be inaccurate. 


Discussion 
Grain Boundary Viscosity—Effect of Alloying 
Elements on Grain Boundary Viscosity: The most 
important effects observed in these experiments are 
1) The addition of the solute elements to the 
copper suppresses the internal friction peak due to 
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Table V. Summary of Results of Experiments on Alloys* 


Low Temperature 
Peak, 1 Vibra- 
tion per Sec 


High Temperature 
Peak, 1 Vibra- 
tion per Sec 


Background 
at 600°C 


Log Dec Activa- Log Dec, Log Dec, 
Alloy- Apparent Mean at Room tion 1 Vibra- a hth 
ing Val- Atomic Atomic Grain Tempera- Tempera- Log Tempera- Log Energy, tion per ee p 
Element ency Diam, A Pet Diam, Cm ture ture, °C Dec ture, °C Dec Cal per Mol Sec ec 
Zn 2 2.70 uate 0.0055 0.00017 270 0.012 Nil = 0.17 0.22 
3.62 0.0048 0.00012 250 0.004 505 0.21 40,000 0.18 0.24 
5.23 0.0058 0.00016 Nil 530 0.22 39,000 0.18 0.24 
8.01 0.0063 0.000096 Nil 520 0.22 45,000 0.18 0.22 
16.31 0.0095 0.000084 Nil 495 0.21 52,000 0.17 0.22 
32.10 0.012 0.000057 310 0.02 460 0.19 50,000 0.20 0.30 
Ga 3 2.75 0.97 0.0050 0.00009 270 0.004 510 0.18 41,000 0.15 0.20 
3.13 0.0045 0.00006 Nil 510 0.22 44,000 0.18 0.24 
8.18 0.0060 0.00002 Nil 480 0.21 46,000 0.16 0.20 
16.20 0.017 0.000015 320 0.01 415 0.13 44,000 0.12 0.18 
Ge 4 2.78 1.02 0.0025 0.000015 270 0.006 500 0.21 44,000 0.28 0.40 
3.03 0.0033 0.00003 Nil 475 0.18 39,000 0.21 0.32 
4.94 0.0034 0.00004 Nil 455 0.19 42,000 0.22 0.32 
8.10 0.0055 0.000015 Nil 435 0.16 47,000 0.18 0.24 
As 5 2.88 2.16 0.0036 0.000018 Nil 450 0.21 44,000 0.18 0.24 
3.93 0.0048 0.00009 Nil 395 0.16 40,000 0.28 0.51 
Si 4 2.59 0.9 0.0032 0.00005 290 0.008 435 0.17 42,000 0.14 0.22 
3.0 0.0042 0.00003 Nil 445 0.21 49,000 0.14 0.19 
AS 0.0042 0.00004 Nil 430 0.15 49,000 0.14 0.21 
8.0 0.0051 0.00004 Nil 412 0.095 46,000 0.15 0.20 
* Atomic diameter of copper equals 2.55A. 
grain boundary relaxation in the copper, and causes BiGinwers H 6] 
a second solid solution peak to appear on the in- and RT, 
ternal friction-temperature curve at a higher tem- 
perature. The fact that for some of the alloys con- im = B (Guys exp [7] 


taining a small percentage of solute atoms both the 
copper peak and the solid solution peak appear 
together on the same curve shows that the processes 
causing the peaks are independent, and that the 
effect of the alloying elements is not to move the 
copper peak gradually to a higher temperature. 

2) The activation energies for grain boundary 
relaxation in the alloys are approximately the same 
for all the alloying elements used. 

3) The temperature of the solid solution peak 
decreases with increasing concentration of the solute 
element. 

The last of these effects may be explained in 
terms of the theory of grain boundary relaxation 
developed by Zener” and Ke,’ if it is assumed that 
the viscosity of all the alloys is the same just above 
the melting point. 

From the theory of grain boundary relaxation, 
the viscosity, 7, of the grain boundary material at 
the temperature of the peak is given by the relation’ 


(Gu)d 


Di [4] 


where Gu is the unrelaxed or single crystal shear 
modulus, d is the width of the grain boundary, D is 
the average grain diameter, and f is the frequency 
of vibration, so that, providing experiments are 
made at the same frequency of vibration and the 
grain size is maintained constant, the grain bound- 
ary viscosity at the temperature of the peak will be 
the same for all the alloys, since d is constant and 
the variation of Gu is small between the different 
alloys. 

The temperature dependence of the viscosity is 
obtained from the relation 


H 
nr = B(Gu)r [5] 
where 7, is the viscosity at temperature T, B is a 
constant, H is the activation energy for grain bound- 


ary relaxation, and T is the absolute temperature, 
so that 
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where 7, is the viscosity at grain boundary peak, nm 
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Fig. 10—Variation of internal friction with temperature for 
Cu-Ge alloy containing 1.02 atomic pct Ge. 
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Fig. 11—Variation of internal friction with temperature for 
Cu-Ge alloy containing 4.94 atomic pct Ge. 


is the viscosity at the solidus and 


H 
xp —— 
(GU) m RT, 
= 
H constan [8] 
exp 
or 
jel 
= = constant. [9] 


This equation is obtained from Mott’s Eq. 2 or 
Ke’s Eq. 3 if the same simplifying assumptions are 
made. 

From the results of these experiments, the activa- 
tion energy for grain boundary relaxation is ap- 
proximately constant for all the alloys and is equal 
to 44,000 cal per mol. Therefore, we can substitute 
this value for H in Eq. 9, which gives 


44000 44000 
= constant. 


2T, 2T 


[10] 


0 
, a straight 


0 
If values of are plotted against 


line of unit slope from which the value of the con- 
stant can be determined should be obtained. The 
values are plotted in Fig. 15, with T, corrected to a 
standard grain diam of 0.005 cm. It will be seen that 
the points for the alloys with the elements of the B 
subgroups fall roughly on one straight line, while 
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the points for the silicon alloys are on a second 
straight line. The value of the constant for the B 
subgroup alloys is 12, and for the silicon alloys, 14. 

The reason for the difference in the two values 
obtained for the constant is not apparent, although 
it is not altogether surprising in view of the many 
approximations made. It seems unlikely that it is 
due to an error in the measured value of the activa- 
tion energy for the silicon alloys, since the lowest 
of the four measured values was 42,000 cal per mol 
and the average 46,000 cal per mol, whereas a value 
of 38,000 cal per mol would be required to give a 
value of 12 for the constant. It may possibly be due 
to the atomic size effect, although it is difficult to 
see how this can be taken into account satisfactorily 
in the theories put forward to explain grain bound- 
ary slip, apart from its effect on the activation 
energy. However, it seems clear from Fig. 15 that 
the decrease in temperature of the peak with in- 
creasing concentration of the solute element is due 
to the decrease in the solidus temperature, which 
Hume-Rothery’ has shown to be predominantly a 
valency effect for these alloys. 

It will be seen that, according to the above reason- 
ing, the rise in temperature of the alloy grain 
boundary peak, compared with the copper peak, is 
due to the increase in the activation energy for 
grain boundary slip in the alloys, since the viscosity 
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Fig. 12—Variation of internal friction with temperature for 
Cu-As alloy containing 3.93 atomic pct As. 
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Fig. 13—Variation of internal friction with temperature for 
Cu-Si alloy containing 0.9 atomic pct Si. 


of liquid copper just above the melting point will 
be approximately the same as that of the alloys. 

The increase in activation energy is difficult to ex- 
plain satisfactorily in terms of either of the theories 
put forward to explain grain boundary slip. Con- 
sidering Mott’s theory, a possible explanation is 
that the solute atoms will concentrate at the bound- 
aries, where there is more room to accommodate 
them, and so improve the fit at the boundary and 
hence the number of atoms in the islands of good 
fit. However, the tendency for the solute atoms to 
concentrate and improve the fit at the boundary is 
dependent on the difference in atomic size of the 
solvent and solute atoms. It should be noted that 
the same activation energy is obtained for the Cu-Si 
alloys, in which the apparent atomic diameters of 
the solvent and solute atoms are almost the same, 
as for the other alloys. Also, if this is the correct 
mechanism, the activation energy should increase 
gradually with increasing concentration of the solute 
atoms. The fact that in some cases two peaks appear 
together on the same curve indicates that this is not 
the case, and that there is a typical activation energy 
for grain boundary slip in the alloys which is inde- 
pendent of the solute concentration. Therefore, these 
experimental results cannot be explained satisfac- 
torily in terms of this mechanism. 

Considering Ke’s mechanism, it is very difficult 
to see how the addition of solute atoms could lead 
to an increase in activation energy, especially since 
the effect is independent of the relative size of the 
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Fig. 14—Variation of internal friction with temperature for 
Cu-Si alloy containing 8.0 atomic pct Si. 


solvent and solute atoms. Ke identified the activa- 
tion energy for grain boundary relaxation with that 
for steady state creep in single crystals and for self- 
or chemical diffusion. While it seems unlikely that 
the mechanism he proposed is responsible for steady 
state creep or diffusion, it is possible that the grain 
boundary relaxation is governed by the activation 
energy for one of these processes. Unfortunately, no 
values are available for the activation energy for 
steady state creep in pure copper, or in any of the 
alloys. Le Claire” quotes the activation energy for 
diffusion of zinc in copper as 38,000 cal per mol, and 
for silicon in copper as 40,000 cal per mol, while 
Nowick™ gives 43,500 cal per mol for the diffusion 
of both these elements. No values are published for 
the other alloying elements. Those available agree 
well with the activation energies for grain boundary 
relaxation. It should be noted, however, that the 
activation energy for grain boundary relaxation is 
not the same as that for self-diffusion in copper nor, 
as Rotherham, Greenough, and Smith” have shown, 
for tin. It is difficult to see why the grain boundary 
slip should be governed by the activation energy for 
chemical diffusion on the solid solutions when it is 
not governed by that for self-diffusion in the pure 
metals. It will be interesting to find if agreement is 
obtained when other solvents and solutes are used. 

Effect of Oxygen—It will be seen from Fig. 2 that 
the effect of oxygen on the internal friction-tem- 
perature curve for pure copper is qualitatively simi- 
lar to that of the other alloying elements. As the > 
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concentration of oxygen increases, the internal fric- 
tion at the copper grain boundary peak is reduced 
and the peak itself occurs at a lower temperature. 
It should be noted, however, that the solubility of 
oxygen 1n copper decreases with decreasing tem- 
perature so that, in the case of this element, the 
depression of the peak may be due to the fact that 
oxygen is precipitated as oxide in the grain bound- 
aries. Oxygen also causes a hysteresis in the internal 
friction curves obtained on heating and cooling, Figs. 
2 and 3, which is probably due to delay in the 
copper acquiring its equilibrium oxygen content. 


Background Internal Friction—From the results 
available, it seems that the internal friction-tem- 
perature curve for most, and probably for all, pure 
metals and solid solutions consists of a grain bound- 
ary peak together with a background internal fric- 
tion, as shown in Fig. 1. Ke* has discussed this high 
temperature internal friction, as he called it, and he 
concluded that it is caused by the presence of dis- 
locations in the interior of the specimen although 
the mechanism giving rise to the internal friction 
is unknown. More recently the view has been put 
forward by Pearson, Greenough, and Smith” that, 
as single crystal specimens have a greatly reduced 
background compared with small grained specimens, 
it is more reasonable to suppose that the difference 
is due to a grain boundary effect rather than to 
some difference in the number or behavior of dis- 
locations in single crystals and polycrystals. 

The mechanism proposed is that creep occurs at 
the regions of stress concentration arising from the 
relaxation of shear stress along the grain bound- 
aries. Ke considered this, but he rejected it on the 
grounds that the stress is insufficient to cause slip. 
However, Puttick and King” have shown that an 
activated grain boundary creep can occur under 
much smaller shearing stresses than would be needed 
to cause crystalline slip. The curve of background 
internal friction in Fig. 1 has been drawn on the 
assumption that it is due to a creep proportional to 
a stress magnification factor multiplied by a tem- 
perature exponential term. 

Observations were made during these tests that 
are consistent with the hypothesis that creep occurs 
at regions of stress concentration. It was found that 
for materials with a high background internal fric- 
tion, considerable nonreversible torsional creep 
occurs at high temperatures under the minute stress 
exerted by the small residual magnetism between 
the inertia bar and the exciting magnets (i.e., the 
zero), drifts continuously in one direction or the 
other, and does not reverse on cooling. It has been 
noticed that when the background internal friction 
is high, the amount of creep is also high. Longi- 
tudinal creep occurs under the longitudinal load of 
the pendulum, but this does not itself contribute to 
the internal friction, since it was found that doubling 
the load on the wire does not increase the back- 
ground internal friction appreciably. The large 
grained specimens, in which the background internal 
friction was small, show no observable creep of 
either kind. 

It will be seen from Fig. 2 that the background 
internal friction for copper is reduced by the pres- 
ence of oxygen in solution, and from Figs. 5 through 
14 that it is generally increased by the presence of 
the other alloying elements. These results seem 
contradictory, and are hard to explain if the creep 
is due to the movement of dislocations. A possible 
alternative mechanism by which creep could occur 
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is that the boundaries migrate at the regions of 
stress concentration to allow relative movement 
between the grains. 

The horizontal displacement in 1/T to superpose 
the background curves obtained at two frequencies 
of vibration is generally different from the displace- 
ment to superpose the portions of the curves below 
the grain boundary peak. If it is assumed that the 
background internal friction is due to creep, and 
ae the creep is an activated process obeying the 
aw 


ii 
e= Acte™ 


where « is the creep strain at time t, the activation 
energy H can be obtained from the temperature 
change with change in frequency. Unfortunately, 
no reliable method exists for separating the grain 
boundary peak from the background curve. It was 
possible only in the few cases in which it was clear 
that the grain boundary relaxation had been com- 
pleted or almost completed to make an estimate of 
the activation energy on the above assumptions. The 
values obtained are given in Table VI. 


Table VI. Approximate Activation Energies for the Process Causing 
Background Internal Friction 


Approximate Acti- 
vation Energy for 


Alloying Atomic Background Internal 
Element Pet Friction, Cal per Mol 
3.62 
8.01 
16.31 
27,500 
Ga 0.97 —_— 
3.13 
8.18 
16.20 27,000 
Ge 1.02 27,000 
3.03 26,000 
4.94 26,000 
8.10 27,000 
As 2.16 — 
3.93 25,000 
Si 0.90 — 
3.0 — 
5.3 28,000 
8.0 32,000 
OFHC Copper — 33,000 


It will be seen that the activation energy for the 
background internal friction is the same as that for 
grain boundary slip in the case of OFHC copper, but 
it is considerably lower for all the alloys for which 
an estimate could be made. The value of the internal 
friction at the grain boundary peak is greater at the 
lower than at the higher frequency of vibration for 
nearly all the alloys. This is consistent with the 
fact that the activation energy for the background 
internal friction is less than that for grain boundary 
relaxation. 

There are reasonable grounds for believing, from 
the results obtained for pure metals, that the activa- 
tion energy for grain boundary slip is the same as 
that for steady state creep in single crystals. This 
has not been checked for the alloys but, if the same 
agreement is obtained, it is clear that the creep 
causing the background internal friction cannot be 
due to the same process as that responsible for steady 
state creep in single crystals. It will be of interest 
to compare the activation energies obtained in these 
tests with those for steady state creep and for other 
processes in pure copper and the alloys when the 
data are available. 
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Summary 

1) The activation energy for grain boundary slip 
in copper is considerably less than that for self- 
diffusion. Copper is, therefore, an exception to Ke’s 
theory that the two activation energies should be 
the same for all metals. 

2) Adding solute elements to the copper sup- 
presses the internal friction peak due to grain 
boundary relaxation in copper, and causes a second 
solid solution peak to appear on the internal friction- 
temperature curve at a higher temperature. For 
some of the alloys containing a small percentage of 
solute atoms, both the copper peak and the solid 
solution peak appear together on the same curve, 
showing that the processes causing the peaks are 
independent, and that the alloying elements do not 
move the copper peak to a higher temperature. 

3) The activation energies for grain boundary 
relaxation in the alloys are approximately the same 
for all the alloying elements used, 44,000 cal per 
mol, which compares with 33,000 cal per mol for 
grain boundary relaxation in copper. 

4) The temperature of the solid solution peak 
decreases with increasing concentration of the solute 
element, and can be related to the solidus tempera- 
ture of the solid solution. 

5) The results of the experiments on the solid 
solutions do not seem to be consistent with either 
of the mechanisms so far put forward to explain 
grain boundary slip. 


6) Oxygen in copper reduces the value of the 
internal friction at the grain boundary peak, and 
the temperature of the peak. This may be due to the 
fact that the oxygen is precipitated as oxide in the 
grain boundaries. Oxygen also causes a hysteresis 
in the internal friction-temperature curve on heat- 
ing and cooling, probably due to delay in the copper 
acquiring its equilibrium oxygen content. 

7) All the results obtained in these experiments 
are consistent with the hypothesis that the internal 
friction-temperature curve for pure metals and solid 
solutions consists of a grain boundary peak super- 
imposed on a background internal friction which 
increases continuously with increasing temperature. 
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Technical Note 


Orientation Relationships Between Alpha Prime and 
Beta Phases in a Ti-Ni Alloy 


by D. H. Polonis and J. Gordon Parr 


martensitic a’ (close-packed-hexagonal) and re- 
tained 8 (body-centered-cubic) have been studied 
in binary alloys of titanium with manganese, molyb- 
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denum, chromium, and iron.** In these investiga- 
tions, the habit planes of the martensitic phase were 
determined, as well as the orientation relationships 
between martensitic and parent phases. In each alloy 
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Fig. 1—Coincident pole projections for 8 on (011) and a 


on (0001). Crosses represent pole projections for a and 
squares, pole projections for B. 


(110)8 has been found to be parallel to (0001)a’. 

In the work described here orientation relation- 
ships in a titanium alloy containing 8 atomic pct Ni 
have been determined by a method of spotty X-ray 
diffraction films.* The principle of the technique is 
as follows: Martensitic shear may be expected to 
take place in such a way that planes of a certain 
d-value will be produced in the martensitic phase 
that are parallel, or nearly parallel, to planes of 
similar d-value in the parent phase. These two sets 
of planes will produce adjacent diffraction halos 
because of their similar d-values. If these halos are 
discontinuous or spotty, pairs of diffraction spots 
(one spot from each phase) indicate that the planes 


Table I. Observed Parallelisms 


Reflections from § Phase Reflections from q’ Phase 


011 0002 
200 1012 
222 2130 
211 1013 


producing the spots are parallel.” ° Clearly, the tech- 
nique allows the use of polycrystalline material, so 
long as its grain size is sufficiently large to cause 
spotty halos. 

A pin specimen was cut from the alloy and helium 
quenched from 1000°C, to give mixed phases of a’ 
and £. Exposures made in a Universal camera 
(Cambridge Instrument Co.), with specimen oscil- 
lations of 5°, 10°, and 15°, produced spotty films. 
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Table I lists the diffraction spots which occurred 
in pairs. 

In order to make certain that the planes respon- 
sible for these diffraction spots could be simultane- 
ously parallel, and also to determine orientation 
relationships between planes that give no reflections, 
the (011) stereographic projection of a cubic cell 
Was superimposed upon a standard (0001) projec- 
tion of a hexagonal structure with c/a of 1.587. 
Crystallographic angles for a-titanium have been 
reported by McHargue.’ The projections revealed 
that all the observed parallelisms were possible, Fig. 
1. Table II providés a complete list of major crystal- 
lographic planes that are shown by coincident pole 
projections to be parallel, or nearly parallel. 

A shear mechanism that produces these orienta- 
tion relationships between 6 and a’ has been pro- 
posed by Burgers® for zirconium. In this mechanism, 
transformation from body-centered-cubie (f) to 
close-packed-hexagonal (a’) occurs by heterogene- 
ous shear on the {112}8 planes in the [111]f direc- 
tion. Burgers suggested this mechanism because the 
atomic configuration in a (112) plane of the body- 
centered-cubic structure cell is exactly the same as 
in a (1010) plane of a close-packed-hexagonal cell. 
The hexagonal structure is formed by displacement 
of (112) planes relative to each other. The process 


Table II. Parallelisms Determined from Stereograms 


B Parallel To a’ 
(011) (0001) 
(211) (1010) 
(211) (1010) 
(112) (1103) 
(121) (1013) 
(112) (1013) 
(111) (2130) 
(111) (1210) 
(111) (2130) 
(111) (1210) 
(212) (1102) 
(001) (0112) 
(010) (0112) 


is probably more complex, however, since the spac- 


ings of the (112) planes and the (1010) planes to 
which they transform are not equal. In view of 
similarities of structure and orientation relation- 
ships, the shear transformation in Ti-Ni alloys is 
most probably similar to that suggested by Burgers 
for zirconium. 
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Silver and Binary Silver Solid Solutions 


Measurements haye been made of the yariation of internal friction with temperature 
for spectroscopically pure silver, and for a series of solid solutions of silver with cadmium, 
indium, and tin, using a Ke-type torsion pendulum apparatus. Some experiments have also 
been made to investigate the effect of nonmetallic impurity on grain boundary relaxation 
in silver. The effect of the alloying elements is to increase the grain boundary viscosity, 
and to raise the activation energy for grain boundary relaxation from 22,000 cal per mol 
for pure silver to 43,000 cal per mol for the solid solutions; the same value being obtained, 
within the limits of experimental error, for all the alloying elements and solute concentra- 
tions investigated. Results of the experiments show exactly the same trend as those ob- 
tained previously for a similar series of copper solid solutions. They are in agreement with 
the general theory of grain boundary relaxation developed by Zener and Ke, but do not 
seem to be in agreement with either of the mechanisms so far put forward to explain grain 
boundary slip. 


by S. Pearson and L. Rotherham 


Internal Friction and Grain Boundary Viscosity of 


XPERIMENTS described in this paper were made 
as part of an investigation into the effect of 
alloying elements in substitutional solid solution on 
grain boundary viscosity, measured by the internal 
friction method developed by Ke.* The apparatus 
and experimental procedure have already been de- 
scribed.” Preliminary work was done with spectro- 
scopically pure silver. 


Experimental Work 


Materials Used—All the materials were supplied 
in the form of % mm diam wire by Messrs. Johnson 
Matthey and Co. Ltd. The silver and all the alloy- 
ing elements used were spectroscopically pure. Com- 
position of the alloys is given in Table I. 

They were all melted and chill cast under the 
same conditions as the copper alloys. The ingots 
were rolled to % in. sq rod with intermediate an- 
nealing at 600°C in an atmosphere of cracked 
ammonia when necessary. These rods were then 
drawn to wire by standard procedure with inter- 
mediate bright anneals at suitable steps in the 
drawing operations. 

Specimens from the annealed wires were sectioned 
longitudinally, mechanically polished, and examined 
under the microscope. They were then etched and 
reexamined. Grain sizes were reasonably uniform 
for all wires, and no traces of a second constituent 
were observed. 

The wires were weighed before and after testing 
so as to measure any loss of the alloying element 
due to evaporation. The loss was less than the accu- 
racy of measurement—< 0.1 pct of the total weight— 
for the Ag-In and Ag-Sn alloys, but appreciable loss 
of weight occurred in the case of the Ag-Cd alloys. 
The percentage loss is given in Table II. 

X-ray diffraction photographs were taken of all 
the wires after test to determine whether there was 
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Fig. 1—Variation of internal friction with temperature for 
spectroscopically pure silver. 


any marked preferred orientation. Results of the 
examination are given in Table III. 

Experiments on Spectroscopically Pure Silver— 
Experiments were made on specimens in which the 
grain diameter was small relative to that of the 
wire, and on one specimen in which the grains were 
grown by the usual strain-anneal method to extend 
across the full diameter of the wire. These large 
grained specimens will be referred to as single 
crystal specimens. The wires were annealed for 
1% hr at 700°C, and experiments were made at 
two frequencies of vibration, 1.5 and 0.4 vibrations 
per sec. The variation of internal friction with tem- 
perature is shown in Fig. 1. Experiments on a 
second small grain specimen gave approximately 
the same results as for the first wire. 

It will be seen from Fig. 1 that the peak in the 
curve for the small grained wire, which is presum- 
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ably due to grain boundary relaxation, since it 
does not occur for the single crystal specimen, is 
less pronounced than that for other high purity 
metals that have been investigated. Ke has shown! 
that the internal friction due to grain boundary re- 
laxation is independent of grain size until the grain 
diameter approaches that of the wire. As the grain 
diameter of the silver was 0.006 cm, compared with 
a wire diameter of 0.05 cm, the smallness of the 
peak is not due to the fact that the grain diameter 
was too large. 

It has been shown** that the internal friction 
due to grain boundary relaxation may be greatly 
reduced by the presence of small quantities of non- 
metallic impurities. It seemed possible that the 
peak for silver was small because the metal con- 
tained such impurities, which would not be de- 
tected by the spectroscope. The elements most 
likely to be the cause of the depression are hydro- 
gen, nitrogen, and oxygen. The solubility of these 
elements in silver has been investigated by Steacie 
and Johnson.” * Silver used by Steacie and Johnson 
was in the form of foil. They found that the gases 
could be completely removed only after heating it 
for several hours at 750°C in vacuo. They showed, 
however, that the rate of absorption increases with 
increasing temperature, and that saturation is al- 
most instantaneous at 900°C. It seems probable that 
the desorption rate will increase with increasing 
temperature. This is in accordance with the evi- 
dence of Chaston,’ who has investigated some 
effects of oxygen in silver. He states that the oxy- 
gen can be completely removed from small sheet 
samples of silver 0.03 in. thick by heating them at 
800°C for 1 hr in vacuo. 


Table |. Composition of Alloys 


Ag-Cd Alloys, Ag-In Alloys, Ag-Sn Alloys, 


Atomic Pct Atomic Pct Atomic Pct 
Cadmium Indium Tin 
0.88 1.05 0.93 
3.50 3.10 Slo 
5.53 8.06 4.90 
7.45 16.19 7.90 
15.78 — 
32.42 


The small grained wire for which the internal 
friction-temperature curve is shown in Fig. 1 had 
been annealed for 1% hr at 700°C in vacuo, fol- 
lowed by further periods of heating at 600°C. Re- 
sults of Steacie and Johnson indicate that this treat- 
ment was unlikely to remove all dissolved impurity 
from the silver completely. From the results of 
Chaston, however, it seems that vacuum heat treat- 
ment at a temperature greater than 800°C should 
remove all dissolved impurity. It was therefore 
decided to make experiments on a wire which had 
been vacuum heat treated at 900°C, considered to 
be the highest practical temperature, in order to see 
if the height of the grain boundary peak was in- 
creased after this treatment. Accordingly, a length 
of the wire was heated to 900°C at a pressure of 
10° mm Hg in a carefully outgassed glass apparatus, 
and maintained at this temperature for 15 min. The 
wire was then annealed for 2 hr at 600°C in the in- 
ternal friction apparatus, at a pressure of about 
5xl0° mm Hg. An internal friction-temperature 
curve was obtained for the annealed wire, but it 
was obvious from the curve that the grains were 
very large, and no grain boundary peak was ob- 
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tained. The wire was therefore cold worked to 30 
pet reduction in area, and reannealed for 2 hr at 
600°C. This treatment produced a satisfactory grain 
diameter, 0.0067 cm. The internal friction-tempera- 
ture curve for this wire is shown in Fig. 2. Also 
shown in Fig. 2 is the curve for a specimen of the 


Table Il. Loss of Weight of Ag-Cd Alloys During Experiments 


Original composition, atomic 
pet Cd 0.88 
Percentage loss of weight ROFL 


original wire cold worked to 30 pct reduction in 
area, and annealed and tested under the same con- 
ditions as the vacuum heat treated wire. 

In order to investigate the effect of oxygen on the 
internal friction-temperature curve, small grained 
and large grained specimens were annealed and 
tested in oxygen at atmospheric pressure. The small 
grained specimen was also vacuum heat treated for 
4% hr at 700°C, and further internal friction meas- 
urements made. Results of these experiments are 
shown in Fig. 3. 
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Fig. 3—Effect of oxygen on internal friction of spectro- 
scopically pure silver. 
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It was evident from the results shown in Fig. 3 
that vacuum heat treatment at 700°C removes most 
of the oxygen from the silver. In order to study the 
effect of gradually decreasing the oxygen in the 
silver, further experiments were made on specimens 
which were annealed and tested in oxygen or air 
at atmospheric pressure, then vacuum heat treated 
at temperatures considerably less than 700°C. It 
was found that the nature of the atmosphere did 
not affect the results. A typical set of results is 
shown in Fig. 4. 

Experiments on the Alloys-—All alloys were an- 
nealed for 14% hr at 600°C with the exception of 
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Fig. 5—Variation of internal friction with temperature for 
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the Ag-32.42 atomic pct Cd alloy, which was an- 
nealed for 1% hr at 550°C. Internal friction and 
frequency measurements were made over the tem- 
perature range from room temperature to 500°C. 
Two frequencies of vibration were used, 1.5 and 0.4 
vibrations per sec. Results of the internal friction 
experiments are shown in Figs. 5 through 11, and 
are summarized in Table IV. When the Ag-32.42 
atomic pct Cd alloy was annealed and tested in 
vacuo, it was found that the loss in weight during 
the experiments was 7 pct. In order to reduce the 
loss, a second wire was annealed and tested in an 
atmosphere of cracked ammonia at atmospheric 
pressure. Results for this wire are given in Fig. 7. 
The percentage loss of weight, given in Table I, 
was 3.5 pct. 

Single crystal specimens were prepared from the 
Ag-16.19 atomic pct and Ag-7.90 atomic pct Sn al- 
loys. Internal friction-temperature curves for these 
specimens are shown in Figs. 9 and 11. 


Discussion 


Spectroscopically Pure Silver—The most notable 
feature of the internal friction-temperature curve 
for pure silver is, as previously stated, that the 
grain boundary peak is less pronounced than for 
other high purity metals which have been investi- 
gated. The activation energy for grain boundary 
relaxation, calculated from the temperature shift 
with change in frequency, is 22,000 cal per mol +10 
pet. The activation energy for volume self-diffusion 
of silver is given by Le Claire® as 45,900 cal per 
mol, and this value has been confirmed by recent 
measurements.”” The result for silver is, therefore, 
further confirmation that Ke’s theory, that the two 
activation energies may be the same for all metals, 
is invalid. The activation energy for grain bound- 
ary self-diffusion in silver has been measured re- 
cently.” The value obtained for high purity silver 
from the same source as that used in these experi- 
ments is 21,500 cal per mol,’ and for silver from a 
different source, 20,000 cal per mol.”” If the grain 
boundary relaxation is controlled by the activa- 
tion energy for a diffusion process, it seems more 
probable that the process should be grain boundary 
self-diffusion than volume self-diffusion, so there 
may be some significance in the agreement between 
the two values obtained for silver. It should be 
noted, however, that in the cases of tin* and iron,”™ 
the activation energy for grain boundary relaxation 
is greater than that for volume self-diffusion, which 
would be expected to be greater than for grain 
boundary self-diffusion. This means agreement is 
not obtained for these metals. 

The viscosity of silver just above the melting 
point, 960.5°C, has been calculated from the inter- 
nal friction measurements according to the method 
of Ke, and the value obtained is 0.003 poise. No 
experimental value is available for the viscosity of 
liquid silver, but the value calculated from An- 
drade’s“ formula is 0.037 poise. 

Previous internal friction experiments on silver 
have been made by Koester” and by Nowick.” 
Koester’s experiments were made at a frequency of 
650 cycles per sec; and he obtained a peak similar 
to that obtained in these experiments, at a tempera- 
ture of 340°C. He attributed this peak to the dif- 
fusion of oxygen in silver, but in view of the later 
work of Ke it now seems more probable that it was 
due to grain boundary relaxation. Referring to Fig. 
1, the temperature at which the peak would occur 
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Fig. 6—Variation of internal friction with temperature for 
Ag-Cd alloy containing 7.45 atomic pct Cd. 


if the frequency was 650 vibrations per sec has been 
calculated, using the measured value of the acti- 
vation energy. The calculated temperature is 300°C, 
which is in fair agreement with Koester’s experi- 
ments. 


Table III. Results of Examination for Preferred Orientation 


Ag-Cd Alloys Ag-In Alloys Ag-Sn Alloys 


Pre- Pre- Pre- 
Cadmium, ferred Indium, ferred Tin, ferred 
Atomic Orien- Atomic Orien- Atomic Orien- 
Pet tation Pet tation Pct tation 
0.88 Nil 1.05 Nil 0.93 Slight 
3.50 Nil 3.10 Slight 3.13 Slight 
5.53 Nil 8.06 Slight 4.90 Nil 
7.45 Nil 16.19 Nil 7.90 Nil 
15.78 Nil — 
32.42 Nil — — 


Spectroscopically pure silver, no preferred orientation. 


Nowick™ obtained a peak at a temperature of 
400°C, which he attributed to grain boundary re- 
laxation. He does not state at what frequency his 
experiments were made. He found that the peak 
was completely eliminated when the silver was 
heated in air, and attributed this to the effect of 
oxygen absorbed from the air at high temperatures. 

The effect of vacuum heat treating silver at 
900°C, shown in Fig. 2, is to increase both the height 
and temperature of the grain boundary peak com- 
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pared with the silver which has not been so treated. 
It has been shown previously’ that the grain bound- 
ary peak for copper is reduced both in height and 
temperature with increasing oxygen content, and 
that a very small amount of oxygen,’ < 0.01 pct, 
is needed to cause a marked reduction. The effect of 
the vacuum heat treatment of the silver is, there- 
fore, just what would be expected if the peak were 
being depressed by the presence of oxygen or other 
nonmetallic impurity. It seems that at least part 
of the depression is due to the presence of non- 
metallic impurity. The effect of annealing and test- 
ing the silver in oxygen at atmospheric pressure, 
Fig. 3, does not agree with the results obtained by 
Nowick.* No peak was expected on the curve for a 
specimen tested under these conditions. However, it 
will be seen from Fig. 3 that a pronounced peak 
occurs at a temperature of 310°C, which compares 
with 160°C for the peak in the pure silver. The fact 
that the height of the peak is greatly reduced in the 
large grained specimen indicates that it is due to 
grain boundary relaxation. The activation energy, 
estimated from the experiments made at two fre- 
quencies of vibration, is 40,000 cal per mol. Fig. 4 
shows that the effects of gradually decreasing the 
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amount of oxygen in the silver are to reduce the 
height of the 310°C peak and to cause an increase 
of internal friction in the region of 160°C. 

It seems from these experiments that oxygen has 
an effect on the grain boundaries of silver which is 
very similar to that of the metallic alloying ele- 
ments. As the percentage of oxygen in the silver is 
increased, the grain boundary relaxation in the pure 
metal is suppressed. A second grain boundary re- 
laxation having an activation energy of 40,000 cal 
per mol occurs in the Ag-O alloy. The results given 
in Fig. 4 show that the oxygen content of the silver 
is quickly decreased by vacuum heat treatment at 
340°C. 

Alloys—Results of Experiments: The results of 
the experiments on the silver solid solutions are 
shown in Figs. 5 through 11. The effects of the 
alloying elements on the internal friction-tempera- 
ture curves may be summarized as follows: 

1) As the percentage of solute element is in- 
creased, the grain boundary peak associated with 
pure silver, i.e., that occurring at 160°C, is decreased 
until it is eliminated at quite a small solute con- 
centration. 

2) A second peak appears on the curve at a 
higher temperature, about 450°C. As this peak does 
not occur for the single crystal specimens, Figs. 9 
and 11, it must be a grain boundary peak for the 
solid solution. 

3) For some of the alloys, in which the percent- 
age of the solute element was small, both the 160°C 
silver peak and the 450°C solid solution peak appear 
together on the same curve, Figs. 5, 8, 10. 

4) The temperature of the solid solution peak 
decreases with increasing concentration of the solute 
element. 

5) For the alloys containing the maximum per- 
centages of cadmium and indium, Figs. 7 and 9, a 
third peak appears on the curve at a temperature 
of about 260°C. This peak also occurs in the single 
crystal Ag-In specimen. 

Grain Boundary Relaxation: The activation ener- 
gies for grain boundary relaxation have been cal- 
culated from the temperature shift with change in 
frequency and are given in Table IV. They are all 
in the range 38,000 to 45,000 cal per mol, and it is 
doubtful whether any of them differ significantly 
from the mean value of 43,000 cal per mol. This 
compares with 22,000 cal per mol for grain boundary 
relaxation in pure silver and 44,000 cal per mol for 
the copper solid solutions. The activation energies 
for volume diffusion of the alloying elements in 
silver are quoted by Le Claire“ as follows: cadmium, 
22,350 cal per mol; indium, 24,400 cal per mol; and 
tin, 21,400 cal per mol. 

The validity of these values has been disputed by 
Nowick,” who has reinterpreted the experimental 
data in terms of recent diffusion theory and obtained 
the following values for the activation energies: 
cadmium, 41,000 cal per mol; indium, 40,000 cal per 
mol; and tin, 42,500 cal per mol. While Nowick’s 
values are probably more nearly correct than the 
original ones, it seems unlikely that any great 
reliance may be placed on them. Therefore, no 
satisfactory comparison can be made between the 
activation energies for grain boundary diffusion and 
chemical diffusion until more reliable experimental 
values are available for chemical diffusion. 

The temperatures of the grain boundary peaks for 
the solid solutions decrease with increasing solute. 
content. In order to see if the relation H/RT, — 
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H/RT,, = constant holds between the temperatures 
of the peaks and the solidus temperatures, 1000/T,, 
is plotted against 1000/T, in Fig. 12. It will be seen 
that as an approximation the points may be repre- 
sented by a straight line of unit slope, so that the 
relation is approximately true for these alloys. The 
value of the constant obtained from 
compared with 12.0 for the copper alloys. 

The results for the copper solid solutions were 
discussed in terms of the mechanisms of grain bound- 
ary slip described by Mott and by Ke,‘ the general 
conclusion being that the results could not be ex- 
plained satisfactorily in terms of either of these 
mechanisms. The same conclusion will apply to 
these results, since they show precisely the same 
trend as the results obtained for the copper alloys. 

The main points of disagreement with the mecha- 
nism proposed by Mott are: 

1) From the experiments there is a typical acti- 
vation energy for grain boundary slip in the solid 
solutions which is independent of the solute con- 
centration, whereas from Mott’s theory the activa- 
tion energy would be expected to increase gradually 
with increasing solute concentration. 

2) From Mott’s theory it is expected that the 
activation energy will be dependent on the relative 
size of the solvent and solute atoms, since atoms of 
different size from the solvent will improve the fit 
at the boundary. In order to investigate this, experi- 
ments were made on a series of Cu-Si solid solu- 
tions, because the atomic diameter of silicon, when 
in solution in copper, is almost the same as that of 
the solvent atoms. It was found that the activation 
energy for grain boundary slip in these alloys was 
the same as for alloys of copper with zinc, gallium, 
germanium, and arsenic. Therefore, activation 
energy is not dependent on the relative size of the 
solvent and solute atoms. 

With regard to Ke’s mechanism, it is difficult to 
see how the addition of solute atoms can increase 
the activation energy for grain boundary relaxation, 
especially since the effect is independent of the rela- 
tive size of the solvent and solute atoms. The experi- 
ments on pure silver provide further confirmation 
that grain boundary relaxation and volume self- 
diffusion are not controlled by the same mechanism. 

Nowick™ has discussed the mechanisms of Mott 
and Ke, and has come to the conclusion that neither 
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Fig. 10—Variation of internal friction with temperature for 
Ag-Sn alloy containing 0.93 atomic pct 5n. 


mechanism was entirely satisfactory. He made a 
tentative suggestion that the rate-determining proc- 


Table IV. Results of Experiments on Alloys 


Low Temperature 
Peak, 1.5 Vibra- 


High Temperature 


Peak, 1.5 Vibra- Internal Fric- 


tions per Sec tions per Sec tion, 510°C 
Acti- 
Mean Log Dec vation? Log Dec, Log Dec, 
Alloy- Apparent* Grain at Room Energy, AED: Vibra- 0.4 Vibra- 
ing Val- Atomic Atomic Diam, Tempera- Tempera- Tempera- Cal per tions tions 
Element ency Diam, A Pet Cm ture ture,°C Log Dec ture,°C | Log Dec Mol per Sec per Sec 
i 0.007 0.001 240 0.004 435 0.144 41000 0.13 0.15 
Fi: ae a 0.008 0.0004 Nil 448 0.168 45000 0.14 0.15 
5.53 0.0055 0.00025 Nil 452 0.190 44000 0.16 0.19 
7.45 0.0075 0.0003 Nil 450 0.170 45000 0.15 0.17 
15.78 0.008 0.0004 Nil 430 0.180 44000 0.14 0.18 
32.42 0.0045 0.0001 260 0.014 367 0.218 38000 0.24 Se15) 
In ca 3.10 1.05 0.005 0.0002 210 0.002 440 0.168 41000 0.14 0.17 
3.10 0.005 0.00013 Nil 450 0.190 45000 0.19 0.24 
8.06 0.0035 0.0002 Nil 420 0.200 44000 0.19 0.24 
16.19 0.0075 0.0001 270 0.007 355 0.150 44000 0.12 0.16 
Sn 4 3.18 0.93 0.0035 0.00014 200 0.002 440 0.190 41000 0.18 0.24 
Sas 0.0035 0.0001 Nil 430 0.200 42000 0.20 0.26 
4.90 0.004 0.00004 Nil 410 0.199 44000 0.16 0.20 
7.90 0.008 0.00008 Nil 390 0.170 42000 0.13 0.16 


* The apparent atomic diameter, proposed by Axon and Hume-Rothery,’ is the diameter necessary to assign to the solute element to 
account for the lattice constant of the solid solution. Atomic diameter of silver equals 2.8834. 
+The activation energies have been calculated from the temperature shift with change in frequency. 
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Fig. 11—Variation of internal friction with temperature for 
Ag-Sn alloy containing 7.90 atomic pct Sn. 


ess in grain boundary relaxation might be the gen- 
eration of a vacancy at an edge dislocation, the glide 
occurring by the growth of the extra half plane in 
one edge dislocation at the expense of the extra half 
plane in a second edge dislocation perpendicular to 
the first, in the manner suggested by Read and 
Shockley.” It should be noted that Read and Shockley 
were considering boundaries in which the angle of 
misfit between the two crystal lattices meeting at 
the boundary was very small, under which condi- 
tions the boundary can be represented by an array 
of dislocations. It is not clear whether their ideas 
may be applied to boundaries in which the angle 
of misfit is large, such as occur in the polycrystalline 
metals on which the internal friction experiments 
have been made. In these boundaries the disloca- 
tions lose their separate identities,” and the bound- 
aries may be more closely represented by the island 
model proposed by Mott. 

However, Nowick apparently feels that flow can 
take place by the Read and Shockley mechanism 
under these conditions, since he is considering the 
experiments on polycrystalline metals. He largely 
based his suggestion on the assumption that the 
activation energy for grain boundary relaxation is 
either equal to or greater than that for volume self- 
diffusion; whereas it has since been shown that for 
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copper and silver it is less. It should be noted, how- 
ever, that for silver, and possibly for copper, the 
activation energy for grain boundary relaxation is 
the same as that for grain boundary self-diffusion, 
so that these results are consistent with Nowick’s 
suggestion if the vacancy exchange takes place only 
between dislocations in the boundary. He does not 
develop his suggestion in any detail, so it is not 
possible to assess it in terms of the results obtained 
for the solid solutions. 

It may be significant that the effect of adding the 
solute atoms is to increase the viscosity of the bound- 
aries, which would be expected if the flow were due 
to the movement of dislocations. Recently, Allen, 
Schofield, and Tate” investigated the mechanical 
properties of a series of a solid solutions of copper 
with zinc, gallium, germanium, and arsenic. They 
found that the ultimate tensile strength and resist- 
ance to plastic deformation of these alloys appear 
to be almost entirely governed by the electron atom 
ratio. They were unable to advance a theory which 
accounted fully for their observations, but suggested 
that the high positive charges associated with the 
solute atoms are in some way the cause of the in- 
creased resistance to deformation of the solid solu- 
tion. While it is realized that their observations are 
concerned with slip within the lattice and not with 
grain boundary slip, it is possible that the two are 
related, and that a closer understanding of their 
results may lead to a better understanding of grain 
boundary slip. 


Summary 


1) The activation energy for grain boundary re- 
laxation in silver, 22,000 cal per mol, is consid- 
erably less than that for volume self-diffusion, 
45,900 cal per mol; but is in good agreement with 
recently measured values for grain boundary self- 
diffusion, 21,500 cal per mol. 

2) The internal friction peak due to grain bound- 
ary relaxation is less pronounced for high purity 
silver than for other high purity metals that have 
been investigated. Experiments on vacuum heat 
treated spectroscopically pure silver show that at 
least part of the depression of the peak is due to 
the presence of nonmetallic impurity, but there may 
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Fig. 12—1000/T,, is plotted against 1000/T,. 
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be some other cause of the depression as yet un- 
discovered. 

3) The effect of cadmium, indium, and tin in 
substitutional solid solution in silver is to increase 
the grain boundary viscosity, and to raise the activa- 
tion energy for grain boundary relaxation from 
22,000 cal per mol for pure silver to 43,000 cal per 
mol for the solid solutions; the same value being 
obtained, within the limits of experimental error, 
for all the alloying elements and for all the solute 
concentrations investigated. 

4) Oxygen has an effect on the grain boundaries 
of silver similar to that of the metallic alloying 
elements. 

5) The results of the experiments show exactly 
the same trend as those obtained for a similar series 
of copper solid solutions. While they are in agree- 
ment with the general theory of grain boundary 
relaxation developed by Zener” and by Ke,” * * ** 
they do not seem to be consistent with either of 
the mechanisms so far put forward to explain grain 
boundary slip. 
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Deformation and Recrystallization of Silicon Iron 


A study of the orientations and microstructure of 3 pct Si-Fe alloys after defor- 
mation and recrystallization has been made. The components found after deformation 
agreed with recently published work on single crystals, being primarily (001) [110], 
(111) [110], and (111) [112]. A pronounced effect of temperature of recrystalliza- 
tion was found on microstructure and orientation. Low temperature recrystallization 
was interpreted in terms of low angle boundaries which resulted in the retention of a 


large amount of the deformation texture. 


High temperature recrystallization was in- 


terpreted in terms of high angle boundaries which gave tise to new components. No 
simple angular relation between the deformation and high temperature recrystalliza- 


tion textures could be detected. 


by George Wiener and Robert Corcoran 


EFORMATION and recrystallization behavior of 
iB pet Si-Fe has been the subject of scientific 
investigation for many years. The fact that it is a 
single phase body-centered-cubic alloy from room 
temperature to the melting point permits study over 
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a wide range of temperature without the complica- 
tions of phase transformations. There is an im- 
portant commercial interest in this material as well, 
since it is widely used in the electrical industry. In 
the present work the deformation and recrystalliza- 
tion behavior of polycrystalline silicon iron has been 
studied with the primary purpose of evaluating the 
effect of a second phase impurity on both processes 
as well as the effect of temperature on the recrystal- 
lization characteristics. With regard to deformation, 
the emphasis has been placed on a study of the crys- 
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Fig. 1—Pole figure shows alloy M25 reduced 75 pct by cold 
rolling. 


tal orientation observed after rolling; whereas for 
recrystallization, the microstructures have been 
studied in addition to the orientations. It was of ad- 
ditional interest to compare some of the most recent 
work on single crystals with data obtained on poly- 
crystalline samples. 

Barrett, Ansel, and Mehl’ were among the first to 
study the deformation and recrystallization behavior 
of polycrystalline silicon iron. However, their results 
were mostly qualitative and confined to heavy cold 
reductions of 95 pct. They found that the cold-rolled 
orientation could best be described as (001)[110], 
(C112) 111014 and (111)[112]. More recently Dunn*’ 
and Dunn and Koh* have studied the behavior of 
single crystals with regard to deformation after 70 
pet reduction. They found three stable end orienta- 
These orientations were dependent on the initial ori- 
entation of the individual crystal before deformation. 

Barrett et al.,’ using a film technique, constructed a 
pole figure of recrystallized silicon iron after 95 pct 
deformation. It was interpreted as a 15° rotation 
around the sheet normal of the previously reported 
deformation texture. Dunn® made a limited study of 
the recrystallization texture after high temperature 


annealing of crystals having a (111)[112] cold 
rolled orientation. In general he found that after 


Fig. 3—Alloy M25 cold rolled. X100. 
Area reduced approximately 45 pct for 
reproduction. 
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Fig. 4—Alloy M26 cold rolled. 


Fig. 2—Pole figure shows alloy M26 reduced 75 pct by cold 

rolling. 
annealing the crystals were best described as 
(110) [001]. 

There does not appear to be any data using the 
more quantitative X-ray spectrometer method on 
polycrystalline silicon iron in the range of 70 pct 
deformation. Furthermore, the relationship between 
second phase impurities and either deformation or 
recrystallization orientation has not been studied. 

Finally, the effect of temperature of recrystalliza- 
tion on the microstructure and crystal orientations 
has not been investigated for this alloy. 


Experimental 

Two alloys were melted in vacuum in alumina 
crucibles. Electrolytic iron, high purity silicon, elec- 
trolytic manganese, and iron sulphide were used to 
make the alloys. The composition of alloy M25 is 
3.40 pct Si, 0.14 pet Mn, 0.001 pct S, and 0.001 pct 
O.. The composition of alloy M26 is 3.39 pct Si, 0.14 
pet Mn, 0.015 pet S, and 0.001 pct O.. These alloys 
were hot forged to bars 14%x%¥% in. and then hot 
rolled to 0.100 in. thick at 970°C. They were then 
cold rolled on a 4-Hi mill without lateral restraint 
or tension to 0.025 in., a total reduction of 75 pct. 

Metallographic examination was most often made | 
in the rolling plane. Samples were mechanically 
polished and etched with 2 pct anhydrous nital. 
Where microhardness measurements are reported, 


Fig. 5—Alloy M25 treated for 10 min at 
650°C. X100. Area reduced approxi- 
mately 45 pct for reproduction. 


X100. 
Area reduced approximately 45 pct for 
reproduction. 
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Fig. 6—Alloy M26 treated for 10 min at 
650°C. X100. Area reduced approxi- 
mately 45 pct for reproduction. 


they were made on a Tukon hardness tester with a 
diamond indenter using a 1000 g load. 

Heat treatments for times exceeding 2 min were 
done in a dry hydrogen atmosphere, placing the 
sample in the furnace at temperature. For times 
under 2 min the treatments were done in a salt pot 
furnace. 

The X-ray data were obtained on a Norelco spec- 
trometer with molybdenum radiation using a Geiger 
counter to measure the intensities. A transmission 
method described by Geisler’? was followed, using 
the reflections from the [110] poles to construct the 
pole figure. The samples were surveyed at 5° inter- 
vals over 360° for each alpha angle, i.e., rotation 
about an axis normal to the X-ray beam. In the 
region of high intensities, smaller intervals were 
often studied. The method of Decker, Asp, and 
Harker® was used to correct for absorption due to 
differences in X-ray path length at each a angle. A 
random sample was prepared from carbonyl iron 
powder in order to make the intensity data from 
each sample directly comparable. 

The samples were prepared from the center sec- 
tion of the strip by alternately grinding and etching 
in a bath containing: 10 parts concentrated C.H,O,, 
30 parts concentrated HCl, 30 parts concentrated 


Fig. 7—Alloy M25 treated for 1 hr at 
650°C. X100. Area 


mately 45 pct for reproduction. 


Fig. 8—Alloy M26 treated for 1 hr at 
650°C. X100. Area reduced approxi- 
mately 45 pct for reproduction. 


reduced approxi- 


Fig. 9—Alloy M26 
treated for 24 hr 
at 650°C. X100. 
Area reduced ap- 
proximately 45 pct 
for reproduction. 


HNO,, and 30 parts water. The final thickness in 
each case was approximately 0.002 in. 


Results 

In Figs. 1 and 2 are given the pole figures for the 
two samples after 75 pct deformation. In Fig. 1 for 
alloy M25 three components can be readily identi- 
fied: (001)[110] and (111) [110], both rotated 5° to 
10° clockwise and counterclockwise about the sheet 
normal, and a weaker (111)[112] orientation. The 
spread of the pole figure is made up of tilts of 5° 
around the rolling direction. In Fig. 2 for M26 the 
major textures can be ascribed to an (001) [110] and 


Fig. 10—Pole figure shows alloy M25 recrystallized for 1 hr 
at 650°C. 
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Fig. 11—Pole figure shows alloy M26 recrystallized for 1 hr 
at 650°C. 
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Fig. 12—Alloy M25 treated for 10 sec at 
925°C. X100. Area reduced approxi- 
mately 45 pct for reproduction. 


a (111)[112] texture. There is essentially no tilt 
around the rolling direction and only a small rota- 
tion around the sheet normal. Values below inten- 
sities of 150, corresponding to one and one half times 
random, have not been plotted. 


Table I. Microhardness Data After Various Heat Treatments 


Sample Treatment Area Examined Vhn 
M25y-10 10 min at 650°C Unrecrystallized* 193 

Recrystallized 184 
M26y-10 10 min at 650°C Unrecrystallized* 189 

Recrystallized 190 
M25y 1 hr at 650°C Recrystallized 180 
M26y 1 hr at 650°C Recrystallized 186 
M25BB-1 10 sec at 925°C Recrystallized 184 
M26BB-1 10 sec at 925°C Recrystallized 187 


* Unrecrystallized refers to that area which showed no evidence 
of new grains in the accepted sense ot recrystallization 


In Figs. 3 and 4 are given the corresponding 
microstructures. Two principal facts are to be noted: 
alloy M26, having the higher sulphur content, has a 
finer grain size than M25, presumably due to the 
restriction of grain growth during the hot working 
of the alloys due to the presence of manganese sul- 
phide inclusions; secondly, the deformation is in- 
homogeneous. Certain grains by their almost un- 
marked appearance have evidently deformed en- 
tirely differently from those showing the heavy dis- 
tortion. 

Before presenting the results of the X-ray ex- 
amination of recrystallization it is best to show the 
microstructural characteristics of the alloys. In Figs. 
5 and 6 are shown micrographs of the two alloys 
recrystallized for 10 min at 650°C. It is apparent 
that M26 has recrystallized more extensively and to 
a finer grain size than M25. It is further evident that 
whole grains corresponding in size to those found in 
Figs. 3 and 4 are apparently unrecrystallized in the 
usual sense. It is most interesting to observe, how- 
ever, that from microhardness tests taken on the 
unrecrystallized and recrystallized grains, both have 
shown almost complete softening. These tests are 
reported together with other hardness data in Table 
I. Of particular interest, shown in Fig. 5, is the very 
light etching area, believed to be low angle bound- 
aries, revealed toward the upper left. This weak 
etching effect is reproducible and occurs in many 
areas of the microstructure. As is shown in Fig. 7 
this persists even after the sample has been an- 
nealed for 1 hr at 650°C. It is equally important to 
note that grains represented by A in Fig. 5 are al- 
most completely absent in the sample shown in 
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Fig. 13—Alloy M26 treated for 10 sec at 
925°C. X100. Area 
mately 45 pct for reproduction. 


Fig. 14—Alloy M26 treated for 10 sec at 
925°C. X100. Area reduced approxi- 
mately 45 pct for reproduction. 


reduced approxi- 


Fig. 7, and in their place is found the light etching 
area. In Fig. 8 is shown the structure for M26 after 
1 hr at 650°C and, although the same characteristic 
light etching area is not present to any extent, it is 
believed that the inclusions present delineate the 
low angle boundaries. This fact is clearly demon- 
strated in Fig. 9. This photograph shows the struc- 
ture of sample M26 after heating for 24 hr at 650°C. 
Here the boundaries have been able to move away 
from the local inclusions, revealing large patches of 
low angle area. 

The X-ray data for alloys M25 and M26 recrys- 
tallized for 1 hr at 650°C are given in Figs. 10 and 
11. It will be observed that a large amount of the 
rolling texture is retained, particularly in M26. The 
pole figure for M25 is best interpreted as a 
(001) [110] texture rotated 0° to 5° about the cross 


direction plus a (111)[112] orientation. The pole 
figure for M26 is best described as a (001)[110] 


Table Il. Average Grain Size After Recrystallization 


Average Grain 


Sample Treatment Diam in Mm 
M25y 1 hr at 650°C 0.023 
M25BB-1 10 sec at 925°C 0.023 
M26y 1 hr at 650°C 0.018 
M26BB-1 10 sec at 925°C 0.022 


orientation with small rotations around the rolling 


direction and a (111)[112]-type texture. It is inter- 
esting to observe that the X-ray data and metailo- 
graphic observations agree qualitatively if the light 
etching area is interpreted in terms of low angle 
boundaries which form small rotations from the 
deformation texture. 

From the X-ray data, the impurities seem to 
affect the results in degree rather than in kind. 
Qualitatively it may be argued that the texture of 
the higher purity material, M25, undergoes large 
rotations at the low temperature in view of the fact 
that the (111)[110] component completely disap- 
pears and a stronger (111)[112] component de- 
velops. 

As with the low temperature recrystallization 
data, the high temperature recrystallization experi- 
ments are first discussed with reference to the mic- 
rostructure. In Figs. 12 and 13 are given representa- 
tive micrographs after recrystallization at 925°C 
for 10 sec. It is interesting to observe that none of 
the low angle material so prevalent in Fig. 5 is 
present in these structures. Even after growth as 
shown in Fig. 14, M26 shows none of the character- — 
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istic light etching appearance clearly indicated in 
Fig. 9. These are typical of well-recrystallized equi- 
axed structures. The microhardness of these samples 
shows that they are about equal to those recrys- 
tallized for 1 hr at 650°C. The data may be found 
in Table I. The grain size of the samples was con- 
trolled so as to be directly comparable to those 
given in Figs. 7 and 8. The grain sizes for the various 
samples are given in Table II. The importance of 
keeping the grain size equivalent is so that the true 
effect of temperature on the recrystallization texture 
can be studied without the complicating factor of 
grain growth. 


The final X-ray data are given in Figs. 15 and 16. 
The most obvious effect is the complete loss of the 
rolling texture for both samples. Detailed analysis 
of the X-ray data indicated that both of these could 
be described as (001) [110] with the direction rotated 
10° to 30° from the rolling direction. (111) [112] 
and components derived from further rotations of 
this are also present. In some cases (110) planes in 
the rolling plane were determined which can be 
derived from 35° rotations about the <110> direc- 
tions of the (111)[112] texture or by 45° rotations 
around the <100> directions of the (001)[110] tex- 
ture. 

Discussion 


The orientations determined in the cold-rolled 
textures agree with those recently found by Dunn 
and Koh.‘ They are basically (001) [110], (111) [110], 
and (111)[112]. It is most interesting to observe 
that (111)[110]-type orientation only appears in 
the high purity sample for which there is no obvious 
explanation. From the data presented in Fig. 1 the 
(111)[110] can be interpreted as a rotation of ap- 
proximately 10° from the ideal orientation, thus the 
spread between this and (111)[112] is only 20°. 
The grain size of the specimens is sufficiently coarse 
so that it is possible that selective grain growth 
taking place during the hot working changed the 


Fig. 15—Pole figure shows alloy M25BB-1 recrystallized for 
10 sec at 925°C. 
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distribution of grains such that not all stable end 
orientations are derived. It is doubtful that any 
change in the basic slip process is caused by the 
presence of the manganese sulphide, since no new 
orientations were determined. 

The recrystallization process occurring in these 
alloys is most interesting for there are several facts 
which confirm in part some of the recent suggestions 
of various authors (see, for example, a recent re- 
view by Beck‘). It must be remarked at this time 
that the microscopic observations stimulated to a 
large degree the X-ray experiments. In a paper of 
this kind it is not possible to report all the metallo- 
graphic structures observed; the pictures given are 
an attempt to give as much information as possible 
of representative samples. There are several main 
points to be noted on the samples recrystallized at 
low temperature. These are as follows: 

1) Recrystallization occurred grain by grain 
within the original deformed grain boundary. In 
general, the kinetics of the process were independ- 
ent for each grain. Appearance of the new grains 
was quite general, showing no obvious site of pre- 
ferred nucleation. Furthermore, the new grains 
usually appeared quite generally throughout the 
grain more or less simultaneously. Each grain re- 
crystallized either by a low angle or by a normal 
type of recrystallization process. 

The fact that each grain recrystallizes essentially 
independent of its neighbor was further emphasized 
by noting the final grain size distribution. Rela- 
tively large regions of one grain size are neighbors 
to similar regions of slightly different grain size. 
These regions are similar in area to the original 
as-deformed grain size. This effect is interpreted in 
terms of the grain-by-grain recrystallization proc- 
ess as well as the inhomogeneous deformation men- 
tioned in connection with Figs. 3 and 4. 

2) Although the microstructures in Figs. 5 and 
6 clearly indicate unrecrystallized grains in the 
classical sense, the fact that 90 pct softening has 
occurred indicates the possibility of the polygoniza- 


Fig. 16—Pole figure shows alloy M26BB-1 recrystallized for 
10 sec at 925°C. 
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tion process. This is further supported by the fact 
that at longer annealing times, low angle grain 
boundaries made their appearance in these regions. 
It is well established that after moderate to heavy 
reductions by cold rolling there is a statistical re- 
lationship between the cold worked orientation and 
the recrystallization orientation. From microscopic 
observations, the relationship in this alloy is clearly 
due to the fact that each grain recrystallizes inde- 
pendently of its neighbor. It would be expected that 
if there are two predominant deformation textures, 
then there should be two predominant recrystalliza- 
tion textures. Double textures formed by rotations 
around a given axis could of course arise from each 
cold-rolled texture since there is no a priori way of 
distinguishing between a clockwise or counter- 
clockwise rotation. The X-ray data given in Figs. 
10 and 11 confirm this interpretation since there are 
basically two predominant recrystallization textures. 
It is suggested that the microstructures together 
with the X-ray data support the view that the low 
angle type of recrystallization is predominantly that 
of the (001)[110]-type grains; whereas the normal 
type of recrystallization is confined to the grains 
having an original orientation of (111)[112] or 
(111) [110]. 


Recrystallization at high temperatures -is com- 
plete in 10 sec at 925°C and therefore very difficult 
to subject to the same type of analysis. The fact that 
the microstructures show little or no light etching 
areas either on recrystallization or with subsequent 
growth would indicate that recrystallization has oc- 
curred in the classical sense by large rotations. This 
is amply substantiated by reference to Figs. 15 and 
16. It is immediately apparent that there is very 
little evidence of the cold-rolled orientation. Two 
factors stand out in these pole figures: first, they are 
in general of lower intensity than either of the four 
preceding plots and secondly, the maxima occurred 
distributed among certain positions. Analysis of 
these maxima show that they are derived from 
rotations either about <100> directions or <110> 
directions of the original cold-rolled orientation. 
The general weakness of intensity may be attributed 
to the fact that the rotations have taken place on 
several equivalent crystallographic axes in either 
a clockwise or counterclockwise direction. It further 
appears that these rotations are not confined to 
specific angles. In a recent paper Dunn’® has shown 
that after 1 min annealing treatment at 980°C the 
(111) [112]-type of orientation rotates by a 35° 
rotation to a sharp (110)[001] texture. However, 
in an earlier paper,” he shows by microscopic, 
torque, and X-ray measurements that in the very 
early stages of recrystallization deviating orienta- 
tions are present. It thus would appear that his tex- 
tures reported subsequently* have sharpened be- 
cause of some preferred growth within the crystal. 
In polycrystalline studies, such a clean-cut analysis 
cannot be made because of the obvious fact that 
crystals of more than one orientation are present. 
Longer annealing times would permit normal grain 
growth so that sharpening of the texture might not 
be observed. 


The effect of the second phase impurity again 
seems to be only of a minor nature as far as re- 
crystallization is concerned. Its major effect has 
been to increase the rate of recrystallization and to 
lead to a finer grain size. The basic changes already 
discussed are influenced only to a minor degree. 
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Conclusions 
1) The deformation texture after 75 pct cold 
rolling of the two alloys of silicon iron has been 
studied. The composition of both were identical with 
the exception of the alloy containing 0.015 pct S. 
The textures found agreed with work previously 
reported for single crystals, being predominantly 


-(001)[110], (111) {1101, and (111) [1121- 


2) Microscopic observations were made during 
the recrystallization process at 650°C. It was found 
that at low temperature recrystallization occurred 
with two types of microstructure: normal grains 
appeared, forming within the original deformed 
grains, or a light etching structure was revealed. 
The light etching characteristic was attributed to 
very low angle differences between the grains. From 
the additional fact that earlier in the process no re- 
crystallization appeared in grains which had soft- 
ened 90 pct, it was suggested that the low angle 
grains were close to the original deformation orien- 
tation. 

3) X-ray data of the low temperature recrystal- 
lized alloys showed a marked retention of the de- 
formation texture, particularly of the (001)[110] 
component. It was therefore proposed that the low 
angle grains referred to in conclusion 2 were of the 
(001) [110] type. 

4) Microscopic observations made during the re- 
crystallization process at 925°C showed that com- 
plete recrystallization occurred in as short a time 
as 10 sec. The microstructure was typical of well 
recrystallized alloys and the hardness was reduced 
to a value of well annealed metal. No marked 
amount of light etching components could be de- 
tected in the structure. 

5) X-ray analysis of the high temperature re- 
crystallized material showed a marked difference in 
texture when compared to the low temperature 
alloys. Practically no retention of the deformation 
orientation was evident. The pole figure showed 
maxima at locations indicating rather large rota- 
tions from the deformation texture, confirming the 
different appearance of the microstructure. It was 
suggested that the (100) [110] component recrystal- 
lizes by rotations around a <100> axis, while the 


(111) [112] or (111) [110] components rotate around 
a <110> axis. 

6) No specific effect of the sulphide impurity 
could be found in the texture studies. Its effect, if 
any, was of degree rather than of kind. However, 
from the metallographic observations, the rate of 
recrystallization was more rapid and the grain size 
finer in the alloy containing 0.015 pet S. 
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Effect of Testing Variables on the Hydrogen 
Embrittlement of Titanium anda Ti-8 Pct Mn Alloy 


The effects of increasing hydrogen content, introducing a notch, and changing the strain rate 
on properties of titanium and one of its alloys were investigated over a range of testing tempera- 
tures from —196° to 200°C. Both high purity and commercial purity A-55 titanium were used as 
representative « materials, while a commercial Ti-8 pct Mn alloy was used for an a-8 alloy. It was 
found possible to analyze the data, using the ductile-to-brittle transition temperature concept. 
Increasing hydrogen, the presence of a notch, and increasing the testing speed raised the transi- 
tion temperature for the o materials. The presence of hydrogen and notches raised the transition 
temperature of the a-@ alloy also. However, increasing the testing speed generally decreased the 


transition temperature of the a-8 alloy. 


by R. |. Jaffee, G. A. Lenning, and C. M. Craighead 


N previous papers, the authors have shown that 

hydrogen is most detrimental to the notch-bend 
impact toughness of a-titanium’ and to the tensile 
ductility of a-8 titanium alloys.? These general 
effects have been confirmed by Kessler and co- 
workers,’ and by Kotfila and Erbin.* Kessler showed 
that the slower strain rate in notch-rupture tests 
was a more sensitive measure of hydrogen embrittle- 
ment of a-§ alloys than the tensile test. 

In the present paper the authors cover, with ten- 
sile and notch-bend tests, the effect of testing speed, 
notches, and testing temperature on hydrogen em- 
brittlement. High purity and commercial purity 
titanium, examples of a materials, and a commer- 
cial a-8 Ti-8 pct Mn alloy were investigated. The 
purpose of the investigation was to correlate the 
factors producing embrittlement. 


Materials 

The high purity titanium for this investigation 
was obtained by arc-melting crystal bar from Foote 
Mineral Co. into 1 lb ingots. As-cast hardnesses for 
these ingots ranged from 60 to 90 Brinell. The arc- 
melted ingots were forged to % in. diam rods at 
1470°F. These rods were swaged to 1% in. diam at 
room temperature prior to machining of the speci- 
mens for hydrogenation and testing. 

The commercial A-55 titanium and the Ti-8 pct Mn 
alloy were obtained from Rem-Cru Titanium Inc., 
as 5% in. diam rod. The A-55 titanium was hot 
swaged to % in. diam at 1300°F prior to machining 
of the specimens for hydrogenation and testing. The 
a-@8 C-110M alloy was hydrogenated prior to hot 
swaging to % in. rod at 1300°F. Hydrogenation 
prior to fabrication permitted testing of the a-6 
alloy in the equilibrated and stabilized condition. 
The equilibration and stabilization treatment used 
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Fig. 1—Slow bend test apparatus for micro Izod bend speci- 
mens is illustrated. 


was an air anneal for 1 hr at 1300°F, followed by 
furnace cooling to 1100°F and then air cooling. 
Hydrogenation was done in a Sieverts apparatus 
described previously.’ The hydrogenation treatment 
consisted of heating for % to % hr at 820°C in puri- 
fied hydrogen, slow cooling to 680°C, holding 1 hr 
for homogenization, and rapid cooling to room tem- 
perature. Intended hydrogen levels for the a-tita- 
nium materials were 0.05, 0.5, 1.0, 1.5, and 2.0 
atomic pet—about 15 to 430 ppm. For the Ti-8 pct Mn 
alloy, the intended hydrogen levels were 0.05, 0.5, 
1.0, 2.5, and 5.0 atomic pet—about 15 to 1100 ppm. 
The material for the 0.5 atomic pct level of hydro- 
gen was vacuum annealed prior to hydrogenation 
to increase the accuracy of the addition. Vacuum 
annealing to remove hydrogen consisted of heating 
for 6 hr at 820°C, and resulted in a hydrogen con- 
tent of about 10 to 15 ppm. When hydrogen con- 
tents were above 0.5 atomic pet—100 ppm—the hy- 
drogen was added without prior vacuum annealing. 
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Testing Procedures 

Three tensile testing speeds were used: 0.005 in. 
per min, slow; 0.5 in. per min, fast; and 18.1 ft per 
sec, impact. The slow and fast speeds were obtained 
in a Baldwin-Southwark testing machine, using a 
deflection-type pacer. The impact speed was ob- 
tained in a Riehle impact machine adapted for ten- 
sile specimens. In this case, breaking energy values 
were obtained, rather than ultimate strength. 

The unnotched tensile specimens were of the 
standard ASTM type described previously,’ with a 
¥g in. diam reduced section and % in. gage length. 
The notched tensile specimens were of similar di- 
mensions, but had a 45° notch with a 0.005 in. 
radius. The diameter at the base of the notch was 
0.09 in. The stress concentration factor of this 
notched specimen in tension was K, 3}. 

The notch-bend specimen described previously® 
was a subsize cylindrical Izod specimen. It had a 45° 
notch, with a 0.005 in. radius and a 0.5 in. root 
diam. The stress concentration factor of this notch 
in bending was K; = 3. Impact loads were applied 
with a constant velocity, 11.3 fps, Tinius-Olsen 
impact testing machine with a blow of 200 in-lb. 
Slow bend testing was conducted at a speed of 0.005 
in. per min, using the specially constructed appa- 
ratus shown in Fig. 1. This apparatus had the speci- 
men holder and striker attached to a rigid frame. 
The striker was kept from twisting by a guide arm, 
and both striker and guide arm utilized ball bear- 
ings to minimize friction. The load was applied with 
a conventional tensile testing machine. 

The testing temperatures used were —196°, —75°, 
—40°, 0°, room temperature, 60°, 100°, 150°, and 
200°C. To obtain these temperatures, oil, water, or 
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Fig. 4—Notch-bend properties of high purity Ti-H alloys are 

plotted at slow and impact speeds. Circle represents 0.05 

atomic pct H; cross, 0.5 atomic pct H; inverted triangle, 1.0 

atomic pct H; square, 1.5 atomic pct H; and triangle, 2.0 

atomic pct H. 


freezing baths were used where appropriate. Tem- 
peratures were generally held within +2°C. 
High Purity Titanium 

In the previous work,’ tensile testing of high 
purity titanium with hydrogen was conducted at 
room temperature for material with hydrogen con- 
tents from 0.05 to 30 atomic pct. There was prac- 
tically no change in tensile properties for hydrogen 
contents up to 5 atomic pct—100 ppm—and tensile 
ductility remained high, over 50 pct reduction in 
area, with hydrogen contents up to 25 atomic pct— 
7000 ppm. The notch-bend impact properties at 
room temperature were reduced substantially with. 
as little as 0.4 atomic pet H—80 ppm—and the metal 
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creased the hydrogen embrittlement at a given 
temperature. 

The unnotched tensile data show that lowering 
the testing temperature increased the embrittle- 
ment for a given hydrogen level. The embrittle- 
ment resulting from high hydrogen contents may 
be described in terms of a ductile-to-brittle tran- 
sition temperature range. For a given testing speed, 
the transition temperature increased with increas- 
ing hydrogen content. Likewise, increasing the test- 
ing speed increased the transition temperature at a 
constant hydrogen level. Thus, increasing both the 
testing speed and the hydrogen content contributed 
to the embrittlement of high purity titanium in the 
unnotched tension test. 

The notched tensile data for high purity titanium 
with hydrogen are plotted in Fig. 3. The notched 
strength shows the normal increase over the un- 
notched strength, and is independent of hydrogen 
content. The tensile ductilities, however, decrease 
with increasing hydrogen content, the greatest de- 
creases being found at the lowest testing tempera- 
ture. In line with the data for the unnotched con- 
dition, the embrittling effect of increasing hydrogen 
is greatest as the testing speed increases. 

The plot of the notched tensile data as a function 
of temperature illustrates that embrittlement 
caused by hydrogen may be described in terms of 
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Testing Speed, in/min 


the ductile-to-brittle transition temperature range. 
The trend is toward increasing transition tempera- 
ture as the testing speed increases. Unfortunately, 
the scatter in data makes it impossible to assign 
numerical values to the transition temperatures. 

The introduction of a notch increased the tensile 
strength over that for the unnotched material, and 
augmented the brittleness caused by hydrogen. The 
magnitude of the effect of a notch on brittleness 
may be expressed either in terms of the conditions, 
e.g., hydrogen tolerance, or the ductile-to-brittle 
transition temperature for a given hydrogen content. 

Slow notch-bend tests were conducted along with 
the impact notch-bend tests, in order to determine 
the effect of strain rate in bending. The data obtained 
are plotted in Fig. 4. Increasing the hydrogen con- 
tent generally decreased the breaking energy at any 
given testing temperature. Increasing the testing 
speed decreased the breaking energy of the hydro- 
genated material at a given hydrogen level. The 
transition temperature at a given hydrogen level in 
the notch-bend test increases with increasing test- 
ing speed, as was indicated in the tensile data. 


Commercial Purity Titanium 


In the previous work’ on hydrogen in commercial 
purity titanium, it was shown that embrittlement in 
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room temperature slow tensile tests occurred at ap- 
proximately 10 atomic pet H—2300 ppm. In the 
notch-bend impact test, however, severe embrittle- 
ment was found with as little as 1 atomic pect H— 
210 ppm. In this respect, the hydrogen embrittle- 
ment of unalloyed commercial titanium was similar 
to that for high purity titanium. However, two 
factors enter into the hydrogen embrittlement of 
commercial titanium which tend to complicate the 
picture. First, the interstitials oxygen, nitrogen, and 
carbon lower the notch-bend impact toughness of 
the hydrogen-free commercial material. Second, 
the iron impurity in the commercial material causes 
a small amount of @ to be retained at room tem- 
perature. This retained 8 can hold hydrogen in so- 
lution at room temperature and thereby decrease 
the embrittling effect of hydrogen. Hence, the inter- 
stitials tend to increase, and the iron tends to de- 
crease the embrittlement caused by hydrogen. The 
result is the impact energy vs hydrogen content 
curve is similar to that for high purity material. 

The unnotched tensile properties of the commer- 
cial titanium used in the present study are shown in 
Fig. 5. At the slow testing speed, increasing the 
hydrogen content to 2.3 atomic pct—about 500 ppm 
—had no effect on either the room temperature 
strength or the tensile ductility. Hydrogen contents 
up to this level had no adverse effect on ductility 
at —40°C, but did have an embrittling effect in 
slow speed tension testing at temperatures of —75° 
and —196°C. At the fast testing speed, the embrittl- 
ing effect of hydrogen was observed at —40°C. At 
the impact speed, the embrittling effect extended to 
100°C. The breaking energy in impact, on the other 
hand, showed little change with increasing hydro- 
gen content. Generally, these effects are similar to 
those shown for high purity titanium. 

Tensile data for the commercial titanium show 
trends similar to those for high purity titanium. 
However, the tensile ductility of the hydrogen-free 
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Fig. 8—Notch-bend properties of commercial purity A-55 
Ti-H alloys are plotted at slow and impact speeds. 
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material generally decreased with decreasing tem- 
perature, a feature not observed for high purity 
titanium. This decrease in tensile ductility with de- 
creasing temperature is probably caused by the car- 
bon, oxygen, and nitrogen in commercial titanium. 
The effect of strain rate on the ductility of the un- 
notched specimens, shown in Fig. 6, is somewhat 
surprising. At 25°C, the high hydrogen material 
shows a reduction in ductility at impact speeds 
while at —196°C, the ductility is higher at impact 
speeds. The hydrogen-free commercial titanium has 
a slightly lower ductility in slow speed tests than 
in impact tests, an indication that there may be 
strain aging embrittlement associated with some 
interstitial elements other than hydrogen. In- 
creasing the hydrogen content reverses and masks 
this effect. 

The notched tensile results for the commercial 
titanium with hydrogen are shown in Fig. 7. The 
strength and breaking energy were not appreciably 
affected by an increase in hydrogen content. At the 
lower temperatures, the ductility in slow tension 
decreased with increasing hydrogen content but at 
100°C, the ductility was not affected by hydrogen 
content. As for high purity titanium, increasing the 
testing speed increased the embrittling effect of 
hydrogen in commercial titanium. The notch duc- 
tilities were generally lower for commercial ti- 
tanium with hydrogen than for high purity titanium 
with hydrogen, as would be expected. It is seen 
that the ductility of hydrogen-free commercial ti- 
tanium decreases steadily from room temperature 
to —196°C at the slow and intermediate speeds. 
On comparing this behavior with that of hydrogen- 
free high purity titanium, it is seen that the inter- 
stitial impurities present in commercial titanium 
are probably responsible for increasing the ductile- 
to-brittle transition temperature range. 

Slow and fast notch-bend energy absorption data 
are shown in Fig. 8. These results are very similar 
to the corresponding results for hydrogenated high 
purity titanium, except that hydrogen-free com- 
mercial titanium has lower breaking energies at all 
testing temperatures. The results plotted against 
testing temperature show a clear-cut ductile-to- 
brittle transition behavior over a relatively narrow 
temperature range, the transition temperature in- 
creasing with increasing hydrogen content. 


Commercial Ti-8 Pct Mn Alloy 


In previous work,” it was shown that the embrittl- 
ing effects of hydrogen on commercial Ti-8 pet Mn 
alloy were most pronounced at slow testing speeds. 
In this alloy at room temperature, with more than 
about 1 atomic pct H—200 ppm—present, the ten- 
sile ductility dropped off markedly. However, in 
notch-bend impact tests over a range of tempera- 
tures, the transition from ductile to brittle behavior 
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was not changed appreciably by increasing the hy- 
drogen content up to 5.5 atomic pct—1200 ppm. 

Hydrogen dissolves preferentially in the 6 phase 
of an a-8 alloy, such as the commercial Ti-8 pct Mn 
alloy. In this alloy, with hydrogen contents up to 
1200 ppm, there was no evidence of a hydride phase, 
even in the fractures of specimens which had been 
severely embrittled.’ 

In the present work, the effects of hydrogen on 
the unnotched tensile properties of commercial Ti-8 
pet Mn alloy were detrimental, particularly to duc- 
tility, as shown in Fig. 9. At slow testing speed, 
the unnotched tensile strength was not affected ap- 
preciably by increasing hydrogen content, except at 
the —196°C testing temperature. The ductility of 
the hydrogen-free Ti-8 pct Mn alloy dropped mark- 
edly at —75° and —196°C, indicating a basic duc- 
tile-to-brittle transition behavior. At the latter 
temperatures, because of the low ductility values 
already existing in the hydrogen-free alloy, in- 
creasing hydrogen content caused only a small 
further loss in ductility. The hydrogen-free Ti-8 
pet Mn alloy showed good tensile ductility at tem- 
peratures above —40°C. Hence, it is apparent that 
the amount of hydrogen required to lower the ten- 
sile ductility becomes progressively greater as test- 
ing temperature increases. As the testing speed in- 
creased, the amount of hydrogen required for em- 
brittlement at room temperature increased to more 
than 2.7 atomic pct—590 ppm—at fast testing speed, 
and to more than 5.3 atomic pct—1170 ppm—at 
impact speed. At the other testing temperatures, 
the amount of hydrogen required for embrittlement 
was also increased as the testing speed increased. 

The hydrogen-free material showed a ductile- 
brittle transition in slow tension between —40° and 
—196°C. Increasing the hydrogen content progres- 
sively increased the temperature at which embrit- 
tlement occurred. Thus, it would appear that hydro- 
gen tolerance in slow tensile tests varies with the 
testing temperature. The loss of ductility from hy- 
drogen can be overcome to some extent, as shown in 
Fig. 10, by increasing the testing speed. However, if 
sufficient hydrogen is present or the temperature is 
sufficiently lowered, brittle behavior will result at 
even impact speeds. 

Notched tensile results are plotted in Fig. 11. For 
tests at slow speed, the notched tensile strengths 
below room temperature show a progressive de- 
crease with increasing hydrogen content. Above 
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room temperature, hydrogen does not have much 
effect on the tensile strength. The reduction in area 
values indicate that the notch ductility of hydrogen- 
free Ti-8 pct Mn alloy is lower than that of a- 
titanium of either the commercial or high purity 
type, as might be expected. For that reason, the 
effect of hydrogen could not be observed too clearly 
from reduction in area values. However, increasing 
the hydrogen content lowered the ductility at all 
temperatures. At the fast testing speed, the ultimate 
strengths decreased with hydrogen, as was also the 
case at the slow testing speed. At impact speed, the 
breaking energies were not affected by hydrogen 
content. 

A comparison of Fig. 11 with Fig. 9 shows that 
the ductile-brittle transition temperature is raised 
by the introduction of a notch. Notch-bend data at 
both slow and impact speeds are shown in Fig. 12. 
At slow speed, a general decrease in breaking en- 
ergy with increasing hydrogen content occurs at all 
temperatures. At impact speed, the breaking energy 
becomes less sensitive to hydrogen, as would be 
expected from the tensile data. Thus, the slow 
notch-bend tests could be used as a measure of the 
sensitivity of a-6 alloys to strain aging embrittle- 
ment by hydrogen. 


Discussion 
The results presented in the previous sections in- 
dicate that hydrogen contamination of titanium and 
titanium alloys may be treated as one of a number 
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of embrittling factors whose sum effect dictates the 
presence or lack of ductility. It follows that if the 
magnitude of one of the embrittling factors is in- 
creased, the permissible magnitude of the others 
must be reduced in order for ductile behavior to be 
maintained. 

Under any conditions of testing, sufficient hydro- 
gen will embrittle any titanium-rich material. This 
amount of hydrogen may be termed the hydrogen 
tolerance of the material under the particular test- 
ing conditions and criterion of embrittlement used. 
In practice, we are most concerned with the lowest 
hydrogen tolerance within the conditions and per- 
formance criteria which might be encountered. 

The embrittling factors other than hydrogen con- 
sidered in this work were a decrease in testing 
temperature, the presence of notches, and an in- 
crease or decrease in strain rate. 

The effects of strain rate on the ductility of a- 
titanium were not consistent. Although increased 
strain rate generally is considered to be an embrit- 
tling effect, there were numerous exceptions. In 
high purity titanium, whether or not hydrogen was 
present, increased strain rate was embrittling. How- 
ever, in the commercial titanium base with hydrogen 
present, increased strain rate decreased ductility 
only at room temperature. Under other conditions, 
low temperature or absence of hydrogen, better 
ductility was found with the high strain rate. 

In a-§ alloys, increased strain rate is mildly em- 
brittling in the absence of hydrogen, but severe 
embrittlement occurs at low strain rates when hy- 
drogen is present. The lowest strain rate studied 
was approximately 0.01 per min, but it is probable 
that even less hydrogen would cause brittleness 
in the alloy if the strain rate were lower. 

The effects of strain rate on ductility depend upon 
alloy type, testing temperature, and hydrogen con- 
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tent. It is not possible to consider strain rate as a 
general embrittling factor. Instead, its effects must 
be determined for each individual case. 

Eliminating strain rate, the general embrittling 
factors for titanium alloys then become increased 
hydrogen content, notches, and decreased testing 
temperature. Furthermore, if the temperature at 
which ductile behavior no longer is observed is 
taken as the net effect of the hydrogen content and 
the presence of notches, it is possible to test the 
thesis that the embrittling factors contribute to a 
sum effect. Figs. 13 and 14 show the tensile ductility 
determined at slow speed plotted against testing 
temperature for both commercial titanium and the 
Ti-8 pct Mn alloy. These data show that the ductile- 
brittle transition temperature is increased by in- 
creasing the hydrogen content and also by the pres- 
ence of a notch. The notched hydrogen-free mate- 
rials seem to have about the same ductile-brittle 
transition temperature as the unnotched hydrogen- 
containing materials. 


Fig. 13—Tensile 
tests on notched and 
unnotched commer- 
cial titanium are 
plotted with and 
without hydrogen. 
Hydrogen contents 
are given in atomic 
pct; 0.05 atomic pct 
equals 10 ppm, 1 
atomic pct equals 


200 ppm. 


Reduction in Area , per cent 


Temperature ,C 


Little objection can be offered to the use of the 
transition temperature or toughness concept applied 
to the hydrogen embrittlement of a-titanium, be- 
cause the effect is clearly microstructural. However, 
no structural change appears to be involved in the 
case of strain aging embrittlement of the a-§ alloy. 
A proper objection to the transition temperature 
concept applied here is that the strain aging reaction 
should occur over a fixed temperature range and 
should not vary with the intensity of other embrit- 
tling factors. Thus, the embrittling effect of hydro- 
gen would be expected to occur over the same tem- 
perature range for notched and unnotched specimens. 

Most explanations for the hydrogen embrittlement 
of a-8 alloys postulate a diffusion of hydrogen as 
protons during conditions of slow strain to preferred 
sites, the a-8 interface, where segregation occurs 
and, ultimately, precipitation can occur. The driv- 
ing force for the reaction is a rejection of hydrogen 
by the strained 8 phase. This driving force would 
be expected to increase with decreasing temperature. . 
Opposing this tendency toward rejection of hydro- 
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gen is the rate of diffusion of hydrogen, which de- 
creases with decreasing temperature. Thus, at very 
low temperatures, a recovery of ductility would be 
expected. The time necessary for the diffusion con- 
trolled reaction is provided by slow rate of straining. 
The net result should be embrittlement within a 
fixed temperature interval, independent of other 
factors. This picture does not match the observed 
results on at least two counts. First, the tempera- 
ture for the hydrogen embrittlement effect is raised 
by the presence of a notch. Second, no evidence was 
observed for ductility being recovered at low tem- 
perature. * 


* The authors have not observed recovery of ductility, but they 
understand investigators have made this observation in other alloys. 


If the hydrogen embrittlement of a-@ alloys by a 
strain aging process may be viewed from the transi- 
tion temperature concept, as we have attempted to 
do, the problem of developing a-B alloys with high 


tolerances for hydrogen becomes one of developing 
alloys with good low temperature ductility and a 
low specific effect of hydrogen from the standpoint 
of raising the transition temperature. The authors 
have shown that high purity Ti-Mo alloys which 
have excellent low temperature toughness also have 
high tolerance for hydrogen in slow tension.’ This 
observation is a step toward justifying the transi- 
tion temperature viewpoint, which does not require 
a mechanistic explanation of the effect. More in- 
vestigation will be required before the mechanism 
is understood. 
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Further Studies of the Properties of Rhenium Metal 


The thermoelectric behavior of the Pt—Pt-Re thermocouple and the resistance of rhenium to at- 


tack by certain molten metals is discussed. 


In addition, data are presented on the stress-rupture be- 


havior of drawn wire, the tensile characteristics of rolled sheet, the variation of Young’s modulus with 
temperature, and the effect of specimen size and fabrication method on the work hardenability. Me- 
chanical properties of thoriated rhenium are discussed. This includes data on the effect of thoria in 
rhenium on tensile properties, ductility, work hardening, and recrystallization. 


by Chester T. Sims and Robert |. Jaffee 


ECENT work by the authors”’* has described 
methods of fabrication and some of the physical 
and mechanical properties of rhenium. Rhenium was 
established as a high melting, dense, refractory-type 
metal with favorable mechanical properties. In 
addition, Todd and co-workers’ and others’ have 
studied such properties of rhenium as the work 
function, specific heat, and the resistance of rhenium 
to the water cycle. Revelation of these and other 
properties has led to serious consideration for appli- 
eation as electrical contacts, high temperature 
thermocouples, and wear resistant materials. 


Mechanical Properties of Pure Rhenium 
As a continuation of the determinations of me- 
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chanical properties reported previously, several 
additional examinations have been conducted. The 
stress-rupture behavior and the Young’s modulus of 
rhenium have been investigated at elevated tem- 
peratures. Tensile data have been obtained for 
rolled sheet, and a study of the relative work hard- 
ening characteristics of rod, wire, and sheet has 
been conducted. 

Variation of Modulus of Elasticity With Tempera- 
ture—The Young’s modulus of a 4% in. diam an- 
nealed rhenium rod was determined from room 
temperature to 880°C (1620°F). The rod, approxi- 
mately 6 in. in length, was activated in a transverse 
vibration apparatus suspended in a furnace. The 
resonance frequencies of the rod were measured and 
used to calculate the moduli values. The driven 
frequency was 569 cycles per sec, and a protec- 
tive helium atmosphere was used. The data, plotted 
in Fig. 1, show that the modulus decreases in an 
approximately linear manner with temperature over 
the range tested. 
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Fig. 1—Variation of the modulus of elasticity of rhenium 
with temperature is plotted. 


Stress-Rupture Behavior of Drawn Wire—The 
stress-rupture characteristics of rhenium were 
studied by loading 50 mil wires at various tempera- 
tures and recording the rupture time. The wires 
ranged in length from 3.1 to 4.6 in., and were heated 
by self-resistance. To provide a protective ambient 
atmosphere, the wire and grips were surrounded by 
a 3 in. Pyrex tube through which was passed a mix- 
ture of about 5 pct H in helium. Temperature was 
measured by an optical pyrometer. A series of rup- 
ture tests was conducted at 1000°C. As shown in 
Table I, a stress of 40,000 psi gave a rupture time of 
16.5 hr. These data were approximately related to 
the short time tensile data previously reported’ by 
a Larsen-Miller-type plot,* from which the breaking 
stresses for 20 hr rupture tests at other elevated 
temperatures were estimated. Tests were then run 
at the various elevated temperatures, using the 
stresses recorded in Table II. Table II also shows 
the rupture time and ductility data found for each 
test. Results from several runs could not be used 
because of poor oxidation control. 

All of the stress-rupture data were then related 
to the short time elevated temperature tensile tests 
by a Larsen-Miller-type parametric plot, Fig. 2. The 
best value of K was found to be 5. Fig. 2 also in- 
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Fig. 3—Tensile properties of annealed and cold rolled 
rhenium sheet are plotted. 


cludes scales which relate stress to temperature for 
rupture times of 100 and 1000 hr. 

In general, the elevated temperature strength 
properties of rhenium are high, and the hot-short 
behavior previously found for rhenium during at- 
tempted hot fabrication does not cause undue 
brittleness under stress-rupture conditions. As with 
the elevated temperature short time tensile tests, 
elongation drops to a low value of about 1 to 3 pct 
above 500°C. Unlike the short time tensile elonga- 
tions, however, elongation in stress-rupture tests 
was found to increase to over 4 pct at 2000°C. Quite 
possibly increased ductility would be experienced 
with increased temperature. This improved ductility 
at very high temperatures is expected. Such be- 
havior usually begins at about the recrystallization 
temperature with other metals, but seems to occur 
at a higher temperature with rhenium. 

Tensile Strength and Ductility of Rolled Sheet— 
A 10 mil thick rhenium strip was cold rolled from 
sintered bar. After annealing, a 4 in. length was 
removed for study. The remaining strip was reduced 
about 10 pct and another section removed. This 
process was continued until 30 pct total reduction 
was reached, when the rhenium strip became suffi- 
ciently hard to indent the rolling mill rolls. Tensile 
and hardness data were obtained for the 4 in. strips, 
each of which represented a given reduction. For 
the tensile testing, reduced sections 0.2 in. wide with 
a lin. gage length were ground in the strip. Strain 
was measured by means of type A-7 strain gages, 
and dividers were used to record extensions beyond 
the limit of the strain gages. 

The tensile data are presented in Table III. In 
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Table |. Stress-Rupture Characteristics of 50 Mil Rhenium Wire 


at 1000°C 


Breaking Stress, Psi 


Rupture Time 


Elongation, Pct 


80,000 30 sec 2, in 3.1 in: 
70,000 40 sec 2, in 
60,000 5.0 min 2) ins 
50,000 3.7 min 2, in 3.1 in. 
40,000 16.5 hr 2, in 4.6 in. 
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Table Il. Elevated Temperature Stress-Rupture Data for 50 Mil Rhenium Wire 


Temperature, °C 


Breaking Stress, Psi 


Rupture Time 


Elongation, Pct 


Remarks 


100 hr 9.8, in 1.5 in. Ceased operation 
ith 

500 105,000 Ruptured while loading * 

500 90,000 sec bg 

75,000 3 min 

65,000 3.2 hr 5.6, in 1 in. 
1000 40,000 16.5 hr 2.0, in 4.5 in. 5 
100 Rees 19 min 0, in 2.3 in. Oxidized badly 
aon aero 41 min 3.0, in 1.2 in. Oxidized badly 
3000 4.6 hr 1-0; in’ No oxidation, good test 
23 min * Oxidized badly 
2000 aie 48 min 0.5, in 3 in. Oxidized badly 
,100 12:3 hr 4.4, in 2.5 in. No oxidation, good test 


* Elongation was not measured. 
7 See Table I for additional runs. 


addition, the ultimate tensile strength, 0.2 pct offset 
yield strength, and the elongation are given in graph 
form in Fig. 3 as a function of cold work. The offset 
yield and ultimate tensile strength curves show a 
marked increase in strength with increase in cold 
work. This has been observed previously for cold 
worked 50 mil wire.’ Elongation of rhenium sheet 
was found to be 28 pct in 1 in. Annealed rod studied 
previously had an elongation of about 25 pct, 
whereas annealed wire had about 10 pct. At 20 or 
30 pct reduction, the ductility of sheet drops to 2 pct 
elongation. It has become apparent that rhenium 
rod, wire, or sheet always retains 1 to 2 pct ductility, 
even when heavily cold worked. 

Work Hardening Characteristics of Rod, Sheet, 
and Wire—The high work hardening rate of swaged 
rhenium rod has been reported.’ Hardness values 
of over 800 Vhn were attained with 30 pct reduction 
in cross sectional area from rod whose annealed 
hardness was about 270 Vhn. Further work harden- 
ing studies have been conducted on drawn wire, 
rolled sheet, and rolled arc-melted metal. 

The sheet was 10 mil cold rolled strip, prepared 
by powder metallurgy procedures. It was annealed 
for 4 hr at 1750°C to a hardness of about 350 Vhn, 
the normal annealed hardness for rhenium sheet of 
this thickness. Subsequently, the strip was reduced 
by cold rolling, as described in the discussion of the 
tensile properties of rolled sheet. Values of the 
surface and cross section hardness were taken at 
the various reduction steps. There was little differ- 
ence in hardness values measured in the two direc- 
tions. Another series of hardness measurements was 
made on a % in. diam 30 g arc-melted button, cold 
rolled to a 0.15 in. thickness. After annealing, vari- 
ous further reductions, up to 40 pct, were taken by 
cold rolling. The hardness values from this study 
are shown graphically in Fig. 4. Wire, 60 mil in 
diam, was reduced in cross-sectional area about 20 
pet by wire drawing, then 20 pct more by swaging. 

Fig. 4 shows the work hardening characteristics of 
the several types of fabricated rhenium with those 
of nickel. All of the rhenium specimens exhibit a 
high degree of work hardening except the rolled 10 
mil sheet, which work hardened only slightly. It is 
noteworthy that this material had by far the small- 
est dimension—7 to 10 mil—separating the surfaces 
being worked. This dimension was large enough so 
that it probably did not interfere with movement of 
the metal grains, which were about 0.01 mm diam— 
0.4 mil. The 150 mil sheet and the 60 mil wire did 
not work harden as much as the swaged rod, but 
their behavior was more comparable. Evidently 
both the cross-sectional area of the specimen and the 
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method of working affect the work hardening rate. 
Large sections and rounds promote higher rates. 


Mechanical Properties of Thoriated Rhenium 

Thoriated tungsten is commonly used for thermi- 
onic emission, and it was thought that thoriated 
rhenium might have a similar application. Studies 
on this material included thermionic emission prop- 
erties, but only the mechanical properties will be 
reported here. The thoriated rhenium was pre- 
pared by mixing the correct amount of fine pow- 
dered ThO, with the rhenium metal powder before 


Table III. Tensile and Elongation Data for Annealed and 
Cold Rolled Rhenium Sheet* 


Reduced Reduced Reduced 
Annealed 12.9 Pet 24.7 Pet 30.7 Pet 
Rolled Thickness, Mil 10.1 8.8 7.6 7.0 
Proportional Limits, Psi 31,700 25,200 42,200 159,000 
0.1 Pet Offset Yield 
Strength, Psi 131,000 233,000 279,000 282,000 
0.2 Pct Offset Yield 
Strength, Psi 135,000 245,000 298,000 311,000 
Ultimate Tensile 
Strength, Psi 168,000 250,000 307,000 322,000 
Elongation in 1 In., Pct 28 8 2 2) 
Reduction of Area, Pct 30 24 1 <a 


* Rhenium sheet tensile specimen was standard type, with a 0.2 in. 
reduced section, and a 1 in. gage length. 


pressing, and sintering by using the same method as 
reported previously." Thoria is not reduced by hy- 
drogen sintering at 2700°C. The fabrication of tho- 
riated rhenium was conducted in the same way as 
for rhenium itself. 

Tensile Strength and Ductility—Tensile tests were 
conducted on annealed thoriated rhenium, contain- 
ing 0.5, 1.0, and 2.0 pct Th as ThO,. A 5.0 pct alloy 
was sintered, but was too brittle to be fabricated 
and tested. All of the tensile tests were conducted 
on 150 mil rod with standard reduced tensile sec- 
tions of 4% in. diam, using SR-4 A-7 strain gages. 
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ticularly for 1.0 pct thoria, thoria appears to de- 
crease the recrystallization temperature. Compared 
with similar data for pure rhenium,’ 2 pct thoriated 
rhenium decreases the recrystallization temperature 
by about 200°C for each percentage reduction by 
cold work. In this case, the recrystallization or soft- 
ening temperature is taken as the lowest ternpera- 
ture at which the Vickers hardness number falls to 
about 325 or below for a 1 hr anneal. See Table V. 
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Fig. 5—The effect of 1 hr heat treatments at various tem- 
peratures on the hardness of cold worked thoriated rhenium. 


The results are summarized in Table IV. Increasing 
amounts of thoria reduce the tensile strength, but 
do not affect the proportional limit or offset yield 
strength to any marked degree. Small amounts of 
added thoria reduce the elongation and reduction of 
area appreciably, but increased amounts of thoria 
cause no further decrease. 


Table IV. Tensile and Elongation Data for Annealed 
Thoriated Rhenium* 


Percentage of Thorium 


as ThO2 0.0 0.5 1.0 2.0 
Specimen — 36 35 37 
Proportional Limit, Psi 26,300 23,000 27,000 22,900 
0.1 Pet Offset Yield 

Strength, Psi 42,000 39,600 42,400 42,400 
0.2 Pct Offset Yield 

Strength, Psi 46,600 44,700 47,600 48,400; 
Ultimate Tensile 

Strength, Psi 164,000 144,000 135,000 137,000 
Elongation in ¥% In., Pct 24 14 ital 14 
Reduction of Area, Pct Paes 16 16 16 


* All specimens had the standard ASTM ¥% in. diam reduced 
section, with a 1% in. gage length. 
+ This figure is estimated. 


Working Hardening and Recrystallization—Speci- 
mens of the 0.5, 1.0, and 2.0 pct thoriated rhenium 
rod were each reduced 10, 20, 30, and 40 pct by 
swaging. Hardness values were taken, then anneals 
at various temperatures up to 1700°C were con- 
ducted to study the effect of thoria content on the 
recrystallization behavior. Further hardness meas- 
urements followed. 

Thoria had no noticeable effect on the work hard- 
ening characteristics of rhenium rod. Except for 
slight scattering of the data, thoriated rhenium of 
any composition within the limits tested follows the 
work hardening relationship exhibited by the pure 
rhenium rod of Fig. 4. 

However, the recrystallization temperature is 
probably affected by the thoria, as shown by Fig. 5. 
Although there is some deviation from a trend, par- 
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Table V. Temperatures at Which Softening to About 325 Vhn 
Occurs in Pure and Thoriated Rhenium 


Softening Temperature, °C, 
for the Following Pct 
Reductions by Swaging 


Composition 10 20 30 40 
Pure Rhenium 1500 1300 1300 1300 
2.0 Pct Thoriated Rhenium 1306 1100 1100 1100 


Electromotive Force of the Pt—Pt-Re Thermocouple 


Rhenium is of possible interest as a thermocouple 
element because of its strength, ductility, and high 
melting point. Previous work’ on this subject is 
sparse, since the thermoelectric power of only a few 
Pt-Re alloys vs platinum has been reported. 

The thermal emf generated by unalloyed rhenium 
coupled with thermocouple grade platinum has been 
measured. A 20 mil rhenium wire was welded to a 
20 mil platinum wire, forming an 18 in. thermo- 
couple. This was inserted in a small two-hole porce- 
lain protection tube, with the open leads going to a 
cold junction. The test couple was surrounded by 
three Pt—Pt-10 pet Rh measuring couples and the 
bundle inserted into a ¥% in. closed end protection 
tube. The latter was fitted with an entrance and air 
exist for argon. The bundle was inserted in a mo- 
lybdenum-wound hydrogen atmosphere tube fur- 
nace. While protected by slowly moving argon, 
readings from the three Pt—Pt-10 pct Rh measuring 
couples and the Pt-Re couple were taken. A Leeds 
and Northrup semiprecision potentiometer was used 
for recording the voltage produced. 

A full range of readings, from 20° to about 1600°C, 
was taken under the protection of argon. A second 
set of data was also taken but, in this instance, the 
bundle of couples was placed directly in the hydro- 
gen furnace with no protection tube. Data obtained 
by the second method were in excellent agreement 
with the previous measurements under argon. 

The three Pt—Pt-10 pct Rh values were averaged, 
and the emf thus derived was used to establish the 
correct temperature for which the corresponding 
Pt-Re emf applied. The emf vs temperature data for 
the Pt-Re couple were plotted, and seemed to follow 
the power series type of equation 

where E is measured in millivolts and T is in °K. In 
Fig. 6, the plot of this equation is compared with the 
experimental data. The first derivation gives the 
thermoelectric power P = —9.0 + 2.58 x 10°T, in 
pv per degree. 

The thermoelectric power of rhenium increases 
linearly with increasing temperature. ‘Thus, the Re- 
Pt couple has increasing sensitivity with increasing 
temperature. As a thermocouple element, rhenium 
should be most useful at the highest temperatures. 


Resistance of Rhenium to Molten Metals 
Early experiments in the current work have indi- 
cated that rhenium might have very high resistance 
to molten metals. More recent work’ on the evapo- 
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ration of nickel by rhenium filaments strengthened 
this view. However, other work* on the addition of 
rhenium metal powder to aluminum in a study of 
hardeners has shown that alloys up to at least 1 pct 
Re were possible. This would indicate poor resis- 
tance of rhenium to attack by molten aluminum. To 
provide quantitative data, several studies of the 
resistance of rhenium to molten metals under static 
conditions were undertaken. 


Table VI. Attack on Rhenium* by Molten Metals 


Solvent Exposure Tempera- Decrease in Weight 

Metal Time, Hr ture, °C Diam, In. Loss, G 
Tin 1.0 330 0.0001 0.0002 
Zine 1.0 520 0.0001 0.0160 
Aluminum i55 760 0.0097 0.4239 
Silver 1.0 1060 0.0000 0.0051 
Copper 1.0 1180 0.0000 0.0021 
Nickel 2.0 1550 Specimen entirely dissolved 
Iron 1.0 1640 Specimen entirely dissolved 


* Rhenium was 60 mil wire, immersed about ¥ in. 


In the first series of tests, short lengths of 60 mil 
rhenium wire were shaped into canes and suspended 
in molten metal, heated to 100°C above the melting 
point of the latter under a hydrogen atmosphere. 
Results are reported in Table VI, and show that 
although rhenium is quite resistant to molten tin, 
zine, silver, and copper, it is attacked slowly by 
aluminum and catastrophically by nickel and iron 
under these conditions. In order to establish whether 
the poor resistance of rhenium to molten iron and 
nickel may have been due to the excess of solvent 
metal present, a second series of tests was devised. 
In these studies, a small hollow was indented into a 
\Y% by 1 in. rectangle of 5 mil rhenium foil. About 
1 g Fe was placed in the hollow, and the test panel 
exposed for 1 hr at 1640°C. The same procedure 
was followed for nickel, but at a temperature of 
1550°C. In both cases, the molten solvent metal dis- 
solved nearly all of the available 5 mil rhenium 
sheet in contact with it. In this case, the total avail- 
able weights of solvent and solute metal were ap- 
proximately equal. 

Apparently, rhenium has little resistance to attack 
by molten iron or nickel, but remains undamaged 
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by lower melting metals such as tin, zinc, copper, 
and silver. Aluminum reacts slightly with rhenium. 
Thus, rhenium, which has occasionally been sug- 
gested as a possible material for direct-immersion 
thermocouples in iron or its alloys, would not have 
sufficient resistance to attack by this medium. It 
would, however, be quite useful in contact with the 
other metals investigated, 


Summary and Conclusions 

1) The modulus of elasticity of rhenium de- 
creases with increasing temperature up to 900°C in 
an approximately linear manner. 

2) Rhenium has high stress-rupture properties, 
the 100 hr rupture stress being 20,000 psi at 1000°C 
and 800 psi at 2000°C, estimated from a Larsen- 
Miller plot. 

3) Annealed rhenium sheet has an 0.1 pct offset 
yield strength of 131,000 psi, an ultimate tensile 
strength of 168,000 psi, and an elongation of 28 pct 
in 1 in. Sheet reduced 30 pet by cold working has 
an 0.1 pct offset yield strength of 282,000 psi, an 
ultimate tensile strength of 322,000 psi, and an 
elongation of 2 pct in 1 in. 

4) Rhenium reduced cold by swaging or wire 
drawing work hardens more than does rhenium re- 
duced by rolling. Rhenium of the order of 10 mil 
between working surfaces does not work harden as 
much as rhenium with heavier cross sections. 

5) The addition of thoria to rhenium reduces the 
ultimate tensile strength and ductility. 

6) The addition of thoria to rhenium lowers the 
recrystallization temperature. 

7) The thermal emf of the Pt—Pt-Re thermo- 
couple follows the relationship 

E = 1.56 — 0.90 x 10° T + 1.29 T” 
where E is the electromotive force and T is tempera- 

8) Rhenium is resistant to attack by molten tin, 
zine, silver, and copper; attacked slowly by alumi- 
num; and readily dissolved by nickel and iron. 
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Self-Diffusion in Magnesium Single Crystals 


Radioactive Mg®* has been used to study the rate of self-diffusion in oriented single 
crystals of magnesium in the temperature range 468° to 635°C. The diffusion coefficients 
parallel and perpendicular to the c-axis are: D;, = 1.0 exp (—32,200/RT) cm* per sec 
and D, = 1.5 exp (—32,500/RT) cm? per sec. The ratio D,;/D,; was found to vary from 1.13 
at 468° to 1.24 at 575°C. Assuming a vacancy mechanism, an explanation of this aniso- 
tropy of diffusion follows from a consideration of the difference in the saddle points for 


diffusion in and out of the basal plane. 


by P. G. Shewmon 


ECENT discovery of radioactive Mg*** has made 

possible the study of self-diffusion in magne- 
sium. The experimental procedure and the results 
of a study of diffusion in polycrystalline magnesium 
have been described in an earlier paper.’ The pres- 
ent work is an application of the same techniques 
to the study of self-diffusion in oriented single crys- 
tals of magnesium. 

In the general diffusion problem the diffusion co- 
efficient is a second order tensor relating the two 
vectors, the diffusion flux, and the concentration 
gradient. In a hexagonal lattice, such as magnesium, 
the complete determination of the diffusion coeffi- 
cient D as a function of direction in the lattice re- 
quires a knowledge of D,, and D,, i.e., the diffusion 
coefficients parallel and perpendicular to the c-axis, 
respectively. It can be proven quite generally that 
in a hexagonal lattice D is independent of direction 
in the basal plane, and that out of the basal plane it 
varies with 6, the angle between the c-axis and the 
direction of diffusion, according to the equation 


D(6) = D,,cos’6@ + D,sin’é. 


The proof of Eq. 1 depends only upon the symmetry 
elements of the hexagonal lattice and upon the 
transformation properties of a second order tensor.* 
Therefore, Eq. 1 holds for any mechanism of dif- 
fusion and any c/a ratio. 


Experimental Procedure 
The experimental procedure used with polycrys- 
talline specimens can be briefly outlined as follows. 
Radioactive Mg* was produced by bombarding a 
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NaCl crystal with 350 mev protons and was chemi- 
cally separated from the target as MgO. The Mg 
was then vapor deposited on a specially cleaned 
magnesium specimen by heating the MgO on a 
tantalum ribbon in a vacuum. During the diffusion 
treatment, oxidation and vapor loss of the radio- 
active material were minimized by annealing the 
samples in pairs with the active faces in contact, 
each pair being inside a magnesium container, which 
was in turn surrounded by an argon atmosphere in 
a sealed Pyrex tube. The distance-activity profiles 
were obtained by measuring the activity of thin 
sections cut parallel to the original interface with 
a lathe. 

The only technique which was peculiar to this 
work was the preparation and orientation of the 
single crystal specimens. The single crystals used 
in this work were grown by E. C. Burke of the Dow 
Chemical Co., using a modified Bridgman method, 
in which the furnace and specimen were stationary 
while the temperature gradient moved.’ In growing 
these crystals the starting material was distilled 
magnesium, the crucibles were machined from 
Acheson electrode graphite, and the furnace atmos- 
phere was tank argon. The crystals were grown 
from sublimed magnesium with the following analy- 
sis: 0.0002 pct Al, 0.0017 pct Fe, 0.0009 pct Mn, 
0.0001 pet Ni, 0.0006 pct Pb, and less than 0.01 pet 
Ca, 0.0001 pct Cu, 0.001 pet Si, 0.001 pct Sn, and 
0.02 pet Zn. The two crystals used were roughly 
% in. diam and eight in. long. The c-axis made 
angles of about 7° and 78°, respectively, with the 
specimen axes. If the values of D obtained by the 
use of these two crystals are taken equal to D,, and 
D,, respectively, the error introduced by this as- 
sumption is less than 1 pct. This can be shown by 
combining Eq. 1, the identity sin’? + cos*@ = 1, and 
the experimental fact that D,/D,, in magnesium was 
always less than 1.25. 
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Cylinders % in. diam were cut from the long 
crystals by mounting them in a mitre box with 
paraffin and slowly cutting with a fine jeweler’s 
saw. A strain-free, flat surface perpendicular to the 
cylindrical axis of the specimen was then obtained 
by coating the specimen with paraffin, and alter- 
nately polishing on grit No. 600 paper and etching 
with a solution of 20 pect HCl and 80 pct distilled 
H.O. After the above polishing the specimens were 
annealed by slowly heating, about 10°C per hour, 
from 150° to 560°C, and then holding several hours 
at 560°C. During this treatment the crystals were 
enclosed in the same type of container used for the 
diffusion runs. After annealing, the specimens were 
dipped in the 20 pct HCl solution, rinsed, dried, and 
polished in 4 pct nital. In no case did the surface 
of the specimens recrystallize during the anneal. 
Thus, the above procedure gave a strain-free sur- 
face. However, the repeated etching of this method 
gave a final surface which was not truly flat, but 
whose deviations from a true plane were always less 
than 0.0003 in. 

The orientation of the c-axis relative to the flat 
surface was ascertained by taking two back reflec- 
tion X-ray diffraction patterns from different parts 
of each face. All X-ray work was done with the 
conical camera designed and built by R. Williams.® 
This camera differs from the common back reflec- 
tion camera in the position of the film relative to 
the specimen. Instead of the regular flat film, the 
film is held inside a 60° cone with the specimen at 
the center of the base. In orienting a single crystal, 
the advantages of this camera over the regular back 
reflection camera are: the position of the X-ray 
beam relative to the film is easily and accurately 
defined, the arrangement of the film gives many 
more spots on the film, and the more uniform speci- 
men-to-film distance makes the relative intensity of 
the spots on the film more significant and reduces 
the exposure time. 

One further modification of the original procedure 
was made in the method of determining the thick- 
ness of the first cut. In the present work this was 
done by determining the average weight per unit 
thickness of the second and succeeding cuts and 
then dividing the weight of the first cut by this 
average weight per unit thickness to establish its 
thickness.’ This procedure materially reduced one of 
the larger errors in the earlier work. 


Results 


The solution of the diffusion equation for the con- 
ditions used in this work gives 


Cob 


= exp (—2x’/4Dt) 


2\/aDt 


where c, is the initial concentration of the diffusing 
component at the external surface, b is the thickness 
of the initially deposited layer, c is the concentra- 
tion in the layer at distance x from the surface at 
time t, and D is the diffusion coefficient. When this 
solution is valid, a plot of logic vs x* gives a straight 
line whose slope is equal to —0.1086/Dt. Plots of 
this type are shown in Figs. 1 and 2. The diffusion 
time, temperature, value of D, or D,, and D,/Di 
obtained are tabulated in Table I. In the specimens 
designated 21, 22, etc., diffusion was essentially 
parallel to the c-axis; while in those designated 31, 
32, etc., it was essentially normal to the c-axis. 
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A plot of log D vs 1/T for both sets of data is 
given in Fig. 3. A least squares determination of 
the constants involved gives 


D,, = 1.0 exp (—32,200/RT) cm’ per sec [3] 
D, = 1.5 exp (—32,500/RT) cm’ per sec . [4] 


Due to the small number of points on each line in 
Fig. 3 there is serious doubt in the author’s mind 
as to the significance of the probable errors in AH 
and D, as obtained from standard statistical for- 
mulae.” Nevertheless, they are given below as a 
crude indication of the uncertainty in the reported 
numbers. If it is assumed that the deviations of each 
point from the best straight line are random, the 
following root mean square errors are obtained: 
Doy — £0.3 cm’ per sec AH,, — +500 cal per mol 
Do, — £0.45 cm’ per sec AH, — +700 cal per mol. 


Discussion 


A rather detailed discussion of the sources of 
error in this type of determination of the diffusion 
coefficient is given in ref. 5. It was concluded there 
that the sum of the probable errors in D was 9 pet. 
With the new method of determining the thickness 
of the original cut, the sum of the probable errors 
in D is thought to be 7 pct. Since this sum consists 
of several independent errors, the probable error in 
each D will be about 4 pct. A special effort was made 
to measure the anisotropy of diffusion accurately. 
By annealing the samples in pairs in the same con- 
tainers, the time and temperature of anneal were 
the same for both specimens and the ratio D,/D,, 
could be determined as accurately as the distance- 
activity curves could be measured. The significant 
errors in determining these curves are due to count- 
ing errors and errors in distance caused by the un- 
certainty of the thickness of the first layer removed. 
It is thought that the error in D due to these two 
sources does not exceed +3 pct, i.e., twice the root 
mean square error is +3 pct. Thus the error in the 
ratio D,/D,, would not exceed +4 to 5 pct. 

In Figs. 1 and 2 the data are plotted in pairs, and 
it can be seen quite clearly that the distance-activity 
curves are different for the two orientations, or that 
an anisotropy of diffusion does exist at all tempera- 
tures studied. The experimental values of D,/Di 
are recorded in Table I. 

The values of D,/D,, given in Table I increase with 
increasing temperature. Since the experimental 
values of AH, and AH,, and Do, and Do, which have 
been given are not significantly different, it should 
be reemphasized that this temperature variation of 
D,/D,, is more accurately known than the tempera- 
ture variation of D, and D,,. The basis for the view 
that the temperature variation of D,/D,, is signifi- 
cantly greater than zero is that the anisotropy in- 
creases with temperature for six sets of specimens,* 


* Four values of Di/Di are given in Table I. Two additional runs 
were made with single crystals in which no serious oxide blocking 
of diffusion was observed, but which were discarded because of 
failure to maintain a constant temperature. Since both specimens 
were in the same container, the ratios of Di/Di: obtained are still 
valid. These values of Di/Du are: 1.18 at about 515° and 1.12 at 
about 445°C. 


and the total of this increase is two to three times 
the experimental uncertainties in the ratio D,/D,. 

Once the anisotropy of diffusion is established, 
two questions arise. First, will it be possible to de- 
termine the mechanism of diffusion and secondly, 
what is the physical cause for this anisotropy in a 
metal which has an almost ideally close-packed 
lattice? 


AUGUST 1956, JOURNAL OF METALS—919 


AG 


See. 2 

e Spec. 2, 468 °C 
468 °C 


Ne 


10 Ne 


oN 


O 120 240 360 
Distance Squared (in2) x 


Fig. 1—Specific activity vs distance squared for specimens 
diffused at 468° and 532.5°C. 


Using the equation for D, taken from random 
walk theory, Shirn, Wajda, and Huntington” have 
calculated the values of D,/D,, for the following six 
possible atomic interchanges: ring of four, inter- 
stitial, vacancy (nonbasal), vacancy (basal), ring 
of three (basal), and ring of three (nonbasal). If 
it is assumed that this list of possibilities is complete 
and that no more than two of these atomic inter- 
changes actually operate, it is possible to rule out 
certain mechanisms by comparing the observed and 
calculated values of D,/D,. The application of this 
theory to the magnesium data is the same as that 
given by Shirn” for self-diffusion in thallium where 
which he could draw from his discussion was that 
either a vacancy or a ring mechanism must operate in 
the basal plane. Nothing can be said about the mech- 
anism which gives diffusion parallel to the c-axis. 

In many respects magnesium is almost isotropic, 
e.g., thermal expansion” and thermal vibration of 
atoms.” Furthermore, the deviation from ideal close 
packing, i.e., c/a = 1.633, is less than 1 pct. In view 
of this it is rather surprising to find an anisotropy 
in the diffusion coefficient of 15 to 25 pct. 

An analysis of the source of this anisotropy can 
best be made by combining random walk theory and 
reaction rate theory to give an equation for the 
ratio D,/D,,. The basic random walk equation for 
the diffusion coefficient is 


D, = 42 L, x; [5] 


where D, is the diffusion coefficient measured par- 
allel to the x-axis, u is the number of possible jumps 
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Fig. 2—Specific activity vs distance squared for specimens 
diffused at 504° and 575.5°C. 


that a given atom can make from a given site, L; 
is the frequency of the j‘" type of jump, and 2,” is 


the x component of the j jump distance.t 


+ The complete derivation of this equation does not seem to be in 
the literature. However, Chandrasekhar gives the equation 2D;t = 
N <x2>, which is valid for large N and the jump frequency inde- 
pendent of time. (Here N is the total number of jumps and <2x?> 
is the second moment of the x component of all jumps). Eq. 5 
follows if the equations fe 

1 
= — and N; = Lit 
N 


are substituted into Chandrasekhar’s equation. (N; is the number of 
jumps of the jt» type.) 


Several independent studies of the Kirkendall 
Effect point to the vacancy mechanism as the most 
probable in diffusion in face-centered-cubic” and 
body-centered-cubic” “ metals which are in the 
center of the periodic table. Also, using their random 
walk analysis, Shirn, Wajda, and Huntington con- 
clude that a vacancy mechanism probably operates 
in zinc. The contribution of the ion core repulsion 
term to AH is much larger in these metals than in 
magnesium, thus favoring the vacancy mechanism 
more in the former. Nevertheless, until evidence is 
given to the contrary, a vacancy mechanism of dif- 
fusion in magnesium seems most probable. For a 
vacancy mechanism in a hexagonal-close-packed 
lattice, u in Eq. 5 equals 12, and Eq. 5 gives Dy, = 
3%4 c’Ly, and D, = % a’ (3L, + Liu). Combining these 
results with Wert and Zener’s equation,”® L; = v; exp 
(—AF,/RT), gives 


exp (—AF/RT) vn 3 D 


6 
exp (—AF;,,/RT) 3 Vy | 


2 


a 
Here pv, and »,, are the vibrational frequencies of an 
atom in the direction of an adjacent vacancy in and | 
out of the basal plane, respectively. AF, and AF, 
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0 | | | 
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are the respective free energies required to move 
the atom isothermally and reversibly from the equi- 
librium site to the saddle point, while allowing the 
rest of the lattice to readjust to this movement. 

The relative variation of the vibrational frequency 
with crystallographic direction can be obtained from 
the experimentally determined temperature de- 
pendence of the intensity of X-ray diffraction lines. 
The data of Brindley and Ridley” on magnesium 
give v,/y, = 1.02. Combining this with the values 
of D,/D,, in Table I, c/a of magnesium equals 1.623, 
and substituting in Eq. 6 gives 


(AF, — AF i) 7 = 468°C = —240 cal per mol 
(AF, — AF.) 7 = 575°C = —470 cal per mol. 


The equation dAF/dT = — AS then gives 
NS, == 

The exact value of this entropy difference depends 
on the temperature derivative of D,/D,,. This de- 
rivative is not known accurately, but is greater than 
zero (see foregoing discussion). If, to set a lower 
limit, we assume the derivative equals zero, and 
D,/D, = 1.18, then AS, — AS, = 0.4 e.u. To say that 


AS, 


Table |. Experimental Conditions and Results for Single Crystals 
108 
Dx10°. 
Speci- Temper- Temper- Cm2 per 
men ature,°C ature, °K Time, Sec Sec Di/Dur 
211 635 E101 10,700 18.8 
25 575.5 1.178 22,320 4.98 
1.24 
35 575.5 1.178 22,320 6.17 
212 532.5 1.241 79,800 1.92 
31 532.5 1.241 79,800 2.24 
27 504 1.287 177,700 0.836 
1.19 
36 504 1.287 177,700 0.995 
23 468 1.349 305,520 0.345 
1.13 
32 468 1.349 305,520 0.391 
25 467 1.351 304,620 0.298 


this entropy difference was zero, it would have to 
be maintained either that D,/D,, = 1 over the tem- 
perature range studied, or, if D,/D,, was taken at 
about 1.18, that this ratio decreased about 3 pct 
between 575° and 468°C. 

As all (0001) planes in the hexagonal-close- 
packed lattice are equivalent, the contribution of 
the entropy of formation of a vacancy to AS, and AS, 
is the same. Therefore, this difference in the two 
entropies must be due solely to the difference in the 
entropy involved in moving an atom from the equi- 
librium site to the saddle points. An examination 
of the saddle point configurations for vacancy dif- 
fusion in and out of the basal plane will be helpful 
in considering the difference between AS, and AS. 
The saddle point is midway between the vacancy 
and the original site of the diffusing atom. If the 
surrounding atoms stay on their lattice sites, Le., 
the lattice is unrelaxed, and c/a = 1.633, each of 
the two saddle point configurations gives four near- 


est neighbor atoms at a distance of (\/3/2)a from 
the diffusing atom. Thus the number of nearest 
neighbors and their distance from the diffusing atom 
are the same for diffusion in and out of the basal 
plane. However, the arrangement of the atoms at 
the saddle points are quite different for the two 
cases. Fig. 4 shows the saddle point configurations 
in the plane normal to the diffusion direction. For 
diffusion out of the basal plane, the four nearest 


TRANSACTIONS AIME 


neighbors at the saddle point are arranged in a 
rectangle. For diffusion in the basal plane, the 
nearest neighbor arrangement is less symmetric, 
three atoms being on one side of a vertical plane 
passing through the diffusing atom as in Fig. 4 and 
only one atom being on the other side. 

It is this difference in the symmetry of the two 
saddle point configurations which the author be- 
lieves gives rise to the difference in the entropies 
of activation. To a first approximation the entropy 
of activation can be considered to consist of three 
parts.” These are AS(v), which is due to a change 
in the vibrational frequencies of the diffusing atom 
and its neighboring atoms in going to the saddle 
point; AS(e), due to a straining of the lattice for 
many a) away from the saddle point; and AS(v), due 
to a change in the vibrational frequencies of all the 
atoms in the specimen stemming from a volume 
relaxation to maintain the boundary condition of 
zero surface pressure. 

The AS(v) part of both entropies of activation 
will be the same since the change in atomic volume 
at the two saddle points is the same. The contribu- 
tions of AS(v) and AS(e) to the two entropies will 
depend on local atomic arrangement and will be 
different for the two saddle points. 

Considering AS(e) first, in diffusion parallel to the 
c-axis (b in Fig. 4), the displacement of the saddle 
point nearest neighbors from their original sites 
will all be equal and small because of the rectan- 
gular symmetry. For diffusion normal to the c-axis 
(a in Fig. 4), the displacement of three of the neigh- 
boring atoms will be small, but that of the fourth 
will be large. Because the strain energy goes as the 
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(b) 1 


Fig. 4—Saddle point configuration in plane normal to diffu- 
sion direction for vacancy diffusion: a) normal to c-axis, 
b) parallel to c-axis. Cross in circle represents diffusing 
atom; and circle, the saddle point nearest neighbors. 


sum of the squares of the displacements, the strain 
energy term will be larger in the basal diffusion 
than in the nonbasal. AS(«) is proportional to the 
strain energy,”” so it follows that ASi(«) > ASu(e).+ 


tH. B. Huntington has sent the author a calculation estimating 
the relative lattice strain energies for the two saddle points. He has 
assumed that the displacement of the nearest neighbors is small, 
that they are bound to their equilibrium sites by elastic restoring 
forces, and that the interaction between the diffusing atom and its 
neighbors can be represented as an exponential potential. The re- 
sults of this calculation are that the strain energy for diffusion 
normal to the c-axis is only about 0.1 pct larger than that for diffu- 
sion parallel to the c-axis. Thus ASi(e) > AS (e), but the difference 
is too small to give the experimentally observed difference. 


An estimate of the relative values of AS,(v) and 
AS,,(v) can be obtained in the following manner: 
This term stems from the changes in the vibra- 
tional frequencies of the eight neighbor atoms 
shown schematically in Fig. 4, and the vibrational 
frequencies of the diffusing atoms in directions nor- 
mal to the diffusion direction. The vibrational fre- 
quencies of the nearest neighbors in each case will 
be about the same, or perhaps the frequencies of the 
neighbor atoms in Fig. 4a, D,, will be slightly lower 
due to the lower symmetry of the packing. How- 
ever, the vibrational frequencies of the diffusing 
atom will be considerably lower for D, than for D,,. 
This can be shown by assuming either a harmonic 
or an exponential potential between the atoms, al- 
lowing the diffusion atom in Fig. 4a to relax to a 
position of static equilibrium, and then determining 
the relative frequencies in the orthogonal planes of 
maximum symmetry. The results of this rough cal- 
culation are that the mean frequencies for the two 
cases differ by the order of 10 pct. This then con- 
tributes an entropy difference of the order of 0.5 e.u. 
Thus AS,(v) is appreciably greater than AS,,(v), and 
in view of Huntington’s calculation on the relative 
values of AS,(e) and AS,,(e), it would appear that 
most of the difference between AS, and AS,, stems 
from the vibrational term. 

In conclusion then, each of the three terms con- 
tributing to the entropy of activation for diffusion 
normal to the c-axis are either equal to or greater 
than the corresponding term for diffusion parallel 
to the c-axis. Therefore, this gives a qualitative 
explanation of the experimental observation that 
AS, is larger than AS. 


Summary 
The self-diffusion coefficient, D, has been deter- 
mined in oriented single crystals of 99.9+ pct pure 
Mg, using radioactive Mg” and a sectioning tech- 
nique to measure the penetration. In the tempera- 
ture range 635° to 467°C, diffusion parallel and per- 
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pendicular to the c-axis gives Di = 1.0 exp (32,200/ 
RT) cm’ per sec and D,= 1.5 exp (32,500/RT) cm 


per sec. 
Special measures were taken to determine the 
anisotropy of diffusion accurately. The ratio D/ Ds 
was found to range from 1.13 at 467° to 1.24 at 
575°C. Assuming a vacancy mechanism, an equation 
is derived from random walk theory and kinetic 
theory which relates D,/D,, to the free energies of 
activation for diffusion in and out of the basal plane. 
From this equation it is shown that the diffusional 
anisotropy results from the entropy of activation 
being larger for diffusion normal to the c-axis. Con- 
sideration of the two saddle point configurations and 
the sources of the entropy of activation for diffusion 
show that this difference is reasonable and stems 
primarily from the lower mean vibrational fre- 
quencies of the atoms at the saddle point for D,. 
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Hydrogen Embrittlement of Beta-Stabilized 
Titanium Alloys 


The a-£ type alloys are subject to a loss of tensile ductility with increasing hydrogen 
content. No hydride phase is visible in embrittled a-@ type alloys. The embrittlement en- 
countered appeared to be of the strain-aging type. Both compositional and structural 
factors are shown to influence the hydrogen tolerance of a-8 type alloys. 


by C. M. Craighead, G. A. Lenning, and R. |. Jaffee 


N previous papers” * by the authors, the effects of 

hydrogen on the structure and mechanical prop- 
erties of high-purity and commercial-purity tita- 
nium were described. It was shown that the pres- 
ence of hydrogen in these materials results in a 
hydride phase having low solubility at room tem- 
perature. This insoluble phase had little effect on 
the room temperature tensile properties, but did de- 
crease the notch-bar toughness to a large degree. 

The binary Ti-H system’ indicates that hydrogen 
is much more soluble in £ than in a-titanium. Hence, 
it is not expected that the embrittling effects of 
hydrogen in a-£ alloys will be similar to that found 
in @ alloys. Materials of this type studied in the 
present investigation included two commercial a-f 
alloys, Ti-8Mn and Ti-4A1-4Mn; three high-purity 
Ti-Mn alloys containing 3, 6, and 9 pet Mn; and four 
high-purity Ti-Mo alloys, Ti-5Mo, Ti-10.9Mo, Ti- 
13.1Mo, and Ti-20Mo, of the a-8 and £ types. 

Materials and Fabrication—The high-purity base 
alloys, composed of iodide titanium and high-purity 
metals, were prepared by double arc melting under 
argon in a water-cooled copper crucible, using a 
water-cooled tungsten electrode. Radiographic exam- 
ination showed homogeneous Ti-Mo alloys. 

The analyses of the alloys used in this investiga- 
tion and their as-fabricated hydrogen content, where 
determined, are listed in Table I. The two com- 
mercial alloys were % and % in. diam bar stock. 
No analyses other than hydrogen content were made. 

In order to maintain the a-f relationship existing 
in the two commercial alloys, vacuum annealing and 
hydrogenation were carried out in the @ field prior 
to final fabrication. Fabrication then was done by 
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swaging to % in. diam at 1300°F in the a-8 phase 
field, followed by annealing (1 hr at 1300°F, furnace 
cooled to 1100°F, and air cooled to room tempera- 
ture) to give the desired stabilized a-8 relationship. 


Table I. Analyses of Alloys 


Composition, Pct 


Alloy 


Zz 


Mn 


° 


H* 


Ti-8Mn 
Ti-4Mn-4Al 0 
Ti-3Mun 
Ti-6Mn 
Ti-9Mn 
Ti-5Mo 
Ti-5Mo 
Ti 10Mo 
Ti-10Mo 
Ti-13Mo 
Ti-13Mo 
Ti-20Mo 
Ti-20Mo 


0.0066 
0.0049 


a 
a+ 


* Results of vacuum-fusion analyses. 

+ Intended composition, analyses not available. Bar stock supplied 
by Watertown Arsenal. 

t Hydrogen analyses obtained after vacuum annealing or hydro- 
genating. Initial hydrogen content not determined. 


The three high-purity Ti-Mn alloys were forged 
to 34 in. diam rods at 1600°F, and hot swaged to 
Wy in. diam at 1380°F. Machined and degreased bar 
stock was vacuum annealed or hydrogenated, fab- 
ricated to % in. diam rod by hot swaging, annealed 
in argon for 1 hr at 1380°F (750°C), and water 
quenched. 

The six % lb Ti-Mo ingots were forged to % in. 
diam rods at 1600°F and then hot swaged to % in. 
diam. Machined and degreased specimens were 
vacuum annealed or hydrogenated in the £8 field, 
prior to fabrication, by swaging to % in. rod at 
1400°F. After fabrication, the 5 and 10.9 pet Mo 
alloys were annealed in argon for 16 hr at 1290°F 
and water quenched to give equiaxed a-§ structures. 
The higher molybdenum content alloys were argon 
annealed 4 hr at 1470°F and water quenched to give 
all @ structures. 
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Fig. 1—Effect of hydrogen on tensile properties and hardness 
of commercially pure Ti-8Mn alloy. 


The hydrogen, added to the alloys in the Sieverts 
apparatus, was not lost during fabrication. In all 
cases the actual and intended hydrogen contents 
were within the limits of accuracy of the vacuum- 
fusion analyses. 

Vacuum Annealing and Hydrogenation—Vacuum 
annealing and hydrogenation treatments were con- 
ducted in a modified Sieverts apparatus described 
elsewhere.” The vacuum-annealed rods were out- 
gassed at temperatures of 775° to 900°C to an ulti- 
mate vacuum of about 5xl0° mm Hg. Absorption 
of hydrogen was done in the £6 field at 820°C, fol- 
lowed by equilibrating for 1 hr at 680°C and then 
rapid cooling to room temperature. 

Hydrogen contents investigated in this study 
ranged from a low value of 10 to 15 ppm (vacuum 
annealed) to as high as 5 or 10 atomic pct (1100 to 
2000 ppm) in the case of the two commercial alloys 
and the high-purity Ti-Mo compositions. 

Testing Conditions—Tensile data at room tem- 
perature were obtained for all materials by using 
specimens 214% in. long, with a reduced section of 
¥g in. diam and %4 in. length. Such a specimen is 
a geometrical reduction of the 2 in. gage-length 
standard ASTM test specimen. Notched tensile tests 
were made for the high-purity base Ti-Mo alloys. 
The notched tensile specimen was made by provid- 
ing the 2% in. tensile specimens with a circum- 
ferential 45° V notch having a radius of 0.005 in., 
the root diameter being 0.090 in. The stress-concen- 
tration factor was 3 for this notch in tension. Con- 
ventional SR-4 resistance-type strain gages were 
used on all the unnotched tensiles in the elastic 
region for the slow speed tests. The information 
obtained on the unnotched specimens at the slow 
testing speed included: ultimate strength, 0.2 pct 
offset yield strength, percentage elongation in ¥ in., 
and percentage reduction in area. The information 
obtained on the notched specimens included ulti- 
mate strength and reduction in area. Tensile prop- 
erties on all alloys were obtained at a testing speed 
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of 0.005 in. per min. For the unnotched Ti-Mo 
alloys, ultimate strength, reduction in area, and 
elongation were obtained at a testing speed of 0.5 
in. per min. For the notched Ti-Mo alloy specimens, 
ultimate strength and reduction in area were also 
obtained at 0.5 in. per min. 

Impact properties of the alloys were determined 
at various temperatures from —196° to 100°C, using 
a 0.225 in. diam specimen, 1% in. long, having a 
circumferential 45° V notch with a radius of 0.005 
in. The root diam of the notch was 0.150 in., and the 
notch had a stress-concentration factor of 3 in the 
bend test. This specimen has been illustrated in 
other work.* The magnitude of energy absorbed and 
transition temperatures measured with this speci- 
men correlate quite well with the same properties 
when measured by using the standard Charpy 
V-notch specimen. A correlation was made for a 
number of materials, and a conversion factor of 0.8 
was obtained for converting in-lb obtained on the 
Izod specimen to Charpy V-notch ft-lb values. 


Results 

Effect of Hydrogen in Commercially Pure Ti-8Mn 
Alloy—Tensile properties and Vhn are shown as a 
function of hydrogen content in Fig. 1. The tensile 
strength shows a slight increase with increasing 
hydrogen content. On the other hand, the ductility, 
as indicated by reduction in area and elongation, 
increases slightly and then drops abruptly between 
0.86 and 1.28 atomic pct H (180 to 270 ppm). 

The impact strengths at temperatures from —196° 
to 100°C, shown in Table II, are not affected appre- 
ciably by hydrogen. There is a slight increase in the 
impact transition temperatures for the alloys with 
higher hydrogen contents. 
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Fig. 2—Effect of hydrogen on the tensile properties of Ti- 
4Mn-4AlI alloy. 
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Fig. 3—Unnotched and notched tensile data for Ti-5 pct Mo 
alloy at four hydrogen levels. Top graphs: circle represents 
slow (0.005 in. per min) ultimate strength; cross, fast (0.5 
in. per min) ultimate strength; and square, slow yield 
strength. Bottom graphs: circle represents slow reduction in 
area; cross, fast reduction in area; inverted triangle, slow 
elongation; and triangle, fast elongation. 


The effect of hydrogen on the a-8 type of Ti-8Mn 
alloy is in marked contrast to the effect on a-tita- 
nium, as exemplified by high-purity and commer- 
cial-purity titanium or by a-stabilized alloys. The 
impact strength of a-titanium decreased sharply 
with more than about 50 ppm H, while the room 
temperature tensile strength and ductility were 
relatively unaffected by hydrogen additions up to 
25 atomic pct.’ In contrast to the effect of hydrogen 
in a-titanium, the a-8 type Ti-8Mn alloy showed 
only a slight decrease in impact strength from 0.07 
to 5.5 atomic pct (15 to 1200 ppm) H, and a marked 
decrease in room temperature ductility occurred 
with more than about 200 ppm H. The a@ and a-8 
alloys were similar only in that hydrogen caused no 
appreciable increase in strength or hardness. 


Table Il. Notch-Bend Impact Data for Ti-8Mn Alloy at 
Six Hydrogen Levels 


Impact Energy Absorbed at Indicated 


Hydrogen Content Temperature, °C, In-Lb 


Atomic 
Ppm Pet —196 —40 25 100 
U5: 0.07 2 6 10.5 18 
66 0.32 1 6 12 16.5 
180 0.86 2 4.5 9 16 
270 1.28 2.5 4 9 20 
600 2.8 2.5 4 8.5 17 
1200 5.5 2 4 7 20 


The structure of the Ti-8Mn alloys with hydrogen 
was examined both before and after tensile testing. 
All of the alloys had typical equiaxed a- struc- 
tures. No evidence of a hydride phase was observed. 
Examination of longitudinal sections taken through 
the fractured area of the tensile specimen gave no 
evidence of precipitation of the hydride. 

Effect of Hydrogen in Commercially Pure Ti-4Al- 
4Mn Alloy—Two lots of Ti-4Al-4Mn alloy with 
hydrogen contents ranging from 0.25 to 4.9 atomic 
pet (50 to 1100 ppm) were tested for tensile and 
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impact properties. The tensile properties shown in 
Fig. 2 indicate a slight increase in tensile strength 
and not much change in tensile ductility until about 
1000 ppm H. The tensile ductility then drops off 
sharply at 1100 ppm H. The impact-transition data, 
Table III, indicate only a slight increase in impact- 
transition temperature up to 1100 ppm H. 

These data indicate that the Ti-4Al-4Mn alloy has 
about a fourfold greater tolerance for hydrogen 
than the Ti-8Mn alloy discussed previously. Metal- 
lographic examination of the Ti-4Al-4Mn alloys con- 
taining hydrogen showed fine equiaxed a-f struc- 
tures with no hydride phase apparent. 

Effect of Hydrogen in High-Purity Ti-Mn Alloys 
—Table IV lists the hardness, tensile, and impact 
properties of the three high-purity Ti-Mn alloys, 
with 3, 6, and 9 pct Mn, containing from 0.11 to 3.35 
atomic pct (23 to 700 ppm) H. It will be noted that 
hydrogen up to between 600 and 700 ppm has a 
small detrimental effect on the impact strength of 
the 3 pct Mn alloy, a lesser detrimental effect on the 
6 pet alloy, and no effect on the 9 pct alloy. The 
tensile ductility for the 3 and 6 pct Mn alloys in the 
a-8 condition after quenching from 1380°F de- 
creases with more than about 200 ppm H, the 6 pct 
Mn alloy being more embrittled than the 3 pct alloy. 
The 9 pct Mn alloy, quenched from 1380°F to give 


Table III. Notch-Bend Impact Data for Ti-4Al-4Mn Alloy at 
Several Hydrogen Levels 


Impact Energy Absorbed at Indicate 


Hydrogen Content Temperature, °C, In-Lb : 


Atomic 


Ppm Pet —196 —40 25 100 
ie 0.05 3 10 16.5 34 
50 0.25 6 8 14 24 

150 0.7 5 9 8 13 
220 1.0 6 8 9 12 
240 1.1 6 5 14 12 
500 2.25 4 8 10 12 

1000 4.4 4 10 10 13.5 

1100 4.9 4 8 12 14 


an all 6 structure, was not embrittled. This sug- 
gests that the all @ structure has a greater tolerance 
for hydrogen than the a-f structures. In this con- 
nection, it should be pointed out that the Ti-8Mn 
alloy discussed previously was processed to the a-8 
condition and would be comparable to the high- 
purity 6 pct Mn alloy rather than to the 9 pct alloy. 
No hydride phase was observed in any of the alloys. 

Effect of Hydrogen in High-Purity Ti-Mo Alloys 
—This work was conducted to study the effects of 
hydrogen in the presence of an isomorphous 8 sta- 
bilizer. The molybdenum contents were selected so 
that two of the alloys would have a-f structures 
and the other two alloys would be all retained £. 
Metallographic examination indicated that the alloys 
with 5 and 10.9 pet Mo, quenched from 1290°F, had 
equiaxed a-f@ structures. The higher molybdenum 
content alloys, 13.1 and 20 pet Mo, quenched from 
1470°F, had equiaxed £ structures. No hydride phase 
was detected, even in the all @ structures contain- 
ing up to 9.6 atomic pct (2000 ppm) H. 

Results of the slow-speed and fast-speed notched 
and unnotched tensile tests are shown for the 5 pct 
Mo alloy in Fig. 3. The data show little effect on 
unnotched strength or ductility through 4.1 atomic 
pet (880 ppm) H. Notched strength was not ap- 
preciably affected by hydrogen, but notch ductility, 
as indicated by reduction in area, dropped from 
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The impact transition data for the 10.9 pet Mo 
alloy are shown in Fig. 4. Again, the basic alloy is 
very tough. Increasing hydrogen through 1.5 atomic 
pct (310 ppm) progressively lowered impact energy 
at all temperatures. Increasing the hydrogen con- 


Fig. 5—Unnotched and notched tensile data for Ti-10.9 pct 
Mo alloy at four hydrogen levels. Top graphs: circle repre- 
sents slow (0.005 in. per min) ultimate strength; cross, fast 
(0.5 in. per min) ultimate strength; and square, slow yield 


strength. Bottom graphs: circle represents slow reduction in tent vo 5.2 atomic pct (1100 ppm) lowered the 
area; cross, fast reduction in area; inverted triangle, slow —196 Cc impact-energy value but resulted in a large 
elongation; and triangle, fast elongation. increase in impact energy at 25° and 100°C. 


Table IV. Effect of Hydrogen on the Mechanical Properties of High-Purity Ti-Mn Alloys. 
Condition: As-Quenched from 750°C 


Hydrogen 0.2 Pet Impact Energy? Absorbed 
Content* Offset at Indicated Temperature, 
Manganese Tensile Yield Elongation °C, In-Lb 
Content, Atomic Strength,+ Strength, Pct in Reduction Vhn, 

Pet Ppm Pet Psi Psi Ye In. in Area, Pct 5 Kg Load —196 —40 25 100 
By? 23 0.11 101,500 71,500 26 59 235 15 30.5 42 47 
3.4§ 190 0.90 115,800 90,700 30 54 266 — 29.8 37.4 
Sy) 400 1.87 112,300 85,800 19 24 291 4.5 14 26.5 40.5 
SZ 590 2.74 117,200 80,000 17.5 22 256 2.5 4.5 31 40.5 
5.8 24 0.12 136,500 127,000 15.5 45.5 312 4 17 24 26 
6.4§ 150 0.71 150,400 145,500 16 49 356 — 6.5 14.7 22.9 
5.8 410 1.93 125,500 110,500 ‘5) 4.5 339 2 7 17 24 
5.8 570 2.66 127,000 123,000 nS 0 320 2 7 9.5 31 
9.3 24 0.12 166,800 164,000 20 28 350 2 6 10 32 
9.4§ 110 0.53 162,800 159,000 15 40 340 — 8.3 14.8 39.6 
9.3 720 3.35 158,500 155,500 1525 33.5 310 2.5 8 12 28.5 


* Hydrogen content by vacuum-fusion analysis, tolerance +10 relative pct. 

+ Tensile data reported are average of two specimens unless indicated. 

tImpact values reported were obtained on a microimpact specimen 1% in. long by 0.225 in. diam with a 45° V notch having a 0.005 
in. radius. The root diam of the notch was 0.150 in. 

§ Only one specimen tested. 
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Fig. 6—Unnotched and notched tensile data for Ti-13.1 pct 
Mo alloy at four hydrogen levels. Top graphs: circle repre- 
sents slow (0.005 in. per min) ultimate strength; cross, fast 
(0.5 in. per min) ultimate strength; and square, slow yield 
strength. Bottom graphs: circle represents slow reduction in 
area; cross, fast reduction in area; inverted triangle, slow 
elongation; and triangle, fast elongation. 


The beneficial effect of increasing the strain rate 
on reduction in area for the 10.9 pct Mo alloy indi- 
cates that the embrittlement found in slow tension 
was of the strain-aging type. This is the same as 
was found with the manganese alloys. 

Tensile data for the all 6 13.1 and 20 pct Mo alloys 
are shown in Figs. 6 and 7, respectively. Unnotched 
and notched tensile properties for these alloys were 
not changed appreciably up to about 2000 ppm H. 
In the 20 pet Mo alloy a slight general decrease in 
notched reduction in area at the slow speed occurred 
with increasing hydrogen. 

Transition impact data for the two £8 alloys are 
given in Fig. 4. The principal effect of hydrogen 
for the 13.1 pct Mo alloy was to decrease the impact 
energy at —40°C with 5.3 (1100 ppm) and 8.8 (1900 
ppm) atomic pct H, raising the transition tempera- 
ture as well. However, at 1900 ppm H the impact 
energy at —40°C was still of the order of 20 in-lb. 
The data for the 20 pct Mo alloy show no appre- 
ciable effect of hydrogen on the impact energy 
through 9.6 atomic pet (2000 ppm). 


Discussion of Results 

The present work and the previous paper’ have 
shown that the effects of hydrogen on the mechani- 
cal properties of titanium alloys differ, depending 
on alloy type. Unalloyed and a-stabilized alloys 
show the most marked embrittlement by hydrogen 
on notch-bend impact energy. Alloys of the a-f 
type show the most marked embrittlement in the 
reduction in area of notched specimens in the slow- 
speed tensile test. The hydrogen embrittlement of 
the a-6 alloys appears to be of the strain-aging type. 
Less information is available for the all 6 alloys. 
However, large amounts of hydrogen did not cause 
significant embrittlement in the slow-speed tensile 
test. This absence of embrittlement in the all £8 
alloys is in marked contrast to the effect of hydrogen 
on the a-f alloys and suggests the possibility that 
an interface effect may be responsible for the hy- 
drogen embrittlement of the a-@ alloys. 
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Fig. 7—Unnotched and notched tensile test data for Ti-20 
pct Mo alloy at four hydrogen levels. Top graphs: circle rep- 
resents slow (0.005 in. per min) ultimate strength; cross, fast 
(0.5 in. per min) ultimate strength; and square, slow yield 
strength. Bottom graphs: circle represents slow reduction in 
area; cross, fast reduction in area; inverted triangle, slow 
elongation; and triangle, fast elongation. 


Fig. 8 is a plot of reduction in area as a function 
of hydrogen content (ppm) for all the e-8 and 
B-type alloys studied in this investigation. The high 
purity base 3 and 6 pct Mn alloys and the com- 
mercial Ti-8Mn alloy all showed a loss of reduction 
in area with more than 200 ppm H. The Ti-4Mn- 
4Al1 a-B alloy, however, did not show a decrease in 
reduction in area until the hydrogen content was 
about 1000 ppm. This may be an indication that 
the hydrogen tolerance of an alloy can be raised by 
the addition of a third alloying element such as 
a-Stabilizing aluminum. Comparison of the manga- 
nese-stabilized a-6-type alloys with the molybdenum 
a-B alloys shows that the hydrogen tolerance of an 
a-8 alloy also will depend on the £ stabilizer used, 
molybdenum being much superior. 

The data shown in Fig. 8 for the commercial- 
purity Ti-8Mn alloy and the high-purity Ti-3 and 
6 pet Mn alloy also indicate that the normal inter- 
stitial impurities found in commercial titanium ap- 
parently had little effect on hydrogen tolerance. 
This is surprising and may not be true for hydrogen 
tolerances generally. However, since the strain- 
aging reaction probably originates from hydrogen 
dissolved in the § phase, and the interstitials parti- 
tion to the a phase, the result may be of general 
applicability. 

Alloys with the 6 phase stabilized by molybdenum 
had quite high tolerances for hydrogen in slow 
tension tests. This freedom from strain-aging em- 
brittlement may be the result of an increased solu- 
bility of hydrogen in £ caused by the presence of 
molybdenum. The Ti-5Mo alloy showed a tendency 
to be embrittled by hydrogen in notch-bend impact. 
This is more characteristic of an a-type than of a 
B-type alloy, and may reflect low molybdenum con- 
tent compared to other molybdenum-containing 
alloys. 

Summary 


1) Commercial Ti-8Mn alloy was severely em- 
brittled in slow tensile tests by hydrogen between 
approximately 180 ppm and 270 ppm. Notch-bend 
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impact energy was not appreciably lowered by 
hydrogen through 1200 ppm. 

2) Commercial Ti-4Al-4Mn alloy showed em- 
brittlement in slow tensile tests at about 1000 ppm 
H. Notch-bend impact properties were not appre- 
ciably lowered by hydrogen. 

3) High-purity base Ti-3Mn and Ti-6Mn alloys 
in the a-8 condition were embrittled in the slow- 
speed tensile test at approximately the same hydro- 
gen level as the commercially pure Ti-8Mn alloy, 
while an all 6 Ti-9Mn alloy was not embrittled in 
slow-speed tensile tests with up to 700 ppm H. The 
notch-bend impact transition temperature of the 
Ti-3Mn alloy increased with increasing hydrogen 
content; the notch-bend impact transition of the 
Ti-6Mn a-f alloy was affected less; and that of the 
Ti-9Mn £ alloy was completely unaffected by hydro- 
gen up to 700 ppm. 

4) High-purity base Ti-5Mo and _ Ti-10.9Mo 
alloys in the a-8 condition showed a loss of reduc- 
tion in area at approximately 900 to 1000 ppm H, 
respectively. Elongation values, however, were not 
appreciably lowered by hydrogen. Increasing the 
testing speed at the highest hydrogen level for the 
Ti-10.9Mo alloy raised the reduction in area value 
to that of the hydrogen-free material. The Ti-Mo 
alloys were characterized by excellent toughness. 
Increasing hydrogen to from 1000 to 2000 ppm in- 
creased the transition temperatures in notch-bend 
impact tests. 

5) The all 8 Ti-13.1Mo and Ti-20Mo alloys 
showed little effect of hydrogen on slow-speed tensile 
ductility. The notch-bend impact strength of the 
Ti-20Mo alloy was similarly unaffected. Increasing 
hydrogen raised the notch impact transition tem- 
perature for the Ti-13Mo alloy. 


6) None of the a-8 and £ alloys investigated 
showed an appreciable increase in strength with 
hydrogen. Metallographic examination of the alloys 
did not show hydride phase, and the hydrogen was 
probably preferentially dissolved in the 6 phase. 

7) The relatively high hydrogen tolerances of 
alloys in the all 8 condition as compared to the a-f 
suggest that hydrogen embrittlement of the a-f 
alloys is promoted by the presence of an interface. 

8) The hydrogen tolerance for a-8 type alloys 
depends on the @-stabilizing addition used. Molyb- 
denum £-stabilized alloys have much higher hydro- 
gen tolerances than manganese alloys. The hydrogen 
tolerance may also be increased considerably by 
adding a third alloying element, such as aluminum. 
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Technical Note 


Possible Role of Diffusion in the Creep of Alpha and Gamma Iron 


by Oleg D. Sherby and Jack L. Lytton 


ESULTS of recent investigations’ on the creep 
of metals at high temperatures have revealed 
that the activation energies for creep of pure metals, 
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AH,, about equals the respective activation energies 
for self-diffusion, AH,. This fact strongly suggests 
that the rate-controlling process in creep at high 
temperatures might be that of dislocation climb, as 
first postulated by Mott.* It would be desirable, 
however, to relate the creep rate of a metal at a 
given temperature and stress with actual diffusivity 
data, rather than with a comparison of the tempera- 
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Fig. 1—Correlation of steady state creep rate data and 
tensile data for a- and y-iron by means of the relation 
— F(g), Armco iron tensile data indicated by filled 
circle is from ref. 8; that indicated by filled triangle is from 


ref. 9; 99.99 pct Fe creep data is from ref. 7. 


ture coefficients AH. It is the purpose of this note to 
indicate that such correlations might be possible. 
Self-diffusion of a- (body-centered-cubic) and 
y- (face-centered-cubic) iron has been extensively 
investigated by numerous investigators.** Extrapo- 
lations of these results to the transition temperature, 
910°C, for ay, indicate that the diffusivity of a- 
iron is much greater than y. The best extrapolated 
values are D, = 600 X 10” cm’ per sec, and D, = 
1.75 x 10 em’ per sec. A dislocation climb model 
would suggest that the creep rate of a metal is di- 
rectly proportional to the diffusivity, assuming all 
other variables constant. Therefore, as a first ap- 
proximation, it might be thought that the creep rate 
600 x 


OE 


350 times more rapid than y-iron under a given 
creep stress at 910°C. 

‘Creep and tensile tests have been performed on a- 
and y-iron by various investigators.”” Such data 


of a-iron would be approximately 
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can be analyzed by means of parameters developed 
for correlation of creep and tensile flow of metals at 
high temperatures;*” and these analyses will permit 
reasonable extrapolation of the creep rates to 910°C. 
Feltham’ evaluated the steady-state creep rates 
of y-iron as a function of stress and temperature. 
Such data can be correlated by means of the equa- 

tion 
hg) [1] 


where é is the steady-state creep rate (or constant 
strain rate of tensile test), AH is the activation 
energy for creep, R is the gas constant or 1.987 cal 
per mol, T is the absolute temperature in °K, and 
o is the creep stress or ultimate tensile strength of 
tensile test. The resulting correlation by means of 
Eq. 1 is shown in the lower curve of Fig. 1, where 
AH = 70,000 cal per mol. 

Tapsell and Clenshaw,° as well as Jenkins and 
Mellor,’ evaluated the high temperature creep and 
tensile properties of a-iron. Their results are corre- 
lated by means of Eq. 1 in Fig. 1, where AH = 80,000 
cal per mol. 

The creep rates as a function of stress for a-iron 
and y-iron at 910°C (1183°K) are now easily deter- 
mined from the master curves of Fig. 1. The result- 
ing correlation is shown in Fig. 2, and it is evident 


from this figure that ——— = 200. It is believed that 


ey 

the 200 times increase in the experimental creep 

rate of a-iron over y-iron is very close to the ratio 

of 350 predicted from diffusivity data. 
The results shown in Fig. 2 together with the 

diffusivity data for a- and y-iron strongly suggest 

that the diffusivities of atoms control the creep rate 
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Fig. 2—Estimated steady state creep rate of a- and y-iron 
as a function of stress at the transition temperature, 910°C. 
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Table |. Hardness and Self-Diffusivity of Thallium at the 
Transition Temperature, 230°C 


Hardness," Bhn, Diffusivity, Cm2 


Crystal Structure Kg per Mm2 per Sec 
Body-centered-cubic 0.11 | 
0.7x10-19, c axis 
Hexagonal-close-packed 0.35 0.61x10-2, 


of metals directly, and yield additional support to 
Mott’s dislocation climb model for creep. The results 
suggest that perhaps different crystal structures 
only influence the creep rate at high temperatures 
insofar as the diffusivities of atoms are affected by 
the change in crystal structure. 

Chubb,” in an excellent paper, recently reported 
results on the effect of crystal structure on the high 
temperature hardness for the polymorphic metals 
iron, thallium, zirconium, titanium, cobalt, and 
uranium. He revealed that the close packed struc- 
tures, namely, face-centered-cubic and hexagonal- 
close-packed, were always stronger than the looser 
packed body-centered-cubic structure. From the 
viewpoint developed in this note, it is not surprising 
that the least packed structure is weaker, since self- 
diffusion and therefore dislocation climb would be 
expected to take place at a greater rate in such a 
structure. Unfortunately, self-diffusivity data to 
check this suggestion on pure metals are extremely 
limited at the present time. Besides iron, only thal- 
lium has been reported in the literature. Diffusivity 
data on thallium at the transition temperature by 


Shirn,” together with the hardness data on thallium 
reported by Chubb (actually data of Schischokin), 
are recorded in Table I. It is readily seen that the 
diffusivity of body-centered-cubic thallium is 25 
times faster than in hexagonal-close-packed thal- 
lium, in harmony with the lower hardness of body- 
centered-cubic thallium as compared to hexagonal- 
close-packed thallium. These results give further 
support, in a qualitative way, to Mott’s dislocation 
climb concept. Quantitatively, it would be desirable 
to study the creep properties of thallium directly 
above and directly below the transition temperature. 
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Investigation of the Partial Constitution 


Diagram Ti-TiAu, 


Ti-Au alloys in the composition interval 0 to 66 2/3 atomic pct Au have been studied 
over a temperature range from 400° to 1500°C. A partial phase diagram has been estab- 
lished from micrographic and macroscopic observations. All intermediate phases, Ti;Au, 
TiAu, and TiAus, exhibit open melting maxima. It has been observed that small additions 
of gold lower the allotropic transformation temperature of titanium. The 8 solid solution 
decomposes eutectoidally to u solid solution plus TisAu. The solubility of gold in « solid 


solution decreases with temperature. 


by Paul Pietrokowsky, Ellis P. Frink, and Pol Duwez 


dee have been several papers in the literature 
pertaining to the alloy system Ti-Au. However, 
a comprehensive study of this interesting constitu- 
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tion diagram has not been conducted. Previous in- 
vestigations have been concerned with the crystal 
structure of intermediate phases or partial phase 
diagrams. This paper represents a partial constitu- 
tion diagram, Ti-TiAu., the first portion of an inves- 
tigation of the entire binary system. 

Laves and Wallbaum’ reported the intermediate 
phase Ti,Au to be isomorphous with Cu,Au, LI, type. 
In a more recent paper, Duwez and Jordan? have 
concluded that Ti,Au has an atomic arrangement 
which is related to Cr,Si.2 The intermediate phase ~ 
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Fig. 1—16 pct Au alloy, as cast. 
Complete decomposition of 8 solid so- 
lution. X500. Area reduced approxi- 
mately 5 pct for reproduction. 


Fig. 2—18 pct Au alloy, as cast. De- 
composed grains of primary #6 plus 
eutectic mixture. X250. Area reduced 
approximately 5 pct for reproduction. 


& 


Fig. 4—24 pct Au alloy, as cast. Pri- 
mary crystals of TisAu plus eutectic 
mixture. X250. Area reduced approxi- 
mately 5 pct for reproduction. 


Fig. 5—25 pct Au alloy, as cast. Pre- 
dominantly TisAu. X250. Area re- 
duced approximately 5 pct for repro- 
duction. 


Fig. 8—60 pct Au alloy, as cast. Eu- 
tectic mixture of TiAu solid solution 
plus TiAus. Etched with aqua regia. 
X250. Area reduced approximately 5 
pct for reproduction. 


Fig. 7—38 pct Au alloy, as cast. Pri- 
mary crystals of TiAu solid solution 
plus eutectic mixture. X500. Area re- 
duced approximately 5 pct for repro- 
duction. 
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Fig. 3—21 pct Au alloy, as cast. Evi- 
dence for eutectic mixture. X250. 
Area reduced approximately 5 pct for 
reproduction. 


Fig. 6—33 pct Au alloy, as cast. Eu- 
tectic mixture of TizsAu plus TiAu 
solid solution. X250. Area reduced 
approximately 5 pct for reproduction. 


Fig. 9—66 2/3 pct Au alloy, as cast. 
Intermediate phase TiAus. Polarized 
light. X250. Area reduced approxi- 
mately 5 pct for reproduction. 
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TiAu;, according to Wallbaum,* is also analogous to 
Cu,Au. Raub, Walter, and Engel’ investigated the 
partial constitution diagram TiAu-Au by thermal 
analysis, X-ray diffraction, and metallography. These 
investigators claim the existence of two intermediate 
phases: TiAu, and TiAu,. McQuillan® studied the 
nature of the allotropic transformation from 0 to 6 
atomic pct* Au between 725° and 1000°C. 


* Unless otherwise stated in the text, percentages given refer to 
atomic pet. 


Materials 

Titanium metal produced by the decomposition 
of the tetraiodide was purchased from the New 
Jersey Zinc Co. A typical chemical analysis of this 
material, furnished by the manufacturer, is: 0.0042 
wt pct Pb, 0.0015 wt pct Cu, 0.0022 wt pct Fe, and 
0.0065 wt pet Mn. The chemical-purity gold, 99.990 
wt pct, was from Wildberg Bros., San Francisco. 

Chemical analysis of titanium-rich alloys, 0 to 8.1 
pet Au, was obtained from the Smith-Emery Co. of 
Los Angeles and is reported to the nearest 0.1 pct 
in Table I. Alloys for which there were no gold 
analyses are reported in the text to the nearest 
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atomic pct. The criterion for estimating the prob- 
able variation in composition of the latter alloys was 
the weight loss during arc melting. Melting losses 
were very small in all regions of the diagram, usu- 
ally 0.1 or 0.2 wt pet, with 0.4 wt pct maximum. 


Experimental Procedure 

Methods that were used for alloy melting, metal- 
lography, and heat treatment have been reported in 
detail in previous publications from this Labora- 
tory.” © Temperature measurements were made with 
a Leeds and Northrup 8662 portable potentiometer. 
Noble-metal thermocouples were checked against the 
Laboratory standard, for which a National Bureau 
of Standards certification was available. Tempera- 
ture variation during heat treatment was dependent 
on the particular equipment employed and the dura- 
tion of the thermal program. Specimens used to 
determine the eutectoid temperature were annealed 
in a well insulated, Nichrome-wound furnace which 
admitted one sealed sample and a checking thermo- 
couple; resulting uncertainty was +1°C. Above 
1000°C, nonmetallic resistance element furnaces 
were used, the usual temperature variation being 
about +3°, with maximum variation +5°C. Table II 
summarizes the heat treatment procedure. 

Incipient melting and melting-point determina- 
tions were made with two experimental arrange- 
ments: In the first, the sample was wrapped in 
molybdenum sheet and sealed in a quartz ampoule 
containing a reduced pressure of helium. These 
specimens were heated at various temperatures in 
the range 1300° to 1500°C and usually water 
quenched. Most of the compositions in the two- 
phase regions, 8 plus liquid and Ti,Au plus liquid, 
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were examined in this manner. Alloys richer in gold 
than Ti,Au were placed in a molybdenum-wound 
furnace which was enclosed in a vacuum bell jar. 
In this apparatus, a vacuum of 1x10° mm Hg could 
be obtained. In addition, the furnace heating rate 
could be controlled, thus assuring a gradual approach 
to the desired temperature. Only one specimen at 
a time was placed in the small isothermal cavity 
which contained a check thermocouple. An entire 
heat treatment cycle required 4 to 5 hr. 
Microscopic examination to detect evidence of 
incipient melting was not always rewarding. Ap- 
pearance of the microconstituents varied with the 
mode of cooling and general features of the con- 
stitution diagram. In cases where these difficulties 
arose, macroscopic observations were relied upon. 


Metallography 


As-Cast Microstructures—Titanium-rich alloys are 
characterized by the martensitic transformation 
product, a’; solid solutions of gold in £-titanium 
were not retained after cooling from the melt. Broad- 
ening of the prior £8 solid solution grain boundaries 
was initially detected in an 8.1 pct alloy. Alloys 
with increasing additions of gold, in this region of 
the diagram, showed more extensive regions in 
which the parent phase, 8 solid solution, had par- 
ticipated in a solid-state reaction. In an alloy con- 
taining 12 pct Au, laminae were resolved at the 
grain boundaries at X500. These observations dis- 
closed the rapidity with which £ solid solution de- 
composition could proceed and qualitatively indi- 
cated that dissolution increased with additional gold. 

Ingots containing 14 and 16 pct Au showed vary- 
ing amounts of solid-state decomposition depending 
on cooling conditions at the hearth after solidifica- 
tion. Some regions in a 16 pct Au alloy had the 
appearance of Fig. 1, but this micrograph is not 
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Fig. 13—Results of metallography in the composition range 
0 to 25 pct Au. 


representative since small amounts of an inter- 
mediate phase were also observed in portions of the 
specimen. The solidus point was established at a 
composition of 15 pect Au from these considerations, 
and further verification was obtained from subse- 
quent isothermal heat treatment. 
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Fig. 15—16 pct Au alloy, annealed at 
1300°C for 4 hr and water quenched. 
Equilibrium TizAu, bright etching, plus 
eutectoidal mixture. X500. Area re- 
duced approximately 5 pct for repro- 
duction. 


duction. 


Fig. 2 is representative of alloys containing 18 and 
20 pct Au which passed through a region of primary 
8 plus liquid prior to final solidification of the resi- 
dual liquid as a eutectic mixture of £6 solid solution 
and Ti,Au. Primary crystals of 8 show a completed 
eutectoidal reaction; the nature of £ solid solution 
in the eutectic mixture is not certain. Fig. 3 gives 
evidence for a eutectic mixture occurring at 21 pct 
Au. In subsequent specimens the eutectic mixture 
and primary crystals of Ti,Au were observed, Fig. 4; 
a 25 pct alloy was essentially the first intermediate 
phase, Fig. 5. Some difficulty was experienced in 
preparation of Ti,Au, since ingots had a tendency 
to fracture into many pieces during cooling. A sec- 
ond eutectic mixture, Ti,Au and TiAu solid solution, 
was found at 33 pct Au, Fig. 6. A 38 pct alloy was 
almost entirely TiAu with small amounts of eutectic 
at the grain boundaries, Fig. 7. An extensive range 
of homogeneity, 40 to 52 pct Au, was found for the 
intermediate phase TiAu, and several samples on 
the titanium-rich side of the stoichiometric ratio 
gave pronounced evidence of coring. The third 
eutectic mixture in this partial phase diagram, TiAu 
solid solution plus TiAu., Fig. 8, was at 60 pct Au. 
The phase TiAu,, Fig. 9, can be readily identified 
with polarized light at X250—color response upon 
rotation of the specimen stage is from violet to gray. 

Annealed Microstructures—Results of the metal- 
lography of isothermally annealed specimens are 
presented in Figs. 10 to 14. Although the eutectoid 
decomposition in this particular binary system pro- 
ceeds with relative ease, Fig. 15, determination of 
the eutectoid temperature is not a difficult problem. 
Eutectoidal decomposition of 6 produces a lamellate 
of a and Ti,Au; prolonged heat treatment below the 
eutectoid temperatures results in a spheroidization 
of the Ti,Au lamellae which can be easily identified 
by microscope from the former mode of dispersion. 
Equilibrium a was observed in both elongated and 
equiaxed form. Difficulty was encountered in de- 
termination of the a plus 8-8 boundary because 
equilibrium a was not equiaxed in form, see Fig. 16, 
and the possibility that small amounts of a had 
nucleated from 6 during the quenching procedure 
required consideration. The appearance of hypo- 
eutectoid and hypereutectoid alloys after heat treat- 
ment below the eutectoid temperature are typified 
in Figs. 17 and 18, respectively. Metallographic evi- 
dence of polymorphism in TiAu was observed in the 
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Fig. 16—1.9 pct Au alloy, annealed at 
855°C for 72 hr and water quenched. 
Equilibrium @ plus a’. X250. Area re- 
duced approximately 5 pct for repro- 


800°C for 336 hr and water quenched. 
Equilibrium a plus TisAu. X250. Area 
reduced approximately 5 pct for repro- 
duction. 


matrix of an alloy containing 54 pct Au after an- 
nealing at 1200°C, Fig. 19. The bright-etching minor 
phase is TiAu,, and that which appears to be small 
black particles in the parent constituent is isother- 
mally formed TiAu., out of focus, this specimen 
having been deeply etched with aqua regia. 
Incipient Melting—Microscopic appearance of in- 
cipient melting in titanium-rich alloys containing 
up to 24 pct Au varied considerably with composi- 
tion. Grain boundaries rounded off very rapidly in 
regions of liquid plus solid, Fig. 20. Results of heat 
treatment above 1300°C are given in Fig. 12. 


Discussion 


Results of the present investigation are in sub- 
stantial agreement with the partial constitution dia- 
gram previously reported by McQuillan.* We have 


Table |. Analyses of Several Ti-Au Alloys* 


Actual Gold Content 
Nominal Gold Content, 


Atomic Pct Atomic Pct Weight Pct 

0.54 2.17 
1 0.85 3.42 
1% 1.48 5.81 
2 1.93 7.52 
3 2.95 
4 3.95 14.47 
5 4.93 17.59 
6 5.96 20.76 
7 6.97 23:57 
8 8.10 26.63 


* Verification of the tabulated chemical analysis of the minor 
constituent was obtained by determination of the corresponding 
titanium content. Random checks indicated agreement to 0.10 
atomic pct. 


established the eutectoid temperature to be 832.5° 
+3.5°C, as compared with a value of 830°+2°C de- 
termined by the previous investigation. There is 
concord concerning the eutectoid composition, 4.4 
pet Au. McQuillan reports the maximum solubility 
of gold in equilibrium a solid solution to be approxi- 
mately 3 pct Au as compared with the present 
authors’ result of 1.7 pet Au. There is good cor- 
relation for the temperature of the 6 solid solution/8 
solid solution plus Ti,Au boundary of the 5 pet Au 
alloy. However, we find this phase boundary to 
exist about 40°C higher for the 6 pct Au alloy than . 
is shown in Fig. 1 of Ref. 6. 
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Fig. 18—10 pct Au alloy, annealed at 
700°C for 456 hr and water quenched. 
Islands of TisAu plus matrix of a plus 
TisAu. X250. Area reduced approxi- 
mately 5 pct for reproduction. 


Fig. 19—54 pct Au alloy, annealed at 
1200°C for 24 hr and water quenched. 
Bright particles and dark spots are 
TiAus, matrix is TiAu solid solution. 
Etched with aqua regia. X250. Area 
reduced approximately 5 pct for repro- 


Fig. 20—16 pct Au alloy, heated at 
1447°C for 10 min. Eutectic at grain 
boundaries, prior 8 grains show vari- 
ous degrees of decomposition. X250. 
Area reduced approximately 5 pct for 
reproduction. 


duction. 


Confirmatory evidence has been obtained for exist- 
ence of the intermediate phase TiAu, and the tita- 
nium-rich eutectic mixture in this region of the 
diagram reported by Raub et al.° Melting points for 
TiAu, differ. We have observed 1455° to be the open 


Table Il. Thermal and Mechanical History of Ti-Au Alloys* 


Maximum Time of Heat 


Temperature, °C Treatment, Hr 


1300 1/3 
1300 4 
1250 5 
1200 24 
1100 72 
1000 240 
800 336 
700 456 
600 576 
500 720 
400 720 


* Prior to isothermal heat treatment, the relatively ductile alloys, 
0.5 to 12 pct Au, were cold rolled. All alloys were homogenized at 
1000°C. Up to 25 pct Au, the homogenization time was 10 days. To 
prevent excessive loss of titanium, those alloys richer in gold were 
heated for only 3 to 5 days. 


maximum temperature as compared with approxi- 
mately 1480°C shown in Fig. 8 of Ref. 5. Discrep- 
ancies exist concerning the temperature and com- 
position of the TiAu.-TiAu solid solution eutectic 
established by this investigation (1385°C, 60 pct 
Au) and the work of Raub and co-workers (1480°C, 
47 pct Au). These differences may be due in part to 
the methods of alloy preparation employed. 


Summary 


Ti-Au alloys in the region of composition extend- 
ing from titanium to TiAu, have been studied metal- 
lographically. Observational evidence has been col- 
lected and summarized in the partial constitution 
diagrams and phase equilibria of Figs. 10 to 14. 
The region of the phase diagram which has been 
investigated is characterized by three intermediate 
phases: Ti,Au, TiAu, and TiAu.. Of these, only TiAu 
exists over an appreciable range of composition, and 
the extent of solid solution homogeneity shows a 
marked temperature dependence. All nonterminal 
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phases display open maximum-melting tempera- 
tures: Ti,Au, 1392°C; TiAu, 1490°C; and TiAu,, 
145520: 

There are three eutectics. At the eutectic tem- 
perature, 1368°C, three phases in equilibrium are 
melt, 21 pct Au; £B solid solution, 15 pct Au; and 
Ti;Au, 25 pet Au. A eutectic reaction which occurs 
at 1310°C involves melt, 33 pct Au; Ti,Au, 25 pct 
Au; and TiAu solid solution, 39 pct Au. The last 
eutectic is at a temperature of 1385°C, and phases 
involved are the melt, 60 pct Au; TiAu solid solu- 
tion, 53 pet Au; and TiAu., 67 pct Au. Additions of 
gold lower the transformation temperature of tita- 
nium. At 832.5°+3.5°C a eutectoid reaction occurs in 
which £ solid solution, 4.4 pet Au, decomposes to a 
solid solution, 1.7 pet Au, and Ti,Au, 25 pct Au. The 
solid solubility of gold in equilibrium a decreases 
from 1.7 pct at the eutectoid temperature to less 
than 0.5 pct at 400°C. 
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Correlation of the Tensile Properties of Pure 


Magnesium and Four Commercial Alloys with Their 
Mode of Fracturing 


Tensile tests were conducted on pure magnesium and on four commercial alloys over a 
variety of temperatures and strain rates. The high positive slope of the ductility ys testing 
temperature curves that is found over a short range of testing temperatures for these mate- 
rials was shown to result from the fact that the microstructure was not stable at these testing 
temperatures. Pure magnesium did not display a transition temperature, although its sub- 
room temperature ductility was low. This poor ductility resulted from a grain boundary weak- 
ness. The aluminum-bearing commercial magnesium alloys had a higher ductility than the pure 
magnesium. These alloys did exhibit a transition temperature and grain boundaries that were 
stronger than the grain material. Both pure magnesium and the commercial alloys began initiat- 
ing cracks at strains equal to one half of their fracture strain. 


by M. W. Toaz and E. J. Ripling 


AGNESIUM base alloys’ enormous potential as 
structural materials lies in their high strength 

to weight ratios. At present, the high strength mag- 
nesium base alloys such as AZ-80, which will be 
discussed later, have about as high a tensile strength 
to specific gravity ratio as the highest strength 
wrought aluminum alloy, 75S-T6, and, of course, a 
much higher strength to weight ratio than structural 
steel. Further, since the magnesium base alloys de- 
velop their high strength to weight ratios with mod- 
erate strengths and extremely light weights, the 
ratio of load carrying capacity to the weight of 
many structures is relatively higher for the mag- 
nesium base alloys than their strength to weight 
ratios would indicate. This results because judicious 
increases in section size, such as increasing the depth 
of bending members or adding reinforcing ribs, can 
frequently increase the weight of a structure linearly 
while the strength and stiffness increase as the sec- 
ond or third power of the added weight. Strength 
and rigidity must be designed into lightweight struc- 
tures by those techniques which establish multiaxial 
stress states. Consequently, strong, lightweight struc- 
tures frequently also possess a greater propensity 
toward brittle failures. In order to insure against 
these catastrophic failures, an extra premium must 
be placed on ductility and toughness in light alloys. 
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land. E. J. RIPLING, formerly Assistant Professor, Dept. of Metal- 
lurgical Engineering, Case Institute of Technology, is now with the 
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Current Knowledge of the ductility and toughness 
behaviors—notched behaviors—of magnesium base 
alloys is limited.* Most of the magnesium base alloys 


* The state of present Knowledge regarding the effect of testing 
temperature on mechanical properties has recently been summar- 
ized by Pritchard 


crystallize in the hexagonal system, so that they are 
expected to exhibit a tough and ductile to brittle 
transition temperature. Actually, a transition tem- 
perature behavior has been reported for commer- 
cially pure magnesium in the literature, but the 
characteristics of this transition temperature® sug- 
gest that it may not be a transition in the usual 
meaning, but simply the onset of some thermal soft- 
ening, a performance much like that which face- 
centered-cubic lead might exhibit slightly below 
room temperature. If transition temperatures do 
exist, such important questions as the manner in 
which they are affected by internal variables such 
as chemical composition and grain size, or the effect 
of external variables such as rate of straining or 
notch severity have never been investigated. 

The investigation reported upon herein was under- 
taken in order to define some of the mechanical be- 
haviors of the magnesium base alloys better, to gain 
a better understanding of the influence of some of 
the above listed variables, and particularly to under- 
stand their effect on ductility and toughness better. 


Material and Procedure 
Material—Pure magnesium and four commercial 
alloys were used in this investigation. The alloys 
were selected so that chemically they made up a. 
series with approximately the same minor alloying 
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PURE _MAGNESIUM- ASTM GRAIN SIZE 55 


Fig. 1— Microstructure and 
ASTM grain size of pure mag- 
nesium and the four commer- 
cial magnesium base alloys are 
shown. Grain size is given by 
the comparison method. Speci- 
mens were etched with acetic 
picral etch. X300. Area re- 
duced approximately 30 pct for 
reproduction. 


element contents, zinc and manganese, and increas- 
ing aluminum contents, as shown in Table I. The 
pure magnesium and the alloys were supplied by 
the Dow Chemical Co. as 5% in. diam rods. All tests 
were conducted on the material in the as-extruded 
condition, since this is the condition in which the 
alloys are most generally used. For microstructure 
and ASTM grain size of the alloys see Fig. 1. 


Table I. Composition of Commercial Alloys, Pct 
Element* Pure Mg Zl AZ31 AZ61 AZ80 
Al 0.004 <0.03 2.937 6.717 8.60+ 
Zn. 0.02 0.86; 0.95; 0.81} 0.697 
Mn 0.0037 0.12 0.457 0.297 0.257 
Ca <0.01 <0.01 
Cu 0.0002 0.003 <0.003 <0.003 0.019 
Fe 0.0065 0.0026 0.0014 0.0010 0.0030 
Ni <0.0001 <0.001 0.0006 0.0006 0.0007 
Pb 0.0006 0.003 0.008 0.002 0.002 
Si 0.010 <0.01 <0.05 <0.05 <0.05 
Sn <0.001 <0.01 <0.01 <0.01 <0.01 


* These analyses were supplied by the Dow Chemical Co. 
+ Chemical analyses; otherwise spectrographic. 


Procedure—All tests at the two slowest strain 
rates, 0.05 in. per min and 10 in. per min movement 
of the test machine head, were conducted on a hy- 
draulic tensile machine with the aid of a special 
loading device that produced an eccentricity, dis- 
tance between loading and specimen axes, of less 
than 0.001 in.’ Tests at 100 in. per min were made 
by adapting a hydraulic drawbench to tensile strain- 
ing, and tests at 19,000 in. per min were conducted 
on a specially adapted drop hammer. The eccentricity 
developed during testing at the two high strain rates 
probably was considerably in excess of that de- 
veloped at the slow strain rates. 

The testing temperature for the two slower strain 
rates was maintained by placing a refrigerator or 
furnace around the specimen. The temperature was 
controlled by means of a thermocouple attached to 
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ASTM GRAINSIZE 8.0 


_ AZ-80 “ASTM GRAIN SIZE 65 
the specimen. For testing at the two higher strain 
rates, the test specimen and adapters were cooled 
or heated in an auxiliary refrigerator or furnace. 
After the specimen and adapters reached the proper 
temperature, they were placed in the testing equip- 
ment and strained so that the time interval between 
removal from the furnace or refrigerator and the 
actual straining was approximately 4 sec. 

Ductility was determined by calculations based on 
the specimen diameter and test length, as measured 
on an optical comparator, before and after testing. 
The types of test specimens used in the investigation 
are shown in Fig. 2. 


Tensile Test Results 
Testing Temperature as a Variable—The tensile 
strength, elongation, and contraction in area obtained 
at a slow strain rate are shown as a function of the 
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Fig. 2—Test specimens are illustrated. 


AUGUST 1956, JOURNAL OF METALS—937 


Z-| ASTM GRAIN SIZE 6.0 AZ-3\| ASTM GRAIN SIZE 8.5 
= 


7) 
Qa 
O60 
PURE Mg 
UNNOTCHEO _ TENSILE 
SO TRAIN RATE 0.05 IN / MIN. 
= | 
© 40 
= 
Ng 
20 = 
2 10 
| 
uJ 
uJ 
Qa 
> 
= SS 
@ CONT IN AREA 

30) ELONGATION 

20 | v 

10 

| Ss 
-400 -200 O 200 400 600 800 


TESTING TEMPERATURE °F 


Fig. 3—Tensile properties and microstructures of pure mag- 
nesium tested at a slow strain rate and at a yariety of tem- 
peratures are shown. 
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Fig. 4—Tensile property and testing temperature behavior of 
Z-1 at a slow strain rate are plotted. 


testing temperature in Figs. 3 to 7 for the five mate- 
rials investigated. The 0.212 diam specimens, see 
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Fig. 5—Tensile property and testing temperature behavior 
of AZ-31 at a slow strain rate are plotted. 


Fig. 2, were used for all tests unless otherwise noted. 
At the low testing temperatures, a considerable 
number of the three hard alloy specimens broke 
outside of the reduced section. These undesirable 
fractures were eliminated by the use of 0.150 in. 
diam specimens for tests on the harder alloys at low 
temperatures. 

The curves shown in Figs. 3 to 7 have been re- 
plotted in Fig. 8 so that the tensile properties-testing 
temperature behaviors of the alloys could be com- 
pared. In Fig. 8, the tensile strength-testing tem- 
perature curves exhibit distinctly different shapes 
at low and elevated temperatures, although there is 
some question as to whether or not this is the case 
for the Z-1 alloy. The three aluminum-bearing 
alloys show an abrupt change in the slope of their 
tensile strength-testing temperature curves in the 
vicinity of +150° to +200°F, while pure magnesium 
shows the abrupt change at about —50°F. This is 
approximately the same temperature range in which 
the ductility-testing temperature curves begin their 
rapid rise with increasing temperature, suggesting 
the possibility that the modes of deformation above 
and below this testing temperature are different. 
The difference in contour of fractured specimens 
strained to failure at low and very high tempera- 
tures suggested that the deformation might have 
been largely viscous—hot working—at very high 
temperatures while the test pieces are flowing pri- 
marily plastically at low temperatures. The abrupt 
change in rate at which the tensile strength drops 
with increasing testing temperature may be the re- 
sult of the onset of partial viscous flow. 

To ascertain whether the fast ductility rise and 
strength drop at temperatures above ambient re- 
sulted because the metals were not structurally sta- 
ble at these temperatures or whether it was normal 
transition temperature, some of the fractured speci-. 
mens were examined microscopically. The grain 
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Fig. 6—Tensile property and testing temperature behavior of 
AZ-61 at a slow strain rate are plotted. 


shapes found in the fractured pure magnesium speci- 
mens indicated that the material was being cold 
worked below room temperature, while the metal 
was recrystallizing during the test at temperatures 
above room temperature, as shown by the micro- 
graphs in Fig. 3. An examination of fractured AZ-80 
specimens showed precipitation at the grain bound- 
aries and on crystallographic planes which first be- 
came evident on straining at about +200°F, Fig. 7.+ 


+ At +200° and +300°F, the precipitate appeared to form almost 
entirely on crystallographic planes. At +400°F and above, the pre- 
cipitation formed almost exclusively in the grain boundaries. 


Testing above this temperature increased the amount 
of precipitate, while testing at lower temperatures 
did not seem to produce any strain-induced pre- 
cipitate. Since the temperature at which the metals 
first became microstructurally unstable corresponds 
to the temperatures at which the ductility begins its 
rapid rise and the strength abruptly begins its rapid 
decrease, both of these mechanical behaviors may be 
ascribed to a thermal instability during the test. 
Consequently, the ductility rise at elevated tem- 
peratures is not a transition temperature behavior, 
and pure magnesium does not exhibit a transition 
temperature, at least not in excess of —321°F. Since 
the unalloyed metal only has about 3 to 5 pct duc- 
tility at the lowest testing temperature, it may be 
concluded that even if a transition temperature does 
exist, the ductility level at super and subtransition 
temperatures cannot be significantly different. 
Adding .alloying elements to pure magnesium in- 
creased both its strength and ductility over a rather 
wide range of subroom temperatures. Over much of 
this subroom temperature range the three aluminum 
bearing alloys have the highest ductility of the five 
alloys studied. An abrupt ductility drop occurs in 
these three strongest alloys at temperatures below 
—150°F, however. Since this is a temperature range 
in which no microstructural changes take place in 
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magnesium tested at a slow strain rate and at a variety of 
temperatures are shown. 


the alloys, see photographs in Fig. 7, it must be con- 
cluded that this is a transition temperature. The 
addition of the aluminum makes it possible for these 
alloys to develop transition temperatures by increas- 
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Fig. 8—Comparison is made of the tensile property and test- 
ing temperature behavior of the commercial alloys at a slow 
strain rate. 


ing the ductility of the harder alloys over that found 
in either the unalloyed magnesium or the Z-1. Ap- 
parently these latter materials suffer from some im- 
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Fig. 9—Tensile properties of pure magnesium as a function of 
strain rate are plotted. 
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Fig. 10—Tensile properties of Z-1 as a function of strain 
rate are plotted. 


70 
| 


60 
VA 


*R 


=10°F 


TENSILE STR. 
1000 


gat 


ELONGATION 
PERCENT 


IN AREA 


PERCENT 


CONT. 


10 
10"! 10° io! 107 fo) 
STRAIN RATE IN/MIN 


Fig. 11—Tensile properties of AZ-31 as a function of strain 
rate are plotted. 
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Fig. 12—Tensile properties of AZ-61 as a function of strain 
rate are plotted. 
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Fig. 13—Tensile properties of AZ-80 as a function of strain 
rate are plotted. 
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pediment which prevents the development of a suf- 
ficiently high ductility to allow them to undergo a 
transition. This impediment will be shown in a 
later section to be a grain boundary weakness. It 
is interesting to note that the transition temperature 
for all three of the alloys is the same. Increasing 
the hardness by aluminum additions appears simply 
to raise and then lower the entire ductility level at 
temperatures in the vicinity of room temperature 
and below. The elevated temperature behaviors, of 
course, depend upon the thermal stability of the 
alloys, among other variables. It must be mentioned 
that the alloys differ not only in aluminum content, 
but also in grain size. The highest aluminum alloy, 
which is the one that might be expected to show 
the highest transition temperature, also possesses 
the coarsest grain size of the aluminum-bearing 
alloys. Since the large grain size, like the high alloy 
content, would be expected to elevate the transition 
temperature, the grain size and composition effects 
probably complement each other, indicating that 
neither composition nor grain size variation over a 
wide range are very influential so far as transition 
behaviors are concerned. 


In Pritchard’s recent correlation of the available 
data on the effect of testing temperature on the 
mechanical properties of wrought magnesium alloys, 
all of the magnesium base materials showed a sharp 
ductility rise at moderately high testing tempera- 
tures of the type that is ascribed herein to a thermal 
or microstructural instability. Further, the data on 
pure magnesium given by Haughton and Prytherch‘ 
and Vosskuhler’ also showed the low ductility at 
liquid air temperatures to persist up to approxi- 
mately room temperature, after which the ductility 
again rose abruptly. The abrupt change in slope of 
the tensile strength-testing temperature curve found 
in the harder alloy at about +150° to +200°F was 
never unequivocally shown for any of the alloys be- 
cause a sufficiently large number of tests were never 
conducted in any test series in these earlier studies. 
Although an abrupt ductility drop at low tempera- 
tures, indicating a transition temperature behavior, 
was found only with AZ-61,° this again is attributed 
to the fact that only a few tests were conducted in 
any one test series. 
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Rate of Straining as a Variable—Not only were 
the tensile properties defined as a function of testing 
temperature, but these properties were defined as 
a function of strain rate as well. By conducting some 
tests at room temperature and at one low tempera- 
ture over a variety of strain rates, and other tests 
at a single high strain rate with a variety of testing 
temperatures, the dependence of tensile properties 
on testing temperature and strain rate could be 
completely defined. 


The room temperature and —110°Ft tensile 


t These testing temperatures were selected for testing conveni- 
ence. 


strength, elongation, and contraction in area of the 
pure magnesium and the four commercial alloys 
are shown in Figs. 9 to 13 as a function of strain 
rate. In order to define the dependence of ductility 
on testing temperature and strain rate more com- 
pletely, the elongation and contraction in area vs 
testing temperature curves were also obtained for 
these materials at a strain rate of 100 in. per min 
movement of test machine head, Figs. 14 and 15.§ 


§ It was rather surprising to find that low temperature tests at 
this high strain rate, where little effort was made to produce a high 
degree of concentricity of loading, resulted in no head breaks of the 
0.212 in. diam specimens. 


It is interesting to note, on comparing Figs. 14 and 
15 with Fig. 8, that increasing the strain rate raised 
the transition temperature the same amount, from 
about —150° to —100°F, for all the alloys, so that 
again the transition temperature appeared inde- 
pendent of the composition or grain size of the alloys. 

The most striking feature of the data in Figs. 9 to 
15 is the fact that elevating the transition tempera- 
ture by increasing the strain rate in the aluminum- 
bearing alloys is not at all damaging to the metal’s 
ductility. Although the transition has been moved 
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Fig. 18—Micrographs show fractured pure magnesium specimens strained at a variety of strain rates and temperatures. Speci- 
mens were etched with 5 pct acetic in H2O etch. X300. Area reduced approximately 35 pct for reproduction. 


to a higher temperature, the general increase in 
ductility level at the high strain rates is more than 
enough to offset this. For the three hard alloys, 
—110°F is a supertransition temperature at the slow 
strain rate, and a subtransition temperature at the 
high strain rate, yet in no case is the ductility 
harmed by the high strain rate. This behavior, of 
course, is quite unlike the transition temperature 
found in other products. Steel, for example, is ex- 
tremely strain rate sensitive when tested in the 
vicinity of its transition temperature,’ as is zinc® and 
molybdenum.’ Obviously, the occurrence of a transi- 
tion temperature in magnesium base alloys cannot 
be considered as damaging as it is in other products. 

Despite the fact that the absolute ductility level 
is not impaired by the movement of the transition 
temperature to higher temperatures, it is interesting 
to define the influence of strain rate in locating the 
transition temperature. Wittman and Stepanov” 
suggested that the position of the transition tem- 
perature curves depended on the strain rate in such 
a way that they were linearly related on Arrhenius 
coordinates, that is, a plot of the logarithm of the 
strain rate as a function of the reciprocal of the 
absolute temperature yielded a straight line. Al- 
though only two points were available from the 
curves of Figs. 8 and 15, the strain rate sensitivity 
of the transition temperature in the magnesium base 
alloys is seen to be considerably less than that of 
steels and somewhat less than that of unalloyed 
molybdenum, but greater than that of commercially 
pure zinc, Fig. 16. Greenwood, Miller, and Suiter 
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determined the elongation at various strain rates for 
a magnesium sheet containing 0.2 pct Pb and 0.02 
pet Fe.“ Marked evidence of a transition tempera- 
ture was exhibited by this material, as shown by 
their results in Fig. 17.** An Arrhenius plot of their 


** Although the temperatures at which these curves are most 
positive are about the same as those at which the commercial alloys 
used in the present investigation were microstructurally unstable, 
the micrographs presented by Greenwood, Miller, and Suiter indicate 
that these alloys were stable. 


data indicated that the strain rate dependence of the 
transition temperature was the same as obtained for 
the commercial alloys in this project, Fig. 16. 


Microscopic Investigation 

It may be concluded from the foregoing discussion 
of the tensile properties of the magnesium base alloys 
that the performance of these materials is not greatly 
harmed by adverse straining conditions. Actually, 
low testing temperatures and high strain rates are 
not as damaging to these alloys as they are for most 
other non-face-centered-cubic materials. The great- 
est shortcoming of the magnesium base alloys ap- 
pears to be their moderate ductility under ideal 
straining conditions—slow, uniaxial tension at room 
temperature. 

Examination of Fractured Specimens—TIn an at- 
tempt to find the basis for this poor behavior, the 
microstructures of a number of the fractured speci- 
mens of the alloys whose mechanical properties have 
been given were examined. Specimens strained to 
failure at a variety of strain rates and testing tem-_ 
peratures were examined to gain some insight into 
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Fig. 19—Micrographs show fractured AZ-80 magnesium alloy specimens strained at a variety of strain rates and temperatures. 
Specimens were etched with 5 pct acetic in H2O etch. X300. Reduced by the author approximately 45 pct; area reduced approxi- 


mately 35 pct for reproduction. 


the fracturing mechanism by an observation of the 
metal in the vicinity of the fractured surface. 

The alloys lent themselves to such a study, be- 
cause in addition to the main fracture which led to 
eventual failure, a large number of side cracks or 
cavities were formed in these alloys. It was assumed 
that an examination of these smaller cavities in the 
vicinity of the main fracture which led to failure 
would indicate the manner in which the primary 
crack originated. 

The microstructures of some of the fractured pure 
magnesium specimens are shown in Fig. 18, with tie 
lines indicating both the conditions under which the 
specimens were strained and the ductility possessed 
by the fractured specimens. 

All of the test pieces which were not completely 
recrystallized showed grain boundary cavities. There 
was no evidence of intragranular cavities, even for 
specimens tested at the lowest temperatures and 
highest strain rates available, although these are the 
testing conditions that most generally lead to trans- 
granular fractures. Intergranular cavitation was 
found in all directions to that of the applied load, 
but there was a prevalence of cavities which had a 
large component perpendicular to that of the tensile 
stress axis. 

Examination of the Z-1 alloy also revealed a pre- 
ponderance of grain boundary cavities, although 
there is the possibility that some intragranular 
cavities might be present in the specimens of this 
alloy as well. 
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Pure magnesium and the Z-1 specimens which 
were tested at an elevated temperature, +400°F, at 
either a high or low strain rate, under which condi- 
tion the specimens were extremely ductile, also ex- 
hibited cavities as shown by the micrographs at the 
top of Fig. 18. 

Under this ductile straining condition, the cavities 
were all long and narrow, with their long direction 
more or less parallel to the direction of the speci- 
mens’ extension. The width of these cavities sug- 
gests that they formed by a separation of two un- 
recrystallized grains early in the strain life of the 
specimen, after which their width decreased and 
their length increased in proportion to the overall 
shape change of the specimen. If this is the case, 
intergranular cavities form at all temperatures and 
strain rates in pure magnesium and Z-1 alloy, but 
these cavities are able to grow in a direction trans- 
verse to that of the applied stress only under the 
testing conditions which produce low ductility. This 
suggests that the difference between ductile high 
temperature deformation and brittle low tempera- 
ture deformation is determined mainly by the man- 
ner in which the cavities grow. 

It was difficult to develop a good grain boundary 
definition of the strained AZ-31 specimens, so that 
the location of the cavities, inter or intragranular, 
was difficult to ascertain for this alloy. 

The microstructures of the two hard commercial 
alloys, AZ-61 and AZ-80, indicated that initial 
cracking or cavitation was intragranular. The micro- 
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Fig. 20—Crack formation in pure magnesium specimens strained slightly less and slightly more than required to form the first 
microcrack at three different temperatures is shown in micrographs. Specimens were etched with 5 pct acetic acid. X300. Area 


reduced approximately 25 pct for reproduction. 


structure of a number of fractured AZ-80 specimens 
is shown in Fig. 19. In these alloys, again, the posi- 
tion of the cavities did not appear dependent on the 
straining condition for those specimens that did not 
recrystallize or produce a grain boundary precipitate 
during the test. 

In the preceding discussion of the mechanical 
properties of pure magnesium and Z-1 alloy, it was 
suggested that some impediment exists that hinders 
the development of a ductility sufficiently high at 
room and subroom temperatures to allow these 
metals to produce a transition temperature. Appar- 
ently this impediment is a weakness of the grain 
boundaries over a wide range of straining conditions. 

Examination of Prestrained Specimens—Since the 
fracturing behavior of the magnesium base alloys 
appears to be so strongly dependent on the above 
described inter and intragranular cavities, a series 
of pure magnesium—intergranular cavitation—and 
AZ-80 alloy—intragranular cavitation—specimens 
were stretched different amounts at a variety of 
temperatures, after which the stretched pieces were 
sectioned and microscopically examined for cracks. 
The microstructures of a few of the stretched pure 
magnesium specimens are shown in Fig. 20, while 
the structures of a few of the AZ-80 specimens are 
shown in Fig. 21. The deformation necessary to pro- 
duce the first visible crack is shown as a function of 
the testing temperature in Fig. 22. 

Pure magnesium cracks at about one half of its 
fracture ductility at temperatures from the lowest 
investigated, —321°F, to approximately room tem- 
perature. At elevated temperatures, a considerably 
smaller portion of the total strain is used to initiate 
cracks, while the added deformation in the presence 
of the crack is quite large. 

The AZ-80 appeared to initiate cracks consistently 
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at one half of its fracture ductility at all testing 
temperatures. 

Surface cracks were formed in both alloys at about 
the same strain as that at which visible interior 
cracks were formed. 

The intergranular cracks found in pure magnesium 
in this investigation were different in two respects 
from those which Greenwood, Miller, and Suiter 
found to form at somewhat higher temperatures in 
a brass, copper, and a magnesium alloy. The cracks 
that these authors described were not smooth sided, 
nor were they generally one grain long. The cavities 
described by these authors appeared to form around 
some subgrain structure rather than around a com- 
plete grain. Further, they found that failure oecurs 
soon after cavities appear, while in this investigation 
the ductility in the presence of cavities was quite 
high. 

Conclusions 

1) Pure magnesium does not exhibit a tensile 
transition temperature, at least not above —321°F. 
At —321°F, the ductility of the metal is so low, 3 to 
5 pet, that if a transition does exist below this tem- 
perature, the difference between sub and super- 
transition behaviors would be slight. 

2) The aluminum-bearing commercial alloys, 
AZ-31, AZ-61, and AZ-80, do exhibit a transition 
temperature, although the occurrence of a transition 
temperature in these alloys is not as damaging as in 
most other metals. 


3) The ductility of all of the alloys increases 
abruptly with increasing testing temperature at 
temperatures slightly above ambient. This ductility 
rise results from a microstructural instability—re- 
crystallization, etc., during straining—of the metals 
at the testing temperature. : 
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Fig. 21—Crack formation in AZ-80 specimens strained slightly less and slightly more than required to form the first microcrack 
at three different temperatures is shown in micrographs. Specimens were etched with 5 pct acetic acid. X300. Area reduced ap- 


proximately 25 pct for reproduction. 
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4) The poor ductility of pure magnesium, and 
possibly of the Z-1 alloy, at subzero temperatures 
results from a grain boundary weakness that pro- 
duced intergranular cracking at small strains. Crack- 
ing in the more ductile aluminum bearing alloys, 
AZ-31, AZ-61, and AZ-80, is intragranular. 


5) So long as the metals are structurally stable 
at the testing temperature, the type of cracks that 
form on deformation are independent of the tem- 
perature and strain rate, and are dependent only on 
the alloy composition. 


6) Cracks were formed in the metals on high 
temperature straining, but these cracks grew in a 
direction parallel, rather than transverse, to the 
applied stress. 


7) In general, the strain necessary to initiate a 
crack was equal to one half the fracture strain of 
the metal. 
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Dislocations in Plastically Bent Germanium Crystals 


Densities and distributions of dislocations in plastically bent germanium crystals before and 
after annealing were studied. In the bent and annealed crystals, the theoretical relationship be- 


tween radius of curvature and density of dislocations € a 


] 


) is confirmed. Before annealing, 
rb 


however, more dislocations are present than required, and these are distributed with a minimum at 
the neutral axis and maxima at the top and bottom surfaces. On annealing, three significant changes 
occur in the bent bars: 1) the average dislocation density is reduced, presumably by the annihila- 
tion of opposite signs; 2) dislocations migrate from the high density outside regions toward the low 
density neutral axis, thus producing the equilibrium distribution of dislocations; and 3) a polygonized 
structure is formed by movement of the dislocations into walls normal to the slip plane. 


by Fl -Vogel, Jr. 


TCHING to reveal edge dislocations’® offers a 

unique opportunity to study, in germanium sin- 
gle crystals, the functioning of dislocations in plastic 
deformation. Plastic bending is ideally suited to this 
purpose because it produces a static array of edge 
dislocations in an ideally plastic material which is 
predictable from the theory.*°® Nye’ has given a 
rather complete treatment of the geometry of bent 
crystals in terms of dislocations. The density of ex- 
cess dislocations is related to the radius of curvature 
of the slip plane of a bent crystal, as shown in Fig. 
1, assuming the absence of macroscopic elastic 
stresses. The curvature of any plane in the zone of 
the bend axis is found by resolving the Burgers vec- 
tor into that plane, so that for the usual case where 
the slip plane is inclined at some angle @ to the neu- 
tral plane of the bar, the equation 


1 
[1] 


cos 6 
applies, with r equal to the radius of curvature of 


F. L. VOGEL, JR., Member AIME, is with Bell Telephone Labo- 
ratories, Murray Hill, N. J. 
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ara 


Fig. 1—Bending pro- 
duced in simple cubic 
lattice by edge dis- 
locations: p = 
density of edge dis- 
locations, r = 
radius of curvature 


of slip plane, and 


b = Burgers vector. 


the neutral plane of the bent crystal. Two predic- 
tions which are relevant to this study may be made 
from Eq. 1. First, in crystals bent to various radii, 
the average excess dislocation density is inversely 
proportional to the radius and second, for a bar bent 
to a radius which is large compared with its thick- 
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Fig. 3—Diagram illustrates bending apparatus. 


ness, the dislocation density should be uniform 
across the bar. 

The requirement that macroscopic elastic stresses 
be absent in the bent crystals may be satisfied’ by 
annealing for extended times at a temperature 
where the yield strength of the material is very low. 
Therefore, Eq. 1 was tested experimentally by 
bending small germanium crystals to various, radii, 
annealing, and measuring the 
densities. 

Experimental 

Single crystal | bars. of. germanium having 0. 15x0, 15 
cm sq.cross sections, 3.2 cm long,..were cut and then 
surface ground by hand with. 600. mesh Carborun- 
dum...These operations. could be. performed without 
more than superficial damage, because germanium, is 
completely brittle at room temperature. The crys- 


tals were oriented as shown in Fig. 2 with the (111) 
slip plane inclined at 42° :to the neutral: plane.and a 
<110> slip direction at 42° to the neutral axis, This 
orientation was selected for two reasons; ; 1).slip 
on only one set of glide planes can oceur on-bending, 
and 2) the edge dislocations: produced. lie parallel 
to the <112> bend: axis, which simplifies analysis. 

The bars were deformed in':an apparatus shown 
schematically in Fig. 3. Each specimen rested* on 
graphite end blocks 3 em’ apart and was. heated by 
the passage of an electric current controlled by a 
Variac. Heating of the specimens’ was necessary to 
raise their temperature to the vicinity. of 550°C, 
where germanium is easily deformed. A’ static-load 

was applied through.a pair of steatite. knife edges. 1 
cm apart. A simple beam loaded in this manner has 
a uniform shear stress and: will therefore bend into 
circular aré between’'the loading’ points. The de- 
flection was measured on a dial. gage and was. used 
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to calculate the radius of curvature of the bars, as- 
suming that the central section was an arc of a circle 
and the outside sections were straight. In executing 
the experiments, specimens were placed on the 
graphite blocks, the loads applied, and the tempera- 
tures increased until the predetermined deflections 
were obtained. Each bar was at the elevated tem- 
perature for less than 1 min. In this manner, four 
bars were bent to radii of 3. 4, 5.2, 14.3, and 28.2 cm. 

The intersection of an edge dislocation with a 
{111}.surface of a germanium crystal can be made 
visible as a conical pit by polish-etching with CP-4." 


Therefore, each crystal was cut to expose the (111), 


which is almost normal to the <112> bend axis, 
by means of an optical goniometer adapted for cut- 
ting and grinding. The specimens with (111) faces 
exposed were then mounted in Bakelite and polish- 
etched in CP-4 to reveal the edge dislocations. A 
series of contiguous micrographs at X1000 running 
normal to the neutral axis was taken on each speci- 
men. The local dislocation densities were measured 
as functions of distance from the neutral axis by 
counting the number of dislocation etch pits on the 
micrographs in 2.5x2.5 em areas located at about 10 
cm ‘intervals. Dislocation densities on (111) were 
then corrected to densities on (112) by dividing by 
cos 19° = 0.946. No correction for the dislocation 
density present prior to deformation was required 
since the density observed on {111} in undeformed 
germanium crystals is typically ~10* per cm’, where- 
as all of the densities encountered in this investiga- 
tion were in excess of 10° per cm’. 

~ ‘The specimens which were used in examining the 
as-bent state could not be used for the annealing 
experiments, since they could not be removed from 
their Bakelite mountings. Therefore, seven addi- 
tional crystals were bent as before to radii ranging 
from 5 to 20 cm, and were subsequently annealed in 
vacuum for 3 days at 800°C. After annealing, each 


specimen was ground to expose (111), mounted, 
polish-etched in CP-4, and examined for dislocation 
density in the same manner as the bent samples. 


Results and Discussion 


A section on (111) of a typical bent crystal etched 
to reveal the edge dislocations is shown in Fig. 4. 
The dislocation etch pits are aligned in the traces of 


the active (111) slip planes.‘ However, the distribu- 
tion of dislocations normal to the neutral axis is not 
that predicted by Eq. 1 for the bending of an ideally 
plastic material. In the bent crystal shown there are 
almost no dislocations along the neutral axis, signi- 
fying that there is no plastic deformation along the 


Fig. 4—Micrograph 
shows dislocation 
etch pits viewed on 
(111) face of ger- 
manium crystal bent 
around [112] axis 
to radius of 14.3 
cm; CP-4 polish- 
etch. Dislocations 
are aligned in traces 
of active slip plane. 
Neutral axis ‘of bar 
lies along bottom: 
edge. X150- Area 
reduced :approxi- 
mately 25: pct for 
reproduction. 
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tral axis for various 
radii of curvature 
of bent and un- 
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neutral axis. At increasing distances normal to the 
neutral axis the density of dislocations increases in 
correspondence with the strain. This distribution 
was found in all of the bent crystals, as shown in 
Fig. 5. The form of this distribution is explained 
with reference to Fig. 6. In Fig. 6a the total strain, 
€:, is assumed to be roughly proportional to the dis- 
tance normal to the neutral plane. The elastic strain, 
€., curve is similar in shape to the stress-strain curve 
for the material. The difference in strain between 
these two curves at any point is the plastic strain at 
that point. The form of the plastic strain vs distance 
from the neutral axis curve is given by Fig. 6b as 
obtained from Fig. 6a. Assuming that all of the dis- 
locations are of the same sign, the plastic strain at 
any point is proportional to the number of disloca- 
tions which have glided through that point. There- 
fore, the slope of the plastic strain curve at any 
point is proportional to the dislocation density, or 
Fig. 6c is derived from Fig. 6b by differentiation. 
The same type of dislocation distribution in a bent 
crystal is deduced from this analysis, as was found 
experimentally. The fact that all of the dislocations 
are not of the same sign does not destroy the quali- 


€e Ey 


PLASTIC STRAIN 


DISLOCATION DENSITY 


(C) 


Fig. 6—Schematic representation of several parameters in 
bent crystal beam: a) total strain, «:, and elastic strain, €c, 
as a function of distance normal to neutral axis, C; b) plastic 
strain, ep, as a function of distance from neutral axis, C; 
and c) dislocation density, p, as a function of distance from 
neutral axis, C. 
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Fig. 7—Micrograph 
shows dislocation 
etch pits on (111) 
face of crystal bent 
to radius of 5 cm, 
then annealed 3 days 
at 800°C. Disloca- 
tions are aligned in 
traces normal to the 
active slip plane. 
Neutral axis of beam 
lies along bottom 
edge. X250. Area 
reduced approxi- 
mately 25 pct for 
reproduction. 


tative conclusions of this treatment. The presence of 
residual elastic stresses prevents the equilibrium 
case described by Eq. 1 from obtaining. 

Measured average dislocation densities of the 
bent bars were consistently higher than the values 
predicted for pure plastic bending, as shown in 
Table I. This discrepancy is attributed to the pres- 
ence of dislocations of the minority sign which are 
trapped inside the crystal and are thus counted. At 
the earliest stage of plastic bending, the dislocation 


Table I. Average Dislocation Densities in Bent Crystals 


Calculated 
Density Observed 
of Excess Density ef 
Radius of Dislocations, Dislocations, 
Bend, Cm 10° per Cm? 10° per Cm? 
3.4 7.8 12.8 
5.2 6.8 9.6 
14.3 1.9 5.6 
28.2 0.9 2.3 


sources at the surface of the beam operate because 
the stress is greatest there. As the material at the 
outside deforms, sources farther in become active 
when their critical stresses are exceeded. Minority 
sign dislocations from sources nearer the neutral 
axis having a greater distance to travel are more 
likely to be retained in the bar and be counted. 

On annealing, several striking changes are appar- 
ent by comparing Fig. 7 with Fig. 4. The dislocation 
density distribution is completely changed after an- 
nealing to one in agreement with Eq. 1. This change 
requires that the dislocations on the high density 
outside regions of the bar migrate to the neutral 
axis where the density was low. Further, after an- 
nealing, it is observed that the dislocations are no 
longer aligned in the slip planes, but have climbed 
into polygonized arrays normal to the slip plane.’ 
This observation of migration and polygonization 
demonstrates in a convincing way the mobility of 
dislocations at elevated temperatures. 

A third change on annealing is not as obvious 
from comparison of the micrographs. The average 
dislocation densities of the bent crystals are reduced 
to values which are in good agreement with those 
predicted by the theory for pure plastic bending, as 
shown in Fig. 8. This reduction must occur by an- 
nihilation of dislocations of opposite sign until only 
those of the majority sign remain. Thus, the simple 
situation described by the theory is obtained after 
the annealing, which removes the residual elastic 
stresses and the minority sign dislocations. 
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A mechanism which will produce an array of 
edge dislocations which satisfies the forces imposed 
by bending may be described as follows:* When a 


* This mechanism was arrived at in discussion with J. N. Hob- 
stetter. 


bending couple is applied to a single crystal beam, 
the shear stress on a given slip plane inclined to the 
neutral plane is opposite in sense on opposite sides 
of the neutral plane. This shear stress is zero at the 
neutral plane and rises to a maximum at the outside 
surfaces of the beam. As the bending moment is in- 
creased, a critical stress is reached for the operation 
of dislocation generators such as the Frank-Read 
sources, Dislocation rings having edge and screw 
orientations of both signs then emanate from the 
source, a and b in Fig. 9. The ring expands under the 
influence of the applied stress, the edge orientation 
of one sign and the screw orientations of both signs 
moving to the outside surfaces of the bar, where 
they are rejected. This leaves segments of edge ori- 
entation of the sign, c, d, and e in Fig. 9, which are 
moved inward by the shear stress on the slip plane. 
They move toward the neutral axis to the point 
where the stress can no longer support their motion. 
Thus, by rejection of certain parts of the dislocation 
ring, an excess or majority of edge dislocations of 
the sign which accommodates the bending imposed 
by the applied forces is produced. 


Conclusions 
1) In bent and annealed germanium single crys- 
tals the observed dislocation density agrees with 
that given by the derived relationship p = 


r:b 

2) Prior to annealing, dislocations of both signs 
are present in the bent bars. They are distributed in 
an array determined by the plastic strain. 

3) On annealing, three changes occur: a) there is 
a reduction of total number of dislocations dem- 
onstrating the annihilation of opposite signs, b) 
the dislocations redistribute themselves uniformly 
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Fig. 9—Formation of excess edge dislocations on bending by 
expansion of dislocation rings and rejection of certain ori- 
entations: a) slip plane is shown in perspective; b) section 
cutting dislocation rings is shown in edge orientation. Letter- 
ing in diagram, a, b, c, etc., represents successive positions 
of dislocations coming from source, S. 


throughout the cross section, and c) a polygonized 
structure is formed by alignment of the dislocations 
into walls normal to the slip planes. 
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Correction 


In the May 1956 issue: TP 4085E. Evidence for Solidification of a Metastable Phase in Fe-Ni Alloys 
by R. E. Cech. On p. 586, captions for Figs. la and 1b have been transposed. Caption for Fig. la is for Fig. 


1b, and caption for Fig. 1b is for Fig. la. 
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The distribution of sulfur in iron was found to be dependent upon the time and temperature of 
the treatment as well as the chemical composition of the sulfide.. With higher temperatures, the 
sulfide phase spreads more extensively between the iron grains. A complete network, however, does 
not form until approximately 1300°C (2372°F), at which temperature the dihedral angle approaches 
zero. Silicon has little effect on this change. Aluminum, oxygen, and manganese all modify the 
temperature of sulfide network formation to a higher value. The microstructures which result and 
have significance in relation to hot-shortness are discussed. ae 3 


by Alfred S. Keh and Lawrence H. Van Vlack 


ULFIDE inclusions in steel were recognized by 

metallurgists before the turn of the century. 
Considerable attention has been paid to them, and 
numerous studies have been made on the working 
properties of steel as affected by them. It has been 
suggested that hot-shortness of steel is due to the 
presence of an enveloping liquid sulfide film at the 
grain boundaries of the steel in the range of the hot- 
working temperatures. However, several facts have 
been observed in commercial steels which do not 
seem to be completely consistent with this explana- 
tion: 1) the frequent absence of continuous films of 
sulfide as observed under the microscope, 2) the 
absence of hot-shortness in some high sulfur and 
resulfurized steels, and 3) the limitation of hot- 
shortness to a definite temperature range. The role 
that manganese plays in steel to eliminate hot- 
shortness is well known, but the theory behind it 
is still under question. Moreover, the effect of de- 
oxidizers such as aluminum and silicon, and the 
effect of oxygen are still not clearly known. 

In this study, the effect of heat treatments and of 
additions of manganese, aluminum, silicon, and 
oxygen upon the distribution of sulfide inclusions in 
iron was investigated. Both the as-cast and the heat 
treated structures were studied, using microscopic 
and autoradiographic techniques. Part of the results 
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Fig. 1—Fe-S diagram is plotted after Chipman’ and Rosen- 
qvist'and Dunicz.'° 


were interpreted in terms of Smith’s’ concept of 
microstructure. 
Review of Literature 

Metallurgists used to consider sulfide inclusions as 
suspended particles. It was Wohrman* who first 
pointed out that sulfide inclusions are svluble in 
liquid iron. Many observed facts may be understood 
on the basis of this concept of solubility. Wohrman 
found that small castings contain small inclusions, 
and larger castings contain larger ones. Also, inclu- 
sion sizes are smaller near the chilled surface. For 
the same size ingot, the average inclusion size in a 
given heat of steel depends upon the rate of solidi- 
fication. That is, with slow solidification, enough - 
time for precipitation and agglomeration of these 
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Microstructure of Iron-Sulfur Alloys 
1 
| 


inclusions is available. These findings were later 
confirmed by Sims and Lillieqvist.’ 


Although the fact that sulfide inclusions are soluble 
in liquid iron has been accepted for some time, their 
solubility in solid iron was generally considered to 
be negligible. Ziegler‘ was one of the first to propose 
that most types of inclusions may be dissolved in y- 
iron to some extent, and precipitate upon cooling at 
the grain boundaries, thus producing a network of 
inclusions. Wohrman did not accept this idea, and 
showed evidence that sulfide inclusions sometimes 
cross the grain boundaries of iron. However, his 
observations were on grains of a-iron, which differ 
appreciably from the primary iron grains at the first 
stage of solidification. The fact that iron sulfide 
tends to form a continuous network at the grain 
boundaries of the primary iron crystals or in the 
dendritic fillings was accepted by many, including 
Sims and Lillieqvist, Benedicks and Lofquist,° and 
others, after Ziegler’s investigations. 

The effect of deoxidizers upon the structure of 
sulfide inclusions in iron was studied by Sims, Saller, 
and Boulger,’ and by Crafts and his co-workers.” * 
The former group found three types of sulfide inclu- 
sions in cast steel. Type I, a globular form, was con- 
sidered to be characteristic of silicon-killed steel; 
type II eutectic sulfide was typical in steels de- 
oxidized with small amounts of aluminum, zir- 
conium, or titanium; and type III angular sulfide 
was found in steels containing residual amounts of 
aluminum and zirconium. Crafts and his associates 
suggested a classification of oxide and sulfide inclu- 
sions into five different types; i.e., silicate, eutectic, 
galaxy, alumina, and peritectic types. Different 
mechanisms of inclusion formation due to deoxida- 
tion were postulated by the Sims and Crafts groups. 
The first group assumed that oxygen lowered the 
solubility of sulfur in the molten metal so that the 
sulfide would precipitate last in the eutectic form. 
If there were an excess of aluminum, they con- 
tended, the compositions of the sulfides would under- 
go a change, and aluminum sulfide would form and 
combine with the Fe-Mn sulfide. They concluded 
that the solubility of this complex sulfide decreased, 
and that it precipitated earlier than in the case of 
type II sulfides. This resulted in angular type III 
sulfides. The Crafts group explained the formation 
of various types of inclusions by different schemes 
of precipitation based upon a series of schematic 
solidification diagrams, and supported their inter- 
pretations on the basis of micrographic analyses. 

The Fe-S equilibrium relationships are summa- 
rized in Fig. 1. This diagram is a composite based 
upon the standard Fe-S diagram in the Metals 
Handbook,’ and upon the work of Rosenqvist and 
Dunicz,” in which they show the range of solid solu- 
bility of sulfur in iron. 

The ternary relationships between iron, manga- 
nese, and sulfur have been quite widely examined. 
Two studies, by Vogel and Hotop,” and by Wentrup,” 
show an extension of the miscibility gap from the 
manganese sulfide side across the diagram almost 
to the iron sulfide boundary, Fig. 2. They differ 
somewhat in that Wentrup extends the immiscible 
region beyond the eutectic line between the primary 
iron and the primary MnS phases. 

The Fe-Si-S diagram and the Fe-Al-S diagram 
are generally similar to the Fe-Mn-S diagram, al- 
though their details have not been worked as com- 
pletely, Vogel and co-workers.” “ 
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Fig. 2—Fe-Mn-FeS-MnS diagram is plotted after Vogel and 
Hotop.” 


Fig. 3—Furnace ar- 
rangement for melt- 
ing iron alloys is 
illustrated: 1) gas 
outlet, 2) rubber 
stopper, 3) Pyrex 
tube, 4) gas inlet, 
5) induction coil, 

6) specimen (iron 
capsule), 7) Alundum 
thimbles, 8) Fiber- 
frax, 9) porcelain 
sleeve, and 10) 
firebrick. 


scace: 


Hilty and Crafts” have made the most recent con- 
tribution to the Fe-O-S system, and show a misci- 
bility gap extending from the Fe-O side well into 
the three component regions. Outside of this, there 
is a typical ternary eutectic system. More recently, 
Hilty and Crafts” have shown that the addition of 
manganese to the Fe-O-S system probably extends 
the miscibility gap completely across the diagram 
from the metal oxide side to the metal sulfide side. 

Van Vlack” pointed out that the shape of iron 
sulfide inclusions within iron might be interpreted 
on the basis of Smith’s’ analysis of microstructure. 
At 1300°C, the sulfide liquid spread between most 
of the iron grains, indicating that the energy of the 
liquid iron interface had decreased to one half or 
less of the intergranular energy of iron. If oxygen 
was present with the sulfur in the liquid, the rela- 
tive interfacial energy at 1300° did not drop to less 
than one half. Therefore, the liquid did not spread 
completely between the iron grains. This was attri- 
buted in part to the fact that oxygen-free liquid is 
richer in iron than the oxygen-containing liquid at 
1300°C. 

Experimental Procedures 

Vacuum-melted iron (Ferrovac E) in the form of 
Y% in. diam cold-drawn rods was used in this inves- 
tigation. Its analysis was given as 0.005 pct C, 0.0037 
pet O, and 0.00008 pet N. The sulfur, S*; aluminum; 
silicon; and manganese were of chemical purity, 
99* pct. 
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Fig. 4—Micrograph shows fine disper- 
sion of iron sulfide with 0.05 pct S, as- 
cast. X500. Area reduced approxi- 
mately 35 pct for reproduction. 


Fig. 5—Micrograph shows fine disper- 
sion of iron sulfide with 0.12 pct S, as- 
cast. X500. Area reduced approxi- 
mately 35 pct for reproduction. 


Fig. 6—Micrograph shows globular sul- 
fide inclusions plus fine sulfide disper- 
sion with 0.17 pct S, as-cast. X500. 
Area reduced approximately 35 pct for 
reproduction. 


Fig. 7—Micrograph shows globular and 
intergranular sulfide inclusion with 0.42 
pct S, as-cast. X250. Area reduced ap- 
proximately 35 pct for reproduction. 


Fig. 8—Micrograph shows cell wall 
structure of iron sulfide with 0.80 pct 
S, as-cast. X250. Area reduced ap- 
proximately 35 pct for reproduction. 


Fig. 9—Micrograph shows segregation 
of iron sulfide at grain boundaries in a 
slow cooled ingot. Specimen contained 
0.40 pct S, as-cast. X250. Area re- 
duced approximately 35 pct for re- 
production. 


Fig. 10—Micrograph shows nonequilib- 
rium sulfide structure at 850°C. Speci- 
men contained 0.80 pct S, and was 
heated at 850°C for 135 hr, then 
quenched. X250. Area reduced ap- 
proximately 35 pct for reproduction. 


Fig. 13—Micrograph shows sulfide in- 
clusions at iron grain boundaries. Speci- 
men contained 0.50 pct S, and was 
heated at 1050°C for 50 hr, then 
quenched. X2000. Area reduced ap- 
proximately 35 pct for reproduction. 
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Fig. 11—Micrograph shows equilibrium 
structure of iron sulfide at 850°C. 
Specimen contained 0.80 pct S, and was 
heated at 850°C for 1000 hr, then 
quenched. X250. Area reduced ap- 
proximately 35 pct for reproduction. 


Fig. 14—Micrograph shows sulfide in- 
clusions at iron grain boundaries. Speci- 
men, containing 0.17 pct S, was heated 
at 1050°C for 50 hr, quenched, then 
etched in 5 pct nital. X1000. Area re- 
duced approximately 35 pct for repro- 
duction. 


Fig. 12—Micrograph shows angular iron 
sulfide structure. Specimen contained 
0.80 pct S, and was heated at 950°C 
for 140 hr, then quenched. X500. Area 
reduced approximately 35 pct for repro- 
duction. 


Fig. 15—Micrograph shows sulfide in- 
clusions at iron grain boundaries. Speci- 
men contained 0.80 pct S, and was 
heated at 1050°C for 50 hr, then 
quenched. X250. Area reduced approxi- 
mately 35 pct for reproduction. 
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In certain samples, the radioactive isotope of sul- 
fur, S®, was used. This isotope has a half-life of 
87.1 days, with a 6 radiation of 0.166 mev, and was 
obtained in two different forms with different levels 
of specific activity. The low activity form was ele- 
mental and was produced in the nuclear reactor 
through the reaction S*(n,y)S*. It has a specific 
activity of approximately 0.3 microcuries per g of 
sulfur. The high activity form was produced by the 
reaction Cl”(n,p)S*, and was dissolved in benzene, 
which had to be removed by evaporation before use. 
It had a specific activity of 3530 microcuries per g. 
Both types of sulfur were obtained from the Oak 
Ridge National Laboratory. Iron sulfide was pre- 
pared from the sulfur before melting into the alloy. 
In this manner sulfur was not lost by volatilization 
during melting. When the high activity S® was used, 
it was diluted with the nonactive sulfur by a factor 
of 70 to 1. This mixture gave an activity of 50 
microcuries per g (= 11 disintegration per hr per 
#3), which was considered suitable for autoradio- 
graphic work by Towe, Gomberg, and Freeman.“ 

Additions were made to the Ferrovac iron by 
drilling holes and inserting alloys into the ends of 
3% in. bars. These holes were plugged shut. Then 
the iron capsule was melted in an induction furnace 
with the arrangement shown in Fig. 3. All the melt- 
ings were done in purified argon atmosphere which 
was passed over titanium chips at 1800°F as an 
oxygen getter. 

Specimens for heat treatment were cut from the 
full cross section of the small ingots, and were heated 
in vacuum-sealed tubes. The heat treating time 
varied from 15 min to 1000 hr, depending upon the 
temperature involved. 

The specimens for radioactive tracer work were 
prepared in a manner similar to that for metal- 
lographic work, except that the Bakelite mounts 
were thinner and cured at a higher temperature 
and pressure. The surface disintegration count was 
obtained by means of a gas flow counter. The strip- 
ping film technique was used in this investigation. 
The detailed procedures were described by Towe™ 
and Yukawa.” It includes coating the specimen with 
a thin layer of plastic, putting on the stripping film, 
exposing it in the dark to the 8 rays from the sulfur, 
and then developing it. This process has an inherent 
high resolution characteristic because the emulsion 
of the film is very thin and in close contact with the 
specimen. 


Results and Discussion 


Distribution of Sulfur in Iron—As-Cast Struc- 
tures: In the as-cast specimens, the iron sulfide ap- 
peared in two different forms depending on the 
sulfur content and the rate of cooling after melting. 
Up to 0.17 pct S, the inclusions were essentially in 
the globular form. This is shown in Figs. 4 to 6. 
The smallest sulfide particles that could be observed 
under the microscope had diameters in the order of 
0.25 ». As the sulfur content in the ingot was in- 
creased, intergranular iron sulfide was observed as 
shown in Fig. 7. With still more sulfur in the melt, 
a cellwall structure of iron sulfide was obtained as 
shown in Fig. 8. In addition, globular, sulfides still 
could be found inside the grains. In the slow cooled 
ingot, the segregation of sulfide inclusions to the 
grain boundary was more pronounced than in the 
quickly cooled ingots. Compare Fig. 9 with Fig. 7. 
~The formation of these two structures of iron 
sulfide in iron can probably be explained by the 
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Fig. 16—Micrograph 
shows discontinuous 
sulfide network. 
Specimen contained 
0.80 pct S, and was 
heated at 1200°C 
for 3 hr, then 
quenched. X250. 
Area reduced ap- 
proximately 35 pct 
for reproduction. 


Fig. 17—Micrograph 
shows continuous 
sulfide network. 
Specimen contained 
0.80 pct S, and was 
heated at 1300°C 
for 1 hr, then 
quenched. X250. 
Area reduced ap- 
proximately 35 pct 
for reproduction. 


Fig. 18—Micrograph 
shows iron sulfide 
film between austen- 
ite grains. Specimen 
contained 0.05 pctS, 
and was heated at 
1300°C for 3 hr, 
then quenched. 
X250. Area reduced 
approximately 35 pct 
for reproduction. 


Fig. 19—Autoradio- ... 
graph shows iron 
sulfide film between 
austenite grains 
after 18 hr exposure. 
Specimen contained 
0.05 pct S, and was 
heated at 1300°C 
for 3 hr, then 
quenched. X250. 
Area reduced ap- 
proximately 35 pct 
for reproduction. 


Fe-S phase diagram. Small amounts of sulfur in 
solid solution may be dissolved by 6-iron. The fine 
dispersion may be due to precipitation after solidi- 
fication as the solubility of the sulfur decreased 
with temperature. With larger amounts of sulfur or 
with fast cooling, the sulfur becomes concentrated 
in the dendritic fillings between the primary crystals 
of iron. Thus the cellwall structure is formed. 
Effect of Heat Treatment: The primary aim of 
heat treatment was to obtain the equilibrium struc- 
ture of sulfide inclusions with respect to iron at 
various temperatures. As Smith’ pointed out, an 
equilibrium microstructure between phase and grain 
surfaces is approached when their surface tensions 
geometrically balance each other at the points and 
along the lines where they meet. In attaining this 
equilibrium structure at a definite temperature, 
heating time is an important factor. As expected, 
it was found that less time was required to approach 
this equilibrium structure at the higher tempera- 
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Fig. 20—Micrograph shows iron sulfide 
film at austenite grain boundaries. Spec- 


imen contained 0.12 pct S, and was 


heated at 1300°C for 3 hr, then 
quenched. X250. Area reduced approxi- 


Fig. 21—Autoradiograph shows iron sul- 
fide film at austenite grain boundaries 
after 0.5 hr exposure. Specimen con- 
tained 0.12 pct S, and was heated at 
1300°C for 3 hr, then quenched. X250. 
Area reduced approximately 35 pct for 


Fig. 22—Autoradiograph shows iron sul- 
fide film at austenite grain boundaries 
after 18 hr exposure. Specimen con- 
tained 0.12 pct S, and was heated at 
1300°C for 3 hr, then quenched. X250. 
Area reduced approximately 35 pct for 


mately 35 pct for reproduction. 
reproduction. 


tures. Also, a liquid sulfide phase approached equi- 
librium much more readily than did a solid one, 
apparently because of the higher mobility and dif- 
fusion rate within the liquid. Fig. 10 shows a non- 
equilibrium sulfide structure at 850°C after 135 hr 
in the furnace. The intergranular sulfide pattern 
still remained from the as-cast structure. However, 
after 1000 hr, both the iron grains and the sulfide 
inclusions appeared to approach their equilibrium 
shapes, as shown in Fig. 11. Also, there were fewer 
but larger globular sulfides within the iron grains 
after the longer time. For lower sulfur contents 
which had no intergranular sulfide, shorter times 
were required for heat treating because less re- 
arrangement was necessary. 

Not only is annealing time a factor in developing 
the equilibrium structure, but cooling time is a 
factor in preserving the equilibrium structure. Speci- 
mens were quenched in water or mercury after 
annealing in order to preserve their original struc- 
ture. This method worked quite satisfactorily ex- 
cept for the extremely high temperatures where the 
solubility of iron in the liquid sulfide was quite 
high. During the process of quenching from the 
higher temperatures, some iron precipitated out of 
the sulfide-rich phase before solidification. 

The equilibrium structure between a-iron and 
solid sulfide is shown in Fig. 11. It is apparent that 
under such conditions the sulfide did not spread 
between the iron grains, but rather developed a 
dihedral angle (FeS vs a/a) of approximately 100°. 


reproduction. 


After 140 hr at 950°C, the sulfur was observed to 
have a smaller dihedral angle, 30° to 60°, between 
the iron grains, Fig. 12. This difference is due par- 
tially to the higher temperature and partially to the 
difference in phase compositions, since at this tem- 
perature the iron is in the y form. 

Above 988°C the sulfide was present as a liquid 

rather than as a solid phase. With this change a 
marked difference occurred in the distribution of 
the sulfide in the Fe-S microstructure. The average 
dihedral angle of the liquid sulfide iron interface 
was about 30°, Figs. 13 to 15, at 1050°C. The varia- 
tion in sulfur contents resulted only in differences 
in size and number of inclusions. The distributions 
and shapes were very similar inasmuch as sulfide 
particles tend to remain at the grain corners. 
. Still smaller dihedral angles were observed at 
1200° and 1300°C. In the former case, the average 
(FeS vs y/y) dihedral angle was about 20°, while 
in the latter it was almost zero, Figs. 16 and 17. 

The zero dihedral angle indicates that the energy 
of the liquid iron interface had decreased to ap- 
proximately one half of the intergranular energy of 
iron. As such, the sulfide liquid had a tendency to 
spread between and completely envelop the iron 
grains. The hot-shortness of steel is frequently inter- 
preted as resulting from such a mechanism. It may 
be observed, however, that while the sulfide film 
formed a rather complete network around the grains, 
the network in Fig. 17 was not 100 pct complete. 

Autoradiographic examinations were made _ to 


Fig. 23—Autoradiograph shows iron sul- 
fide film at austenite grain boundaries 
after 50 hr exposure. Specimen con- 
tained 0.12 pct S, and was heated at 
1300°C for 3 hr, then quenched. X250. 
Area reduced approximately 35 pct for 
reproduction. 
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Fig. 24—Micrograph shows chain-type 
structure of iron sulfide. Specimen, 
containing 0.12 pct S, was heated at 
1300°C for 3 hr, furnace cooled, heated 
at 1050°C for 1 hr, then quenched. 
X250. Area reduced approximately 35 
pet for reproduction. 


Fig. 25—Micrograph shows sulfur in 
solid solution of iron. Specimen, con- 
taining 0.05 pct S, was heated at 
1300°C for 10 hr, then quenched. X500. 
Area reduced approximately 35 pct for 
reproduction. 
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Fig. 26—Autoradiograph shows sulfur in 
solid solution of iron after 5 hr ex- 


posure. Specimen, containing 0.05 pct 


S, was heated at 1300°C for 10 hr, then 
quenched. X500. Area reduced ap- 


Fig. 27—Autoradiograph shows back- 
ground activity of control specimen 
without S* after 5 hr exposure. X500. 
Area reduced approximately 35 pct for 
reproduction. 


Fig. 28—Dendritic sulfide structure con- 
tained 0.42 pct S, 0.94 pct Si, as-cast. 
X250. Area reduced approximately 35 
pct for reproduction. 


proximately 35 pct for reproduction. 


ascertain whether the film had simply diminished 
to a submicroscopic dimension or was actually dis- 
continuous. Fig. 18 is a micrograph of an iron sample 
containing 0.05 pct S, part of which was S®*. It was 
annealed at 1300°C for 3 hr and quenched in mer- 
cury. The dark triangle at the lower left corner of 
the picture is a crack, at the end of which extended 
a film of iron sulfide presumably lying along the 
austensite grain boundary in the iron. It is discon- 
tinuous in two places. Fig. 19 shows the autoradio- 
graph of the same area exposed for 18 hr. It indi- 
cates very distinctly the concentration of activity 
over the iron sulfide, with gaps lying between. 

Fig. 20 represents the micrograph of a sample of 
0.10 pct S alloy, with the same heat treatment as 
the previous case. The austenite grains were sepa- 
rated by iron sulfide. Figs. 21 to 23 are the cor- 
responding autoradiographs with exposure times of 
4%, 18, and 50 hr, respectively. The 1% hr exposure 
showed evidence of more activity above the sulfide 
film, about 1 », than did the 50 hr exposure along 
the boundary where the film was not observed 
microscopically. Thus, it might be possible to infer 
that if the film were truly continuous, although of 
a submicroscopic width, the restricted part of the 
film would have to be narrower than the observed 
part by a-factor of at least 100 to 1. It is logical to 
assume that if the film is continuous, it is thinner 
than 0.01 » or 100A. 

In concluding this part of the discussion on the 
equilibrium structure of iron sulfide in iron, it should 
be pointed out that the change of the dihedral angle 
of the liquid-sulfide phase in the iron boundaries is 


Fig. 29—Micrograph shows intergranu- 


Fig. 30—Micrograph shows intergranu- 


not due to temperature change alone. The change of 
composition of the sulfur-rich liquid along the 
liquidus is another variable. 

In addition to the globular, angular, and film- 
type sulfide distributions, a chain-type sulfide struc- 
ture can also be obtained by heat treatment. Fig. 24 
shows such a structure in a specimen with 0.12 pct 
S, annealed 3 hr at 1300°C, cooled down to 1050°C 
in the furnace, and held there for 1 hr before quench- 
ing. It might logically be concluded that a con- 
tinuous film existed at the high temperature, but 
with the reduction in temperature and the conse- 
quent change in dihedral angle the film broke up 
into a chain-like structure, as observed in Fig. 24. 
It is to be noticed that each individual sulfide inclu- 
sion at the grain boundary assumed the equilibrium 
geometric shape after a relatively short time at 
1050°C. The coalescence would not be complete 
without a much longer holding at that temperature. 

Direct evidence of the solubility of sulfur in a 
solid iron was observed by autoradiographic means. 
An as-cast specimen with 0.05 pet S® had a distribu- 
tion of fine globular sulfides, as shown in Fig. 4. 
After heat treating at 1300°C for 10 hr and quench- 
ing in mercury, no sulfide was found as such, as 
shown in Fig. 25. However, its autoradiograph has 
a uniformly distributed activity much higher than 
the background in the control specimen, Figs. 26 
and 27. The surface activity counts of this and the 
control specimens also indicated a difference. There- 
fore, it is concluded in this case that sulfur went 
into solid solution in y-iron at 1300°C, as shown by 
other means by Rosenqvist and Dunicz in 1952. 


Fig. 31—Micrograph shows chain-type 


lar sulfide distribution. Specimen, con- 
taining 0.16 pct S and 0.39 pct Si, was 
heated at 1050°C for 100 hr, quenched, 
then etched with 2 pct nital. X250. 
Area reduced approximately 35 pct for 
reproduction. 
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lar sulfide distribution. Specimen, con- 
taining 0.16 pct S and 0.39 pct Si, was 
heated at 1200°C for 15 hr, quenched, 
and etched with 2 pct nital. X500. 
Area reduced approximately 35 pct for 
reproduction. 


sulfide structure. Specimen, containing 
0.17 pct S and 0.27 pct Al, was heated 
at 1300°C for 3 hr, then quenched. 
X1000. Area reduced approximately 35 
pct for reproduction. 
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Fig. 32—Micrograph 
shows globular du- 
plex sulfide inclu- 
sions plus fine sulfide 
dispersion. Speci- 
men, containing 0.18 
pct S and 0.10 pct 
Mn, was heated at 

~ 950°C for 135 hr, 
then quenched. 
X500. Area reduced 
approximately 35 

pet for reproduction. 


Fig. 33—-Micrograph 
shows angular du- 
plex sulfide inclu- 
sions at iron grain 
boundaries. Speci- 
men, containing 0.18 
pct S and 0.10 pct 
Mn, was heated at 
1300°C for 5 hr, 
then quenched. 
X1000. Area reduced 
approximately 35. pct 
for reproduction. 


Fig. 34—-Micrograph 
shows angular sulfide 
inclusions. Specimen, 
containing 0.44 pct 
S and 0.54 pct Mn, 
was heated at 
1300°C for 5 hr, 


Area reduced ap- 
proximately 35 pct 
for reproduction. 


Fig. 35—Micrograph 
shows discontinuous 
film of duplex sul- 
~ fide at iron grain 
boundaries. Speci- 
containing 0.44 
pet S and 0.54 pct 
Mn, was heated at 
1400°C for 3 hr, 


Area reduced ap- 
proximately 35 pct 
for reproduction. 


Effect of Alloy Additions upon the Sulfur Distri- 
bution in Iron—Silicon Additions: Silicon additions 
up to 1.0 pct into the Fe-S alloys caused no major 
changes in the sulfide distribution, Figs. 28 to 30. 
A few minor changes could be observed as a direct 
result of the silicon upon the ferrite-austenite trans- 
formation temperature. 

Aluminum Additions: The main observed effect 
with aluminum additions may be seen in Fig. 31. 
The sulfide did not form a continuous film at the 
boundaries at 1300°C as did the aluminum-free 
alloy. Compare Figs. 17 and 31. Instead, a chain- 
type structure was formed with individual sulfide 
particles having dihedral angles between the iron 
grains of between 20° and 30°. This change was 
apparently the result of the alteration of the com- 
position liquid sulfide phase rather than from a 
formation of a separate aluminum sulfide phase. 
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then quenched. X250. 


then quenched. X250. 


Manganese Additions: The effect of manganese 
additions upon the structure and distribution of 
sulfide inclusions in iron depended considerably 
upon the relative amounts of manganese and sulfur. 

In alloys of low manganese to sulfur ratios, 0.10 
pet Mn and 0.18 pct S, both the as-cast and heat 
treated structures had inclusions of duplex phases, 
FeS and (Mn,Fe)S. After annealing at 950°C and 
below, the inclusions, as shown in Fig. 32, were 
globular and generally within the former austenite 
grains. As the temperature was increased further, 
a greater number of sulfide inclusions were observed 
to assume triangular and lenticular shapes, Fig. 33, 
indicating that they were present as a liquid within 
grain boundaries. At 1300°C, the dihedral angle was 
noticeably larger than in the manganese-free speci- 
mens at the same temperature. 

Higher manganese to sulfur ratios showed the 
effect of manganese upon the solubility of sulfur in 
solid iron by furnishing a larger number of inclu- 
sions for the same sulfur content and heat treat- 
ments than in the manganese-free samples. A major 
difference was observed at the higher temperatures 
where the sulfide phase still seemed to be solid, 
Fig. 34. The inclusions had high dihedral angles 
between the adjacent iron grains and tended to exist 
as globular-like inclusions in the grain boundaries. 
At 1400°C, however, they had started to melt, form- 
ing a boundary network, Fig. 35. 

Oxygen Additions: The addition of small amounts 
of oxygen to the Fe-S alloy produced an oxide- 
sulfide eutectic along with the sulfide phase, Fig. 36. 
The distribution of inclusions in the as-cast speci- 
mens was essentially intergranular. The effect of 
heat treatment in changing the sulfide distribution 
was very similar to the oxygen-free cases. There 
was no noticeable change in the dihedral angles of 
the sulfide phase in iron because of the presence of 
the small amount of oxygen at temperatures up to 
about 1100°C. At 1300°C, the sulfide inclusions in 
an oxygen-free specimen had an average dihedral 
angle of practically zero. With oxygen, the dihedral 
angles were finite, as shown in Fig. 37. Therefore, 
oxygen tends to modify the liquid-iron interfacial 
energy slightly. While this modification was not 
noticeable at lower temperatures where the dihedral 
angle was finite, it was conspicuous in the micro- 
structure as the relative energy between the liquid/ 
iron and iron/iron interfaces came close to the value 
of one half at 1300°C. 

Manganese and Oxygen Additions: When both 
manganese and oxygen were added to the Fe-S 
alloys, the segregation of the sulfide and oxide 
phases persisted in subsequent heat treatments, Fig. 
38, up to 1300°C. At higher temperatures, Fig. 39, 
a one phase grain boundary film formed. 

Discussion of Microstructural Changes—The 
changes observed in the microstructure of the sul- 
fide inclusions are all in accord with the general 
concept of interfacial energy. The microstructure ap- 
proaches geometric equilibrium as the total energies 
of the Fe-Fe and iron sulfide interfaces are reduced. 
This energy reduction may be achieved through 
various steps or different means. The pertinent facts 
previously mentioned will be discussed further. 

Given time, the sulfide inclusions are found at the 
grain boundaries and grain corners. The grain cor- 
ners are favored because they offer the greatest 
reduction in area of the higher energy Fe-Fe inter- 
face by the minimum amount of the lower energy 
iron sulfide interfacial area. This tendency for in- 
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clusion formation at the corners may be observed 
repeatedly in the foregoing micrographs. Within the 
grains, the isotropic sulfide inclusions will sphe- 
roidize initially into a form of minimum surface 
area. With time, they tend to diffuse by solution 
and redeposition toward the lower energy positions 
at the grain boundaries or in the larger spheroids. 
This effect becomes apparent by the appearance of 
fewer but larger inclusions after annealing, Figs. 
10 and 11. 

If the pre-existing intergranular film is subjected 
to conditions favoring larger dihedral angles, the 
film will break up into a chain structure of numer- 
ous smaller inclusions, Fig. 24, each in a lenticular 
shape with the appropriate dihedral angle. 

Among the alloying elements investigated, man- 
ganese addition gave the most pronounced modifica- 
tion upon the microstructures. It serves as an energy 
modifier of the iron sulfide-liquid interface. A larger 
addition of manganese makes the sulfide a solid 
phase immediately below steelmaking temperature, 
and produces equiaxed inclusions. 

When more than one component exists in the 
sulfide phase, it would be natural to expect that the 
rate of attaining geometric equilibrium would be 
altered. Manganese and oxygen additions showed 
evidences of retarding the rate. Presumably this 
results from the change in sulfide stability. 

Practical Considerations—In steelmaking prac- 
tice, certain phenomena of hot shortness may be 
explained in terms of the microstructural changes 
hitherto observed. 

A steel such as the enameling sheet grade with 
very low manganese to sulfur ratio can be safely 
rolled at a temperature just below the hot-shortness 
range. This is due to the fact that the iron sulfide 
liquid formed during cooling through the hot~short- 
ness range tends to break down from the network 
film into a harmless form of separated particles by 
virtue of the finite dihedral angle between the iron 
grains at this lower temperature. 

In many other steels, with the presence of con- 
siderable manganese in the liquid sulfide, the fore- 
going action is accentuated and can be noticed at 
higher temperatures. Furthermore, manganese addi- 
tions give a more refractory sulfide, and a large 
dihedral angle of the solid is available at steel roll- 
ing temperatures. 


Summary 


Experimental melts of iron and iron sulfide were 
made. Their structures were studied, with special 
emphasis paid to effect of heat treatment. 

A variety of sulfide distributions were found in 
the as-cast structures, depending upon the sulfur 
content and cooling rate. 

Heat treatments modified the distribution of sulfide 
inclusions according to the interfacial energy con- 
cept of microstructure. 

Silicon, aluminum, manganese, and oxygen addi- 
tions to the Fe-S alloys made certain modifications 
upon the microstructures, particularly after heat 
treatments. Among them, manganese had the most 
pronounced effect. 

Certain phenomena of hot shortness may be ex- 
plained in terms of the microstructure. 
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Fig. 36—Micrograph 4 
shows intergranular 


sulfide structure 
with oxide-bearing 
eutectic. Specimen 
contained 0.5 pct S$ 
and 0.2 pct O, as- 
cast. X1000. Area 
reduced approxi- 
mately 35 pct for 
reproduction. 


Fig. 37—Micrograph 
shows discontinuous 
oxy-sulfide films at 
iron grain bound- 
aries. Specimen, 
containing 0.5 pct S 
and 0.2 pct O, was 
heated at 1300°C 
for 3 hr, then 
quenched. X250. 
Area reduced ap- 
proximately 35 pct 
for reproduction. 


Fig. 38—Micrograph 
shows angular and 
globular eutectic 
structures of sulfides 
and oxides. Speci- 
men, containing 0.19 
pet S, 0.25 pct Mn, 
and 0.1 pct O, was 
heated at 1300°C 
for 5 hr, then 
quenched. X1000. 
Area reduced ap- 
proximately 35 pct 
for reproduction. 


Fig. 39—Micrograph 
shows grain bound- 
ary films of oxy- 
sulfide inclusions. 
Specimen, contain- 
ing 0.19 pct S, 0.25 
pct Mn, and 0.1 pct 
O, was heated at 
1400°C for 3 hr, . 
then quenched. X250. 
Area reduced ap- 
proximately 35 pct 
for reproduction. 


12150, and the University of Michigan Phoenix 
Project No. 83. 
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Technical Note 


Recrystallization of Zone-Melted Aluminum 


by A. W. Demmler, Jr. 


ECENTLY, Chaudron,’ Montariol,* and their co- 
workers published the results of their studies 
on zone-refined aluminum. They found their mate- 
rial to be capable of recrystallization at —50°C, but 
gave no data as to the percentage reduction or time 
required. Their material was found to be practically 
non-work hardening at room temperature, but after 
96 pet cold work at a low temperature and storage 
in liquid nitrogen it was found to recrystallize to 
coarse grains in less than 3 hr at 20°C. 

Recently, a study was made of the room tempera- 
ture recrystallization characteristics of zone-melted 
aluminum. An ingot 14 in. in length, with a %x%4 
in. cross section, was made in an extremely high 
purity graphite boat under an atmosphere of dried 
commercial argon. It was made by first passing the 
molten zone along the ingot of 99.99+ pct Al 15 
times. At this point, the most impure 3 in. (the end 
toward which the eutectic forming impurities mi- 
grated) were replaced with more of the original 
starting material, and 15 more traverses were made. 
Each traverse of the zone along the ingot required 
approximately 3 hr. 

Three ingots were prepared in this identical 
fashion and the chemical analyses were made spec- 
trographically on two of these ingots, rather than 
on the one used in this investigation. The analyses 
were made at 1 in. intervals along the ingot, in 
duplicate. Over the purest 5 in. of the ingot, which 
were most important in this investigation, there 
was found an average composition of <0.00004 pct 
Cu, <0.0003 pct Fe, <0.0001 pct Si, and <0.0001 pct 


A. W. DEMMLER, JR., Junior Member AIME, is Research Engi- 
neer, Physical Metallurgy Division, Alcoa Research Laboratories, 
Aluminum Company of America, New Kensington, Pa. 
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Peritectics 


Fig. 1—Position of various sections in the original ingot. 


Mg. In addition, the following elements were not 
detected spectrographically even in the more im- 
pure end of the bar: manganese, zinc, nickel, chro- 
mium, titanium, vanadium, lead, tin, boron, beryl- 
lium, bismuth, gallium, zirconium, cadmium, anti- 
mony, cobalt, and molybdenum. 

The original ingot was given several cold reduc- 
tions, with intermediate anneals in order to refine 
the grains. Owing to the extreme length resulting 
and the ease of deforming the material plastically, 
it was cut into eight equal lengths and identified as 
shown in Fig. 1, with the highest numbered section 
at the purer end (that enriched with peritectic 
formers). Section 6 was used in the exploratory 
work and was found to be of exceptionally high 
purity, giving more rapid rates of room temperature 
recrystallization than any previous aluminum studied 
at the Alcoa Research Laboratories. 

This fact suggested that the entire midsection of 
the ingot might be of very high purity. Accordingly, 
section 4 was chosen for the next study. A portion 
of it was rolled to cold reductions of 10, 25, 40, 60, 
75, and 90 pct at room temperature, and the re- 
crystallization of each specimen was followed by 
X-ray pinhole transmission photographs. The other 
portion received the same treatment, except that 
both the specimens and the rolls were maintained 
at 160°F in the process of rolling. The latter portion 
was retarded in its recrystallization as compared to 
the former, probably due to the stress relief effect 
of the warm rolling. Both of these portions of the 
fourth section were found to recrystallize at a con- 
siderably slower rate than did the sixth section. 
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It was thus to be expected that testing of the fifth 
section would merely yield results intermediate be- 
tween those of the already mentioned sections. The 
seventh section was, therefore, the next to be studied 
and it was found to recrystallize at rates in excess 
of those of the sixth section. Portions of the eighth 
and last section were studied in order to determine 
whether sufficient peritectic forming impurities were 
present to decrease the room temperature recrystal- 
lization rate at the extreme end of the ingot. Inves- 
tigations of these portions showed no significant dif- 
ferences among themselves or between them and 
the seventh section. 

Data of this type are difficult to present, since 
they are of an essentially qualitative nature and in 
the form of photographs. Because of this fact, the 
results will be summarized rather than given in 
detail. Both the recrystallization characteristics and 
the chemical analyses showed a considerable grad- 
ient along the bar (whose purity ranged roughly 
from 99.992 to 99.9995 pct). After 90 pct cold roll- 
ing, recrystallization was found to go to completion 
in as little as 144 hr at room temperature. Following 
75 pct reduction, as little as 3 hr sufficed. Specimens 
rolled 10 pct have in some cases showed signs of 


the start of recrystallization after a few months, 
and several that were rolled 25 pct have shown 
definite progress, as determined by X-ray techniques, 
in a few hours. 

The average grain size attained in the specimens 
discussed was rather coarse, being of the order of 
¥% to 1 mm diam, although there were occasional 
small regions in which the grain size was about a 
tenth of this. No evidence was found of recrystal- 
lization taking place at the temperature of dry ice. 
Current, though uncompleted, experiments using 
radioactivation techniques have shown the presence 
of small amounts of zirconium in the purer end of 
the ingot. 
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Beta Phase Parameters in the System Ti-V-Mo 


As expected from similar crystal structures and favorable atomic size factors, tita- 
nium, vanadium, and molybdenum are completely soluble in one another above the trans- 
formation temperature of titanium. The 8 phase parameters of the continuous solid 
solution are shown graphically. Limiting compositions for retained @ phase have been 


determined. 


by Jack L. Taylor 


ANADIUM and molybdenum both have body- 

centered-cubic structures at all temperatures 
and, from the atomic diameter comparison factor, 
3.9 pet, would be expected to form a complete series 
of solid solutions. The existence of complete solu- 
bility has been confirmed by work’ at the Jet Pro- 
pulsion Laboratory. Furthermore, vanadium and 
molybdenum have favorable atomic size factors to 
form complete binary solid solutions with the £ 
phase, high temperature form of titanium, which 
also has body-centered-cubic structure. Pietro- 
kowsky and Duwez’ and Hansen et al.* have estab- 
lished the existence of the complete series of solu- 
tions in these binary systems. It would be logical, 
therefore, to expect that 6-titanium, vanadium, and 
molybdenum would be completely soluble in one 
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Fig. 1—Compositions of experimental specimens are given. 
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Fig. 2—Experimental results are plotted. 


another above 885°C (1625°F), which is the a-to-8 
transformation temperature of titanium. The present 
investigation confirms the existence of a single body- 
centered-cubic phase across the entire ternary dia- 
gram at a temperature of 1800°F. The 8 phase para- 
meters were determined in all portions except the 
titanium-rich corner, where the B phase cannot be 
retained by quenching. Metallographic examination 
determined limiting compositions of retained B. 


Experimental Procedure 


Iodide titanium from the New Jersey Zinc Co., 
molybdenum powder from the Westinghouse Elec- 
tric Corp., and vanadium from both the Westing- 
house Electric Corp. and General Electric Co. were 
used in this investigation. Small bars were pre- 
pared from the molybdenum powder by pressing, 
then sintering in dry hydrogen for 4 hr at 2400°F. 

About 70 samples were arc-melted in a helium 
arc furnace which has been described.* The three 
metals were melted together from small pieces to 
form samples weighing 3 to 5 g. Their compositions 
are shown in Fig. 1. Homogeneous samples were 
difficult to obtain, and some compositions had to be 
remelted many times. After the samples were 
melted, they were sectioned and examined under 


V 30 70 Mo 
Fig. 3—Limiting compositions for retention of the 8 phase 
are shown. 
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Fig. 4—Microstructure is typical of a phase characterized 
by martensite-like needles of rapidly transformed f-titanium. 
X250. Area reduced approximately 5 pct for reproduction. 


the microscope for unalloyed areas. When none was 
found, the samples received a homogenizing heat 
treatment which consisted of 4 hr at 2500°F in a 
resistance-wound molybdenum furnace set up in an 
18 in. commercial vacuum-coating unit. Nominal 
compositions were accepted when weight losses after 
melting were less than 1 pct. After the homogeniz- 
ing treatment all samples were sealed in quartz 
tubes under vacuum at 10“ mm Hg or lower, heated 
24 hr at 1800°F, and then water quenched, the tube 
being broken. Samples for X-ray diffraction were 
filed from quenched pieces and sealed in quartz 
vials for quenching in liquid argon from 1800°F. 

Diffraction patterns of the filings were taken on a 
14.32 cm camera using copper Ka radiation as filtered 
through nickel foil. Measurements were taken from 
the film mounted asymmetrically in the camera, a 
method of mounting which automatically compen- 
sates for film shrinkage. 

For metallographic examination, the samples were 
mounted in Lucite and polished on successively finer 
papers. The final polishing was accomplished with 
2 diamond paste on a mirror-cloth lap. Two etch- 
ing solutions were used, one being 30 pct potassium 
ferricyanide with 10 pct sodium hydroxide and the 
other consisting of 1 part nitric acid, 1 part hydro- 
fluoric acid, and 2 parts glycerin. In most cases, 
microscopic studies were made at 250 diam. 


Beta Phase Parameter at the 1800°F Isothermal 


The 8 phase parameter for each alloy was calcu- 
lated from the average of the last three readable 
lines in the pattern. These were usually (310), 
(311), and (222) reflections. There were, however, 
some patterns in which the (400) spacing was a 
sharp doublet. 
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Fig. 5—Microstruc- 
ture of retained B 
phase, with a’ 
needles showing the 
beginning of trans- 
formation. X150. 
Area reduced ap- 
proximately 20 pct 
for reproduction. 


Based on alloys of nominal composition, the B 
parameters were averaged by plotting along ternary 
composition lines in three directions. For the Ti-V 
system, the binary 8 phase parameter was taken 
from ref. 3. The @ phase parameters for the V-Mo 
system came from experimental work' at the Jet 
Propulsion Laboratory. As determined in the present 
study, the 6 phase parameters for the binary sys- 
tem Ti-Mo were in essential agreement with those 
found by Hansen et al.’ The overall accuracy in the 
location of the parametric lines may be considered 
within +2 wt pct. Principal sources of error are the 
nominal alloy compositions and the difficulty of 
measuring those patterns which are diffuse. 

The results are presented in Fig. 2. The 3.24 (kX 
units) parametric line does not extend to the binary 
Ti-V line because of the limiting compositions for 
which the martensitic transformation occurs. 


Microscopy 

With reference to Fig. 3, the limiting compositions 
for the retention of the 8 phase are shown. These 
limiting compositions were determined from alloy 
Nos. 46 through 68 by metallographic examination. 
The microstructure of the alloys in this titanium- 
rich ternary region is shown in Figs. 4, 5, and 6. 
Fig. 4 has the typical microstructure of the a’ phase 
characterized by the martensite-like needles of 
rapidly transformed §-titanium. Fig. 5 has the re- 
tained 8 phase microstructure, a’ needles showing 
the beginning of transformation. Fig. 6 has the com- 
pletely retained @ phase structure. 


Fig. 6—Microstruc- 
ture shows com- 
pletely retained 8 
phase structure. 
X100. Area reduced 
approximately 20 pct 
for reproduction. 


Conclusions 


Titanium, vanadium, and molybdenum are com- 
pletely soluble in one another above the transforma- 
tion temperature of titanium. The 8 phase para- 
meters have been measured and plotted for alloys 
quenched from 1800°F. A ternary composition line 
joining 15 pet V on the Ti-V binary side and 11.5 pct 
Mo on the Ti-Mo binary side represents the limiting 
compositions for the retained 6 phase. All the alloys 
on the titanium-rich side of this line transform to a’. 
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Technical Note Microstructural Differences in Tempered Titanium Alloys 
by L. D. Jaffe 


T is now well established that quenched and tem- 
pered titanium alloys have much better ductility 
when the quenching is from a two phase a-f struc- 
ture, rather than from an all £ structure.” * The 
corresponding microstructural differences, however, 
have not been shown in previous publications. Ac- 
cordingly, specimens were cut from a % in. rod of 
commercial RC-130A, containing 7.9 pct Mn and 
0.12 pet C, which had been previously hot rolled, 
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heated 1 hr at 1100°F, and air cooled. (The same 
heat has been studied by others.” *) Samples about 
4 in. cube were heated in helium % hr at 1450° or 
1700°F, quenched in brine, tempered in helium 1 hr 
at various temperatures up to 1250°F, and quenched 
in brine. They were then sectioned and metallo- 
graphically examined, using an etchant of HF-HNO, 
in glycerine. 

As quenched from 1700°F, the microstructure ob- 
served was clear 8. (Probably also present was a, 
as the hardness was 400 Vhn, but » is not yet re- 
liably revealed by any metallographic technique.) 
When the 8 quenched alloy was tempered at a high 
temperature, a precipitated as a grain boundary film 
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Fig. 1—RC-130A specimen, 340 Vhn, 
quenched from 1700°F, tempered at 
1250°F, then etched in HF-HNO,- 
glycerine. X2000. Area reduced ap- 
proximately 35 pct for reproduction. 


Fig. 2—RC-130A specimen, 370 Vhn, 
as-quenched from 1450°F, then etched 
in HF-HNOs-glycerine. X2000. Area 
reduced approximately 35 pct for re- 
production. 


Fig. 3—RC-130A specimen, 350 Vhn, 
quenched from 1450°F, tempered at 
1250°F, then etched in HF-HNOs_ 
glycerine. X2000. Area reduced ap- 
proximately 35 pct for reproduction. 


and in the form of crystallographically oriented 
platelets, Fig. 1. 

As quenched from 1450°F, the structure consisted 
of spheroidal a particles in a 8 matrix, Fig. 2. The 
change of structure on tempering this material was 
less marked, Fig. 3. Since some a was already out 
of solution, less additional a would precipitate from 
the 8 in attaining equilibrium concentration at the 
tempering temperature. It is probable that part of 
this additional a precipitated onto the pre-existing 
a particles. A small amount seems to have precipi- 
tated as very fine particles, probably platelike, 
within the £ areas. 

In addition to the differences in a-f§ distribution, 
the tempered structures probably also differed in 6 
grain size. Attempts to reveal @ grain size in mate- 
rial quenched from the two phase region were un- 
successful. The stain-etching technique of Ence and 
Margolin’ showed that very few carbide particles 
were present. 

It seems likely that the inferior mechanical prop- 


erties, after tempering, of titanium alloys quenched 
from the #6 range are associated with precipitation 
of coarse a plates and grain boundary a films during 
tempering. The better properties of material 
quenched from the a-8 range are probably asso- 
ciated with precipitation of a, during tempering, 
onto existing spheroidal a particles and perhaps also 
as very fine particles. 
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Preferred Orientations and Magnetic Properties 
of Rolled and Annealed Permanent Magnet Alloys 


Pole figures, torque curves, and coercive force have been determined for the follow- 
ing rolled and annealed permanent magnet alloys: Cunife, Cunico, Silmanal, Vicalloy I, 


Vicalloy Il, and Heusler’s Alloy. 


by W. R. Hibbard, Jr. 


N the general category of precipitation-type per- 
manent magnet alloys there is a group of ductile 
alloys, including Cunife, Cunico, Silmanal, Heusler’s 
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Alloy and Vicalloy, which can be extensively rolled 
and annealed to develop a preferred orientation in 
the crystals of the matrix material. The rolling and 
annealing textures of Cunife’ and Vicalloy? have 
been previously investigated qualitatively, but no 
pole figures are available in the literature. In addi- 
tion, the role of precipitation in these permanent 
magnet alloys is still somewhat controversial. It 
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Fig. 1—Cunife was cold rolled 94.3 pet. (111) pole figure. Fig. 4—Cunico was cold rolled 98 pct. (111) pole figure. 
Open triangles represent (112) [111]; closed triangles, (110) Closed triangle represents (110) C21 


[112]; and open circles, near (123) [121]. 


Fig. 2—Cunife was cold rolled 94.3 pct and aged 1 hr at Fig. 5—Cunico was cold rolled 98 pct, annealed 712 hr at 
625°C. (111) pole figure. Open triangles represent (112) 1085°C, water quenched, and aged 12 hr at 625°C. (111) 
[111]; closed triangles, (110) [112]; and open circles, near pole figure. 


(123) [121]. 


45 90 135 180 225 290 315 360 


ANGLE WITH ROLLING DIRECTION DEGREES 
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ANGLE WITH ROLLING DIRECTION, DEGREES 
Fig. 6—Cunico, 0.002x1 in. diam, was cold rolled 98 pct, 


Fig. 3—Cunife, 0.0015x1 in. diam (3 strips), was cold rolled annealed 712 hr at 1085°C, water quenched, and aged 12 hr 
94.3 pct and aged 1 hr at 625°C. Torque curve. at 625°C. Torque curve. 
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Fig. 7—Silmanal was cold rolled 90 pet. (111) pole figure. 
Closed triangles represent (110) [112]. 


would be significant to know whether or not the 
development of anisotropic magnetic properties in a 
material like Cunife is associated with a) the prop- 
erties of the precipitate as related to size, shape, 
orientation, or coherency stresses, and b) the crys- 
tallography of precipitation as related to the pre- 
ferred orientation in the matrix. 

It was proposed’ that the role of the precipitate 
particle is associated with a critical dispersion of 
magnetically heterogeneous aggregates, with the 
maximum coercive force occurring when the pre- 
cipitate particle is of a single domain size separated 
by a less strongly magnetized matrix. Based on 
single domain theory,” ’ high coercive force depends 
on small particles with shape anisotropy, high mag- 
netocrystalline anisotropy, or directed stresses and 
high magnetostriction. In the precipitation process 
there is shape anisotropy of the particles, which 
assume the form of disks, oriented along certain 
planes of the matrix.’ The precipitate can occur in 
the critical single domain size, and the coherency 
stresses are formed in a directed manner, which 
strains the precipitate to affect magnetocrystalline 
anisotropy by changing lattice symmetry and stresses 
the system to utilize magnetostriction effects. 

Previous work on Cunife by Neumann, Biichner 
and Reinboth’* reports a duplex rolling texture con- 
sisting of (110) [112] and (110) [111], similar to 
the standard copper base alloy type orientations. 
This same texture persisted in recrystallizing up to 
1000°C. The interesting results of their work sug- 
gest that increasing the texture by cold rolling re- 
duced the coercive force if the material were not 


Fig. 8—Silmanal was cold rolled 90 pct and aged 48 hr at 
250°C. (111) pole figure. Closed triangles represent (110) 


subsequently aged, but that on subsequent aging 
increasing the texture by cold work increased the 
coercive force. These results indicate that the tex- 
ture in the matrix helps primarily to align the 
precipitate particles, which in turn produced the 
anisotropic properties. 

Studies of the texture in Vicalloy have been pre- 
viously made by Nesbitt.” He reported that X-ray 
measurements showed that texture increased with 
increasing cold work, which persisted during aging 
with but small directional effect on the coercive 
force. He reports that the anisotropy of the texture 
increases the residual induction and the maximum 
energy product in the direction of elongation. 

The investigation under discussion here was under- 
taken to document the rolling and annealing tex- 
tures of tive ductile permanent magnet alloys, of 
which two are known to be magnetically anisotropic 
and two are magnetically isotropic. It was hoped to 
develop the maximum preferred orientation in these 
materials from the principles known to the metal- 
lurgist. Furthermore the relation of the preferred 
orientations to the properties of the material and 
the crystallography of precipitation might deter- 
mine to what extent the properties are associated 
with the matrix or with the precipitate. 


Experimental Procedure 
The compositions of the alloys investigated are 
shown in Table I. The Cunife, Cunico and Silmanal 
were commercial materials obtained in a semi- 
processed condition. The Vicalloys were arc melted 
in argon, homogenized 10 hr at 1000°C and hot 
rolled to 20 mils in thickness. Heusler’s Alloy was 


Table I. Composition of Alloy, Wt Pct 


Alloy Cu Ni Fe Co Mn Ag Al Vv Ww Si 
Cunife Balance LS 16.7 
Cunico Balance 21.0 28.5 
Silmanal 8.1 87.5 4.3 
Vicalloy I Balance 52.4 0.3 8.9 1.9 0.6 
Vicalloy II Balance 55.8 0.3 12.9 <0.1 0.6 
Heusler’s Alloy Balance 14.1 9.6 * 
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Table Il. Treatment of Alloys 


Pct Cold 
Rolling to 
Alloy Annealed 0.002 In. Annealed Aged 

Cunife 3 Hr, 1050°C, Water Quenched #8} = 1 Hr at 625°C 
Cunico 3 Hr, 1100°C, Water Quenched 98.0 7% Hr, 1085°C, Water Quenched 12 Hr at 625°C 
Silmanal 1 Hr, 765°C, Water Quenched 90.0 — 48 Hr at 250°C 
Vicalloy I 1 Hr, 1100°C, Furnace Cooled 90.0 = 8 Hr at 600°C 
Vicalloy II Ye Hr, 1200°C, Oil Quenched 90.0 — 2 Hr at 600°C 
Heusler’s Alloy 1 Hr, 600°C 80.0 1 Hr, 600°C, Water Quenched 6 Hr at 210°C 


induction melted in air, homogenized 2 hr at 900°C, 
and hot rolled to 20 mils in thickness. The subse- 
quent processing of these alloys is shown in Table II. 

Specimens for pole figure determination, torque 
tests, metallographic examination, and coercive force 
measurement were taken after the final cold rolling 
and after the final aging treatments. The pole figures 
were determined on a recording X-ray spectrometer, 
using techniques developed by Geisler.’ The torque 
tests” were run on 1-in. disks rotated in a field of 
1000: oersteds, the torque being determined from a 
search coil which measures the component I per- 
pendicular to the field and puts it on an x-y re- 
corder as a function of angle. This test measures 
the magnetic anisotropy of the sheet, indicating easy 
directions of magnetization which frequently can 
be related to the texture in the sheet. The coercive 
force was determined from a dec hysteresis loop 
using a recording hysterisograph*” with specimens 
consisting of 25 thicknesses measuring 4x1x0.002 
in. Intrinsic coercive force, hci, is the field strength 
when B — H = O. For low values of hci, it is similar 
to the usual coercive force, hc, which is the field 
strength when B = O. The results are listed in Table 
III, and shown in Figs. 1 to 12. 


Discussion of Results 

Cunife—The rolling texture shown in Fig. 1 cor- 
responds to three principle orientations: (112) [111], 
(110) [112] and (123) [121]. The pole figure is 
very similar to that reported for copper® but differs 
from the results of Neumann et al.* in that their 
(110) iaa| component is probably not present and 
they did not report the (112) [111] or (123) [121] 
components. The torque curve, Table III, indicated 
that a preferred magnetic direction is in the rolling 
direction. The coercive force is low, probably be- 
cause of the low nickel content—17% pct. The texture 
as annealed (Fig. 2) is similar to the rolling texture 
except that it is predominantly (110) [112] with 


some (112) [111] present. This pole figure is similar 
to that of low-zinc brass. The torque curve (Fig. 3) 
again indicates a preferred magnetic direction in the 
rolling direction. The coercive force is low, prob- 
ably due to the low nickel content." The rolling 
direction in this texture does not contain a {100}- 
type plane which is the plane along which the disk- 
shaped precipitate particles form.” 

Nesbitt, Williams and Bozorth” have pointed out 
that for low fields like H = 1000, shape anisotropy 
is primarily responsible for the anisotropy of the 
torque curve and that in a (110) plane of Alnico 
precipitate, particles along three mutually perpen- 
dicular (100) planes will produce an easy direction 
in the <111> direction. By this reasoning, the (110) 
[112] texture in Cunife would produce two easy 
directions about 20° from the rolling direction, which 
might be resolved into a single easy direction in the 
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rolling direction. Fig. 3 is not unlike Nesbitt’s Fig. 
8" rotated 55° to align <111> with the rolling direc- 
tion. However, for shape anisotropy, the maximum 
torque should decrease with increasing field strength. 
In the case of Cunife, the maximum torque in- 
creased with increasing field strength, suggesting a 
significant role of magnetocrystalline anisotropy. 


Cunico—The rolling texture in Fig. 4 corresponds 


to a flat (110) [112] texture similar in type to that 
found in brass.*° The torque curve indicates that the 
preferred magnetic direction is the rolling direction, 
as confirmed by the coercive force measurements in 
Table III. As annealed, the texture changes essen- 
tially to a [111] fiber, as shown in Fig. 5, and the 
torque curve in Fig. 6 suggests nearly isotropic 
properties, although the coercive force measurements 
in Table III suggest slightly better properties in the 
rolling direction. This coercive force is somewhat 
less than the 660 oersteds obtainable in this alloy,® 
possibly because the homogenizing time was shorter 
(3 vs 10 hr) and the aging temperature was lower 
(625° vs 650°C). In this alloy precipitation occurs 
along {100} planes of the matrix and precipitate.’ 
On the basis of Nesbitt, Williams and Bozorth’s 
analysis” for shape anisotropy of particles on three 
{100} planes, the easy directions should be in the 
<111> direction which corresponds to the rolling 
direction and is supported by the experimental ob- 
servation. However, again the effect of increasing 
field strength was that it increased the maximum 
torque, suggesting an important role of magneto- 
crystalline anisotropy. 


Silmanal—As rolled, the texture shown in Fig. 7 


is essentially the (110) [112] type, the torque curve 
is isotropic, and the coercive force is zero. As aged, 
the texture is the same, but more diffuse (Fig. 8); 
the torque curve is still isotropic (Fig. 9); and the 
intrinsic coercive force, Table III, is 6500 oersteds 
in both the rolling and transverse directions. This 
alloy is of the precipitation type,’ occurring on the 
(100) planes of the matrix. The precipitate is prob- 
ably an ordered body-centered-cubic structure. The 
isotropy of the properties, in spite of the preferred 
orientation of the matrix, might be related to spheri- 
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Fig. 9—Silmanal, 0.002x1 in. diam, was cold rolled 90 pct 
and aged 48 hr at 250°C. Torque curve. 
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Table III. Structure and Properties of Alloys 


Torque Anisotropy, Angle to 
Texture, Rolling Angle to Rolling , Rolling 
Alloy Condition Plane, and Direction Fig. Direction Fig. Hoi Direction 
Cunife Rolled (112) [111], (110) [112], 1 0°, 168°, 345° 76.5 0° 
(123) [121] = 
Annealed (PLO) (1 2 0°, 164°, 345° 3 150.0 GF 
Cunico Rolled (110) [112] 4 9°, 191° 222.0 0° 
224.0 30 
199.0 60° 
212.0 90° 
Annealed [111] Fiber 5 Isotropic 6 467.0 0° 
450.0 30 
437.0 60° 
416.0 90° 
Silmanal Rolled (110) [112] 7 Isotropic 0 
Annealed (110) [112] é Isotropic 9 6500 0° 
6500 90 
Vicalloy I Rolled (100) [011] to 10 84°, 265° 39 0° 
(112) {110] 45 30° 
(111) (112] to 39 60° 
(111) [110] 35 90° 
Annealed Same 11 0°, 180° 12 206 0 
191 30° 
194 60° 
194 90° 
Vicalloy II Rolled Nearly random, but sim- Nearly isotropic, 46 0° 
ilar to Vicalloy I in type Gono 46 30 
48 60° 
48 90° 
Annealed Same as rolled Nearly isotropic 309 o° 
306 30° 
0°, 180° 306 60° 
306 90° 
Heusler’s Alloy Rolled Random Isotropic 0 P 
Annealed Random Isotropic 


cal precipitation or lack of shape anisotropy. This 
would be consistent with the high magnetizing fields 
required. Geisler® reports a fine precipitate in 
Silmanal in which the shape anisotropy seems small. 

Vicalloy I—As rolled, the texture (Fig. 10) is 
typical of iron alloys consisting of the following 
components; [O11] to (112) [110], (iat) 
[112] to (111) [110]. The torque curve, Table III, 
indicates preferred magnetic directions near 90° and 
270°, although the coercive force has a small peak 
near 30°. 


Fig. 10—Vicalloy | was cold rolled 90 pct. (100) pole figure. 
Closed squares represent (112) [110]; open squares, (100) 
[011]; open diamonds, (111) [112]; and closed diamonds, 
(111) [110]. 
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As annealed, the texture remains the same, Fig. 
11, and the torque curve is nearly isotropic as shown 
in Fig. 12. The coercive force, Table III, is around 
200 oersteds with a slight preference for the rolling 
direction. (The low coercive force may be associated 
with the tungsten contamination from are melting.) 
During aging, this alloy develops an ordered ferrite 
body-centered-cubic structure accompanied by pre- 
cipitation of the face-centered-cubic y.° The y prob- 
ably precipitates along {110}-type planes;” the 
ordering, if it is like Co-Fe, probably occurs 
along {100}-type planes.” The change in the opti- 
mum magnetic direction from 90° to 0° from the 
rolling direction without a change in texture type 
and the nearly isotropic coercive force data suggest 
that the role of the texture is secondary. The pre- 
cipitation of y along the {110} planes in the rolling 
direction may have some effect. Geisler® has pointed 
out that since y is nonmagnetic, its effect is probably 
small and thus suggests there is an effect from cold 
working on the enhanced properties in the rolling 
direction.’ It is possible that optimum properties are 
associated with the ordering or straining of the 
ferrite resulting from the coherent precipitation of 
the austenite. 

Vicalloy II—The textures and properties of this 
alloy are similar tto Vicalloy I except that the coer- 
cive force is larger and more isotropic and the tex- 
ture is flatter, Table III. The preferred magnetic 
direction is the rolling direction, probably both as 
rolled and annealed. The torque curves are very 
flat, suggesting nearly isotropic behavior. The dis- 
cussion of Vicalloy I also applies to this alloy. 

Heusler’s Alloy—The following results are in- 
cluded only for the record, since this composition, 
chosen for its ductility, developed poor magnetic 
properties. The texture as rolled and as annealed 
was nearly random. After aging, the torque curve 
was flat, and the coercive force was about 20, con- 
sistent with the short aging time.“ This alloy pre- 
cipitates an ordered, body-centered-cubiec inter- 
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Fig. 11—Vicalloy | was cold rolled 90 pct and annealed 8 hr 
at 600°C. (100) pole figure. Closed squares represent (112) 


[110]; open squares, (100) [011]; open diamonds, (111) 
[112]; and closed diamonds, (111) [110]. 
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Fig. 12—Vicalloy |, 0.002x1 in. diam, was cold rolled 90 pct 

and aged 8 hr at 600°C. Torque curve. 
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metallic compound from a face-centered-cubic mat- 
rix. Magnetic properties derive from the distance 
between manganese atoms in the precipitate. 
Torque vs Field—Torque curves were determined 
on fully heat treated disks of all alloys at fields 
ranging from 200 to 9000 oersteds. The position of 
the maximum torque relative to the rolling direc- 
tion changed little as a function of field. Unlike 
the results of Nesbitt and Williams” for Alnico V, 
the torque increased with increasing field. This re- 


sult suggests that in this range of field strengths 
magnetocrystalline anisotropy still plays a significant 
role in these alloys. 
Summary 

In Cunife and Vicalloy I, distinct textures are 
associated with magnetic anisotropy as measured by 
coercive force or torque curves. In Cunico, Silmanal 
and Vicalloy II, distinct textures are associated with 
isotropic torque curves, and nearly random textures 
with nearly random properties in Heusler’s Alloy. 

No clear-cut conclusions could be reached regard- 
ing the role of shape anisotropy, magnetocrystalline 
anisotropy, or strain anisotropy of the precipitate as 
related to the single domain theory of this type of 
permanent magnet alloy. The data on Cunife, Cunico, 
and Silmanal are consistent with the concept of 
torque anisotropy at low fields being associated with 
the shape anisotropy of the precipitate particles, as 
suggested by Nesbitt et al.” However, the effect of 
field strength on maximum torque suggests that 
magnetocrystalline anisotropy plays a_ significant 
role in these alloys. 
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IFFERENT explanations have been given by the 
two current theories of the annealing textures 

for the variation of annealing texture with the an- 
nealing temperature observed in rolled polycrystal- 
line aluminum,” copper,’ and brass,’ and in rolled 
single crystals of copper’ and silicon iron.’ The theory 
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of oriented nucleation assumes that the observed 
effect of annealing temperature on the resulting 
texture is determined by the orientation of nuclei 
of recrystallized grains. Nuclei which are active at 
low annealing temperatures may have orientations 
different from those of nuclei active at high anneal- 
ing temperatures. For instance, the relative induc- 
tion periods or, more specifically, the relative rates 
of polygonization of crystalline fragments having 
different orientations could vary with the annealing 
temperature.” ° It has been claimed® that changes in 
the annealing texture with varying annealing tem- 
perature cannot be reconciled with the oriented 
growth theory. On the other hand, from the point 
of view of the theory of oriented growth, a texture 
which forms either by annealing at high tempera- 
ture or by prolonged annealing at low temperature 
is the result of preferential growth of new grains at 
the expense of the deformed matrix, and of varying 
amounts of subsequent grain growth at the expense 
of the fully annealed matrix. In a matrix with 
multiple preferred orientations, grains having the 
orientational relationship most favorable for growth 
with respect to the matrix as a whole will grow in 
preference to grains in other orientations.” 

In an experiment by Wilson and Brick,’ a sample 
of highly rolled 70-30 brass was annealed for 24 hr 
at 250°C, producing an annealing texture typical of 
a low annealing temperature. The specimen was 
then reannealed at 700°C for 1 hr. It showed the 
same annealing texture obtained by annealing di- 
rectly at 600° to 700°C.* The authors concluded that 


*In these experiments the rate of heating to the annealing tem- 
perature was low. As the authors point out, it might be desirable to 
confirm the above results with specimens rapidly heated. 


the high temperature texture results from grain 
growth, i.e., the additional growth of recrystallized 
grains present in the matrix after the low tempera- 
ture annealing. It appears that the textural changes 
which occur at high temperature in 70-30 brass do 
not contradict the principles of oriented growth” ” 
if textural changes resulting from grain growth are 
taken into consideration. 

Baldwin* found that the percentage of grains in 
cube orientation formed on annealing of a cold 
rolled copper sheet increases with increasing an- 
nealing temperature. On the basis of the theory of 
oriented nucleation, this would mean that the num- 
ber of nuclei in cube orientation increases at high 
temperatures. On the other hand, the explanation 
offered for this phenomenon by the theory of oriented 
growth is that the amount of cube texture increases 
with increasing annealing temperature because of 
preferential growth of the grains with cube orien- 
tation at the expense of other grains in the fully 
annealed matrix.” The present investigation was 
carried out in order to test experimentally the rela- 
tive merits of the two competing explanations of the 
increase of the fraction of cube texture with in- 
creasing annealing temperature. 


Experimental Procedure 


For the present work a 0.130 in. thick hot rolled 
OFHC copper plate was used. A 1% in. wide strip, 
cut from the plate, was annealed for 134 hr at 760°C 
in order to produce a relatively large grain size. The 
strip was then ccld rolled to a final thickness of 
0.015 in. by reversing the strip end to end after each 
pass. The total reduction in thickness by cold roll- 
ing was 88.5 pct. The temperature of the anneal 
before the cold rolling and the amount of the cold 
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rolling reduction were selected as given in order to 
obtain a low temperature annealing texture con- 
sisting of a mixture of a cube texture component 
with large amounts of other components. 

The minimum temperature necessary for com- 
plete softening in 10 min has been determined by 
annealing specimens of the cold rolled strip in salt 
bath at varying temperatures. The results of the 
hardness measurements are given in Fig. 1. The 
specimen used for the determination of the low tem- 
perature annealing texture was annealed at Silay (CS 
for 10 min. A second specimen, previously annealed 
at 315°C for 10 min, the first specimen, and a third 
specimen in the cold rolled condition, were then 
annealed together for 20 min at 825°C. The anneal- 
ing at high temperature was carried out in a vertical 
tube furnace in an atmosphere of helium and 8 pct 
H. After having introduced the two specimens in 
the upper part of the furnace, the furnace was 
flushed for 2 to 3 min with the helium and hydrogen 
mixture. The two samples were then rapidly low- 
ered to the hot zone of the furnace. It was found 
that keeping a cold rolled specimen in the upper 
part of the furnace did not cause it to recrystallize 
at low temperature, since the hardness of a cold 
rolled specimen left for about 5 min in the upper 
part of the furnace and then removed was the same 
as that of the cold rolled strip. 

The preparation of the X-ray specimens and the 
method of procedure for texture determination were 
the same as described in earlier publications.” ” 


Experimental Results and Discussion 

Fig. 2 shows the (111) pole figure, and Fig. 3 the 
(200) pole figure for the specimen annealed 10 min 
atolls. 

As seen in Fig. 4, a large increase of the grain 
size occurs on annealing at high temperature. Fig. 5 
shows the (111) pole figure of the specimen an- 
nealed for 10 min at 315°C and subsequently for 20 
min at 825°C. The comparison of this pole figure 
with the corresponding one for the first specimen, 
Fig. 2, shows that the additional anneal at high 
temperature increases the sharpness of the maxima 
and decreases the intensity of the orientation 
spreads. A few areas of the (200) pole figure for 
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Fig. |—Hardness ys annealing temperature is plotted for 88.5 
pct straight rolled OFHC copper. Specimen was annealed for 
10 min in a salt bath. 
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Fig. 2—(111) pole figure for 88.5 pct rolled OFHC copper, 
after annealing in salt bath for 10 min at 315°C. Intensities 
are in arbitrary units. Open triangles give (111) poles of one 
of the four A-type annealing texture components, correspond- 
ing approximately to (358) [634]. Half-filled triangles de- 
note (111) poles of the cube texture component. 


the second specimen had been investigated, par- 
ticularly the maximum in the center of the pole 
figure and the high intensity area at about 30° from 
the center toward the rolling direction. This high 
intensity area is not resolved into four different 
maxima, as is the corresponding one in the (200) 
pole figure for the first specimen, Fig. 3. 


Table |. Coordinates of the Maxima Used as Basis to Determine 
the Ideal Orientations of the Annealing Texture Components for 
Specimens of 88.5 Pct Rolled OFHC Copper 


Type of Coordinates of the 
Component Maxima Pole Figure 
a 
First Specimen 
A 22° 5° (111), Fig. 2 
36° 28° (200), Fig. 3 
Second Specimen 
A 22° 6° (111), Fig. 5 
65° 92° (200) 
Twin of the cube 
orientation (111), Fig. 5 


For the third specimen, annealed for 20 min at 
825°C, only the central part of the (111) pole figure, 
up to 60° from the center, has been determined. In 
addition, the distribution of intensity for the maxi- 
mum in the center and for the high intensity area 
at about 30° from the center toward the rolling 
direction in the (200) pole figure has also been 
measured. As far as it is possible to conclude from 
these determinations the texture of this specimen is 
the same as that of the second one. 

In spite of the large spreads of the pole figure for 
the specimen annealed 10 min at 315°C, it was pos- 
sible to interpret uniquely the ideal orientations 
corresponding to the various maxima. The main 
components are of two types, designated with the 

‘letters A and C. In the pole figures, one ideal orien- 
tation of each type is indicated by the location of 
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Fig. 3—(200) pole figure for 88.5 pct rolled OFHC copper, 
after annealing in salt bath for 10 min at 315°C. Intensities 
are in arbitrary units. Specimen is same as in Fig. 2. Dashed 
lines correspond to zones which have not been investigated. 
Open squares give (200) poles of one of the four A-type an- 
nealing texture components, corresponding approximately to 
(358) [634]. Half-filled squares denote (200) poles of the 
cube texture component. 


the corresponding poles. In addition to the above 
components, in the case of the specimen annealed 
10 min at 315°C, then for 20 min at 825°C, another 
orientation, designated T, may be used to explain 
all the maxima of the (111) pole figure.+ 


+ Four other components, approximately of the (439) [845] type, 
might be introduced to account for some high intensity areas of the 
pole figures for the three specimens. Since the (111) and (200) 


poles of the (439) [845] orientation either correspond to intensity 
maxima common to poles of other components or fall inside high 
intensity areas where no maximum is present, with the only excep- 
tion of the four (200) maxima nearest to the center in Fig. 3, the 


components of the (439) [845] type were not considered uniquely 
determined and were not included with the other components in 
describing the annealing textures. The presence of components of the 


(439) [845] type would have an interesting connotation. Their ori- 
entation is near that of components in the annealing texture of a 
brasses. These last components change over continuously, with in- 
creasing zine content, into the four main annealing texture com- 
ponents of 70-30 brass. 


Table I gives the tilting angle ¢ and the azimuthal 
angle a for the maxima used as the basis for deter- 
mining the ideal orientations of the annealing tex- 
ture components. The indices of the ideal orienta- 
tions are given in Table II. 

The A orientation has a multiplicity of four and, 
correspondingly, four orientations of this type ap- 
pear in the annealing texture. C designates the cube 
texture, which has a multiplicity of one. T, which 
denotes the twin of the cube orientation, gives rise 
to four maxima near the transverse direction of the 
(111) pole figure for the second specimen. Corres- 
ponding to these maxima there are fairly high in- 
tensities, but no definite maxima, in the (111) pole 
figure of the first specimen. 

Cook and Richards showed that by suitable choice 
of the penultimate grain size and of the amount of 
the rolling reduction, an annealing texture may be 
obtained for cold rolled copper which contains com- 
ponents similar to those in the deformation texture.” 
In the present investigation, the orientation of the 
A components for the first specimen does not coin- 
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Fig. 4—X-ray transmission patterns, taken with copper radia- 
tion, show: A, the first specimen, annealed in salt bath for 
10 min at 315°C, and B, the second specimen, annealed in 
salt bath for 10 min at 315°C, then in helium and hydrogen 
atmosphere for 20 min at 825°C. Rings correspond to reflec- 
tions from (111) and (200) planes. The plane of both speci- 
mens was tilted 25° from the plane normal to the incident 
X-ray beam around an axis parallel to the rolling direction. 
The corresponding pattern for the specimen annealed directly 
at 825°C for 20 min was identical to pattern B. The patterns 
clearly show that a large increase in the grain size is asso- 
ciated with the annealing at high temperature. 


cide exactly with the orientation of the main rolling 
texture components of 96 pct straight rolled copper, 
previously determined by Hu, Sperry, and Beck.” 
It may be assumed that the orientation of the main 
rolling texture components does not vary appre- 
clably with the grain size and the amount of defor- 
mation, so that it was probably the same in the 
present work. Consequently, the A components do 
not seem to be components retained from the defor- 
mation texture.* Each A component has a (111) pole 
near the normal direction, and a peripheral (111) 
pole, which coincides approximately with the two 
corresponding (111) poles of the deformation tex- 
ture. Accordingly, the A components may be con- 
sidered derived from the deformation texture by 
rotations of 35° to 40° around either one or both of 
the above (111) poles. On the basis of the oriented 
growth theory, a grain in the A orientation is favor- 
ably oriented for growth by having nearly maximum 
boundary mobility with respect to two components 
of the deformation texture. The same process of 
local reorientation which is at least partially re- 
sponsible for the retainment of the rolling texture 
in aluminum” may account for the formation of the 
A components in copper. 

The orientation of the A components for the first 
specimen does not coincide exactly with that of the 
A components for the second, since the location of 
the (111) maxima near the transverse direction is 
somewhat different. The A components appearing 
in the annealing texture of the second specimen are 
related to the cube orientation by a rotation of 
approximately 40° around a [111] axis; the com- 
ponents of the coarsening texture of copper have a 
similar orientational relationship.* It might be ex- 
pected that the orientation of the A components 
gradually shifts with progressive grain growth to- 
ward the orientation of the coarsening texture. 

An ideal cube texture would require that the 
(200) maxima in the rolling transverse and normal 
directions all have the same intensity and shape. 
This is not the case for the first specimen. The (200) 
pole figure, Fig. 3, shows that the maximum in the 
rolling direction is much more intense than the 
maximum in the center and transverse direction. 
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The radial section of the (200) pole figure from the 
center toward the rolling direction, Fig. 6, shows 
clearly that the peak in the rolling direction is three 
times as intense as the peak in the normal direction. 
This anomaly of the cube texture component might 
be interpreted in terms of a spread corresponding 
to a rotation around the [100] axis in the rolling 
direction. 

An approximate evaluation of the relative amount 
of the cube texture may be obtained by comparing 
the intensity of the maximum in the center of the 
(200) pole figure with the intensities of the (111) 
and (200) maxima at about 23° and 30°, respec- 
tively, from the center toward the rolling direction. 
With increasing annealing temperature, there is a 
large relative increase of the intensity for the (200) 
maximum in the center of the pole figure in contrast 
with the (200) maximum at about 30° from the 
center toward the rolling direction, Fig. 6. The same 
may be observed if the maximum in the center of 
the (200) pole figure is compared with the (111) 
maximum at about 30° from the center of the pole 
figure toward the rolling direction. In agreement 
with Baldwin,’ the specimen annealed directly at 
high temperature contains a larger amount of cube 
texture than the specimen annealed at low tem- 
perature. In addition, Fig. 6 shows that the two 
specimens annealed at high temperature contain 
approximately the same amount of cube texture.t 


+ Actually, the ratios between the maximum intensity in the cen- 
ter of the (200) pole figure and the highest intensities of the (111) 
and (200) maxima at about 23° and 30°, respectively, from the cen- 
ter toward the rolling direction, are slightly higher for the third 
specimen, annealed directly at high temperature, than for the sec- 
ond specimen, annealed at low temperature and subsequently at 
high temperature. In view of the lateral spreads of the maxima it 
is difficult to decide whether the small difference in the above ratios 
does correspond to a real difference in the amount of the cube 
texture. 


This fact disagrees with the prediction of the theory 
of oriented nucleation, according to which the speci- 


Table Il. Indices of the ideal Orientations for Each Type of Anneal- 
ing Texture Component for the Three Specimens of 88.5 Pct Rolled 
OFHC Copper 


Second 

First Specimen, Third 
Specimen, Annealed Specimen, 
Type of Annealed 10 Min at 315°C Annealed 
Com- 10 Min at and 20 Min at 

ponent 315°C 20 Min at 825°C 825°C 
A (358) [634] (347) [835] As in the 

G (001) [100] (001) [100] second 
a (122) [212] specimen 


men previously annealed at low temperature would 
contain a much lower amount of cube texture than 
the specimen directly annealed at high temperature. 
On the basis of the oriented growth theory the high 
temperature annealing texture is determined by 
preferential grain growth at the expense of the fully 
annealed matrix. That additional grain growth 
actually does take place is shown by the increase 
in the grain size during the high temperature an- 
neal, Fig. 4. Grains in cube orientation are oriented 
for high boundary mobility with respect to the four 
A components of the low temperature annealing 
texture because the A components have orientations 
near those of the main deformation texture com- 
ponents.’ ” The increase of the amount of the cube 
texture component on grain growth is, therefore, in 
good agreement with the principles of the oriented 
growth theory. The approximately equal amount 
of the cube texture component in the two specimens’ 
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annealed at high temperature may be readily inter- 
preted as a result of grain growth to approximately 
the same extent, regardless of whether the high 
temperature anneal was preceded by recrystalliza- 
tion at low temperature or not. . 

Similar considerations may be applied to explain 
the results obtained by Wilson and Brick.’ In 70-30 
brass, annealing at high temperature produces a 
reversal of the low temperature annealing texture 
into the original (011) [211] rolling texture. Since 
the low temperature annealing texture has orig- 
inated from a matrix with (011) [211] ideal orien- 
tations, on the basis of the oriented growth theory 
grains in the (011) [211] orientation would be ex- 
pected to have high boundary mobility with respect 
to the matrix of the low temperature annealing 
texture. On the other hand, the fact that the forma- 
tion of the high temperature annealing texture is 
not influenced by a previous anneal at low tem- 
perature contradicts the prediction of the oriented 
nucleation theory. 

It might be significant that a high temperature 
textural change, similar to the one observed in 
70-30 brass, also occurs in silver, where it is asso- 
ciated with discontinuous grain growth.” From the 
point of view of the theory of oriented growth, the 
formation of coarsening textures and the variation 
of a texture with the annealing temperature due to 
grain growth are similar phenomena. Presumably, 
the marked difference in the final grain size asso- 
ciated with the two phenomena is due to the number 
of grains having the orientational relationship favor- 
able for growth at the expense of the low tempera- 
ture annealed matrix. 


Fig. 5—(111) pole figure for 88.5 pct rolled and annealed 
OFHC copper. Intensities are in arbitrary units. The speci- 
men, similar to and from the same sheet as Fig. 1, was an- 
nealed in’salt bath for 10 min at 315°C, then in helium and 
hydrogen atmosphere for 20 min at 825°C. The lines are 
dashed or interrupted in areas of the pole figure which have 
not been investigated. Open triangles give (111) poles of one 
of the four A-type annealing texture components, correspond- 
ing approximately to (347) [835]. Half-filled triangles de- 
note (111) poles of the cube texture component. Half-filled 
triangles with bars locate (111) poles of one of the four twins 


of the cube orientation corresponding to (122) [212]. 
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Fig. 6—X-ray intensity reflected by (200) planes parallel to 
the transverse direction, as a function of their tilting angle 
with respect to the rolling plane. The open circles refer to 
the specimen annealed in salt bath for 10 min at 315°C. 
Half-filled circles refer to the specimen annealed in salt bath 
for 10 min at 315°C, then in helium and hydrogen atmos- 
phere for 20 min at 825°C. Filled circles refer to the speci- 
men annealed directly in helium and hydrogen atmosphere 
for 20 min at 825°C. The maxima at the normal direction 
and the rolling direction correspond to two poles of the cube 
orientation. 


Summary 


By a suitable choice of the penultimate grain size 
and the rolling reduction, an OFHC copper strip 
was produced which has a low temperature, 315°C, 
annealing texture containing, in addition to the 
cube texture component, four components similar 
to those of the deformation texture. After anneal- 
ing at high temperature, 825°C, the amount of cube 
texture is much larger than that obtained at low 
temperature. It is not appreciably influenced by 
a previous anneal of the specimen at low tempera- 
ture. This result contradicts the oriented nuclea- 
tion theory,® but is in excellent agreement with the 
principles of the oriented growth theory. 
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Solidification of Aluminum-Zinc Alloys 


The solidification of Al-Zn alloys (2 to 70 pct Zn) was investigated at different rates 
of solidification. The resulting structures were studied; the amounts of nonequilibrium 
eutectic were measured and compared with the amounts calculated on the assumption of 
no diffusion in the solid. The compositions of the cored primary constituent were inyesti- 
gated by quantitative autoradiography after activation of the zinc by neutron irradiation. 
These compositions were also determined from microhardness values. 


by Donald Jaffe and Michael B. Bever 


N a recent investigation of the solidification of 

aluminum-rich Al-Cu alloys,’ the amounts of non- 
equilibrium eutectic were measured and compared 
with the amounts calculated on the assumption of no 
diffusion in the solid. The compositions of the cored 
primary constituent were investigated by quanti- 
tative autoradiography. The work reported here ex- 
tends the investigation of nonequilibrium solidifica- 
tion to the Al-Zn system in the range from 2 to 70 
pet Zn. In addition to autoradiography, microhard- 
ness values were used to determine compositions on 
a microscale. 


Solidification Experiments 

The alloys contained approximately 2, 6, 12, 20, 
30, 50, and 70 wt pct Zn and the balance aluminum. 
According to published diagrams the eutectic re- 
action occurs at 382°C between the eutectic liquid 
(95 pet Zn), a (82.8 pet Zn), and 6 (98.9 pct Zn). 
Solid-state reactions at lower temperatures (due to 
the miscibility gap between 350° and 275°C, the 
eutectoid at 275°C, and the precipitation from super- 
saturated a) did not affect this investigation. Even 
if they occurred to any appreciable extent, they did 
not alter the evidence pertaining to the solidification 
structures. 
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The alloys had to be of high purity to avoid radio- 
active contamination during activation. The alumi- 
num analyzed 0.015 pct Si, 0.009 pct Fe, less than 
0.004 pet Cu, and less than 0.006 pct Mg with traces 
of sodium and titanium; the zinc was reported to 
be at least 99.99 pct pure with traces of iron and 
magnesium. 

The alloys were prepared under argon in an in- 
duction-heated, bottom-pouring furnace, and poured 
into a coated steel mold, which could be preheated 
to temperatures up to 700°C in order to control 
the rate of solidification. The pouring temperatures 
ranged from about 40° above the liquidus for 2 pct 
Zn alloys to about 130°C above the liquidus for 70 
pet Zn alloys. As soon as the melt entered the mold, 
the readings of a thermocouple placed % in. above 
the bottom of the mold were recorded by a record- 
ing potentiometer. Cooling at the rate induced by 
the initial temperature of the mold was continued 
to a temperature 100°C below the liquidus; the mold 
with its contents was then quenched in icy brine. 

Quenching from a fixed interval below the 
liquidus was used to provide a standardized proced- 
ure, since the solidus and liquidus temperatures and 
the interval between them vary greatly over the 
composition range investigated. The temperatures 
from which the samples were quenched were below 
the equilibrium solidus, but under nonequilibrium 
conditions some liquid was still present. This resi- 
dual liquid solidified during the quench. 

The samples measured 34 in. diam and 1% in. 
height. Drillings for chemical analysis were taken 
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Table I. Concentrations in Primary Al-Zn Solid Solution 


From Autoradiographic Measurements 


From Microhardness Measurements 


Maximum Zine 


Minimum Zinc 


Maximum Zinc Minimum Zine 


Concentration of Concentration Concentration of Concentration 
of Dendrite Microsegregation, Interdendritic of Dendrite Microsegregation, 
Sate OTs Wte ¥ oe aterial, Wt Arms, Wt max — Cmin, Material, Wt Arms, Wt Cmax — Cmin, 
p ct Zn Pct, Cmax Pet, Cmin Wt Pct Zn Pct, Cmax Pct, Cmin Wt Pct Zn 
41 2.70 3.2 0.92 2.3 + 
40 6.60 9.4 2.3 7.1 50 44 26 
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adjacent to the sections used for metallography, 
lineal analysis, autoradiography, and microhardness 
determinations. The analyses of some samples dif- 
fered appreciably from the nominal compositions, 
probably owing to macrosegregation. 

Cooling curves drawn from the potentiometer 
records are shown in Fig. 1. The horizontal dashed 
lines indicate the equilibrium liquidus” * and the 
eutectic temperature; the vertical dashed lines rep- 
resent the quench. A solidification parameter is de- 
fined as the 100°C interval of controlled cooling 
divided by the time elapsed between the first change 
in slope of the cooling curve and the beginning of 
the quench. 

Fig. 1 shows that undercooling tended to increase 
with increasing cooling rate. A maximum undercool- 
ing of about 11°C was observed in the fastest cooled 
sample containing 1.75 pct Zn. Although only a 
change in slope of the cooling curve would be ex- 
pected at the liquidus, a hold appeared in many in- 
stances and was especially pronounced in slowly 
cooled alloys of low zinc content. A similar observa- 
tion was made with Al-Cu alloys.’ 


Metallographic Investigation 

Metallographic specimens were prepared from the 
samples made in the solidification experiments. The 
plane of polish was located slightly above the ther- 
mocouple bead. 

Morphology—tThe outstanding feature of the mic- 
rostructures of most samples was the presence of 
eutectic in addition to the primary constituent of 
cored a solid solution. For a given composition 
the total amount of eutectic increased, but the size 
of individual areas of eutectic decreased with in- 
creasing cooling rate. 

The eutectic, which in every case had solidified 
during the quench, differed in fineness and degree of 
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tion parameter of 10°C per min. CENTER: Nominal solidifi- ae un 
cation parameter of 22°C per min. BOTTOM: Nominal 


solidification parameter of 220°C per min. 
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a) Sample 41, 2.70 pct Zn. Solidifica- 
tion parameter of 11.6°C per min. 


b) Sample 40, 6.60 pct Zn. Solidifica- 
tion parameter of 11.8°C per min. 


c) Sample 39, 10.43 pct Zn. Solidifi- 
cation parameter of 11.4°C per min. 


Fig. 3—Photographic enlargements of autoradiographs of cast Al-Zn alloys. X6. Reduced approximately 15 pct for reproduction. 


divorcement only slightly owing to minor differences 
in heat extraction, since the mold was preheated to 
different temperatures in order to induce different 
rates of solidification of the primary a. The shape 
and distribution of the eutectic regions, however, 
changed appreciably with the solidification para- 
meter because the overall configuration of the eutec- 
tic was governed by the pre-existing primary grains. 

A dark etching sheath surrounding the eutectic 
was observed at high magnifications in many speci- 
mens. Gaylor and Sutherland* noted a similar sheath, 
which disappeared after prolonged annealing below 
the eutectic temperature. They concluded that it was 
not part of the eutectic and attributed it to severe 
coring during cooling from about 450° to 435°C, 
since the solidus extends from approximately 59 to 
74 pct Zn over this small temperature interval. The 
sheath was not counted as eutectic in the lineal an- 
alysis. 

Lineal Analysis—The eutectic was measured by 
lineal analysis with a Hurlbut counter at X1400. At 
least four traverses were made on each sample and 
counting was continued until the standard error of 
the mean was less than 3 pct. Since samples con- 
taining less than 20 pet Zn did not contain enough 
eutectic for accurate measurement, only alloys in 
the range of 20 to 70 pct Zn were analyzed. 

Fig. 2 shows the volume percentage of eutectic 
plotted vs the solidification parameter for alloys 
containing nominally 20, 30, 50, and 70 pct Zn. The 
dashed horizontal line above each curve indicates 
the theoretical maximum amount of eutectic calcu- 
lated on the assumption that no diffusion occurs in 
the solid and the composition of the liquid conforms 
to the equilibrium liquidus.* The calculations were 
based on published phase diagrams.” * No meas- 
ured value is included in Fig. 2 for the 70 pct Zn 
alloy with a nominal solidification parameter of 
10°C per min because the sample deviated too much 
from the nominal zinc content. 

The amount of eutectic shows the expected in- 
crease with increasing solidification rate for all 
compositions. For a given solidification rate the 
ratio of the observed to the theoretical amount of 
eutectic increases with the zinc content. 


Autoradiographic Investigation 


When Al-Zn alloys of high purity are irradiated 
with thermal neutrons, after a short period only 
Zn” retains appreciable activity. The decay of this 
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isotope yields 6 radiation suitable for autoradio- 
graphy. Autoradiographs made in this way show 
microsegregation qualitatively and in favorable 
cases can also supply quantitative information. 

The requirements of autoradiography with metals 
and specific procedures for Al-Cu alloys have been 
described.” ° The following account emphasizes dif- 
ferences between Al-Cu and Al-Zn alloys. From an 
estimate of the desired activity (7.5x10° disintegra- 
tions per sq cm) for the photographic exposure, ap- 
proximate irradiation times were calculated and 
improved upon by trial and error; the irradiation 
times found successful ranged from 2 to 24 min. 
After a preliminary decay period of 1 hr, photo- 
graphic exposures were made for 15 to 30 min. A 
standardized processing procedure was adopted for 
all plates intended for quantitative work. With a 
given activity, the NTB-2 emulsion produced ap- 
proximately twice as dense autoradiographs as the 
NTB emulsion. 

For quantitative determination of the concentra- 
tion gradients the density was measured across 
prominent dendrites in the autoradiographs with a 
recording microdensitometer having effective slit 
dimensions of 3x70 vw. The areas were so chosen as to 
minimize interference from the eutectic. The densi- 
ties were converted to wt pet Zn by a calibration 
curve based on standards having nominal composi- 
tions of 5 to 15 pet Zn. 

Measurements could be made only on the slowest- 
cooled samples containing 2.70, 6.60, and 10.43 pct 
Zn. The dendrites of the faster-cooled alloys were 
too small to be resolved. The autoradiographs of the 
alloys of higher zine content showed a general black- 
ening, which could not be interpreted in terms of 
either macro or microsegregation. 

Representative autoradiographs are shown in Fig. 
3. The dark areas indicate low and the light areas 
high concentrations of zinc; this relation reversed 
the shading in the original autoradiographs. The 
prominent dendrite systems shown in this figure 
were evaluated by densitometry. 

The zinc contents found from autoradiographs are 
listed in Table I. In the conversion it was assumed 
that the density of the autoradiographs of the stand- 
ard samples was directly proportional to composi- 
tion. This assumption is strictly true only if 1) the 
density of the alloy does not change with zinc con- 
tent, and 2) the emulsion has a linear response over. 
the range of densities covered in the calibration 
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curve. Neither of these conditions was fulfilled, but 
the deviations were in opposite directions: the den- 
sity of the alloy, and hence the amount of B radia- 
tion, increased disproportionately at higher zinc 
contents, while the sensitivity of the emulsion de- 
creased disproportionately in the same range. Since 
the resulting compensation can be only partial, the 
quantitative results based on autoradiography are 
considered less accurate in the present work than in 
the investigation of Al-Cu alloys, which covered 
a much smaller composition range.' 

The microsegregation, expressed as the difference 
between maximum and minimum zinc concentra- 
tions in interdendritic regions and dendrite arms, 
increased with overall zine content. In sample 39, 
analyzing 10.43 pect Zn a maximum zinc concentra- 
tion of 32 pct was found. This high local concentra- 
tion illustrates the severity of coring in the primary 
constituent. 


Microhardness Investigation 

Microhardness measurements can be used to de- 
termine concentrations on a microscale. Brenner and 
Kostron’ showed this in an investigation of a cast 
aluminum alloy containing 4 pct Cu. They assumed 
that any aging was approximately equal in the as- 
cast samples and in the standards. This assumption 
seemed to introduce little error for the Al-Cu alloy, 
but an attempt to apply the technique to a com- 
mercial Al-Cu-Mg alloy failed because of aging. 

In the present work, microhardness gradients 
across prominent dendrites were converted to wt 
pet Zn by a calibration based on samples of known 
zinc content. These were prepared by annealing sec- 
tions cut from the bottom of ingots made in the 
solidification experiments. When samples contain- 
ing over 20 pct Zn were annealed, voids appeared in 
regions previously occupied by eutectic and even 
after prolonged annealing, etching indicated per- 
sistent concentration differences. The calibration 
curve was carried to 21.5 pct Zn. With a load of 50 g, 
the microhardness increased from 23 Knoop num- 
bers for pure aluminum to about 145 for a homo- 
genized alloy containing 21.5 pct Zn. 

Only the slowest-cooled samples of alloys con- 
taining 2.70, 6.60, and 10.43 pct Zn had dendrites of 
sufficient size for microhardness measurements. 
These were the same samples which were suitable 
for quantitative autoradiography. In samples cooled 
at a faster rate, the dendrites were smaller than the 
indentations made by the Knoop indenter. 

The zinc concentrations determined from micro- 
hardness values are shown in Table I. Some of the 
values are in fairly good agreement with those ob- 
tained by autoradiography. The discrepancies, es- 
pecially for the 10.43 pct Zn specimen (sample 39), 


are probably owing to difficulties with the micro- 
hardness method rather than with autoradiography. 
In comparing the results of autoradiography and mi- 
crohardness measurements, it should also be kept in 
mind that the two techniques were not applied to 
identical parts of a sample. 


Summary and Conclusions 

The nonequilibrium solidification of Al-Zn alloys 
(2 to 70 pct Zn) was investigated at several rates of 
solidification. The results of thermal analysis, metal- 
lographic examination, lineal analysis, quantitative 
autoradiography, and microhardness measurements 
may be summarized as follows: 1) Undercooling in- 
creased with the rate of solidification. 2) All samples 
contained nonequilibrium eutectic, in addition to the 
cored primary a solid solution. 3) The amounts of 
nonequilibrium eutectic increased with the rate of 
solidification. For a given rate, the calculated maxi- 
mum was approached more rapidly with increasing 
zine content. 4) Autoradiographs made after activa- 
tion of the zinc by thermal neutrons revealed the 
dendritic structure of the cored primary a solid 
solution. 5) Zine concentrations on a microscale in 
alloys cooled at slow rates and containing up to 10 
pet Zn were determined by densitometry of auto- 
radiographs. 6) Zine concentrations on a microscale 
were found from microhardness values for the same 
alloys as those suitable for quantitative autoradio- 
graphy. The concentrations found from microhard- 
ness values were only in fair agreement with those 
obtained by autoradiography; the latter are con- 
sidered more reliable. 
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N recent work, Bloom and Grant’ and Stein and 
Grant* have indicated that a high temperature 
chromium phase exists. In the 68 pct Cr-Ni binary 
they found a eutectoid reaction, 8 chromium trans- 
forming to a chromium plus y nickel at 1215°C. Un- 
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Fig. 1—Back reflection X-ray patterns of a 8 chromium crystal. Left to right: a) 100 plane, b) 110 plane, and c) 111 plane. 


Fig. 2—X-ray pattern of 65 pct Cr-35 pct Ni alloy quenched from 1360°C into dry ice chilled silicone oil. Copper radiation, 
nickel filter. 


Fig. 3—X-ray pattern of 70 pct Cr-30 pct Ni alloy quenched from 1360°C into dry ice chilled silicone 


oil, showing metastable 
states. Copper radiation, nickel filter. 
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fortunately the X-ray evidence had never been too 
clear because of the difficulty of preserving the 8 
chromium phase at room temperature, and because 
of the very coarse grain size of the quenched 
samples. In the light of this information, the authors 
have investigated more carefully the structure of B 
chromium with both X-ray back reflection cameras 
and spectrometers. 

In addition to a coarse grained 70 pct Cr-30 pct Ni 
alloy made by induction melting in a stabilized 
zirconia crucible by D. S. Bloom,* additional alloys 
were made in a water cooled copper crucible, inert 
atmosphere, tungsten arc furnace. These latter al- 
loys contained 65 to 72 pct Cr to cover the composi- 
tion, and were all fine grained. The chromium for 
these alloys contained <0.01 pet O and <0.002 pct N, 
and the nickel contained 0.04 pct Fe. 

Heat treatment was carried out in a vertical tube 
globar furnace at 1360°C in air for 1 hr. The speci- 
mens were quenched in Woods metal at 85°C or in 
dry ice chilled silicone oil. The treated specimens 
were then electropolished to remove the nitrided 
layer for X-ray analysis. 

The coarse grained specimens were studied by the 
back reflection method, while both large and small 
grained specimens were investigated with spectro- 
meters using both chromium and copper radiation. 

The results of Bloom and Grant were checked 
with coarse grained arc melted alloys. Back reflec- 
tion patterns, Figs. la, b, and c, show this structure 
to be definitely cubic. 

The spectrometer data, Fig. 2, on both large and 
small grained samples showed the structures to be 
face-centered-cubic. It was noted that it is very 
difficult to retain pure 8 chromium in small grained 
specimens. If, on quenching, 8 was not completely 
retained, two structures were noted, classified as 
face-centered-cubic y’, and body-centered-cubic a’, 
Fig. 3. The prime phases differ from a and y both 
with respect to lattice size and line intensity. It was 


noted that the 8, in transforming to a and y, trans- 
forms to an a’ smaller than a and to a y’ larger than 
y, both having the same structure as the equilibrium 
states. The identification of y’ would help to explain 
several of the extra lines previously unexplained, 
though the weakness of the (111) line is not too 
heartening. 

It was observed that the lines of the a’ and y’ © 
structure are, in many instances, extremely close to 
those of the stable a and y. This has caused con- 
siderable worry and is the reason that both copper 
and chromium radiation have been used. Unfor- 
tunately the comparative sizes of the peaks do not 
give the relative amounts of the phases present, 
since the specimens were necessarily solid and not 
equiaxed grained. In noting the relative intensities 
of the stable phases, however, it seems very plaus- 
ible that those at high angles may have come from 
more than one reflection. 

The structure of 8 chromium is thus identified to 
be face-centered-cubic with a lattice parameter of 
3.68A. It is also noted that there is a possibility of 
two intermediate states appearing if quenching is 
not fast enough to retain 6:a’, a body-centered-cubic 
structure, with a lattice parameter of about 2.72A 
(against 2.88A for a); and y’, a face-centered-cubic 
structure, with a lattice parameter of about 3.98A 
(against 3.52A for y). 
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Infiltration of TiC Skeletons 


Infiltrability of a porous TiC compact, produced by powder metallurgy technique, depends on the 
capillarity of the compact and the surface condition and nature of the individual particles. Capillary 
forces raise the liquid metal infiltrant into the interconnected pores of the compact and the com- 
plete filling of these pores is a function of their geometry as well as the wettability of the TiC par- 
ticles. The paper deals especially with the improvement of this wettability through surface condi- 
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je. a technique for preparing dense 
powder metallurgy parts by filling the void 
spaces of a porous body with a liquid metal, has 
been used for the manufacture of titanium carbide- 
base cermets. Although the infiltration process was 
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Fig. 1—X-ray diffraction patterns of 80 pct TiC-20 pct TiO: 
TOP: ball-milled; BOTTOM: hot-pressed. 


described many years ago, the factors influencing it 
are not too well known.” This is due to the complex 
condition of the porous skeleton, such as pore size 
or capillarity and the presence of films, as well as 
the nature of the skeleton and infiltrant. 

From classical theory for a given set of conditions, 
i.e., temperature and pressure, the height of rise of 
a liquid in a capillary is directly proportional to 
surface tension and contact angle and inversely pro- 
portional to the radius of the capillary. To simplify 
the matter, a combination of surface tension and 
contact angle is called here wettability. In a porous 
skeleton, the average radius of the capillaries can 
be effectively altered by changing the particle size 
and distribution and by controlling the compact 
density. A finer particle-size material compacted to 
a relatively high density will result in finer 
capillaries. 

It is hoped that from the results of the following 
series of experiments a clearer picture will be ob- 
tained as to what controllable variables influence 
the infiltration of titanium carbide. Specific refer- 
ence will be made to the influence of films, carbide 
composition, particle size of powder, and density 
of skeleton. 


Experiments 
Titanium carbide powder compacts 142x%4yxW% in. 
were hot pressed from ball-milled powders to 
densities varying from 50 to 90 pct of the theoretical 
density. These porous bars were placed in small 
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graphite crucibles which contained the infiltrant in 
the form of a powder. Up to ten small crucibles were 
inserted in a larger insulated graphite crucible. The 
temperature of this assembly was rapidly raised by 
high frequency induction heating to 1550°C and 
held for 1 hr. A gas stream of dry hydrogen, wet 
hydrogen, or argon was passed through the assembly 
during the entire experiment. 

Titanium carbide powders from five different 
manufacturers, produced from TiO, plus carbon by 
three different processes, were used in these investi- 
gations, Table I. Ball milling was done dry or wet 
in a steel or a WC mill. Cobalt or nickel was used 
as the infiltrant. 

By making these changes the influence of the 
following factors on infiltration was investigated: 
1) production procedure of the titanium carbide; 
2) furnace atmosphere and ball-milling medium; 
3) presence of free carbon; 4) capillarity of the 
compacts; and 5) composition of the TiC powder 
particles. 

The criterion used to determine the effects of these 
factors was the depth of infiltration, which was 
measured after grinding down the infiltrated com- 
pacts parallel to the direction of infiltration to half 
their initial thickness. 


Results 

Production Procedure of the Titanium Carbide— 
The production procedure of the investigated TiC 
powders seemed to influence their infiltration. Table 
II shows infiltration results of three of the investi- 
gated materials which were ball-milled in a steel 
mill to approximately the same average particle 
size, hot-pressed to various densities, and infiltrated 
in an atmosphere of dry hydrogen. Material A 
could be infiltrated over a fairly wide density range. 


Table |. Investigated Materials 


Material and Supplier 


B, C, D, E, 
A, Metallwerk Metro- Titanium Norton 
Kennametal, Plansee Cutanit Alloy Co.* 


Solid State Reaction 


Production Menstruum Protective 


Procedure Process Atm Vacuum Arce Melting 
Ti 719.7 79.0 79.0 79.1 78.0 
Ceombd 19.4 19.0 19.0 19.1 16.8 
Ctree 0.21 0.73 0.54 0.20 0.45 
Oo¥ 0.10 0.09 0.16 0.57 1.93 
Not 0.15 0.97 0.67 0.45 0.86 
Fe 0.06 0.13 0.11 0.22 1.54 
Total 99.62 99.92 99.48 99.64 99.58 
Ceomb 
19.6 19.4 19.4 19.5 
Ti + Ceomp 


* Technical grade material, flotation purified. 
+ Determined by vacuum fusion. 
t Determined by Kjeldahl method. 


For material B this range was narrower and mate- 
rial C could not be infiltrated at all under these con- 
ditions. The results for materials D and E lay be- 
tween B and C. 

Influence of Furnace Atmosphere and Ball-Milling 
Medium—When the furnace atmosphere was 
changed from dry to wet hydrogen, material C, 
which did not infiltrate in dry hydrogen, could now 
be partially infiltrated. The same result was obtained 
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Table II. Influence of Production Procedure 


Table Vi. Influence of Particle Size 


‘ Particle Length of Bar 
Material Size, Density, Pet Infiltrated 
82.3 Almost complete 
A 2.05 76.0 Complete 
64.4 Complete 
79.5 
B 2.10 74.0 Complete 
60.5 2/3 
75.8 0 
Cc 2.30 70.3 0 
63.1 0 
Table Ill. Influence of Furnace Atmosphere and Ball Milling 
Medium on Material C 
Ball Oxy- Length of 
Milling gen, Atmos- Density, Bar Infil- 
Medium Pct phere Pet trated 
As 
received 0.16 
Air 0.20 Dry 75.8 0 
hydrogen 70.3 0 
63.1 0 
Air 0.20 Wet 78.4 1/3 + Case 
hydrogen Almost 
complete 
69.8 Almost 
complete 
Water (or 1.49 Dry 84.8 1/2 
alcohol) hydrogen 75.9 1/6 
68.2 5/6 
Water (or 85.8 
alcohol) 1.49 Argon 73.9 1/2 
66.5 Complete 
‘Table IV. Influence of Oxygen Content 
Length of 
Particle Oxygen, Density, Bar In- 
Material A Size, uw Pet ct filtrated 
As received 0.10 
Ball milled in air 2.05 0.46 82.3 Almost 
complete 
76.0 Complete 
64.4 Complete 
Leached with HCl 2.38 0.07 81.2 0 
0 
60.0 0 
TiOz added after HCl 1.90 1.28 75.5 Almost 
leach complete 
78.2 Almost 
complete 
81.7 Almost 
complete 
Table V. Influence of Graphite 
Density, Length of Bar 
Material A Pet Infiltrated 
Ball milled in air 82.3 Almost complete 
76.0 Complete 
64.0 Complete 
Ball milled in air 81.8 1/3 
+ 0.25 pet C 74.3 Complete 
60.0 2/3 
Ball milled in air 77.8 0 
+ 1.00 pet C 71.2 Complete 
60.0 1/3 
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Length of 
Particle Density, Bar In- 
Material Size, w Pet filtrated 
A 2.64 V7.3 1/6 
71.4 Complete 
60.0 0 
A 1.41 81.2 Almost 
complete 
75.0 Complete 
73.9 Complete 


Table VII. Loss of Oxygen During Infiltration 


Oxygen, Pct 
Atmos- Cobalt, 

Material A phere Pct Found Theory Loss 
+20 pet TiO hot pressed 4.07 — 
+20 pet TiO hot pressed Dry hy- 

and infiltrated drogen 24.9 2.88 3.25 13 
+2 pct TiOz hot pressed 0.80 
+2 pct TiO» hot pressed 

and infiltrated Argon 33.6 0.30 0.60 50 

Table VIII. Influence of Tungsten Carbide 
Length of 
Particle Density, Bar Infil- 
Material A Size, w Pet trated 
Ball milled + 1 pet WC 2.0 79.2 0 

HCl leached Complete 

56.4 5/6 

Ball milled + 3 pet WC 2.2 79.2 2/3 
HCl leached 75.9 Complete 
61.0 Complete 
Ball milled + 10 pet WC 2.2 80.0 Complete 
HCl leached 69.0 Complete 
55.8 Complete 


when this powder was ball-milled in water or alco- 
hol and infiltration then carried out in dry hydrogen. 
In an argon atmosphere, the wet ball-milled mate- 
rial C could even be completely infiltrated, Table III. 

Ball-milling, especially in a liquid, caused the 
TiC to pick up a considerable amount of oxygen. A 
hydrochloric acid leach of the ball-milled powders 
removed this oxygen again together with a small 
amount of titanium. Numerous analyses showed 
that the amounts of titanium and oxygen lost during 
leaching were in the same ratio as in TiO,. After 
leaching with hydrochloric acid, all investigated 
materials failed to infiltrate. When the TiO, lost 
during leaching was replaced by ball-mill mixing 
titanium carbide with 2 pct TiO., the ability to infil- 
trate was restored, Table IV. A large part of the 
oxygen in the TiO, was lost again during infiltration. 

Influence of Graphite—Powders which originally 
infiltrated in a dry hydrogen atmosphere showed a 
gradual decrease of depth of infiltration after they 
were mixed by ball milling with increasing amounts 
of graphite, Table V. The presence of a small 
amount of free carbon (up to 1 pet) narrowed the 
density range of infiltration for the investigated 
materials. Larger amounts prevented infiltration 
completely. A wet hydrogen atmosphere during in- 
filtration or ball milling of the graphite containing 
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Fig. 2—Titanium carbide bars infiltrated under various con- 
ditions. 


TiC in water counterbalanced the detrimental effect 
of free carbon and restored infiltrability. 

Capillarity of the Compact—Size and size distri- 
bution of the powder particles and density of the 
hot-pressed piece determine the capillarity of the 
porous compact. Table VI shows that the density 
range in which complete infiltration occurs widened 
with a decrease in particle size. The powders used 
for these experiments were ball-milled in argon in 
order to avoid oxidation during ball milling. Ball- 
milling of the investigated materials to a smaller 
particle size could overcome also the detrimental 
effect of a hydrochloric acid leach. The influence of 
particle size distribution was not investigated. As 
far as density is concerned all tables show that there 
was a density range for which complete infiltration 
of the investigated materials could be obtained. 
Depending upon other conditions, this range varied 
somewhat. It was generally between 60 and 85 pct 
of the theoretical density, and if surface and other 
conditions for optimum infiltration were properly 
attained bars covering this whole density range 
could be infiltrated, giving a wide variation of 
carbide-to-binder ratio for the final product. 

Composition of the TiC Particles—Hot pressing 
of ball-milled mixtures of TiO, TiN, or WC with TiC 
caused these additions to go into solid solution with 
TiC. Fig. 1 shows X-ray diffraction patterns of a 
80 pct TiC-20 pct TiO mixture after ball milling and 
after hot pressing. The disappearance of the TiO 
lines after hot pressing indicates that this compound 
has formed a solid solution with TiC. That TiO has 
not been carburized and is still present after infil- 
tration is shown in Table VII. Only 13 pct of the 
oxygen of the TiO was lost during infiltration in a 
reducing atmosphere of dry hydrogen, considering 
the change of composition caused by the infiltrant. 
On the other hand, 50 pct of the oxygen of the TiO, 
was lost during infiltration in a neutral argon atmos- 
phere. X-ray diffraction studies of the other two 
mixtures also showed the formation of solid solu- 
tions during hot pressing. 

The presence of up to 20 pct TiO or 10 pet TiN in 
solid solution did not affect the infiltration of the 
investigated materials. In contrast with these find- 
ings the presence of WC did affect infiltration con- 
siderably. Table VIII shows the influence of increas- 
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ing amounts of WC on the infiltration of material A. 
The other materials were similarly affected. To 
exclude the influence of the presence of an oxide 
film, the mixtures were leached with HCl. The use 
of a WC ball mill caused a pickup of WC from the 
mill which had the same effect on infiltration as the 
addition of this compound to TiC and _ bail-mill 
mixing in a steel mill. 

Infiltration results obtained with the five investi- 
gated materials were identical for both infiltrants, 
cobalt and nickel. The presence of a small amount 
of iron, which was picked up from the steel mill, 
did not influence infiltration. 


Discussion 

A network of interconnected pores is necessary in 
order to obtain complete infiltration. For this rea- 
son, the expression capillarity is used instead of 
porosity. The higher the density of a porous skele- 
ton the greater is the danger of the existence of 
isolated pores which cannot be infiltrated. On the 
other hand, if densities are too low, the radii of the 


Table IX. Analyses of an Infiltrated Bar and the Original Powder 


As Received, As Ball-Milled, Infiltrated, 
Material A Pet Pet Pct 
Ti 79.7 78.0 61.3 
Ceomb 19.4 18.5 14.8 
free 0.21 0.85 eS 
Fe 0.06 0.94 0.73 
Oz 0.10 1.74 0.01 
No 0.15 0.30 — 
Co — — 22.3 
Total 99.62 100.33 100.44 
Ceomb 19.6 19.2 19.4 
Ti + Ceompb 


capillaries might be so large that the capillary 
forces would be too weak to raise the liquid suffi- 
ciently for complete infiltration. This explains the 
existence of a density range for complete infiltration. 

Wettability of the carbide skeleton is a function 
of the surface condition of the individual particles. 
The foregoing experiments and their results have 
shown that a slight surface oxidation of the carbide 
particles to TiO, is essential for complete infiltration. 
The carbon which the infiltrant dissolves from the 
erucible probably reacts with the TiO. surface film 
and this interfacial reaction enhances wetting of the 
compact.’ If this oxide film is removed, by leach- 
ing the ball-milled powder with hydrochloric acid 
or by the use of a dry hydrogen atmosphere, infiltra- 
tion is inhibited. 


Fig. 3—Completely 
infiltrated bar cut 
perpendicular to the 
direction of 
infiltration. 
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Fig. 4—Completely infiltrated bar. 
the bar is seen to the left, the outer zone to the right. 
X250. 


Ball milling to a very fine particle size can over- 
come the detrimental effect of the hydrochloric acid 
leach. The possible reasons for this are the forma- 
tion of finer capillaries during hot pressing and an 
unavoidable partial reoxidation of the very fine 
particles. One particular powder, for instance, was 
ball-milled to 2.3 « and leached with hydrochloric 
acid. It had an oxygen analysis of 0.07 pct. When 
the same powder was ball-milled to 1.5 w and 
leached, its oxygen content was 0.46 pct. 

The detrimental effect of free carbon can be ex- 
plained by the presence of a tenacious coating of 
graphite around the carbide particles. This coating 
when heated could react either with the hydrogen 
atmosphere or with the oxide film present. In either 
case, it would leave an oxide-free surface of low 
wettability. It was stated in the beginning that the 
production procedure of the titanium carbide had 
an influence on its ability to infiltrate. The foregoing 
considerations make it probable that this influence 
is secondary and that the surface condition of the 
powder particles is the prime influential factor. 

The findings of this investigation concerning the 
influence of the presence of oxygen on the infiltra- 
tion of titanium carbide skeletons are at variance 
with those of G. E. Meerson and co-workers,’ who 
believe that the presence of a certain amount of 
oxygen prevents infiltration. As the form in which 
the oxygen is present is of utmost importance, the 
oxygen analysis of titanium carbide alone does not 
provide a criterion for infiltrability. 

Fig. 2 shows five infiltrated bars which were ma- 
chined down parallel to the direction of infiltration 
to half their original width. Bar 1 is typical for 
infiltration in a dry hydrogen atmosphere. Bar 2 is 
typical for infiltration in a slightly oxidizing at- 
mosphere. Bar 3, observed especially in an argon 
atmosphere, indicates how infiltration proceeds un- 
der favorable conditions. The liquid infiltrant does 
not rise in all the capillaries of a porous bar to the 
same height simultaneously. The infiltration pro- 
ceeds fastest at the outer parts of the bar and at the 
innermost part, while the in-between zone lags be- 
hind. Bar.4 shows the typical pattern of a bar in- 
filtrated in a water-saturated hydrogen atmosphere. 
Bar 5 is a picture of a completely infiltrated bar. 
The three zones formed during infiltration can be 
clearly distinguished in a cut perpendicular to the 
direction of infiltration, Fig. 3, and in the micro- 
graph, Fig. 4. The outermost zone is rich in infiltrant 

‘with very fine Ti-C grains embedded in it. Adjacent 
to it, the second zone shows slightly coarser, but 
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Fig. 5—Inner zone of a completely infiltrated bar. 
X1000. 


still fine carbide particles. Both these zones are rel- 
atively small; the innermost third zone has large 
carbide particles completely surrounded by the 
binder phase, Fig. 5. Such a structure, if properly 
developed, should show interesting physical prop- 
erties. 

Table IX gives the analyses of a powder as re- 
ceived, as ball-milled in a steel mill to 1.28 », and 
of the center part of a corresponding infiltrated bar. 
It shows the relatively high oxygen pickup during 
ball-milling which was completely lost during in- 
filtration in this case, and the relatively low cobalt 
content of the center. The X-ray diffraction pattern 
of the infiltrated piece showed only cobalt and ti- 
tanium carbide lines with a TiC lattice parameter 
of a = 4.3825A. This value indicates that no cobalt 
was taken into the TiC lattice. 


Conclusions 


Infiltration of porous bars hot-pressed from the 
five investigated titanium carbide powders was 
beneficially affected by the following factors: the 
presence of an oxide film around the individual TiC 
particles; a decrease in particle size; and the pres- 
ence of WC in solid solution with TiC. The presence 
of free carbon was detrimental to infiltration, and 
the presence of TiO or TiN in solid solution had no 
effect. An analysis of the four infiltration patterns, 
found in incompletely infiltrated bars, should be of 
interest for practical applications. Appearance of 
one of these patterns gives an indication of prevail- 
ing conditions in a particular run and changes can 
be made accordingly. 
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Observations on the Brittle Fracture Of 
Cemented Titanium Carbide 


The brittle fracture of a TiC-Inconel cermet at room temperature is shown to 
occur primarily as a result of the cracking of the larger carbide particles (at a tensile 
strain of approximately 0.3 pct), followed by cracking of adjacent, smaller carbides 
and, finally, by the rupture of the Inconel matrix between cracked carbides (at a strain 
of~1.2 pct). No evidence was found for separation at the interface between carbide 
and matrix at any point in the fracture process. 


Bow 


M ATERIAL used in this study was a TiC-Inconel 
cermet prepared by infiltration (50 pct TiC, 
50 pet Inconel: designated as TC66-I). A thin sec- 
tion of this material was brazed to a piece of low 
carbon steel and then mounted in lucite for metal- 
lographic preparation.* After grinding, polishing, 


Deformation and fracture of the specimen was 
accomplished by bending the specimen as a simply 
supported, centrally loaded beam, in a bending fix- 
ture which could be placed in the stage of a micro- 
scope, with the tension side of the bend specimen 
under the microscope objective.t This method of 


*W. F. Zimmerman, Materials Laboratory, Evendale Works, 
General Electric Co., suggested this method of preparation and 
supplied the metallographically prepared specimens used. 


and etching, the final thickness of the cemented car- 
bide was 0.4 mm. 


J. R. LOW, JR., Member AIME, is with Metallurgy and Ceramics 
Research Dept., Research Laboratory, General Electric Co., Schenec- 
tady. 

TP 4196E. Manuscript, July 25, 1955. New York Meeting, Febru- 
ary 1956. 
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+ Gurland and Bardzil describe a similar, but less detailed, study 
of the fracture process in WC-Co. They report an association be- 
tween residual grinding and polishing scratches and the initial 
stages of fracture which was not observed in this work.t 
deformation and observation has the advantage that 
the surface under examination is the most severely 
deformed portion of the specimen. The procedure 
followed was to deform the specimen a small 
amount, scan the surface at X1000 for any evidence 
of deformation or cracking, deform another small 
increment, scan the surface again, and so on until a 


Fig. 1—Examples of 
cracked carbides ob- 
seryed at 0.3 pct strain. 
Note that only the larger 
carbides are cracked. 
X1500. Area reduced 
approximately 20 pct for 
reproduction. 
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change in appearance was detected. The amount of 
deformation was estimated by measuring the curva- 
ture of the surface, using the mechanical stage and 
the fine focus adjustment of the microscope. From 
the curvature and the known thickness of the speci- 
men the average strain in the outer surface could 
then be estimated. In preliminary attempts to bend 
the specimen with the bend fixture supports in the 
backing material, the cemented carbide layer broke 
away from the backing plate. Since, for the results 
here described, the cemented carbide layer was not 
attached to the backing plate, the thickness used for 
strain computations is that of the cemented carbide 
layer only. In general, the strains reported are the 
average, over a distance of approximately 1.5 mm. 

Up to about 0.2 pct extension no change in the 
specimen could be detected, but at 0.3 pct extension 
a large number of cracked carbide particles were 
found in a small wedge-shaped area located near 
mid-span of the bent specimen and extending in from 
one edge a distance of about 3 mm. (Typical ex- 
amples of these cracked carbides are shown in Fig. 
1 at a magnification of X1500.) Careful examination 
at this point failed to reveal any evidence of rupture 
of the matrix material. In general, all of the cracks 
were oriented approximately perpendicular to the 
direction of the tensile stress (+20°). In the most 
severely deformed portion of the specimen (that 
in which the measured strain was 0.3 pct), about 0.5 
pet of all carbides were cracked. 

The most striking feature of these cracks was that 
they occurred much more frequently in the larger 
carbide particles. This is apparent qualitatively in 
the micrographs of Fig. 1. Very rarely was a crack 
found in a small carbide particle, and then only 
when the small carbide particle was adjacent to a 
larger particle which had also cracked. This tend- 
ency of the larger carbide particles to crack first is 
demonstrated in the size distribution curves of Fig. 
2, where the number of particles in a given size 
range is plotted against the mean of the range, first 
for 250 particles selected at random and then for 
an equal number of cracked particles. It will be ap- 
parent from Fig. 2 that, for a given deformation of 
the aggregate, there is a much greater probability 
of the larger particles cracking. This suggests the 
possibility that a reduction in size of the carbide 
particles should improve the ductility of the 
aggregate. 

Upon increasing the local strain to 0.8 pct, com- 
plete fracture of the aggregate still did not occur. 
The principal changes observed were: a) an in- 
crease in the number of cracked carbides per unit 
of area, b) an increase in the size of the region in 
which cracked carbides were observed (from a 
length of 3 to 5mm), andc) a tendency for the cracked 
carbide to occur in groups of two or three, as though 
the failure of one carbide particle had placed an 
extra load on its neighbors. 


produced approximately original size. 
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Fig. 2—Comparison 
of particle size dis- 
tribution curves for 
uncracked and 
cracked carbides. 
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Fig. 3—Comparison of fraction of carbides. cracked for 0.3 
and 0.8 pct strain. 


Fig. 4—Widened 
crack in carbide at 
0.8 pct strain. Note 
that matrix is not 
ruptured. X2530. 
Area reduced ap- 
proximately 20 pct 
for reproduction. 


Fig. 5—End of propagating crack in TiC-Inconel cermet. Note line of cracked carbides in advance of main crack. X1890. Re- 
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Fig. 6—Crack in carbide beginning to penetrate into matrix. 
X1890. Area increased approximately 50 pct for reproduction. 


The increase in number of cracked carbides with 
increasing strain is shown in Fig. 3, where the frac- 
tion of the carbides cracked is plotted against dis- 
tance across the specimen, measured from the most 
severely deformed edge. At this point in the defor- 
mation, cracks in a few carbides had opened up so 
that considerable deformation must have occurred 
in the adjacent matrix material, but even so, no 
tearing of the matrix was visible at the highest 
magnification available for examination. See Fig. 4 
for two such cracks and the surrounding matrix. 

Further deformation to about 1.2 pct caused the 
formation of a large crack, continuous through the 
carbides and the matrix, but extending only about 
three-fourths of the way across the specimen. This 
latter fortunate circumstance made it possible to 
observe the leading edge of a crack and to determine 
the mode of propagation. The end of this large crack 
is shown in Fig. 5. Just at the end of the crack and 


for a short distance in advance of the separation of 
the aggregate as a whole, it will be noted that the 
carbide particles have cracked along a line in the 
direction of crack propagation. Thus, it seems clear 
that the fracture of the aggregate is propagated by 
the cracking of the individual carbides, which is 
followed by a tearing of the matrix material between 
the cracked carbides. This process is shown in Fig. 
6, where a wide crack in a carbide can be seen to 
have extended a short distance into the matrix. 

Careful examination along the crack failed to 
reveal more than one or two isolated carbides which 
might possibly have separated at the matrix-carbide 
interface, and no evidence of this kind was observed 
early in the fracture process before complete rup- 
ture of the aggregate had occurred. Therefore it is 
clear that the fracture does not originate nor propa- 
gate by failure at the carbide-matrix interface. 

Some estimate of the amount of deformation ac- 
companying the crack propagation may be made 
from observations on the distance from the crack 
surface over which cracked carbides were observed. 
In general, cracked carbides were found only in a 
very narrow band on either side of the main crack, 
the width of this region being about 0.1 mm or less 
on either side of the crack. 


Summary 

1) The brittle fracture of a 50 pct TiC-50 pct 
Inconel cermet has been shown to originate by 
cracking of the carbide particles at a very low (0.3 
pet) strain of the aggregate. 

2) Fracture occurs most frequently in the larger 
carbides, suggesting that a reduction in carbide size 
should improve the ductility. 

3) Complete separation of the aggregate with 
increasing strain occurs from an increase in the 
number of cracked carbides, followed by an increase 
in the width of the carbide cracks and, finally, from 
a tearing of the matrix material between the cracked 
carbides to produce a continuous fracture. 
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Further Work on the Boron-Hardenability Mechanism 


It was found that a critical boron content exists which yields the maximum boron- 
hardenability effect in hypoeutectoid steels, as was predicted from the mechanism pro- 
posed in a previous paper. The hardenability of boron steels with boron contents between 


0.00005 and 0.0017 pct was dependent on the boron content, austenitizing temperature 


quenching temperature, and austenite grain size. The effects of these variables on hard- 
enability can be explained by the mechanism previously proposed for the boron effect. 


by C. R. Simcoe, A. R. Elsea, and G. K. Manning 
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A MECHANISM has been proposed to explain the 
effect of boron on the hardenability of steel. 
The proposed mechanism assumes that transforma- 
tion particles nucleate at concentrations of lattice 
imperfections where the energy level is high, and 
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that boron, because of its atomic diameter, also con- 
centrates at lattice imperfections, lowering their en- 
ergy level. In this manner, boron lowers the energy 
level of potential nuclei and thus lowers the prob- 
ability for nucleation. From this mechanism, it 
would be expected that the nucleation rate would 
decrease when the boron content was increased, 
until all the favorably sized sites (lattice imperfec- 
tions) were occupied. At this point, the nucleation 
rate should be a minimum. Further increases in the 
boron content then might increase the nucleation 
rate because of the increase in strain energy that 
would result from the lack of suitable sites for the 
boron atoms. 

This proposed mechanism suggests that a critical 
amount of boron is required in the steel to obtain the 
maximum hardenability effect. However, since it is 
believed that both the boron atoms and lattice im- 
perfections tend to concentrate at the austenite grain 
boundaries, this critical amount of boron for a steel 
should be dependent upon its austenite grain size. 
Data in a previous publication’ showed that the 
critical boron content is probably below 0.0005 pct. 
It was believed that proof of a critical boron content 
that is dependent upon the austenite grain size 
would lend considerable support to the proposed 
boron-hardenability mechanism. Therefore, the fol- 
lowing experimental work was performed to deter- 
mine whether a critical boron content exists, and to 


Table |. Grain-Size Data from Hardenability Bars of Heat B-1257 


ASTM Grain Size After Austenitizing 


Boron at Indicated Temperature 
Added, 

Pct 1600°F 1800°F 1900°F 2000°F 2200°F 
0.0000 8 7to8 4to5 4to5 = 
0.0001 8 7to8 5 3 to 4 
0.0004 8 7to8 7to8 3 to 4 2 
0.0009 8 ‘7 to 8 3to4 3 to4 — 
0.0017 8 7to8 5 3 to 4 — 


discover the effects of grain size and carbon content 
on the critical boron content. 


Experimental Work 

The steels used for this investigation were 500-lb 
laboratory heats with a base composition similar to 
the SAE 8600 series steels. Each heat was deoxidized 
with 0.125 pct Al and was cast into five ingots. Boron 
additions, in the form of an Fe-0.86 pct B alloy, 
were made to the metal prior to casting each ingot. 
In all cases, the boron reported is that which was 
added to the metal; it would be extremely difficult 
to analyze for the boron retained in steel from addi- 
tions of as little as 0.00005 pct B. Two heats of 0.35 
pet C steel were made with additions of 0.0000, 
0.0001, 0.0004, 0.0009, and 0.0017 pct B to the first 
heat (heat B-1257), and additions of 0.00000, 0.00005, 
0.0003, 0.0006, and 0.0015 pct B to the second heat 
(heat B-1443). These ingots were forged to 1%4-in. 
diameter rounds from which hardenability bars were 
machined. End quench hardenability tests were per- 
formed on these steels, with austenitizing tempera- 
tures which ranged from 1500° to 2200°F. The flats 
for taking the hardness traverses were ground to a 
depth of 0.040 in. for the specimens austenitized be- 
low 2000°F and 0.100 in. for those austenitized above 
2000°F. The depth was increased for specimens 
~ austenitized at the higher temperatures to insure the 
removal of any deboronized material. 
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Fig. 1—Hardenability as a function of austenitizing tempera- 
ture for five steels from heat B-1257 with various boron 
contents. 


Hardenability curves were plotted for these speci- 
mens, and the distance from the quenched end to 
the Rc 40 position was used as a measure of harden- 
ability. This hardness value corresponds approxi- 
mately to the 50 pct martensite structure for these 
0.35 pet C steels. The hardenability data obtained 
from heat B-1257 are shown in Fig. 1. Table I con- 
tains grain-size data for these same hardenability 
bars. The data in Fig. 1 show that there was an in- 
crease in the hardenability of the boron-free steel 
over the austenitizing temperature range from 1800° 
to 2000°F. In addition, the data show that grain 
coarsening occurred over this same temperature 
range. It could be concluded, therefore, that the in- 
crease in the hardenability of the boron-free steel 
resulted from austenite grain growth. 

In general, with increasing austenitizing tempera- 
ture, the boron steels increased in hardenability to a 
maximum and then decreased with further increases 
in austenitizing temperature. However, there were 
differences among the boron steels in the magnitude 
of the peak hardenability and in the austenitizing 
temperature at which this peak occurred. 

The hardenability increased with increasing boron 
content to a maximum at 0.0004 pct B. The maxi- 
mum hardenability obtained under these conditions 
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Fig. 2—Hardenability as a function of quenching tempera- 
ture for five steels from heat B-1257 after austenitizing at 
2000°F to establish a coarse austenitic grain structure. 


AUGUST 1956, JOURNAL OF METALS—985 


\ 


22, 


No boron added 


0.00005 % boron added 
0,0003% boron added 
0,0006 % boron added 
0,0015% boron added 


| 
| 


> x 
x 


Distance From Quenched End to 40, inch 


% boron 


10 
a 


1500 700 1900 2000 
Austenitizing Temperature, F 

Fig. 3—Hardenability as a function of austenitizing tempera- 

ture for five steels from heat B-1443 with various boron 

contents. 


was considerably greater than that obtained when 
the boron content was 0.001 to 0.003 pct in previous 
experimental heats of this investigation.* After 
reaching a maximum at 0.0004 pct B, the harden- 
ability then decreased with further increase in boron 
content. Exceptions to this behavior occurred at the 
higher austenitizing temperatures where the 0.0001 
pet B steel and the boron-free steel exhibited the 
maximum hardenability. 

The variation in hardenability in the boron steels 
with variations in austenitizing temperature could 
have resulted either from increasing grain-boundary 
concentration of boron with increasing grain size, or 
from temperature effects that are independent of 
grain size. Consequently, to separate these two vari- 
ables, a study was made of the variation in harden- 
ability with variations in austenitizing temperature 
at a constant grain size. This study was conducted as 
follows. Hardenability specimens were austenitized 
at 2000°F to establish a coarse grain structure. They 
then were transferred to a second furnace operating 
at a lower temperature in the range of 1500° to 
2000°F. The hardenability specimens were held at 
the lower temperature for 20 min and then were 
quenched in the usual manner. The data obtained in 
this study are shown in Fig. 2. These data show that 
the hardenability of the boron-free steel was not in- 
fluenced by the quenching temperature when the 
grain size was constant. The effect of variations in 
quenching temperature on the hardenability of the 
boron steels was dependent upon the boron content. 
The effect was fairly small for the 0.0001 and 0.0004 
pet B steels. However, the hardenability of the 
0.0009 and 0.0017 pct B steels was considerably 
higher when they were quenched from temperatures 
of 1500° to 1600°F than when quenched from 2000°F. 
Also, all the boron steels showed much greater hard- 
enability when quenched from 1500° and 1600°F, 
after first establishing a coarse grain structure at 
2000°F, than they did when both austenitized and 
quenched from these lower temperatures. This be- 
havior indicates that there is an austenitizing-tem- 
perature effect which is independent of grain size, 
and that this temperature effect increases with in- 
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creasing boron content. However, the temperature 
effect appears to be too small to account for the 
variation in hardenability noted in Fig. 1. These 
variations in hardenability of boron steels with 
variations in austenitizing temperature apparently 
were caused largely by increases in the concentra- 
tion of boron at the grain boundaries with decreas- 
ing grain-boundary area (increased grain size). 

The ingots poured from the second heat of 0.35 
pet C steel (heat B-1443) received boron additions 
of 0.00000, 0.00005, 0.0003, 0.0006, and 0.0015 pct. 
These steels were made to determine the critical 
boron content more precisely and to determine the 
reproducibility of the hardenability trends ob- 
served for the previous heat of steel. The results of 
the hardenability tests on these steels, as a function 
of austenitizing temperature, are plotted in Fig. 3, 
and the grain-size data are shown in Table II. The 
data in Fig. 3 show that an appreciable boron effect 
was produced in a steel to which only 0.00005 pct B 
had been added. However, considerable grain coars- 
ening occurred before the effect was obtained. The 
boron addition of 0.0003 pet produced the greatest 
hardenability in this series of boron steels. The gen- 
eral trends in hardenability effect shown in Fig. 3 
are the same as those observed for the previous heat, 
Fig. 1. However, there were two notable exceptions 
in the behavior of these two different heats of steel. 
The peak hardenability at each boron level oc- 
curred at a lower austenitizing temperature in this 
second heat of steel. Also, the grain size was larger 
at 1600°F, and rapid grain coarsening occurred at a 
lower temperature in the second heat of steel. 

The hardenabilities of the 0.0003 and 0.0004 pct B 
steels were plotted as a function of grain size in 
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Fig. 4 to determine if the larger grain size could ac- 
count for maximum hardenability occurring at dif- 
ferent austenitizing temperatures. It should be noted 
that, in this figure, the hardenability was plotted as 
a percentage increase over the hardenability for the 
boron-free steel for each heat. This method was used 
to eliminate the difference in basic hardenability 
between the two steels because of slight differences 
in alloy composition. The data in Fig. 4 show that 
the two steels exhibited nearly identical harden- 
ability behaviors at a given grain size. Likewise, it 
can be shown that the pairs of steels which received 
additions of 0.0006 and 0.0009 pct B and 0.0015 and 
0.0017 pct B behaved similarly. The behavior of the 
0.00005 and 0.00010 pct B steels was somewhat dif- 
ferent, as is shown in Fig.5. These steels exhibited 
two separate curves, possibly because their boron 
contents were in the range where the hardenability 
varied considerably with the amount of boron 
added, as well as with the grain size. 

Since it has been shown frequently that the mag- 
nitude of the boron effect is dependent on the car- 
bon content of the steel,” * it might be expected that 
the critical boron content also would be dependent 
on the carbon content. Two additional heats of steel 


Table II. Grain-Size Data from Hardenability Bars of Heat B-1443 


ASTM Grain Size After Austenitizing 


Boron at Indicated Temperature 
Added, 

Pct 1600°F 1700°F 1800°F 2000°F 
0.00000 7 5 3 to 4 3 to 4 
0.00005 7to8 (i 3 3 to4 
0.0003 6 3 to4 3 to4 
0.0006 7to8 2to3 3 to 4 
0.0015 7to8 6to7 2to3 3 to 4 


which contained 0.25 and 0.50 pect C were made to 
determine if there is a relationship between the car- 
bon content and the critical boron addition. The base 
compositions and the melting practices for these two 
steels were identical with the two 0.35 pct C steels. 
The boron additions were 0.0000, 0.0001, 0.0003, 
0.0006, and 0.0010 pct in each heat. 

The results of the end quench hardenability tests 
for the 0.25 pet C steels (heat B-1475) are shown as 
a function of the austenitizing temperature in Fig. 6. 
The curves in this figure show the same general be- 
haviors as do those for the 0.35 pct C steels of Fig. 1. 
That is, the hardenability at each boron level in- 
creased with increasing austenitizing temperature to 
a maximum and then decreased with a further in- 
crease in temperature. It appears that the 0.0003 pct 
B addition furnished approximately the critical 
amount of boron for this 0.25 pct C steel. Grain-size 
data for both heats are given in Table III. 

The hardenability data obtained for the 0.50 pct C 
steels (heat B-1476) are plotted in Fig. 7 as a func- 
tion of austenitizing temperature. In general, the 
hardenability behavior was similar to that of the 
previous steels. However, there were two notable 
exceptions: 1) The magnitude of the boron effect 
was small in the 0.0010 pct B steel and fairly large 
for the 0.0001 pct B steel. In fact, at austenitizing 
temperatures of 1700° to 2000°F, the 0.0001 pct B 
steel exhibited the largest boron effect. 2) The rate 
at which the hardenability changed with increasing 
austenitizing temperature was very rapid, and the 
temperature range over which the maximum hard- 
enability occurred for the 0.0003 and 0.0006 pct B 
steels was very narrow. However, the 0.0003 pct B 
steel developed the highest hardenability. 
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Fig. 6—Hardenability as a function of austenitizing tempera- 
ture for five ingots of the same heat of SAE 8625 steel with 
various boron contents. 


The maximum increase in: hardenability obtained 
at each boron level in all four steels studied in this 
investigation is shown in Fig. 8. In each steel, the 
maximum hardenability obtained increased with in- 
creasing boron content to 0.0003 or 0.0004 pct and 
then decreased as the boron content was further in- 
creased. Thus, it appears that critical boron content 
is not dependent on carbon content of steel. 


Discussion 

The experimental results of this investigation lend 
considerable support to the proposed mechanism for 
the boron hardenability effect. It follows from the 
proposed mechanism that an optimum boron con- 
tent exists which can produce the maximum effect 
on hardenability and, also, that austenite grain size 
and grain growth are important variables in deter- 
mining the magnitude of the boron effect. Grain 
growth, of course, increases the hardenability of all 
steels, mainly by decreasing the nucleation rate. 
When the grain-boundary area per unit volume of 
boron steels is decreased by grain growth, the con- 
centration of boron at the grain boundaries is in- 
creased. Thus, boron steels can either increase or de- 
crease in hardenability with grain growth depend- 
ing on the amount of boron present at the grain 
boundaries before growth starts. 

A discrepancy noted was that those steels used in 
this study which had the higher boron contents 
showed a low boron effect for austenitizing temper- 
atures of 1500° to 1700°F, when the concentration 
of boron at the grain boundaries should have been 
more than enough for the full boron effect. Also, it 
was observed that when the austenitizing tempera- 
ture was increased for those steels which had the 
higher boron contents in each heat, the boron effect 
increased. The only explanation that can be offered 
for this anomalous behavior is that the boron con- 
centration was considerably greater than the solu- 
bility at the lower austenitizing temperatures. 
Therefore, either local areas rich in boron or sub- 
microscopic particles of a boron-rich phase may 
have been present. In either case, the density of 
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Table III. Grain-Size Data from Hardenability Bars of Heats 
B-1475 and B-1476 
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Fig. 7—Hardenability as a function of austenitizing tempera- 
ture for five ingots of the same heat of SAE 8650 steel with 
various boron contents. 


lattice imperfections could be high so that the 
nucleation rate could be high. 

The solubility of boron in iron increases rapidly 
with increasing austenitizing temperature above 
1600°F."° Thus, a temperature is reached where 
these boron-rich areas are taken into solution. Al- 
though there is still an excess of boron, that is, the 
maximum hardenability developed in these steels of 
high boron content is less than that developed at 
0.0003 pct B, the hardenability increases at higher 
austenitizing temperatures because the number of 
lattice imperfections associated with the boron-rich 
particles is decreased. However, when rapid grain 
coarsening occurs, the hardenability rapidly de- 
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Fig. 8—Maximum hardenability as a function of boron addi- 
tion for SAE 8625, 8635, and 8650 steels. 
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creases because of further concentration of boron 
at the grain boundaries. 

It was assumed throughout this investigation that 
the boron is concentrated at the grain boundaries. 
This assumption appears valid for several reasons. 
First, the reactions that are affected by boron are 
grain-boundary reactions. Second, the boron pre- 
cipitate, which can be produced with special heat 
treatments, forms at the grain boundaries.’ Third, 
the relationship between hardenability and grain 
size in the low-boron steels suggests grain-boundary 
concentration of boron. 


Conclusions 

It can be concluded from the results of this in- 
vestigation on boron steels with boron additions 
that ranged from 0.00005 to 0.0017 pct that: 

1) There is a critical boron content which pro- 
duces a maximum hardenability effect. 

2) This critical boron content produces maxi- 
mum hardenability only in a limited range of grain 
sizes. 

3) The variation of hardenability with changes 
in grain size in boron steels may be largely the re- 
sult of increasing concentration of boron in the grain 
boundaries with decreasing grain-boundary area 
(increasing grain size). 

4) There is an effect of austenitizing tempera- 
ture on hardenability which is independent of grain 
size and which becomes increasingly larger at boron 
contents higher than the critical boron content. 

5) The critical boron content does not vary 
appreciably with variations in carbon content. 

6) The hardenability appears to be reproducible 
in low boron steels when their boron contents and 
grain sizes are the same. 
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Characteristics of the Bainite Transformation 


in a Ni-Cr Steel 


The bainite transformation in a 3.5 pct Ni-1.25 pct Cr steel was studied under various conditions 
of cooling and stress. Several characteristics may be specified: 1) transformation in the bainite re- 
gion (925° to 575°F) is very little affected by the manner of cooling from the austenitizing tempera- 
ture at 1600°F to the upper limit of bainite transformation at 925°F; 2) starting time for the bainite 
transformation is the same order of magnitude for either isothermal transformation or continuous 
cooling, but the rate of transformation is somewhat greater for isothermal transformation; 3) ten- 
sile stress accelerates both isothermal and continuous cooling transformation, and 32,000 psi stress 
changes the form of the isothermal transformation diagram to correspond in appearance to the con- 
tinuous cooling diagram; 4) transformation for nonlinear, continuous cooling may not be determined 
directly from the linear, continuous cooling transformation diagram, but may be predicted by assum- 
ing first that the fractional amount of austenite transformed in a given small temperature interval 
depends on the approximate linear cooling rate during that temperature interval and then by sum- 


ming stepwise over the whole temperature range. 


N a previous publication’ an X-ray spectrometer 

was described with which the X-ray diffraction 
from a specimen could be observed continuously 
under controlled temperature and tensile stress. 
This instrument has now been applied to a study of 
the austenite-bainite transformation in a Ni-Cr 
steel for both isothermal and continuous cooling 
conditions, with and without stress. Certain char- 
acteristics of the transformation lead to a method of 
predicting the amount of transformation to be ex- 
pected at a given temperature for any type of cool- 
ing curve. 


Material and Specimen Preparation 

The steel chosen for the investigation was a Ni-Cr 
steel having the composition in the following per- 
centages: 0.30 C, 0.27 Mn, 0.019 P and S, 3.50 Ni, 
andeleZ 

In order to fabricate specimens suitable for the 
X-ray spectrometer, a 4% in. plate was ground down 
to 0.060 in. and then cold rolled to about 0.035 in. 
Next it was heat treated by quenching in oil from 
1650°F and tempering at 1200°F for 1 hr. Then it 
was etched in dilute nitric acid to reduce its thick- 
ness to 0.014 in. and cut into blanks in the shape of 
flat tensile specimens 3% in. long, 7/16 in. wide, 
with a notch % in. long and 7/32 in. wide; see 
ale 


X-Ray Technique 
Since the X-ray spectrometer has been described 
in detail elsewhere,’ only a brief outline of the 
principles will be repeated here. A focusing, pow- 


L. S. BIRKS is associated with Optics Div., Naval Research Lab- 


oratory, Washington, D. C. 
TP 4287E. Manuscript, May 26, 1955. New York Meeting, Feb- 


ruary 1956. 
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Fig. 1—Schematic of 
focusing, Geiger- 
counter spectrometer 
arrangement for dif- 
fraction from flat 
specimen; A—verti- 
cal line source of 
X-rays; B—flat 
specimen; C—slit; 
D—detector; F,E.— 
electrical connectors; 
F,F.—tensile grips. 


der-diffraction arrangement® was used, as shown 
schematically in Fig. 1, and the specimen was 
mounted vertically in a vacuum furnace (not shown 
in the figure). The X-rays, moving in a horizontal 
plane, enter and leave the furnace through beryl- 
lium windows. As shown in the figure, X-rays di- 
verging from the line source A are diffracted by the 
specimen B and converge at the detector slit C. The 
detector D and the slit C may be set at the proper 
angle in the horizontal plane to receive X-rays dif- 
fracted by either the face-centered phase (austen- 
ite) or the body-centered form (ferrite, bainite, 
martensite). The specimen is heated by electrical 
conduction between connectors E, and E., and a 
Pt—Pt-10 pet Rh thermocouple spot-welded to the 
center of the notched region on the side away from 
the X-ray beam indicates the temperature con- 
tinuously on a Brown recorder. Temperature con- 
trol is exercised manually with a variable trans- 
former on the input to E,-E,. Any desired time- 
temperature relationship is easily obtained by first 
drawing the desired curve on the temperature re- 
corder chart and then adjusting the variable trans- 
former during the run so that the thermocouple 
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Fig. 2—Composition ys time for isothermal transformation at 
various temperatures. 


ISCTHERMAL 


1,000 
NO STRESS 
4---|--4 
900 
30 
800 ( 70 
N 9 
700 
ay, 
500 
4 o fo} 
= o fo} 
1,000 fit 
19,000 PST. 
w 
50 
800 70 
w 700 
) 
w 
500 
= 
1400 
: ° 8 
1,000 
| | 32,000 PSI 
900 30,24 
Gea 
70 
80 
90 
700 7d 
600 
500 
4 


TIME - SECONDS FROM 925°F 


Fig. 3—Isothermai transformation diagrams at various stress 
values. 


output follows the drawn curve. The specimen is 
stressed by applying a tensile load between the 
grips F, and F,, 

With D in Fig. 1 set at the peak of the (110) bain- 
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ite diffraction line, its recorded output is a measure 
of the amount of bainite present in the specimen. 
The diffraction line position shifts with tempera- 
ture, but the detector is shifted in order to stay at 
the peak position. The detector output is calibrated 
for 100 pct bainite by converting the specimen com- 
pletely to bainite and noting the level of output 
from the detector. It is then assumed that any in- 
termediate output is linearly related to the percent- 
age of bainite present. Checks for preferred orienta- 
tion were made by measuring the a phase (200) 
line at 85° 28. 


Results 

For the particular steel chosen, the bainite trans- 
formation was found from X-ray measurements to 
occur between 925° and 575°F; metallographic ex- 
amination confirmed these temperatures within 
25°F. Both isothermal and continuous cooling trans- 
formations were studied over a range of tensile 
stress from zero to 32,000 psi. In all cases the speci- 
men was austenitized at 1600°F prior to the trans- 
formation. 

Isothermal Transformations—In making the iso- 
thermal transformations, the specimen was. first 
austenitized at 1600°F, and then the power was cut 
off and the specimen allowed to cool to the desired 
temperature. As this temperature was reached, 
power was reapplied so that the temperature did 
not undershoot but was held within 5°F of the de- 
sired value. Fig. 2 shows typical composition vs 
time curves taken from the continuous recordings 
of Geiger counter detector output. Although the 
absolute amount of transformation is probably not 
accurate to better than +5 pct, the relative values 
along any one curve were found to be reproducible 
with less error than this. The reason for beginning 
the time scale in Fig. 2 when the specimen reached 
925°F is for better correlation with the continuous 
cooling transformations, as is explained in that sec- 
tion. Actually, it took about 10 see to reach 925° 
from 1600°F and took up to 20 sec more to reach 
the lowest transformation temperature, 600°F, Dur- 
ing the course of the investigation it was found that 
the isothermal transformation at a given tempera- 
ture was insensitive to the manner of cooling from 
1600° to 925°F, provided, of course, that the speci- 
men was not held above 925°F long enough to reach 
the beginning of ferrite transformation. For ex- 
ample, when a specimen was cooled linearly from 
1600° to 925°F in 100 sec and then quenched to 
700°F and transformed isothermally, the composi-- 
tion vs time curve was indistinguishable from the 
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Fig. 6—Continuous cooling, transformation diagrams at vari- 
ous stress values. Three cooling curves are shown; 2.85, 0.76, 
and 0.19°F. per sec. 


curve labeled 700 in Fig. 2 where the specimen was 
quenched to 700°F directly from 1600°F. Similar 
results were obtained for numerous nonlinear cool- 
ing curves of exponential and other types for varl- 
ous lengths of time between 1600° and 925°F. 
Each curve in Fig. 2 was found to be expressible 
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analytically as a cumulative y distribution®* with 


* The cumulative y distribution is expressed as 
% 1 


te-t/&dt 


o 
where a determines the skewness of the distribution and f deter- 
mines the breadth of the distribution. In general, y distributions are 
more suitable than normal distributions for expressing transforma- 
tion because they have zero value at zero time and the skewness 
may be adjusted to fit each type of transformation. 


the constants dependent on temperature. Unfor- 
tunately, it was not feasible to integrate the general 
expression over variable temperature to obtain cal- 
culated cooling curve transformations. 

Isothermal diagrams prepared from data such as 
that in Fig. 2 are shown in Fig. 3. The top diagram 
represents the transformation without applied 
stress, while the middle and lower diagrams repre- 
sent 19,000 and 32,000 psi, respectively. In the 
transformations under stress, the specimen was 
austenitized at 1600°F as usual and cooled to the 
desired temperature before applying the stress. As 
discussed in ref. 1, a deadload is used to apply the 
tensile stress, and this load was left on during the 
transformation. Some plastic yielding takes place, 
but the amount of strain could not be determined 
accurately. It is seen that stress accelerates the iso- 
thermal bainite transformation in this steel simi- 
larly to results reported for other compositions.* 
Another noticeable effect with 32,000 psi stress was 
the disappearance of the bay at about 675°F for the 
unstressed specimens, and for those stressed, at 
19,000 psi, as shown in Fig. 3. No explanation is 
known for this, but it appears that the mechanism 
causing this bay is overcome by the more severe 
plastic deformation occurring with 32,000 psi stress. 
The 32,000 psi stress also raises the bainite nose to 
slightly higher temperature. 

It should be noted on Fig. 3 that the M, value is 
shown for the unstressed specimen only. No at- 
tempt was made to determine M, for the stressed 
specimens, although it would be expected that M, 
would be raised somewhat by the tensile stress. 

Continuous Cooling Transformations—In prepar- 
ing continuous cooling transformation diagrams, the 
method of plotting the data must be considered. It 
has been suggested by Grange and Kiefer’ that cool- 
ing curves should be plotted beginning at Ae, tem- 
perature for transformation to proeutectoid ferrite 
and at Ae, for transformation to pearlite or bainite. 
For the bainite transformation in steels, such as the 
one investigated here, it was found more suitable to 
plot the cooling curves by beginning at the upper 
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temperature limit for the bainite transformation, 
925°F, although cooling was actually begun at 
1600°F. Justification for such plotting is illustrated 
in Fig. 4 where bainite composition vs time for a 
given cooling rate is shown to be independent of the 
time of cooling from 1600° to 925°F. Data for the 
continuous cooling transformation diagrams were 
taken at linear cooling rates of 2.85, 2.30, 1.55, 1.14, 
0.76, 0.57, 0.42, 0.33, and 0.19°F per sec in the bain- 
ite region. Composition vs time curves are shown 
for some of these cooling rates in Fig. 5. It is inter- 
esting that the composition vs time for all of the 
faster cooling rates is almost independent of the 
cooling rate until the M, point is reached. The M, 
point is shown by the break upward on each of the 
curves. These data and those from the other cooling 
rates were used to prepare the continuous cooling 
transformation diagrams of Fig. 6, which should be 
compared with the isothermal diagrams of Fig. 3. In 
Fig. 6 time-temperature curves are shown for the 
fastest, the slowest, and for one which is intermedi- 
ate. It was necessary to extrapolate the low per- 
centage curves at the short times beyond the fastest 
cooling-rate curve, but it is felt that the extrapola- 
tion is well justified since all the higher percentage 
lines showed similar shape. Isopercentage lines at 
intervals of every 10 pct were used in preparing 
Fig. 6, but the 20, 40, 60, and 80 pct lines were re- 
moved in order to make the figure more legible. 

For the transformations under stress, the speci- 
men was austenitized at 1600°F as usual and cooled 
to 950°F before the load was applied. The load was 
left on during the transformation. As with the iso- 
thermal diagrams, the amount of strain could not 
be determined accurately in these experiments. At 
first glance Fig. 6 appears quite similar to Fig. 3, 
but two differences should be noted. First, there is 
no bay at 675°F in any of the isopercentage lines as 
there was for the isothermal transformations. This 
is not too surprising since the bay occurred over a 
small temperature range, and the continuous cool- 
ing curves represent a range of temperature from 
925° to 575°F. Second, and perhaps more important, 
is the rate at which transformation proceeds as il- 
lustrated by the 30, 50, and 70 pct transformation 
lines. For instance, for unstressed specimens 50 pct 
transformation along the 750°F temperature line 
was reached after about 210 sec on the isothermal 
diagram but not until 750 sec on the continuous 
cooling diagram, although the 5 pct transformation 
level was reached after 60 sec for both isothermal 
and continuous cooling. The same trend is observed 
for the stressed specimens. In addition to the differ- 
ences, one similarity in Figs. 3 and 6 should be 
noted. For 32,000 psi stress the shapes of the curves 
for isothermal and continuous cooling transforma- 
tions are very similar. This would seem to indicate 
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that at 32,000 psi stress, rather than time, controls 
the start of the transformation. 


Prediction of Transformation During 
Nonlinear Continuous Cooling 


In the preceding section transformation diagrams 
were prepared for isothermal and linear cooling 
conditions. However, practical heat treatment is 
usually not represented either by isothermal trans- 
formations or by linear continuous cooling for a 
number of reasons. Thus, the diagrams of Figs. 3 and 
6 cannot be applied directly to ordinary heat treat- 
ment. 

In the past, some success has been claimed in pre- 
dicting the time for the beginning of transforma- 
tion,’ using Scheil’s technique,’ and it has been ex- 
tended to predict the rate at which transformation 
proceeds after being initiated. A number of differ- 
ent methods for predicting the transformation dur- 
ing nonlinear, continuous cooling were tried during 
the course of this investigation, but only the most 
successful one will be reported here. In it, the cal- 
culation of bainite content at any time during the 
cooling is based on two assumptions. First, it is as- 
sumed that a nonlinear cooling curve may be ap- 
proximated by a series of sections of linear cooling 
curves. Second, it is assumed that when the steel 
is cooled linearly at a particular rate between tem- 
peratures T, and T., a certain fraction of the austen- 
ite present at T, will decompose, the fraction being in- 
dependent of the absolute amount of austenite pres- 
ent at the upper temperature T,. It is realized that 
some objection may be raised to this second as- 
sumption because it is not based on previously es- 
tablished principles. No attempt will be made here 
to justify it on a theoretical basis, but let it be said 
that it does yield satisfactory agreement between 
predictions and observations. 

The procedure outlined subsequently is made 
easier by replotting the data of Fig. 5 so that com- 
position vs temperature is shown rather than com- 
position vs time as shown in Fig. 7. Now, consider 
the time-temperature curve P, in Fig. 8, which ap- 
proximates the inflection obtained in practical cool- 
ing. Since P, is the same as curve B in Fig. 7, down 
to 800°F, the same amount of transformation (5 
pet) would be expected at that temperature. From 
800° to 700°F, P, has the same cooling rate as curve 
D in Fig. 7. Along curve D the austenite decreased 
from 87 to 65 pet between 800° and 700°F, respec- 
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tively; that is, it decreased by 25 pct of the amount 
present. If it is assumed that the same fraction of 
austenite will decompose on P, between 800° and 
700°F, that is, 25x95=24 pct, the percentage of bain- 
ite on P, at 700°F would be predicted to be 5+ 24 or 
29 pct. Next, P, has the same cooling rate as curve 
C in Fig. 7 between 700° and 600°F. On curve C, 
22 pet of the amount of austenite present trans- 
forms between 700° and 600°F, giving a calculation 
on P, of 22x71 or 16 pct. The total bainite predicted 
on P, at 600°F would thus be 29 + 16 or 45 pct. A 
similar procedure was followed for curve P, in Fig. 
8. Although P, does not. represent a practical curve, 
it does serve as a test of the prediction method. 

Curves P, and P, were followed with the X-ray 
spectrometer and the transformation observed. Fig. 
9 shows both the predicted and observed composi- 
tion vs temperature curves for P, and P,. From Fig. 
9 it can be said that prediction of nonlinear cooling 
transformations is feasible if the proper precau- 
tions are observed. It should not be concluded that 
diagrams such as Fig. 6 are not useful, since they 
are prepared for conditions of linear cooling which 
may not be approximated for various thicknesses of 
material during practical cooling. 


Summary 
Isothermal and continuous cooling transformation 
diagrams in the bainite region have been given for 
stressed and unstressed specimens of a Ni-Cr steel. 


Transformations of this particular steel were found 
to be insensitive to the rate of cooling from the 
austenitizing temperature, 1600°F, to the upper 
temperature for bainite formation, 925°F. By plot- 
ting the diagrams with zero time representing the 
time at which the specimens reached 925°F, the 
continuous cooling diagrams represent every ap- 
proximately linear cooling rate for the bainite re- 
gion. For nonlinear cooling the transformation may 
be satisfactorily predicted by assuming the non- 
linear curve to be expressible as a series of sections 
of linear curves and by further assuming that the 
fraction of austenite decomposing in a given tem- 
perature interval is dependent on the cooling rate 
but not on the absolute amount of austenite present 
at the upper temperature. 
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Internal Friction Studies on Silver and Certain 
Silver-Base Solid Solutions 


Internal friction studies on annealed and cold-worked pure silver and alloys of silver with 4.5 
atomic pct each of Cd, Sn, and Sb are reported. Small amounts of cold work, introduced by stretching 
pure silver, decrease the internal friction; large amounts of cold work, by wire drawing, cause this 
decreased internal friction to rise. Results of several annealing histories on the room-temperature in- 
ternal friction indicate a rather complex recovery and recrystallization behavior. A rather system- 
atic alloy effect is observed for the elements of Period V-B in silver in both the annealed and cold- 


worked states. 


byaS..G. Holder, stansbury, and. Frye, Jr. 


URING recent years internal friction measure- 
ments at very small stress levels have been in- 
terpreted in terms of structural models and mech- 
anisms occurring within the metal or alloy.*” These 
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measurements have been made over wide ranges of 
frequency of vibration and of temperature. While 
the effects of impurities, alloying, and plastic defor- 
mation have been studied by numerous investigators, 
no investigations of the effect of a series of solutes 
related by their position in the Periodic Table on a 
given solvent seem to have been reported. The 
present paper reports internal friction measurements 
on silver and on certain silver-base solid solutions 
to determine the values of room-temperature inter- 
nal friction associated with varying amounts of 
plastic deformation and after different annealing 


AUGUST 1956, JOURNAL OF METALS—993 


| | | | | 
fe) | | | 
2 | PURE Ag (90.3% RA) | | 
| | | 
| 
| | | 
| | | 
| | | | 
Ww | | E 
| | 
| 
| | 
& fe) | | 
(@) 10 20 30 40 50 60 70 80 90 100 


TIME (DAYS) 


Fig. 1—Effect of time at room temperature on internal fric- 
tion of cold worked pure silver. 


conditions. During the course of the investigation, 
some measurements were made at elevated tempera- 
tures and in different atmospheres, the results of 
which are reported. 


Experimental 

A modified Ke apparatus was used.’ The free 
decay of oscillations of a period of the order of 1 sec 
was observed visually. Specimens were annealed in 
a controlled atmosphere and leakage of air into the 
system was prevented by the use of a removable, 
gas-tight tubular glass extension clamped on the 
bottom of the furnace to enclose the specimen exten- 
sion rod. Both the top and the bottom of the fur- 
nace were closed by means of gas-tight joints dur- 
ing each annealing process. A gas purification sys- 
tem connected to the furnace produced purified hy- 
drogen and purified nitrogen as required in the 
annealing processes. 

The specimens were 0.032-in. diameter wires 
which were cold-worked by drawing through Car- 
boloy dies. Annealed wires were elongated in place 
by means of a vice which could be rigidly clamped 
to the specimen extension rod. By lowering this vice 
small incremental amounts, the desired elongation 
by stretching was obtained. 

Most of the damping experiments were carried 
out in air after transverse motion was eliminated by 
oil damping. The remainder of the experiments were 
accomplished with the tip of the specimen extension 
rod immersed about 1% in. in oil to damp out any re- 
maining transverse motion. During these latter ex- 
periments, consistent use was made of a factor es- 
tablished as 0.00026 for the damping of the oil. 

The range of reduction of wire specimens cold- 
drawn through Carboloy dies was from 25.2 to 98.7 
pet reduction in area. These cold-drawn wires were 
straightened variously, by stretching or carefully 
by hand. It was noticed that the amount of such 
straightening had effects on the internal friction, 
from which, however, the wires recovered within 
from a few hours to a day. Such procedures were 
prohibitive for annealed wires and hence the pro- 
cedure of annealing them in place. Otherwise, it was 
impossible to place annealed wires in the apparatus 
without lowering the measured internal friction of 
some of them as much as several times. The range of 
elongation of wire specimens stretched in place in 
the apparatus was from 1 to 14 pct elongation. The 
amount of elongation of each specimen was read 
directly from a calibrated scale placed beside the 
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specimen extension rod and was checked against 
the overall elongation of each specimen taken from 
the apparatus after the completion of a series of 
elongations. 

The definition of internal friction used in the 
present research, 1/Q, is In(A,/A,)/an where A, is 
the initial amplitude and A, is the amplitude after 
n cycles. 


Preparation of Specimens 

The silver used was Handy and Harman fine 
silver, with a spectrographic analysis at the experi- 
mental stage of Cu, 0.00015; Fe, less than 0.00005; 
Ca, Mg, Ni, Pb, and Si, traces; and Al, Be, Co, Mn, 
Mo, Sn, Ti, and Zn not detected. Each of the solid- 
solution alloying elements—Cd, Sn, Sb, and Al—was 
99.8+ pct pure. 

In the melting of alloys, the charges consisted of 
silver and amounts of the alloying elements corres- 
ponding to 4.5 atomic pct of contained alloy. Each 
alloy was made and cast in a small, closed, graphite 
crucible which was cooled from the bottom by a 
gentle current of air to prevent shrinkage cavities. 
Analyses were based on weighings before and after 
casting and before and after a homogenization an- 
neal in a purified nitrogen atmosphere at 625°C for 
34 hr. Radiographic and metallographic investiga- 
tions of the ingots revealed completely sound cast- 
ings with no pronounced segregation. The ingots 
were swaged to 0.100 in. in diameter and annealed 
then drawn to various diameters such that an addi- 
tional anneal and a final draw to 0.032 in. would give 


Ix 163 T T T T T T T T T T 
° 
of 


RE SILVER. 

4.5 ATOMIC %Cd-95.5 ATOMIC % Ag 
4.5 ATOMIC % Sn-95.5 ATOMIC % Ag. 
4.5 ATOMIC % Sb-95.5ATOMIC % Ag. 
2 ATOMIC % Al- 9B ATOMIC % Ag. 
— RECOVERED. 

---- UNRECOVERED. 


A.PU 
B. 
C. 
O. 
E. 


T 


q 


ROOM TEMPERATURE-INTERNAL FRICTION (Q) 


4 
| = 
3h 
\ 
jo \ 
ok 
N 
= 


(w) COLD-WORK 


1 
90 100 


Fig. 2—Effect of cold work on room-temperature internal 
friction of pure silyer and alloys with cadmium, tin, anti- 
mony, and aluminum. Deformations to 15 pct by stretching; 
from 25 to 98 pct by wire drawing. 
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the desired range of deformations. The wires were 
straightened by slight stretching or by hand. 


Experimental Results 


Preliminary measurements of the internal friction 
of silver that was cold-worked various amounts in- 
dicated that measurable recovery was occurring at 
room temperature and over relatively long periods 
of time, as has been observed by others.’ The mag- 
nitude of the recovery for pure silver cold drawn 
90.3 pet reduction in area is shown in Ie, AL, I as 
evident that some recovery is still occurring after 3 
mo although the rate is rather small after 2 mo. As 
a consequence of this tendency to recover, it was 
necessary to establish a relative time for measure- 
ment of all specimens which would permit analysis 
of the data on a comparative basis. Due to the 
rapidity with which the internal friction frequently 
changed during the first day following working, it 
was expedient to permit all specimens to recover 
until the rate of recovery was small. Accordingly, 
all room-temperature measurements reported in 
this paper have been made on specimens recovered 
of the order of 3 mo unless otherwise noted. The 
effect of cold working on the ambient-temperature 
internal friction of pure silver and its alloys is shown 
in Fig. 2. As previously indicated, deformations of 
approximately 25 pct reduction in area or greater 
were obtained by wire drawing. It is evident that in 
this range of deformation, the internal friction 
curve is relatively flat up to about 60 pct reduction, 
after which it rises rather sharply with no apparent 
tendency to level off. 

It is evident that the 4.5 atomic pct additions of 
Cd, Sn, and Sb decrease the internal friction relative 


Table I. Change in Lattice Parameter for Silver Alloys Investigated 


Change in a 


Alloy Ax 104 
4.5 atomic pct Cd 86 
4.5 atomic pct Sn 180 
4.5 atomic pet Sb 265 
2.0 atomic pct Al 25 


to that of pure silver for all degrees of cold work. 
Furthermore, the magnitude of the decrease in in- 
ternal friction increases in the order Cd, Sn, and Sb, 
i.e., in the order of position of these elements in 
Period V-B in the Periodic Table. The position of 
the 2 atomic pct Al alloy is to be noted, since it is the 
only alloy addition outside Period V-B. For interme- 
diate amounts of deformation, the internal friction 
values are actually greater than for pure silver; for 
greater amounts of deformation, the internal friction 
is less than that of pure silver and is comparable to 
the 4.5 atomic pct Cd. 

The internal friction values of the annealed mate- 
rials indicated along the ordinate in Fig. 2 and cor- 
responding to 0 pet reduction were obtained by an- 
nealing wires in place in the apparatus. The pure 
silver was annealed 1 hr at 900°C; the aluminum 
and cadmium-bearing alloys, at 700°C; the anti- 
mony alloy, at 750°C; and the tin alloy, at 800°C. 
Characteristic curves showing the temperature de- 
pendence of the room-temperature internal friction 
are shown in Fig. 3, where it is evident that the 
alloys are relatively insensitive to the annealing 
temperature above 650°C. 
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Fig. 3—Effect of annealing temperature on room-temperature 
internal friction of pure silver and alloys with aluminum, 
cadmium, tin, and antimony. 


The annealed wires were then elongated progres- 
sive amounts by stretching while suspended in the 
apparatus. Permanent deformation after release of 
the load was used as a measure of the elongation. 
Internal friction measurements were made on such 
elongated wires immediately following deformation 
and, hence, differ from the greater deformations in 
that the data refer to specimens in the unrecovered 
condition. It is evident that extremely small amounts 
(0 to 10 pet) of deformation rapidly decrease the in- 
ternal friction of previously annealed pure silver 
and that with additional deformation the curve is 
practically continuous with that for pure silver re- 
duced by wire drawing. With reference to the 
marked decrease in internal friction on stretching 
wires of 0 to 10 pet reduction, similar stretching 
causes an increase in internal friction for wires pre- 
viously deformed 60 pct or greater, thus indicating 
that in this range of deformation stretching has a 
similar effect to drawing. 

Contrary to the behavior of pure silver, the in- 
ternal friction values of the previously annealed 
alloys increased with small amounts of stretching. 
In general the values are seen to rise above those of 
the plateau between 25 pct and 60 pct reductions by 
drawing, although such might not be the case if the 
samples were recovered before making internal 
friction measurements. 

The effect of annealing on the room-temperature 
internal friction of pure silver was further investi- 
gated by heating a wire with 98.7 pct reduction in 
area (RA) while in place to progressively higher 
temperatures for 1 hr and remeasuring at room tem- 
perature. Initial experiments were carried out by 
annealing at increments in purified N.. The results 
are shown in curve I, Fig. 4. The internal friction 
is observed to drop almost immediately to a mini- 
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Fig. 4—Effect of annealing conditions on room-temperature in- 
ternal friction of pure silver reduced 98.7 pct by wire drawing. 


mum value of 5 x 10° at 200°C, after which it rises 
to a maximum of 12 x 10° at 400°C. Higher anneal- 
ing temperatures reduced the internal friction with 
a second tendency to rise after 650°C. 

Due to the tendency for high-purity silver to an- 
neal at low temperatures, it was thought that sig- 
nificant data were being overlooked by annealing at 
large temperature intervals; consequently, a second 
wire, cold-drawn 98.7 pct, was annealed at more fre- 
quent temperature intervals, the data being indi- 
cated in curve II. It is noted that the intermediate 
maximum occurs at a slightly lower temperature 
(300°C) and has a much higher internal friction 
(20 x 10°). The data, although not conclusive, indi- 
cate a second peak at a slightly higher temperature. 
Suggestions for a similar peak are seen in curve I. 

Because of the unusual trends in these curves, a 
series of experiments was carried out on a wire 
heated to successively higher temperatures but with 
data taken during cooling from each of these tem- 
peratures. Reliable data were restricted to anneal- 
ing temperatures of about 550°C because of the 
difficulty of preventing back-diffusion of air into the 
system and possible creep in the wires. The data are 
shown in Fig. 5 from which the room-temperature 
values may be obtained. The latter values are plotted 
as curve III on Fig. 4, where it is evident that the 
same trends occur but shift slightly in position and 
magnitude undoubtedly as a result of the different 
history of the specimen. 

Similar studies on wires annealed in hydrogen 
yielded interesting trends relative to those made in 
nitrogen. As indicated in Fig. 4, the data taken fol- 
lowing the hydrogen anneals paralleled the nitrogen 
data to about 300°C. Beyond this, however, the data 
are significantly lower than any of the values ob- 
tained in nitrogen. 


Discussion 


The results of the present investigation indicate 
that the internal friction of pure annealed silver de- 
creases rapidly with small amounts of deformation; 
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it then remains essentially constant up to 60 pct 
reduction in area after which it rises rapidly. The 
latter rise in the internal friction is similar to that 
observed by Ke** on aluminum and by others on 
various alloys, the general subject being reviewed 
by Zener.® A maximum in the internal friction cold- 
working curve of the type reported by several in- 
vestigators” ** was not observed in the present in- 
vestigation. 

The rapid decrease in internal friction of pure 
silver when stretched small amounts is similar to 
that observed in iron and nickel by Osawa®* and un- 
doubtedly is related to the observations of Hasiguti 
and Hirai” on single crystals of copper, of Lawson* 
on polycrystalline copper, and of Weertmann and 
Koehler’ on copper single crystals. Working at small 
deformations, these investigators observe a maxi- 
mum in the internal friction at strains less than 1 
pet. Weertmann and Koehler argue that in the an- 
nealed material few dislocations exist, but with 
small increasing deformations, dislocations are 
formed which dissipate the vibrational energy. The 
subsequent decrease is then attributed to the lock- 
ing of dislocations or to a decrease in the number of 
free dislocations. The observations on pure silver in 
the present investigation are reasonably explained 
by similar mechanisms if it is assumed that the 
minute deformations required initially to increase 
the internal friction to the peak are introduced dur- 
ing the manipulation of the apparatus for readings 
on the annealed wire. 

The marked decrease in internal friction of an- 
nealed solid solution alloys of silver with Cd, Sn, 
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Fig. 5—Effect of temperature on internal friction of pure 
silyer reduced 98.7 pct by wire drawing. Data taken on 
single specimen during cooling from progressively higher 
annealing temperatures. 
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and Sb relative to the pure silver reflects the 
effectiveness of these solute elements to interfere 
with the movement of dislocations. With slight 
deformation, dislocations are freed and the internal 
friction is Ohcered to rise. The order of the effec- 
tiveness of the solutes to decrease internal friction at 
all deformations is observed to be that of their posi- 
tions in the Periodic Table following silver. If the 
correlation is based on the change in lattice para- 
meter for the amount of solute present, Table It, 
the effect of aluminum as a solute is accounted for 
at least at the small deformations. 

The internal friction of all of the materials inves- 
tigated increased with increased amounts of cold 
working. Since models of atomic arrangements in 
such highly distorted material have not been devel- 
oped to the extent of annealed metals, only quite 
speculative arguments may be made. As a conse- 
quence, it appears necessary to conclude, in a very 
general way, that the internal friction behavior at 
large deformations is a consequence of energy dissi- 
pation by a complex array of dislocations and 
boundaries through viscous behavior similar to that 
extensively studied by Ke.* Although the tempera- 
ture dependence of these curves was not investi- 
gated, one would expect that the data reflect a gen- 
eral rise in the internal friction background due to 
the lack of a unique process having a characteristic 
activation energy. 

An interpretation of the room-temperature inter- 
nal friction measurements on silver as a function of 
annealing temperature, Fig. 4, is not entirely evi- 
dent. The data of Fig. 5 show an initial decrease in 
the room-temperature internal friction on cooling 
from progressively higher temperatures. However, 
after annealing at 125°C and above there is a tend- 
ency for a relaxation peak to develop near 60°C, 
the peak moving to higher temperatures with in- 
creased annealing temperatures. The trends in the 
curves in Fig. 4 may be rationalized by the effects 
on the room-temperature internal friction as the 
peak moves to higher temperatures. 

Some determinations of the changes in internal 
friction due to the annealing atmosphere have been 
made. The effects of making each successive anneal 
in hydrogen are shown in Fig. 4, where it is appar- 
ent that substantial decreases in internal friction 
have occurred at the higher temperatures. The 
trends in these data are similar to those reported by 
Marx and Koehler” for copper. Decreases have also 
been observed by Koster.” Annealing in air at these 
temperatures decreased the internal friction by a 
factor of two over the values in hydrogen, showing 
that the nitrogen atmospheres were substantially 
free of oxygen. Subsequent annealing (800°C) of 
the oxygen-contaminated material in a hydrogen 
atmosphere increased the internal friction to near 
the hydrogen-atmosphere values. These observa- 
tions indicate that the general trend in the internal 
friction of cold-worked silver vs annealing tem- 
perature is not a result of oxygen pickup from the 
annealing atmosphere. 


Summary 

The effects of annealing and cold working on the 
room-temperature internal friction of 99.999 pct 
Ag have been investigated. The room-temperature 
internal friction of previously cold-worked silver is 
a rather complicated function of temperature, it 
being very dependent on the thermal history of the 
sample. In general the internal friction drops rapid- 
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ly from the cold-worked value, then goes through 
a peak on annealing between 200° and 400°C. 

Small deformations. (0 to 15 pct) by stretching of 
previously annealed silver rapidly lower the internal 
friction. Further deformation by wire drawing has 
little effect up to about 60 pct reduction in area, 
beyond which the internal friction rapidly rises. 

Alloys of silver with 4.5 atomic pct Cd, Sn, and Sb 
have been investigated in a similar manner. In both 
the annealed and cold-worked states, a systematic 
effect of these elements following silver in the 
Periodic Table is evident. The internal friction of 
the annealed alloys is much lower than that of the 
pure silver, and cold working is not particularly 
effective in increasing this property until 60 pct 
reduction in area is reached. Beyond this the in- 
ternal friction rises, being greatest in the cadmium- 
bearing alloy and least with the antimony alloys. 

The effects of annealing, cold working, and alloy- 
ing are not inconsistent with a dislocation model 
for the materials in their various states. 


Appendix 

The authors’ attention has been called to investi- 
gations along similar lines by S. Pearson. Unfortu- 
nately the publication has not been available to the 
present authors (S. Pearson, Royal Aircraft Estab- 
lishment Report No. Met. 71, Jan. 1953). 

Several recent publications on internal friction 
studies are pertinent to the present investigation. 
Brook and Sully have studied the internal friction 
of polyerystalline aluminum during early stages of 
creep using about the same frequency range as the 
present work. They report observation of the rise 
in the internal friction with very small amounts of 
strain as the present authors suggest should be ob- 
served. Their subsequent decrease in internal fric- 
tion with additional deformation is similar to that 
observed in the present work.“ Nowick has consid- 
ered in some detail the recovery phenomena in a 
number of systems and reports observations on the 
recovery of internal friction of platinum; the gen- 
eral result is of the form shown in Fig. 1 in the 
present paper.” 
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Etch Pits and Dislocations in Zinc Monocrystals 


A technique is described for producing etch pits at the sites of edge dislocations in 
zinc monocrystals. A survey was made of the etch pit patterns that appear in cast crys- 
tals as well as crystals that were deformed in various ways, including basal glide, twin- 


ning, kinking, pyramidal glide, and bending. 


by John J. Gilman 


Eo many years it has been suspected that a cor- 
relation existed between pits produced by etch- 
ing and the density of dislocations in crystals. In 
1953, the interest in this correlation was greatly 
stimulated when Vogel et al' demonstrated a 1:1 
correlation between etch pits and dislocations in 
low angle grain boundaries of germanium. 

About two years ago, the author began attempts to 
produce etch pits at dislocation sites in zinc mono- 
crystals. These attempts met with success a year or 
so ago, and since that time a survey has been made 
of the etch pit patterns that are associated with 
various modes of deformation in zinc monocrysitals. 
Unfortunately, the etching technique that will be 
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Fig. 1—Very low angle grain boundaries in cast zinc crystals. 
Boundaries are of the simple tilt dislocation type. Views are 


looking parallel to edge dislocation lines. LEFT: X250; 
ABOVE: X1000. LEFT reduced approximately 20 pct; 
ABOVE, 10 pct, for reproduction. 


described is too delicate for use as an accurate quan- 
titative tool. Nevertheless, it has been of consider- 
able assistance in clarifying the structure of plastic- 
ally deformed crystals. 


Technique 


Many attempts were made to produce etch pits in 
high purity zinc crystals. It was found that several 
techniques would produce surface grooves at grain 
boundaries that had misorientation angles greater 
than about 1°, but no technique was successful for 
boundaries with smaller angles. Among the things 
that were tried were: electrolytic CrO, (both etch- 
ing and polishing concentrations), HNO, in various 
water and alcohol solutions, dilute HCl, many 
CrO,-Na,SO, solutions, CrO;-HCl solutions, picral, 
electrolytic Na.S.O;, and electrolytic NaOH and 
KOH. A few attempts to use cathodic sputtering and 
thermal etching were also made. 


TRANSACTIONS AIME 


Fig. 2—Etch pits lying parallel to basal planes in a cast 


zinc crystal. Looking perpendicular to a [1120] direction 
and parallel to the basal (0001) planes. X250. Reduced ap- 
proximately 15 pct for reproduction. 


Success in etching small angle boundaries was 
finally achieved by adding an impurity to zine crys- 
tals. About 0.1 atomic pct Cd was used. 

In addition to the impurity, it was necessary to 
heat treat and age the crystals properly. The crys- 
tals were heated at 300° or 400°C, air-cooled to 
room temperature, and then aged at least one week 
at room temperature. The deformation treatments 
were performed immediately after the crystals had 
been cooled to room temperature, before appreci- 
able aging could occur. 

After they had been aged, the crystals were chem- 
ically polished and then etched. The polishing solu- 
tion consisted of 160 g CrO,, 20 g hydrated Na, SO,, 
and 500 ml water. Prior to the polishing operation 
the crystals were cleaned with 50 pct HCl acid. They 
were dipped into the polishing solution (with mild 
agitation) for about 20 sec, then washed in water, 
and redipped. This latter operation was repeated 
until the desired polish was obtained. The polishing 
reaction varied among various crystallographic faces 
and was especially poor for the (0001) faces. Vio- 
lent agitation was needed in order to polish the 
(0001) faces of crystals. 

The etching reagent was similar to the polishing 
solution, but the hydrated Na, SO, was increased to 
50 g. For etching, the crystals were immersed for 
about 60 sec in the etchant (with mild agitation). 
No fixed procedure can be stated because the qual- 
ity of the etch depends strongly on the etching time 
and the amount of agitation that is used. Usually, 
a yellow-brown chromate film remained on the sur- 
face of the crystals after they had been etched; this 
was removed by a dip in a solution of 160 g CrO, 
per 500 ml of water. 

The etching that this method produces is actually 
a preferential polishing action, because material is 
removed from the whole surface of the specimen. 


Patterns and Interpretation 


As-Cast Crystals—Several more or less typical 
patterns of pits were observed in cast crystals. The 
most striking type is shown in Fig. 1. The plane of 
the photograph is perpendicular to the basal plane 
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Fig. 3—Complex collection of pits and boundaries in a cast 
crystal. X250. Reduced approximately 15 pct for reproduction. 
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Fig. 4—Pair of dislocations in an otherwise uniform tilt 
boundary. LEFT: Etch pit array. X1600. RIGHT: Schematic 
arrangement of dislocations. 


Fig. 5—Complex low angle boundary in cast zinc crystal. 
The basal plane is horizontal and the view is parallel to a 
[1120] direction in the basal plane. X750. Reduced approxi- 
mately 20 pct for reproduction. 
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Fig. 6—A dead end 
tilt boundary with 
pits turning off onto 
the glide plane. 
X1000. Reduced 
approximately 20 pct 
for reproduction. 


and parallel to a close-packed direction of the crys- 
tal. The pattern consists of an array of very low 
angle grain boundaries of the simple tilt type (the 
basal plane lies approximately horizontal in these 
pictures). From the geometry of the boundaries and 
the way the pit densities change when two bound- 
aries join together, it is judged that the etch pits 
represent the positions of individual edge disloca- 
tions in these crystals. However, since some sort of 
segregation of cadmium is required to reveal the 
pits, there is no guarantee that all the dislocations 
that are present are represented by pits. In the 
boundaries where the pits do represent dislocations, 
the boundary angles range from 1x10~* to 4x10* 
radians. Since the crystal is not macroscopically 
bent, it is believed that the boundaries (spaced 
about 0.02 mm apart) are not all of the same sign. 

In addition to the vertical rows of pits in Fig. 1, 
some horizontal rows (parallel to the basal planes) 
will be noted. Sometimes these horizontal arrays 
are quite prominent in cast crystals, as shown in 
Fig. 2, for example. Note also, in this picture, a 
meandering boundary running obliquely across the 
field. These are commonly observed running ap- 
proximately parallel to the growth direction of crys- 
tals and are probably associated with linage or 
optical mosaic structures.® 

Very complex patterns of etch pits which seem to 
be associated with macroscopic defects (inclusions, 
gas holes, etc.) in a crystal appear in Fig. 3. 

There is, of course, a wealth of detail in etch pit 
patterns, making them fascinating to study with a 
microscope. Only a few of the details which par- 
ticularly caught the author’s interest can be pre- 
sented here. 

Fig. 4, left, shows a tilt boundary in which two 
of the dislocations of the wall are symmetrically 
placed on a glide plane. At first one wonders 
whether such an array (found by Oberly* in ger- 
manium also) is stable, and this may be determined 
by a straightforward theoretical calculation. 

Consider the stresses on the dislocation at (x, a/2) 
in Fig. 4, right. According to the expression that 
Burgers’ derived for the stresses due to an infinite 
wall of positive edge dislocations, the shear stress 
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at (x, a/2) due to an infinite wall at x = 0 would be 


Qrx 

cosh { ——] + 1 
a 

7 = — Db 


| sinh’ + 1| 
a 


where D is an elastic constant, and b is the Burgers 
vector. In the present case the dislocations at (0,0) 
and at (0,a) are missing from the wall. Hence, two 
negative dislocations are placed at those positions to 
cancel the stress fields of the two positive disloca- 
tions. The two negative dislocations give a stress at 
(x, a/2) of 


x — a’/4) 

(x? a’/4)? 

In addition, there is a stress on the dislocation at 

(x, a/2) due to the one at (—x, a/2). This stress is 
Db 


7’ =—2Db 


The total stress, r= 7° +7’ +7”, must be equal to 
zero at equilibrium. The equation has been solved 
graphically for a = 1 and it was found that x must 
be about 0.59 to make o,, = 0. In the photograph of 
Fig. 4, left, the value of a is about 2.5 mm, so that 2x 
should be about 2.9 mm. The measured value of 2x 
is 3.4 mm. Thus the agreement between the theory 
and experiment is reasonably good. A similar calcu- 
lation, for the case when one dislocation in a wall is 
symmetrically replaced by two, shows that equilib- 
rium is attained when x = 0.47 if a= 1. If the num- 
ber of pairs at a wall is increased beyond one, 
eventually the array will become unstable and two 
walls will result. 

If the dislocation at (—x,a/2) climbs in the y- 
direction, then the stress at (x,a/2) decreases so 
the two dislocations would tend to move closer to- 
gether. Thus, this array is unstable with respect to 
climb. 

Grain boundaries are not always highly localized 
if the evidence of Fig. 5 is believable. As the diag- 
onal boundary passes through a certain orientation 
with respect to the crystal, it breaks up into a reg- 
ular but complex array of etch pits. These pits may 
or may not correspond to edge dislocations. Patterns 
like that of Fig. 5 are relatively uncommon, although 
many of them have been seen. 

Another intriguing array which has been seen 
several times is that of Fig. 6 where a tilt boundary 
comes to an abrupt end by turning through 90° so 
that the pits lie along a basal plane. 

Perhaps the most fascinating arrays, other than 
tilt boundaries, are the pile-wps of pits that have 
occasionally been observed lying parallel to the 
basal planes. An exceptionally large one that con- 
sists of some 67 pits is shown in Fig. 7. This array 
was observed on an as-cast crystal. 


Fig. 7—Pile-up of pits ly- 
ing parallel to the glide 
plane. Looking parallel to 
the edge dislocation lines. 
X600. Reduced approxi- 
mately 20 pct for reproduc- 
tion. 
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Fig. 8—Comparison of simple theory and experimental data 
for the linear array of Fig. 7. 


Since the conditions are unknown under which 
dislocations might have been arranged as in Fig. 7, 
the theory of linear arrays developed by Eshelby, 
Frank, and Nabarro® cannot be precisely applied. 
However, under the simplest possible assumptions, 
an analysis of the array has been made. It is as- 
sumed that the array has resulted from blocked 
glide; that is, n dislocations have piled up against 
an obstacle under the action of some macroscopic 
stress and the array became stuck (perhaps upon a 
decrease of temperature). Then the theory predicts 
that for large the position of the ith dislocation in the 
array should be given by x; = Bw’, where x; is the 
distance from the ith to the Oth dislocation, and B is 
a constant equal to 

aGb 


167(1—v)n 


where G = shear modulus, b = Burgers’ vector, 7 = 
applied stress, and v = Poisson’s ratio. 

Fig. 8 shows the experimental positions of the 
etch pits as well as a line that gives the best fit to 
the data. This line is given by 


(x, +x) = Bi +i)? 


where 39.4 x cm, B= 3 10° cm, and 
34, so that 7 should have been about 100 g per sq mm, 
a reasonable figure, and n = i + i, = 101 dislocations. 
Although the agreement is only approximate, the 
theory is at least partially confirmed. 

Polygonization—The etch-pit patterns on bent 
crystals and on bent and annealed crystals have 
been examined. The observations confirm the re- 
sults of a previous investigation.“ They show that, in 
a homogeneously bent crystal, the dislocations lie 
in arrays parallel to the glide planes with occasional 
places where a few dislocations lie perpendicular to 
the glide planes. It is only upon heating that ex- 
tensive dislocation climb occurs and long range 
polygon boundaries are found. Analogous results 
have been found for Si-Fe crystals by Hibbard and 
Dunn.’ 

Fig. 9 shows polygon boundaries in a bent zinc 
crystal where the plane of the photograph lies normal 
to the edge dislocation lines. Note the places where 
the polygon boundaries jog out of their normal ori- 
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Fig. 9—Polygonization boundaries in a crystal that was bent 


about an axis perpendicular to a [1120] direction (bend 
axis normal to paper). Heated 10 min at 300°C. Radius of 
curvature glide planes ~ 15 mm. X500. Reduced approxi- 
mately 10 pct for reproduction. 


Fig. 10—Crystal deformed by basal glide at room tempera- 
ture. Macroscopic shear strain = 10 pct. View is parallel 
to glide direction and perpendicular to basal planes. X250. 
Reduced approximately 20 pct for reproduction. 


Fig. 11—Basal glide bands that were produced at 185°C. 
View is parallel to glide direction. X100. Reduced approxi- 
mately 25 pct for reproduction. 
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Fig. 12—Glide bands plus polygon boundaries in region 
where bend gliding occurred. X100. Reduced approximately 
25 pct for reproduction. 


entation onto the glide planes and then turn back in 
the vertical orientation. This is a common occur- 
rence, but the reason for it is not clear. 

Glide Bands (Basal)—Changes in the etch pit 
patterns upon basal glide were examined for glide 
carried out at room temperature and at 185°C. The 
photographs were all taken normal to the edge dis- 
location lines. Fig. 10 shows a typical result for the 
case of room temperature glide. There is a general 
increase in pit density as a result of glide and some 
concentration of the pits along certain basal planes, 
but this pattern as well as others shows no strong 
form. When basal glide is produced at an elevated 
temperature, the inhomogeneity of glide strain is 
more pronounced, as Fig. 11 indicates. However, 
there is no distinctive structure inside or outside the 
bands. The complete randomness of the dislocation 
positions in the glide bands of crystals serves to em- 
phasize the difficulty of describing the glide process 
in any but a statistical way. Also, the stress that 
produced the bands of Fig. 11 was only about 150 g 
per sq mm, so that an operating Frank-Read source 
would be about 0.01 mm long. However, the struc- 
ture of the bands suggests that they consist of 
bundles of more or less straight dislocations ex- 
tending perpendicular to the glide direction and 
spaced on the average between 0.01 and 0.001 mm 
apart in the glide plane. Thus, it is not clear that a 
Frank-Read source has sufficient surface in which to 
operate. Perhaps some other multiplication mechan- 
ism is more important than the Frank-Read one. 

Fig. 12 shows what happens when bend gliding 
occurs. This photograph was taken at a place in a 
crystal where slight bending, in addition to simple 
shearing, occurred. Since the deformation was car- 
ried out at an elevated temperature, simultaneous 
polygonization was able to occur. 

Kink Planes—It was proposed some time ago by 
Hess and Barrett® that a kinked crystal has a dis- 
location structure like that of Fig. 18a, top. Study 
of etch pits has born out their ideas and has shown 
qualitatively how such a structure is developed. The 
etch pit patterns suggest that, at the beginning of 
kinking, a wall of dislocations is nucleated at the 
bottom edge of the crystal where there is a dis- 
continuity of shear strain. This wall then grows, 
during the progress of kinking, by trapping indi- 
vidual dislocations at its upper end. Thus, immedi- 
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Fig. 13—Etch pits at kink planes. 
ABOVE: Schematic dislocation 
pattern at a kink plane. RIGHT: 
Etch pit pattern at kink plane. 
X1000. Reduced approximately 20 
pet for reproduction. 


ately after kinking, one can find low angle dis- 
location walls in a crystal. More than one wall 
usually forms. The walls are most intense at the 
inside angle of the kink and gradually die out as 
the outside angle is approached. Therefore, at the 
outside angle of a kink there is no strain discon- 
tinuity, but homogeneous bending occurs instead. 

Fig. 13b, right, shows some kink boundaries that 
were formed directly upon kinking at room temper- 
ature (without intermediate annealing). The field is 
in the region where the dislocation walls are dying 
out into a field of homogeneous bending. 

When a kinked crystal is annealed, many addi- 
tional low angle boundaries appear because not all 
of the bending near the kink plane is accommodated 
by the original kink boundaries. Also, the original 
kink boundaries grow until they reach across the 
entire cross section. As the temperature of anneal- 
ing is increased, many of the boundaries coalesce to 
form somewhat higher angle boundaries. 

It may be seen from the above discussion that the 
structure of a kink plane is not quite as simple as 
might be supposed. A kink that looks sharp on a 
macroscopic scale may actually consist of numbers 
of low angle boundaries. This means that studies of 
the motion of kink boundaries’ and their effects on 
plastic deformation” must be interpreted with care. 

Nonbasal Glide—Two kinds of nonbasal glide 
have been investigated by means of the etch pit 
technique. The first of these is (1122) [1123], or 
pyramidal glide. In a previous paper this was called 
u-banding™ and was interpreted as a kind of micro- 
kinking. The interpretation was based on the fact 
that the deformation mode operated only in com- 
pression parallel to the basal planes but not in ten- 
sion at the same stress. However, since that time Bell 
and Cahn” have found pyramidal glide that was 
produced by high tensile stresses parallel to the 
basal planes of zinc. Therefore, the u-bands were 
probably produced by pyramidal glide. This pyra- 
midal glide has the very interesting characteristic 
that the stress required to cause it to operate in one 
direction (tension) is much greater than in the op- 
posite direction (compression parallel to the basal 
planes). 

Etch pit patterns caused by pyramidal glide are 
shown in Fig. 14. The views in this figure are such 
that the plane of the paper is perpendicular to the 
basal and pyramidal planes and parallel to the 


pyramidal glide direction [1123]. Note that the pits 
lying in rows parallel to the traces of the pyramidal 


TRANSACTIONS AIME 


Fig. 14—Etch pits at 
pyramidal glide 
planes. View is 
parallel to [1123] 
glide direction and 
perpendicular to 
(1122) plane. 
X1000. Reduced 
approximately 20 
pct for reproduction. 


planes are oval in shape with their major axes paral- 
lel to the basal planes. Note also that the pits are 
fairly uniformly spaced, and their spacing (about 
1 ») is approximately the same in all bands. 

Again, judging from the applied stress and the 
spacing of the pits, it is difficult to see how a Frank- 
Read source could have produced the glide. 

The oval shape of the pits in the pyramidal bands 
is probably due to the chemical anisotropy of the 
crystal. An etch pit that starts at a point soon de- 
velops into an oval crater. 

The other kind of nonbasal glide that was investi- 
gated occurs on the prismatic planes (1010) in the 


close-packing direction [1210]. This glide can be 
observed if a zinc crystal is stressed parallel to the 
basal planes at elevated temperatures.” Fig. 15 shows 
the structure of a crystal that was bent about the 
c-axis so that the deformation occurred by prismatic 
glide on two sets of planes. In contrast to the case 
of bending by basal glide (Fig. 9) the subgrain 
structure does not consist of a series of straight 
boundaries, but rather an irregular network of small 
angle boundaries. 

Twin Bands—A curious etching effect is found 
for twin bands. This effect was first found for poly- 
crystalline zinc, and some examples of it are shown 
in Fig. 16. The photographs lie perpendicular to 


the twinning planes (1012) and parallel to the 


twinning directions [1011]. It can be seen that the 
boundaries of the twin bands are asymmetric. One 


Fig. 16—Etch pits at twin bands 
in twinned polycrystalline zinc. 
LEFT: Complex group of twins. 
RIGHT: Single twin band. 
X1000. Reduced approximately 
35 pct for reproduction. 
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Fig. 15—Crystal etched on basal plane (parallel to plane of 
photograph) after it had been bent about the [0001] direc- 
tion so that glide occurred on prism (1010) planes. After it 
was bent, the crystal was annealed 5 hr at 400°C. X150. 
Reduced approximately 30 pct for reproduction. 


contains a series of pips,* while the other is clear 


* A pip differs from a pit in being a tiny protrusion at the sur- 
face rather than a hole. 


of pips. This is surprising because the boundaries of 
a twin band are the same, although inverted, if only 
simple lattice geometry is considered. If the atom 
movements that might occur during twinning are 
considered, then the boundaries might possess an 
asymmetry, but it is not clear how this could lead to 
relatively widely spaced etch pips. 

Another fact that has been noted is that the twin 
boundary with the pips is always the boundary that 
does most of the moving during the twinning proc- 
ess. This suggests that the pips might be a result of 
some sort of accommodation deformation adjacent 
to the twin band. 
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Growth of Graphite in Cast Iron 


The rates of growth of graphite nodules in cast irons are calculated for a model of a 
growing graphite sphere surrounded by a shell of austenite through which carbon and iron 
are diffusing. The carbon is supplied by a cementite-austenite mixture at the outer edge 
of the shell. The calculated rates from carbon diffusion agree fairly well with the measured 
values, but the rates based on iron self-diffusion are much too low. Because the iron must 
be removed for the process to continue, a plastic deformation mechanism is suggested. 


by C. E. Birchenall and H. W. Mead 


HERE has been an unfortunate tendency in the 

literature of growth and dissolution reactions 
to identify the slope of a plot of the logarithm of 
the growth or dissolution rate vs reciprocal of tem- 
perature with the activation energies determined 
by diffusion measurements in chemically similar 
systems. If the solubility limits at the growing or 
dissolving phase interfaces change appreciably with 
temperature, such procedures may lead to serious 
errors in specifying the mechanisms controlling the 
rates of these processes. A reaction involving the 
simultaneous growth of graphite from and dissolu- 
tion of cementite in austenite will be discussed here 
to show that substantial oversimplifications have 
been made in earlier studies of this process. 

From a dilatometric study of the overall y-range 
graphitization process, Bunin and Danil’chenko' 
found an apparent activation energy of 90 kcal 
per g-atom. They concluded that, since this value 
was much nearer the approximately 68 kcal per 
g-atom observed for self-diffusion in pure iron than 
it was to 32 kcal per g-atom for diffusion of carbon 
in iron, the rate-controlling process must be the 
diffusion of iron away from the growth interface to 
provide space for graphite to grow. Bunin and Salli’ 
bolstered this agreement with the observation that 
graphite forms preferentially at surfaces, cracks, 
and pores where free volume is present initially. 

Ziegler, Meinhart, and Deacon*® had found an ap- 
parent activation energy for graphitization of 98 
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keal per g-atom. This value, like that of Bunin and 
Danil’chenko, applies to nucleation and growth 
occurring simultaneously. It is not generally as- 
sumed that nucleation is entirely diffusion-con- 
trolled. Treatments such as prior cold-working and 
prequenching, which strongly affect the rate of 
graphitization, would be expected to have little 
effect on diffusion processes occurring at the graph- 
itization temperature. In any case 90 kcal per g- 
atom is not particularly close to the 54 kcal or lower 
to be expected for diffusion of iron which is carbon- 
saturated.* The presence of silicon in iron is said to 
reduce the activation energy for diffusion,’ so its 
presence in cast irons would be expected to have a 
similar effect. 

The growth rates of nearly spherical graphite 
nodules have been studied by Brown and Hawkes.° 
The initial rate of growth before impingement of ad- 
jacent carbon-depleted areas was found to be para- 
bolic, and rate constants were measured at several 
temperatures. Their apparent activation energy for 
the growth process only was roughly 45 keal per mol. 

Burke and Owen’ made growth-rate measure- 
ments on several alloys, recording appreciable in- 
duction periods, initial nucleation rates, and average 
radial growth rates based on an assumed linear rate 
of radial growth, They found that increased silicon 
content increases the overall reaction rate and the 
initial rate of nucleation, and decreases the induction 
period. Assuming 1) spherical nodules, 2) constant 
volume rate of nucleation, 3) austenite in equilib- 
rium with cementite at positions where the cemen- 
tite is not depleted, and 4) a constant diffusion dis- 
tance during the growth of a nodule, they calculated 
an apparent overall activation energy of 68 kcal per 
mol, which was related to an activation energy for. 
nucleation of 79 kcal per mol and activation energy 
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for growth of 63 kcal per mol. They concluded that 
the rate-controlling step was diffusion of iron or sili- 
con, probably the latter. 

Their second assumption neglects the induction 
period for nucleation which had been observed. The 
fourth assumption seems to be quite incompatible 
with the conclusion of diffusion control by any 
mechanism. The only growth rate curve which they 
show (their Fig. 9) can be fit much better by a para- 
bola, allowing for an induction period, than it can by 
a straight line. This behavior also is required by dif- 
fusion-controlled growth kinetics. Although the re- 
sults are reported only in processed form, an attempt 
has been made to reduce them to parabolic rate con- 
stants which are useful for the analysis given below. 
Since it was evident from Burke and Owen’s Fig. 11 
that the induction period was important, parabolic 
rate constants were based only upon their Fig. 11 
(induction period) and Table VI (linear growth-rate 
constants) plus the assumption that their measure- 
ments of growth rate were made over the same 
range of particle sizes. This seems likely for the par- 
ticles are difficult to measure if they are too small, 
and their surrounding regions, depleted of cemen- 
tite, impinge if they are too large. If t, is the in- 
duction time, the growth occurs for a period t —t, 
after which it is assumed that the particles are about 
6/168 mm diam. (Burke and Owen’s constants have 
a magnification factor of 168 in them.) Dividing the 
radius by their linear rate constant gives the time 
for the increase assumed. This is close to the best 
straight line which might be drawn for a parabolic 
curve deficient in early points. Dividing this time 
into the square of the radius gives an approximate 
parabolic rate constant, expressed here in square 
centimeters per second. These constants are listed in 
Table I. The same table gives the carbon and silicon 


Table |. Radial Growth Rate Constants in Units of Sq Cm per Sec 


Ingot No. 

Temper- 

ature, °C 33 35/1 35/2 35/3 35/4 H 
888 — 1.6x10-19 2,.1x10-10 
910 — 2.1x10-19 2.3x10-10 5.5x10-10 
943 4.5x10-29 3.5x10-10 5.5x10-10 1.2x10-% 
968 6.5x10-10 7.0x10-10 7.0x10-19 1.1x10-® 1.7x10-9 

Wt pet C 3.58 3.37 3.35 3.38 3.43 2.35 

Wt pct Si 2.12 0.68 0.98 1.13 1.37 0.97 


content of the ingots and Burke and Owen’s identi- 
fication numbers, The composition of Brown and 
Hawkes’ iron H is also included, although their rate 
constants are given only in Fig. 2. 


Calculation of Graphite Growth Rate 


Zener® has given a general mathematical treat- 
ment of the growth of phases in an initially uni- 
form, infinitely extended, supersaturated matrix. He 
showed that a linearized approximate solution dif- 
fers little from the more exact numerically calcu- 
lated result. Similar approximate solutions for the 
crystal-growth problem are given by Humphreys- 
Owen,” whose procedure is followed below with 
small modifications, the greatest being the omission 
of an interface resistance. 
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The present problem differs from those discussed 
by Zener and Humphreys-Owen only in that the 
matrix is bolstered by the presence of particles of an 
unstable phase that dissolves as needed to maintain 
the matrix composition constant. Not only is there a 
growing phase to consider, but also another bound- 
ary exists between the matrix from which the un- 
stable phase has been depleted and the bolstered 
matrix. For the present purpose of identifying the 
rate controlling diffusion process, only the linearized 
approximate treatment will be given. It is unlikely 
that errors arising from this approximation are 
greater than the uncertainties in choosing the appro- 
priate solubility values for the system. In any case, 
the indicated results seem to be quite clear. 

The two major proposals concerning diffusion con- 
trol are: 1) the rate of growth of the graphite par- 
ticle is controlled by the rate of diffusion of carbon 
from the cementite particles to the graphite particles 
through the austenite shell of thickness (R. — R,), 
2) the rate of growth of graphite depends upon iron 
atoms getting out of the way by self-diffusion to 
provide the volume in which graphite may form. 
These two assumptions are used in more explicit 
form subsequently to calculate growth rate con- 
stants for comparison with the Brown and Hawkes 
and Burke and Owen directly measured constants. 

Consider a spherical graphite nodule growing in 
a matrix which is a mixture of austenite and cemen- 
tite, with the cementite particles distributed uni- 
formly. Around the growing graphite particle there 
is a spherical shell from which the cementite has 
been depleted. The inner diameter of the shell is R,, 
the outer diameter R,. At R, the austenite will have 
the carbon concentration C, in equilibrium with 
graphite at the temperature, while at R, the austen- 
ite will have the carbon concentration C, in equilib- 
rium with cementite if the process is entirely diffu- 
sion controlled. 

It will be assumed that these concentration condi- 
tions as shown in Fig. 1 are established very quickly 
and that a steady-state approximation may be em- 
ployed as it is in the analogous problem of the 
growth of scales on metals. The concentration in the 
nondepleted two-phase matrix is C,, and the con- 
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Fig. 2—Comparison of calculated and measured growth rate 
constants. The calculated values are filled symbols; the 
measured yalues are open symbols. Various symbols represent 
Burke and Owen irons: diamond, 33; inverted triangle, 35/1; 
upright triangle, 35/2; square, 35/3; circle, 35/4; and double 
circle, Brown and Hawkes iron H. A single line is drawn for 
35/1, 35/2, and 33 as measured. 


centration in the graphite particle is C,. The rate of 
growth of the particle will be 


dR, 
(C,— C,) 


[1] 


since the concentration must be raised from C, to C, 
in the shell of thickness dR and area 47R,’. The 
growth rate will depend on the rate at which mate- 
rial is brought to that shell by diffusion, or 


dc ) 
or r= Ry 


is the concentration gradient at the interface of aus- 
tenite with graphite. By the assumed diffusion mech- 
anism, Eqs. 1 and 2 are equal to each other. Similarly 
the growth of the ring depleted of cementite will de- 
pend on the rate at which carbon is removed by dif- 


fusion at R., or 
dR, dc 
(C_—C.,) = D 
dt or r= Rg 
For the pseudo-steady state the flow by diffusion 


through any shell of radius r between R, and R, is 
given by Barrer” as 


47R,” D ( 


where D is the diffusion coefficient and ( 


0c 


and the dependence of the concentration C(r) be- 
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tween R, and R, on r is given by 


— 

C(r) = C.— (C,—C,) [5] 
Neglecting volume changes accompanying the reac- 
tion, the amount of any material inside the sphere of 
radius R, at any time (right half of Eq. 6) must be 
the same as that initially present (left half), since 
no concentration changes have occurred beyond R:. 
Thus 

R 


4 4 
= Co + anf, C(r)dr- [6] 


Inserting Eq. 5 in Eq. 6 and integrating yields 
(C.—C,) R= (C.— Ci) + 
1 


For the concentration involved here, neglecting the 
last term leads to errors of about 3 pct. Then 


3 


R, (ce C.) 
[8] 
R, (Go Cx») 


Combining Eqs. 1, 2, 4, and 8 and integrating yields 


: | t [9] 
| 


and similarly for Eqs. 3, 4, and 8 


R2= ( ) 


=) 


if R, and R, are 0 at 0 time. The parabolic growth 
rate constants (in brackets) are made up entirely of 
numerical constants and parameters of the system 
which have fixed values at a given temperature. For 
iron diffusion the rate constants are simplified by the 
fact that C, is 0, that is, that iron does not dissolve 
in graphite to an appreciable extent. 

In order to calculate rate constants from these 
equations it is necessary to select appropriate values 
for Cy, C,, C., and C, for Brown and Hawkes iron H 


which had a composition as follows (in weight per- 
centages): C,.2.35; Si, 0.97; Mn, 0:05; 
0.008; and the balance Fe. It is assumed that cemen- 
tite is Fe,C in composition. The silicon, sulfur, and 
phosphorus are assumed to remain in the austenite, 
and the manganese to distribute between austenite 
and cementite. The graphite is taken to be pure car- 
bon, thus determining C,. The average chemical 
composition determines C,. Austenite compositions 


C, are taken from the solubility limits in refs. 10 
and 20. The calculation is not very sensitive to the 
absolute value of C, or C, but is rather strongly de- 
pendent on the difference, C, — C,. 

For a pure Fe-C alloy, the activities of iron and 
carbon in equilibrium with cementite, as determined 
by Darken and Gurry,* permit calculation of an 
equilibrium constant, K, for the reaction 


Fe,C = 3Fe+C [11] 
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Table Il. Comparison of Calculated and Measured Graphite 


Growth Rate Constants 


Rate Constants 


Controlling 
Irons Component Co Cy C2 Coo D Cp Calculated Measured 
1000°C 
H Fe 0 7.368 7.325 7.229 2.4x10-11 1.30 
3.7x10-13 
H Cc 2.20 0.0952 0.1007 0.1732 7.3x10-7 1.30 5.6x10-9 } Be 
33 c 2.20 0.0894 0.0958 0.2630 6.6x10-7 1.22 7.0x10-9 
35/1 C 2.20 0.0993 0.1028 0.2493 7.8x10-7 1.35 4.4x10-9 } gees 
35/4 2.20 0.0851 0.0939 0.2497 6.3x10-7 1.18 9.0x10-9 3.3x10-9 
900°C 
H Fe 0 7.516 7.502 7.353 2.7x10-12 1.0 1.4x10-14 
H Cc 2.21 0.0746 0.0799 0.1754 1.8x10-7 1.00 1.4x10-9 } Bose 
33 2.21 0.0640 0.0708 0.2650 1.5x10-7 0.88 1.7x10-9 
35/1 2.21 0.0753 0.0799 0.2520 1.8x10-7 1.00 } 
35/4 Cc 2.21 0.0602 0.0678 0.2510 1.3x10-7 8 1.6x10-9 3.4x10-10 
850°C 
H Cc 2.21 0.0619 0.0687 0.1759 8.0x10-8 0.85 8.0x10-10 6.8x10-11 


Note: Cp, the carbon concentration at which the diffusion coefficients are evaluated, is in wt pet. All other C’s are in g per cucm. The 


rate constants and the diffusion coefficients are in sq cm per sec. 


where, if the activity of cementite is taken as unity, 
K = OOF [12] 


Eq. 12 may be used to estimate the carbon solubil- 
ity in equilibrium with cementite in a silicon steel if 
silicon does not dissolve in cementite enough to 
change its activity appreciably. Owen and Street” 
were unable to detect any difference in lattice para- 
meters of cementite in a silicon steel and a plain 
carbon steel, but Hultgren” found that ortho-cemen- 
tite isolated from a 2.80 pct Si, 0.54 pct C steel con- 
tained about 0.42 pct Si. He felt that this value 
might be too high due to experimental conditions. In 
a recent report on research in progress, Scott and 
Farnham” were unable to detect silicon in the car- 
bide phase. It is assumed that effects of silicon on the 
cementite activity may be neglected. 

Since iron H is a complex mixture, but still fairly 
dilute, it is assumed that a Raoult’s law approxima- 
tion may be employed to calculate the iron activity. 
Then carbon activity may be determined from Eq. 
12. At 1000°C this yields the solubility by a short ex- 
trapolation of Smith’s activity-concentration curve. 
The matrix is about 81 pct austenite containing 1.38 
pet C, 1.2 pct Si, and a total of 0.17 pct of S, P, and 
Mn. At 900° and 800°C, where activity-concentra- 
tion data are not available for silicon steels, it is 
assumed that the ratio of the concentration of car- 
bon in equilibrium with cementite to that in equilib- 
rium with graphite is equal to the ratio of the re- 
spective carbon activities. Similar calculations have 
been made for Burke and Owen irons—33, 35/1, 
35/4— taking into account only the iron, carbon, and 
silicon content. They are summarized in Table II. 

The carbon diffusion coefficients are from Wells, 
Batz, and Mehl” and Smith.” The iron diffusivities 
are from Mead and Birchenall.* 


Discussion 

The major sources of error in this calculation lie 
in the inaccuracy with which the difference C, — C, 
can be calculated and in the fact that a fairly large 
increase in volume accompanies the graphitization 
reaction. Eqs. 9 and 10 are not very sensitive to 
errors of the size likely to be found in the absolute 
values of the concentrations or in the diffusion co- 
efficient. The overall accuracy is not likely to give 
‘results which are significant to better than a factor 
of about five to ten. The fact that the calculated rate 
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constants in Table II for carbon diffusion control dif- 
fer from the experimental values by about this fac- 
tor must be considered good agreement. The effect of 
change in silicon content is predicted correctly. 

Since the rate constant based on iron diffusion is 
so much lower than the experimental value, it is 
evident that the reaction does not wait for space for 
graphite growth to be provided in this way. The only 
alternative seems to be some type of plastic defor- 
mation mechanism. Such a mechanism must also 
contribute the expansion within the reaction spheres 
due to the overall volume change accompanying the 
reaction. 

Hillert” suggests that the hydrostatic pressure set 
up by the volume change may tend to slow down the 
transport of carbon and increase that of iron by 
affecting the themodynamic activities in the neigh- 
borhood of the graphite-austenite interface. A basic- 
ally similar, but slightly modified, argument is given 
here. If a’, is the carbon activity in austenite under 
no pressure and a, is the activity under pressure the 
change in chemical potential, p, is given by 


Au. = RT In [13] 


0 


The Gibbs free energy, F, may be defined by the 
equation 
dF = —SdT + VdP + SS wi AN, [14] 


where S is the entropy; T is the absolute tempera- 
ture; V is the volume; P, the pressure; and n, the 
number of moles of component 7 in the system. If the 
system is isothermal and all n’s are constant except 
n, for the carbon solubility changing at the graphite- 
austenite interface, Eq. 14 reduces to 


dF = VdP + p. 
Since F is an exact differential 
= : 16 
On. oP 
Hillert sets 
aV M 
[17] 
On, p 


where M is the molecular weight, and p is the den- 
sity of carbon. M/p is about 5.3 cu cm per mol for 
graphite, but the true value will be somewhat 
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a 


smaller, since carbon dissolved in austenite increases 
its volume. A rough integration of Eq. 17 gives 


M 
Ap, = ——Ap [18] 
p 
or 
ax M AP 
In = [19] 
RT 


Thus an increase in pressure would increase the 
carbon activity in equilibrium with graphite and 
tend to oppose the driving force of the graphitization 
reaction. The effect would probably be limited be- 
cause inclusions, even irregularities in the graphite 
nodules themselves, would prevent the stress field 
from being purely hydrostatic. The limiting stress 
would probably lie between the creep strength and 
the yield strength of the Fe-C alloy. To reduce the 
carbon activity difference across the diffusion zone 
by a factor of ten, hydrostatic pressures of the order 
of 15,000 psi would be required. This value is some- 
what greater than the system should support in the 
presence of irregular interfaces. The resultant plas- 
tic deformation may increase the iron diffusion rate 
greatly if Buffington and Cohen’s’ results may be 
extrapolated to these conditions. 

Both Brown and Hawkes® and Burke and Owen‘ 
found some remote carbides dissolving before some 
near ones. The latter” also observed a carbon con- 
centration gradient in the region around the graph- 
ite nodule which would not be expected if this 
process were relatively fast compared with some 
other controlling the rate. The cementites are ap- 
parently of both primary and secondary origin, those 
of the latter being much finer. Not only would their 
solubility be enhanced slightly, though perhaps neg- 
ligibly, but if their dissolution was partly interface- 
controlled the decrease in volume of the small par- 
ticles by a given amount, or even by an amount 
proportional to the surface area, would be relatively 
more easily observed microscopically than a similar 
change in the large particles. Thus the effect may be 
partly apparent and partly real. 


Summary 

It is possible to calculate rate constants for the y- 
range graphitization based on the diffusion of carbon 
through an austenite shell around the graphite par- 
ticle which agree reasonably well with the measured 
rates. The temperature dependence of the calcu- 
lated and measured constants is about the same. 
Control of the process by normal self-diffusion of 
iron appears to be excluded by the calculations. 
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Hardenability Factors for Hypereutectoid 
Low-Alloy Steels 


Hardenability (multiplying) factors for carbon, manganese, silicon, chromium, nickel, and molyb- 
denum have been developed for hypereutectoid low-alloy steels in which bainite is the first subcritical 
transformation product. These factors permit the calculation of 95, 80, and 50 pct martensite hard- 


enability from chemical composition when steels with spheroidized structures are quenched from 1475° 


1525°, and 1575°F. The strong contributions to hardenability of the less expensive elements, silicon 
and manganese, suggest their use to obtain additional hardenability in hypereutectoid low-alloy steels. 
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De the past decade a number of investiga- 
tors'® have carefully developed information 
which permits calculation of the hardenability of 
medium-carbon low-alloy steels from chemical com- 
position and grain size. These data have been es- 
pecially valuable in developing less costly low-alloy 
steel compositions with equivalent or improved 
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HEAT 21, 1,05 % Ni 


HEAT 30, 


12 % Cr HEAT 35, .21 % Mo 


Fig. 1—Typical spheroidize-annealed structures. One example is shown from each series of laboratory heats. Picral etch. X500. Re- 


duced approximately 30 pct for reproduction. 


properties as compared to earlier steels. No such 
wealth of hardenability data is available for high- 
carbon low-alloy steels. The use of the medium- 
carbon hardenability factors has been found to be 
inadequate for these steels. 

Austin et al.,” Digges and Jordan,* and recently 
Jatezak and Devine’ have studied the hardenability 
of hypereutectoid steels. The first two investigations, 
however, involved the use of austenitizing tempera- 
tures so high that essentially complete solution of 
the carbides occurred—a treatment not used com- 
mercially for wear-resistant high-carbon low-alloy 
steels where undissolved alloy carbides are desir- 
able. To develop hardenability criteria for the car- 
burized case on low-carbon alloy steels, Jatezak and 
Devine developed hardenability factors for manga- 
nese, silicon, chromium, nickel, and molybdenum in 
nominally 1.00 pet C steels which had been normal- 
ized prior to austenitizing for 35 to 40 min at 
1475°, 1525°, or 1575°F. Their base composition had 
a very low alloy content and, except for some steels 
of higher alloy content, the first austenite decompo- 
sition product was pearlite. In steels containing more 
than 1.00 pet Ni their data indicated an interaction 
between manganese and nickel and an increased 
effect for molybdenum when present in amounts ex- 
ceeding approximately 0.20 pct. 

Jatezak and Devine’ also attempted to determine 
hardenability factors for certain of their steels 
which were spheroidize-annealed prior to end- 
quenching but the data suggested strong interactions 
among the several elements. They developed an em- 
pirical correlation between ideal critical diameters 
for the normalized and for the spheroidized prior 
structures and suggested the use of this curve for 
converting hardenability values for normalized prior 
structures to values for spheroidized prior structures. 

Because many commercial high-carbon alloy steels 
contain combinations of alloying elements which 
produce bainite as the first subcritical transforma- 
tion product in normal hardening operations and be- 
cause such steels are generally spheroidized for ease 
of machining prior to the hardening operation, the 
present program to develop bainitic multiplying fac- 
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tors for the common alloying elements in spheroid- 
ized hypereutectoid alloy steels was initiated in 1953 
at the South Works of the United States Steel Corp. 


Experimental Procedure 
To obtain information of greatest commercial 
value the experimentation was confined to the de- 


Table |. Chemical Composition of the Laboratory 
Induction-Furnace Heats 


Chemical Composition—Wt Pct ASTM 
Grain 
Heat Sol. Size 
No. Cc Mn P. Ss Si Ni Cr Mo Al No.* 
Carbon Serie 
1 0:76 0.53 0.009 01037 0:31 0:02 0.18 0.007 3 
2 0.86 0.69 0.008 0.032 0.26 0.02 1.13 0.16 0.023 8-9 
3 0.92 0.64 0.007 0.029 0.35 0.02 1.32 0.13 0.070 8-9 
4 1.08 0.62 0.008 0.034 0.32 0.01 1.16 0.14 0.050 8-9 
> 1.25 0.59 0.007 0.035 0.30 0.02 1.12 0.15 0.020 
Manganese Series 
6 1,02° 0.06 0.020 0:032 0.21 (0:03 1.56 0.17 0.067 $-9 
u 0.98 0.11 0.006 0.034 0.23 0.02 1.63 0.17 0.094 8-9 
8 1.02 0.27 0.019 0.029 0.26 0.03 1.53 0.17 0.088 89 
9 0.99 0.48 0.006 0.035 0.20 0.04 1.52 0.16 0.005 8-9 
10 0.95 0.72 0.003 0.036 0.34 0.04 1.53 0.15 0.008 8-9 
11 0.98 0.94 0.007 0.037 0.32 0.03 1.55 0.16 0.008 8-9 
12 1:03; 1.22. 0:007 (0.037 (0:37 0:03 1.53 0.17% '0:009 3-9 
Silicon Series 
13 0.97 0.47 0.005 0.003 0.07 0.01 0.80 0.16 0.090 7-8 
14 1.01 0.75 0.006 0.031 0.12 0.01 0.76 0.16 0.048 17-8 
25: 1.03 0.49 0.003 0.004 0.16 0.02 0.95 0.16 0.018 8-9 
16 1.01 0.52 0.006 0.026 0.30 0.05 0.93 0.16 0.080 17-8 
17 1.01 0.47 0.005 0.004 0.49 0.02 0.92 0.16 0.012 8-9 
18 1.03 0.47 0.006 0.004 1.06 0.02 0.89 0.15 0.110 8-9 
Nickel Series 
19 1.04 0.50 0.008 0.035 0.34 0.75 0.16 0.017 5-6 
20 1.06 0.46 0.007 0.038 0.31 0.56 0.76 0.16 0.047 
21 0:99 0.50: 10.0387) 0:15" 50.007 
22 1.00 0.45 0.007 0.037 0.27 1.56 0.72 0.16 0.025 6-7 
23 0.010: 0.30! 1-78 0.7L) 10.17 0.038. 6-7 
Chromium Series 
24 0.96 0.79 0.007 0.034 0.22 0.04 0.03 0.17 0.024 4-% 
25 0.95 0.78 0.012 0.031 0.30 0.03 0.04 0.15 0.082 5-6 
26 1.05 0.75 0.004 0.030 0.41 0.02 0.25 0.15 0.045 6 
27 0.99 0.75 0.006 0.028 0.31 0.03 0.52 0.01 0.028 17-8 
28 0.99 0.76 0.009 0.025 0.29 0.03 0.55 0.16 0.004 5-6 
29 1.00 0.79 0.005 0.032 0.31 0.02 0.85 0.15 0.069 8-9 
30 0:95 0:82, 0/009 0:035, 0:35 0:02 1:12) 0116) 0:022: 9% 
31 0.96 0.79 0.006 0.037 0.23 0.02 1.51 0.16 0.035 8-9 
32 0.99 0.80 0.008 0.022 0.26 0.04 2.04 0.15 0.089 9 
Molybdenum Series 
33 1.04 0.48 0.005 0.004 0.34 0.01 1.01 0.01 0.077 8-9 
34 1.00 0.55 0.007 0.030 0.23 0.02 1.02 0.11 0.019 8-9 
35 1.05 0.50 0.003 0.004 0.386 0.02 1.00 0.21 0.006 8-9 
36 0.99 0.50 0.004 0.005 0.33 0.03 1.00 0.39 0.042 8-9 
37 1.01 0.56 0.005 0.006 0.31 0.04 0.92 0.51 0.037 8-9 
38 1.02 0.45 0.006 0.006 0.25 0.03 0.98 0.70 0.077 8-9 


* Determined only on samples quenched from 1525°F. 
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velopment of multiplying factors for 50, 80, and 95 
pet martensite structures for the elements carbon, 
manganese, silicon, chromium, nickel, and molyb- 
denum in steels spheroidize-annealed before austen- 
itizing 30 min at 1475°, 1525°, and 1575°F. The base 
composition of the experimental heats used in this 
work was adjusted so that bainite was the first aus- 
tenite decomposition product in the end-quenching 
operation. 

Several factors were involved in determining the 
base compositions for the 1.00 pct C alloy steels. 

1) A minimum end-quench bar distance of 0.5 
in. to the half-hardness or 50 pct martensite level 
was desired to provide more accurate metallographic 
measurements of the 95, 80, and 50 pct martensite 
positions. 

2) The base compositions of the steels were kept 
as nearly constant as possible. Manganese and 
chromium were the only elements varied to main- 
tain a relatively constant base hardenability. 

3) Molybdenum (0.15 pet) was included in the 
base composition of each series for two purposes: 
to retard the formation of pearlite during quench- 
ing to assure bainite as the first austenite decompo- 
sition product,’ and to assure the presence in all of 
the steels of at least one carbide-forming element. 

4) Nickel was excluded from all except the 
nickel series because it is not a carbide former and 
retards the pearlite and bainite transformations 
about equally.” 

Thirty-eight 26-lb induction-furnace heats were 
melted for the experimental program. In five of 
these series the percentage of one alloying element, 
manganese, silicon, chromium, nickel, or molyb- 
denum, was varied in a 1.00 pct C alloy steel base. 
Carbon was varied in the sixth series. Chemical 
compositions of all the heats are given in Table I. 
The analyses shown were made on drillings from the 
as-cast ingots and check analyses were made on end- 
quench bars from an average of two heats from each 
series. The check analyses agreed exceptionally well 
with the ingot analyses. 

All of the heats were deoxidized in the furnace 
with aluminum in the proportion of 2 1b per ton and 
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Fig. 2—Typical end-quench hardenability curves for shallow, 
medium, and deep hardening steels from the manganese 
series of laboratory heats. 
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Table II. Spheroidize-Annealing Treatment of End-Quench Blanks 
From Laboratory Induction-Furnace Heats 


Spheroidize- 
Heat Pet Annealing 
No.* Alloy Cycle Spheroidize-Annealing Cycles 
A—1) Heated to 1450°F. 
1 0.76 C (o) 2) Transferred to furnace at 
2) 0.86 © 1340°F, held for 2 hr. 
3 0.92C ( 3) Cooled 10°F per hr to 
4” 1,08'¢ Cc 1300°F 
13) 125. 4) Air cooled. 
B—1) Heated to 1250°F, held for 
6 0.06 Mn A 2 hr. 
vin A 2) Heated to 1425°F, held for 
8 0.27 Mn A 2 hr. 
9 0.48 Mn A 3) Transferred to furnace at 
10 0.72 Mn A 1325°F, held for 2 hr. 
GE 0.94 Mn A 4) Cooled 10°F per hr to 
1.22) Mn A 
5) Air cooled. 
13) 10:07 Si A C—1) Heated to 1250°F, held for 
14 0.12 Si A 
15a /026(Si A 2) Heated to 1400°F, held for 
LG A ches 
7 0.49 Si A 3) Transferred to furnace at 
18 1.06 Si D 1250°F, held for 2 hr. 
4) Cooled 10°F per hr to 
1180°F. 
19 0.02 Ni D 
20 0.56 Ni 5 5) Air cooled. 
21 «1.05: Ni D held for 
22 1.56 Ni D D—1) rae to 1250°F, he 
23° 1.78 Ni D 2) Heated to 1400°F, held for 
24 0.03 Cr B 
25 0.04 Cr B 3) Transferred to furnace at 
26 0.25 Cr B 1250°F, held for 2 hr. 
27 «= O1.52 Cr B 4) Cooled to 1230°F, held for 
28° 10:55 Cr B 5 hr. 
29 0.85 Cr B 5) Cooled to 1200°F, held for 
B 3 hr. 
3k deol: B 6) Cooled to 1180°F, held for 
32 2.04Cr B 
33 0.01 Mo D 7) Air cooled. 
34 0.11 Mo D 
35 0.21 Mo D 
36 0.39 Mo D * All blanks were normalized at 
37 0.51 Mo D 1600°F for 2 hr before spheroid- 
38 0.70 Mo D izing. 


were cast into round, big-end-up, hot-topped graph- 
ite molds. The ingots were forged from 2100°F into 
1% in. diam rounds and slow-cooled in sand. 

Seven 5-in. long blanks were cut from each 
forged round and were normalized at 1600°F for 2 
hr prior to spheroidize-annealing as shown in Table 
II. Four different spheroidize-annealing treatments 
were required to produce similar spheroidized struc- 
tures in all of the laboratory heats, Fig. 1. Standard 
end-quench test bars, 4 in. long by 1 in. diam, were 
machined from the blanks. 

Three end-quench bars from each heat were aus- 
tenitized at 1525°F and two bars at 1475°F and 
1575°F. All of the bars were held for 30 min at tem- 
perature prior to end-quenching. Two opposite sides 
of each bar were ground to a depth of 0.015 in., 
using six progressively lighter passes to prevent 
tempering. The absence of tempering during grind- 
ing was verified by macroetching and by micro- 
examination. Rockwell C scale hardness readings 
were taken at 1/16-in. intervals along both sides of 
each bar. End-quench hardenability curves typical 
of shallow, medium and deep hardening composi- 
tions used in this work are shown in Fig. 2. 

A section 2 in. long was cut from the quenched 
end of each bar, polished on one of the two pre- 
viously ground sides, and etched in picral or 2 pct 
nital for microscopic examination. Each bar was 
rated at a magnification of 500 diam for the distance 
to the 95, 80, and 50 pct martensite positions, Fig. 3, 
by three independent observers. The average of the 
three measurements of the distance to each marten- 
site level was used in subsequent work. 

Grain size was determined on samples quenched 
from 1525°F by fracture tests which were compared 
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Fig. 3—Micrographs depicting the 95, 80, and 50 pct marten- 
site positions on an end-quench bar from heat 34. Picral 
etch. X500. Reduced approximately 30 pct for reproduction. 


with Shepherd standards, Table I, and by the oxida- 
tion grain-size method. Essentially no differences 
were found between the two ratings. 

In addition to the studies conducted using end- 
quench bars, isothermal transformation studies were 
conducted on heats 13 and 17 of the silicon series. 
One-eighth in. thick slices were cut from spher- 
oidized rounds, austenitized 30 min at 1525°F, 
isothermally heat treated in a lead bath, and 
quenched in water. The samples were then sec- 
tioned and polished for microscopic examination. 

Development of the Multiplying Factors—The 
hardness corresponding to the 95, 80, and 50 pct 
martensite positions on the end-quench bars for all 
of the experimental steels at each of the austenitiz- 
ing temperatures is shown in Fig. 4. Frequency dis- 
tribution plots were used because the differing 
amounts of carbide-forming elements in the various 
steels and perhaps some minor variations in the de- 
gree of spheroidization from heat to heat prevented 
a high degree of correlation. The effect of greater 
solution of the alloy carbides at the higher austen- 
itizing temperature, 1525°F, is reflected in the 
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higher hardnesses of the quenched structures. Slight 
decreases in hardness of the 95 and 80 pct martensite 
positions were observed for the 1575°F quench. 

The average of hardness values for the different 
percentages of martensite and austenitizing tem- 
peratures together with the D,-J, curve developed by 
Carney® (yielding calculated values agreeing more 
closely with observed values than were obtained by 
using the former correlation curves) were used in de- 
termining the observed (actual) D,’s of commercial 
steels (from end-quench data) for comparison with 
calculated D,’s. This D,;-Jp curve was also used to 
determine the ideal diameters of the experimental 
steels at the three martensite levels and three aus- 
tenitizing temperatures. 

To develop the multiplying factors for the several 
elements investigated, the observed (actual) D/,’s for 
the experimental steels in each series, Table I, were 
plotted as a function of the element varied for each 
martensite level and austenitizing temperature. 
These curves were extrapolated to 0 pct alloying 
element and the first approximations of the mul- 
tiplying factors were obtained by dividing the ob- 
served D,s by the D,’s for 0 pct alloying element 
(1.00 pet C for the carbon series.) These factors 
were then used to correct the observed D,’s for each 
steel for minor deviations from the base composition. 
The corrected D,’s were then plotted as a function of 
the element varied in each series and the quotients 
of corrected D,’s for each steel and the corrected D, 
for 0 pet alloying element (1.00 pct C for the car- 
bon series) in each series were then used in pre- 
paring the corrected or final multiplying factors. 
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Fig. 4—Frequency distribution curves showing the range of 
hardness values corresponding to 95, 80, and 50 pct mar- 
tensite as determined microscopically for the laboratory heats. 
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Fig. 5—The 95 pct martensite multiplying factors for carbon, 
molybdenum, chromium, silicon, manganese, and nickel in 
spheroidized hypereutectoid steels austenitized for 30 min at 
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Fig. 6—The 80 pct martensite multiplying factors for carbon, 
molybdenum, chromium, silicon, manganese, and nickel in 
spheroidized hypereutectoid steels austenitized for 30 min at 
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Fig. 7—The 50 pct martensite multiplying factors for carbon, 
molybdenum, chromium, silicon, manganese, and nickel in 
spheroidized hypereutectoid steels austenitized for 30 min at 


The base factor (D,) for each set of experimental 
conditions was determined by dividing the ob- 
served (actual) D, for each heat and set of con- 
ditions by the product of the appropriate multiply- 
ing factors for the six elements investigated. This 
base factor then constituted the hardenability of the 
Fe-1.00 pct C alloy plus the contributions of grain 
size, phosphorus, sulfur, acid-soluble aluminum, and 
any trace elements that may have been present. 
Averaging the base factors for each combination of 
martensite level and austenitizing temperature pro- 
vided the base factor to be used with each set of 
multiplying factors (Figs. 5, 6, and 7). 


Discussion of Results 

The reversal of curvature and secondary hump in 
the end-quench hardenability curves, Fig. 2, was 
found to be a result of the change in proportions of 
the various intermediate temperature transforma- 
tion products, as has been previously pointed out by 
Davenport and Rickett.* For example, metallo- 
graphic examination of an end-quench bar from 
heat 9 showed the initial decrease in hardness to be 
associated with increasing amounts of first, fine 
bainite, and then, coarse bainite. At the minimum 
point of the curve, approximately 15/16 in. froin the 
quenched end, the structure was essentially coarse 
bainite. Beyond this point, the presence of increas- 
ing amounts of fine pearlite explains the increase in 
hardness while an increase in the pearlite spacing 
appeared to be responsible for the softening which 
occurred beyond the secondary hump at approxi- 
mately 23/16 in. Either a secondary hump or a near- 
ly isohardness shelf was found to be associated with 
pearlite formation in all of the steels investigated. — 
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Table III. Correlation Between Observed and Calculated Ideal Diameter (D,) for Laboratory Heats 


95 Pet 80 Pct 50 Pct 
Martensite Martensite Martensite 
Ob- Caleu- Ob- Calcu- Ob- Calcu- 
Heat Pet served lated served lated served lated 
No. Alloy Dr Dr Dr Dr Dr Dr 


1 0.76 C 2.09 2.22 2.31 2.43 2.61 2.79 

2 0.86 C 1.96 2.03 2.16 2.22 2.41 2.54 

4 1.08 C 1.75 1.80 1.92 1.94 2.10 2.21 

5 1.25C 1.55 1.63 1.69 1.78 1.87 2.00 

6 0.06 Mn 1.28 1.21 1.38 1.30 1.55 1.48 

7 0.11 Mn 1.32 1.32 1.45 1.43 1.69 1.63 

8 0.27 Mn 1.57 1.49 1.72 1.61 1.90 1.84 

9 0.48 Mn 1.72 1.63 1.92 1.78 2.12 2.00 
10 0.72 Mn 2.29 2.20 2.51 2.47 2.90 2.83 
Gil 0.94 Mn 2.61 2.50 2.98 2.85 3.48 3.35 
12 1.22 Mn 3.29 3.16 3.70 3.60 4.29 4.26 
13 0.07 Si 1.15 113 1.22 1.18 1.30 1.30 
14 0.12 Si 1.47 1.44 1.59 1.56 1.72 1.75 
15 0.16 Si 1.38 1.35 1.49 1.47 1.63 1.62 
16 0.30 Si 1.63 1.62 1.80 Sed) 1.97 2.01 
17 0.49 Si 1.75 1.74 1.94 1.93 2.20 2.25 
18 1.06 Si 2.00 2.03 2.28 2.31 2.87 2.82 
19 0.02 Ni 1.62 1.56 1.75 1.71 1.94 1.90 
20 0.56 Ni 1.66 1.61 ache 1.81 2.05 2.06 
21 1.05 Ni 2.20 2.09 2.49 2.39 2.95 2.73 
22 1.56 Ni 2.73 2.46 2.92 2.75 3.26 3.11 
23 1.78 Ni 3:11 3.01 3.33 3.33 3.77 3.78 
24 0.03 Cr 1.34 1.27 1.45 1.41 1.55 1.59 
25 0.04 Cr 1.36 1.34 1.52 1.51 1.66 1.69 
26 0.25 Cr 1.53 1.53 1.69 1.72 1.88 1.96 
27 0.52 Cr 1.34 1.34 1.45 1,51 1.59 1.67 
28 0.55 Cr 1.72 1.70 1.88 1.89 2.10 2.12 
29 0.85 Cr 1.88 1.90 2.05 2.15 2.31 2.41 
30 2.34 2.19 2.67 2.51 3.01 2.88 
31 1.51 Cr 1.99 2.09 2.20 2.40 2.41 2.70 
32 2.04 Cr 2.35 2.23 2.67 2.64 2.95 2.99 
33 0.01 Mo 1.28 1.29 1.40 1.43 1.57 1.59 
34 0.11 Mo 1.55 1.50 1.69 1.66 1.82 1.83 
35 0.21 Mo 1.75 1.76 LO 1.93 2.18 197 
36 0.39 Mo 1.87 1.96 2.10 2.19 2.38 2.43 
37 0.51 Mo 2.07 2.13 2.29 2.32 2.58 2.56 
38 0.70 Mo 2.00 1.86 2.20 2.02 2.37 2.22 


End-quench bars from all heats were normalized, spheroidize-an- 
nealed, and then austenitized 30 min at 1475°F before quenching. 


95 Pet 80 Pet 50 Pet 
Martensite Martensite Martensite 
Ob- Caleu- Ob- Calcu- Ob- Calcu- 

Heat Pet served lated served lated served lated 
No. Alloy Dr; Dr Dr Dr Dr Dr 
1 0.76 C SPAY 3.00 3.65 3.78 4.13 4.29 
2 0.86 C 2.67 2.76 3.06 3.14 3.45 3.57 
4 1.08 C 2.09 225 2.24 2.33 2.44 2.56 
5 Lio: 1.74 1.83 1.87 1.97 2.05 2.17 
6 0.06 Mn 1.55 1.56 ilep? 1.73 1.84 1.92 
7 0.11 Mn 1.97 1.98 2.12 2.22 
8 0.27 Mn 1.92 1.93 2.09 2,15 2.35 2.38 
9 0.48 Mn 2.24 2.10 2.49 2.38 2.83 2.67 
10 0.72 Mn 3.14 3.10 3.45 3.48 3.83 3.91 
11 0.94 Mn 3.78 3.57 4.13 4.02 4.57 4.52 
12 1.22 Mn 4.76 4.80 5.08 5.35 6.08 5.97 
13 0.07 Si 1.26 1.26 1.34 1.43 1.47 1.59 
14 0.12 Si 1.82 1.68 1.99 1.87 2.16 2.04 
15 0.16 Si 1.63 1.58 1.81 1.74 1.94 1.92 
16 0.30 Si 2.00 1.97 2.26 2:13 2.43 2.44 
ibys 0.49 Si aioU 2.21 2.49 2.40 2.65 2.62 
18 1.06 Si 2.37 2.54 warp 2.80 3.56 3.19 
19 0.02 Ni 1.74 1.83 1.96 1.99 2.18 2.18 
20 0.56 Ni 1.96 2.04 2.13 CAPA 2.37 2.52 
21 1.05 Ni 2.79 2.99 3.39 3.45 4.10 3.95 
22 1.56 Ni ee ll 3.23 3.82 3.86 4.55 4.59 
23 1.78 Ni B00 3.83 4.39 4.55 Dion 5.45 
24 0.03 Cr 1.74 ay | 1.84 1.72 2.03 1.89 
25 0.04 Cr 1.72 1.70 1.90 1.85 2.07 2.04 
26 0.25 Cr 1.81 1.85 1.92 1.98 2.13 2.13 
27 0.52 Cr 1.49 1.61 1.65 1.70 1.77 1.83 
28 0.55 Cr 2.07 2.06 2.23 2.27 2.41 2.52 
29 0.85 Cr 2.49 2.37 2271 2.62 2.92 2.88 
30 1.12 Cr 3.46 2.98 3.69 Son 4.02 3.73 
31 Lice 2.98 2.85 3.26 3.20 3.50 3.62 
32 2.04 Cr 3.26 333 4.27 4.25 
33 0.01 Mo 152 1.56 1.63 1.64 1.75 1.76 
34 0.11 Mo 1.88 1.80 2.07 2.00 2.24 2.22 
35 0.21 Mo 2.05 2.15 2.35 2.34 Pra 2.55 
36 0.39 Mo 2.49 2.56 2.86 2.86 3.18 3.14 
37 0.51 Mo 2.58 2.72 2.95 2.99 S28 3.21 
38 0.70 Mo 2.58 2.62 2.95 2.87 3.31 3.15 


End-quench bars from all heats were normalized, spheroidize-an- 
nealed, and then austenitized 30 min at 1575°F before quenching. 


95 Pet 80 Pct 50 Pet 
Martensite Martensite Martensite 
Ob- Calcu- Ob- Calcu- Ob- Caleu- 


Heat Pet served lated served lated served lated 
No. Alloy Dr Dr Dr Dr Dr Dr 


1 0.76 C 2.70 2.76 3.21 3.28 3.72 3.87 

3 0.92 C 2.34 2.37 2.79 2.81 3.12 3.19 

4 1.08 C 1.77 1.80 2.01 2.05 2.22 2.30 

5 1.25 C 1.59 1.58 1.72 1.79 1.94 1.98 

6 0.06 Mn 1.38 1.39 1.53 1.54 1.70 1.70 

7 0.11 Mn 1.45 1.58 1.64 1.78 1.87 1.99 

8 0.27 Mn 1.70 1.72 1.92 1.90 2.17 2.14 

9 0.48 Mn 1.74 1.88 2.06 2.15 2.34 2.40 
10 0.72 Mn 2.42 2.62 2.84 3.10 3.40 3.57 
11 0.94 Mn 2.59 2.90 3.28 3.53 3.91 4.07 
12 1.22 Mn 3.39 3.66 4.06 4.15 4.69 4.91 
13 0.07 Si 1.09 1.14 1.21 1.30 1.39 1.44 
14 0.12 Si 1.63 1.43 1.81 1.67 2.04 1.90 
15 0.16 Si 1.47 1.39 1.64 1.57 1.83 1.74 
16 0.30 Si 1.83 1.72 2.08 1.98 2.34 2.21 
iy 0.49 Si 1.85 1.85 2.15 2.10 2.34 2.37 
18 1.06 Si 2.21 2.17 2.61 2.49 3.07 2.89 
19 0.02 Ni 1.53 1.58 1.75 1.76 2.03 1.97 
20 0.56 Ni 1.74 1.75 2.03 2.00 2.25 2.27 
21 1.05 Ni 2.45 2.54 2.95 2.97 3.47 3.40 
22 1.56 Ni 2.67 2.79 3.27 3.37 3.92 3.87 
23 1.78 Ni 3.20 3.31 4.01 3.98 4.80 4.65 
24 0.03 Cr 1.50 1.40 1.68 1.64 1.85 1.88 
25 0.04 Cr 1.47 1.48 1.64 1.76 1.88 199) 
26 0.25 Cr 1.63 1.50 1.83 1.76 2.04 1.99 
27 0.52 Cr 1.41 1.36 1.57 1.59 1.74 1.80 
28 0.55 Cr 1.75 1.76 1.97 2.08 2.21 2.40 
29 0.85 Cr 2.10 1.98 2.34 2.33 2.71 2.68 
30 1.12 Cr 2.78 2.45 3.23 2.94 3.74 3.44 
31 1.51 Gr 2.43 2.43 2.81 2.90 3.22 3.37 
32 2.04 Cr 3.02 2.78 3.47 3.34 4.01 3.86 
33 0.01 Mo 1.37 1.33 1.53 1.49 1.70 1.64 
34 0.11 Mo 7 OW 1.97 1.86 2.17 2.06 
35 0.21 Mo 1.83 1.81 2.13 2.04 2.42 2.29 
36 0.39 Mo 2.26 2.20 2.62 2.53 2.96 2.91 
38 0.70 Mo 2.34 2.24 2.81 2.62 3.25 3.02 


End-quench bars from all heats were normalized, spheroidize-an- 
nealed, and then austenitized 30 min at 1525°F before quenching. 
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Before comparing the relative contributions of the 
different alloying elements to hardenability, some 
recognition should be given to potential sources of 
error in the development of the multiplying factors. 
In addition to potential error inherent in the end- 
quenching operation itself, the following possible 
sources of error were considered worthy of mention. 

Grain Size-—Reference to Table I reveals that 
while most of the experimental steels possessed 
grain sizes in the range from ASTM No. 7 to 9 when 
previously spheroidized structures were quenched 
from 1525°F, several of the heats in the nickel and 
chromium series possessed somewhat coarser grain 
sizes. This difference in grain size was found even 
though all of the steels were normalized from 
1600°F prior to the spheroidizing anneal. A few 
checks of grain size in specimens quenched from 
1575°F indicated that no significant grain growth 
had occurred during the higher austenitizing treat- 
ment, and the grain sizes listed in Table I may there- 
fore be considered to be representative of the grain 
sizes for all three austenitizing treatments. This dif- 
ference in grain size was noted at the outset of the 
work but previous indications that the bainite re- 
action is relatively insensitive to grain size” did not 
appear to justify exploring the effect of grain size in 
the experimental program. 

Other Elements—The experimental heats were 
melted with either electrolytic iron or low-metalloid 
steel as the base material. Higher sulfur analyses, 
approximately 0.030 pet, can be observed in those 
heats in which low-metalloid steel was used; very 
low sulfur analyses, approximately 0.004 pct, were 
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Fig. 8—The 80 pct martensite 
multiplying factors for the vari- 
ous alloying elements in spher- 
oidized hypereutectoid steels 
austenitized 30 min at 1525°F. 
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obtained when electrolytic iron was used in the 
melting operation. Electrolytic manganese, 75 pct 
ferrosilicon, electrolytic nickel, 70 pct ferrochro- 
mium, and 65 pct ferromolybdenum were used for 
the alloying additions. None of these addition agents 
are considered to have contributed significantly to 
the phosphorus, sulfur, or trace-element content of 
the heats. A spot check for copper in several of the 
heats revealed a copper content of only 0.02 pct 
maximum. Variations in the phosphorus, sulfur, and 
acid-soluble aluminum contents listed in Table I 
are not considered to have exerted significant in- 
fluences upon the hardenability factors. 

Metallographic Ratings—Since the metallographic 
ratings of the 95, 80, and 50 pct martensite positions 
were based on the averages of the independent ob- 
servations of three individuals, they are subject to 
some error. The numerical deviations of individual 
ratings from the averages were found to increase as 
the rate of change of martensite percentage de- 
creased, i.e., as the hardenability increased (Fig. 2). 
This indicates that, with the possible exception of 
carbon, the accuracy of the multiplying factors de- 
creases for larger percentages of each element pres- 
ent in the steel and suggests the use of some dis- 
cretion in the application of these factors on SESS 
possessing D,’s in excess of 5.0 in. 

Base Factors—Some inconsistencies in the rela- 
tionships between austenitizing temperatures and 
base factors can be noted on Figs. 5, 6, and 7. Be- 
cause only partial solution of the alloy carbides oc- 
curred at the lower austenitizing temperature, the 
largest base factor for each martensite level was ob- 
tained for the 1475°F quench. Lower base factors 
were obtained for the 1525°F quench because of 
greater solution of the alloy carbides, as anticipated, 
but the larger base factors obtained for the 1575°F 
quench were unexpected. 

Effect of Austenitizing Temperature—Examination 
of the multiplying factor curves presented in Figs. 
5, 6, and 7 readily demonstrates the increased con- 
tribution of the several elements at the higher aus- 
tenitizing temperatures. As expected, the greatest 
increases in hardenability were achieved when the 
austenitizing temperature was increased from 
1475° to 1525°F, with lesser increases being realized 
at 1575°F. This observation can be readily explained 
for carbon and the carbide-forming elements 
molybdenum and chromium by the increased solu- 
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Table IV. Comparison of Observed and Calculated Ideal Diameters for Commercial High-Carbon Alloy Steels 


Chemical Compositions, Wt Pct 


Bardenability 
Commercial 
Heat Ob- Calcu- 
$s n 
Mn Si Ni Cr Mo Temp, °F 
A 1.01 0.34 0.26 0.14 0 
0.03 1550 1.26 1.25 
0.57 0,24 1.10 0.02 1550 3.78 4.00 
0.33 0.11 1.38 0.02 1550 1.44 1.63 
im ee .30 0.28 0.09 1.44 0.03 1550 1.53 1.59 
= ae 0.36 0.34 0.08 1.54 0.02 1550 1.75 1.76 
G ior ees 0.32 0.10 1.41 0.01 1550 1.78 1.88 
aot ae 0.31 0.11 1.37 0.02 1550 1.96 1.78 
0.29 0.10 1.43 0.03 1550 1.98 1.83 
5 ae Ge 0.27 0.11 1.37 0.03 1550 1.70 1.79 
0.30 0.12 1.53 0.04 1550 1.96 
0.26 0.17 1.51 0.03 1550 2.00 1.80 
a oe 35 0.30 0.10 1.49 0.02 1550 1.69 1.68 
x ee 0.34 0.28 One 1.49 0.02 1550 2.07 1.84 
S ae 0.36 0.37 0.09 1.54 0.02 1550 1.99 1.81 
0.29 0.16 1.50 0.03 1550 1.75 
0.21 0.13 0.49 0.03 1550 1.07 1.13 
S ron 0.41 0.24 0.25 0.59 0.03 1550 1.34 1.37 
0.35 0.24 0.10 0.50 0.02 1550 1.05 
= rei 0.37 0.26 0.10 0.50 0.04 1550 vaiealal 1.27 
o ice 0.40 0.31 0.12 bi 0.03 1550 1.96 1.91 
x ; : 0.34 0.27 0.24 1.36 0.03 1550 1.82 1.83 
ae oe 1.12 0.55 0.14 1.07 0.02 1500 2.85*** 3.06 
ce 97 qe) 0.62 0.12 1.05 0.01 1500 3.09 3.08 
— eae 1.03 0.56 0.08 1.04 0.01 1500 2.23 2.78 
6 Bee 1.02 0.53 0.13 0.97 0.03 1500 2.41 2.81 
23 -96 1.06 0.61 0.16 0.99 0.02 1500 3.09 3.01 
ae 0.97 1.07 0.63 0.06 0.97 0.01 1500 2.85 2.87 
0.98 1.08 0.74 0.11 0.98 0.01 1500 2.55 2.99 
HH 1.02 0.35 0.29 0.21 1.51 0.03 1500 1.75 1.65 
II 0.98 1.06 0.63 0.11 1.07 0.03 1500 2.78 3.05 


Observed Dy’s obtained from commercially normalized, spheroidized, and end-quenched bars. 


* Based on a hardness of 58.5 Rc. 
** Based on the 80 pct martensite multiplying factors. 
*** Based on a hardness of 57.0 Rc. 


tion of the alloy carbides, particularly when the aus- 
tenitizing temperature was increased from 1475° to 
1525°F. But this explanation does not appear justi- 
fied for the solid-solution elements silicon, man- 
ganese, and nickel. The significant increase in the 
silicon contribution to hardenability as the austen- 
itizing temperature was increased from 1475° to 
1525°F would not be predicted by simple theory. 
However, it must be remembered that complete 
solution of the alloy carbides was not accomplished 
at any of the austenitizing temperatures investigated 
and homogeneous austenite was never achieved in 
this work. Therefore it is possible that the amount 
of undissolved carbides and degree of heterogeneity 
of the austenite affected the subcritical transforma- 
tion and indirectly influenced the multiplying fac- 
tors developed for silicon, manganese, and nickel. 

Intersection of the multiplying factor curves for 
the different austenitizing temperatures at one or 
more martensite levels is not considered to repre- 
sent a fundamental effect of austenitizing tempera- 
ture on the shapes of the curves. Instead this is be- 
lieved to be merely a reflection of the experimental 
errors inherent in the method for developing multi- 
plying factors. 

Despite the recognized sources of error in devel- 
opment of the multiplying factors, reference to 
Table III shows a good correlation between the ob- 
served (actual) D,’s and the D,’s calculated with 
these multiplying factors. Although this correlation 
was made on the steels used to develop the multiply- 
ing factors, the good agreement (+10 pct) between 
observed and calculated D,’s at all martensite levels 
and austenitizing temperatures suggests sufficient 
precision of the data for practical purposes. 

Contribution of Different Elements—For the pur- 
pose of comparing the relative contributions of the 
six elements studied in this investigation, the mul- 
tiplying factor curves for the 80 pct martensite level 
and a 1525°F quench have been reproduced in Fig. 8. 
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Carbon: The decrease in the carbon hardenability 
factor as the carbon content increased from 0.75 to 
1.25 pet is in accord with practical experience. The 
relatively low hardenability of the higher-carbon 
steels is believed to reflect an effect of the large 
volume of undissolved carbides. The sharp decrease 
in the carbon multiplying factor curve as the car- 
bon increases emphasizes the importance of using 
the lowest practical carbon content in hypereutec- 
toid steels in order to achieve maximum harden- 
ability. 

Silicon: The outstanding contribution of silicon to 
the hardenability of these spheroidized hypereutec- 
toid low-alloy steels was surprising. Observations 
from commercial heats showed that significant in- 
creases in hardenability could be achieved by in- 
creasing silicon contents from approximately 0.25 to 
0.40 pct and these observations are in accord with 
the present data. In order to understand the reason 
for the outstanding effect of silicon upon harden- 
ability better, previously spheroidized low and 
high-silicon steels from this investigation were sub- 
jected to a limited isothermal transformation study. 
No attempt was made to determine the beginning of 
proeutectoid carbide precipitation. Curves repre- 
senting 5 and 50 pct subcritical transformation were 
developed throughout the temperature range from 
700° to 1200°F for the two steels quenched from 
1525°F (Fig. 9). These curves show that while sili- 
con also retards the pearlite transformation its 
greatest contribution lies in its retardation of the 
bainite reaction. This explains the difference be- 
tween the silicon contribution to hardenability 
found in the work of Jatczak and Devine’ and that in 
the present investigation. The base compositions 
employed by those authors produced pearlite as the 
first subcritical transformation product while in the 
present work bainite, on which silicon exerts a 
stronger influence, was the first austenite decomposi- 
tion product. 
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Molybdenum: The valuable contribution of molyb- 
denum to the hardenability of these previously 
spheroidized hypereutectoid steels is approximately 
half of that normally obtained in medium-carbon 
low-alloy steels. This, of course, is explained by the 
fact that the austenitizing temperatures employed in 
this study were too low to achieve complete solution 
of molybdenum in the austenite. Reference to Fig. 5 
emphasizes the incomplete solution of molybdenum, 
especially at the lowest austenitizing temperature, 
1475°F. 


Manganese: While manganese has been found to 
make the greatest contribution to hardenability in 
medium-carbon low-alloy steels, its effect in hyper- 
eutectoid low-alloy steels was somewhat less than 
that of molybdenum and approximately half as 
great as in medium-carbon low-alloy steels. Since 
manganese occurs both in the austenite matrix and 
to a lesser extent in the carbide phase, its contribu- 
tion appears to be of approximately the expected 
magnitude. 


Chromium: The use of chromium to promote 
hardenability in hypereutectoid low-alloy steels 
does not appear to be as advantageous as in the 
medium-carbon low-alloy steels. Although the 
present data have demonstrated a relatively mild 
effect of chromium on bainitic hardenability, its use 
in many high-carbon low-alloy steels may well be 
justified by its contribution to other properties such 
as wear and oxidation resistance. 


Nickel: As previously found for medium-carbon 
low-alloy steels, these studies indicate that under 
these conditions nickel exerts the weakest harden- 
ability effect of the common alloying elements. 
Its use does not, therefore, appear to be economical 
in hypereutectoid low-alloy steels except when its 
presence is desired to enhance properties other than 
hardenability. 


Comparison of Calculated and Observed Ideal 
Diameters—As already demonstrated in Table III in 
which the newly developed multiplying factors were 
used in calculating the hardenability of the experi- 
mental steels, the calculated D,’s were in agreement 
with the observed (actual) D,’s within +10 pct. A 
demonstration of this comparison for a 1525°F 
quench and the 80 pct martensite level is presented 
in Fig. 10. This degree of precision is approximately 
that found by other investigators in comparing cal- 
culated and observed D,’s for the steels used in 
developing their multiplying factors. 

The good agreement found in the present work 
between the calculated and the observed D,’s for the 
experimental steels indicates that the Grossmann 
concept of multiplying factors, i.e., that the multi- 
plicative effect of each alloying element is independ- 
ent of the amount of other alloying elements present, 
was valid for these spheroidize-annealed high- 
carbon low-alloy steels. No decrease in precision 
was found for the high-nickel heats of the nickel 
series which contained 0.75 pct Cr and 0.15 pct Mo 
or for the high-molybdenum heats of the molybde- 
num series which contained 1.00 pct Cr (Table III). 
The good correlation between calculated and ob- 
served D/’s for all of the experimental compositions 
provides convincing evidence that the multiplying 
factors are single-valued functions of the percentage 
of the respective elements present in the steels. 

At the conclusion of the experimentation, recourse 
was made to commercial hardenability data for 
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hypereutectoid low-alloy steels of the general type, 
AISI 52100. Comparison of the D,’s calculated with 
the new multiplying factors with the D,’s obtained 
commercially is presented in Table IV. These com- 
parisons indicate that the precision of the calculated 
D/’s was rarely poorer than +15 pct, a degree of ac- 
curacy which should be adequate for mast commer- 
cial applications. It is interesting to note also that 
in Table IV the heats which contain higher manga- 
nese and silicon contents possess significantly 
greater ideal diameters with generally good agree- 
ment between the calculated and observed D,’s. The 
latter examples provide commercial confirmation of 
the merits of achieving additional hardenability 
through the use of increased amounts of the less 
expensive elements, silicon and manganese. 


Summary 


Hardenability factors for the elements carbon, 
manganese, silicon, chromium, nickel, and molyb- 
denum have been developed for use with hyper- 
eutectoid low-alloy steels in which bainite is the 
first subcritical transformation product. These fac- 
tors permit the prediction of 95, 80, and 50 pct mar- 
tensite hardenability when quenching previously 
spheroidized steels from 1475°, 1525°, and 1575°F. 
The multiplying factors were found to be single- 
valued functions of the percentage of the respective 
elements present in the steels. The correlation be- 
tween the calculated D,’s and the observed (actual) 
D,’s for the laboratory heats used in the experimen- 
tation was +10 pct and for commercial AISI 52100 
steels was rarely poorer than +15 pct. 

The especially strong contribution of silicon to the 
hardenability of these high-carbon low-alloy steels 
was found to be associated with its retardation of 
the bainite reaction. The important influence of 
both silicon and manganese upon hardenability sug- 
gests that increased amounts of these less expensive 
elements can be used to achieve additional harden- 
ability in high-carbon low-alloy steels. 
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Primary Recrystallization Textures in 


Cold Rolled Si-Fe Crystals 


The primary recrystallization textures of 11 single crystals cold rolled 70 pct were determined. 
The effect of crystal orientation on recrystallization behavior was investigated also and found to 
be large. An exception was found to the relationship that strong components of the recrystalliza- 
tion texture are rotated from the cold rolled texture by 30° about <110> axes, but generally this 
relationship was found to hold quite well. Evidence supporting oriented nucleation was found and 
discussed in terms of probable active slip systems and <110> edge dislocations. 


by €. G. Dunn and P. K- Koh 


HE present paper is one of a series’? on recrys- 

tallization phenomena in cold rolled 3%4 Si-Fe 
single crystals and is mainly concerned with the 
textures produced on recrystallizing from stable end 
orientations. Data for the cold rolled textures of the 
crystals used have been reported by Koh and Dunn.* 
Their results showed that the sharpness of the cold 
rolled textures varied throughout the range of 
stable end orientations and that the tendency to re- 
crystallize was related to the sharpness of the cold 
rolled texture, wherein the rate of recrystallization 
increased and the size of recrystallization grains de- 
creased with decreasing sharpness of the cold rolled 
texture. 

In the project under consideration the cold rolled 
crystals involved a range of initial orientations 
that, together with those studied earlier,’ provide 
information on several points. The first point is 
whether the recrystallization texture from a (111) 


[112] cold rolled texture, a stable end orientation 
that can be approached from different directions, 
correlates in any way with the initial orienta- 
tion before cold rolling, or whether the recrystal- 
lization texture is entirely determined by the ob- 
servable features of the cold rolled texture. The 
second point involves a preliminary study to see if 
the main components of the recrystallization tex- 
tures correlate with the most probable active slip 
systems. The third point is to determine what ef- 
fect departure from slip on one slip system has on 
the tendency to recrystallize. 


Experimental Procedure 

Nine specimens from a previous investigation and 
two additional ones from thicker stock (lot D) but 
of similar composition to the others were used in 
the present work. The latter two crystals, like the 
nine, were cold rolled to a reduction in thickness of 
70 pet and the amount of widening was determined. 
Depending on their primary recrystallization be- 
havior, the cold rolled crystals were given short or 
long anneals at temperatures of 980°C or higher. 

C. G. DUNN, Member AIME, is associated with Research Lab- 
oratory, General Electric Co., Schenectady, and P. K. KOH is asso- 
ciated with Research Laboratories, Allegheny Ludlum Steel Corp., 
Brackenridge, Pa. 
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Fig. 1—Pole density stereogram, {110} poles, giving the re- 
crystallization texture of specimen A-1 after 1 min at 980°C. 


Table I summarizes the data on initial orienta- 
tions, the textures obtained by cold rolling, and the 
anneals given to provide samples for the present 
work. 

Fine grained specimens were thinned to 0.002 in. 
thickness and placed in an integrating specimen 
holder. Chart recordings using a transmission X-ray 
method and MoKa radiation were obtained for dif- 
fraction from (110) planes. This method,** which 
gives data for all of the pole figure except a central 
region of 30° radius, proved sufficient to give gen- 
erally five, and sometimes six, of the six possible 
pole concentration areas of any one component of 
the texture. These data, therefore, were generally 
adequate for a positive identification of each com- 
ponent present. 

The first texture obtained for specimen B-2 was 
poorly defined because of too coarse a grain struc- 
ture and therefore too few crystals in each com- 
ponent for satisfactory X-ray reflections. The same 
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Fig. 2—Pole density stereogram, {110} poles, giving the re- 
crystallization texture of specimen A-3 after 25 sec at 980°C. 


overall texture, but more clearly defined, was ob- 
tained after giving this specimen two light (5 pct 
total) cold rolling reductions 90° apart. This pro- 
cedure brought more material into diffraction posi- 
tions and probably altered the texture but slightly. 

As noted in previous papers,”* pole density units 
were used with the level 6 corresponding to ran- 
dom. Results are given in Figs. 1 to 8 and sum- 
marized in Table II. 

Individual crystals in the coarse grained speci- 
mens were X-rayed by a transmission Laue method. 
Orientations obtained were plotted in the {100} 
stereograms shown in Figs. 8 to 13. Further in- 
formation on the complex appearing in Fig. 10 will 
be given in a separate paper. 


Results and Discussion 


Recrystallization From a (111) [112] Cold Rolled 
Texture—LEffect of Initial Orientation: Since prev- 
ious results on recrystallizing from a (111) [112] 
cold rolled texture gave a texture with a strong 
(110) [001] component,’ it was thought that an ex- 
tension of the range of initial orientations might 
provide information bearing on the origin of the 


Fig. 3—Pole density stereogram, {110} poles, giving the re- 
crystallization texture of specimen B-1 after 25 sec at 980°C. 


(110)[001] component. In particular, the present 
extension provided samples which rotated into the 
stable (111)[112] end orientation from a different 
direction. The result obtained, however, for speci- 
men D-1, which duplicates the previous specimens 
except for orientation, shows that the (110)[001] 
strong component is again present. This means that 
the direction of rotation into the (111)[112] end 
orientation is not so important as what happens 
after the end orientation is reached, as far as de- 
veloping (110) [001] type nuclei is concerned. 

Effect of Specimen Thickness: A rather marked 
and unexpected effect on the recrystallization tex- 
ture was obtained by varying the initial specimen 
thickness. Referring to previous results’ and those 
obtained from specimens D-1 and D-2 of the pres- 
ent work, it is seen that recrystallization from a 
(111)[112] cold rolled texture produces a texture 
with one strong component, (110)[001]. On the 
other hand, recrystallization from a (111)[112] cold 
rolled texture for specimens A-1 and B-1 produces 
a texture with two strong components, and neither 
one is the (110)[001] orientation. The components 


Table |. Description of Samples 


Initial Cold Rolled Annealing Pct Recrystal- Structure 

Specimen Orientation Orientation Treatment, °C lization Obtained 

A-1 (335) [556] (111) [112] 1 min at 980 100 Fine grained 

A-2 (335) [110] (335) [110] 30 min at 980 95 Coarse grained 

A-3 (112) [111] (111) [112] + (001) [110] 25 sec at 980 100 Fine grained 

A-4 (112) [110] (112) [110] 10 min at 980 50 Coarse grained 

B-1 (111) [112] (111) [112] 25 sec at 980 100 Fine grained 

B-2 (111) [110] (111) [110] 1 min at 980 100 Fine grained 

Gal (113) [332] (001) [110] 20 min at 980 0 = 

C-1 — — 18 hr at 980 0 —_— 

C-1 -- — 15 hr at 1050 98 Coarse grained 

C-2 (a) (114) [110] (114) [110] Same as that of C-1 0 = 

C-2 -—— — 8 hr at 1175 100 Coarse grained 

C-2 (b) (114) [110] (114) [110] 16 hr at 980 30 Coarse grained 

C3 (1,1,16) [881] (001) [110] 20 min at 980 50 Coarse grained 

D-1 (223) [334] (111) [112] 1 min at 980 100 Fine grained 

D-2 (111) [112] (111) [112] 1 min at 980 100 Fine grained 
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Fig. 4—Pole density stereogram, {110} poles, giving the re- 
crystallization texture of specimen B-2 after 1 min at 980°C. 


obtained are near (120)[001] and (230)[001]. Ac- 
cording to Table I, the initial orientations of speci- 
mens B-1 and D-2 are the same, while those of speci- 
mens A-1 and D-1 are but 3° apart. Based on ori- 
entation alone, one would expect the recrystalliza- 
tion textures of specimens B-1 and D-2 to be the 
same and those of specimens A-1 and D-1 also to be 
the same. Instead, the agreement is between speci- 
mens of the same original thickness, i.e., between 
A-1 and B-1 (0.025 in.) and between D-1 and D-2 
(0.050 in.). 

An explanation of this effect based on the ori- 
ented growth theory, which has been advanced by 
Beck and co-workers,’ requires that the cold rolled 
textures be different when the recrystallization tex- 
tures are different. However, a comparison of Figs. 
7 and 8 of ref. 3 with Figs. 5 and 7 of the present 
paper shows that all four cold rolled textures are of 
the (111)[112] type and, furthermore, have similar 
pole density distributions. The conclusion is drawn 
that the cold rolled textures are not sufficiently 
different to account for the observed differences in 
the recrystallization textures. This leaves some form 
of oriented nucleation as an explanation. 

An explanation of the results based on oriented 
nucleation theory, described by Burgers and 
Tiedema,’ permits one to vary the number of 
nuclei in any given orientation or component and 


Fig. 5—Pole density stereogram, {110} poles, giving the cold 
rolled texture of specimen D-1 after 70 pct cold rolling re- 
duction. 


also to restrict the number of components. The still 
undeveloped part of this theory is a mechanism or 
group of mechanisms to account satisfactorily for 
the specific components found. The mechanisms 
proposed by Burgers and Louwerse,’ which involve 
the active slip planes, and also those by both Cahn‘ 
and Beck* are certainly steps in the right direction 
and may lead to a satisfactory mechanism when 
extended to include the effects of multiple slip. It 
should be pointed out, however, where the simple 
correlation of nuclei with the most active slip 
planes fails. 

The most active slip planes in specimens A-1, 
B-1, D-1, and D-2 during cold rolling must cause 
rotation into the stable (111) [112] end orientation 
and also must help maintain this orientation when 
no further rotation is involved. Assuming that ac- 
tive <1ll> slip directions and appropriate slip 
planes cause rotation about the [110] direction as 
observed, one can explain the (111)[112] cold 
rolled texture qualitatively. If the mechanism of 
Cahn is also applied, the nuclei are restricted to 
those with the [110] axis of rotation. This is what 
is needed to explain the strong (110)[001] com- 
ponent found in specimens D-1 and D-2, but it does 
not account for the strong components found in 
specimens A-1 and D-2. 


Table II. Summary of Textures Given in Figs. 1 to 8 


Recrystallization Texture 


Specimen M M’ A B Cc D E 
A-1 (120) [001]* (230) [001] (111) [110]1* 
A-3 (110) [001]* (111) [110]* (111) [1101* = 
B-1 (210) [001]* (320) [001] (111) [1101* (111) [1101* = 
B-2 — os (114) [110]* (110) [113]* (110) [225]* — = 
Det (110) [001] — (111) [1101* (111) [110]* (120) [0011* (113) [332] (111) [110]* 
D-2 (110) [001] = (111) [110]* (111) [110]* (120) [001]* (113) [332] (111) [1101* 


* Indicates an approximate description (~10° deviation from the specified orientation). 


TRANSACTIONS AIME 


AUGUST 1956, JOURNAL OF METALS—1019 


fe 


Fig. 6—Pole density stereogram, {110} poles, giving the re- 
crystallization texture of specimen D-1 after 1 min at 980°C. 


The data obtained on percent widening may pro- 
vide a clue to real differences that fail to show in 
the cold rolled textures. The percent widening for 
specimens A-1 and B-1 was 20 pct,® but that of 
specimens D-1 and D-2 was only 10 pct. This de- 
finitely means a different distribution of slip on the 
active slip planes. It means also that there could be 
an entirely different distribution of dislocations 
within the deformed crystal and a very different set 
of preformed nuclei representing too little material 
to show in the cold rolled textures. 

The information obtained from minor components 
of the texture is also pertinent to the question of 
origin of strong and weak components. All four 
specimens agree qualitatively in having (111)[110] 
type components (see Table II). Of greater interest, 
however, is the fact that near (120)[001] com- 
ponents are weak in specimens D-1 and D-2 and 
strong in specimens A-1 and B-1. Therefore, con- 
sidering near (120)[001] type components, the ef- 
fect of specimen thickness becomes merely a change 
in number of nuclei produced during cold rolling, 
the number being large for specimens A-1 and B-1 
and small for specimens D-1 and D-2. 

As mentioned before, this factor involving num- 
ber of nuclei is a feature of oriented nucleation 
theory; experimentally it also means that the re- 
crystallization texture can be changed without 
changing the measured deformation texture. The 
near (120)[001] component discussed before is 
an example of this. Changing roll diameter or any 
factor influencing percent widening therefore would 
be expected to be important according to these 
ideas. 

Change in the number of nuclei alone, however, 
does not account for all the observed results, as 
shown in Table IJ. The textures of specimens D-1 
and D-2 lack (230)[001] components, and those of 
specimens A-1 and B-1 lack the (110)[001] com- 
ponent. This is strange unless it is assumed that 
the (230)[001] components are shifted (110)[001] 
type components. Such a shift could occur by inter- 
action between several slip systems, producing 
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Fig. 7—Pole density stereogram, {110} poles, giving the cold 


rolled texture of specimen D-2 after 70 pct cold rolling re- 
duction. 


nuclei in new relationships to the cold rolled tex- 
ture. It is suggested that a comprehensive study of 


crystals in the (111)[112] orientation, to cover a 
broader range of widening effects, would provide 
valuable information on this point. 

Effect of Adding a (001)[110] Component to the 
Cold Rolled Texture: When one component of the re- 
crystallization texture is favorably oriented for 
growth with respect to two or more components of 
the cold rolled texture, it will determine the recrys- 
tallization texture according to the oriented growth 
theory. Specimen A-3 provides a test of this theory. 
The cold rolled texture (see Table I or ref. 3) con- 
sists of two components: (111)[112] and (001) 
[110]. Assuming adequate numbers of nuclei for 
every possible orientation or component as required 
by the theory, the problem is reduced to finding the 
component best related for good growth. Previous 
results showed that nuclei related by approximately 
30° rotation about a common <110> axis pro- 
duced a strong component in the recrystallization 
texture;> so this relationship can be taken. Since 
(111) [112] and (001)[110] are 55° apart, an ori- 
entation midway between them satisfies the orien- 
tation relationship required and therefore is ideally 
oriented for best growth. This orientation should 
be near (113)[332], or the D orientation, shown in 
Figs. 6 and 8. (The D component is, of course, 
poorly resolved in the presence of the strong (110) 
[001] component.) Fig. 2 shows that there is no 
strong (113)[332] component in the recrystalliza- 
tion texture of specimen A-3. Instead, the texture 
is more like that of specimens D-1 and D-2. This 
result indicates that the relatively strong (001) 
[110] cold rolled component has little influence on 
the recrystallization texture. It also means that ap- 
plication of oriented growth theory fails to predict 
the recrystallization texture. Since growth rates are 
known to vary with orientation, the theory must 
fail in the assumption involving the number of 
nuclei present. The conclusion is that there are few, 


if any, nuclei in the (113) [332] orientation. 
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Fig. 8—Pole density stereogram, {110} poles, giving the re- 
crystallization texture of specimen D-2 after 1 min at 980°C. 


Recrystallization From a (111) [110] Cold Rolled 
Texture—If the direction of rolling is omitted, the 
(111)[110] and the (111)[112] cold rolled textures 
look alike except that the former is much sharper.’ 
Therefore, a comparison of their recrystallization 
textures may provide information on the origin of 
recrystallization textures. 

Specimen B-2 recrystallized rapidly to a fine 
grained structure, thus proving that many nuclei 
were present in the (111)[110] cold rolled crystal. 
The overall texture shown in Fig. 4 is definitely not 
as sharp as those obtained from a (111)[112] cold 
rolled texture, but there are three clearly defined 
components designated as A, B, and C. These have 


{110} poles in common with the (111)[110] ori- 
entation and are related by 25° to 30° rotations 
about <110> axes that lie close to the basic circle in 
the pole figure. There is a tendency toward three- 
fold symmetry, but it is not complete enough to in- 
dicate recrystallization in all equivalent positions. 
This texture does appear to agree better with ori- 
ented growth theory than do those from the (111) 
[112] cold rolled texture, but this is to be expected 
when nuclei are present in more of the possible ori- 
entations. It is believed, however, that oriented nu- 
cleation, even in this case, offers more opportunity 
for discovering the origin of the recrystallization 
textures. * 


*In terms of Cahn’s theory of nucleus formation, the <110> 
rotations observed for components A, B, and C would suggest the 
generation of <110> edge dislocations. Slip on the (112) plane in 
the [111] direction would generate [110] dislocations; slip on the 
(211) plane in the [111] direction, [011] dislocations; and slip on 
the (121) plane in the [111] direction, [101] dislocations, all having 
Burgers vectors parallel to <111> directions. Alternatively, using 
slip on {110} planes and simultaneous slip in two directions, 
ie., <100> slip, the generation of <110> edge dislocations with 
Burgers vectors parallel to <100> directions would be as follows: 
slip on the (110) plane in the [001] direction, slip on the (011) 
plane in the [100] direction, and slip on the (101) plane in the 
{010] direction. These two sets of descriptions correspond to oppo- 
site directions of rotations about <110> axes, which are required 
for a stable end orientation. 


Recrystallization Relationships for Primaries in 


Coarse Grained Structures—The reorientations oc- 
curring in the primary recrystallization of specimens 
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Fig. 9—Stereogram of {100} poles of 23 primaries and the 
{100}, {110}, and {111} poles of the cold rolled crystal, 
specimen A-2. 


Table III. Data for Orientations with <110> Axis 


Component No. of Direc- 
Specimen of Texture Primaries Axis 6 tion 6* 
(A 1 110 27 ce} 7 
Bl 4 110 30 ce 6 
B2 3 110 PU ct 9 
Cl 4 101 28 cc 5 
A-2, Fig. 9 C2 3 101 24 c 2 
D 1 011 24 ec 4 
El 5 O11 25 c 6 
E2 2 011 27 ce 4 
F 0 101 = = = 
A 0 110 
B 1 (complex) 110 29 cc i) 
C-1, Fig. 10 Cc 0 011 = = = 
D 1 101 30 ce 10 
E 0 101 = = = 
LF 0 011 = 
0 110 = = 
Bl 5 110 28 c 5 
Be 5 110 27 ee 10 
5 011 25 5 
C-3, Fig. 11 5 2 101 26 3 
El 1 101 26 cc 10 
E2 5 101 26 c 5 
(a 1 011 25 cc 7 
(A 2 110 30 c 11 
B 1 110 23 c 5 
Cc 0 101 _— = = 
A-4,Fig.12 ~~ D 1 011 30 cc 2 
El 6 O11 32 c 12 
E2 1 011 26 ce 9 
LF 1 101 28 ec 12 
A 5 110 33 ce 6 
B 1 110 24 c 8 
2 101 30 ec 2 
D 4 29 8 
E 8 011 27 c ff 
F 1 101 36 c 4 


* Deviation in degrees of axis rotation from peak position of {110} 
poles of the cold rolled texture. 

+ Counterclockwise. 

t Clockwise. 


A-2, C-1, C-3, A-4, and C-2 could be accurately 
followed as seen in Figs. 9 to 13. They also could be 
analyzed on a common basis as shown in Table III, 
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Fig. 10—Stereogram of {100} poles of two primaries (one a 
complex of several closely oriented crystals; the other a nu- 
cleus that disappeared in the 1050°C anneal) and the {100}, 
{110}, and {111} poles of the cold rolled crystal, specimen 
Geis 


the summary in which represents 91 pct of the data 
and shows that the preponderant relationship is a 
rotation of 25° to 30° about <110> axes. 

Fig. 9, for example, illustrates the <110> rela- 
tionship exceptionally well; all axes of rotation are 
seen to lie within or very near the {110} pole con- 
centrations of the cold rolled crystal. The black 
squares in the stereogram locate the peak {100} 
points of the cold rolled crystal, while the radiating 
arrows point to the {100} poles (pole concentra- 
tions) of the primaries produced by recrystalliza- 
tion. These pole concentrations also show that the 
orientation spread in each of the six components 
with two or more orientations present is no greater 
than the spread in orientation of the cold rolled 
crystal. 

The relationship of 25° to 30° rotation about 
<110> axes agrees quite well with results reported 
by Dunn’ for the case of small cold rolling strains. 
Dunn described his results in terms of a third-order 
twin relationship, which is equivalent to the pres- 
ent description, 

Analysis of the stereograms to find relationships 
between the observed components obtained by re- 
crystallization and the estimated most active slip 
systems was attempted because such an approach 
might shed light on the mechanism of nucleus for- 
mation. Specimen C-3 in Fig. 11 provides a good 
illustration. After an initial rotation of 5° this 
specimen maintained the (001)[110] stable end ori- 
entation during cold rolling and widened only 3 
pet. The most active slip planes were probably 
(112) and (112) with slip in the [111] and [111] 
directions,+ respectively, because these two slip 


+ Unpublished work by Hibbard and Dunn involving the study of 
dislocations and active slip planes shows that this is so for small 
deformations. 


systems could effect the 70 pet reduction in thick- 
ness without causing widening. It is also important 
to note that they would generate [110] edge dis- 
locations. Out of 24 primaries studied, there are 
five in component B-1 and five in component B-2, 
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Fig. 11—Stereogram of {100} poles of 24 primaries and the 
{100}, {110}, and {111} poles of the cold rolled crystal, 
specimen C-3. 


and both are associated with the [110] axis of rota- 
tion. This is a very good correlation because the re- 
maining 14 primaries are more scattered among 
other <110> axes. Nevertheless, it is far from per- 
fect. 

Specimen C-2 in Fig. 13, on the other hand, 


shows five primaries associated with the [110] axis 
which should not be active on any reasonable pic- 
ture of slip. However, if a small amount of slp 
be allowed even on unfavorably oriented planes, 
which is reasonable, then the only change required 
in the basic idea is that nuclei are also formed by the 
less active slip systems as well as by the more active 
ones. The data support this view if it is maintained 
that the more active planes are favored for produc- 
ing nuclei. According to this concept the complete 
elimination of slip on unfavored slip planes would 
eliminate nuclei from such planes, resulting in a re- 
crystallization texture with fewer components and 
components directly related to the favored slip 
planes. The present good correlation with <110> 
axes of rotation may be explained in terms of Cahn’s 
theory of nucleation if slip is assumed to occur on 
single slip systems in the vicinity of each nucleus. 

Corresponding to Burgers local curvature,*® Cahn 
considers a pile up of positive and negative disloca- 
tions. During annealing each set of dislocations 
forms a new arrangement without destroying the 
local curvature. The region is said to be polygonized 
—high stresses are removed by the rearrangement, 
and a series of disoriented subgrains or polygon ele- 
ments are formed. These grow at different rates, ac- 
cording to Gow and Cahn” and Cottrell." To explain 
the present observed reorientations, this theory re- 
quires local curvatures with maximum disorienta- 
tions in the 25° to 30° range. 

Multiple Slip and Recrystallization Tendency— 
Slip on more than one slip system is involved when- 
ever cold rolling begins with a crystal in a stable 
end orientation. Subsequent recrystallization, how- 
ever, may or may not occur with ease. Liu and Hib- 
bard,” for example, cold rolled and recrystallized 
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Fig. 12—Stereogram of {100} poles of 12 primaries and the 
{100}, {110}, and {111} poles of the cold rolled crystal, 
specimen A-4. 


single crystals of copper in the (110)[112] stable 
end orientation and found that recrystallization oc- 
curred very slowly. Lutts and Beck” observed the 
same effect for aluminum crystals in the (110) [112] 
end orientation. In the present work this effect was 
observed for a number of stable end orientations but 
certainly was missing for the (111)[112] and (111) 
[110] end orientations. Qualitatively, the tendency 
to recrystallize could be correlated with sharpness of 
the cold rolled texture.’ 

Of particular interest in the present work is the 
weak tendency to recrystallize noted for specimen 
C-2 (see Table I) initially in the (114)[110] end 
orientation. It is less favorably oriented for slip on 
two slip systems than is specimen C-3, which is ini- 
tially very near (001)[110]; nevertheless, C-2 did 
not recrystallize during 18 hr at 980°C, while speci- 
men C-3 recrystallized 50 pct in 20 min at this tem- 
perature. Since both specimens must have under- 
gone complex deformation, the observed behavior is 
contrary to ideas presented by Decker and Harker™ 
on behavior of silicon iron crystals. It also raises 
some questions regarding the efficacy of multiple 
slip in nuclei production. 


Summary and Conclusions 
The recrystallization behavior of eleven crystals 
after cold rolling reductions of 70 pct was investi- 
gated, and the following results were obtained: 
1) When widening percentage is kept relatively 


low during cold rolling into a (111) [112] end orien- 
tation, there appears to be no effect of initial orien- 
tation strong enough to prevent (110)[001] from 
being the strong component of the recrystallization 
texture. 

2) An effect of specimen thickness was discov- 
ered: crystals 0.025 in. thick widened considerably 
more than crystals 0.050 in. thick, other factors be- 
ing equal, and this difference carried over into the 
recrystallization textures, although there was no 
discernible difference in the cold rolled textures. 
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Fig. 13—Stereogram of {100} poles of 21 primaries and the 
{100}, {110}, and {111} poles of the cold rolled crystal, 
specimen C-2. 


3) Crystals in the (111)[112] cold rolled orien- 
tation recrystallized rapidly to a fine grained struc- 
ture having several preferred orientations or compo- 
nents. Certain of these components were strong or 
weak, depending on factors that are believed to be 
specifically related to the operative slip systems. 
Thus, the (110)[001] component was found to be 
very strong or almost absent, depending on the 
amount of widening encountered in the cold reduc- 
tion, while another component near (120)[001], in 
turn, was either very weak or one of two strong 
components. Regarding oriented nuclei and bound- 
ary mobility factors, which determine textures, it 
was concluded that the oriented nuclei factor plays 
the larger role. 

4) An exception was found to the previously ob- 
served rule that strong components of the recrystal- 
lization texture bear a <110> axis of rotation rela- 
tionship with the principal orientation of the cold 
rolled texture. It has been suggested that the <110> 
relationship may be limited to relatively simple 
deformation processes, while departures from the 
<110> relationship occur as deformation becomes 
more complicated. 

5) The observed absence of a strong (113) [332] 
component in the recrystallization texture from a 
cold rolled texture consisting of (111)[112] and 
(001)[110] components could not be explained us- 
ing oriented growth theory; it could only be ex- 
plained in terms of missing nuclei, which is a tenet 
of oriented nucleation theory. 

6) Crystals rotating to the (001)[110] stable end 
orientation and crystals cold rolled parallel to a 
<110> direction, except for the (111)[110] end ori- 
entation, recrystallized slowly to coarse grains hav- 
ing several preferred orientations or components. 
With few exceptions these components were related 
to the cold rolled texture by rotations of 25° to 30° 
about <110> axes. Generally these axes could be 
correlated with the most probable active slip sys- 
tems, but exceptions were noted. The suggestion is 
made that a small amount of slip on unfavorably ori- 
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ented slip planes plays an important role in the for- 
mation of recrystallization nuclei. 

7) Although increase in the number of operative 
slip planes tends to produce conditions favorable for 
the formation of nuclei, it has been found that two 
or more active slip systems may produce only a lim- 
ited number of nuclei in cold rolling reductions of as 
much as 70 pct. 
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Technical Note 


Activity Coefficient of Copper in Liquid Iron at 1600°C 


by Frederick C. Langenberg 


T has been shown’ that copper can be removed 
from iron-base alloys by solvent extraction with 
molten lead and sodium sulfide slags. In these proc- 
esses copper removal is favored by a positive de- 
viation of copper in iron from ideal behavior. Chou* 
determined the distribution of copper between liquid 
silver and iron and obtained a value for the activity 


° 


coefficient of copper in iron at 1600°C, y°a%”, of 
9.12. Chipman’ calculated the activity coefficient 
from the Fe-Cu phase diagram to be 12 at 1600°C. 
More recent work by Koros and Chipman’ yields a 
value at 1600°C for y°q.°®” equal to 8.0. In this latter 
work, the distribution of copper between silver and 
iron was measured at 1600°C, while the activity of 
copper in the silver phase was determined from 
calculations based on the Ag-Cu phase diagram. 
The present work presents another value of y°qu"” 
based on calculations from the Cu-Pb phase dia- 
gram, on the heat of mixing data for the Cu-Pb 
system, and on an experimental study of the dis- 
tribution of copper between iron and lead at 1600°C. 
These experiments were part of a larger research on 
the removal of copper from iron-base alloys con- 
ducted at The Pennsylvania State University. 


F. C. LANGENBERG, Junior Member AIME, formerly Visiting 
Fellow, Massachusetts Institute of Technology, Cambridge, Mass., 
is Supervisor of Pyrometallurgy Research, Crucible Steel Co. of 
America, Pittsburgh. 

TN 343E. Manuscript, Dec. 20, 1955. 


1024—JOURNAL OF METALS, AUGUST 1956 


Experimental Procedure—The distribution of cop- 
per between pure iron and lead at 1600°C was made 
in the furnace assembly shown in Fig. 1. The melts 
were made in high purity alumina crucibles under 
an atmosphere of prepurified argon. Temperatures 
were read with an optical pyrometer sighted into 
a 4,-in. hole drilled in the inductor. Extensive cali- 
bration of the optical readings with immersion 
readings had been carried out previously. 

The initial charges consisted of 100 g of electro- 
lytic iron and varying weights of copper. The melts 
were brought rapidly to 1600°C and 75 g of lead 
added. The temperature was quickly readjusted to 
1600°C, and the melts were held for 10 min at this 
temperature. A sample was then drawn from the 
iron layer in a fused silica tube. This sample was 
analyzed to determine the copper content of the 
iron layer at equilibrium, while the copper content 
of the lead layer was determined from a material 
balance. The validity of the material balance was 
confirmed by a chemical analysis of the entire lead 
layer for one heat in which the crucible was re- 
moved and quenched after the iron sample was 
taken. The calculated copper content of the lead- 
rich phase was 1.18 pct; while the entire lead layer 
analyzed 1.20 pct Cu. 

The distribution results are shown in Fig. 2, The 
distribution constant, Nou.®”/Neo”, is equal to 3.95. 

Discussion—From the Cu-Pb phase diagram’ it 
can be seen that lead-rich liquid Pb-Cu solutions 
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Fig. 1—Controlled-atmosphere furnace. The melts were made 
in the high purity alumina crucibles, shown in the lower por- 
tion of the diagram, within the furnace. An atmosphere of 
prepurified argon was used. 
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Fig. 2—Equilibrium distribution of copper between liquid iron 
and lead at 1600°C. K = Nou®”/Nou®®” = 3.95. 
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are in equilibrium with essentially pure copper from 
approximately 79.5 to 99.8 atomic pct Pb over a 
temperature range of 954° to 327°C. A point on the 
liquidus at 93.81 atomic pct Pb and 657°C has been 
carefully determined by Bornemann and Wagen- 
mann. This point could be utilized together with 
the heat of fusion of copper and the specific heats 
of solid and liquid copper to calculate the activity 
coefficient yc.” in the liquid phase. The data yield 
You == 9.12 34-697 C and Ne, = 0.938. 


In order to calculate the activity coefficient at 
1600°C, the following equation is used 


dln 


where Lz.” is the relative partial molal enthalpy 
of copper referred to pure liquid copper and defined 
as Leu®” = Hou — H°ou. Fortunately, Kawakami’ has 
measured the mixing heats of Cu-Pb alloys at 
1200°C by calorimetric methods. These results lead 
tO ==" at 01938. Assuming 
is independent of temperature, yu*®” = 2.02 at 
1600°C. To find the activity coefficient at infinite 
dilution, an extrapolation is made by assuming the 
function log yu.*”/ (1 — Neu)’* is constant over the 
range No, = 0.062 to No, = 0. This results in a value 
OLY = 2.28. 

The experimental data for the equilibrium dis- 
tribution of copper between lead and iron can now 
be utilized. At equilibrium 


(Fe) 


Pb 
— dou 
and 
(Pb) 
(Pe) __ Now (Pp) 
You Ne (Fe) You . 
Thus, 


Y ou” = (3.95) (2.23) = 8.8. 


Summary—tThe activity coefficient of copper in 
iron at infinite dilution at 1600°C has been found 
to be 8.8. 
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Relative Interfacial Energies of Symmetrical Tilt 


Grain Boundaries in Silver 


The relative interfacial energies of symmetrical tilt boundaries in silyer of greater 
than 99.999 pct purity were measured as a function of orientation difference 6 between 
9° and 36° about <001>. The results are in good agreement with the dislocation 
model of the grain boundary. The energy vs @ curve may be represented by the Shockley 
and Read equation in the form E,6 (0.55—In 6). 


by K. T. Aust 


EAD* has indicated that an ideal experimental 

method of testing the predictions of the dis- 
location theory of the grain boundary would be to 
measure the interfacial energies of symmetrical tilt 
boundaries between face-centered-cubic grains that 
have a common <001> axis, as a function of orien- 
tation difference 6. The misfit § should be defined 
by a rotation of each grain through an angle of 6/2 
away from the boundary. Such boundaries might 
be expected, from geometrical considerations, to be 
made up of a series of edge dislocations, at least for 
small values of 6. 

Energy vs @ relationships for tin’ and lead® were 
previously obtained for an asymmetrical tilt bound- 
ary separating two grains in which generally only 
one grain was rotated about a <001> specimen axis 
through an angle of 6 away from the boundary, the 
other grain remaining fixed. It is possible, however, 
that the boundary atoms in tin and lead may have 
attained a symmetrical position, in relation to the 
orientations of the grains on either side of the 
boundary, during equilibrium annealing. The two 
sets of measurements on silicon ferrite’ were some- 
what better suited for comparison with theory, since 
the boundaries were symmetrical tilt boundaries in 
which the axis of relative rotation was <110> in 
the first series and <100> in the second; but this 
alloy has a body-centered-cubic structure. Although 
the grain boundaries in silver’? were symmetrically 
tilted, the axis of relative rotation was not a simple 
crystallographic direction, and it varied from bound- 
ary to boundary. 

Although the above measurements were in good 
agreement with the Shockley and Read equation,” * 
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it appeared desirable to carry out experiments under 
the ideal conditions specified by Read.* Consequently, 
the relative energies of symmetrical tilt boundaries 
in silver between grains that have a common <001> 
axis were measured. The technique of equilibrating 
grain boundaries in oriented tricrystals was used 
rather than the less satisfactory thermal groove 
method previously employed for silver bicrystals.’ 


Experimental Details and Observations 

The solidification and seeding techniques, described 
previously* for growing tricrystals of controlled 
orientations, were used to prepare tricrystal speci- 
mens from silver of greater than 99.999 pct purity. 
The silver was obtained from American Platinum 
Works, Newark, N. J., in the form of polycrystalline 
rods 10 cm long and 7 mm in diam. These rods were 
then cold worked by rolling or drawing them into 
suitably shaped blanks. Single crystal seeds and 
tricrystals were grown in a high purity graphite 
boat by means of. a movable furnace with globar 
heating elements, The graphite boat was enclosed 
in a Vycor tube, which was first evacuated to about 
100u Hg and then filled with a static argon atmos- 
phere. The maximum temperature outside the 
Vycor tube was 1250°C. 

A typical tricrystal specimen of silver is shown in 
Fig. 1. Grains B and C were grown from seed crys- 
tals with a <001> specimen axis or longitudinal 
direction parallel to the direction of growth and 
with another <001> direction perpendicular to the 
surface. Each of the two seed crystals was rotated 
18° about the <001> specimen axis but in opposite 
directions away from the boundary. A symmetrical 
tilt boundary, therefore, separated grains B and C 
with an orientation difference @ of 36° about <001>. 
Grain A in Fig. 1 was grown from the middle seed 
with a <110> direction parallel to the specimen 
axis and with a <001> direction inclined at 45° to 
the surface of the specimen. The interfaces sepa- 
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Fig. 1—Tricrystal specimen of silver in which a symmetrical 
tilt boundary separates grains B and C with an orientation 
difference (6) of 36°. The grain boundaries separating 
grains A and B and A and C are large angle incoherent 
boundaries. X1. 


rating grains A and B, and A and C are large angle. 


incoherent boundaries. Another tricrystal with 6 = 
30° about <001> was grown from the same seed 
crystals. 

Initial attempts to grow similar tricrystals, but 
with 6 = 9° and 13° about <001>, resulted in speci- 
mens in which the two large angle incoherent 
boundaries did not converge, but grew parallel to 
the specimen axis. It has been observed previously*® 
that grain boundaries in tricrystals of lead con- 
verged only when the speed of growth was fairly 
high, i.e., not less than about 5 mm per min. However, 
repeated tests on silver with varying rates of growth 
from about 1 to 10 mm per min resulted in the non- 
convergence of the two incoherent boundaries; at 
still greater growth rates, difficulty with stray grains 
was encountered. Since the (111) crystallographic 
face is expected to have a lower accommodation co- 
efficient than either the (100) or (110) faces in the 
face-centered-cubic structure,’ a middle seed crystal 
with a <111> specimen axis was substituted for the 
<110> seed crystal in an effort to prevent continued 
growth of the grain from the middle seed. Three tri- 
crystal specimens, each having the required inter- 
section of three boundaries, were prepared with 
orientation differences between grains B and C of 
9°, 13°, and 20° about <001>, in which grain A 
was grown from the <111> seed crystal. The grain 
boundaries separating grains A and B, A and C, may 
still be described as large angle incoherent bound- 
aries as was the case for the specimens with 6 = 30° 
and 36° about <001>. In all, five tricrystal speci- 
mens were grown in which each specimen contained 
a symmetrical tilt boundary separating two grains 
having a common <001> axis: two specimens con- 
tained a grain with a <110> direction parallel to 
the specimen axis, and three contained a grain with 
a <111> direction parallel to the specimen axis. 

The tricrystals were etched in 15 pct nitric acid 
solution to reveal the presence of the boundaries. 
The orientation differences 9 were determined from 
back-reflection Laue X-ray photographs to an ac- 
curacy of only +1°, due to the substructures or stri- 
ations present in the crystals. The tricrystals were 
annealed in an argon atmosphere at 925°+5°C for 
periods of at least 30 hr. The dihedral angles be- 
tween the three boundaries were microscopically 
measured on the top and bottom surfaces before and 
after the annealing treatments. It was noted that 
boundary migration and change of boundary angles 
occurred during the formation of the specimen and 
during the annealing in the same manner as was 
previously observed.* Constant boundary angles 
were obtained after 20 to 30 hr annealing at 925°C. 
In this connection, Greenough and King’ found for 
a similar purity of silver that heating at 900°C be- 
yond 19 hr had little effect on the size of the bound- 
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ary grooves and made no apparent difference in the 
magnitude of the groove angle. 

It was estimated from the consistency of repeated 
measurements that the accuracy of the boundary 
angles was +1° to +3°. The equilibrium boundary 
angles were used to calculate the relative interfacial 
energies of the symmetrical tilt boundaries from 
the equation 

= —ya-z COS d — COShH [1] 


where yz-c, ya-z, and ys, are relative energies of the 
interfaces separating grains B and C, A and B, and 
A and C, respectively, and angles d and h are as 
designated in Fig. 1. The energy of the grain bound- 
aries separating grains A and C and A and B was 
assumed to be unity, since in all cases these are large 
angle incoherent boundaries. 


Results and Discussion 


The data obtained for the relative energy yzs-c of 
the symmetrical tilt boundary as a function of @ are 
shown in Table I and in Fig. 2. The marked inequal- 
ity of the values of angles d and h in three of the 
five specimens suggests that the energy y:-c may also 
depend on the orientation of the boundary. How- 
ever, since it is unlikely that the interfacial ener- 
gies of the incoherent boundaries (ys, and ysc) are 
dependent upon boundary orientations, the relative 


Table 1. Measurements of 6 and Relative Grain Boundary Energies 
in Silver 


6° about <001> Equilibrium Angles, 7ys-c of Symmetrical 


Between B and C Degrees Tilt Boundary 
e d h 
36 119 120 121 1.01 
30 119 115 126 1.01 
20 129 117 114 0.86 
13 135 U7, 108 0.76 
9 145 100 115 0.60 


interfacial energy ys-¢ may still be obtained to a 
good approximation from Eq. 1.’ 

The results indicate that the interfacial energy 
of a symmetrical tilt boundary in silver depends on 
@ in a manner similar to previous observations on 
boundary energies,° although the maximum in the 
present energy vs @ curve is reached at a somewhat 
larger angle of misorientation. A gradual change in 
the energy vs @ curve is also apparent in Fig. 2, 
which suggests that there is no abrupt change of 
boundary structure between small and large angles 
of 0. 

Shockley and Read®*" have derived the following 
quantitative expression for the absolute boundary 
energy (vy) based on the dislocation model of the 
grain boundary 

y = E.6[A —1n 6] [2] 


where the parameters EF, and A are independent of 

the orientation difference @. It follows that a straight 

line relationship should result in the present data 

between yz-c and log @. The plot shown in Fig. 3 


confirms this prediction. The parameter A, which 
depends on the nonelastic core energy of the dis- 
location, was obtained from the logarithm of the 
angle @ extrapolated to zero energy in Fig. 3. The 
value of A is 0.55, which is very close to the value 
A = 0.52 calculated by van der Merwe” in a de- 
tailed mathematical analysis of tilt boundaries. The 
good correlation between the Shockley and Read 
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equation and the experimental results may be seen 
ine 2: 

The value of Om, i.e., the angle at which the en- 
ergy vs @ curve reaches its maximum, may be de- 
rived from the equation 


[3] 


where e is the Napierian base and A is the parameter 
in Eq. 2. For the present data with A = 0.55, 6, is 
36.5°. If the results for silver, obtained by Green- 
ough and King, are plotted on a single energy vs 
angle curve, the value of @, is 25°. This difference 
in 6, may be due to the fact that, although the 
boundaries in the two investigations were symme- 
trically tilted, the axis of relative rotation for the 
boundaries reported in the present instance was a 
simple crystallographic direction, which was not the 
case in Greenough and King’s grain boundaries. The 
@, values reported for the various studies on grain 
boundary energies are compared in Table II. 

If the present data are plotted in the form y/yn 
vs 6/6m, Where ym is the maximum energy of Fig. 2, 
good agreement is obtained with the Shockley and 
Read equation written in the dimensionless form 


[4] 


In common with previous results on boundary en- 
ergies, agreement with the dislocation model is ob- 
tained even at large values of @ (i.e., 0>20°) where 
Eq. 4 becomes doubtful. Various reasons for this 
possibly fortuitous agreement have been discussed 
previously by Brooks” and by Read.* In this con- 
nection the model for large angle grain boundaries 
proposed by Smoluchowski,” using the concept of 
rods of misfit rather than dislocations, is reported to 
result in a dependence of the grain boundary energy 
upon angle, which is nearly identical with that ob- 
tained with the dislocation model.” The problem of 
whether the structure of large angle grain bound- 
aries can be described by rods of fit and misfit, or 
by some sort of dislocation array as suggested by 
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Fig. 2—Variation of relative grain boundary energy with dif- 
ference in orientation for symmetrical tilt boundaries in silver; 
theoretical 6 (A — In 6) curve with A — 0.55. Circles repre- 
sent experimental values. 
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Fig. 3—Plot of log @ vs yz-c/@ from experimental results ob- 
tained for silver. 


Chalmers,“ is still not resolved. It would be de- 
sirable to measure the energy of twist boundaries in 
silver as a function of misorientation and to com- 
pare this data with the relationship obtained for 
symmetrical tilt boundaries in the present study. 
As was pointed out by Chalmers,“ if there is any 
difference in the energy-angle relationship in the 
two cases, it will provide extra support to the dis- 


Table Il. 6, Values for Various Energy ys @ Curves 


Material 


Silicon iron (110) series 2 
Silicon iron (100) series 2 
Tin2 1 
Lead’ 2 
Silver® 2 
Silver (present work) 3 


location model of the boundary. In addition, if dif- 
ferences persist up to large angles, it may be con- 
cluded that some sort of array of dislocations repre- 
sents the structure of the large angle boundary. The 
results of Couling and Smoluchowski” on the aniso- 
tropy of grain boundary diffusion of silver into 
copper have indicated that grain boundaries cannot 
be treated as a uniform slab of misfit, except pos- 
sibly for highest angles of misorientation. Hoffman*™ 
has found that anisotropy of boundary self-diffusion 
in silver persists in boundaries of maximum misori- 
entation, and he concluded that the concept of a 
large angle grain boundary as a uniform slab of 
disordered material is not valid in general. 

An estimate of the maximum grain boundary en- 
ergy (yn) for silver in terms of absolute units may 
be made from the present results, if we substitute 
the theoretical value of E, = 1030 ergs per cm? at 
approximately 900°C, calculated for silver by Read,’ 
in the equation 

[5] 


Eq. 5 is believed to give a good approximation to 
the relatively constant energy in the flat part of the 
energy vs @ curve at large angles.* For 6, = 36.5°, 
the maximum energy y, is 656 ergs per cm?. Read* 
estimated from Greenough and King’s data that yn 
is 460 ergs per cm’. In view of the unverified as- 
sumptions made in deriving both of these values 
for ym, the present comparison appears to give at 
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6.6 
9.8 
5.0 
5.0 
6.5 
a 


least the right order of magnitude for the energy of 
large angle grain boundaries in silver. 


Summary 

The relative interfacial energy of symmetrical tilt 
boundaries in silver of greater than 99.999 pct 
purity was measured as a function of orientation 
difference between 9° and 36° about <001>. The 
variation of boundary energy y, with angle between 
the grains #0, may be represented by the Shockley 
and Read expression y = E,6 (0.55 — In 6), where 
FE, is independent of 6. 
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Study of the Effect of Gases on the Melting, 
Casting, and Working of Palladium 


With the object of improving the melting, casting, and working of palladium and 
95.5 pct Pd-4.5 pct Ru, the effects of different melting atmospheres (reducing, oxidizing, 
and neutral), crucible linings, and annealing atmospheres have been studied. Some inter- 
esting observations are included about the solubility and diffusion of gases in palladium. 


by R. H. Atkinson 


le object of the present work was to ascertain 
the effect of oxidizing, inert, and reducing am- 
bient atmospheres on the melting and casting of 
palladium and a Pd-Ru alloy commonly used for 
jewelry. The need for such a study was indicated 
during World War II when jewelers experienced 
difficulty in their attempts to make small castings of 
the torch-melted Pd-Ru alloy by the lost-wax proc- 
ess. When the metal was melted under oxidizing 
conditions similar to those used for platinum, the 
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castings were gassy; on the other hand, if the melt- 
ing atmosphere was reducing, the castings were hot- 
torn and brittle. 


General Experimental Procedure 


Pure palladium sponge (99.9 pct Pd) and pure 
ruthenium powder (99.8 pct Ru) were used for 
making small ingots (50 g) of palladium and 95.5 
pet Pd-4.5 pet Ru by induction melting. The coil, 
3 in. high by 2 in. ID with 16 turns, was energized 
by a 20 kva Ajax high frequency converter. 

The melting crucibles, so-called sand crucibles, 
which were made of a highly refractory fireclay, 
were lined with different materials, including pro- 
prietary magnesia, alundum, zircon, and zirconia 
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Fig. 1—Palladium strip (de- 
oxidized with hydrogen) show- 
ing difference between anneal- 
ing in air and hydrogen. Elec- 
trolytic (AC) etch in 5 pet 
NaCN. X250. 


a—Annealed in air. 


to grain boundary fissures, microporous 


zone, and blister. 


cements, as well as fused alumina and magnesia. The 
proprietary cements, which contained clay or other 
binder, were made into a stiff paste with water and 
applied to the inside wall of the melting crucible to 
give a lining about % in. thick. The fused alumina 
(—100 mesh) was mixed with a saturated solution of 
aluminum chloride in water and the fused magnesia 
(—100 mesh) with a solution made by dissolving 32 
g magnesium acetate crystals in 100 ml water. 
Whereas the crucibles lined with proprietary cements 
could be used after air drying, the crucibles lined 
with fused alumina or magnesia, after fitting with 
graphite cores, were baked at 2500° to 2600°F in an 
induction coil until the bonding materials were con- 
verted to oxide and the evolution of hydrogen chlo- 
ride, or other gases, ceased. 

Particulars of the gases used as deoxidizers were 
as follows: hydrogen: 99.9 pct, water pumped; car- 
bon monoxide: 95 pct, balance hydrogen, nitrogen, 
carbon dioxide, and oxygen; city gas: 42 to 45 pct H., 
4 pct CO., 0.5 to 1.5 pet O., less than 100 grains of 
organic sulfur per 100 cu ft; acetylene: tank gas of 
commercial purity; commercial methane: 92 to 96 
pet CH,, balance ethane and air (this gas would be 
representative of natural gas). 

Gases, other than reducing gases, examined for 
their effect on the melting, casting, and working of 
palladium were as follows: nitrogen (99.7 pct), air, 
steam, helium (98 pct, balance mostly nitrogen), 
argon (99.6 pct, balance nitrogen), oxygen (99.5 
pet), carbon dioxide (99.5 pct, balance air). The 
helium was oil pumped; the other cylinder gases 
were water pumped. The moisture content of water 
pumped nitrogen, oxygen, and argon is of the order 
of 0.01 pet by volume when the gases are reduced to 
atmospheric pressure. 

The palladium sponge was melted in air and held 
molten for 1 or 2 min in order to remove any traces 
of oxidizable metal and metalloid impurities which 
might be present. Subsequent treatment varied ac- 
cording to circumstances. In the experiments in 
which the effect of a gas was being studied, the de- 
sired gas was applied at the rate of about 3 cu ft per 
hr to the surface of the melt after the preliminary 
oxidation. The metal was then solidified and re- 
melted a number of times until the oxygen was 
worked out and the behavior of the metal on solidifi- 
cation became characteristic of the gas used as at- 
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b—Annealed in hydrogen. Good sur- 
face; metal is sound except for trace 
of random microporosity. 


Poor surface due 


mosphere. The metal was then allowed to solidify in 
the crucible and cool below red heat before the gas 
was removed. In making the Pd-Ru alloy, the 
ruthenium was not added until after the oxidation of 
the palladium, because heating the molten alloy 
under oxidizing conditions caused some loss of 
ruthenium as volatile tetroxide. The alloy melts 
were solidified once, remelted, and either treated 
with the gas under study or deoxidized. Castings 
were made by pouring into warm graphite rod 
molds, 2x34 in. diam, using about 200° to 300°F 
superheat (100°F superheat is sufficient when using 
an Ecco centrifugal melting and casting machine). 
Temperatures were measured with an optical pyro- 
meter. 

The ingots, including those solidified in the cru- 
cibles, were cold-rolled to rod %4x% in., and finally 
to strip 9.010 in. thick, with intermediate anneals 
after each 50 pct cold reduction. All samples were 
degreased before annealing, in order to avoid any 
adventitious effects of gases produced by the ther- 
mal decomposition of rolling lubricants. The pal- 
Jadium samples were annealed for 10 min at 900°C 
and the alloy samples for 30 min at 1100°C; all 
samples were quenched in water after annealing. 
Annealing atmospheres included inert gases, air, and 
in some experiments reducing gases. 

In judging the quality of the metal, the principal 
criteria were density, hardness, and freedom from 
blistering after annealing. Densities were measured 
by weighing in air and water at room temperature 
and applying corrections;* a fine Inconel wire, 0.004 
in. diam, was used to suspend the ingots and strips, 
the latter usually ¥g in. thick. The diamond pyramid 
hardness (Dph) of each strip (at about 0.06 in. 
thick) was measured with a Vickers hardness tester 
using a 5-kg load. The resulting data are listed in 
Tables I and II together with relevant information 
about the preparation of the samples. 


Observations on Density and Hardness 


The best value for the density of annealed pal- 
ladium strip was 12.023 g per cu cm at 25°C, which 
is close to Owen and Yates’ value of 12.03 at 20°C 
calculated from the space lattice.” Hitherto the den- 
sity calculated from specific gravity measurements 
has been much lower; Vines® gives 11.96 at 18°C. 
The best value for the density of 95.5 pet Pd-4.5 pct 
Ru was 12.031 g per cu cm at 25.5°C. In the case of 
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Fig. 2—95.5 pct Pd-4.5 pct Ru deoxidized by city gas and 
annealed in air. Surface badly blistered. Unetched. X500. 
Reduced approximately 5 pct for reproduction. 


these high density samples, there was no detectable 
difference between the values for annealed and hard 
(50 pct cold reduction) strip, although there were 
differences in other samples. The presence of gases 
usually caused the density to fall on annealing, but 
some samples of strip made from metal deoxidized 
with hydrogen actually increased in density on an- 
nealing by amounts varying from 0.005 to 0.016. 
The best values for the hardness of pure palladium 
were 36 to 38 Dph for the annealed metal and 92 to 
96 Dph for the hard metal (50 pct cold reduction) ; 
the corresponding hardness values for annealed and 
hard 95.5 pct Pd-4.5 pct Ru were 80 to 90 and 150 to 
160 Dph, respectively. The hardness of any given 
sample of Pd-Ru is not a reliable guide as to purity 
because it is not always exactly reproducible. Minor 
variations in hardness may occur due to the fact that 
the alloy is age hardenable; for instance, a sample of 
melt 1232 hardened by 40 units on furnace cooling. 


Trials of Reducing Gases as Deoxidizers 

Hydrogen—When molten palladium and Pd-Ru 
are deoxidized by treating with hydrogen, very 
dense ingots can be obtained, provided the metal is 
solidified and remelted once or twice in the hydrogen 
atmosphere before casting (Table I, melt 1166; 
Table II, melts 1205, 1215, 1224, and 1229). The 
soundness of such ingots is due to the fact that, at 
the melting point of palladium, hydrogen is more 


soluble in the solid than in the liquid metal. Hydro- 
gen, however, does have serious disadvantages as a 
deoxidizer for palladium. When a hydrogen atmos- 
phere is applied to the surface of molten palladium 
containing oxygen, the metal gases due to the rapid 
evolution of steam and the inside wall of the melt- 
ing crucible becomes sprayed with very fine particles 
of palladium, some of which may escape from the 
crucible. An equally serious disadvantage of hydro- 
gen as a deoxidizer is that, when dissolved in molten 
palladium, it reacts with the refractory lining of the 
melting crucible, causing the introduction of im- 
purities such as magnesium, aluminum, zirconium, 
phosphorus, and silicon into the palladium. For in- 
stance, one sample of Pd-Ru (Table II, melt 1215) 
contained 0.082 pct Mg. Such impurities have an 
appreciable hardening effect; for instance, palladium 
melted in a crucible lined with magnesia cement and 
deoxidized with hydrogen had a hardness of 51 to 
52 Dph, which is at least 10 units harder than pure 
palladium; see melts 1126, 1134, and 1166 in Table I. 
Phosphorus and silicon are especially harmful when 
making investment castings, as they cause hot tear- 
ing even in very low concentrations (below 0.01 
pet). In this connection it may be mentioned that 
microexamination of ingots of 95.5 pet Pd-4.5 pct Ru 
cast from metal deoxidized with hydrogen revealed 
that those treated in alundum cement, zircon, or zir- 
conia linings had duplex structures, a small amount 
of an intergranular constituent being present; 
whereas those treated in magnesia cement, fused 
magnesia, or fused alumina linings were single 
phase. It was also noticed that ingots of this alloy 
deoxidized with hydrogen in pure alumina linings 
broke up when they were cold rolled, unless they 
were given a prior heat treatment at 1000°C; where- 
as ingots deoxidized with hydrogen in either pure 
magnesia or magnesia cement linings were ductile 
and could be cold rolled without such preliminary 
heating. It would appear, therefore, that when a 
Pd-Ru alloy is deoxidized with hydrogen, the cru- 
cible linings should preferably consist of magnesia 
or magnesia cement. A third disadvantage of the use 
of hydrogen as a deoxidizer is that some steam will 
be formed at the surface of the molten metal during 
casting, unless this is done in either hydrogen or an 
atmosphere free from oxygen. It has been found, for 
instance, that investment castings of hydrogen- 
deoxidized palladium have pitted surfaces, un- 


Table |. Particulars of Annealed Palladium Strip Made with Different Gaseous Deoxidizers 


Crucible Density ,* Hardness, Annealing Blisters} 

Melt No. Deoxidizer Lining G per Cu Cm Dph Atmosphere Number Size 
1126 He MgO cement 11.95 51.1 Air XXX. Micro 
1134 He MgO cement 11.965 52.3 Air XOEK. Micro 
1166¢ He MgO cement 11.958** 52.3 He; air§ XX. Micro 
1231+ He, Att MgO cement 12.012 38.0 No; air§ None : 

1132 1 He + 3 Nott MgO cement 12.01 42.3 Air Exoxa Micro 
1129 City gas MgO cement 11.88 al Air xXXXX. All sizes 
1130 CoHe2 MgO cement 11.92 42.5 Air Micro 
1189 CH4 MgO cement 11.953 44.1 He; air§ XXxXX All sizes 
(GO) cement 11.96 38.1 Air None 

1145 Co Alundum 12.020 38.5 Air cs Micro 
1146 co Zircon 12.023 36.2 Air None 

1143 Argon MgO cement 12.023 37.3 Air None 


* Density at room temperature (23° to 28°C). The two best values were 12.023 at 24.5°C and 12.023 at 25.0°C. 
+ Key to rating of relative number and size of blisters: xxxx, considerable number; macro: visible without magnification. xxx, many; 


micro: visible at X15. xx, fair number. 


t These melts were cast; the others were allowed to solidify in the crucible. 


§ Air was used for the final anneal (strip 0.01 in. thick). 
** Density of casting was 11.952. 
++ Dry and free from oxygen. 


tt Reducing gas applied intermittently through the cover of inert gas. 
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Table II. Particulars of Annealed 95.5 Pd—4.5 Ru Strip Made with 
Different Gaseous Deoxidizers 


Density,* G per Cu Cm Hard- Annealing Blisters} 
Crucible ness, Atmos- 

Melt No Deoxidizer Lining Ingot Strip Dph phere No. Size 

1195 He Al2O3, fused —- 11.994 93.7 He None 

1221 He Alundum 11.971 11.986 95.7 Ne None : 

1207 He Zircon 11.813 11.968 97.8 He x. All sizes 

1224 He Zirconia 11.968 11.972 96.8 No None 

1204 He MgoO, fused 11.966 11.978 87.6 He None 

1219 He MgoO, fused 11.979 11.993 87.5 He None 

1226 He MgoO, fused 11.677 11.953 93.1 He None 

1205 He MgO cement 11.948 11.955 92.9 He None 

1210 He MgO cement 11.940 11.981 90.6 He None 

1215 He MgO cement 11.945 11.951 92.0 He None 

1229 He, At MgoO, fused 12.007 12.004 82.8 No None 

1232 He, At MgoO, fused 11.631 12.031 86.0 Ne None ; 

1233 5H». + 95A MgoO cement 11.312 12.007 89.5 He x Micro 

1238 1H2 + 9Ne$§ MgO cement 10.891 12.007 90.9 He Boe, All sizes 

1257 Ho, Het MgO cement — 12.018 86.3 He None 

1140** Co Zircon 12.014 83.6 (ere) None ; 

1170 (ere) Zircon 11.638 12.008 71.2 He x Micro 

1199 CO; Nott Zircon — 11.906 89.1 He x.tt Micro 

1200 CO Zircon 9.756 11.933 80.7 He aga All sizes 

1218 CO; Att MgO cement 10.943 11.996 88.0 He xX. Micro 

1234 CO; A MgO cement 11.726 12.018 81.8 He x Micro 

1167 City gas Al2.Oz, fused 11.480 PIAL (48) Air 2.2.4 All sizes 

1220 City gas MgO cement 11.768 11.814 87.8 He 2:20.06 Micro 

1240 City gas, At MgoO cement — 12.014 77.3 He ae All sizes 

1192 Argon Zircon NoteS§ 12.002 95.3 He xe All sizes 

1225 Argon Zircon 11.5978§§ 12.020 83.1 He None 


* Density at room temperature (23° to 29°C). The best value was 12.031 at 25.5°C. Pr) > : ; 7 
+ Key to rating of relative number and size of blisters: xxxx, considerable number; macro: visible without magnification. xxx, many; 


micro: visible at X15. xx, fair number; x, few. 


+ Reducing gas applied intermittently through the cover of inert gas. 


§ Mixture was dry and free from oxygen. 


** This melt was allowed to solidify in crucible; all other melts were cast. : 
yi CO displaced by nitrogen (or argon) after deoxidation; metal then solidified and remelted before casting. 


tt Blisters worse when strip was thicker. 


§§ The cast metal contained RuOz inclusions after annealing in helium at 1200°C. 


doubtedly due to local formation of steam, whereas 
similar castings made with nongaseous deoxidizers 
have smooth surfaces. A fourth disadvantage is that 
strip made from hydrogen-deoxidized palladium 
blisters more or less seriously when annealed in air; 
see Fig. la. 

Intermittent Deoxidation—The disadvantages as- 
sociated with the use of hydrogen as a deoxidizer for 
palladium and its alloys can be lessened by modify- 
ing the deoxidation technique as follows: The air 
over the molten palladium in a melting crucible is 
replaced by helium or argon and a jet of hydrogen 
is applied intermittently at intervals of a few sec- 
onds; as long as there is an appreciable amount of 
oxygen in the metal, it will effervesce when the 
hydrogen is applied.* The metal may be cast as soon 
as it remains quiet when the hydrogen is applied, 
but sounder ingots will be obtained if the metal is 
solidified and remelted before casting. One of the 
advantages of this intermittent treatment is that 
there is less pick-up of impurities from the crucible, 
because the concentration of hydrogen in the molten 
palladium is lower than when hydrogen alone is 
used as the atmosphere. The detrimental effects of 
hydrogen as a deoxidizer can also be lessened by 
diluting it with an inert gas, such as argon or nitro- 
gen (Table I, melt 1132 and Table II, melts 1233 and 
1238), to give a predetermined composition. 

Deoxidation Indicator—If any appreciable time 
elapses between deoxidation and casting, as when 
the metal is solidified and remelted between de- 
oxidation and casting, the intermittent application 
of the hydrogen should be continued until the metal 
is cast. In order to counteract the tendency to use 
too much hydrogen during this period an indicator 
has been developed. If a small amount of tungsten 
or molybdenum (about 0.1 to 0.2 pct) is added to the 
molten metal as soon as it ceases to gas, it is then 
only necessary to apply the hydrogen jet as and 
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when any white smoke is seen in the crucible. The 
smoke, which is tungsten oxide (or molybdenum 
oxide), begins to form as soon as the residual hydro- 
gen in the melt drops to zero. The appearance of the 
smoke, therefore, is a sign, or indicator, that the 
hydrogen jet should be applied again. 


Carbon Monoxide—When carbon monoxide, city 
gas, or commercial methane is applied to molten 
palladium containing oxygen, the melt usually does 
not gas. Consequently there is no visible indication 
when the deoxidation has been completed, and it be- 
comes necessary to conduct the deoxidation accord- 
ing to a time schedule. 

Fortunately excess carbon monoxide is much less 
harmful than excess hydrogen, because carbon mon- 
oxide has comparatively little action on the crucible 


Fig. 3—95.5 pct 
Pd-4.5 pct Ru 
heated at 1100°C in 
air for 16 hr. 
Numerous relatively 
large particles of 
RuOs subscale. 
Unetched. X1000. 
Reduced approxi- 
mately 5 pct for 
reproduction. 
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a—Commercial CO. Considerable uni- 


formly distributed microporosity. ity than in a. 


b—Purified CO. Much less microporos- 


c-—Air. One strip is free from porosity; 
the other has a narrow microporous 
zone near surface. 


Fig. 4—Effect of different annealing atmospheres on the soundness of strip made from palladium deoxidized by commercial CO 
(melts 1145 and 1146). Electrolytic (AC) etch in 5 pct NaCN. X250. Reduced approximately 5 pct for reproduction. 


4 


linings at the melting point of palladium. Good re- 
sults were obtained with crucible linings of mag- 
nesia, alundum, and zircon cements. Annealed strip 
made from palladium deoxidized with carbon mon- 
oxide had a hardness of 36.2 to 38.5 Dph, which 
compares with 51 to 52 for strip made from pal- 
ladium deoxidized with excess hydrogen. Moreover, 
the former strip had a high density and annealing in 
air usually did not impair the surface as it did with 
strip made from metal deoxidized with hydrogen; 
compare Figs. 4c and la. Results were not quite as 
good when using carbon monoxide for deoxidizing 
95.5 pet Pd-4.5 pct Ru, largely due to the retention 
of gas in the metal. As will be seen from Table II, 
ingots of 95.5 pct Pd-4.5 pet Ru deoxidized with car- 
bon monoxide had significantly lower densities (9.7 
to 11.6) than ingots deoxidized with hydrogen (11.7 
to 12.0) and the resulting strip showed a small 
amount of blistering when annealed in helium. 
When the carbon monoxide jet was applied inter- 
mittently through a cover of argon (Table II, melt 
1234) a somewhat less gassy ingot was obtained. Re- 
placing the carbon monoxide atmosphere over the 
molten metal by an inert gas, such as argon or nitro- 
gen, then solidifying and remelting before casting, 
did not effect any improvement in the quality of the 
wrought metal (Table II, melts 1218 and 1199). As 
there is no visible gassing when deoxidizing with 
carbon monoxide, the use of tungsten or molyb- 
denum as indicator might be helpful in avoiding use 
of undue excess of gas. 

Other Gases—City gas is not recommended for de- 
oxidizing either palladium or the alloy because the 
resulting strip acquires a very poor surface due to 
excessive blistering when annealed in air; see Fig. 
2. Although applying the city gas intermittently 
through a cover of inert gas (Table II, melt 1240) 
effects an improvement, the quality of the resulting 
strip is still poor. 

Strip made from palladium which had been de- 
oxidized with commercial methane (Table I, melt 
1189) blistered so badly when it was annealed in 
air that no further trials were made with this gas. 
This result is probably indicative of the unsuitability 
of natural gas for deoxidizing palladium. Acetylene 
was no better than methane (Table I, melt 1130) 
and had the further disadvantage that its smoky 
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flame made it difficult to get accurate readings of the 
temperature of-the metal. 


Effect of Gases on Annealing of Palladium and Pd-Ru 


Air—Many palladium-rich alloys containing oxi- 
dizable metals are ideal for the formation of sub- 
scale (oxides below the surface) because oxygen 
diffuses relatively easily into palladium above 
800°C. As ruthenium forms a stable dioxide at cus- 
tomary annealing temperatures, subscale will be 
formed when 95.5 pct Pd-4.5 pet Ru is annealed in 
air. The fact that the surface of the metal stays 
bright on annealing often misleads manufacturers 
into thinking that this alloy cannot be harmed by 
annealing in air. Normally the particles of sub- 
scale are quite small and would be overlooked, but 
in a sample of the alloy heated at 1100°C for 16 hr 
the particles of subscale were relatively large and 
numerous; see Fig. 3. Annealing the alloy in mix- 
tures of carbon dioxide and air showed that as little 
as 1 pet of oxygen in the annealing atmosphere 
caused the formation of very fine inclusions, pre- 
sumed to be subscale, under the surface of the metal. 
Even when annealing commercially pure palladium, 
the presence of oxygen is objectionable because it 
reacts with residual deoxidizer, either solid or gas- 
eous. For instance, when a sample of strip made 
from hydrogen-deoxidized palladium was annealed 
in air, serious blistering occurred and a microporous 
zone formed just below the surface; whereas when 
another piece of strip from the same melt was an- 
nealed in hydrogen the metal remained quite sound; 
see Fig. 1. On the other hand, strip made from pal- 
ladium deoxidized with carbon monoxide may be 
annealed in air with little or no damage, see Fig. 4c. 
However, in spite of the exceptional behavior of the 
latter sample, it may be concluded that the ideal an- 
nealing atmosphere for palladium and Pd-Ru alloys 
should not contain free oxygen. 

Hydrogen can be used as an annealing atmosphere 
for palladium and its alloys but has the drawback 
that it causes appreciable hardening of the metal. 
Wise and Vines’ found that pure palladium annealed 
in hydrogen at 900°C and cooled in the same gas 
had a hardness of 93 Dph compared with 51 Dph for 
another sample annealed in nitrogen. However, if 
the metal was removed from the hydrogen atmos- 
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Table III. Some Evidence of the Solubility of Non-Reducing Gases in Pure Palladium 


Density of Strip* 


Gas Behavior of Palladium on Solidification Cold Rolled Annealed 
Oxygen Very wild; dirty ingot? — = 
Airt Wild; dirty ingot 
Nitrogent Round top; still gassing (slightly) on eighth solidification 11.99 11.19 
Steam Very wild; clean ingot 11.95 11.84 
Carbon dioxidet Good set; gassing persisted until sixth solidification 12.01 11.98 
Helium Slightly wild 11.99 11.95 
Argon Fair set; no gassing on second solidification 12.02 12.02 


* Strip from metal solidified in nitrogen was 0.05 in. thick; the other strips were 0.125 in. thick. ; ; wate 
+ The ingot was contaminated with a small amount of soft dark-colored substance which might have been a mixed oxide of pal adium 


and magnesium. 


t Drying the air, nitrogen, and carbon dioxide made no difference to the behavior of the palladium on solidification. 


phere when hot, less hardening occurred. This hard- 
ening effect has been confirmed in the case of pure 
palladium and it has been shown that 95.5 pct Pd- 
4.5 pet Ru also hardens about 40 units when an- 
nealed in hydrogen. There would probably be no 
objection to bright annealing atmospheres consisting 
of mixtures of nitrogen with not more than 10 pct 
H because the additional hardening would not be 
enough to have any significant effect on the working 
of the metal. Annealing in hydrogen also tends to 
aggravate any existing blisters, especially if it can 
react with the gas in the blisters to form other gases 
of lower solubility, such as steam and methane. For 
instance, when strip made from palladium solidified 
in CO, was annealed in hydrogen, the amount of 
blistering was greatly increased, presumably due to 
hydrogen diffusing into the metal and reacting with 
the CO, as follows: 


CO, + 4H, = 2H.0 + CH,. 


Carbon Monoxide can be used as an annealing at- 
mosphere but there are pitfalls in connection with 
its use. Pure palladium, which had been deoxidized 
with commercial CO and annealed in the same gas 
during the working to strip, contained a consider- 
able amount of uniformly distributed microporosity; 
see Fig. 4a. However, a sample of the same metal 
which had been annealed in a purer CO, made by 
passing dry CO, over dry activated charcoal at 
1000°C, contained considerably fewer micropores, 
Fig. 4b. It is thought that hydrogen, present as an 
impurity in the commercial gas, caused the micro- 
porosity in the former sample by diffusing into the 
palladium and forming steam and methane accord- 
ing to the equation 


CO = 10 4 CH. 


CO made by the action of concentrated sulfuric acid 
on formic acid was found to be unsuitable as an 
annealing atmosphere because it contained traces of 
sulfur compounds which made the palladium hot- 
short. Heating in CO has a slight hardening effect on 
both palladium and 95.5 pct Pd-4.5 pet Ru, which 
amounts to about ten units after 1 hr at 1000°C. 
Preferred Annealing Atmosphere—Helium and 
argon are ideal as annealing atmospheres for pal- 
ladium and Pd-Ru. Although steam, CO., and nitro- 
gen diffuse slowly in palladium, they are also satis- 
factory. Nitrogen mixed with enough hydrogen to 
give a slightly reducing atmosphere is also satis- 
factory for annealing most industrial alloys. 


Observations on Solubility and Diffusion of Gases 
in Palladium 


In studying the effect of nonreducing gases, the 
palladium was melted and solidified in each gas a 
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number of times. The ingots were then removed 
from the crucibles and worked down to strip, mak- 
ing the usual observations and paying special atten- 
tion to the effect of annealing, which was done in 
air, on the density of the strip; see Table III. 

In this paper, the author, for the sake of con- 
venience, has referred to the solubility and diffusion 
of gaseous compounds, such as steam, in palladium. 
There is no intention of ignoring the generally ac- 
cepted view that all gases dissociate into their com- 
ponent atoms when they dissolve in metals. How- 
ever, in the case of palladium the dissociation theory 
may need modification; for instance, energy con- 
siderations make it unlikely that either steam or CO 
would be completely dissociated in molten palladium. 


Solubility of Gases in Molten Palladium—The 
vigorous gassing which occurs when palladium 
solidifies in oxygen or steam indicates that both 
these gases are much more soluble in the molten 
than in the solid metal; the amount of gassing which 
occurs in oxygen looks about the same as when 
molten silver solidifies in air. Helium would also 
appear to be appreciably soluble, but in the case of 
the remaining gases this type of evidence is less 
convincing. However, other evidence of solubility is 
provided by abnormalities in the density of the strip 
made from the ingots; see Table III. Strip made 
from palladium solidified in nitrogen, steam, CO.,, 


a—Hydrogen then oxygen. Grain 
boundary fissures at and near 
the surface. Metal sound else- 
where. 


b—Oxygen then hydrogen. Sur- 
face sound but grain boundary 
porosity near center of strip. 


Fig. 5—Pure palladium strip (0.020 in. thick) showing effect 
of heating in hydrogen followed by oxygen and vice yersa. 
Aqua regia etch. X250. Reduced approximately 5 pct for 
reproduction. : 
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and helium, respectively, not only had lower den- 
sities than the pure metal but the density fell ap- 
preciably on annealing, undoubtedly due to the 
effect of blowhole gas, which showed up as blisters 
when the strip became thinner. Even argon must 
have an appreciable, though low, solubility because 
strip made from palladium solidified in this gas was 
not entirely free from porosity and blisters. Strip 
made from palladium solidified in oxygen and air 
was too dirty for the density to be reliable. 


Some of the foregoing conclusions about the solu- 
bility of certain gases in molten palladium appear to 
be in disagreement with the findings of Sieverts and 
Bergner,’ who reported that helium did not possess 
a measurable solubility. They measured the volume 
of helium required to fill a porcelain tube contain- 
ing a known weight (12 g) of molten palladium at 
1600°C, compared with the volume of nitrogen (as- 
sumed to be insoluble) required under the same 
conditions. It should be pointed out, however, that 
their method was comparative and that it would not 
be sensitive enough to measure small amounts of gas 
capable of causing blistering when the metal is con- 
verted into strip and annealed. 


Diffusion of Gases in Solid Palladium—The rate 
of diffusion of hydrogen in palladium has been 
measured, but published information for other gases 
is either meager or nonexistent. It is possible, how- 
ever, to draw some conclusions about the relative 
rates of diffusion of gases in palladium from the be- 
havior of blowholes during the conversion of ingots 
into strip. In the absence of diffusion, such blow- 
holes would show up as blisters during annealing 
and the blisters would persist however thin the 
metal became. Strip made from palladium solidified 
in helium or argon behaved in this way, indicating 
that the rate of diffusion of both gases in palladium 
was extremely slow. In the case of helium there was 
no diminution in the blistering when the strip was 
reduced to a thickness of 0.001 in. if the anneals 
were done at 900°C, though there was some im- 
provement when the anneals were done at 1300°C. 
These conclusions are in line with the work of Ram- 
say and Travers,’ who found that helium and argon 
did not diffuse through palladium at 900° to 950°C. 
On the other hand, similar strip made from ingots 
solidified in oxygen or CO did not develop blisters 
at any stage, indicating that the rate of diffusion for 
both these gases was at least rapid enough to pre- 
vent blowholes from becoming blisters. Strip made 
from ingots solidified in nitrogen, CO., or steam de- 
veloped blisters on annealing, which, however, dis- 
appeared on further working and annealing. The 
rates of diffusion of nitrogen, CO., and steam in pal- 
ladium, therefore, are intermediate between those of 
oxygen and the inert gases, helium and argon. 


Relative Rates of Diffusion of Hydrogen and Oxy- 
gen—The question naturally arises as to how the 
rate of diffusion of hydrogen compares with that of 
the other gases. Wise and Vines® found that when 
commercial palladium was heated in hydrogen after 
heating in air or oxygen it blistered, presumably due 
to the formation of steam under the surface of the 
metal. This behavior might be construed as evidence 
that the hydrogen diffused into the palladium more 
quickly than oxygen could diffuse out. However, 
strip made from palladium which had been deoxi- 
dized with hydrogen also blistered when annealed 

‘in air, Fig. la. As some of the hydrogen in the latter 
sample (melt 1126) might have been present as 
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metal hydride and, therefore, not free to diffuse at 
its usual rate, it was decided to make further experi- 
ments, using pure palladium made without deoxi- 
dizer. Accordingly, a pure palladium ingot which 
had been solidified in argon was worked down to 
strip, 0.020 in. thick, with all intermediate anneals 
in argon. The annealed strip used for the tests was 
sound except for an occasional blister and a few 
stringers of micropores; the latter presumably con- 
tained argon because they were independent of the 
grain boundaries and were unaffected by annealing 
in hydrogen. One set of samples of strip was heated 
in hydrogen for 30 min at 1000°C, quenched in 
water, and then heated in oxygen for 60 min at 
1000°C. Another set was heated in oxygen for 12 hr 
at 1000°C, quenched in water, and then heated in 
hydrogen for 30 min at 1000°C. The only apparent 
difference between the two sets of strip on visual 
examination was that the set heated in hydrogen 
and then in oxygen had dull etched surfaces, where- 
as the others remained bright; there was no sig- 
nificant blistering in either set. Both sets were less 
ductile than before, as judged by a reverse bend 
test. Other samples, after plating with a thin layer 
of platinum, were mounted for microexamination. 
In the strip in which the annealing atmosphere had 
changed from hydrogen to oxygen, there was fissur- 
ing of the grain boundaries at and near the surface, 
see Fig. 5a, but the rest of the strip was sound. On 
the other hand, the surface of the strip which had 
been heated in oxygen and then in hydrogen was 
sound but the center of the strip was unsound due to 
the formation of numerous micropores in the grain 
boundaries; see Fig. 5b. Elsewhere in this strip there 
were very much smaller micropores which were uni- 
formly distributed and relatively numerous. Appar- 
ently the hydrogen diffused into this sample and 
combined with the oxygen in the outer layers be- 
fore the latter gas could diffuse very far; nearer the 
center of the strip (10 mils from the surface) the 
rate of penetration of hydrogen was slowed down 
sufficiently for the dissolved oxygen to have time to 
diffuse to the grain boundaries before the two gases 
met. In the other sample, most of the hydrogen dif- 
fused out of the hydrogen-saturated palladium be- 
fore oxygen could enter the metal and damage was 
restricted to the fissuring of grain boundaries at and 
near the surface. From a practical point of view, 
hydrogen would appear to diffuse at least ten times 
as fast as oxygen in palladium. Nothing, however, 
can be predicted about the diffusivity constants of 
the two gases. 
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Martensitic Transformation in Binary Titanium Alloys 


Both the habit plane of martensite and the orientation relationship between the 
matrix and martensite platelets of different habit planes have been investigated in binary 
titanium alloys with molybdenum, chromium, and iron. The effect of the mode of de- 
formation on the martensite habit plane was studied. A micrograph of an exposed mar- 


tensite platelet is presented. 


N the study of martensitic transformation in Ti-Mn 

alloys,* two martensite habit planes—{334}, and 
{344\},—-were reported. The {334}, habit was also 
observed in unalloyed titanium upon transforma- 
tion,” *° although there is disagreement with respect 
to the exact indices. The other habit plane, {344},, 
has not been reported in martensitic transformation 
in any other alloys. 

The present investigation was made to determine 
whether other binary titanium alloys with 6-stabil- 
izing elements would exhibit a crystallography of 
transformation similar to that of Ti-Mn alloys. Fur- 
thermore, since martensite platelets can be induced 
by deformation under certain conditions, it was of 
interest to investigate whether the mode of defor- 
mation, compressive or tensile, would influence the 
formation of martensite platelets on a specific plane 
in an alloy system which possesses two martensite 
habit planes. 


Experimental Procedure 

The material used for the preparation of the 
binary alloys of iodide titanium with molybdenum, 
chromium, and iron had the following purities: 99.99 
pet iodide titanium, 99.9 pct molybdenum, 99.423 pct 
chromium, and 99.9 pct iron. 

The compositions of alloys listed in this paper are 
in nominal weight percentage. All specimens used 
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were prepared and treated according to the pro- 
cedure described in reference 1, unless stated. 

For the subzero temperature treatment the follow- 
ing experimental schedule was followed. After speci- 
mens had undergone the grain-growth treatment, 
they were quenched into an ice-water bath and 
were then metallographically examined. In speci- 
mens of higher alloy content, no martensitic trans- 
formation was observed. In those in which mar- 
tensitic transformation did occur, only specimens in 
which the martensite platelets existed as fine needles 
in localized regions were used. All specimens were 
reannealed 17 hr at 1200°C, quenched into ice water, 
and the capsule was broken. They were held in the 
ice water for from 5 to 10 sec, then transferred to a 
liquid-argon bath. This stepped quenching pro- 
cedure was found to be more efficient than direct 
quenching into liquid argon. In the latter case, as 
soon as the hot specimen was immersed in the liquid 
argon, a protective, insulating layer of argon gas 
formed, and the specimen continued to glow vividly 
in the bath for some time. 

In the study of the habit behavior of martensite 
produced by deformation, specimens were deformed 
at room temperature either by compression, tension, 
or rolling. 

Martensite habit planes were determined by the 
two-surface analysis procedure described in refer- 
ence 1. A stereographic net of 1534 in. diam was 
used throughout the investigation. 

The method for determining the orientation rela- 
tionship between martensite and the matrix follows 
that used by Greninger and Troiano.* A diamond- 
polishing table with its auxiliaries was used in order 
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334 (8°10) 
223 (11°20') 34.4 (7°20!) 
112 (19°28! 
Ir 


ool Oll 
Fig. 1—Location of poles of martensite habit planes in Ti-Mo 
alloys in stereographic triangles. Areas II and III are sepa- 
rated by the zone line joining <111> and <011>. Angles 
indicated are from <111> pole. 


Fig. 2—Location of 
poles of martensite 
habit planes in Ti-Cr 
alloys in stereo- 
graphic triangles. 
Angles indicated are 


from 1> pole. 


334(8°10') 
223 (11°20') 


ool Oll 


o 
Fig. 3—Location of 
poles of martensite 
habit planes in Ti-Fe 
alloys in a stereo- 
graphic triangle. 
Angles indicated are 


from <111> pole. 
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{110} [0001] 


Fig. 4—Orientation 
relationship between 
a 8 matrix and mar- 
tensite of {334}, 
habit in a Ti-6 pct 
Mn alloy. Plane of 
de projection is parallel 
Kor to the habit plane. 
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to make this method experimentally feasible for the 
present investigation, yielding only three suitable 
specimens out of more than 30 attempts. 
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Experimental Results 


Martensite Habit Plane—In Water-Quenched Ti- 
Mo Alloys: Poles of habit planes resulting from 28 
determinations on eight grains in seven specimens, 
containing 10 to 11 pct Mo, aggregate into two 
groups, areas I and II in Fig. 1. The centers of these 
two clusters deviate from the [334], and [344], 
poles by approximately 114° and 1°, respectively; 
both also lie about 1° off the <110>, zone.* These 


_* Much higher indices might be used to indicate the exact loca- 
tion of the centers of these two clusters. However, for simplicity, 
indices of {334}¢ and {344}, are adopted throughout this paper. 


results are in agreement with those reported pre- 
viously for the Ti-Mn alloys. 

In Water-Quenched Ti-Cr Alloys: From the re- 
sults obtained in 26 determinations on eight grains 
in six specimens of Ti-6 pct Cr alloys, there was not 
a single occasion where martensite of {344}, habit 
was observed. All markings were the {334}, habit, 
area I in Fig. 2. Based on the ratio of determinations 
on martensite of {344}, habit to those of {334}, habit 
in Ti-Mo alloys, it seems logical to conclude that 
there is only one martensite habit plane in quenched 
Ti-Cr alloys. This conclusion was further verified 
by the observations made from the subzero tem- 
perature treatment of Ti-Cr alloys. 

In Water-Quenched Ti-Fe Alloys: Approximately 
3.6 pct Fe was required to retain the 6 phase com- 
pletely. Only eight habit-plane determinations were 
made on three out of ten specimens. In all determ- 
inations, the habit plane was identical to that in 
Ti-Cr alloys, the {334}, habit, Fig. 3. Since the 
number of determinations is insufficient, it is not 
concluded whether or not martensite platelets of 
{344}, habit also exist in Ti-Fe alloys. 

In Specimens after Subzero (—186°C) Tempera- 
ture Treatment: In seven determinations made on 
two Ti-Mo alloys of 10.5 and 11 pet Mo content, only 
martensite of {344}, habit was found, area III in 
Fig. 1. In the two Ti-6.5 pct Cr alloys, the martensite 
habit planes are the same as those found in the 
water-quenched specimens, the {334}, habit, area II 
in Fig. 2. If the martensite platelets in Ti-Cr alloys 
do exhibit two habit planes, the specimens treated 
at —186°C would show some martensite platelets of 
{344},, as do Ti-Mo alloys. Obviously, this is not the 
case. It leads to the conclusion that martensite plate- 
lets in Ti-Cr alloys possess only one habit, {334}p,. 

It might be noted that in these two Ti-Mo alloys, 
fine martensite needles were present in localized 
areas after water quenching. Specimens of higher 
molybdenum content which did not reveal these fine 
needles were also lacking in martensite platelets 
after subsequent quenching to subzero temperature. 
This indicated that, in Ti-Mo alloys, the formation 
of {344}, martensite upon quenching to subzero 
temperature was sensitive to the slight variation in 
alloy content. 

In Specimens Deformed at Room Temperature: 
Ti-Mo alloys of less than about 15 pct Mo content 
which retain 8 phase upon water quenching form 
straight-line markings upon deformation at room 
temperature. These markings were persistent even 
after deep polishing. In all determinations made on 
these markings, the habit observed was one of the 
two habit planes found in water-quenched speci- 
mens, and not the {112}, habit of mechanical twins 
in body-centered-cubie metals. 

Eight Ti-Cr alloys, ¥.x%x%4 in., containing from 
6.3 to 6.5 pet Cr, were compressed or cold rolled. 
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Table |. Tabulation of Experimental Data 


Specimens Used 


Experimental Results 


Nominal 
Allo Method of Composition, ota f 
Treatment No. ct Determinations {334}¢ {344}2 
Ti-Mo 0°C Quenching 7 10 to 11 28 24 4 
—186°C Quenching 2 10.5 and 11 ul 0 io 
Compression 2 13 12 0 2 
Tension 2 14 Yh 0 
Rolling 2 10.5 11 0 ays 
Ti-Cr 0°C Quenching 6 5.5 to6 26 26 , 
—186°C Quenching 2 6.5 5 5 x 
Ti-Fe 0°C Quenching 3.3 8 8 


These specimens either peeled or cracked during 
deformation. Thus, no data were obtained. In the 
Ti-Mo alloys, martensite platelets induced by either 
tension, compression, or cold rolling delineated only 
the {344}, habit, area III in Fig. 1. Since martensite 
produced by cold rolling is slightly curved, the poles 
of the habit planes determined were scattered. 

The results of habit plane determinations on dif- 
ferent alloys under various conditions are sum- 
marized in Table I. 


Lattice Relationships—Between 6 Matrix and Mar- 
tensite of {334}, Habit: Relatively thick martensite 
platelets of {334}, habit suitable for the direct ex- 
posure method could be obtained in quenched Ti- 
Mn alloys. A group of Ti-Mn alloys containing 6 pct 
Mn was prepared and a final specimen was obtained 
by the direct exposure method. It was found that 
Burgers’ relationship’ holds true in the present case, 
but with slight modification. The orientation rela- 
tionship may be defined as follows 

(110), // (0001),, 
[111], : [1120]. ~0° to 
This relationship is shown stereographically in Fig. 4. 

From later observations of the microstructure of 
the exposed martensite platelets, it appeared that a 
single platelet contains colonies of needle-like struc- 
tures; thus, the orientation of the platelet might also 


Fig. 5—Powder dif- 
fraction pattern of 
an etched-down solid 
Ti-4 pct Cr alloy, 
water-quenched for 

1 hr at 900°C, 
showing a B-+-a’ 
structure. Spots on 
{110}, were paired 
with those on 


(0002)... 
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vary slightly from colony to colony. In order to 
explore this possibility, four Laue back-reflection 
photograms were taken at random on this exposed 
platelet. In all cases, no deviation could be noticed 
in the parallelism between [110], and [0001]., zones, 
but the [111], and [1120]., zones had a separation 
that varied from 0° to 2°. 

The parallelism of (110), and (0001). was also 
observed in Ti-Mo alloys by the powder diffraction 
method,’ although this alloy possesses two martensite 
habit planes. This is better shown in Fig. 5 for a 
Ti-Cr alloy in which martensite platelets delineate 
only the {334}, habit. 

Between 8 Matrix and Martensite of {344}, Habit: 
Two determinations were made on martensite plate- 
lets induced by cold rolling in Ti-Mo alloys. The 
determined lattice relationships were not the same. 
However, one of them is similar to that found in 
the case of martensite of {334}, habit. These two 
relationships are shown stereographically in Figs. 
6 and 7, and are expressed as follows 


(110), : (0001),, ~14° 


= 1010 [1] 

(110), // (0001).. 

Microstructures—Martensite platelets in the 


water-quenched binary titanium alloys usually ap- 
peared as thin, straight markings, parallel to each 
other within a given cluster. Subzero temperature 
treatment had no apparent effect on the thickness 
of platelets either present before, or formed during, 
quenching. However, platelets sometimes exhibited 
considerable width when formed by deformation, 
especially by cold rolling. These platelets were 
macroscopic on a previously polished surface. It is 
not unusual for some of these platelets to have an 
area of about 1 sq cm, or to be restrained only by 
the size of matrix grains. 

Sometimes the parallel martensite platelets con- 
stituted the cross slip appearance shown in Fig. 8. 

The lightning-bolt type of martensite observed in 
Ti-Mn alloys’ was also found in the Ti-Cr alloys, 
Fig. 9. On two occasions, the habit planes of the 
component needles were determined by two-surface 
analysis, and were found to have a {334}, habit. The 
angular separation of their poles was 64°. In other 
words, if the habit plane of one component is (334) g, 
the other has indices of either (334), or (343),. 

Since no detailed study has been made of the 
exposed martensite platelet at high magnification, 
an attempt to do so was made during this inves- 
tigation. Extreme difficulties were experienced, due 
to the limited thickness of the platelet. Not only 
must the polished surface be exactly parallel to the 
broad area of the platelet, but the amount of mate- 
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rial removed during final electrolytic polishing must 
be accurately controlled. Of the many attempts 
made, only two platelets could be exposed and 
photographed with any degree of success. One of 
them is shown in Fig. 10. 

The outstanding feature of this photograph is that 
the exposed platelet is composed of many dark- 
etched lines instead of a homogeneous structure. 
These lines seem to segregate into clusters, and may 
or may not be parallel from cluster to cluster. If the 
material between these lines is assumed to be part 
of the platelet, then these lines could be twins. How- 
ever, this in-between material joins continuously 
with the matrix outside the platelet without any 
visible boundaries under either polarized or oblique 
light. This suggests that the material is a portion of 
matrix trapped within the platelet. Hence, the struc- 
ture of martensite might be very complicated, and 
not a single crystal structure as generally assumed. 


Fig. 6—Orientation 
relationship A be- 
tween a 8 matrix 
and martensite of 
{344}, habit in a 
Ti-11 pct Mo alloy. 
Plane of projection 
is parallel to the 
habit plane. 


Discussion 

From the results obtained in this investigation, 
the generalization can be made that martensite 
platelets in binary titanium alloys delineate one or 
two crystallographic planes of the 8 matrix with 
indices close to {334}, and {344},. These findings 
were verified in the determination of the lattice 
relationships, as shown in Figs. 4 to 6. 

No data were obtained which indicated that mar- 
tensite platelets of different habit planes might have 
different crystal structures. Using the Debye- 
Scherrer powder technique and etched-down solid 


Fig. 8—Micrograph of a Ti-5.7 pct Cr alloy, water-quenched 
for 1 hr at 1200°C, showing cross slip appearance. X150. 
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Fig. 7—Orientation 
relationship B be- 
tween a 8 matrix 
and martensite of 
{344}, habit. Plane 
of projection is 
parallel to the habit 
plane. 


specimens, the lattice parameter of martensite 
formed by water quenching did not vary appre- 
ciably from that for a-titanium.’ However, with an 
elaborated technique, it was reported that two close- 
packed-hexagonal structures with a slight differ- 
ence in lattice parameter were formed in quenched 
Ti-Mo alloys.* This implied that martensites of dif- 
ferent habit planes could have different crystal struc- 
tures, and offered a logical explanation for the 
plurality of martensite habit planes in Ti-Mo alloys. 

The observation made on the habit plane of mar- 
tensite induced under various conditions in Ti-Mo 
alloys in the present investigation rules out the 
possibility that the mode of stress, tensile or com- 
pressive, is a primary factor influencing the pre- 
ferential formation of martensite platelets on one 
habit plane or the other. Thus, it could be that the 
habit plane of martensite depends on the tempera- 
ture at which the martensite forms. In the case of 
steel, Van Winkle and Mehl’ concluded that the 
transformation temperature is the controlling vari- 
able accounting for the selection of different mar- 
tensite habit planes. 

It is suggested here that the martensite platelets 
of different habit planes may have different M, tem- 
peratures. The M, curve determined by Duwez” for 
Ti-Mo alloys could be the M, curve for martensite 
of {334}, habit. The M, curve for martensite of 
{344}, habit could be quite horizontal, as shown in 
Fig. 11. It would therefore appear that only mar- 
tensite of {334}, habit could exist in relatively low 
alloyed or unalloyed titanium. This is in agreement 


Fig. 9—Micrograph of Ti-6 pct Cr alloy, showing lightning- 
bolt type of martensite. X150. 
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with the results of both Newkirk and Geisler’ and 
Williams et al.* on sponge and iodide titanium. 

As to the lattice relationship, Williams et al.* 
found that the (0001). plane cannot be exactly 
parallel to the (110),, but is removed by % of 1°. 
This deviation from parallelism of these two planes 
was not observed in the present investigation. How- 
ever, there is general agreement on the association 
of the specific habit plane with this orientation rela- 
tionship. In all cases, the pole of the habit plane 
of the platelet les near the (110), plane, which is 
in parallelism with the basal plane of the martensite. 
In addition, the directional parallelism is not the 
[111], direction that is closest to the pole of the 
habit plane, but the one about 80° away. This is 
illustrated in Fig. 4. 

Two orientation relationships between the 6 matrix 
and martensite of {344}, habit were found in the 
present investigation. Since both of them are experi- 
mental evidence, it is not possible at present to con- 
sider one more valid than the other. These two 
orientation relationships may be interrelated by 
some structural variations, such as twins, although 
this was not found here. Weinig and Machlin”™ re- 
ported that Burgers’ orientation relationship holds 
true for martensite of {344}, habit. This agrees with 
the relationship B, Fig. 6. However, there is a dis- 
crepancy in the association of the habit plane with 
this lattice relationship. Weinig and Machlin’s habit 


plane, (434),, Fig. 6, is different from (443), as 
found in the present investigation. 


Conclusions 


1) In water-quenched Ti-Mo alloys, two mar- 
tensite habit planes, {334}, and {344},, were observed, 
the former being more prevalent. Martensite in- 
duced either by subzero temperature treatment or 
by deformation (tension, compression, or rolling) 
at room temperature possessed only one habit plane, 
the {344}, habit. 


Ms- {334} 5 Fig. 11—Schematic 
representation of M, 
temperatures for 
martensites of dif- 
ferent habit planes 


in the Ti-Mo system. 
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Fig. 10—Microstructure of an 
exposed martensite platelet in 
a Ti-13 pct Mo alloy. This pic- 
ture is a composite of two 
micrographs. Lines running 
from lower right to upper left 
are scratches due to insufficient 
electrolytic polishing. X150. 
Area reduced approximately 35 
pet for reproduction. 


2) Martensite in Ti-Cr alloys, either quenched 
into water or subsequently treated at liquid argon 
temperature, was shown to have the {334}, habit 
only. 

3) Only one habit plane of martensite, {334}», 
was observed in water-quenched Ti-Fe alloys. It 
was not determined whether another habit plane of 
{344}, indices exists in this alloy system as it does 
in Ti-Mo alloys. 

4) The orientation relationship between the 
matrix and martensite of {334}, habit is as follows: 

(110), // (0001)., 

5) The orientation relationship between the 
matrix and martensite of {344}, habit was found to 
be different in two specimens: 

Specimen A (110),: (0001). ~14° 
FILO 
(110), // (0001)., 

6) It is the temperature at which the martensite 
forms, not the stresses, which controls the selection 
of the habit plane of this martensite, in an alloy 
system which possesses two martensite habit planes. 

7) Microstructures of individual martensite 
platelets have been observed to comprise a complex 
structure when examined parallel to the habit plane. 


Specimen B 
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Canadian Copper Refiners Ltd. 


Recent Developments in Electrolytic Copper Refining 


_ Changes and additions made to the Canadian Copper Refiners Ltd. electrolytic 
refinery between 1949 and 1955 are reviewed. The effect of high current density on 
current efficiency and section work is discussed. 


by Stuart S. Forbes 


PERATING and physical changes which have 

been made to the electrolytic tank house of Ca- 
nadian Copper Refiners Ltd. suggest a review of 
present conditions. Previous papers” * have described 
the general arrangement. Since then, expansion, 
closer anode spacing, and higher current densities 
have increased annual cathode capacity from 112,000 
to 182,000 tons. 

A recent extension to the tank house, begun in the 
spring of 1954 and completed in August 1955, was 
undertaken to handle the monthly production of 
about 3,000 tons of anodes from Gaspé Copper Mines. 

The anticipation of these additional receipts and 
large stocks of unrefined copper caused by the in- 
crease in custom smelting at Noranda made it nec- 
essary to increase production without immediately 
available additional cell capacity. Accordingly, from 
December 1954 through March 1955, the tank house 
was operated successfully at a current density of 
24.0 amp per sq ft. Again, as of September 1955, one 
of the two tank house circuits is being operated at 
this high density. Although other refineries may 
operate at current densities higher than 24 amp per 
sq ft, none is doing so with anodes which contain 
silver and gold content as high as those being re- 
fined at Canadian Copper Refiners Ltd. 


General Arrangement 

The original building consisted of two parallel 
bays, each 660 ft long and 60 ft wide, with a 24 ft 
pump bay extending along the west side of the 
building. A previous expansion, completed in 1939, 
was to the west of the original building and con- 
sisted of two 60 ft parallel bays 240 ft long. The 
length of these two bays was extended in 1954 to 
540 ft, adding one stripper and 12 commercial sec- 
tions to No. 2 electrical circuit. Space is still avail- 
able for an additional six commercial sections and 
one stripper section. Construction on these seven 
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sections started in September 1955, and will be com- 
pleted early in 1956. The tank house capacity will 
then be 206,000 tons of cathodes per year. 

In the two tank houses there is a total of 900 cells 
distributed as follows—commercial, 468; stripper, 
36; total, 504 in the No. 1 tank house (No. 1 circuit): 
commercial, 360; stripper, 36; total, 396 in the No. 2 
tank house (No. 2 circuit). Section arrangement 


Table |. Comparison of 620 and 700 Lb Anodes 


620 Lb Anode 700 Lb Anode 


Anode spacing, center to center, in. 4 4% 


Amp per cell 18,000 15,400 
Current density, amp per sq ft cathode 

surface 19.6 19.2 
Current efficiency, pct 95.3 95.0 
Lb copper deposited per kw day 232 223 
Lb copper deposited per cell per day 1,085 920 
Anode cycle, days 24 30 
Anode scrap, pct 14 13 
Lb glue per ton cathode deposit 0.09 0.125 
Lb Avitone per ton cathode deposit 0.09 — 


consists of nine cells to a tier and two tiers or 18 
cells to a section. Anodes, weighing 620 lb each, are 
cast with a Baltimore groove and are refined by the 
multiple system. Solution enters each cell through a 
bottom inlet at one end and overflows at the top of 
the opposite end. Rate of solution flow through the 
cells is controlled by valves at each section to 4.5 
gpm. 

Electrical power to the tank house is now pro- 
vided by nine 675 kw motor generator sets. Each set 
consists of a 135-12 v 5000 amp dc generator, driven 
by a 980 hp 2300 v synchronous motor. When No. 1 
circuit is operated at 22,000 amp, five sets, at 4400 
amp each, are connected in parallel. As the maxi- 
mum allowable current on No. 2 electrical circuit 
has recently been set at 18,000 amp, only four sets 
are connected in parallel on No. 2 circuit. A tenth 
set, now being installed, will be reserved as a spare, 
for use in either circuit as required. 


Recent Changes 


In 1949, the annual capacity of the tank house was 
increased from 112,000 to 132,000 tons by closing the 
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anode spacing from 41% to 4 in. center to center. At 
the same time, anode weight was reduced from 700 
to 620 lb, and the number of anodes and cathodes 
per cell was increased from 42 and 43 to 48 and 49, 
respectively. To maintain the current density with 
the additional anodes, the current was raised from 
16,500 to 18,800 amp per cell. Since 1949, steady in- 
creases in current have been used successfully up to 
a maximum of 22,000 amp, or a current density of 
24.0 amp per sq ft at the cathode face. Various per- 
tinent data are shown in Tables I and II. 


Table Il. 620 Lb Anodes 


Current Lb per 
Amp Load Current Density Efficiency, Pct Kw Day 
18,000 19.6 amp per sq ft 95.3 232 
20,000 21.8 amp per sq ft 94.0 198 
22,000 24.0 amp per sq ft 93.2 190 


Referring to Table I, the maintenance of efficiency 
with the closer anode spacing and the higher current 
density was made possible by the use of Avitone A 
in conjunction with glue as an addition agent. Avi- 
tone A is a sulfonated petroleum product produced 
by E. I. du Pont de Nemours Co. Inc. Its use as an 
addition agent is covered by U. S. patent No. 2,660,- 
555. Avitone A was adopted as a supplementary ad- 
dition agent in January 1952. Prior to that time, glue 
alone was used as the addition agent. Current effi- 
ciency was then about 92 pct at an 18,000 amp load, 
or a current density of 19.6 amp per sq ft. 


Current Efficiency 


No major difficulties are encountered at Canadian 
Copper Refiners Ltd. when operating at a high cur- 
rent density. However, section inspection becomes 
particularly important. By the use of two shifts of 
inspection from 7:00 a.m. to 11:00 p.m., current effi- 
ciency is maintained at a satisfactory level of 93 pct. 
As is expected, the copper yield is affected and drops 
to 190 lb per kw day. 

To aid in the maintenance of high current effi- 
ciency, the gaussmeter or short detector is used to 
supplement inspection by hand and millivolt meter. 
This instrument, manufactured by A. J. Anderson 
Electric Co., Irvington, N. J., and used first by the 
U. S. Metals Refining Co.’s Carteret, N. J. refinery, 
has provided a rapid and accurate means of inspec- 
tion. However, the gaussmeter cannot detect dead 
sheets due to magnetic fields from adjacent cathode 
suspension rods. 

High current efficiency is also aided by introduc- 
ing into the tank house schedule three-pulling sec- 
tions, sections from which three crops of cathodes 
are pulled from a single anode loading. The number 
of three-pulling sections is limited by the availabil- 
ity of starting sheets and by the work load. The 
three-pulling sections are distributed throughout 
the tank house so that each pair of sectionmen has 
two three-pulling and two two-pulling sections to 
attend. As the second and third runs of three-pull- 
ing sections require less attention, the sectionmen 
are able to devote more time to the two-pulling sec- 
tions. A typical schedule, that for the month of 
October 1955, is shown. 

The higher efficiency obtained through the use of 
three-pulling sections may be largely attributed to 
_ the second pulling. Current efficiency for the second 
cathode pulling averages more than 96.5 pct at 
22,000 amp, and more than 98 pct at 18,000 amp. 
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Fig. 1—Typical cathode sections: upper left, first run 
cathode produced at cathode density of 19.6 amp per sq ft; 
lower left, mud run cathode produced at cathode density 
of 19.6 amp per sq ft; upper right, first run cathode pro- 
duced at cathode density of 24 amp per sq ft; and lower 
right, mud run cathode produced at cathode density of 24 
amp per sq ft. 


Tables III and IV give comparative data. Avitone A 
and glue, in the amount of 0.09 lb each per ton of 
cathode deposit, were the addition agents. Current 
efficiency is based on 0.06274 lb Cu deposited per 
amp day at 100 pct current efficiency. 

Fig. 1 shows typical cathode deposits obtained at 
currents of 18,000 and 22,000 amp. First run and 
mud run cathodes were selected. 


Section Work 


Section work is arranged so that six sectionmen 
and one inspector are responsible for the condition 
of 12 sections. All sectionmen and inspectors are 
under the supervision of one inspector foreman who, 
in turn, reports directly to the department head. 


Table Ill. Current Efficiencies at Various Current Densities, Pct 
19.6 Amp 21.8 Amp 24.0 Amp 
per Sq Ft per Sq Ft per Sq Ft 

Two-pulling sections 94.5 92.4 1.6 
Three-pulling sections 96.0 95.4 94.7 
Average 95.3 94.0 3.2 


When operating at currents of 20,000 amp and 
over, two shifts of inspection from 7:00 a.m. to 11:00 
p.m. are used to maintain current efficiency. No in- 
spection is carried on the 11:00 p.m. to 7:00 a.m. 
night shift. At currents below 20,000 amp, afternoon 
inspection is eliminated except for one inspector and 
three sectionmen for the entire tank house. Sections 
loaded during the day with anodes and cathodes are 
checked by this crew. 

Each pair of sectionmen is permanently assigned 
to four sections. Each sectionman takes care of the 
odd or even numbered tiers of the assigned sections. 
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This arrangement enables the department head to 
follow the performance of any individual section- 
man. To foster a competitive spirit, current efficien- 
cies are posted daily. 

Section inspection begins as soon as the current is 
connected to a section when the cutout bar is re- 
moved. The section is first checked by a short detec- 
tor to locate any short circuits quickly. The use of 
the millivolt meter has not proved to be effective at 
this stage. The presence of a high number of hot 
sheets in a cell lowers the anode to cathode voltage 
to such a level that it is difficult to detect a voltage 
variation. Feeling of cathode suspension rods by 
hand has not been successful, either, as at high cur- 
rent density the rods are hot to the touch even when 
carrying normal current. 

After the short circuits are eliminated, the milli- 
volt meter is used to detect nonfunctioning or dead 
sheets which the short detector has not located. 
Subsequent inspection utilizes the short detector, 
with millivolt meter readings taken once every shift 
on which inspection is used. 

The prime virtue of a short detector for section 
work is the ease and accuracy with which a section 
is inspected. A sectionman, with a short detector, 
can examine a full section or 882 cathodes in 15 min. 
This compares with 40 min by millivolt meter read- 
ings and 60 min by hand feeling. Before adopting the 
gaussmeter, it was possible for the sectionmen to 
check the sections only twice a shift, whereas with 
this instrument each section is inspected from four 
to five times. This frequent inspection and correction 
is largely responsible for achieving the high current 
efficiency. 

When the tank houses are operated at a current of 
18,000 amp, 2.26 manhours per ton of cathode pro- 
duction are required, of which 22 pct or 0.50 man- 
hours is used for section inspection. However, when 
the current is raised to 22,000 amp and section in- 
spection is increased to two shifts, a total of 2.64 
manhours per ton of cathode production is used. 
Section inspection at 22,000 amp accounts for 0.80 
manhours, or 30 pct of the total manhours. 


Addition Agents 


A program for the continual development and 
evaluation of better or more suitable addition agents 
leads not only to the use of Avitone A, but also to 
Polyvinyl Alcohol (P.V.A.). A patent has been ap- 
plied for to use P.V.A. as an addition agent. This 
agent, in conjunction with glue or glue and Avitone 
A, proved to be satisfactory for high current density 
operations by aiding in the maintenance of good effi- 
ciencies. However, because of the corrugated nature 
of the cathode deposit, P.V.A. cathodes were not sat- 
isfactory for melting in an electric arc furnace, al- 
though they were suitable for refining in the rever- 
beratory-type wire bar furnace. It is believed that 
the cathode deposit obtained with P.V.A. entraps a 
lot of electrolyte and, as a result, sulfur and moisture, 
which adversely affect the quality of electric arc 
furnace cakes cast from these cathodes. As there is 
no refining in an electric arc furnace used for the 
direct melting of cathodes, it has been found that 
cathodes with an average analysis of greater than 
0.0020 pct S require excessive oxygen and cause dif- 
ficulty in maintaining an acceptable set surface. 

At first, it was felt that when the tank house was 
operated at high current density no increase in addi- 
tion agents would be required, due to the grain 
refinement by the current density. It was found, 
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however, that extra quantities of addition agents 
were required in proportion to the increase in the 
amperage. Final small adjustments to the amounts 
of addition agent are made according to the physical 
characteristics of the cathode deposit. 

When operating at currents from 18,000 to 22,000 
amp, consumption of addition agents is approxi- 
mately 0.09 lb of glue and 0.09 lb of Avitone A per 
ton of cathode production. No salt or hydrochloric 
acid is used with Avitone A. During its manufacture, 
Avitone A is neutralized with hydrochloric acid and, 
because of this, contains sufficient chlorine to main- 
tain the concentration of the tank house electrolyte 
at the desired 0.0020 to 0.0025 pct chlorine. 

Evaluation of addition agents is first conducted in 
the research laboratory. This is done in modified 
Haring cells where tank house conditions are dupli- 
cated as closely as possible. Test electrolytes are nor- 
mally made from wire bar copper and CP sulfuric 
acid and contain 190 gpl H.SO, and 44 gpl Cu. The 
electrolyte temperature is maintained at 150°F. 

Addition agents giving favorable deposits are 
then tried in a separate full sized experimental sec- 
tion in the tank house. This section has an independ- 
ent electrolyte circulation system, but is connected 
to the regular No. 1 electrica] circuit. Final evalu- 
ation is based on results obtained in this section. 

To date, over 300 addition agents have been tried 
in the research laboratory. Of these, 30 have been 
considered as worthy of tank house tests in the ex- 
perimental section. So far, after appraisal under 
operating conditions, only Avitone A and P.V.A. 
have proved satisfactory for general use. 


Table IV. Current Efficiencies for Cathode Runs at a Current 
Density of 24.0 Amp per Sq Ft, Pct 


Two-Puiling Sections Three-Pulling Sections 


1st run 90.8 92.2 
2nd run — 96.7 
Mud run 92.3 95.5 
Average 91.6 oy | 


Once an addition agent has given encouraging 
possibilities, various combinations with glue or with 
glue and Avitone A are tried to determine the most 
suitable ratios. Current efficiency, copper yield, 
physical appearance, and sulfur content of the cath- 
odes are evaluated. Dependiny upon the results, the 
addition agent is either accepted or discarded. 
Should its performance warrant it, the addition 
agent is tried in a circulation comprised of about 
twelve commercial sections. Finally, the addition 
agent is used in either or both tank houses, or its use 
is discontinued entirely. This procedure was fol- 
lowed in the development of both Avitone A and 
P.V.A. as addition agents. 


Silver and Gold Losses in Cathodes 


As the silver and gold content of the anodes re- 
fined at Canadian Copper Refiners Ltd. is relatively 
stable, it is possible to observe the effect that in- 
creased current density has on the metal losses, Un- 
fortunately, the range of current density is restricted 
by the operating conditions. The data obtained are, 
therefore, limited. 

To avoid any cathode surface irregularities which 
might lead to unrepresentative assays, sample wire 
bars and cakes are used for determining the silver 
and gold losses. For comparative purposes and to 
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compensate for any variation in the anode analyses, 
the losses are expressed as a percentage by applying 
the average anode analysis and the weighted wire 
bar and cake analyses to the cathode production. 
Cathode metal losses at various current densities 
are: silver loss— 1.0 pct at 19.6 amp per sq ft, 1.23 
pet at 21.8 amp per sq ft, and 1.58 pct at 24.0 amp per 
sq ft; gold loss—0.53 pct at 19.6 amp per sq ft, 0.55 
pet at 21.8 amp per sq ft, and 0.65 pct at 24.0 amp 
per sq ft. As the current density increases the cath- 
ode deposit becomes rougher, with the result that 
the mechanical occlusion of settling slime increases. 
From the aforementioned figures, it is evident that 
with increasing current density the percentage of 
metal loss increases. This is particularly true in the 
case of silver, though less true for gold, probably 
because gold is present in an uncombined state. The 
uncombined gold settles faster, lessening the possi- 
bility of entrainment in the cathode deposit. 


Solution Control 


With the increase in custom smelting at Noranda 
Mines Ltd., there has been an increase of the impuri- 
ties, particularly nickel, in the Noranda anodes and, 
therefore, in the tank house electrolyte. To maintain 
the concentration of the electrolyte below 18 gpl Ni, 
it has been necessary to withdraw from the circula- 
tions an amount of nickel at least equivalent to that 
being introduced to the tank house electrolyte by the 
Noranda anodes. Electrolyte withdrawn for purifi- 
cation is passed through a set of liberator cells 
arranged in cascade, in which the copper is depleted 
by means of insoluble lead anodes and copper cath- 
odes. The discharged electrolyte or weak acid, ana- 
lyzing <1 gpl Cu, is concentrated under vacuum, 
cooled for nickel sludge removal, and centrifuged to 
filter off the concentrated acid. This acid is recycled 
to the tank house. 

Aside from the necessity for withdrawing elec- 
trolyte for purification purposes, continuous control 
of its copper content is maintained. For this purpose, 
the standard practice of introducing liberator cells 
into the regular commercial sections is followed. 
Normally, the copper concentration of the commer- 
cial circulations is held between 41 and 48 gpl Cu. 
As these limits are approached, liberator cells are 
withdrawn or installed. 

In 1949 the free acid content of the electrolyte was 
reduced from 210 to 190 gpl in an attempt to over- 
come the passivity of Noranda anodes. At that time, 
the copper content was increased from 41 to 45 gpl. 
The reason for the passivity of Noranda anodes is 
believed to be an insufficiency of slime, which tends 
to form an insoluble barrier on the anode surface 
rather than sloughing off and exposing a fresh anode 
surface. Striking the anode lugs with a hammer low- 
ers the voltage, indicating that a surface film is dis- 
lodged. As an additional measure to aid in keeping 
passivity at a minimum, the cell inlet electrolyte 
temperature is maintained at 150°F. 


Electrolyte Heating 


During the past year, there has been a steady con- 
version from low pressure (15 to 20 psi) lead coils 
to high pressure (90 to 100 psi) stainless steel plate- 
type coils. The latter coils, manufactured by Trantor 
Manufacturing Inc., Lansing, Mich., under the trade 
name of Platecoil, are of type 316 stainless steel. 

Platecoils were originally installed in the stripper 
circulation system where solution heating capacity 
was critical. The use of this type of coil has been 
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Fig. 2—Platecoil installation in electrolyte heating head tank. 


gradually extended to the point where all lead coils 
have been replaced. 

Through the use of Platecoils and high pressure 
steam there has been a marked improvement in the 
capacity for heating of the electrolyte. Plate-type 
coils, because of their physical dimensions, occupy 
50 pet less space than do low pressure coils of equiv- 
alent heating capacity. 

In addition, the plate-type coils require less main- 
tenance than was formerly necessary with lead coils. 
With the reduced maintenance, fewer heating and 
cooling cycles are imposed on the lead linings of the 
head tanks. Although it is too early to make a com- 
parison, indications are that maintenance of the lead 
linings of the head tanks has been reduced. As yet, 
no data are available on the comparative steam con- 
sumptions. Fig. 2 shows a typical Platecoil installa- 
tion in one of the lead lined head tanks. There are 
six coils per head tank. 


Experience Gained at High Current Density 


From experience gained at high current density, 
it became increasingly evident that the cathodes 
produced at these densities were not suitable for 
electric furnace use despite the reversion to the reg- 
ular addition agents of glue and Avitone A. Cathodes 
tended to be nodular and rough, with the result that 
an undesirable amount of electrolyte and, therefore, 
sulfur, was entrained in the cathode structure. The 
sulfur content of the cathodes was about 0.0025 pct 
or higher. To achieve a satisfactory set on vertically 
cast shapes, a correspondingly unacceptable high 
oxygen content of 0.06+ pct was necessary. No im- 
mediate solution was apparent other than the reduc- 
tion of the current density to a level where a uni- 
formly dense cathode structure could be assured. 

It was therefore decided that the current on the 
No. 2 circuit would be restricted so as not to exceed 
a cathode current density of 19.6 amp per sq ft. 
Cathodes from this circuit are reserved for shipping 
cathodes and for charging the electric furnace. The 
amperage of No. 1 circuit is varied according to the 
tonnage of copper to be refined. Cathodes from No. 
1 circuit, when it is operated at high current density, 
are restricted for wire bar charge material. 

If cathodes are to be directly melted in an electric 
are furnace, high current density operations are not 
advisable, because of the moisture and sulfur con- 
tent of the cathodes. However, if these cathodes are 


AUGUST 1956, JOURNAL OF METALS—1085 


to be refined in a reverberatory furnace, high cur- 
rent density operations are practical and, as a meas- 
ure to refine additional copper when capacity is 
otherwise limited, decidedly economical. 
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Vapor Pressure of Liquid Copper 
And Activities In Liquid Fe-Cu Alloys 


The carrier gas method was used to measure the vapor pressure of copper over liquid 
copper and Fe-Cu alloys. From these results, the activity of copper in the alloys was 
determined at 1466°, 1550°, and 1600°C. Calculations of the activity of iron were made 
from the results for copper. The activities of copper and iron show strong positive devia- 


tions from Raoult’s law. 


by J. P. Morris and Glenn R. Zellars 


ee eee of vapor pressures of liquid metals 
has both practical and theoretical value. Fum- 
ing of metal baths is directly related to vapor pres- 
sure, and the data should be particularly important 
to the technology of vacuum metallurgy. Theoreti- 
cal applications include determinations of heats of 
vaporization, heats of solution, and activity coeffici- 
ents in alloys. 

Methods for measuring vapor pressures of metals 
have been reviewed by Speiser and Spretnak.* High- 
vacuum procedures, such as the Langmuir and 
Knudsen methods, have been used most widely in 
recent years. However, these methods are not ap- 
plicable to vapor pressures greater than 10° mm Hg 
and often cannot be used in the temperature range 
of greatest interest. 

The purpose of this investigation was to develop 
a procedure for measuring vapor pressures of pure 
metals and alloys that would be applicable to pres- 
sures greater than 10° mm Hg. The transportation 
or carrier gas method has been used. Copper was 
chosen for the initial work because its vapor pres- 
sure has been established fairly well and the re- 
liability of the technique could be ascertained. Ap- 
plicability to alloys was studied by determining the 
vapor pressure of copper over liquid Fe-Cu alloys. 


Experimental Procedure 
The tests were carried out in a graphite-spiral 
resistance furnace. The charge consisted of 50 g of 
metal contained in a covered sintered-alumina 
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Fig. 1—Arrangement of crucible, gas tubes, radiation shields, 
and crucible support. 


crucible 4% in. deep and 1% in. ID. Two sintered- 
alumina tubes led from outside the furnace to with- 
in the crucible, passing through close-fitting holes 
in the crucible cover and radiation shield. The ar- 
rangement of the crucible and the two alumina 
tubes is shown in Fig. 1. 

The small-bore tube (1/16 in. ID by 5/16 in. OD) 
served as the inlet for the carrier gas. The tip of this 
tube touched the metal surface and the flow of gas 
imparted a rippling motion to the metal. In this 
manner the gas was brought into close contact with 
the metal and became saturated with metal vapor. 
In most of the tests the flow rate of the carrier gas 
was 560 ml per min, measured at room temperature. 

Approximately half of this saturated gas was 
allowed to escape from the crucible through the 
second alumina tube (3/16 in. ID by 5/16 in. OD) 
and was discharged to the atmosphere through a 
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Fig. 2—Vapor pressure of liquid copper is shown in graph. 


calibrated wet test meter. The metal vapor present 
in this portion of the gas condensed on the inside 
wall of the alumina tube. An excess of carrier gas 
was used to maintain a positive pressure within 
the crucible. 

In preparing for a test, the furnace was brought to 
the working temperature and a condensing tube was 
inserted through a rubber stopper in the top of the 
furnace. A stream of carrier gas was passed down- 
ward through the condensing tube to keep out metal 
vapor until the test was started. Sampling of the 
saturated gas in the crucible was begun only after 
thermal equilibrium had been re-established. 

After the test the condensed metal in the alumina 
tube was dissolved in acid and the weight of metal 
determined by chemical analysis. The vapor pres- 
sure was calculated by means of the following equa- 
tion 

Ny 
p=P [1] 


where p is the vapor pressure of the metal, P is the 
total pressure within the crucible, and n, and n, are 
the number of moles of vapor and carrier gas, re- 
spectively. Copper vapor was assumed to be mon- 
atomic. 

Temperature Control—Since vapor pressure 
changes rapidly with temperature, temperature 
must be controlled closely. In this investigation tem- 
perature was controlled with the aid of a pilot fur- 
nace of very small heat capacity connected parallel 
to the power supply of the working furnace.’ A 
chromel-alumel thermocouple in the pilot furnace 
actuated an on-off temperature controller. The con- 
troller alternately increased and decreased the 
power input to the two furnaces by about 5 pct in 
a 25 to 30 sec cycle. Fluctuations in line voltage 
caused the lengths of the heating and cooling periods 
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of this cycle to vary in a manner which tended to 
maintain a constant temperature within the pilot 
furnace. 

The pilot furnace served as an anticipating device 
by responding to voltage changes very quickly. 
Small temperature fluctuations in the pilot furnace 
were dampened out in the large furnace because of 
its slower heating and cooling rate. After the work- 
ing furnace had reached thermal equilibrium, its 
temperature remained constant within +1°C. 

Temperature Measurement—Temperatures were 
measured with a total radiation pyrometer sighted 
through a quartz window onto the radiation shield 
below the crucible. The graphite support for the 
crucible served as a sight tube for the pyrometer. To 
eliminate fumes from the optical path, a stream of 
inert gas was introduced immediately above the 
quartz window and flowed up the support tube. 
Toward the end of each test the radiation pyrometer 
was removed and optical pyrometer readings were 
taken through a % in. hole in the radiation shield. 

The relation between the optical and radiation 
pyrometer readings and the true temperature in the 
crucible was determined by freezing point deter- 
minations, using high purity iron, nickel, and man- 
ganese. The calibration set-up was identical to that 
of the vapor pressure tests except that the condens- 
ing tube was omitted and the hole in the lid was left 
open so that freezing of the metal could be ob- 
served. Temperature control was so exact that solid- 
liquid equilibrium could be maintained for an in- 
definite period. 


Table |. Vapor Pressure of Liquid Copper and Heat of Vaporization 
at Absolute Zero 


Copper in Vapor 
Tempera- Con- Mol Pres- 
ture, Carrier densate, Carrier sure, Cal 
OK Gas Mg Gas Mm Hg per Mol 

1605 Helium 4.68 1.6351 0.034 80,202 
1613 Helium 4.07 1.2194 0.039 80,134 
1651 Argon Seas 0.5365 0.071 79,941 
1654 Argon 3.33 0.5395 0.072 80,037 
1681 Helium 6.88 0.8649 0.093 80,385 
1721 Helium 7.34 0.5500 0.156 80,388 
1722 Helium 7.34 0.5469 0.157 80,435 
1724 Argon 8.07 0.5326 0.178 80,080 
1725 Argon 8.18 0.5302 0.181 80,075 
1727 Argon 8.58 0.5469 0.183 80,116 
1737 Argon 9.42 0.5454 0.201 80,232 
le rf! Argon 14.4 0.5330 0.316 80,102 
1776 Argon 15.2 0.5349 0.332 80,115 
1777 Argon 15.2 0.5350 0.332 80,160 
1800 Argon 19.4 0.5431 0.416 80,316 
1807 Helium 20.9 0.5446 0.447 80,357 
1807 Helium 20.6 0.5436 0.441 80,412 
1814 Argon 22.6 0.5325 0.497 80,270 
1821 He+3 pet He 48.7 1.0420 0.543 80,233 
1843 Argon 24.5 0.4218 0.678 80,318 
1861 Argon 31.1 0.4198 0.862 80,172 
1879 Argon 35.8 0.4176 0.997 80,346 


The maximum uncertainty in temperature meas- 
urement was probably less than 3°C in the temper- 
ature range between 1425° and 1560°C. This range 
includes the iron and nickel calibration points. At 
higher and lower temperatures the maximum un- 
certainty probably did not exceed 5°C. 

Saturation of Carrier Gas—The most important 
consideration in the carrier gas method is attaining 
saturation of the gas stream. The procedure de- 
scribed for bringing the gas into intimate contact 
with the metal was used in a previous investigation 
on the distribution of sulfur between liquid iron and 
hydrogen sulfide-hydrogen mixtures. These tests in- 
dicated that equilibrium for this particular reaction 
was attained during the brief period of contact,” ‘ 
and it was this earlier work that suggested the use 
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Fig. 3—Vapor pressure of copper over liquid Fe-Cu alloys. 


of the same technique for measuring vapor pressures 
of liquid metals. 

Lepore and Van Wazer’® have shown that the ap- 
parent vapor pressure given by the carrier gas 
method is dependent on the flow rate. At low flows 
diffusion of the vapor causes high results, and at 
high flows low results are obtained because evapora- 
tion is too slow to saturate the gas stream. However, 
the method gives the true vapor pressure in the 
range of flows where the measured values are in- 
dependent of flow rate. In the present work tests 
run at flow rates of 500 and 1000 ml per min gave 
identical results. Therefore, we have assumed that 
saturation of the gas stream was obtained. 

In addition to varying the flow rate, the effect of 
changing the nature of the carrier gas was studied. 
Fonda" has reported that the rate of evaporation 
from a tungsten filament is less in argon than in 
nitrogen. The present results were found to be in- 
dependent of the gas used, a further indication that 
saturation was obtained. The gases tried were argon, 
nitrogen, helium, and helium containing 3 pct H. 

Condensation of Metal Vapor—Condensation of 
metal vapor occurred over a 4 in. length of the 
alumina tube, starting about 1 in. from the tip. The 
greater part of the condensate formed as tiny drop- 
lets uniformly distributed over the inner surface of 
the tube. The droplets were largest toward the lower 
end and became progressively smaller toward the 
top. A small fraction of the vapor condensed directly 
to the solid state at the top of the deposit. 

To prevent condensation from occurring on the 
crucible wall and lid before the gas reached the 
condensing tube, the crucible was placed in a slight 
temperature gradient with the lid at the hottest 
level. 

There was no evidence that any of the vapor 
passed through the alumina tube without condens- 
ing on the wall. To check this possibility a molecular 
filter designed for air pollution studies’ was con- 
nected to the outlet of the condensing tube in several 
tests. No copper could be detected on the filter after 
these tests. 
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Chemical Analysis—Copper deposits were dis- 
solved from the condensing tubes by repeated wash- 
ings with hot, dilute nitric acid. When the deposit 
contained iron, final treatment was made with hy- 
drochloric acid. To obtain complete recovery of the 
condensed metal, it was essential that tubes having 
dense, nonporous structures be used. 

Copper was determined by measuring the absorb- 
ance of the ammonia complex with a Beckman 
Model B spectrophotometer, using a wave length of 
615 mu. Iron was first removed from the solution by 
double precipitation with ammonia and filtration 
through a porcelain fritted crucible. 

Copper in the Fe-Cu alloys was determined by the 
iodide method. The change in composition of a melt 
during a test was small and could be estimated from 
the weight loss of the melt and analysis of the 
condensate. 

Results for Copper 

The data for liquid copper are shown in Table I 
and Fig. 2. In Fig. 2 the straight line through the 
experimental points can be represented by the equa- 
tion 

10 Pim = —16,050/T +4 8.541. [2] 
The slope of this line corresponds to 73,430 cal per 
mol as the heat of vaporization of liquid copper over 


the temperature range covered. 
A common basis for comparing the present data 


Table II. Comparison of Results for Copper with Data of Other 
Investigators 


Vapor Pressure 


at 1500°C 
Temperature AHo°, Cal Calculated 
Range, °C per Mol from AHo°?, Mm 
This investigation 1332 to 1606 80,220 0.310 
Edwards et al. 870 to 1019 80,290 0.305 
Hersh 969 to 1290 81,080 0.244 
Marshall et al. 995 to 1047 81,000 0.250 
Marshall et al. 1083 to 1193 79,640 0.367 
Harteck 1146 to 1190 81,580 0.213 
1.0 
8 
6 
=I 
4 
0 2 4 6 8 1.0 


Neu 


Fig. 4—Activity coefficient of copper in Fe-Cu alloys at 
1550°C. 
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Fig. 5—Activities of copper and iron in Fe-Cu alloys at 
1550°C. 


with the results of other investigators is afforded by 
calculating the heat of vaporization at absolute zero, 
AH,°. The procedure for performing this calculation 
from calorimetric and spectroscopic data has been 
outlined by Kelley.” The necessary heat capacity 
data for copper are given by Kelley’ and Giauque.” 

The calculated values of AH,° for the present 
work are included in Table I. The mean is 80,220 cal 
per mol Cu, and the standard deviation is 137 cal. At 
1500°C the standard deviation corresponds to 0.01 
mm Hg in vapor pressure, or about 3.5 pct. 

Using the mean value of AH,°, a theoretical vapor 
pressure curve for copper was calculated. It is shown 
by the dashed line in Fig. 1. The slope of the theore- 
tical curve is consistent with current heat capacity 


Table III. Vapor Pressure of Copper Over Liquid Fe-Cu Alloys 


Tempera- Copper in Mol Vapor Pressure 
Mol Fraction ture, Condensate, Carrier of Copper, 
of Copper oK Mg Gas Mm Hg 
0.0269 1803 6.50 0.7614 0.100 
0.0265 1803 6.44 0.7575 0.099 
0.0260 1841 6.28 0.5399 0.136 
0.0442 1811 7.07 0.5133 0.161 
0.062 1812 11.7 0.6328 0.212 
0.062 1810 11.8 0.6312 0.215 
0.061 1846 12.9 0.5258 0.281 
0.060 1842 12.4 0.5256 0.271 
0.089 1816 12.1 0.5275 0.269 
0.088 1817 11.8 0.5194 0.267 
0.088 1851 16.2 0.5179 0.367 
0.143 1755 8.38 0.5538 0.178 
0.143 1757 8.07 0.5503 0.173 
0.142 1836 19.1 0.5463 0.411 
0.142 1838 19.4 0.5438 0.418 
0.171 1817 16.0 0.5276 0.353 
0.171 1841 20.1 0.5240 0.447 
0.217 1816 16.8 0.5403 0.364 
0.217 1816 16.8 0.5374 0.365 
0.216 1838 26.0 0.6415 0.472 
0.328 0.6452 0.199 
0.327 1829 18.8 0.4820 0.452 
0.467 1752 9.94 0.5438 0.213 
0.467 1755 9.94 0.5414 0.214 
0.467 1826 21.3 0.5392 0.461 
0.466 1829 22.1 0.5384 0.479 
0.626 1744 10.9 0.6486 0.196 
0.626 1748 11.2 0.6488 0.200 
0.626 1825 22.9 0.5414 0.491 
0.626 1828 23.4 0.5415 0.502 
0.792 1729 9.49 0.6630 0.168 
0.792 1744 9.19 0.5455 0.198 
0.792 1829 28.4 0.6433 0.516 
0.883 1727 CNS 0.5413 0.166 
0.883 1729 7.99 0.5407 0.171 
0.883 1816 21.9 0.5393 0.470 
0.883 1816 21.4 0.5376 0.461 
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Fig. 6—Effect of temperature on the activity of copper in 
Fe-Cu alloys and comparison with values calculated by 
Chipman for 1600°C. 


data for solid, liquid, and gaseous copper. The devia- 
tion between the theoretical and experimental 
curves is the result of a slight trend in the AH,° 
values with temperature. This trend can be ac- 
counted for by assuming a systematic error in tem- 
perature measurement totaling 5°K over the tem- 
perature range of the experiments. However, this 
assumption implies that the heat capacity data are 
exact and there were no other experimental errors. 

A comparison of the present results for copper 
with those of other investigators is given in Table II. 
On the basis of heats of vaporization at absolute 
zero, all of the investigations agree well, since the 
maximum variation is only 2.5 pct. 

A much more sensitive comparison is afforded by 
calculating the vapor pressure at some temperature 
using each AH,° value. Vapor pressures calculated 
for 1500°C are given in the final column. Excellent 
agreement is shown between the authors’ results 
and those of Edwards, Johnston, and Ditmars.” The 
mean of the two values obtained by Marshall, 
Dornte, and Norton” for solid and liquid copper also 
agree well with the present work. However, the re- 
sults of Hersh” and Harteck™“ are lower than the 
present values by 21 and 31 pct, respectively. It is 
interesting to note that a variation of 1000 cal in 
AH,° is equivalent to a 25 pct change in vapor pres- 
sure at 1500°C. 


Results for Fe-Cu Alloys 


The experimental results for the vapor pressure of 
copper in liquid Fe-Cu alloys are given in Table III. 
Straight-line plots of these data for each alloy com- 
position are shown in Fig. 3, along with the corres- 
ponding line for pure copper. Because of the limited 
number of tests at each composition, the slopes of the 
alloy lines were not established as precisely as the 
slope for pure copper. In constructing an individual 
line, the experimental points were favored that gave 
a slope consistent with the slopes of neighboring 
lines. 

Using Fig. 3, vapor pressures, activities, and ac- 
tivity coefficients for copper in the alloys were cal- 
culated for 1550°C with activity referred to pure 
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liquid copper as the standard state. These quantities 
are related in the following manner 


Pew 
YouN ou [3] 
p Cu 


where Ge, you, and No, are activity, activity coeffici- 


ent, and mol fraction of copper, respectively; peu is 
the pressure of copper over the alloy; and p°., is the 
vapor pressure of pure copper at the same tempera- 
ture. The quantity log aq, can be obtained directly 
from the graph since 


log Gou log Pou log [4] 


The results are given in Table IV. 

Activity of Iron at 1550°C—For calculating the 
activity of iron from the data for copper, an analyti- 
cal method described by Hildebrand” was used. In 
this method an empirical equation which fits the 
experimental data for one component is derived and 
a corresponding equation for the other component is 
obtained by applying the Gibbs-Duhem relation. 
The two equations take the following forms 


log 1/2 DN. + 1/3 1/4ad NS +.... [5] 


By employing the data given in Table IV for 


Table IV. Vapor Pressure, Activity, and Activity Coefficient of 
Copper in Fe-Cu Alloys at 1550°C 


Vapor 
Mol Fraction Pressure, Activity 
of Copper Mm Hg Activity Coefficient 
1.000 0.547 1.000 1.000 
0.883 0.505 0.923 1.045 
0.792 0.486 0.888 L121 
0.626 0.476 0.870 1.390 
0.467 0.449 0.821 1.758 
0.328 0.430 0.786 2.396 
0.217 0.399 0.729 3.359 
0.171 0.376 0.687 4.018 
0.142 0.361 0.660 4.648 
0.088 0.285 0.521 5.920 
0.061 0.232 0.424 6.951 
0.0442 0.178 0.325 7.393 
0.0265 0.118 0.216 8.151 
0.000 — — 10.1 (extrapolated) 


1550°C, the following equations for copper and iron 
were obtained 


log you = 1.4504 Ny? — 1.8607 + 1.4131 [7] 
log yee = 1.4856 Nou? — 1.9076 + 1.4131 [8] 


Three terms of Eq. 5 were sufficient to give a very 
close fit to the experimental data for copper. A plot 
of log yx. is shown in Fig. 4. The smooth curve 
drawn through the experimental points is a plot of 
Eq. 7. Solving Eq. 7 with N,;, equal to unity gives 
10.1 for the activity coefficient of copper at infinite 
dilution with pure liquid copper as the standard 
state. 

Curves representing the activity of copper and 
iron were derived from Eqs. 7 and 8, and are shown 
in Fig. 5 together with the experimental values for 
copper. The two curves are almost symmetrical, and 
show large positive deviations from Raoult’s law. 

Effect of Temperature on Activity of Copper—The 
effect of temperature on the activity of copper in 
iron is shown in Fig. 6 by activity curves for 1466°, 
1550°, and 1600°C. The curve for 1600°C was cal- 
culated from an extrapolation of the straight lines 
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in Fig. 3. In Fig. 6 the activity curves become flatter 
as temperature increases and the deviations from 
ideal behavior become smaller. This is in agreement 
with the usual effect of temperature on activity. The 
slope of the 1600° curve at infinite dilution corres- 
ponds to an activity coefficient of 8.6 as compared 
with 10.1 at 1550°C. 

Also shown in Fig. 6 are activity values for cop- 
per for 1600°C calculated by Chipman” from a con- 
sideration of the phase diagram of the Fe-Cu system. 
Considering the approximations necessary in making 
these calculations, the agreement with the present 
work is very good. 

In regard to the influence of temperature on ac- 
tivity it should be noted that only a short range of 
temperature was covered in the experiments with 
the iron-rich alloys. Determination of the vapor 
pressure curves for these alloys over a wider tem- 
perature range is planned so that the partial molar 
heats of sclution of copper can be established. 


Summary 


1) Vapor pressures over liquid metals and alloys 
are often too great to be measured by the commonly 
used methods. A technique was developed for meas- 
uring these pressures by the carrier gas method. 

2) The method was used to determine the vapor 
pressure of pure copper at 1332° to 1606°C. The 
results can be represented by the equation 


log Diam = —16,050/T + 8.541. 


3) The vapor pressure of copper over liquid Fe- 
Cu alloys was measured, and the results were used 
to calculate the activity of copper at 1466°, 1550°, 
and 1600°C. 

4) The activity of iron at 1550°C was calculated 
from the results for copper. 

5) The activities of both copper and iron show 
strong positive deviations from Raoult’s law. 
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Technical Note 


Effect of Prolonged Heating at High Temperature 


on the Hardenability of Boron-Treated Steels 
by R. M. Goldhoff, R. Speiser and J. W. Spretnak 


|e has been observed by Grange and Garvey’ that 
the homogenization of boron-treated steels could 
lead to complete elimination of the hardenability 
effect caused by boron. The experimental conditions 
leading to this conclusion involved the heating of 
steel specimens with and without boron at 2350°F 
for 24 hr. To prevent oxidation and decarburization, 
the specimens were encapsulated under vacuum in 
silica tubes. This observation of permanent deteri- 
oration of boron effect was noted in both a 0.63 pet 
plain carbon steel and a 0.25 pct C low alloy steel, 
both of which had been treated with ferroboron and 
homogenized at 2350°F for 24 hr. In another series 
of boron-treated steels which had been homogenized 
for shorter times, the effect was to reduce, but not 
completely eliminate, the boron effect. Under these 
circumstances, it was presumed that longer heating 
times would cause permanent deterioration of the 
boron effect in this series of steels also. Since the 
characteristic grain boundary constituent could not 
be formed in any of these steels after homogeniza- 
tion, it was concluded that possibly boron was being 


Table I. Analysis of Republic Steel Corp. Heat E-38720* 


Cc Mn P Ss Si Ni Cr Mo B 
cong 0.39 0.85 0.015 0.019 0.31 0.53 0.48 0.23 — 
adle 
3A 0.395 0.89 —_— — 0.31 0.54 0.48 0.25 0.0013 
Grainal 
No. 79+ 
5A 0.396 0.88 _ — 0.381 0.54 0.47 0.25 0.0000 
base 


* Heat had base analysis of 8640; special ingot treated with 
Grainal No. 79. 5A represents base analysis; 3A represents hase plus 
four lb per ton of Grainal No. 79. 

+ The manufacturers of Grainal No. 79 list the nominal composi- 
tion as follows: 20 pct Ti, 13 pet Al, 4 pct Zr, 8 pet Mn, 5 pct Si, 
0.50 pet B, and remainder iron. 


converted into an ineffective form through chemical 
combination resulting from prolonged heating at 
high temperatures. Assuming the validity of this 
observation, a series of experiments to establish the 
relationship between temperature of homogenization 
and kinetics of deterioration was contemplated. 

Initially an attempt was made to reproduce the 
results just described. For this purpose commercial 
lots of AISI 8640 and AISI 86B40 steels were used. 
The analyses of these steels appear in Table I. Hard- 
enability evaluation was on the basis of the hardness 
of normalized sections. Grange and Garvey’ pointed 
out that these steels are air hardening to some extent 
and such a technique can be used. For these tests 
the specimens were held for 20 min in a salt bath 
at 1600°F and then cooled in still air. 

Several evacuated silica capsules containing pairs 
of the test steels were made up and heated for 24 
hr at 2350°F. A number of failures occurred among 
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these capsules, but evaluation of the specimens suc- 
cessfully treated indicated a complete deterioration 
of the boron effect. However, examination of the 
surface of the treated specimens showed that some 
reaction, probably with the silica tube, had taken 
place, since none of the specimens was bright. One 
further test was made at 2350°F for 12 hr, using a 
pair of specimens wrapped in tantalum foil prior to 
encapsulation. These specimens appeared bright 
after treatment, and their hardenability evaluation 
showed that no deterioration had taken place. 

Since these steels are extremely sensitive to de- 
boronization at high temperatures and particularly 
at long times of holding, the experimental observa- 
tions raised some doubt as to the real occurrence of 
the permanent deterioration effect. To resolve this 
question an experiment was undertaken in which 
the high temperature portion of the treatment was 
completed in vacuum. For this purpose a molyb- 
denum wound resistance furnace capable of main- 
taining good vacuum was used. All the pertinent 
accessories to this furnace were machined from mo- 
lybdenum stock in order to withstand the high tem- 
perature involved in the experiment. With this 
equipment a temperature of 2400°F was obtained 
and held under a pressure of 5x10° mm Hg for 24 
hr. A specimen of each of the two test steels was 
suspended in the furnace and both were heated 
simultaneously. Temperature was measured with a 
standardized Pt—Pt-13 pct Rh thermocouple, whose 
millivoltage at 2400°F was extrapolated from the 
standardization equation, good up to 2200°F. 

The complete evaluation of these specimens is 
shown in Table II. The hardness values attained by 
each steel after normalizing, both before and after 
the prolonged high temperature treatment, remain 
the same. A microscopic study of the decomposition 
products present in the microstructures of specimens 


Table II. Hardenability Evaluation of Commercial AISI 8640 and 
AISI 86B40 Steels Before and After Prolonged Heating 


Hardness Values, Re 


Heat Treatment AISI 86B40 AISI 8640 
As-received 25 25 
20 min at 1600°F, air cool 48 28 
24 hr at 2400°F, 47 28 


20 min at 1600°F, air cool 


at various points in the heat treatment correlated 
with the hardness values observed. 

It seems that no permanent loss of boron harden- 
ability effect occurs, at least in these Grainal-treated 
steels, when deboronization is circumvented. 
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Flocculation of Mineral Suspensions With 
Coprecipitated Polyelectrolytes 
by Milton E. Wadsworth and Ivan B. Cutler 


Coprecipitation of anionic and cationic polyelectrolytes has been applied to floccula- 
tion of several mineral systems. Results obtained in a study of the flocculation of kaolinite 
and hematite suspensions of polycationic and polyanionic electrolytes are presented. 
Greatly increased settling rates were observed following precipitation of positive and 
negative polyelectrolytes on the surface of finely divided minerals in aqueous suspension. 
The ratios of polycationic to polyanionic electrolytes required to produce maximum sedi- 
mentation have been shown to correspond closely with the equivalence points obtained by 
light scattering studies of systems containing the positive and negative polyelectrolytes 


by themselves. 


ISPERSION of colloids has been of interest to 

surface chemists for many years. Flocculation 
studies have been employed to evaluate the limits 
of colloid stability. In water suspensions, colloids 
become unstable and flocculate when the ¢ potential, 
the potential of the kinetic solvation sheath, falls to 
a value at which van der Waals forces may act to 
draw the particles together. This may happen 
through an adjustment of the pH of the suspension 
or by addition of a salt. Optimum conditions for 
rapid formation of large flocs are found in the re- 
gion of minimum € potential. 

In addition to these well known considerations, 
colloids in water suspensions are known to be floc- 
culated by certain large organic macromolecules. 
These polyelectrolytes in some cases minimize the ¢ 
potential and in other instances increase the attrac- 
tive forces by supplying sites for hydrogen bonding.’ 

Use of organic polyelectrolytes in flocculation of 
mineral colloids has increased rapidly in recent 
years. These materials are now recognized as indis- 
pensable aids to fluid-solid separations in many ex- 
tractive metallurgical operations. They have been 
found to increase both the settling rate in thickeners 
and the filtration rate of filters. In the elucidation of 
the characteristics of these organic reagents as floc- 
culants in this laboratory, it was discovered that in- 
teraction of certain polyelectrolytes had a surpris- 
ingly good effect on flocculation of mineral colloids. 

Experimental Procedure: The anionic flocculants 
used in this study were Lytron 886 and 887, pro- 
duced by Monsanto Chemical Co. Both reagents are 
copolymers of vinyl acetate and maleic anhydride. 
Lime is added to Lytron 886, whereas Lytron 887 is 
all organic. These reagents possess two carboxyl 
groups for each acetate group and are therefore 
anionic in character. The cationic reagents used 
were the Peter Cooper Co. 1-X and 2-X glues. The 
structures are not definitely known, but the re- 
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Fig. 1—Typical settling curve for a 2 pct kaolinite pulp. 


agents are amines and are cationic in character. The 
glues were prepared in the chrome-alum form. Both 
types of reagents may be classified as polyelec- 
trolytes in that they are high molecular weight 
polymers and ionize in water. 

All data presented are in terms of sedimentation 
rate, measured in 250-ml glass-stoppered graduated 
cylinders. With suitable precautions such measure- 
ments are fairly reproducible and provide a sensi- 
tive means for selecting important parameters such 
as pH, reagent concentration, and floc size and den- 
sity.” Agitation was standardized with five complete 
end over end cycles of the suspensions in the stop- 
pered graduated cylinders. 
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Mineral systems investigated were the clay min- 
eral kaolinite from Florida (Edgar Plastic Kaolin 
Co.) and specular hematite (Cleveland Cliffs Iron 
Co.). The clay was acid washed with HC] at a pH of 
2, followed by successive decantations with distilled 
water until the pH was between 4.5 and 5.0. Clay 
suspensions, 2 pct by weight, provided optimum set- 
tling conditions. The specular hematite (—8 mesh) 
was ground for 20 min in an 8-in. steel laboratory 
ball mill using a 10-kg steel ball charge. The hema- 
tite ore contained approximately 40 pct iron and 
consisted predominantly of hematite and a siliceous 
gangue. Pulp densities of 15 pct by weight were 
found to provide optimum settling conditions. 

The mutual interaction of the polyanionic and 
polycationic flocculants was investigated by a method 
similar to that used by Fuoss and Sadek.® Refliect- 
ance of light from a suspension of the coprecipitated 
polyelectrolytes was measured with a diffuse re- 
flectance attachment on a Beckman DU spectropho- 
tometer. The Peter Cooper 1-X glue at a concentra- 
tion of 5 gpl was used as the reflectance standard 
for all tests. Scattering was measured at 850 my 
wave length with a constant slit opening of 2 mm. 

Experimental Results and Discussion: Fig. 1 plots 
a typical sedimentation curve for a flocculated min- 
eral suspension. Since time is required for flocs to 
grow to full size and for eddy currents resulting 
from agitation to subside, an induction period (a) is 
observed. With full-size flocs, sedimentation occurs 
(b) as constant rate until the flocs begin to compress 
each other at c. The lower curve represents two 
separate determinations at 2 mg Lytron 886 in 250 
ml of 2 pct kaolinite pulp. Several factors affect the 
sedimentation curve. Concentration of the mineral 
in suspension greatly influences the straight line 
portion of the curve. If too concentrated, the floc- 
culated mineral suspension will go into compression 
almost immediately. If too dilute, the mineral sus- 
pension will have an extended induction period and 
will show a diffuse interface between the flocs and 
the clear supernatent liquid above. The slope of the 
linear portion of the settling curve at b is taken as 
the settling rate. 

Figs. 2 and 3 illustrate the effect of Lytron 886 by 
itself as a flocculant for kaolinite and hematite. The 
maximum in the curve observed in the case of 
kaolinite, Fig. 2, is typical of results obtained at rel- 
atively high flocculant concentration. The curve for 
hematite, Fig. 3, does not drop off again, but in this 
case there was a difference of approximately 300 
times in the amount of flocculant present per unit 
weight of mineral. Precipitation of flocculants at the 
mineral surface was observed to increase greatly 
the sedimentation rate in several mineral systems. 
Included here are results obtained on kaolinite and 
hematite. Figs. 4 and 5 illustrate sedimentation rate 
vs concentration of polycation (Peter Cooper 1-X, 
chrome glue). In each case a constant amount of the 
polyanionic reagent (Lytron 886) was added first 
and allowed to come to equilibrium with the min- 
eral surface before the variable amount of polyca- 
tion was added. 

The adsorption of anionic reagents has been sug- 
gested by Ruehrwein and Ward‘ to be a result of 
anion exchange. These authors have also demon- 
strated mechanical bridging of the flocculant be- 
tween the mineral particles. French et al.’ have 
demonstrated the presence of hydrogen bonding in 
such flocculated systems by means of infrared spec- 
troscopy. This is probably important in forming 
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Fig. 4—Effect of surface coprecipitation of polyanionic and 
polycationic electrolytes, the polyanionic adsorbed first on 
kaolinite. 


interparticle bridging and perhaps contributes to 
the particle flocculant interaction. Coprecipitation 
of polyanions with polycations has been observed 
by Fuoss and Sadek,* Deuel et al.,° Ruehrwein and 
Ward,‘ and others. Studies reported here indicate 
this may also be accomplished on the surface of 
minerals by adding one of the polyelectrolytes first. 
Adsorption of a polyanionic reagent on the surface 
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Fig. 7—Settling rate vs concentration of flocculant added, 
comparing combination of polyanionic and polycationic with 
polyanionic by itself for Lytron and Peter Cooper 2-X. 
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of a mineral increases subsequent mineral-poly- 
cation interaction, the reaction now being predomi- 
nantly between the two oppositely charged poly- 
electrolytes. The improved flocculation observed 
may perhaps be attributed to the possibility that the 
hydrogen bond linkage causing bridging of the 
anionic flocculant between particles by itself may 
be replaced by a much stronger positive-negative 
charge interaction associated with the surface co- 
precipitate. Large stable flocs may be formed by 
this means. 

The ratio of polycationic to polyanionic flocculant 
necessary to provide maximum sedimentation was 
3.5:1 for kaolinite and 1:1 for hematite. Settling 
rates continue to increase as the flocculants are 
added in these ratios up to very large concentra- 
tions, suggesting increased interparticle bridging. 
In these systems the precaution of adding one re- 
agent to the mineral suspension before the other 
must be observed. If the polyanionic and poly- 
cationic flocculants are added together they will 
coprecipitate and little or no flocculation will result. 
Fig. 6 illustrates the results obtained with kaolinite 
in which the ratio of polycationic to polyanionic 
flocculation was maintained constant. The lower 
curve represents the sedimentation rate of kaolinite 
vs concentration of Lytron 886 added by itself. Sim- 
ilar curves are plotted in Figs. 7 and 8. Fig. 7 is a 
plot of settling rate vs total flocculant added for 
Lytron 886 and Peter Cooper 2-X glue. This glue is 
a protein similar to 1-X but lower in nitrogen con- 
tent. The equivalence point was found to be 10:1 
for the 2-X glue compared to 3.5:1 for the 1-X glue. 
The Peter Cooper 1-X glue was found to be a more 
effective flocculant than the 2-X form. Fig. 8 is a 
similar plot for Lytron 887 and Peter Cooper 1-X 
glue. Again a very marked increase in settling rate 
was obtained. The equivalence point in this in- 
stance was 4.2:1. 

The order in which the reagents are added is par- 
ticularly important. In the pH2 to 7 range for kaoli- 
nite it was found necessary to adsorb the polyan- 
ionic reagent first and add the polycationic reagent 
last. On microcline (feldspar) the reversed order 
(polycationic first) was necessary to flocculate the 
suspension at neutral pH. It appears, therefore, if 
the adjusted pH, and consequently the surface 
charge, is such that the polyanion can adsorb, the 
best effects are obtained by adding it first. On the 
other hand, at pH values of high cation exchange 
the reversed order is most effective. This could not 
be clearly demonstrated for kaolinite at high pH, 
however, because of the cloudy overflow which 
could not be cleared. To obtain the improved set- 
tling rates illustrated in Figs. 4 and 5, any mineral- 
polyelectrolyte system must have the following 
characteristics: 1) there must be adsorption by 
hydrogen bonding, ion exchange, or ion pair adsorp- 
tion of either an anionic or cationic polyelectrolyte 
on the mineral surface and 2) the counter polyelec- 
trolyte must coprecipitate with the adsorbed poly- 
electrolyte. The importance of the second character- 
istic may be seen in the following study of the 
coprecipitation of anionic and cationic reagents used 
in sedimentation studies reported in Figs. 4 and 5. 

Precipitation of polyelectrolytes in the absence of 
mineral colloids resulted in large increases in light 
scattering. Light scattering was measured for sev- 
eral series of solutions made up to constant volume 
and consisting of fixed amounts of one polyelectro- 
lyte and variable amounts of the counter polyelec- 
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Fig. 9—Light scattering curves for coprecipitation of Lytron 
886 with Peter Cooper 1-X chrome glue. Lytron 886 constant. 


trolyte. These titration curves at constant volume 
may be seen in Figs. 9 and 10. For each titration 
series in Fig. 9 the polyanionic concentration 
(Lytron 886) was held constant and in Fig. 10 the 
polycationic concentration (Peter Cooper 1-X) re- 
mained constant for any one series. Near the equiv- 
alence point the ¢ potential is sufficiently low to 
allow flocculation of the coprecipitate. This has been 
observed previously by Deuel et al.’ Flocculation of 
the coprecipitate is shown in Figs. 9 and 10 as the 
dotted sections of the curves. The diffuse reflectance 
measurements in this region yielded values of per- 
cent light scattering which decreased with increas- 
ing time. The similarity between the settling rate 
curves of Figs. 4 and 5 and the reflectance curves of 
Figs. 9 and 10 is clearly a result of the coprecipita- 
tion effect. 

Fig. 11 illustrates the fact that the equivalence 
point as determined by light scattering varies with 
the concentration of polyelectrolytes present. At 
low polyanion concentration the equivalence point 
is large and at high polyanion concentration the 
equivalence point is appreciably lowered. This low- 
ering at high concentration suggests micelle forma- 
tion or a configuration of the polyanion in which 
many of the active groups are not available to the 
polycation. 


Summary 
Coprecipitation of adsorbed polyanions with poly- 
cations offers advantages over adsorbed polyanions 
or polycations alone by markedly increasing sedi- 
mentation rates of mineral suspensions. 
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Fig. 11—Equivalence points between Peter Cooper 1-X chrome 
glue and Lytron 886 for various concentrations of Lytron 886. 


Reflectance studies of coprecipitation of poly- 
anionic and polycationic flocculants in the absence 
of the mineral suspension closely parallel results 
obtained by surface coprecipitation in the presence 
of the mineral suspension as detected by the varia- 
tion in settling rate. The equivalence point of co- 
precipitation varies with the concentration of the 
polyelectrolytes present. 
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Kinetics of the Oxidation of Galena In 
Ammonium Acetate Solutions Under 
Oxygen Pressure 


In the presence of oxygen, galena is oxidized in an aqueous medium containing am- 

monium acetate in accordance with the following reaction: 
PbS + WY + 2 NH,Ac PbAc» + NH; + H.O. 

This reaction was studied in an autoclave under oxygen pressure by polarographic meas- 
urement of the concentration of lead ion in solution. Oxidation rate is parabolic. The 
reaction products are lead acetate and elemental sulfur, the latter forming a film on 
the galena crystal. Reaction kinetics appear to be determined by the diffusion of lead 
from the galena phase to the solution interface through the film of sulfur. 


by D. P. Seraphim and C. S. Samis 


ECENT applications of pressure leaching on a 
commercial scale have emphasized the metal- 
lurgical importance of the oxidation of sulfide min- 
erals in aqueous media by oxygen under pressure. 
Research experience has shown that sulfates, thio- 
nates, and metal oxides are the products of humid 
oxidation of sulfide minerals in basic solutions. The 
metal oxides may be solubilized in the presence of 
a complexing ion.” Certain oxide minerals are also 
amenable to treatment by this type of oxidation.’ 

Several kinetic studies have been made of re- 
actions of this type. Stenhouse’ found that pyrite 
(FeS.) oxidized in a sodium hydroxide solution to 
produce a soluble sulfate and an insoluble layer of 
iron oxide and that the kinetics of the reaction were 
controlled by oxygen diffusion through the oxide 
layer. Andersen’ studied the oxidation of galena 
(PbS) in a sodium hydroxide solution under oxygen 
pressure. He found the lead and sulfur to be simul- 
taneously oxidized to produce plumbite ions and 
sulfate ions, and that the reaction rate was propor- 
tional to the surface area of the galena. The kinetics 
appeared to be determined by the reaction of oxygen 
and water with the galena surface. In each of the 
above reactions the metal and sulfur components of 
the mineral were oxidized simultaneously and at 
equal rates. 

In the present study the alkaline medium has 
been replaced by an approximately neutral solution 
of ammonium acetate in which lead sulfate is soluble. 
Under the conditions no sulfate was produced and 
no sulfur could be detected in the solution. The 
metal component of the mineral was solubilized and 
the liberated sulfur remained as a film of elemental 
sulfur on the surface of the galena crystal. 
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Fig. 1—Calibration 
graph showing rela- 
tion between polaro- 
graphic peak height 
and lead concentra- 
tion. 
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The reaction may be represented by the following 
equation: 


PbS Ace 


A kinetic study of this reaction was undertaken 
to establish the kinetic mechanism and to determine 
the rate controlling step. Specific reaction rates were 
determined by oxidizing crystals of galena of meas- 
ured surface areas in an autoclave maintained at 
the desired temperature and oxygen pressure. The 
rate of reaction was followed by measuring the con- 
centration of lead in the ammonium acetate solution 
with a cathode ray polarograph, employing sta- 
tionary platinum electrodes incorporated in the 
autoclave. 


Experimental Materials and Equipment 
Crystals of galena obtained from Violamac Mines, 
Retallack, B. C., were selected for oxidation because 
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of their relatively perfect cubic cleavage and purity. 
A typical crystal contained the following impurity 
metals: Ag, 0.3 pct; Sn, 0.2 pct; Sb, 0.06 pct; Zn, 
0.03 pct; and Si, Fe, Mg, and As, less than 0.05 pet. 

Each galena specimen, about 1 cu em volume, was 
fractured along cleavages until the six sides were 
perfect (100) planes. Each plane was then polished, 
washed with distilled water and inspected for im- 
perfections with the aid of a microscope. The selected 
sound crystals were measured for area with the aid 
of a micrometer. The three remaining reaction sub- 
stances were commercial grade oxygen gas, CP am- 
monium acetate, and distilled water. 

Autoclave: The glass lined, stainless steel, high 
pressure autoclave used in these experiments’ was 
2 in. ID by 6 in. high and was equipped with a 
thermometer well and an external heating jacket. 
The contents were stirred with a glass enclosed 
cylindrical steel rotor driven by an Alnico magnet 
rotated externally below the autoclave. The stain- 
less steel tubing supplying the oxygen contained 
check valves to prevent distillation to the Bourdon 
gages. 

Polarograph: The cathode ray polarograph used 
to determine the concentration of lead in the solu- 
tion as the reaction proceeded has been described 
in a previous paper.” The technique” required a 
platinum bead and a platinum screen electrode, 
which were sealed into the autoclave. The oscillo- 
scope reproduced the current-voltage traces on a 
screen which was photographed whenever a meas- 
urement was desired. Calibration of the instrument 
by adding increments of lead acetate to ammonium 
acetate solution produced the expected linear rela- 
tion between lead concentration and peak height at 
room temperature and pressure as shown in Fig. 1. 
The current peak height is a function of tempera- 
ture as well as concentration, thus the final concen- 
trations were always measured at room temperature 
with a Sargant polarograph. 


Experimental Procedure 
For each experiment 100 ml of an aqueous solu- 
tion containing 300 gpl ammonium acetate was 
placed in a glass liner in the autoclave. A crystal 
of galena, prepared as described earlier, was sus- 
pended in the acetate solution by glass tongs. The 
autoclave was sealed and heated under low pressure 
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Fig. 2—Typical rate curves for the oxidation of galena in 
ammonium acetate solutions. 
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Fig. 3—Rate curves of galena oxidation replotted as para- 
bolic functions. 


nitrogen until the solution reached the reaction 
temperature, whereupon the nitrogen was released 
and the oxygen was admitted until the desired pres- 
sure was reached. 

Polarograms were obtained at approximately 20 
min intervals by photographing the oscilloscope 
screen. Each experiment covered a period of ap- 
proximately 4 hr. Rate curves were plotted employ- 
ing the lead concentration determined from the 
polarograms. The lead concentration in the final 
solution, on removal from the autoclave, was meas- 
ured at room temperature with a Sargant polaro- 
graph and the intermediate concentrations were pro- 
portioned accordingly. After polarographic analy- 
sis the solutions were tested qualitatively for SO,~ 
ion and other oxidation products of sulfur in the 
following manner: 1) oxidation with bromine, 2) 
evaporation to dryness, 3) dissolution with water, 
4) addition of barium chloride. In certain instances 
the solution was analyzed for SO,~ prior to oxida- 
tion with bromine. 


Results and Discussion 

A series of crystals was oxidized in a solution 
containing 300 gpl of ammonium acetate at an 
oxygen pressure of 3.4 atm over a temperature 
range from 91° to 159°C. Typical rate curves showing 
the accumulation of lead in the solution are shown 
in Fig. 2. Each curve is characterized by an induc- 
tion period ranging from 30 to 60 min. Following 
the induction period and the initial rapid accumula- 
tion of lead in solution, the rate of solution of lead 
decreases with time. 

The oxidation rates were found to be independent 
of the oxygen pressure within the range 3.4 to 13.6 
atm and the ammonium acetate concentration within 
the range 1.6 to 3.9 mol per liter. 

At the completion of the oxidation the autoclave 
was rapidly cooled to 100°C and the crystal was 
immediately removed. In all cases the naked eye 
could observe a continuous, generally viscous film 
of sulfur coating the crystal. The only exception 
was with the crystals oxidized at 94°C in which case 
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the film was white and solid. Some of the films were 
observed under a microscope at X400. The viscous 
films by this time had solidified but did not appear 
to crystallize, while the white solid film appeared 
as a continuous array of rhombohedrons with long 
axes parallel to the galena (100) planes. X-ray 
diffraction measurements confirmed the presence of 
a film of a sulfur adherent to the surface of the 
galena crystal. The treatment of the final solution 
with barium chloride exhibited no evidence of sul- 
fates or thionates. These facts indicated that the 
products of the experiments were elemental sulfur 
and soluble lead ion, in accordance with Eq. 1. 

Oxidation Rate: On the basis of Eq. 1 it is ap- 
parent that for every atom of lead entering the 
solution an equivalent atom of sulfur must enter 
the sulfur film or coating. The lead must therefore 
diffuse through the sulfur envelope before the oxida- 
tion reaction can take place at the sulfur-solution 
interface according to the equation. The rate of 
solution must be determined either by the diffusion 
process or by the reaction at the solution interface. 
Since it is shown experimentally that the rate of 
reaction is independent of the concentration of 
reactants (oxygen and ammonium acetate) in solu- 
tion, it is reasonable to conclude that the diffusion 
is the slow or rate controlling step. 

According to Fick’s Law, the increasing thickness 
of the sulfur layer will decrease proportionately the 
rate of oxidation: 


d(Pb) DA (C C.) 2] 
d(Pb) 
where ; is the molal rate of diffusion of lead 


through an area A of the sulfur film X in thickness 
at time t. C, and C, are the concentrations of lead 
at the galena-sulfur interface and the sulfur-solu- 
tion interface, respectively. D is the diffusion co- 
efficient of lead in the sulfur film. The equation may 
be rewritten 


d(Pb)  DA’p 


= C,—C, 3 
dt (Pb)M ( ) [3] 
where p = density of sulfur and M = mol wt of 
sulfur. 
Integration leads to 


On the basis of Eq. 4 the oxidation rate curves 
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should be parabolic in character and correspond to 


(Pb) |’ 


a linear relationship between I and t with 


slope K where 


K=— = (n= 
M 


Fig. 3 shows that the experimental results for the 
reaction rate at various temperatures are in agree- 
ment with this relationship. The slope and inter- 
cept in Fig. 3 represent the values of K and b, 
respectively. Values of K are given in Table I. 

Effect of Temperature: The influence of tempera- 
ture on the oxidation rate is shown in Fig. 4, where 
the log of the modified rate constant K is plotted as 
a function of 1/T in agreement with the well known 
relationship K = Ae”’’**, The activation energy E 
calculated from the slope of the Arrhenius plot is 
15,500 + 2,000 cal per mol. The mean value of A is 
9.5x10~* 


Discussion 

Calculation of Absolute Reaction Rate: The transi- 
tion state theory has been effectively applied to 
oxide films® on the basis of simplifying assumptions 
relative to the concentration of metal ions in the 
oxide lattice. In the case of lead diffusing through 
a sulfur layer it is impossible to make similar as- 
sumptions relative to the values of C, and C,, the 
concentration of lead atoms in the galena-sulfur in- 
terface and sulfur-solution interface, respectively. 
The assumption might be made that C, approaches 
zero at the interface, but the concentration of lead 
at the galena-sulfur interface is unknown. For this 
reason it is impossible to calculate the absolute re- 
action rate. If the latter could be quantitatively 
calculated it might serve to distinguish the type of 
lead diffusing through the sulfur layer, whether as 
lead atoms, Pb*™ ions, or PbS. 

In order to satisfy the observed results the 
authors have adopted the hypothesis of a diffusion 
type of reaction involving a sulfur film which is as- 
sumed to be continuous, nonpermeable and non- 
oxidizing during the greater part of the reaction. 

The argument for a continuous film follows from 
the fact that the removal of a lead ion from the 
crystal surface into the solution leaves sulfur ions 
in all nearest neighbor positions. Thus when the 
first layer of atoms surrounding the crystal is 
oxidized, further reaction can only occur if: 1) 
there is diffusion, or 2) there is coagulation of the 
sulfur into droplets. The latter explanation seems 
unreasonable from two points of view. 1) There are 
no preferential positions for sulfur droplets insofar 
as the complete surface is always sulfur and there- 
fore completely wettable. 2) If coagulation of the 
sulfur did occur in the early stages of the reaction 


s 5s @® s 


S Pb S Ph S Pb 


there would have been a change in the mode of the 
reaction when the surface was fully covered with 
sulfur, as it was at the end of the experiments. A 
change of mode would be observed by a change of 
slope of each curve in Fig. 3, and no such change 
occurs. 

The foregoing interpretation agrees with the ob- 
servations of a continuous sulfur film on the surface 
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of the galena following oxidation. By nonpermeable 
the authors imply that the film is fracture free and 
therefore provides no preferential sites for admit- 
ting oxygen to the galena surface. This is true for 
oxidation above the melting point of sulfur but 
questionable for reactions at 94°C. In the latter 
case the volume of products remaining at the galena 
interface is about half the volume of the layer being 
removed by the diffusion process. To remain frac- 
ture free the solid sulfur must move in from the film 
to occupy the sites formerly held by lead ions. Such 
a transfer is well known in other diffusion re- 
actions and does not seem unreasonable here. The 
sulfur is oxidized from S~ to elemental sulfur and 
no further oxidation products are formed. 


Table |. Kinetic Data for the Oxidation of Galena in Ammonium 
Acetate Solutions* 


Temperature, °C K, Mole? Cm-4 


91 0.27x10-12 
0.81x10-2 
137 3.2x10-12 

3.6x10-2 
154 5.8x10-2 
155 8.7x10-2 
157 12.3x10-2 


* Ammonium acetate concentration was 2.9 mol per liter. Oxygen 
partial pressure was 3.4 atm. 


Andersen’ proposed the hydrolysis of lead as the 
rate-controlling step for the oxidation of galena in 
caustic solutions. He found the reaction to be re- 
tarded as the pH approached that of a neutral solu- 
tion. On the basis of results from oxidation in nearly 
neutral ammonium acetate solutions in which 
elemental sulfur did not oxidize, the authors pro- 
pose that the slow hydrolysis reaction in the caustic 
solutions was due to sulfur. Andersen calculated 
the specific reaction rate on the basis of hydrolysis 
of lead but the result would be identical if sulfur 
were employed. 

The induction period found during oxidation in 
the ammonium acetate solution was also found by 
Andersen’ in the caustic solutions. The initially un- 
reactive surface may be credited to the disturbed 
Beilby layer produced while preparing the crystals, 
or to a thin stable oxide film of lead. 

Further experiments below the melting point of 
sulfur (119°C) would be necessary to establish a 
change in the activation energy at the transition. If 
sulfur film fracture did not occur during retraction 
of the galena-sulfur interface, diffusion must occur 


through a crystalline film with a different activation 
energy than that for diffusion through a liquid film 
at higher temperatures. 

Two factors were responsible for the narrow 
range of temperatures employed in the oxidation: 
1) the oxidation is extremely slow below 90°C, 2) 
above 160°C the solution pressures were beyond the 
safety limits of the apparatus. 


Conclusions 


The kinetic data on the oxidation of galena crystals 
in ammonium acetate solutions under oxygen pres- 
sure permits the following conclusions to be drawn 
regarding the nature of the reaction and the rate 
controlling step: 

1) The products of the oxidation reaction are 
equivalent amounts of lead in the aqueous solution 
and elemental sulfur. The latter forms an adherent 
layer or film on the galena crystal. 

2) The rate controlling step of the reaction is a 
diffusion process wherein the lead may diffuse as: 
a) lead atoms, b) lead ions, or c) PbS molecules 
from the galena phase to the aqueous medium 
through the molten sulfur envelope. 

3) The parabolic relationship expected from 
principles governing diffusion reactions was found 
consistent with the experimental results. A linear 
relationship was observed between the square of 
the lead dissolved per unit area, i.e., mole’ cm~, and 
the time. 
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Predicting the Solubility of Nitrogen in Molten Steel 


A method is presented for computing the solubility of nitrogen in molten alloy steels. 
Examples are given to illustrate the procedure, and comparisons are made between pre- 


dicted and measured nitrogen solubilities. 
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HERE is an increasing use of nitrogen as a major 
alloying element in steels, or as a partial sub- 
stitute for other alloying elements. Nitrogen is a 
potent austenite stabilizer, and Cr-Mn-low Ni-N 
steels, or even Cr-Mn-N steels, are being considered 
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as substitutes in some applications for the Types 
301, 302, and 304 austenitic stainless grades. At the 
present time there appears to be no method for pre- 
dicting the saturation solubility of nitrogen as a 
function of composition in these liquid ternary or 
more complex iron-base alloys. 

Survey of Literature—There is a lack of basic re- 
search on the solubility of nitrogen in molten alloy 
steels, although the solubility of nitrogen in some 
binary iron alloys has been reported. A review was 
made of original references, and data from the fol- 
lowing were used in developing a method for pre- 


Table |. Tabulation of Results from Examples Used to Compute 


Percent N 
Example 1 Example 2 
Log fy (Mn) —0.05 —0.23 
Equivalent pct Si 1.2 6.1 
Equivalent total pet Si 3.2 ae 
Log fy (Mn + Si) —0.13 —0.26 
Equivalent pet Cr 2.9 5.8 
Equivalent total pct Cr 22.9 23.8 
Log fy (Mn + Si + Cr) —0.86 —0.89 
Log fn (Ni) +0.09 +0.05 
Equivalent pct C 0.80 0.40 
Equivalent total pct C 1.20 0.55 
Log fn (Ni + C) +0.14 +0.07 
> log fx —0.72 —0.82 
Pct N in alloy 0.23 0.29 


dicting the solubility of nitrogen in alloy steels: 
Fe-P, Fe-C, Fe-Cr, Kootz;* Fe-Ni, Saito;? Fe-Si, 
Vaughan and Chipman;* Fe-V, Brick and Creevy;* 
and Fe-Mn, Wentrup and Reif.” Wentrup and Reif? 
also presented nitrogen solubility data for the liquid 
ternary Fe-Cr-Mn and Fe-Cr-Ni systems. The Fe-Cr 
results of Kootz* are in good agreement with those 
of Saito” and Wentrup and Reif’ for the same sys- 
tem. The data on nitrogen solubility in Fe-C melts 
obtained by Kootz* also agree with similar data by 
Eklund.’ 

All the nitrogen solubility data used in this paper 
are for 1 atm N. The Fe-Si research was done at 
about 1630°C, the Fe-V research at 50°C above the 
liquidus, and the rest at 1600°C. A critical review 
of the experimental techniques used in each inves- 
tigation will not be presented but, in general, the 
experimental methods fell into two groups: 1) the 
Sievert’s method, in which a volume difference gives 
a direct measurement of the gas dissolved; and 
2) exposing the molten metal to a nitrogen atmos- 
phere, and either sampling the metal or quenching 
the melt. The latter method requires an analysis for 
nitrogen, and suffers from the limitation that some 
nitrogen may be lost on cooling. 

Development of a Method for Predicting Solu- 
bilities—In the following discussion, the infinitely 
dilute solution is chosen as the reference state for 
defining the activity coefficients. The effect of an 
alloying element on the solubility of nitrogen at a 
constant nitrogen pressure provides a measure of 
the effect of this element on the activity coefficient 
of nitrogen in the ternary alloy. The concentrations 
may be expressed in any convenient units, since the 
nitrogen solubilities are low. Thus, in a manner 
similar to that used recently by Chipman’ 


Ce — log Cy 


where fy is the activity coefficient of nitrogen in the 
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ternary alloy, (ee is the solubility of nitrogen in pure 


iron, and Cy is the solubility of nitrogen in the Fe-N 
(addition element) alloy. Any element which de- 
creases the solubility of nitrogen under constant 
nitrogen pressure must increase fy since dy = fy X 
pet N, and ay is held constant by a fixed pressure of 


nitrogen at 1 atm. The reverse is true for any ele- 
ment which increases the solubility of nitrogen. 

The activity coefficient of nitrogen as a function 
of concentration of the various alloying elements at 
1600°C and under 1 atm N is shown in Fig. 1. If 
the curves in Fig. 1 were linear over their entire 
range, the activity coefficient of nitrogen in a more 
complex alloy could be obtained by addition of the 
values of log fy, or by multiplying the slope of each 
line by the weight percent of the respective alloy- 
ing element and summing the products. Since the 
curves are not linear, recourse is made to the method 
originally suggested by Morris and Buehl* and 
elaborated by Sherman and Chipman’ for predicting 
the activity coefficient of sulfur in complex systems. 
In this method, the elements whose activity co- 
efficient curves in Fig. 1 are above the abscissa at 
log fy = 0 (C, P, Ni), and those elements which are 
below (Mn, Si, Cr, V), are treated separately. For 
each group in Fig. 1, begin at the curve nearest the 
horizontal, proceeding in a counterclockwise direc- 
tion for the curves above the horizontal, and in a 
clockwise direction for the curves below the hori- 
zontal. A value for log fy is obtained on the first 
curve at the proper alloy percent. The equivalent 
percent alloy on the next curve having the same 
value of log fx is found by moving to the left in a 
horizontal direction. To this equivalent percent is 
added the actual percent of the second alloying 
element by moving out on the appropriate curve, 
and another value of log fx is obtained. This process 
is continued in sequence for all the elements above 
the curve in the order Ni, P, C; and for all the ele- 
ments below the curve in the order Mn, Si, Cr, V. 
The algebraic sum of the final positive and negative 
contributions gives a value of log fx for the alloy. 
The activity coefficient of nitrogen in the alloy can 
be converted to the weight percent of nitrogen in 
the alloy saturated at 1 atm N by Eq. 1, but this can 
be simplified by use of Fig. 2, in which the percent 
of nitrogen in the alloy is plotted against log fy. 
C? of Eq. 1 was taken as 0.043 pct. This is the solu- 


bility of nitrogen in pure iron at 1600°C under 1 


0.80 | 
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0.20 
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O 
Nese 
. 
a Chromium 
- 0.80 
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O 4 8 12 16 20 24 
Alloying Element, Weight Per Cent 


Fig. 1—Activity coefficients of nitrogen at 1600°C as a func- 
tion of alloy content. Graph is used to compute log fy in an - 
alloy steel. 
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atm N, and represents an average value from the 
data used to construct Fig. 1. 

Two examples will be given to illustrate the pro- 
cedure further. Consider an alloy similar to a Type 
308 Cr-Ni stainless steel with the following weight 
percent composition: 0.40 pct C, 2.0 pet Mn, 2.0 pct 
Si, 20 pet Cr, and 10 pet Ni. Beginning with the 
elements below the horizontal, a value of OR i = 
—0.05 is obtained for the 2.0 pct Mn. A point on 
the silicon curve at 1.2 pct Si is located, having an 
equal value of log fx. To this equivalent silicon, the 
2.0 pct Si of the alloy is added to give a value of 
log fy = —0.13 at 3.2 pet Si. Moving horizontally to 
the chromium curve, the chromium equivalent of 
manganese and silicon is 2.9 pet Cr. Adding the 
20 pet Cr, log fy = —0.86 at 22.9 pct Cr. Next, the 
elements above the horizontal are considered. The 
10 pet Ni has a log fy = 0.09, and moving hori- 
zontally this is equal to 0.8 pct C. The 0.4 pct C 
is added, and at 1.2 pct C, log fx = 0.14. The alge- 
braic sum of the positive and negative contributions 
is —0.86 -- 0.14 = —0.72 = log fy, for the alloy. 
From Fig. 2, we can convert this to 0.23 pct N in 
the alloy under 1 atm N. 


Table Il. Comparison of Predicted and Measured Nitrogen 
Solubilities at 1600°C under 1 Atm N 


Alloy Predicted* Measured¥ 
Nitrogen Nitrogen 

Fe Cr Mn Ni Solubility, Pct Solubility, Pct 
80 5 15 0.14 0.13 

85 10 5 0.15 0.14 

80 10 10 0.17 0.16 

75 10 15 0.20 0.20 

80 15 0.21 0.21 

70 15 15 0.29 0.29 

75 20 5 0.30 0.30 

70 20 10 0.37 0.35 

90 55) 5 0.065 0.065 

75 5 20 0.043 0.045 

85 10 5 0.11 0.11 

15 10 15 0.085 0.085 

80 15 3 0.16 0.16 

70 15 15 0.13 0.14 

75 20 5) 0.23 0.23 

74 18 0.19 0.19 


* See Figs. 1 and 2. 
+ Data from Wentrup and Reif.5 


The second example has a composition typical of 
the Type 202 high manganese steels: 0.15 pct C, 1.0 
pet Si, 18 pet Cr, 6 pct Ni, and 10 pct Mn. The 
calculations are tabulated in Table I along with 
those of the first example in a manner somewhat 
similar to that used by Sherman and Chipman.’ 

Confirmation of Predictions—The nitrogen solu- 
bility data of Wentrup and Reif? for the Fe-Cr-Mn 
and Fe-Cr-Ni systems can be used to check some 
predicted nitrogen solubilities. Since the results of 
these investigators were also used in determining 
nitrogen solubilities for the Fe-Mn system, this pre- 
vents a completely independent check. However, 
their binary and ternary alloys were separately 
melted, and in this sense their results are inde- 
pendent. The comparison of predicted and measured 
nitrogen solubilities is shown in Table II for some 
hypothetical alloys. 

Discussion—It is important to remember that Fig. 
1 is drawn from nitrogen solubilities at 1600°C. For 
steels with high alloy contents, the finishing tem- 
perature will exceed 1600°C. Temperature will 
affect the solubility of nitrogen somewhat, and this 
should be considered in using Fig. 1. An approxi- 
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Fig. 2—Chart for converting log fx into the weight percent 
nitrogen soluble in an alloy at 1600°C and under 1 atm N. 
Log fx was determined from Fig. 1. 


mation for the influence of temperature can be 
made from the known effect of temperature on the 
solubility of nitrogen in pure iron. For every 100°C 
increase above 1600°C, the solubility of nitrogen 
should increase approximately 13 pct. This approxi- 
mation is less accurate in high alloy steels than in 
low alloy steels. Also, in converting from log fy to 
percent nitrogen, remember that Fig. 2 is based on 
the solubility of nitrogen in pure iron at 1 atm N. 
Rassbach, Saunders, and Harbrecht” have shown 
that there is some correlation between the nitrogen 
recovery from nitrogen-bearing ferrochromium 
alloys and the percentage of nitrogen saturation. 
As the nitrogen content of the alloy approaches the 
saturation value, the recovery of nitrogen from the 
addition agent decreases. The prediction of maxi- 
mum nitrogen solubilities in alloy steels by Fig. 1 
may be of use in estimating nitrogen recoveries. 
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Activity Coefficient of Copper in Liquid Iron, Fe-C, 
And Fe-C-Si Alloys at 1600 C 


The distribution of copper between liquid silver and liquid iron, Fe-C, and Fe-C-Si 
alloys was studied at 1600°C. From the data and the activity of copper in silver obtained 
from the phase diagrams, the activity coefficients of copper in iron up to 3 atomic pct are 
log you = 0.90 — 2.4 Now and y?, = 8.0. The effect of carbon up to saturation Is 


expressed as log y“ = 1.8 Nc. The effect of silicon up to 11 atomic pct is insignificant. 


by Peter J. Koros and John Chipman 


LOWLY rising copper content of steel being pro- 

duced is focusing attention on the lack of infor- 
mation on the behavior of copper in liquid steel. 
Chow’ measured the activity coefficient of copper in 
liquid iron through its distribution between liquid 
silver and ircn. He obtained a value of 9.12 at in- 
finite dilution. Chipman’ calculated the activity co- 
efficient of copper in liquid iron at 1600°C from the 
phase diagram and obtained a value of 12. Ameén 
and Pfeiffer*® investigated the possibility of remov- 
ing copper from liquid steel through the use of lead, 
silver, and bismuth as solvents. They also calculated 
that the activity coefficient of copper in liquid iron 
would be increased five or sixfold by addition of 4 
pet C. Langenberg and Lindsay* are investigating 
the effectiveness of lead and sodium sulfide in re- 
moving copper from liquid iron. 

The experimental method was similar to that 
used by Chou’ and Chipman and Floridis.* Silver, 
copper, and iron were melted together, the copper 
distributing itself between the two layers so that 
at equilibrium 


a. (in Ag) =a, (in Fe) [1] 
and 
Nou (in Ag) 


You ( ) N., (in Fe) 


Ycu (in Ag). [2] 


Thus, from the concentration of copper in each layer 
and the activity coefficient of copper in liquid silver, 
the activity coefficient of copper in liquid iron can 
be calculated. The effect of an alloying element 
such as carbon on the activity coefficient of copper 
can also be determined from its effect on the dis- 
tribution, provided the new element is essentially 
insoluble in silver. 
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Fig. 1—Activities in the system Ag-Cu at 1600°C. 


The one serious limitation of this method is the 
increasing mutual solubility of silver and iron in the 
presence of a third component. The mutual solu- 
bilities of pure iron and silver are negligible, but 
increase with increasing copper concentration be- 
yond the range investigated. 

Ag-Cu System—tThe activity coefficient of copper 
in silver at 1600°C had to be estimated, since direct 
experimental data are not available. Kawakami 
measured the heat of mixing of Ag-Cu alloys at 
1200°C by a calorimetric technique. Scheil’ calcu- 
lated the heat of mixing in this system by use of the 
phase diagram, assuming that the solution is random 
and that the heat of mixing is independent of tem- 
perature. The terminal solid solution may be as- 
sumed to obey Raoult’s law within the requirements 
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Silver Layer 


Alloys Heat No, Ou Fe 

Ag-Fe 
30 

Ag-Cu-Fe 

6 3.79 1,63 

12 1.16 1,62 
14 11,5 3,05 
34 2.23 1,59 

Ag-Cu-C-Fe 

9 1,34 1,62 

10 4,25 1,45 
2,48 0,87 
15* 6,46 0,94 
20.5 1,27 
19 10.9 1.45 
IBA. 2.25 1,51 
12,1 1,72 
1,41 0,80 
37B* 21.8 1,26 

Ag-Cu-Si-Fe 
20 6.60 1,22 
22 7.3 0,06 
AF 5,74 1,57 
55 Bt 6.59 1,75 
23A* 7,54 0,62 
23B* 6,65 <—0,01 
24B 6.29 1,25 
24C 4.79 <—0,01 


* Graphite crucible (carbon saturation). 
+ Fused silica crucible. 
All other heats made in Alundum thimbles. 


Table |. Distribution Data at 1600°C, Atomic Pct 
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of the present study. The excess free energy of 
either component in the liquid phase is obtained by 
an equation given by Wagner’ 


F,= ms) + T, — (Cp, —Cp, ) dT — 


AR 
mi Vin oF Vint 


(a) 
RT,{InN, —iInN, J [3] 


where F, equals RTIny, or excess free energy of 
component one in the liquid, 4H, is the heat of fusion 
of component one at its melting point, T,,, is the 
melting point of pure one, T’,, is the equilibrium tem- 
perature for the composition under consideration, 
Cp,‘"; Cp,” is the specific heat of liquid and solid 
one, and N,"”; N,” is the atom fraction of one in the 
liquid and solid. 

The Ag-Cu phase diagram as given by Hansen’ 
and thermodynamic data given by Kubaschewski 
and Evans” and Lumsden" were used for the calcu- 
lation. The activity coefficient of the second con- 
stituent was obtained through a graphical integra- 
tion of the Gibbs-Duhem equation. 

A plot of the activities against mole fraction for 
Ag-Cu alloys is shown in Fig. 1, that of the activity 
coefficient of copper against mole fraction copper in 
Fig. 2. As would be expected from the similarity 
of their properties, silver and copper form an almost 


0.300 


| 
0 0.2 0.4 0.6 
Ney 


0.8 1,0 


Fig. 2—Logarithm of activity coefficient of copper in silver. 
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regular system. How close it is to a completely 
regular system is shown by the closeness of the 
activity coefficients at infinite dilution. These two 
values are slightly lower than those derived by 
Scheil’ from the phase diagram, assuming a regular 
solution. Their average, 2.14, is equal to the activity 
coefficient calculated by Chou, who assumed that 
the Ag-Cu system is completely regular. 


Experimental Procedure—The charge, consisting 
of 50 g of pure silver, 50 g of electrolytic iron, and 
as much copper, graphite, and silicon as needed, was 
induction melted in 25 mm OD X 80 mm high Alun- 
dum thimbles. Carbon saturation runs were car- 
ried out in graphite crucibles; runs in which silicon 
was used as an alloying element in fused silica cru- 
cibles. Melting was done inside a Vycor cylinder 
under argon atmospheres introduced through a 
brass furnace head. The latter had a removable 
cover used to introduce sampling tubes and thermo- 
couples. 

The melts were held at 1600°+7°C for 45 min, 
after which samples were sucked into 6 mm Vycor 
glass tubes. The temperatures were measured with 
Pt—Pt-10 pct Rh thermocouples protected by \% in. 
OD fused silica tubes. 

Results and Discussion—The analyses of all the 
successful heats made in the course of this investiga- 
tion are shown in atomic pct in Table I. In Fig. 3, 
the distribution of copper between silver and iron 
free of, and saturated with, carbon is shown. Using 
Eq. 2, the distribution data of Table I, and the 
activity coefficient of copper in silver as shown in 
Fig. 2, the activity coefficient of copper in liquid iron 
was obtained, as shown in Fig. 4. The equation of 
the straight line for carbon-free iron up to Na, = 
0.030 is 

log You = 0.90 — 2.4 Nou [4] 


and at infinite dilution y’.. = 8.0. This is more de- 
pendable than previously calculated values.’ 
If log y“ is the contribution of carbon to the 


activity coefficient of copper, log yc. the observed 
activity coefficient in a given Fe-Cu-C solution, and 
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Fig. 3—Distribution of copper between silver and iron. Lower 
line, carbon-free; upper line, carbon-saturated. 
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Fig. 4—Logarithm of activity coefficient of copper in iron. 
Lower line, carbon-free; upper line, carbon-saturated. 
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Fig. 5—Contribution of carbon to activity coefficient of cop- 
per in Fe-Cu-C solutions. Squares, copper <1 pct; circles, 
copper equals 2.0 to 2.3 pct. 
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Fig. 6—Solubility of graphite in Fe-Cu-C alloys at 1600°C. 
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log yc. the activity coefficient of copper in a binary 
Fe-Cu solution of the same mole fraction of copper, 
then 

log y¥? = log y,, — log ¥,, - [5] 


From each value of log you. in a ternary solution 
the value of log y’c. of the binary of equal N, is sub- 
tracted.. The resulting values of log y“ are plotted 

C 


in Fig. 5. They are independent of copper concen- 
tration and are approximately a linear function of 
carbon concentration 


= + 1.8N,. [6] 


The effect of copper on the solubility of graphite 
is shown in Fig. 6. It is fitted by the equation 


log No=— 0.675 — 1.8 Ne: [7] 


The extrapolation of this line to zero copper con- 
centration gives a value for carbon saturation in 
pure iron in agreement with that obtained by Chip- 
man and co-workers” as shown in Fig. 6. Since the 
activity of carbon is constant, log y. varies inversely 
with log N. and 

log = +18N,. [8] 


The effect of silicon proved to be very small, and 
results were somewhat contradictory. Up to 11 
atomic pct its effect was less than the experimental 
error and may be considered negligible. 


Conclusions 
The experimental results may be summarized by 
means of Wagner’s’ interaction parameters. 
dln ys 


[9] 


where y is the activity coefficient in very dilute ter- 
nary solutions. Similarly, «® signifies In y,/dN,in 


the dilute binary solution. Using this notation, 


eM — 5.5, = 4 4.2, and <0. 
u 


Cu 


The close agreement through Eq. 9 of Eqs. 6 and 8 
is unexpected at such high concentrations, since Eq. 
9 was derived only for infinitely dilute solutions. 
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Equilibrium Considerations in the Roasting of 


Metallic Sulfides 


_ The chemistry of sulfide roasting is analyzed to show those aspects of performance 
which can be predicted from considerations of thermodynamic equilibrium. It is con- 
cluded that equilibrium calculations can serve as a yardstick for prediction of roaster-gas 
composition and sulfate formation in the calcine for fluid-bed roasting practice. A method 
of calculation which combines the equilibrium and stoichiometric factors is outlined, and 
illustrated by an example from the roasting of Cu-Fe sulfides. 


by Herbert H. Kellogg 


N first examination the roasting of sulfides would 

not seem to be a process to which equilibrium 
calculations could be applied to yield results of 
practical value. The burning of sulfides is an ex- 
tremely spontaneous reaction, excess air is always 
used to obtain rapid reaction, and in most tradi- 
tional roaster designs (hearth roasting) the tem- 
perature and gas composition vary widely from 
point to point in the roaster. These are all conditions 
which promote a non-equilibrium state in the roast- 
ing process. 

However, the introduction of the fluid-bed roaster* 
has brought to roasting practice new conditions of 
operation, so that equilibrium calculations can be 
used to predict certain limited aspects of practical 
operation. The fluid bed is characterized by uni- 
formity of temperature, gas composition, and calcine 
composition from point to point throughout the bed. 
These relatively uniform properties of the bed make 
the meaningful calculation of the equilibrium state 
of certain reactions in roasting possible. It is the 
purpose of this paper to analyze roasting from an 
equilibrium viewpoint, to show where the method 
may be expected to yield valuable information, 
where it fails, and to outline methods of calculation. 


Main Roasting Reaction 


The reaction 
MS (s) + 3/2 O. = MO (s) + SO, [1] 


might well be called the main roasting reaction. It 
adequately accounts for the well known facts that 
metal sulfide and air are the main reactants, and 
metal oxide and SO, the main products. Deviations 
from this simple stoichiometry will be discussed 
under side reactions. 


H. H. KELLOGG, Member AIME, is Professor of Mineral Engi- 
neering, School of Mines, Columbia University, New York City. 

TP 4224D. Manuscript, July 28, 1955. New York Meeting, Feb- 
ruary 1956. 
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For all metal sulfides, Reaction 1 is strongly exo- 
thermic and the equilibrium position is far to the 
right. Since the reaction is exothermic, the equi- 
librium shifts in the right-to-left direction as the 
temperature is raised. However, at all practical 
roaster temperatures (between 500° and 1200°C), 
the amount of this shift is small, and the equilibrium 
position remains far to the right. The main roast- 
ing reaction is essentially irreversible, and the appli- 
cation of equilibrium considerations to this reaction 
will not be a fruitful field of investigation. 

A knowledge of the rate of this reaction, although 
not the proper subject of this paper, is of great im- 
portance to the roasting process. Analysis of the 
factors which influence this rate shows that: 

1) The rate will increase rapidly with increased 
temperature. 

2) The rate will be proportional to the partial 
pressure of oxygen at the surface of the reacting 
particle. Because of diffusion effects, the partial 
pressure of oxygen at the particle surface may be 
considerably less than in the bulk of the roaster gas. 
For this reason, intimate contact between gas and 
solid and high relative velocity between gas and 
solid, such as can be obtained in a fluid bed or flash 
roaster, will markedly increase the rate of reaction. 

3) The rate will be proportional to the surface 
area of metal sulfide. Therefore, smaller particle size 
will permit a more rapid rate per unit of weight. 

To achieve practical rates of roasting the partial 
pressure of oxygen in the roaster gases must be 
maintained at a finite level at all times. Even where 
the gas-solid contact is very good, as in the fluid- 
bed roaster, the oxygen content of the gas must not 
be allowed to drop below some limiting value (per- 
haps 1 pct), or the rate of the main roasting reaction 
will become too small for practical operation. 


Side Reactions in the Gas Phase 
The gas phase during roasting of metallic sulfides 
contains the elements oxygen, sulfur, nitrogen, hy- 
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Fig. 1—Equilibrium gas composition for roasting concentrate 
A. Temperature is 800°C and pressure is 1 atm. 


drogen, and carbon. Sulfur is derived from the 
roaster feed; oxygen, nitrogen, and hydrogen are 
derived from the air; oxygen and hydrogen may 
also be derived from moisture in the feed and from 
water used to control the temperature of roasting. 
A minor amount of carbon may also be present in 
the gas phase, derived from the CO, content of the 
air and from the decomposition of carbonates in the 
feed. If fuel is necessary for roasting (non-auto- 
genous roasting) the carbon content of the roaster 
gas will be significant. 

If it is recalled that roaster gases must, of neces- 
sity, be oxidizing in nature, the stable compounds 
present in the gas phase can be listed as: O., SO., 
SO;, N:, and CO;. The gases CO, H,, HLS, 
CS., and S, are unstable in an oxidizing atmosphere, 
and therefore will be present in vanishingly small 
amounts in roaster gases.* 


* Within a deep bed of roasting sulfides, where the oxygen supply 
may be temporarily exhausted, the gas S2 may be present in sizeable 
amounts. However, at the surface of the bed the Se will burn to SO». 


Among the six stable gas constituents there is 
only one equilibrium of importance. This is the 
reaction 


SO. + % O. = SO,. [2] 


Reaction 2 is exothermic. The standard free energy 
is given by Kelley* as AG® = —21,600 + 2.305 T log 
T + 13.44 T. This equation was used to calculate 
the values of K, used in the numerical calculations 
given in this paper. 

At low temperature (below 500°C) the equi- 
librium of Reaction 2, in an oxidizing atmosphere, 
is shifted predominately to the right (SO, is stable). 
However, the rate of this gas reaction is very slow 
at these temperatures, and a catalyst is required to 
obtain appreciable rates of formation of SO, from 
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SO, and O.. At higher temperatures (above 700°C) 
the equilibrium of Reaction 2 is shifted to the left 
(SO, is more stable), but finite amounts of SO, will 
still be present. Moreover, the rate of Reaction 2 
is appreciable above 700°C, especially in the pres- 
ence of certain metallic oxides which are catalysts 
for the reaction, so that roaster gases contain nearly 
equilibrium proportions of SO, and SOs. 

The H.O, N., and CO, contents of roaster gases act 
as inert diluents to the gas phase equilibrium repre- 
sented by Reaction 2. Since Reaction 2 involves a 
change in the number of moles of gas, the equi- 
librium will be pressure sensitive. Higher total 
pressure or lower content of inert gases at constant 
pressure has the effect of shifting the equilibrium 
of Reaction 2 to the right, toward a greater propor- 
tion of SO;. The proportion of the inert diluent 
gases must therefore be known in order to predict 
the proportions of SO, and SO, in roaster gases. 


Side Reactions in the Solid Phase 


In addition to simple metallic oxides such as MO, 
etc., and unreacted metallic sulfides, roaster solids 
may contain MSO,, MO-MSO,, MSO;, MO-M.0O,, etc. 

Metal sulfates are common constituents of roaster 
calcine. The equilibrium between sulfates and the 
roaster gas may be written in either of two ways 


MSO, = MO + SO, [3] 
or 


Neither of these reactions alone is sufficient to de- 
scribe the equilibrium completely, since all three 
gases (O., SO., and SO;) are present. The correct 
application of the thermodynamic method to the 
equilibrium of sulfates in roasting requires that 
Reaction 2 be solved simultaneously with either Re- 
action 3 or Reaction 4. Once again the presence of 
the inert diluents (N., H.O, and CO.) will affect the 
degree of dissociation of the sulfates, because of 
their effect on Reaction 2. 

Many sulfates decompose in two or more stages, 
and basic sulfates are the intermediate products. 
In such a case the equilibrium of sulfates in roast- 
ing must be calculated for each stage of decomposi- 
tion, as follows 


2MSO, = MO-MSO, + SO, [5] 
MO-MSO, = 2 MO + SO,. [6] 


Reaction 6 will have a smaller equilibrium constant 
(K = Pso;) than Reaction 5; the basic sulfate will 
decompose at higher temperature than normal sul- 
fate. By consideration of the phase rule it can be 
shown that it is impossible for all three solids, MO, 
MO-MSO,, and MSO, to coexist in a system where 
temperature and total pressure are independent 
variables. Hence a calcine which is in equilibrium 
with the roaster gas may consist entirely of MSO,, 
a mixture of MSO, and MO-MSO, in equilibrium 
with Reaction 5, entirely of MO-MSO,, a mixture of 
MO-MSO, and MO in equilibrium with Reaction 6, 
or entirely of MO. 

In a system containing SO, and MO, the formation 
of metal sulfites is possible. However, the sulfites 
of the common metals are all unstable at practical 
roasting temperatures (> 600°C), so that these com- 
pounds are not found in roaster calcine. 

Roaster calcine is often found to contain complex 
oxides of which ferrites (MO-Fe.O,) and silicates 
(MO-SiO.) are common examples. These compounds 
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MSO, = MO + SO, + % O.. [4] 


may be undesirable constituents in a calcine be- 
cause of their low acid solubility and the difficulty 
of reduction to the metallic state. The formation of 
most of these compounds from the simple oxides is 
spontaneous in the thermodynamic sense at roaster 
temperatures, and the equilibrium cannot be re- 
versed under practical conditions. The degree of 
formation of complex oxides in a calcine can only 
be reduced by factors which decrease the rate of 
the solid-solid reaction—lower temperature, less 
intimate mixture of the individual oxides, lower 
residence time in the roaster, etc. 


Equilibrium Calculations in Roasting 

From the preceding analysis it should be apparent 
that equilibrium calculations can be profitably ap- 
plied to two aspects of roasting performance. These 
are roaster gas composition, and proportion of sul- 
fate in the calcine. 

The effect of temperature, pressure, concentrate 
analysis, proportion of air to solid feed, and enrich- 
ment of air with oxygen on both of these can be 
determined by the methods which will be outlined. 
The calculations assume that the roaster gas can be 
characterized by a single composition and tempera- 
ture. This condition will be approached in practice 
only in a fluid bed roaster, where intimate mixing 
does result in relatively uniform gas composition 
and temperature. 


Table |. Analysis of Hypothetical Concentrates A and B 


Mol per 
Wt Pct 100 G 


Mol per 
Mol Cu 


Concentrate A, High Copper, Low Sulphur, Low Iron 


Cu, as sulfide 48.0 0.755 1.0 
Fe, as sulfide 11.0 0.197 0.261 =a 
S, as sulfide 21.0 0.655 0.868 = b 
H20, free and combined 5.0 0.278 0.368 =c 
CO», as carbonate 3.0 0.068 0.090 = d 
Inerts, SiO», etc. 12.0 — 

Concentrate B, Low Copper, High Sulphur, High Iron 
Cu, as sulfide 17.3 0.272 1.0 
Fe, as sulfide ols) 0.564 2:07 =a 
S, as sulfide 36.2 1.130 4.15 =b 
free and combined 5.0 0.278 1.02 =e 
COz, as carbonate 3.0 0.068 0.25=d 
Inerts, SiOz, etc. 7.0 — 


GAS COMPOSITION , MOL OR VOL PCT 


650 700 750 800 850 890 
TEMPERATURE OF ROASTING , °C 


Fig. 2—Equilibrium gas composition for roasting concentrates 
A and B; no sulfation of calcine is assumed. Pressure is 1 atm 
and X is 10 mols of air for concentrate A and 40 mols of air 
for concentrate B. Air is normal (20.7 pct O:). 
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For illustrative purposes, the roasting of a Cu- 
Fe-S concentrate will be considered. This is chosen 
because there is considerable current interest in 
dead-roasting copper concentrates to prepare feed 
for electrowinning of copper. For this purpose it is 
important to predict the conditions which will yield 
CuO, rather than CuSO,, since the simple oxide, 
provided it is acid soluble, would permit a closed 
circuit leaching-electrolysis. A calcine consisting of 
CuSO, would require a means of stripping sulfuric 
acid from the leaching-electrolysis circuit. Another 
matter of importance is that the iron content of the 
calcine be in the relatively insoluble form of Fe.O,, 
rather than soluble sulfate. 


Stoichiometric Basis—Since roaster gas composi- 
tion is determined by stoichiometry as well as equi- 
librium considerations, an initial choice of stoichio- 
metry is necessary. One of the principal variables 
in roasting practice is a stoichiometric variable—the 
proportion of air to solid feed. In order to permit 
calculations on the effect of such variables, the 
stoichiometry will be stated in terms of variable 
parameters as follows: 

1) X mols of air with a mol fraction of oxygen 

equal to x 
xX mols of oxygen 
(1-x)X mols of inerts (N,, (CO), 

2) For each X mols of air, the amount of solid 
feed introduced is: 1 mol of copper as sulfides, a 
mols of iron as sulfides, b mols of sulfur as sulfide, 
c mols of moisture (free and combined), and d mols 
of decomposable carbonates. 

The choice of stoichiometry in this manner per- 
mits study of the effect of concentrate composition 
(a, b, c, d), proportion of air to concentrate (X), 
and enrichment of the air with oxygen (x). 

Irreversible Oxidation—If calculation of dead 
roasting conditions is desired, the change in gas 
stoichiometry during roasting, exclusive of the equi- 
librium effects to be considered later, can be calcu- 
lated as follows. 

The stable oxides of copper and iron under the 
roasting conditions assumed here are CuO and Fe.O,. 
Hence the following reactions can be assumed to 
proceed to completion. 

(a)Fe + (0.75a)O, > (0.5a) Fe.O, 

(b)S + (6)O.> (b6)SO, 

N'o. = xX — (0.5) — (0.75a) — b 


N' soo 
N’, = (1l-x)X +c4+d 
where N’o,, N’so.,, and N’; are the number of mols of 


O., SO., and inert gases present in the roaster gas as 
a result of the irreversible oxidation of the feed. 

If making calculations for partial oxidation of the 
sulfides is desired, the stoichiometric coefficients in 
the irreversible oxidation equations can be set to 
any fractional value desired. 

Roaster Gas Equilibrium Case A—No Stable Sul- 
fates—It remains to calculate the change in gas 
composition which will occur when any desired set 
of equilibrium conditions is imposed on the roaster 
performance. As was pointed out earlier, one im- 
portant reaction which probably approaches equi- 
librium closely under practical roasting conditions 
is Reaction 2. If the roasting is to be carried out at 
relatively high temperature, where no sulfates are 
stable, Reaction 2 is the only one which will further 
effect the exit composition of the roaster gas. To 
calculate the equilibrium gas composition under 
these conditions we may proceed as follows. 
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Let AN be the number of mols of Reaction 2 which 
occur in the left to right direction in order to bring 
the gas composition from the value N’o., N’so., N’; to 
the equilibrium composition, No, Nso., Nsos, Ny. Then 


No, = xX — 0.5 — 0.75a —b — AN/2 
Nso, = b — AN 

Nsog = AN 

N,= +c+d 

Noota = X — 0.5 — 0.75a — AN/2 + c+ d. 


The equilibrium partial pressure of O,, SO., and 
SO, will be given by 


No, (2X —0.5—0.75a—b—AN/2) P 

(Ros = [a] 
X —0.5—0.75a—AN/2 +e+d 
(O— AN) P 

[b] 
Noota X—0.5—0.75a—AN/2+c+d 
AN P 

-P= [ce] 
X —0.5—0.75a—AN/2+c4+d 


The values of the partial pressures given by Eqs. 
a, b, and c can now be solved simultaneously with 
the expression for the equilibrium constant of Re- 
action 2 

Psog 


K, = d 
+ Po,” [ ] 


If the initial stoichiometry (X, x, a, b, c, d), the 
temperature (which determines the value of K), 
and the total pressure (P) are assigned numerical 
values, then Eqs. a through d can be solved simul- 
taneously to yield values of AN, Pos, Pso3. The 
general solution to these equations is 


_ AN(X—0.5—0.75a—AN/2+¢ 
(b—AN) (2X — 0.5—0.75a—b—AN/2)*? 


Le] 


Eq. e, which looks complex, is considerably simpli- 
fied when numerical values are substituted, and AN 
may be easily determined by trial and error solution. 

The advantage of the method is illustrated in Figs. 
1 and 2, where the effects of proportion of air to 
concentrate (X), enrichment of air with oxygen 
(x), temperature, and concentrate composition on 
the equilibrium roaster-gas composition are shown. 

Fig. 1 shows the gas composition resulting from 
the roasting of hypothetical concentrate A, see Table 
I for analysis, at 800°C and 1 atm total pressure. 
The gas composition is shown as a function of X, the 
proportion of air to concentrate, for two different 
compositions of entering air: normal air, 20.7 pct 
O.; and enriched air, 32 pct O.. 

The curves of Fig. 1 show that the SO. content 
decreases and the O, content increases as a greater 
excess of air is used for the roasting. The SO, con- 
tent goes through a maximum. For a minimum of 
excess air, the SO; content is low because Reaction 
2 is shifted to the left due to the low partial pres- 
sure of O,. For a large excess of air, the SO, content 
is low because the large excess of N. acts as a diluent 
to shift the equilibrium of Reaction 2 to the left. 

For a fluid-bed roaster, operated to obtain maxi- 
mum SO, concentration, 4 pct O. in the roaster gases 
may be taken as a typical oxygen content if dead 
roasting is to be obtained. Under these conditions 
Fig. 1 shows that the roaster gases will contain 8.0 
pet SO, and 1.3 pct SO, if 9.6 mols of normal air is 
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used, and 13 pct SO, and 2.3 pct SO, if 5.8 mols of 
air enriched to 32 pct O, is used. The advantage of 
oxygen enrichment is that a higher SO, content in 
the roaster gas can be achieved with a smaller bur- 
den of air. In cases where the sulfide content of the 
concentrate is low, the decreased air burden asso- 
ciated with the use of enriched air could well mean 
the difference between success or failure of auto- 
geneous roasting. 

Fig. 2 shows the gas compositions resulting from 
the roasting of concentrates A and B, see Table I for 
analysis, with normal air at 1 atm total pressure as 
a function of the roasting temperature. For con- 
centrate A the proportion of air, X, was chosen as 
10.0 mols; for concentrate B, X was chosen as 40.0 
mols. These values of X were chosen because they 
yield oxygen percentages in the roaster gas which 
are approximately equal for concentrates A and B, 
and which are in the practical range, 3 to 5 pct O.,, 
for fluid-bed roasting. 

The results shown in Fig. 2 illustrate the effect of 
concentrate grade on roaster gas composition. At 
800°C, concentrate A yields a gas with 7.6 pct SO., 
while concentrate B, which contains more sulfur, 
yields a gas with 9.0 pct SO.. The same graph also 
illustrates the increase of SO, content in the gases 
as the temperature is increased. This effect results 
from the decrease in SO; content of the gases, ac- 
cording to the reverse of Reaction 2, as the tempera- 
ture is increased. 


Formation of Sulfates in Roasting 


The gas compositions shown in Figs. 1 and 2 were 
calculated on the assumption that all the sulfur 
present in the concentrate was transferred to the gas 
phase as SO, and SO,. If any solid sulfates were to 
form, it would invalidate the results shown in these 
figures. The validity of the assumption can be read- 
ily checked and the conditions for sulfate formation 
determined by consideration of the equilibrium re- 


Table Il. Equilibrium Constant for Reactions 7 and 8 


°C oK Kr = Pso, Ks = Pso, 
600 873 3.52x10-4 = 

625 898 8.47x10-4 

650 923 1.94x103 4.05x10-4 
675 948 4.24x10-8 

700 973 8.25x10-3 1.92x10-3 
727 1000 1.88x10-2 4.14x10-3 
750 1023 3.44x10-2 7.65x10-3 
775 1048 1.46x10-2 
800 1073 — 2.68x10-2 


actions for sulfate formation. The copper sulfates 
are considerably more stable than the iron sulfates 
and will be considered first. The two recognized 
cupric sulfates are CuSO, and CuO - CuSO, Their 
equilibrium formation reactions are most conven- 
iently written in the form 


2'CusO, =CuO = CusOs 
CuO - CuSO, (s) =2 CuO (s) + (go). 


The data of Kelley’ permit calculation of the 
equilibrium constants for these reactions. The re- 
sults are shown in Table II. 

The data of Fig. 1 were all calculated at 800°C and 
1 atm pressure. At this temperature the equilibrium 
partial pressure of SO; over a mixture of CuO and 
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CuO - CuSO, is 0.0268 atm (2.68 pet SO;). Since the 
SO; contents obtained for roasting with normal air, 
Fig. 1, were in no case greater than 1.4 pct, 
CuO - CuSO, is unstable under all conditions for this 
case. For roasting with enriched air the optimum 
SOs content, see Fig. 1, reaches about 2.65 pct. This 
is close to the condition where CuO - CuSO, would 
be stable (2.68 pct SO,), but still too low to permit 
formation of this compound. CuS0O,, according to 
Reaction 7, requires even larger percentages of SO, 
for stability. Therefore, it will also be unstable for 
all conditions considered in Fig. 1. It may be con- 
cluded that the gas compositions, calculated and 
reported in Fig. 1, do not permit formation of cop- 
per sulfates. 

For the conditions of roasting considered in Fig. 2, 
however, copper sulfate formation at the lower 
temperatures is possible. This may be seen by ref- 
erence to Fig. 2, on which the curves for the partial 
pressures of SO, for Reactions 7 and 8 are also shown. 
The curve for the SO, pressure of mixtures of 
CuO-CuSO, and CuO, Reaction 8, is shown to cross 
the curve for the SO, pressure in the roaster gases 
at 785°C for concentrate B, and 780°C for concen- 
trate A. These temperatures are, therefore, the dew 
pointst of CuO - CuSO, Below 785°C, finite quan- 


7+ Dew point is used in this paper to mean the temperature at 
Beh an infinitesimal amount of a new solid phase is stable in the 
system. 


tities of the basic sulfate will exist in the calcine of 
concentrate B, and the roaster gas composition from 
Fig. 2 will be rendered invalid. 

The correct calculation of roaster gas composition 
and the amount of copper sulfate in the calcine at 
temperatures below the dew point of the sulfate are 
found by the following steps. 


A) Calcine contains only CuO. 

B) Calcine is a mixture of CuO + CuO - CuSO,. 
C) Calcine contains only CuO - CuSQ,. 

D) Calcine is a mixture of CuO - CuSO, +CuSQO,. 
E) Calcine contains only CuSQ,. 


The gas and calcine compositions of concentrate B 
for each of these steps, from no sulfation to complete 
sulfation, are shown in Fig. 3 by the solid lines. 

Before proceeding with the methods of calculation 
for each of these steps, the underlying assumption of 
equilibrium should be once again explained. The 
calculations assume that all the roaster gas can 
come to equilibrium with all the solid calcine. This 
is a limiting condition that may be approached in a 
properly operating fluid-bed, but would certainly 
not apply to hearth roasting. Slow reaction rates 
between the gas and solid will cause departures be- 
tween the theoretical and practical results, but this 
does not detract from the value of the theoretical 
calculations as a yardstick against which to measure 
actual performance. 

Step A—Calcine Contains Only CuO—This is the 
condition for which gas compositions have already 
been calculated and reported in Fig. 2. Above the 
dew point of CuO - CuSO, (785° for concentrate B), 
the calculatons reported in Fig. 2 are valid. These 
results have been transferred to Fig. 3 and labelled 
as step A. 

Step B—Calcine is a Mixture of CuO and 
CuO - CuSO,—The dew point of CuO - CuSO, is de- 
termined from the intersection of the K, curve with 
the curve for the partial pressure of SO, calculated 
for the conditions of step A. This yields the dew 
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point of CuO - CuSO, as 785°C, with a roaster-gas 
composition of SO; = 1.88 pct, SO. = 8.8 pct, and 
O, = 4.4 pct. 

The next condition for which calculations will be 
made is that in which all the CuO, except for an 
infinitesimal amount, has been converted to 
CuO - CuSO,. The gas stoichiometry for this condi- 
tion will differ from that for case A only to the 
extent that 4% mol of SO; is removed from the gas 
phase to form % mol of CuO - CuSO,.t The stoichi- 


¢ The 42 mol arises from the fact that the calcine contains 1 mol 
of copper, all of which is assumed to be in the form CuO « CuS0Os,. 
Hence each mol of copper is associated with % mol of SOs. 


ometry may, therefore, be written as 


No, = xX — 0.5 — 0.75a — b — AN/2 
= b — AN 

Nsog = AN — 0.5 

N,= +cec+4+d 

Noota = X — 1.0 —0.75a + ec + d—AN/2. 


Since both CuO and CuO CuSO, are present, 
although there is only an infinitesimal amount of 
CuO, Reactions 8 and 2 are both valid equilibrium 
relations. Therefore, the equations to be solved are 


(VAN 058) JP 
[9] 
X — 1.0 —0.75a —AN/2+c+d 
Psog 
Kk, = = 


(AN — 0.5) (X — 1.0 — 0.75a — AN/2 +c +d)” 
(b — AN) (xX — 0.5 — 0.75a — b — AN/2)*?P™” 
[10] 


Substitution of numerical values for X, x, a, b, c, 
d, and P allows considerable simplification of Eqs. 
9 and 10, and leaves two unknowns, AN and tem- 
perature (which determines K, and K,;). These 
equations can be solved simultaneously by a trial and 
error solution. For the fixed conditions assumed for 
> 
SOs = 7-00 eine! Op 

Reference to Fig. 3 shows that the absorption of 
% mol of SO, by the calcine to form CuO - CuSO,, 
step B, between the temperatures of 785° and 780°C 
causes an abrupt reduction of the SO, and O, con- 
tent of the roaster gas. 

Step C—Calcine Contains Only CuO-CuSO,— 
When all the CuO in the calcine has been changed 
to CuO - CuSO, (780°C), the calcine cannot absorb 
more SO, from the gases, because formation of 
CuSO, from CuO-CuSO,, Reaction 7, requires much 
higher pressures of SO, than exist in the roaster 
gases. Therefore, at temperatures below 780°C, the 
calcine remains wholly in the CuO - CuSO, condi- 
tion, but the roaster gas can no longer be in equilib- 
rium with either Reaction 7 or Reaction 8. In this 
region, step C, only Reaction 2 can reach equilibrium. 
The gas stoichiometry will be the same as that just 
calculated for the condition where only an infinites- 
imal amount of CuO is present. Therefore, the valid 
equation to calculate equilibrium is Eq. 10. 

After substitution of numerical values, Eq. 10 
contains the unknowns K, and AN. It is readily 
solved by assumption of a value for AN and calcu- 
lation of the resulting value of K,. The temperature 
corresponding to this value of K. may then be found 
from a plot of K, vs T. Values of Psos, Pso,, and Po, 
can be calculated from the value of AN. In this way 
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Fig. 3—Sulfation of 
concentrate B in 
roasting. Pressure Is 
1 atm, and X is 40 
mols of air. Air is 
normal (20.7 pct Oz). 
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the temperature variation of Psoz, Pso., and Po, is de- 
termined and plotted on Fig. 3, step C. 

Step D—Calcine is a Mixture of CuSO, and 
CuO - CuSO,—The gas compositions calculated ac- 
cording to step C are valid only so long as the value 
of Psos hes below the equilibrium pressure of SO; 
over mixtures of CuSO, and CuO-CuS0O,, Reaction 
7. Fig. 3 shows that at 735°C these lines cross, so 
that this temperature is the dew point of CuSQ,. At 
735°C, an infinitesimal amount of CuSO, can exist in 
the calcine. 

At temperatures below 735°C, Eq. 10 no longer 
yields valid values for the gas composition, because 
finite amounts of SO, are absorbed by the calcine to 
form CuSQ,. 

The temperature at which all but an infinitesimal 
amount of CuO-CuSO, has been converted to 
CuSO, will now be calculated. The gas stoichiometry 
for this condition is the same as for step A, except 
that 1 mol of SO, has been consumed by the calcine 
to form 1 mol of CuSO,. 


No, = xX — 0.5 — 0.75a — b — AN/2 
Nso, = b — AN 

Nsog = AN — 1.0 

N,= +c+d 

Nootar = — 1.5 — 0.75a — AN/2+c+4+d. 


Reactions 2 and 7 can both reach equilibrium. 
Therefore, the valid equations are 


(AN — 1.0) P 
[11] 
X —1.5—0.75a —AN/2+c+4+d 
IK. = = 
Ps02P 0." 


(b — AN) (xX — 0.5 — 0.75a — b — AN/2)@P*? 


Eqs. 11 and 12 may be solved simultaneously in 
the manner previously described to yield the result: 
640 pet. 0; — 3.2 — 
2.04 pct. 

The plot of these data on Fig. 3, step D, once again 
shows a sharp decrease in the SO, and O. content of 
the roaster gas due to the absorption of sulfur by 
the calcine. 

Step E—Calcine Contains Only CuSO,—Below 
730°C the copper content of the calcine cannot ab- 
sorb more sulfur, because it already is entirely con- 
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verted to CuSO,. Therefore, Reaction 7 can no longer 
come to equilibrium, and Eq. 12, alone, will correctly 
predict the gas composition at temperatures below 
730°C. Eq. 12 has been solved for temperature down 
to 700°C. Results, reported in Fig. 3, show the trend 
of gas composition for this step. 

The gas compositions, so calculated, will correctly 
represent the equilibrium gas composition in the 
roaster, until the temperature drops to a region 
where other sulfates—such as iron sulfates—may 
be stable. 

Formation of Iron Sulfates 

Reliable thermodynamic data on the decomposi- 
tion of iron sulfates are not available. If they were, 
the temperature regions for formation of iron sul- 
fates could be calculated by the methods outlined in 
this paper. 

Practical roasting experience shows that iron sul- 
fates do form during roasting of Cu-Fe sulfides be- 
low 600°C.° By raising the roasting temperature 
above 650°C most of the iron in the calcine is con- 
verted to the oxide form. Evidently the iron sulfates 
are considerably less stable than the copper sulfates. 


Summary of Calculations on Sulfate Formation 
The calculations summarized in Fig. 3 have the 
following meaning and significance: 


1) The concentrate (B) is a copper-iron-sulfide 
containing 17.3 pet Cu (as sulfide), 31.5 pct Fe (as 
sulfide), 36.2 pct S (as sulfide), 5 pct moisture, and 
3 pet CO, (in the form of carbonates which decom- 
pose below 700°C). It is roasted with normal air 
(20.7 pet O.) in 40 mols of air per mol of copper in 
the concentrate at atmospheric pressure. 


2) The calculations show that if the gas and 
calcine are at equilibrium at all times, the roasting 
temperature will have the following effect on the 
result. 

a) Below 730°C all the copper in the calcine 
will be in the form of CuSO, At 730°C the gas 
composition will be 6.4 pct SO., 3.2 pet O., and 
BAY 

b) Between 730° and 735°C the calcine will 
consist of mixtures of CuSO, and CuO - CuSOQO,. 
At 735° only an infinitesimal amount of CuSO, 
will remain, and the gas composition will be 7.25 
Os 3-05) pet, ands On 

c) Between 735° and 780°C the calcine will 
contain only CuO - CuSQ,. At 780°C the gas com- 
position will be 7.9 pct SO,, 3.97 pet O., and 1.66 
pet 

d) Between 780° and 785°C, the calcine will 
consist of mixtures of CuO and CuO - CuSO, At 
785°C the amount of CuO - CuSO, will be infini- 
tesimal, and the gas composition will be 8.8 pct 
SO., 4.4 pet O., and 1.9 pct SOs. 

e) Above 785°C the calcine will contain only 
CuO: 


3) These theoretical performances will be most 
nearly approached in actual practice for roasters 
having uniform temperature and gas composition, 
such as the fluid-bed type. 


4) The temperature regions for stability of the 
copper sulfates calculated are not unique for the 
copper sulfates, but are strongly dependent on the 
stoichiometry of the concentrate, roaster air, and 
total pressure. For instance, for roasting of con- 
centrate A under the conditions shown in Fig. 2, the 
dew point of CuO - CuSO, is 780° (785° for concen- 


TRANSACTIONS AIME 


{ 
785° 
~780° 
6b 
4 
2 = 
oe K 


trate B), formation of CuO - CuSO, is complete at 
750° (780° for concentrate B), and the CuSO, dew 
point is 707° (735°C for concentrate B). 

Use of these methods of calculation shows that 
reduced pressure roasting (% atm) would permit 
decomposition of copper sulfates at temperatures 
about 50 degrees lower than at atmospheric pres- 
sure. This effect of pressure results from the pres- 
sure dependence of the equilibrium of Reaction 2. 

It should thus be clear that there is no unique 
temperature at which decomposition of any sulfate 


in roasting occurs. Rather, the decomposition tem- 
perature is a function of the stoichiometry of the 
system and the total pressure. 
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Technical Note 


Silicothermic Reduction of Magnesia and Ferrosilicon Activities 


by Bernt Ellingsaeter and Terkel Rosenqvist 


N the silicothermic reduction of magnesia, burned 

dolomite is treated with high grade ferrosilicon in 
an evacuated steel retort at temperatures between 
1150° and 1200°C.* The following reaction is as- 
sumed to occur 


MgO + CaO + % Si (Fe) = Mg(g) 
+ % Ca.SiO, + Fe 
with the equilibrium constant 


\/Aoassiog 


Augo* Aea0* Vas: 


K= 


On the basis of thermodynamic data for the sub- 
stances involved and assuming unit activity for all 
solid constituents, Kubaschewski and Evans’ calcu- 
lated the magnesium pressure as a function of tem- 
perature 
log puz (mm Hg) = 15.06 — 1.61-T- log T — 13,160/T. 
Pidgeon and King,® who measured the magnesium 
pressure by means of a flow method, found values 
about three times the calculated ones. This may be 
caused by uncertainties in the thermodynamic data, 
but may also be caused by the formation of other 
reaction products, such as Ca;,SiO,, which is known 
to be the stable silicate in equilibrium with lime. 
Whatever the exact reaction may be, it is evident 
that as long as all other factors are maintained con- 
stant the magnesium pressure will vary with the 
silicon activity, viz: pu; = /ds::(Duc)°, where 
(puz)° is the magnesium pressure by the reduction 
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with silicon of unit activity. In the present inves- 
tigation, py, was therefore measured for various 
grades of ferrosilicon and their silicon activities 
were calculated. 

The experimental method was similar to that 
used by Pidgeon and King. Briquettes of burned 
dolomite and Fe-Si alloys were placed in a 1 in. 
heat resistant steel tube and were heated to 1200°C. 
By means of a flow of purified hydrogen, the mag- 
nesium vapor was swept into a condenser filled with 
steel wool. From the amounts of hydrogen used and 
magnesium condensed the magnesium partial pres- 
sure was calculated. 

First a tube of 28 pct Cr steel, and later a tube 
of Kanthal D (a ferrous alloy with 22.6 pct Cr, 2 pct 
Co, and 4.5 pct Al), was used as a heat resistant 
tube. The latter tube showed the best heat resist- 
ance. 

The dolomite used had the following composition: 
43.6 pct MgO, 55.5 pct CaO, 0.2 pct K.0 + Na.O, 
0.2 pet Fe.O;, and 0.3 pct insoluble. The ferrosilicons 
were prepared from 98 pct Si of technical grade 
(0.7 pet Al, 0.3 pet Ca, and 1 pet Fe) by melting 
with various amounts of electrolytic iron of high 
purity. The alloys thus obtained were analyzed on 
their iron and silicon contents, which added up to 
between 99 and 100 pct. 

The amounts of reactants were chosen so that 
there would always be an excess of the oxides, and 
the average decrease in silicon content during the 
experiments would be about 1 pct. Most of the re- 
action occurred in the part of the reaction mixture 
facing the gas flow. The change in the silicon con- 
centration in the part facing the condenser was, 
therefore, negligible. 

To facilitate the reaction, about 1 pct fluorspar 
was added to the briquette mixture. Fluorspar does 
not enter the reaction, but is known to act as a 
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Fig. 1—Silicon activities for the system Fe-Si: a) 1200°, re 
ferred to solid silicon, this investigation, b) 1500°, referred 
to molten silicon,‘ and c) 1500°C, referred to molten silicon.° 


catalyst, possibly by forming low melting eutectics 
around the solid grains. Some experiments with 
98 pct Si were made without this addition. The 
same results were obtained, which indicates that the 
values are rather close to equilibrium. This is further 
supported by the fact that a change in the gas flow 
between 170 and 230 cu cm per min did not notice- 
ably affect the observed magnesium pressure. For 
the rest of the experiments, a gas flow of 230 cu cm 
per min was used. In analogy with previous work 
with H.S—H, gas mixtures, this is believed to be 
large enough to overcome thermal diffusion effects. 

All experiments were carried out at 1200°+2°C, 
which is below the eutectic temperature for the 
higher grades ferrosilicons, but a few degrees above 
the eutectic in the 30 to 50 atomic pct Si range. This 
caused a slight fusion of the alloy, which eventually 
led to the destruction of the heat resistant tube. 

For the 98 pct Si alloy the magnesium pressure 
over the reaction mixture was found to be 30.7+1 
mm Hg (average of four runs). This is slightly less 
than the value found by Pidgeon and King, 34.4 mm 
Hg, but appreciably more than the calculated value, 
10.5 mm.’ Taking the value for the 98 pct Si as 
representing unit silicon activity, the silicon activi- 
ties for the other ferrosilicons were obtained as 
shown in Fig. 1. 

The activity remains practically constant between 
about 70 and 100 atomic pct Si, corresponding to 
this being a two phase alloy with silicon as the 
active phase. The curve shows rather marked drops 
in the silicon activity at 70, 50, and 30 atomic pct Si, 
the compositions which correspond to the ¢-phase 
(Fe.Si,), the e-phase (FeSi), and the saturation 
limit for the a-phase. The last drop may also be 
caused partly by the eutectic melt between the 
a-phase and e-phase. In Fig. 1 activity curves are 
also drawn, for comparison, for the molten Fe-Si 
alloys at 1500°C, as determined by Chipman et al.’ 
and by Sanbogi and Ohtani.° These curves show the 
same general trend as the curve for the solid alloys, 
except for the stepwise increase in activity at the 
compositions of the intermediate solid phases. 
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Fig. 2—Integral free energy for the iron silicides at 1200°C, 
assumed ysi in the y and a-range = 10°. 


For the alloy with 29 atomic pct Si, which is 
inside the a-range, the silicon activity was found 
equal to 0.003, corresponding to an activity coeffi- 
cient of 10°. This is of the same order of magnitude 
as for a dilute solution of silicon in molten iron at 
1500° to 1600°C, as given by Chipman et al. (ySi° 
= 0.005) and by Sanbogi and Ohtani (ySi° = 0.013). 

Calculations of the relative integral free energies 
of formation for the iron silicides are not strictly 
possible without knowledge of the activity relations 
for the solid solution of silicon in y and a-iron. 
Approximate calculations are possible, however, if 
the activity coefficient of silicon is assumed to be 
constant and equal to 10° up to 29 atomic pct Si. 

This simplification implies that the iron activity 
follows Raoult’s law, which gives the relative inte- 
gral free energy in the y-a range as equal to 


AF = RT In Ny. + Ng: In (10° Ns; ) 


For the two phase region a-e, the curve, Fig. 2, is 
extended toward the value for the partial free energy 
for silicon in this range, —8.7 kcal. For the two 
phase regions «-¢ and ¢-6, the curve is extended 
further toward the partial free energy for silicon 
in these ranges, 2.4 and 0 kcal, respectively. The 
uncertainty introduced by this procedure is rather 
large, but diminishes toward the high silicon range. 
Taking the assumed activity coefficient in the y-a 
region as correct within a factor of 10, the follow- 
ing values for the free energy of formation are 
obtained: for the reaction Fe+Si = FeSi, AFius; = 
— 13.5+2 kcal; for the reaction 2 Fe + 5 Si = Fe.Si,, 
AF = —352+4 kcal; and, finally, for the reaction 
2 Fesi + Si = Fe,Si,, AFiws = —8=1 keal. 
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Some Effects of Hot Strip Mill Rolling Temperatures 
on Properties of Low Carbon Sheet Coils 


The phase changes occurring in low carbon steel during hot strip mill rolling are 
shown to be metallurgically significant when related to commonly used temperature con- 
trol points, particularly finishing and coiling temperatures. In combination, these tem- 
peratures are shown to have an important influence on the level and uniformity of 
hardness, grain size, and carbide characteristics of the finished hot and cold rolled sheets. 


by D. T. Goettge and E. L. Robinson 


IDE DUCTION of wide flat-rolled products ordi- 
narily requires a number of operations in sequence 
to prepare the material for shipment to the cus- 
tomer. Most products are tailor-made for specific 
end uses, with each operation contributing certain 
properties to the finished material. Since the char- 
acteristics imparted to the semifinished product by 
a given step in processing carry through to the 
finished product in varying degrees, it is important 
that the intermediate stages of production of flat- 
rolled strip be carried out with the same care which 
characterizes the last or finishing operations. The 
step of hot strip mill rolling is common to the pro- 
duction of all of the various types of flat-rolled 
product; therefore, the hot strip rolling is an espe- 
cially important point at which to recognize and 
control those variables which have an effect on the 
surface characteristics and metallurgical properties 
of the finished product and which influence the ease 
of conducting subsequent operations. 

Orders entered at a producing mill usually show 
an end use or describe an article or part into which 
the ordered product is to be fabricated. Applying 
his experience as to the properties necessary in a 
finished sheet to suit the end use and to perform 
successfully in the fabrication involved, the metal- 
lurgist selects a steel of suitable composition and 
deoxidation practice, and slabs of appropriate dimen- 
sions are produced for rolling on the hot strip mill. 
At this stage of processing, the metallurgist faces 
the problem of controlling hot strip mill practice in 
the light of his diagnosis of the properties necessary 
to meet the end use, paying due attention to the 
accompanying problem of producing a strip which 
can meet processing requirements on subsequent 
units in the mill. It is the purpose of this paper to 
describe some of the factors which he must consider 
in solving these problems and to indicate some of 
the principles which guide him. 


Equipment, Physical Requirements of the Strip, and 
Temperature Measurement 


The metallurgist must, of course, be familiar with 
the physical layout of the mill, the temperature- 
measuring equipment available, and the physical 
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requirements of the hot strip product before he can 
apply his metallurgical knowledge to the problem; 
hence, the first section will consist of a brief discus- 
sion of these matters. . 

The usual hot strip mill consists of reheating fur- 
naces, five or six roughing stands including a scale- 
breaker, holding table, and second scalebreaker, 
six-stand finishing mill, runout table with spray 
cooling facilities, and coilers. A schematic diagram 
of a typical layout is shown in Fig. 1. Slab tem- 
peratures are primarily a function of heating time 
and furnace temperatures, while mill speeds, spray 
practice, drafting practice, available water pressure, 
temperature of the cooling water, cross sectional 
dimensions of the strip, coil size, and equipment 
limitations, either singly or in combination, deter- 
mine what rolling temperatures are practical on a 
given hot strip mill unit. Thus, it is possible that 
a set of temperatures which can be utilized success- 
fully on one mill cannot be used on another. How- 
ever, adjustments in temperatures and rolling prac- 
tice can usually be made to develop the desired 
metallurgical properties. In addition to the metal- 
lurgical properties developed through proper tem- 
perature control, the hot strip mill must also provide 
strip with certain physical attributes which may be 
summarized as follows: 

Strip Cross Section—The strip contour should con- 
form to a section which will give the best results in 
the cold reduction operation. This is generally recog- 
nized as a strip with 0.001 to 0.003 in. crown or 
shoulder-to-shoulder convexity depending on width, 
and freedom from concave, flat, or wedge-shaped 
cross sections which cause metal buildup in cold re- 
duction. Excessive drop off in thickness at the edges 
can also be very detrimental in cold reducing to 
light gages. 

Gage, Width, and Camber—All of these must be 
controlled. For example, rundown or increasing 
thickness from the front to the back of the coil 
results in nonuniformity in the thickness of hot- 
rolled sheet product and in added difficulty with 
gage and welds in cold reduction. Similarly, exces- 
sive width variation is the cause of guide trouble 
and excessive edge scrap at later stages of process- 
ing, while excessive camber is the source of a variety 
of processing troubles. 

Type of Oxide—Product intended for pickling 
should have a predominance of the type of oxide 
most easily removable in sulfuric acid. It is gen- 
erally recognized that this type is obtained by use 
of maximum table cooling water and cold coiling 
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temperatures. Where these conditions conflict with 
the temperatures required to develop specific metal- 
lurgical properties, a compromise pattern is usually 
established. 

Surface and Edge Characteristics—Strip should be 
free of rolled-in scale, scale flashing, heat pattern, 
pits, and other surface defects which could affect 
the quality of the finished product. The condition of 
the edges is especially important, since cracked or 
slivered edges can result in strip breakage in cold 
reduction and in surface defects originating from 
scraps of edge metal breaking off from the strip. 

Since the continuous hot rolling of strip from slabs 
is accompanied by phase changes in the product, it 
is logical that hot strip mill rolling temperatures are 
quite important in determining the properties which 
are developed in the hot-rolled coil and in the final 
product. For this reason, most modern mills have 
developed temperature practices for controlling grain 
size, carbide size and distribution, and hardness of 
the strip. The relationship of these phase changes 
to the ordinary temperature control points is de- 
picted graphically in Fig. 2. The four major tem- 
perature control points may be summarized as fol- 
lows:1) initial slab temperature, 2) roughing tem- 
perature—recorded out of the last roughing mill, 
3) finishing temperature—recorded out of the last 
finishing mill, and 4) coiling temperature—recorded 
just ahead of the first coiler a few seconds prior to 
coiling the strip. 

The finishing and coiling temperature will be 
noted to have the most direct association with phase 
changes, and these temperatures are considered to 
be the most important from the standpoint of most 
metallurgical properties. Since these two tempera- 
tures and the cooling rate between the temperatures 
are very closely related, it is common practice to 
speak of finishing and coiling temperatures and their 
effect on properties in combination rather than 
singly. 

It is obvious from the foregoing discussion that 
the temperatures at the hot strip mill must be 
measured as accurately as possible if the controls 
are to be effective. The fact that these temperatures 
are surface measurements taken by optical or radia- 
tion instruments makes them subject to errors intro- 
duced by interfering elements such as water, steam, 
oxide, and dust. This interference can usually be 
minimized by judicious use of air, steam, or water 
sprays to clear the strip areas where temperature 
observations are being made. Improvements in tem- 
perature measuring and recording instruments, to- 
gether with constant checking and maintenance, 
have contributed to more accurate temperatures 
over the years. However, it should be recognized 
that the temperature varies to some extent through- 
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out the length of a given slab or coil, and the actual 
finishing or coiling temperature is a range, simpli- 
fied to a specific representative value, Fig. 3. 


Hot-Rolled and Hot-Rolled Pickled Product 


As has been pointed out, the hot strip mill metal- 
lurgist in dealing with a particular order is con- 
fronted with first of all a choice of an appropriate 
steel as regards composition, deoxidation, and steel 
finishing practice. His next task is to specify an 
attainable set of finishing and coiling temperatures 
for control of mechanical properties and grain size, 
according to his knowledge of the demands the cus- 
tomer will make of the finished product. For the 
purpose of this paper, it will be assumed that a 
rimmed steel of conventional composition (0.10 max 
C, 0.30 to 0.40 Mn) has been applied, and an 
attempt will be made to throw some light on his hot 
strip mill problem by rolling slabs into strip at 
various finishing and coiling temperatures and noting 
the effect of the various temperature combinations 


Table |. Ladle Analysis, Pct 


Cc Mn Si 
Heat A 0.07 0.37 0.005 0.024 0.005 
Heat B 0.07 0.38 0.009 0.026 0.008 


on the physical properties, ferrite grain character- 
istics, and carbide size and distribution of the hot- 
rolled product. For convenience, in referring to the 
various temperature conditions, the following will 
be considered: 1) Coils which have been finished at 
temperatures above 1600°F will be considered to 
have been finished hot; those finished below 1530°F 
will be regarded as finished cold. 2) Likewise, coil- 
ing temperatures in the range 1300° to 1350°F will 
be considered hot, and those below 1150°F will be 
classified as cold. Each combination of finishing and 
coiling temperatures will be represented by roughly 
16 slabs so selected as to minimize the effect of steel- 
making variables so that something of the uniformity 
can be observed as well as of the level of results to 
be expected from each temperature combination. 
The slabs selected for the comparisons were the 
product of two rimmed steel heats with the ladle 
analysis given in Table I. Top cut slabs from each 
ingot were diverted from the rollings in order to 
eliminate the effect of chemical segregation from 
the results as much as possible. This provided two 
8000-lb slabs from each ingot and the tests in the 
hot-rolled condition were taken at the head and tail 
of each coil at the entry end of the continuous pickler 
after normal McKay processing and cropping of coil 
ends. The gage and size at this stage of processing 
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was 0.090 in., 4834 in. x coil. The middle and bottom 
cuts were systematically shuffled prior to cold re- 
duction and sheet annealing in order to minimize 
variations in the final properties resulting from the 
annealing treatment. The finished gage of 0.036 in. 
gave a 60 pct cold reduction. Tests on the final cold- 
rolled product were taken after temper rolling 1 pct 
at locations corresponding to the top and bottom of 
each original slab. With this background of process- 
ing and testing details, the results obtained can now 
be examined, starting with the hot-rolled product. 

Beginning with the grain size problem, it can be 
stated, by examination of the results, that finishing 
temperature is the major factor in controlling grain 
size. The effect of finishing temperature is illus- 
trated in Fig. 4. As can be seen, a finishing tem- 
perature above 1600°F, 1615° in this case, produced 
a relatively uniform grain structure of a size near 
eight on the standard ASTM grain size chart. The 
slightly coarser grains at the surface are believed 
to reflect the presence of the lower metalloid rim 
of the steel used rather than any rolling tempera- 
ture effect. The lower finishing temperature, 1525°F 
in this case, is well below the temperature for the 
austenite-to-ferrite transformation, usually taken as 
about 1560°F under hot strip mill conditions, and it 
can be concluded that some hot work has been done 
on the strip while considerable ferrite was present, 
at least in the regions near the surface of the strip. 
The result, illustrated in Fig. 4, is a characteristic 
grain coarsening in these areas so that a fine grained 
core, coarse grained surface results. (It has also 
been established a number of times that gross re- 
crystallization and a very coarse grain results when 
the low finishing is followed by the annealing effect 
accompanying a high coiling temperature.) It can 
be concluded immediately that for those applica- 
tions where the uniform grain of normalized mate- 
rial is required, a high hot strip mill finishing tem- 
perature may allow the elimination of the normal- 
izing treatment, since the high temperature structure 
approaches that of a normalized product. The car- 
bide size is dependent primarily on coiling tempera- 
ture, Fig. 5. Coarse carbides and pearlite result from 
the higher coiling temperature, 1335°F in this case, 
and are the result of several metallurgical phe- 
nomena. First, some austenite-to-pearlite trans- 
formation is undoubtedly taking place in the coil 
during a relatively slow cooling period through a 
temperature range near and below 1335°F, this 


2,00 } 
SLAB, TEMPERA TURE/////} 2300} 
2200+ AUSTENITE: 
SOLID SOLUTION OF 
2100F 
OU GHING TewecraTune [| // 2000 


CARBIDE IN GAMMA IRON 
1900F 


1800} 


TITTTITITT IT ITI 1700} 
FINISHING TEMPERATURE 1600 
1500 


1,00} \ “4s 


1100F FERRITE 


PEARLITE 

COILING TEMPERATURE | 1200 AND 
' 


1000 

010205 oh 05 06 07 
TEMP. £C 

Fig. 2—Relation of hot strip mill temperature control points 

to the phase changes of product is shown. 
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Fig. 3—Typical relationship of hot strip mill temperature 
control points is shown. 


temperature being chosen in this case because it 
closely approximates the A, temperature. Secondly, 
considerable agglomeration of previously precipi- 
tated carbides, as carbides or in pearlite, takes place 
during this period. Finally, the carbides which pre- 
cipitate from the ferrite as the carbon solubility in 
ferrite decreases with decreasing temperature below 
1335°F, precipitate at the highest possible tempera- 
ture and have an opportunity to grow in size. Con- 
versely, the effect of a lower coiling temperature, 
1115°F in this case, is to encourage formation of fine 
pearlite and to afford limited opportunity for 
agglomeration of the carbides. 


Table Il. Hardness of Hot-Rolled Sheets at Various Finishing and 
Coiling Temperatures 


Coil Hot Coil Cold 
Average, RB Range, Rs Average, RB Range, RB 
Finish hot 55 53 to 58 58 55 to 59 
Finish cold 42 37 to 56 54 45 to 66 


The carbide effect occurring in the finished coil 
which has just been described is superimposed on 
the effect of finishing temperature, which primarily 
affects carbide distribution, the carbide stringers 
characteristic of low finishing temperature showing 
the effect of hot work on the dual austenite-ferrite 
structure, while the uniform distribution attending 
high finishing temperatures is an expected result of 
the presence of austenite alone until all mechanical 
work has been completed. 

Examine, now, the mechanical properties which 
can be produced by regulating finishing and coiling 
temperatures and, as has been seen, grain structure 
and carbides. In considering the properties produced, 
only Rockwell hardness will be discussed; it is 
understood that yield point, ultimate strength, and 
general ductility level hold the usual relationship 
to the hardness, Table II. Examination of this table 
will show that finishing and coiling temperatures 
must be considered together in discussing the effect 
of hot strip mill practice on hardness. As can be 
seen, hot finishing produced a relatively high Rock- 
well level which is only mildly responsive to coiling 
temperature. The outstanding characteristic of the 
finished hot material is its uniformity, the hardness 
of the 16 slabs varying by only a few Rockwell 
points about the average for both coiling conditions. 
The cold-finished material is generally softer than 
hot-finished material, is prone to pronounced non- 
uniformity, as shown by the spread in Rockwell 
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values which exists for both coiling conditions, and 
most noticeable, is extremely responsive to coiling 
temperature with a difference of 12 points in Rock- 
well level attributable to coiling temperature alone. 
It is also noteworthy that the characteristic spread 
in hardness of cold-finished material is accentuated 
by a high coiling temperature. 

The major tools of the hot strip mill metallurgist 
are now apparent. If he is processing an item re- 
quiring the drawability that goes with a normalized 
grain structure, such as an automotive cross member 
application, he must specify a high finishing tem- 
perature and attain a further minor regulation of 
his properties by manipulating coiling temperature. 
In so doing he can be reasonably certain that a 
product with high drawability is being manufactured 
and that uniform behavior in the customer’s press 
can be expected. If a very low hardness value is 
required, as for example where the application in- 
volves a severe springback, the metallurgist may 
specify cold finishing and hot coiling, yielding some 
uniformity for low hardness. He may on occasion 
permit a low finishing temperature where a scale 
hazard exists, compromising with optimum uniform- 
ity, and he may specify a low coiling temperature 
in the interest of better pickling characteristics. In 
each case the metallurgist has been required to 
make decisions which in his judgment will result 
in a product having the best overall quality for the 
particular usage to which it will be applied. 


Cold-Reduced and Annealed Product 


Hot-rolled coils are pickled, cold-reduced, an- 
nealed, and temper-rolled to make the standard 
cold-rolled sheet. With such a succession of treat- 
ments, all affecting the properties of the finished 
product, it is not surprising that, for a period of 
several years in the early history of the wide strip 
mills, the effect of hot strip mill rolling practice on 
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Fig. 4—Micrographs show ef- 
fect on grain size of high and 
low finishing temperatures. 
LEFT: Finishing temperature, 
1615°F; coiling temperature, 
1340°F. RIGHT: Finishing 
temperature, 1525°F; coiling 
temperature, 1330°F. Nital 
etch. X100. Reduced approxi- 
mately 20 pct for reproduction. 


Fig. 5—Micrographs show effect 
on carbide size of high and 
low coiling temperatures with 
high finishing temperature. 
LEFT: Finishing temperature, 
1620°F; coiling temperature, 
1335°F. RIGHT: Finishing 
temperature, 1620°F; coiling 
temperature, 1130°F.  Picral 
etch. X300. Reduced approxi- 
mately 20 pct for reproduction. 


the properties of finished cold-rolled sheets was not 
well understood. It is now generally agreed that the 
hot strip mill practice is very important in this re- 
gard, and it is the purpose of this portion of the 
paper to outline some of the ways in which hot strip 
mill practice influences the properties of the cold- 
rolled and annealed product. 


Table Ill. Grain Size of Cold-Reduced and Annealed Sheets as 
Influenced by Hot Strip Mill Finishing and Coiling Temperatures 


Coil Hot Coil Cold 
Average, Range, Average, Range, 
ASTM No. ASTM No. ASTM No. ASTM No. 
Finish hot 6.8 6.5 to 7.5 7.6 7.0 to 8.5 
Finish cold 6.9 6.5 to 9.0 7.5 6.5 to 8.5 


The material used again consisted of roughly 16 
slabs for each point of the four areas of hot and 
cold-finishing and hot and cold-coiling. Hot and cold 
are defined as the temperature ranges indicated in 
the previous section of this paper. The slabs were 
selected systematically in an effort to exclude steel- 
making and ingot characteristics from the study and 
the finished product was studied from the points of 
view of grain size, carbide size and distribution, and 
mechanical properties as represented by hardness. 

The grain size effect is shown in Table ITI, a tabu- 
lation of ferrite grain sizes in standard ASTM grain- 
size numbers. The results differ substantially from 
the relationships previously shown for hot-rolled 
product. For example, the average grain size of 
cold-rolled product is much more responsive to coil- 
ing temperature than it is to finishing temperature, 
a relationship similar to the carbide relationship 
found in hot-rolled product but the reverse of the 
grain-size relationship for hot-rolled product. On 
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Fig. 6—Effect of high and low 
coiling temperatures with high 
finishing temperature on car- 
bide size of cold-rolled product 
after subcritical annealing. 
LEFT: Finishing temperature, 
1625°F; coiling temperature, 
1335°F. RIGHT: Finishing 
temperature, 1610°F; coiling 
temperature, 1145°F.  Picral 
etch. X1000. Reduced approxi- 
mately 20 pct for reproduction. 


Fig. 7—Effect of high and low 
finishing temperatures with 
high coiling temperature on 
carbide distribution of cold- 
rolled product after subcritical 
annealing. LEFT: Finishing 
temperature, 1625°F; coiling 
temperature, 1335°F. RIGHT: 
Finishing temperature, 1530°F; 
coiling temperature, 1335°F. 
Picral etch. X100. Reduced 
approximately 20 pct for re- 
production. 


the other hand, the spread in grain size about the 
average for each group is minimized by high finish- 
ing temperatures. The conclusion then is that grain- 
size level can be controlled through control of coil- 
ing temperatures and that uniformity is favored by 
high finishing temperatures. The explanation for 
these relationships is not entirely clear, but it ap- 
pears quite probable that carbide size, dependent 
primarily on coiling temperature, is influencing the 
recrystallization habits of ferrite during annealing 
following cold reduction. It is not so clear that the 
effect of higher finishing temperatures in bringing 
about a uniform carbide distribution is the basic 
phenomenon underlying the tendency for the grain 
size of cold-reduced and annealed sheets to be more 
uniform with higher finishing temperatures. 

As for putting this knowledge to work, the pro- 
duction of black plate for deep cylindrical draws is 
an example of an end use application directly asso- 
ciated with hot strip mill temperatures. The best 
results are obtained with a combination of high 
finishing and coiling temperatures. 

The effect of hot strip mill practice on carbide 
size and distribution in cold-reduced and annealed 
sheets is quite similar to its effect on carbide habits 
in hot-rolled sheets, with coiling temperature in- 
fluencing carbide size and finishing temperature 
affecting primarily carbide distribution. Fig. 6 illus- 
trates the effect of coiling temperature on carbide 
size in the finished cold-rolled sheets, showing coarse 
carbides with high coiling temperatures and fine 
carbides for low coiling temperatures. The explana- 
tion is the same as was given in the section under 
hot-rolled product, with the added comment that 
the subcritical anneal following cold reduction has 
not changed the relationship although it has un- 
doubtedly brought about some growth and rounding 
of the carbides. In sheets of the thickness studied, 
0.036 in., there is no evidence of carbide fragmenta- 
tion during cold reduction from the usual starting 
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gages. Carbide distribution (as opposed to carbide 
size) in cold-rolled sheets reflects the finishing tem- 
peratures on the hot strip mill, Fig. 7. As can be 
seen, the stringer configuration of the carbides which 
is associated with low finishing temperatures per- 
sists in the cold-reduced and annealed sheets, while 
the even distribution of carbides which comes with 
high finishing temperatures also persists through 
cold reduction and annealing. It should be realized 
that carbide distribution is a matter of considerable 
importance when drawing quality sheets for deep 
stampings are being produced. It is also a factor in 
the control of hydrogen embrittlement of cold-rolled 
product when acid pickling and is used to advantage 
in the manufacture of tin plate to develop specific 
properties. 


Table IV. Hardness of Cold-Reduced and Annealed Sheets as 
Influenced by Hot Strip Mill Finishing and Coiling Temperatures 


Coil Hot Coil Cold 
Average, RB Range, Rs Average, RB Range, RB 
Finish hot 43.5 41 to 46 46.5 42 to 48 
Finish cold 42.7 38 to 50 45.3 38 to 51 


The mechanical properties of cold-reduced and 
annealed sheets, as reflected in Rockwell hardness 
values, are shown in Table IV. The observations to 
be. made are similar to those concerning grain size, 
with coiling temperature exerting the greatest in- 
fluence on hardness level, the higher coiling tem- 
peratures producing low Rockwell values, and vice 
versa. Likewise, a high finishing temperature is 
conducive to uniformity, as was the case with grain 
size. 

The production of killed nonaging sheets for deep 
drawing applications and the role of hot strip mill 


SEPTEMBER 1956, JOURNAL OF METALS—1173 


- 


practice in control of killed steel properties are sub- 
jects which, for an approach to adequate coverage, 
would require as much space as has already been 
used. It is sufficient merely to indicate that the rela- 
tionships which have already been described exist 
only in part in the aluminum killed steels, and that 
a second and quite different set of relationships 
based on the solubility-temperature habits of alu- 
minum nitride in an iron matrix governs the choice 
of hot strip mill practice. 


Conclusion 
It has been shown that hot strip mill practice is 
indeed an important factor in its influence on the 
characteristics of both hot-rolled and cold-reduced 
and annealed sheets. In all cases a finishing tem- 
perature above the upper transformation tempera- 


ture is important in achieving uniformity, whether 
grain size, carbides, or mechanical properties are 
being discussed. Coiling temperatures play an im- 
portant role in determining all of the described 
items, with a number of interesting variations be- 
tween their effect on hot-rolled and on cold-reduced 
product. In actual practice, finishing and coiling 
temperatures between the extremes cited are fre- 
quently specified in the interest of scale control or 
other practical considerations, but it is a firm prin- 
ciple that, in every instance, whether cold or hot- 
rolled sheets are being produced, a discerning choice 
of hot mill practices is an important duty of the 
metallurgist. 


Discussion of this paper sent (2 copies) to AIME by Nov. te 95G; 
will appear in AIME Transactions Vol. 209, 1957, and in JOURNAL OF 
Metats, October 1957. 


Factors Affecting Coiling Temperatures in the 
Hot Strip Mill 


An investigation was carried out to determine the variables affecting the coiling 


temperature of strip in the 56-in. hot strip mill. 


After statistical treatment, equa- 


tions have been derived to determine the temperature drop between mill and coiler 
for both full spray (top and bottom) and top spray only practices. The individual in- 
fluences of each variable in the temperature drop were derived for both practices. 
Limitations of the present practices were shown and adjustments in cooling for in- 
creased rolling speeds were suggested. A method of estimating the required number 
of sprays, their spacing, pressure, etc., to achieve a desired temperature drop is de- 


veloped. 


by J. G. Sibakin and G. M. Ikeda 


M AXIMUM finishing temperature of a hot strip 
mill is mainly determined by the rolling speed, 
gage, and the temperature of the bar entering the 
mill. This finishing temperature may be limited by 
the maximum admissible coiling temperature in 
cases when either the cooling facilities on the run- 
out table are not adequate or, more generally, when 
the cooling capacity of the runout table and the pro- 
duction capacity of the continuous mili are out of 
balance. 

Some time ago, the balance between these two 
factors was not considered detrimental to produc- 
tion. Recently, a new drafting schedule was intro- 
duced which increased the production rate, the entry 
temperature, and hence the finishing temperature. 
Thus, the restriction of the maximum specified coil- 
ing temperature became an important factor for 
many of the thicker gages. An investigation of the 
factors determining the coiling temperature may be, 
therefore, of considerable importance. 

A brief description of the available equipment 
will be a useful illustration of the techniques and 
methods used for this investigation. 


J. G. SIBAKIN, Member AIME, and G. M. IKEDA are associated 
with Development Div., Metallurgical Dept., The Steel Co. of 
Canada Ltd., Hamilton, Ont., Canada. 

TP 4292C. Manuscript, Mar. 12, 1956. New York Meeting, Febru- 
ary 1956. 
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The 56 in. continuous hot strip mill is composed 
of six 4-high stands each containing two 2214-in. 
diam work rolls and two 45-in. diam back-up rolls. 
Hither of the last two stands can be used as the 
finishing stand. Which stand is used is dependent on 
the total percentage of reduction to be taken over 
the whole train, i.e., on the entry thickness and the 
final gage. 

The characteristics of these last two stands are 
given in Table I. 


Table |. Operational Characteristics of Nos. 5 and 6 Stands 


No. 5 No. 6 
Maximum voltage 600 600 
Power, hp 3000 3000 
I normal, kiloamp 4.35 3.73 


175 to 350 
1031 to 2062 


150 to 300 
883.6 to 1767.2 


Rpm of motor and rolls 
Speed of strip, fpm 


The speed of the finishing stand varies with the 
amount of reduction, strip width, and the exit gage. 
Finishing speeds in general use for varying gages 
are shown in Table II. 

These speeds may change with an increase or de- 
crease in the entry temperature of the strip. Even 
though the maximum speed of No. 6 stand is shown 
as 2062 fpm, this has so far never been attained, 
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Fig. 1—Diagrammatic elevation of the strip mill runout table 
showing the important features of the table and the distances 
from the last stand of the continuous train. 
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Fig. 2—Diagrammatic layout of the spraying system for the 
strip mill rolls and the runout table, showing the size and 
relationship of the main and secondary piping. The top table 
sprays are in separately controlled groups of five. The bot- 
tom sprays are in 34 rows of six nozzles and they are op- 
erated together as a single unit. 
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Fig. 3—Cross section, end view, of the hot strip mill runout 

_table showing the distances from the table to both the top 
and bottom spray nozzles. The maximum width coverage for 
both top and bottom sprays is also shown at 60 psig. 
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Fig. 4—As the number of top sprays used increased, the 
pressure decreased linearly. This function also held true for 
bottom and top sprays. The initial pressure in this case was 
lower and the two lines converged gradually with increas- 
ing number of top sprays. 
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Fig. 5—Flow of water from the top nozzle increases curvi- 
linearly with the pressure. This graph was plotted from in- 
formation obtained in the manufacturer’s catalog. 
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Fig. 6—Graph for the flow from a bottom nozzle was 
plotted from information obtained from the manufacturer's 
catalog. These values, which are shown here and in Fig. 5 
above, were converted into total flow, see Fig. 7 on opposite 
page, and were extrapolated 15 sprays beyond the present 
system to cover the requirements of any expansion. 
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since at that speed the head end of the coil would 
become airborne on the runout table and consider- 
able trouble would be experienced at the coilers 
with the present setup. 

It should be realized that the increase in the pro- 
duction rate of the roughing mill resulted in in- 
creased finishing temperatures even with the speeds 
indicated in Table II. An increase in the production 
rate in the continuous mill, which is within the 
range of possibility, will be conducive to a further 
increase in finishing temperature. 

The rolls are cooled by four sprays, one on the 
entrance and exit side of each work roll.The water is 
sprayed through a bank of 64 nozzles on each side of 
the rolls. 


Runout Table and Spray System 
The flying shear, Fig. 1, follows the last stand at a 
distance of 11.75 ft. Just past the shear, a radiamatic 
pyrometer is installed to record the finishing tem- 
perature. The runout table is 5.63 ft wide and 313.8 
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Fig. 8—Flow per foot of sprayed area decreases with an in- 
crease in the number of top sprays used. AB shows the yal- 
ues for top sprays only and FC shows the corresponding 
values with full bottom sprays (the use of full bottom and 
partial top sprays is not standard practice). BD and CE are 
extrapolations for an additional 15 top nozzles. 
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ft in length from No. 6 stand to the first down coiler. 
An optimatic pyrometer for reading the coiling tem- 
peratures is situated 290.5 ft from No. 6 stand. 

The cooling water is supplied through three paral- 
lel Pomona turbine pumps, Fig. 2, into a common 
14-in. diam pipe which feeds the top, bottom, and 
mill sprays. The piping is arranged to ensure mini- 
mum pressure differential over the entire system. 

The 30 top spray nozzles start 44.9 ft from No. 6 
stand with an interval of 4.56 ft between sprays, 
giving a total sprayed length of 132.3 ft. This length 
covers the distance between the center line of No. 1 
spray and the center line of No. 30 spray and does 
not take into account the length covered by the first 
aud last sprays outside their center lines. They are 
supplied from the common 14-in. pipe through a 
globe valve into a 10-in. diam pipe with seven out- 
lets. Six of these are fitted with air valves which 
control five 24% H490 S.Q. (manufacturer’s speci- 
fication No.) full jet nozzles. These nozzles are 
placed 4.2 ft above the runout table, Fig. 3, which 
gives a width coverage of 4.86 ft at 60 psig. 


Table I]. Approximate Finishing Speeds for Strip of Varying Gages 


Approximate Fpm 


Gage Thickness, In. for 36 In. Width 
—_ 0.312 1000 
— 0.287 1100 
= 0.250 1100 

3 0.229 1100 
4 0.224 1100 
5 0.209 1200 
6 0.194 1200 
7 0.179 1200 
8 0.164 1350 
9 0.149 1400 
10 0.134 1450 
0.119 1450 
12 0.104 1500 
13 0.090 1500 
14 0.074 1500 
15 0.067 1500 
16 0.059 1550 
17 0.054 1550 
18 0.047 1550 


The 34 sets of bottom nozzles, which are in groups 
of six, are placed 8 in. below the runout table. The 
breadth coverage of these six nozzles is 2.9 ft. The 
first set of nozzles start 76.9 ft from No. 6 stand and 
cover a total length of 86.75 ft. These 4%u 40200 vee 
jet nozzles are supplied from a common 14-in. pipe 
through a globe valve into a single pipe feeding each 
set of nozzles. 


Spray Practice 

The present spraying practice in use on the run- 
out table may be separated into two types, that 
using only top sprays and that using 30 top and all- 
bottom sprays. The number of top sprays required, 
which may only be varied in groups of five nozzles, 
is determined by the coiling temperature range spec- 
ified for gage and grade. The use of 30 top and all- 
bottom sprays, which is called the full spray prac- 
tice, occurs when maximum cooling is required. 

It can safely be assumed that the temperature loss 
on the runout table will be dependent upon the in- 
itial temperature of the strip (finishing tempera- 
ture), the time during which the strip is in contact 
with the cooling water, the gage, and possibly the 
pressure of the cooling water. The time in which the 
strip is in contact with the cooling water is deter- 
mined by the length of the sprayed area and the 
speed of the moving strip. The amount of cooling on 
the runout table may also be affected by the type of 
nozzles used although, it is felt, this factor is of only 
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secondary importance. Anyway, as nozzles of differ- 
ent types were not available during this investiga- 
tion, this influence was not established quantita- 
tively. It is probable that, should such an influence 
exist, it will be largely covered by the influence of 
the spray pressure. 

The width of the strip should not be of impor- 
tance for the cooling rate, provided a sufficient 
amount of water is available and the cooling is 
mainly governed by the contact between strip and 
water. Further calculations have fully substantiated 
this assumption and, therefore, the width was elim- 
inated as a factor affecting the cooling on the runout 
table. In order to introduce into the problem the 
influence of the amount of water on the cooling rate, 
the flow per foot of sprayed area in gpm (Gs) eal= 
lons) per foot was also used as a variable. This flow 
will be a function of the spray pressure. The gage 
was obtained from production schedules for strip 
rolling. Variations between ordered gage and as- 
rolled gage were not considered great enough to 
warrant the measurements of thickness on each coil 
at the coilers. The finishing temperature was taken 
as an average of head and tail readings. The speed 
of the last stand and the distance between the first 
and last spray in use determined the cooling time 
which was expressed in minutes under the sprays. 

This separation of the two spraying practices sim- 
plified the problem considerably because two paral- 
lel studies could be carried out and, by a simple 
subtraction of the results, any combination of sprays 
would be available. This makes it possible to estab- 
lish, among other factors, the individual influence 
of the top and bottom sprays. 


Investigational Procedure 


The only variable that could not be obtained 
directly was the flow per foot of sprayed area. 
These values were established from pressure read- 
ings at the top spray header. Only the top spray 
pressure was used for mathematical considerations 
because a common measurement was required for 
both problems. 


Pressure readings were taken at the inlet and out- 
let of each pump and at points marked A and B in 
Fig. 2. Although slight variations in pressure were 
recorded, the discrepancy was considered within the 
measurable limits. 


In order to obtain the pressure readings at full 
flow for varying number of top sprays, the values 
recorded were averaged and plotted graphically, 
Fig. 4. The resulting relationship was found to be 
linear. When the bottom sprays were introduced, 
the relationship was again linear but showed a con- 
vergence toward the line for top sprays as the num- 
ber of sprays in use increased. Flow values per 
nozzle were obtained from graphs supplied by the 
nozzle manufacturer and are shown in Figs. 5 and 6. 
These values were converted into total flow, Fig. 7, 
and were extrapolated 15 sprays beyond the pres- 
ent system to cover the requirements of any expan- 
sion. The total flow through the top nozzles were 
then recalculated into flow per foot, Fig. 8. 

The line ABC in Fig. 8 indicates the flow through 
the top nozzles for the present practice. The line 
FC which indicates the flow through the top sprays 
with the bottom sprays on is not used in practice 
but shows the decrease in flow caused by the bottom 
‘sprays. BD and CE are extrapolations of these two 
lines. 
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Fig. 9—Any change 
in the top spray 
pressure will induce 
a change in the bot- 
tom spray pressure 
assuming a constant 
flow from the pumps. 
This graph shows 
this effect on the 
flow per foot of 
sprayed area for both 
the top and bottom 
sprays operating 
simultaneously. 


Fig. 10—Influence of 
the finishing temper- 
ature on AT for 

0.070-in. strip with a 
contact time of 0.080 
min is shown at yari- 
ous flows per foot 

values for full sprays. 


Fig. 11—With a con- 
stant spray time of 
0.080 min and a 
constant of 
1550°F, the AT isa 
curvilinear function 
of gage. The influ- 
ence of the flow per 
foot for full sprays 
is shown to produce 
a family of lines. 


Fig. 12—Rise in AT 
produced by a rise in 
T, is illustrated. To 
obtain this graph, 
constant values were 
used for spray time 
of 0.080 min, gage 
of 0.080 in., and 
flow of 28.1 gpm 

per ft. 
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Fig. 11, with a con- 
500 stant spray time of 
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change in the line 
is caused by the 

200) constant flow of 28.1 
gpm per ft and the 
100 absence of bottom 
sprays. 


30 


fe} 005 Qio Qis Q20 Q2s 
gouge-in. 


Q30 Q35 


Fig. 14—By plotting 
the AT ys spray 

| time for top and bot- 
| tom and only top 
sprays, two curves 
500 Zz will result. The in- 
Ba terval between these 
two lines, then, 
establishes the in- 
fluence of the bot- 
tom sprays. The 
slight change in the 
line is caused by the 
constant flow of 28.1 
gpm per ft and the 
absence of bottom 
sprays. Table speed, 
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Fig. 15—Present practice in the hot strip mill. Coiling tem- 
perature is plotted vs gage. Coiling temperatures used for 
yarious grades and gages with their corresponding T; and 
table speed are shown. 
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In order to establish the influence of the flow per 
foot with full top and bottom sprays, the top pres- 
sure was reduced by means of a globe valve be- 
tween the common 14-in. diam pipe and the spray 
header. The results are shown in Fig. 9. Here the 
pressure at the top spray header and the equivalent 
bottom spray pressure is plotted against the flow per 
foot. In the subsequent study only the top spray 
flow was used, i.e., the variation in bottom spray 
flow was considered as a factor which could be neg- 
lected as far as the coiling temperature was con- 
cerned. Further calculation substantiated this as- 
sumption to a considerable extent. 


Interpretation of Collected Data 


When all the data for the investigation were col- 
lected, they were separated as previously mentioned 
and prepared for mathematical treatment. 

The variables obtained for this study were not 
considered to be directly related to the coiling tem- 
perature, but to the difference between the finishing 
and coiling temperature denoted by AT. 

The influence of the other variables on the AT was 
then considered. The finishing temperature was in- 
troduced as a linear function, since, all other varia- 
bles being constant, any increase in the finishing 
temperature would probably result in a proportional 
increase in AT. The gage was taken as a hyperbolic 
function to explain the decreasing heat losses with 
thicker strip. This simple function was considered 
sufficiently accurate for this purpose, close enough 
to a more complex exponential function as in a more 
fundamental treatment. The time under the sprays 
was also introduced as a hyperbolic function to ac- 
count for the decreasing heat flow, from the strip to 
the water, with decreasing instantaneous strip tem- 
peratures. The flow of water per foot was taken asa 
parabolic function, since its exact influence on AT 
was unknown. A curvilinear function was thought 
necessary, since the pressure, although it may in- 
crease the heat transfer, must gradually come to a 
maximum value due to the limiting influence caused 
by the rate of water removal from the strip. With 
these variables, a statistical correlation on 335 sam- 
ples with a full spray practice was made. These 
samples included a pressure variance from full flow 
(60 psig) to 35 psig top spray pressure. The result- 
ing equation is 


y = —1034 + 0.4865x, + 18.05x”, — 28.77x, + 
48.522, — 0.6452, 
MD, = SYD 


where y = AT with a variance in sample of 275 to 
655; x, is the finishing temperature, variance of 
1465° to 1890°F; x, is the reciprocal of gage, vari- 
ance of 0.070 to 0.312 in.; x, is the reciprocal of time 
under spray, variance of 0.080 to 0.1477 min; x, is 
the flow per foot, variance of 22.2 to 28.6 gpm per 
ft; and x, is flow per foot squared. 

The percentage of variance in AT explained by the 
independent variables used for the furegoing corre- 
lation was found to be 51.3 pct. 

The width of the strip was omitted as a variable, 
since its influence was found to be negligible in a 
previous correlation. 

The individual influences of the variables on AT 
are presented in Figs. 10 and 11. In Fig. 10, the 
finishing temperature, at constant gage and time and 
at three different flows, is shown. The slope of the 
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line for all curves is 0.49; therefore, for every 100°F 
increase in finishing temperature, there will be a 
49°F increase in AT. For example, at 1500°F and 
27.9 gpm per ft, AT is 447° and at 1600°F with the 
same flow, the AT is 496°F. The flow per foot charac- 
teristic may be seen from the diminishing differences 
in AT toward greater flow. As the heat is removed 
mainly by the water being in contact with the strip, 
there will be a value of the flow on the sprayed area 
beyond which a further increase in the amount of 
water will not result in additional cooling. This 
means that the strip may be flooded. The decreasing 
influence of the flow per foot on the AT supports this 
suggestion. The numerical value obtained for such a 
maximum flow (about 37.5 gpm per ft) may not be 
an accurate figure, since it is outside the range of 
figures which were available during this investiga- 
tion. This, naturally, does not change anything in 
the established trend. In Fig. 11, the influence of gage 
on AT is plotted at constant finishing temperature 
and time under the sprays. These curves show a 
greater drop in temperature for lighter than for 
heavier gages. 

The data for top sprays alone were treated in a 
similar way and the resulting equation is 


y = —460 + 0.628x, + 13.52x, — 0.70x, — 
11.252, + 0.0177x, [2] 
n = 259 


where y = AT, with a variance in sample of 215 to 
485; x, is the finishing temperature, variance of 
1445° to 1680°F; x, is the reciprocal of gage, vari- 
ance of 0.059 to 0.187 in.; x, is the reciprocal of time 
under spray, variance of 0.0110 to 0.0915 min; x, is 
the flow per foot, variance of 28.1 to 39.2 gpm per 
ft; and x; is the flow per foot squared. 

The total variance in AT explained in this corre- 
lation was found to be 60.0 pct. The influence of the 
finishing temperature on the AT is shown in Fig. 12. 
The different position and slope of the line reflect 
the absence of the bottom sprays in this case. The 
influence of gage, Fig. 13, is practically identical to 
the full spray equation but shifted to lower AT 
values. This is also the result of the absence of bot- 
tom sprays. As the gage increases, it is noticeable 
that the resultant AT approaches more and more to 
the corresponding values obtained from Eq. 1 for 
full sprays. This indicates the greater importance 
of the top sprays on the cooling of the strip, since 
they ensure a greater time of contact between the 
strip and the water. It is not possible to determine 
the individual influence of the time and the rate of 
flow from Eq. 2, since there is a definite relationship 
between the increase in pressure and an accompany- 
ing decrease in the number of sprays which imposes 
restrictions on the solution. 


Discussion 


The interpretation of these two equations to pre- 
dict different lengths of sprayed area now became 
possible. The only restriction imposed on any solu- 
tion according to Eq. 2 is the fact that for each 
number of top sprays there is a corresponding pres- 
sure, as shown by the line ABD in Fig. 8. The full 
spray equation, Eq. 1, on the other hand, may be 
used for any flow. 

In order to obtain the influence of the bottom 
sprays on any length of sprayed area, the effect of 
the time under the sprays on AT for top sprays and 
bottom sprays may be drawn, as shown in Fig. 14. 
The values for both curves have been calculated 


TRANSACTIONS AIME 


Tk - |SOO°F |\700°F If 
1800 f.p.m. 1400 fpm. 1200 fpm 
1350] flow- 279 flow- 279 flow-27,9 —4 
| 4-30 
i300 —>—35 
-- “45 
1250 = 
g 
flowe 3 
Ww 2 
=} 
3 
5 - coiling range for, 
= culvert stock to 
iff all grades- O- 0,30 C 
[if EL grades 
low Mn_and modified 4 
jt 
/ 
100 If! -coiling range for, 
MR4 and L4-allwidth 
\IS50°F max. coil. temp. 
i for KAD 
950 
900 | | 
O05 0,09 Ol7 O25 Q29 0,33: 
gouge - ins. 
Fig. 16—Similar to Fig. 15 with coiling temperature plotted 
vs gage with a constant flow. The T; and table speed have 
been yaried to illustrate their effect on coiling temperature. 
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Fig. 17—This curve is a comparison of the increase in AT 
by increasing either the length of the sprayed area or the 
pressure. Variables heid constant throughout were: Ty, 
1600°F; gage, 0.134 in.; finishing speed, 1450 fpm; and 
flow, 27.9 gpm per ft. To determine the effect of the length 
of the sprayed area, the pressure was held at 62.5 Ib above 
the curve, while the area was held at 132.3 ft (distance cov- 
ered while using 30 top sprays) to find the influence of pres- 
sure (below curve). 


with constant gage, finishing temperature, and speed 
of last stand. Since the length of the sprayed area 
was divided by the speed of the last stand to obtain 
the minutes under the sprays, the length of any 
sprayed area may then be obtained by using a con- 
stant speed and specifying a definite time under the 
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Fig. 18—Nomogram shows the spray time required to obtain 
any drop in temperature with a given gage and finishing 
temperature. The flow was constant at 25 gpm per ft. Vari- 
ous finishing temperatures may be used by the following 
correction: 100° change in T;, 50° change in AT. 
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Fig. 19—Spray times determined from Fig. 18 are valid only 
for a flow of 25 gpm per ft. The graph corrects these times 


for varying flow. 
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sprays. Once the length of the sprayed area is estab- 
lished, the corresponding pressure can also be de- 
termined according to the relationship given by the 
line ABD in Fig. 8 for top sprays. 


The relative positions of the two lines in Fig. 14 
establish the influence of the bottom sprays on AT. 
The point where both lines coincide corresponds to 
the beginning of the area covered by bottom sprays. 
The point marked 30 sprays on the graph corre- 
sponds to the full length of the present top sprays 
with all of the bottom sprays turned either on or off. 
The part of the graph to the left of this point corre- 
sponds to a proportional decrease in area covered 
by the bottom sprays until they are completely taken 
off when both lines coincide. The part of the graph 
to the right of the point marked 30 sprays corre- 
sponds to a proportional increase of the areas 
sprayed by both top and bottom sprays. The rela- 
tive position of both lines indicates that, when all the 
bottom sprays are on, the AT is increased by about 
100° in spite of the much greater flow through the 
bottom nozzles (57.1 gpm per ft) as compared to 
the flow through the top nozzles (27.2 gpm per ft). 
A further, even considerable, lengthening of the 
area covered by bottom sprays results in quite a 
small increase in AT, as compared with the cooling 
that could be obtained by increasing the top sprayed 
area only. Similar results were obtained for all 
gages. It seems, therefore, that cooling is achieved 
mainly by the water being in contact with the strip 
and not by the impact of the stream. 

This principle was applied to the present practice 
at The Steel Co. of Canada and to a proposed new 
practice using a considerably increased rolling 
speed. Fig. 15 shows graphically the present prac- 
tice on the 56 in. mill with coiling temperature plot- 
ted against gage, using corresponding finishing tem- 
peratures and speeds. These curves were calculated 
for full sprays from figures which are considered 
representative of the practice using the range of 
coiling temperatures for various grades now specified 
by the Metallurgical Dept. 

From Fig. 15, it can be seen that the present spray- 
ing system will not cool 0.105 gage below 1150°F; 
hence similar grades with heavier gages cannot be 
rolled even at the moderate speeds shown on the 
graph. At heavier gages, the coiling temperatures 
are still within the specified range but often the fin- 
ishing temperatures rise to a point where the coiling 
temperatures are not obtainable. 

In Fig. 16, a similar graph was drawn up with a 
reasonable increase in rolling speeds. The influence of 
5, 10, and 15 additional top sprays are drawn below. 
The lengthening of the top spray area corresponding 
to 45 sprays appeared to be a reasonable extension 
to obtain the coiling temperature required. It was 
not considered necessary to add more bottom sprays, 
as the influence of this addition on the cooling will 
be quite small. 

A greater drop in temperature on the runout 
table can be achieved not only by the lengthening of 
the sprayed area, as was considered previously, but 
also by increasing the pressure of the water. A 
comparison of the cooling by either an additional 
sprayed area or an increased pressure is indicated in 
Fig. 17. On this graph, a AT of 415° is obtained at a 
pressure of water 62.5 psig and full sprays (132.3-ft 
sprayed area). Below the line on the graph, changes 
of AT are obtained by variable pressures with con- 
stant length of sprayed area. Above the line, the 
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same changes in AT are obtained by changing the 
sprayed area with constant pressure. As can be seen 
from the graph, for the range of a change in AT of 
approximately 50°, 1 lb of pressure is roughly 
equivalent to an increase of the sprayed length by 1 
ft as far as the effect on cooling is concerned. Thus 
an addition of five sprays with the present spacing 
could have the same effect as an increase in pres- 
sure in the water main by 20 psig. It seems more 
economical to consider the addition of sprays, as this 
would not necessitate any change in equipment as 
had been done in Fig. 16. 

In finalizing the possibilities of the full spray 
equation, a series of graphs, as shown in Figs. 18, 19, 
and 20, may be drawn up. In Fig. 18, gage and spray 
time are related to various finishing temperatures. 
Desirable AT values for finishing temperatures other 
than those specified in the graph may be corrected 
by means of the notation inserted at the side. In Fig. 
19, the time under the sprays obtained from Fig. 18 
is corrected for various flows. These corrected values 
of time can then be converted to length of the spray 
table required by means of the graph in Fig. 20. 
Thus, from these three graphs it is possible to cal- 
culate the length of the sprayed area, i.e., the num- 
ber of sprays at a given spacing necessary to cool 
strips of known thickness, finishing temperature, 
and rolled at a known speed, down to the required 
coiling temperature. The figure for the flow, Fig. 19, 
will take into account either the pressure of the 
water for a given spacing of the sprays or determine 
the spacing of the sprays for a pressure available. 
Thus the graphs, Figs. 18 through 20, may be useful 
for the calculation of a runout table with any pres- 
sure and number or spacing of sprays. 


Conclusions 

1) The main factors affecting the drop in temper- 
ature between the continuous hot strip mill and the 
coiler are: a) the finishing temperature, b) the time 
of contact between water and strip, c) the pressure 
of the water, and d) the gage of the strip. 

2) In cases where sufficient water is available, 
the width is of only minor influence on the cooling 

rate. 
'- 3) It seems that most of the cooling is achieved 
by the time of contact between water and strip. The 
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pressure and, therefore, the flow per foot of the 
sprayed area, within the range of figures investi- 
gated, is of secondary importance. This indicates 
that the heat losses are mainly governed by a simple 
heat transfer from strip to water in direct contact 
and to only a much smaller degree by the impact of 
the stream. 

4) The bulk of the cooling seems to be achieved 
by the top sprays. - 

5) The bottom sprays have a relatively smaller 
effect on the temperature drop. This also substanti- 
ates the suggestion that the time of contact between 
water and strip, and not the impact, is of primary 
importance. 

6) An addition to the present runout table cool- 
ing system of 15 top sprays with the spacing now used 
should be sufficient in order to obtain desirable coil- 
ing temperatures, even at somewhat increased 
speeds and finishing temperatures. 

7) A further increase of bottom sprays is not 
required. 

8) An increase in top and/or bottom spray pres- 
sure is not necessary as compared with the present 
figures. 

9) The nomogram provided in the report may be 
helpful for the calculation of all the elements of 
existing or new cooling systems. 

10) The relationships obtained can be tied 
through the finishing speed and temperature of the 
hot strip mill to the roughing stand and furnaces, 
thus giving factors necessary to balance out and/or 
control the equipment from furnace to the coiler. 
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Magnetite in the Hurley Copper Smelter 


Three aspects of magnetite smelting are discussed. The first is the working 
out of equilibrium conditions for eliminating sulfur. The second is the influence 
of magnetite solubility on the difficulty of tapping the reverb matte. The third is 
an approximation of the equilibrium conditions in the reverb gases which govern 
whether magnetite is made or reduced in the reverb slag by these gases and by any 


iron sulfide in the slag. 


by H. W. Mossman 


Was has had a varied history in the 
Hurley Smelter since its start in 1939. Mag- 
netite determinations on the smelter products are 
made regularly only on the monthly composite sam- 
ples. Variations on the monthly averages are shown 
in Table I. Magnetite which drops from the slag and 
matte in the reverb has some slight bottom buildup 
which comes and goes, but no substantial accumula- 
tion from this source has been found at the end of 
a normal nine months’ furnace campaign. However, 
there has been some low grade magnetite bearing 
material mixed with considerable Al,O,; which has 
slid down from the bottom of the sloping flue be- 
tween the reverberatory furnace and the waste heat 
boilers. This accretion has required drilling and 
blasting near the skimming end of the furnace. The 
magnetite has interfered with tapping at times. 
When the smelter was first started, tapping trouble 
from magnetite was extremely severe. Increasing 
the reverberatory furnace temperature by putting 
in an air preheater and a Dutch oven has helped 
greatly, although there still is occasional tapping 
trouble. 

When the present series of physical chemistry 
articles on copper smelting started coming out in 
1950, they were read with interest, but no immediate 
application was seen for them. Results of some lab- 
oratory work in 1952 aroused a much stronger in- 
terest in this physical chemistry. A series of melts 
was made on some converter slags, which had mag- 
netite in very large grain sizes, with the object of 
reducing the grain sizes in the slag, as it was known 
that it was easier to handle in the reverb in that 
condition. Anything done in the tests greatly re- 
duced the grain sizes—even in the controls, where 
nothing was done except melt the slag and cast it. 
There was more magnetite in the slags after the 
tests than before, and with wide variations. There 
were no obvious reasons for much of what happened 
in these tests. Much of the base material published 
in English in this field was made available for study. 
Recalculations were made on many of the type 
problems, and part of the data was reduced to local 
temperatures and compositions. Explanations were 
found for what happened in the 1952 series of tests 
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on converter slags, and the same principles turned 
out to be a description of much of what magnetite 
does in the reverb. This article is to present the 
results of that study, from the viewpoint of apply- 
ing the technical material in definite numerical form 
to the operating conditions in both the converters 
and the reverberatory furnaces at the Hurley smelter. 


Table |. Magnetite Variations on Monthly Averages, 1939 to 1955 


Pct Magnetite 


Lowest Highest Average 
Converter slag 13.6 43.3 25.4 
Reverb slag PU! 20.9 8.7 
Matte 2.8 15.9 9.6 


In general it was found that magnetite is made 
or reduced in both the converters and the rever- 
beratory furnace, depending on variations of tem- 
perature, matte composition, and reverb gas com- 
position occurring in ordinary plant operation. 
Within reasonable limits, the field conditions for 
formation or reduction can be predicted, and prob- 
ably can be set up and maintained. Converter con- 
ditions affecting magnetite formation can be put 
into numerical values better than for the reverb 
from purely technical calculations. The converter 
can be operated so as to keep the magnetite in the 
slag down to between 12 and 14 pct and still give 
satisfactory life for the converter brick. This de- 
pends upon having converter flux available which 
will make a slag with a good separation without 
raising the temperature too high. In the Hurley 
reverb and others with similar conditions, it is likely 
that a compromise of conditions will give a reason- 
ably good control of combustion and still keep the 
magnetite from building up on the bottom. 

This discussion consists of three main parts. The 
first is the working out of the equilibrium conditions 
in the converter for determining in which direction 
the reaction 


3 FeO, (s) + FeS (1) = 10 FeO (1) + SO, 


will go under actual converter operating conditions. 
The second deals with the influence of the solubility 
of magnetite in the slag and matte in the reverb on 
the difficulty of tapping matte. The third is an ap- 
proximation of the equilibrium conditions in the 
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Table Il. Tonnages and Assays, February 1952 


Copper SiO» 
Tons per iO» [ron CaO Sulfur 
Day Pet Tons Pet Tons Pet Tons Pet Tons Pet Tons Pet Tons 

Concentrates 813 21.9 178.0 6.3 51.2 29.5 239.8 0.10 

en 0.8 1.9 15.4 4 0. 
78 84.0 65.5 12, 3.0 2.3 0.12 0.1 2.9 
6 35.2 2.1 0.4 18.7 35) 0.8 4.5 0.3 10.51 0.6 
eos 63 0 0 4.96 3.1 0.45 0.3 49.9 31.4 1.84 2 = a 
ot ree 13 1.6 0.2 75.6 9.8 3.3 0.4 0.35 0 155) 1.0 0.5 0 
Tota 973 25.3 245.8 6.8 65.7 25.1 243.9 3.4 Sool PAB) 20.2 Seal 321.6 
Slags, Matte, Etc. rons Pct Cu SiO» Iron Cao ALO; Sulfur Fe304 
Converter slag 533 3.45 24.02 49.2 0.4 3.9 ies 32.3 
Reverb slag 629 0.44 33.4 39.2 4.0 6.4 1.7 11.6 
Matte 720 33.57 0.6 35.6 0.1 0.9 24.4 10.0 
Converter flux 180 same assay as reverb fettling. 


reverb gases which govern whether magnetite is 
made or reduced in the reverb slag by these gases 
and by any FeS in the slag. 

To give a better understanding of conditions in 
the Hurley smelter, a brief history is given, with 
some illustrative data for assays, tonnages, and 
magnetite balances. The Hurley smelter handles 
wet charge. Natural gas is used for fuel, with 60 pct 
of the combustion air preheated to about 343°C 
(650°F). Combustion is started in a white walled 
chamber, or Dutch oven, 9 ft long, 42 in. high, and 
as wide as the furnace between two converter slag 
launders. The entering temperature is kept near 
1539°C (2800°F). Two reverbs are used alternately, 


with furnace campaigns of about nine months, dura- 
tion. There are three 13x30 ft horizontal converters. 
All the copper is fire refined. The composition of 
the charge varies greatly over the course of a year 
or two. The data given in Table II are for an aver- 
age charge. 

The idea formerly held about making magnetite 
in the converter was that when FeS was oxidized to 
FeO and SO, the FeO could not stay free for perhaps 
more than an instant, and that it then had to com- 
bine with SiO, to form slag, or with oxygen to make 
Fe,O,. That FeO had to go to magnetite if there was 
not enough SiO, present to slag it all was held to 
be axiomatic. Detailed field measurement seriously 


Table III. Magnetite Balances in the Hurley Smelter 


Tons Fe30,, Tons Fe304 Copper, 
Per Day Pet per Day Pet 
Average Month: January 1942 
Matte 604.0 ileal 79.1 39.47 
Reverb slag 493.3 eo 37.0 
Converter slag 417.0 28.0 116.8 
Reduced in reverb 0.8 
Newly made in converter Mtl! 
Best Month: April 1954 
Matte 456 2.8 12.8 43.93 
Reverb slag 426 6.6 28.1 
Converter slag 283 14.5 41.0 
Reduced in reverb : 0.1 
Newly made in converter 28.2 
Worst Month: February 1947 
Matte 576 8.2 47.2 36.64 
Reverb slag 463 10.3 47.7 
Converter slag 406 43.3 175.3 
Reduced in reverb 80.9 
Newly made in converter 128.6 
Converter No. 3, Charge No. 139, Jan. 5, 1953 
Individual Converter Charge, Input 
Matte put in, 195 tons at 8.6 pct Fes0O4 16.77 
Copper slag at start, 10 tons at 39.6 pct Fez3O04 4.00 
Cold stuff, 20 tons at 26.2 pct FesO4 5.34 
Flux, 51 tons at 0.8 pct Fe3O4 0.41 
Subtotal, not made in converter during charge 26.52 
Newly made in converter during charge 25.14 
Total input 55.66 
Output 
Slag, 180 tons at 28.7 pct FesO4 51.66 
Copper slag, 10 tons at 39.6 pct FesO. 4.00 
Total output 55.66 
i r to Tonnage of Converter Sla 
Reverb slag 205 7.3 15.00 
Converter slag 180 28.7 51.66 
Reduced in reverb 


Newly made in converter 


Table IV. Fe;0, and FeO Distribution in Different Staggering Blows 


Converter No. 3, Charge No. 139, Jan. 5, 1953 


Fe, Tons per Min 
into Newly Made 


Ratio, Fe into Fe3;0, 
Pct of Newly Compared to Fe into FeO 


Oxidized Fe 


FeO Fe304 into Fe;04 Actual Comparative 
Fe,0, and FeO Distribution in Four Blows 
1 0.0665 0.0113 14 0.1669 1.0000 (Base) 
2 0.0749 0.0486 40 0.6489 3.8190 
3 0.0518 0.0683 43 1.3185 7.7604 
4 0.0242 0.0966 75 3.9917 23.4944 
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discredited this idea and pointed strongly toward 
some action in which the mass action of FeS is 
involved. 

The study of making or reducing magnetite in the 
converter consisted in taking R. Schuhmann, Jr.’s 
comment’ that the reaction 3Fe,O, (s) + FeS (1) @ 
10 FeO (1) + SO, might be reversible, and calcu- 
lating the equilibrium conditions of the equation for 
ranges of temperature and material compositions 
which covered the variations in the actual converter 
operation at Hurley. It was found that this reaction 
did reverse under conditions commonly found in 
the converters, producing magnetite. The results 
could be plotted in terms of temperature and FeS 
concentration, see Fig, 1. Instead of using the con- 
centration of FeS in Fig. 1, the percentage of copper 
in the bath or matte is used. This gives an index 
from the ordinary assays. 

The calculations consisted of solving for a grid of 
equilibrium curves for different concentrations of 
FeS and getting this grid to intersect the dro vs 
temperature curve for an iron silicate slag saturated 
with both SiO, and Fe,O,. This curve was plotted 
from Table II in Michal and Schuhmann’s article in 
the July 1952 JOURNAL oF METaLs.” An equilibrium 
curve was plotted for each of six different concen- 
trations of FeS, varying from low grade matte to 
white metal. The equilibrium equation for this re- 
action is 

X Ps0o2 


3 
a Feg04 X 


Calculations were made for dy.0, and 


Areo = 


Partial pressure pso. was taken as 0.12 atm, about its 
average value in the converters in the slagging 
period. The effect of raising pso, to full converter 
blast pressure was studied, and it was found that 
this would raise the average temperature 4° (7°F), 
which is less than the probable error of field meas- 
urements. 


The equilibrium constant was calculated for a. 


series covering the range of possible field tempera- 
tures. In this case k goes up rapidly as the tempera- 
ture rises. No values for activities of FeS were found 
in the references, and unmodified mol fractions were 
used. These mol fractions were calculated for the 
matte as Cu.S + X FeS = 100 pct. The tempera- 
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Fig. 1—Equilibrium curve for the reaction 3 FesO. (s)+FeS 
(1) = 10 FeO (/)-+-SO. at contact of matte and an iron sili- 
cate slag saturated with SiO. in relation to temperature and 
percentage of copper in matte. 
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tures found for equilibrium for the copper percent- 
age in the matte or sulfide bath in the converter are 
given in Table V. These figures are shown on Fig. 1. 


Table V. Equilibrium Temperature for Copper Percentage in Matte 


Equilibrium Temperature 


Copper in 

Matte, Pct °C oF 
30 1127 2060 
40 1130 2066 
50 1135 2075 
60 1142 2087 
70 1155 2110 
79 1207 2205 


To determine on which side of the curved line the 
reaction goes to the right and on which side it goes 
to the left, the activities equation for k is used. 
Holding everything constant except k and for the 
Fe,O, to increase, k has to decrease or the tempera- 
ture drop. Therefore, for any one point on the equi- 
librium line, magnetite is produced to the left and 
reduced to the right. 


Discussion of Fig. 1 


Line A—The slag is made at 1122° (2050°F), in 
the presence of about 10 to 12 pct Fe,O, in the actual 
slag. From the operation of the last few years, with 
recording pyrometers on the converters, the slag as 
a general rule seems to be made at a temperature 
somewhat lower than this. At a temperature below 
the line A, this reaction does not apply, as it is con- 
ditioned on having a slag which is saturated with 
both silica and magnetite. 

Line B—This is the equilibrium line for the slag 
saturated with both silica and magnetite. Between 
A and B, magnetite is made by the reversion of the 
reaction given. Saturation in an actual slag would 
be about 5 pct Fe,O, at 1127° (2060°F), and about 
15 pet Fe,O, at 1210° (2225°F). Magnetite can be 
made to well above saturation in the zone A to B, 
with the extra amounts thrown out as solids. For 
one month, February 1947, the average magnetite 
in the converter slag was 43.3 pct. 

Zone C—lIn zone C, the magnetite is reduced to 
just about the amount required for saturation at the 
temperature of the slag. With the air blast going 
into the converter bath, the conditions are so strongly 
oxidizing that the magnetite will never drop more 
than a nominal amount below saturation. In zone C, 
the magnetite can never get above saturation and 
force out any solid magnetite. For all practical pur- 
poses, to the right of line B, the percentage of mag- 
netite closely: approaches saturation—and _ stays 
there. 

When crossing line B, from left to right, it is 
possible for a sharp and substantial reduction of 
magnetite to take place if the percentage present 
has built up above saturation. 

It is obvious that the chart is not as accurate as 
if all the activities were known, or if it were 
worked out for a pure system of FeO-Fe,O,-SiO., 
but it is believed that it is close enough for reason- 
able guidance in the operation of a converter. 

Two field checks on the validity of this chart are 
possible at Hurley from operating data. One is the 
rate of formation of magnetite in a converter charge 
which was sampled in detail. The other is the per- 
centage of magnetite in the converter slag in rela- 
tion to temperatures for a low month and a high 
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Table VI. 


Rate of Magnetite Formation in Different Blows in Converter No. 3, Charge No. 139, Jan. 5, 1953 


Relative 


Fe.0, Temperature 4 
Start Finish Copper in Matte, Pct 
Blow Rate °C oF °C or Start Finish 
1 1.0000 1116 2040 1232 2250 
2 3.8190 1121 2050 1216 2220 300 133 
3 7.7604 1121 2050 1227 2240 68.5 76.7 
4 23.4944 1121 2050 1232 2250 y(ile4 78.8 


month. Table VI gives the rate of formation of mag- 
netite in charge No. 139, converter No. 3 for Jan- 
uary 5, 1953 in different blows in relation to tem- 
perature and matte composition. The bath tem- 
perature always started near the slag forming tem- 
perature and ended at approximately the reversion 
point. The temperatures and matte grades were al- 
most a perfect fit for the zone between lines A and 
B. The longer the charge was blown on the high 
grade mattes (with little time in the temperature 
region which would have the magnetite down near 
saturation) the greater the production of magnetite. 
The slags varied from 19.7 pct Fe,O, on the first 
skim to 32.3 pct at the end of the slagging period. 

The recording pyrometers have furnished a con- 
firmation of the accuracy of the reversion chart of 
Fig. 1. The lowest magnetite in the converter slag 
since the instruments were installed was 14.5 pct 
in April 1954. For that month the average of the 
peak converter slag temperatures was 1226° 
(2238°F), and the lowest peak for any one day was 
1153° (2210°F). The peak temperature of every 
day of that month was above the 1207° (2205°F) 
shown by Fig. 1 as necessary for bringing the mag- 
netite down to saturation at about 14 pct—and it 
was down to 14.5 pct. The highest magnetite since 
the recording pyrometers have been in use was 30.6 
pet for May 1954. The average of the peak tem- 
peratures for that month was 1207° (2205°F). On 
13 days the peak temperatures were below the point 
needed to make the magnetite go higher than satu- 
ration near the whitemetal stage, and on several 
days they were down to 1177° (2150°F). Where the 
temperatures indicated that the magnetite should 
have been above the saturation point, it was. 

In applying these theories it was found that sev- 
eral operational factors would have to be consid- 
ered. While the changes in the vapor pressure of 
SO, in the converter bath have only a negligible ef- 
fect on the temperature of the reversion point, it 
cannot be overlooked that the vapor pressure of SO, 
affects the rate of the reaction when going from left 
to right on Fig. 1.and reduction of magnetite with 
the evolution of SO,. When SO, is being given off, 
the rate of the reaction deep in the bath is slow and 
reducing action of any consequence has to take 
place in the upper part of the bath or at the surface. 
When the reaction is going in the other direction 
and magnetite is produced, an increase in the vapor 
pressure does not cut down the rate, as both end 
products are solids. 

The rate of formation of magnetite in the differ- 
ent blows might suggest the nonproduction of mag- 
netite in a converter by a first blow plus transfer 
method. However, if the magnetite were ever below 
the saturation point in the converter slag in the first 
blow, it would certainly go at least to saturation at 
‘the end of the blow, no matter how carefully the 
temperature were regulated in reference to the 
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matte grade according to Fig. 1. At skimming tem- 
perature this would be 10 to 14 pct Fe,O,. In the 
Hurley practice, the copper slag, as the granulated 
slag on the top of the copper at the finish of a con- 
verter charge is called locally, is left in the con- 
verter to be cleaned out by the next charge. This 
copper slag is high in magnetite, sometimes as high 
as 05 pct. There is enough free oxygen at the very 
end of a charge to change any iron present to Fe,O, 
by direct oxidation. This copper slag keeps the con- 
verter slag for the first blow up to 25 to 30 pct 
Fe,0,, even with very little newly made magnetite 
in the converter during the first blow. With one 
such blow and three blows starting with a clean 
converter making magnetite only to the saturation 
point, the magnetite might be kept to an average of 
about 15 pct. 

In a converter which is relatively clean of mag- 
netite at the start, a low temperature could cause 
the formation of a large amount of magnetite. For 
a matte with 30 pct Cu, it would require about 
1127° (2060°F) to keep the magnetite down to sat- 
uration. In Hurley practice, the slag is above satu- 
ration at the start, from the cleanup, and the tem- 
perature does not make much difference at that part 
of the charge. If the magnetite were lacking or low 
at the start and the converter were cold for awhile, 
a large amount of magnetite could be made. 

Two changes were made in the Hurley converter 
department in 1952 which affect the making or re- 
duction of magnetite. One was the installation of 
a conveyor system for fluxing the converters in the 
stack, instead of out of the stack. The other was the 
installation of recording radiation pyrometers on 
the converter, following the arrangements of L. L. 
Klein in Morenci, Arizona. 

With the older arrangement of charging the flux 
into the converter while it was out of the stack, all 
the flux for an entire blow was put in at once, before 
any blowing could be started. That made the con- 
verter contents cold at the start of a blow. Optical 
pyrometer readings of as low as 1038° (1900°F) 
have been made at the start of a blow. These low 
temperatures caused the formation of much mag- 
netite. One monthly average went as high as 43.3 
pet Fe,O,. The use of conveyors all the way to the 
converters permits putting in any amount of flux 
at any time during a blow simply by pushing but- 
tons. This makes it possible to keep almost all of the 
flux out of the converter at the start and permits 
letting the temperature come up to a considerably 
higher level, with flux available as needed. The 
average temperature at the start is now about 1121° 
(2050°F), which is slightly below the amount 
needed to keep the magnetite down to saturation 
for low grade mattes. The warmer starts have 
helped eliminate some of the worst magnetites. 
Having the flux available at any time makes it 
possible to approach almost any desired tempera- 
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ture without the danger of getting in the wrong 
amount of flux and having the converter either too 
hot or too cold. 

The recording pyrometers were installed orig- 
inally to help the operators avoid high tempera- 
tures and thus prevent deterioration of the furnace 
brick. The brick life was increased from about 20 
million lb Cu repair to about 50 million lb. Opera- 
tors were instructed to keep temperature below 
1204° (2200°F) if a good separation could be at- 
tained at that temperature with the flux available. 

The recorders, with a large index hand, are 
mounted where the converter skimmer can watch 
them from his regular working place. Signal lights 
are placed in the converter foreman’s office. When 
the temperature is below 1232° (2250°F) a white 
light is on. Above that temperature a red light 
comes on. The indications are that, in the past, the 
converters were operated too cold most of the time, 
with occasional very high temperatures causing 
severe brick deterioration for a short time. The 
pyrometers last well, considering the severity of the 
service, and their use has definitely eliminated in- 
advertent very high temperatures. 

It has been easy to keep temperatures down by 
adding plenty of flux. As can be seen from the il- 
lustrative assays, this flux is high in silica—75.6 pct 
—and is not diluted. References show that, while 
SiO, does unite with MgO, it requires a high tem- 
perature, 1500° (2822°F).’ No converter tempera- 
tures are that high. It was found that the use of 
high silica material as cold stuff has produced ex- 
cellent brick life. 

The Santa Rita mine has a good supply of quartz- 
ite gangue material with copper in an oxidized 
form, which is not amenable to concentration by 
flotation, but which can have its metal extracted by 
use as a converter flux. The high silica slags work 
well in the converters. They make a creamy, fluid 
slag at as low as 1121° (2050°F), with a good sepa- 
ration. For a while after the pyrometers were first 
put on, some slags had to be raised to as high as 
1277° (2330°F) to get a fluid slag. This was because 
some flux contained high alumina material from a 
dyke in the mine. This material has since been kept 
out of the flux. The present quartzite flux makes a 
very uniform low temperature converter condition 
possible. 

The brick loss seems to be largely due to the solu- 
tion of MgO by Fayalite, as shown in Fig. 6 of an 
article by Bowen and Schairer.* In this diagram, 
solution starts at 1177° (2050°F). Little solution 
takes place up to 1204° (2200°F). It then starts in- 
creasing, with the rate of brick loss increasing rap- 
idly as the temperature rises. Some laboratory 
tests were made on the actual bricks and converter 
slags with the same results. From this material it is 
easy to see at approximately what temperature the 
converter should be run to keep brick wear down, 
and that a few occasional high temperatures could 
cause the loss of a large amount of converter brick 
in a short time. 

When the converter slag temperature is kept low 
enough to save brick, there is a tendency to produce 
magnetite to above the saturation point. A fairly 
good compromise between saving brick and not 
making magnetite might be made by careful control 
of the temperatures. This would involve letting the 
temperature go up to 1127° (2060°F) as soon as 
possible at the start and then keeping the tempera- 
ture on the right hand side of the line on Fig. 1. 
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It would be best to make all skims except the last 
without trying to go all the way to whitemetal, as 
this would make it easier to keep the temperature 
down to the 1121° (2150°F) which is ideal for good 
brick wear. Of course, the last blow would have to be 
well cleaned up before going on finish, or the white- 
metal blow. To keep this low temperature compro- 
mise under control would require flux and cold stuff 
which would make a slag that would be liquid at 
(21 

At present, the Hurley converters are being oper- 
ated too cold to keep the magnetite in the slag down 
to the saturation point. But they are not so cold as 
to make the high percentages of magnetite formerly 
made on isolated months, such as 35 pct or even up 
into the 40s. But, as will be discussed later, there 
are some conditions in a reverberatory furnace 
where more magnetite can be handled, without tap- 
ping or bottom trouble, than is represented by bare 
saturation of the converter slag with magnetite. 
One of these conditions exists now—a refractory 
charge which makes the furnace run very hot—and 
the reverb is doing very well with 22 pct Fe,O, in 
the converter slag. Cutting the converter tempera- 
ture down by charging a large amount of flux, with- 
out getting into trouble in the reverb, is profitable. 
When the shovels get into parts of the mine which 
produce a reverb charge that is less refractory, and 
the furnace does not run so hot, it may be necessary 
to run the converters hotter to reduce the magne- 
tite. In April 1954, as mentioned before, the mag- 
netite was 14.5 pct in the converter slag. This was 
secured without any experimenting, but by a rea- 
sonable increase in the converter temperatures. 
Therefore it is known that the converters can be 
operated to give a magnetite percentage in the slag 
low enough to give good tapping in a cool reverb 
without much sacrifice on either the converter brick 
life or the amount of converter flux. 


Magnetite in the Reverberatory Furnace 


The behavior of magnetite in the reverberatory 
furnace depends upon a balance of conditions, 
mainly the solubility of magnetite in the slag and 
matte and the formation or reduction of magnetite 
by the furnace gases. When the magnetite makes 
trouble in the reverb, it makes the matte hard to 
tap, or fills up the bottom. No effort is made to dif- 
ferentiate between the reduction of magnetite by 
cutting the oxygen down to a low enough percent- 
age in reference to the temperature and any chem- 
ical reduction by FeS. The oxygen has to be brought 
down to a certain low level in reference to the 
temperature before the equilibrium conditions are 
right for the FeS to do any reducing. With the 
oxygen low enough to do the work alone, the FeS 
may lend a helping hand, but it is the amount of 
oxygen in reference to the temperature which 
determines what happens. 

As the solubility of magnetite in the slag and 
matte is involved in much of the trouble in the re- 
verb, the information which was availabie at 
Hurley on that solubility is covered in detail. Refer- 
ence No. 5 gives the basis for a fairly good solubility 
curve for magnetite in converter and reverb slags, 
and that material is given in reference to tempera- 
ture in Fig. 2. This chart is based on extending the 
FeO + Fe.O; + SiO, to 100 pct for a large number 
of the slags at Hurley, and plotting these slags on 
the equilibrium diagrams given in reference 5 for 
a series of temperatures. The amount of FeO, at 
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saturation can then be taken from the diagrams and 
calculated to Fe,O,. The chart is based on the as- 
sumption that the Al,O,, Cu, CaO, S, Na.O, etc., do 
not take any Fe,O, into solution. 

The magnetite found in the slag is probably in 
solution in the Fayalite, or 2FeO-SiO., contained 
there rather than in the slag as a whole; it is ob- 
viously not in solution in itself. When the magne- 
tite goes high, there is not much iron left to go into 
Fayalite, and much of the SiO, remains free. It 
seems unlikely that the magnetite is in solution in 
free silica. With the 10.9 pct of residuals like Al,O,, 
CaO, etc. not considered as taking any magnetite 
into solution, there is nothing left to do the dis- 
solving except the Fayalite and when the magnetite 
goes high, there is not much of that. Yet it is a 
matter of record that the magnetite does go into 
solution and, for some of the higher temperatures, 
in large amounts. Molten Fayalite is well known as 
very good solvent, especially at high temperatures. 
Table VII shows how the magnetite goes into solu- 
tion in the Fayalite. The slag used for the calcula- 
tions is an average of 28 months of converter slag, 
and averages are 25.9 pct SiO, and 89.1 pct FeO 
+ + SiO,. 

No references were found on the solubility of 
magnetite in matte. However, from one laboratory 
test and a detailed sampling of converter charge 
No. 139, converter No. 3 for January 5, 1953, data 
was obtained for the solubility of magnetite at 
1177° (2150°F) in reference to the percentages of 
copper in the matte. From another laboratory test, 
the melting point of a 32 pct Cu matte was 971° 
(1780°F). Assuming that no solid solution is pres- 
ent, matte, when at the melting point, should hold 
no magnetite in solution. At low temperatures, the 
solubility of magnetite in slag was very nearly 
linear in relationship with the temperature. For a 
rough estimate of the solubility of magnetite in 
matte, a linear interpolation has been made in 
dotted lines, as shown in Fig. 3. 

‘The Hurley reverbs are tapped near the burner 
end. There are two tap holes on each side, one 22 
ft and the other 33 ft from the outside of the brick 
at the end of the furnace. While no exact percent- 
age is available, by the time the first matte tap hole 
is reached, most of the reverb charge is smelted. 
Therefore, most of the matte originates between 
the burners and the matte tap holes. On a few 
months since the Hurley smelter was built, magne- 
tite balances show that from 6 to 34 tons per day 
were made in the reverb. This would contribute 
some magnetite to the slag and matte. Usually, 
however, all the magnetite in the matte comes from 
the converter slag. A discussion of the action of 
solubilities in making good or bad tapping based on 
the converter slag alone is a reasonable analysis 
for the great majority of cases. 

The distribution of the magnetite which is in so- 
lution, partly in the slag and partly in the matte, 
follows the general partition principle. If one is 
saturated with magnetite, the other is also. If solid 
magnetite precipitates out in one, it will also pre- 
cipitate out in the other. Furthermore, if all the 
magnetite in one is in solution and at a certain 
percentage of saturation, all the magnetite in the 
other will also be in solution at the same percentage 
of saturation. These factors are based on a reason- 
able time for any required adjustment to take place. 

In a direct charged reverb, there is no real con- 
trol on the matte grade, and the matte temperature 
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does not change much. The amount of magnetite 
in the matte has to be controlled through the slag. 
From Fig. 2 the temperature to be maintained in a 
slag to keep a certain percentage of magnetite in 
solution is obvious. With that taken care of, the 
matte will have a magnetite content at the same 
fraction of the saturation amount. 

The charge only contributes a nominal amount 
of magnetite in a direct charged reverberatory fur- 
nace. Sometimes samples are secured of matte 
which was made on top of the charge piles and ran 
out of a hole in the sidewall of the furnace. This 
original or sidewall matte has from 0.0 to 0.4 pct 
Fe,O, in it. As a consequence, when this original 
matte gets down in the reverb bath it is a good sol- 
vent for magnetite. 

As long as all the magnetite in the matte is in 
solution, the matte taps well regardless of the mag- 
netite content. If solid magnetite occurs in the 
matte, hard tapping results. The more solid mag- 
netite there is, the harder the tapping becomes. It 
is fairly easy to tell when solid, or crystalline, mag- 
netite occurs in the matte. Even a rough polishing 
on a fine grained grinding wheel will reveal primary 
magnetite in a test specimen. If all the magnetite 
were in solution, and the matte were quenched 
quickly enough, no magnetite crystals would ap- 
pear. Because of its explosive nature, matte has to 
be cooled slowly and secondary crystals are formed. 
The secondary crystals come from the magnetite 
which was in solution. While secondary crystals are 
small, primary crystals are larger. The more solid 
magnetite, the larger the primary crystals become, 
with no change in size in the secondary ones. The 
two sizes are easy to distinguish. When freshly 
ground, magnetite has a steel gray color with a high 
luster, while matte is black and has almost no 
luster. The magnetite is hard; the matte is soft. 
With a rough polishing, the matte will tear away, 
leaving pits, while the magnetite will stand out as 
humps or ridges. If there is enough solid magnetite 
to cause the matte to be hard to tap, a X5 pocket 
magnifying glass will resolve the primary magne- 
tite crystals. When the tapping gets very bad, these 
primary magnetite crystals can be seen on the matte 
launder skulls like large, steel-gray grains of sand. 

The dilution of the magnetite in the converter 
slag when it enters the reverb varies widely. On the 
illustrative month it was 18 pct. After the correc- 
tion for this dilution, the magnetite in the reverb 
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Fig. 3—Solubility of magnetite in matte in reference to tem- 
perature and percentage of copper in matte. 


slag near the tap holes has to be under saturation to 
keep all the magnetite in the matte in solution. Be- 
fore the preheater was installed the reverb slag at 
the tap holes was often above saturation, and solid 
magnetite in the matte was almost a daily occur- 
rence. Since the preheater was installed the magne- 
tite in the matte has usually been in solution. How- 
ever, there have been periods when solid magnetite 
has appeared in the matte. The ore in the mine 
varies considerably, and in 1948 the concentrates 
were very soft and easily smelted. Insol assays 
went down to as low as 4 pct. This soft charge did 
not make a white scum over the bath, but left a 
black surface on the slag. The black surface ab- 
sorbed heat so fast that a high temperature could 
not be maintained, even with preheated air. A 
temperature of 1310° (2410°F) was common on the 
top of the bath at the matte tap holes. This would 
take only about 24 pct magnetite into solution, and 
some of the monthly averages were higher than 
that. Bad tapping was frequent when Fe,O, was 
above the average. That lasted a year or so, and 
then the insol went up enough to make a white 
topped bath, temperatures went up, and tapping 
trouble stopped. The combination of black topped 
bath and high magnetite still occurs occasionally 
and makes trouble. What is presumed are rather 
rare occasions of extremely high magnetite still 
make hard tapping. 

The amount of magnetite held in solution in dif- 
ferent parts of the slag in the reverb varies at 
Hurley. The situation at the matte tap holes is a 
local condition, with the matte removing a large 
amount of the magnetite from the reverb in a short 
time. Toward the skimming end, where the tem- 
perature gets down to about 1232° (2250°F) as a 
low and 1349° (2460°F) for charges with high in- 
sols, the Fe,O, gets as low as 2.7 pet and as high as 
20 pet in the slag for a monthly average. At 1232° 
(2250°F) the slag would hold 15 pct Fe,O, in solu- 
tion. 

So far, magnetite determinations have been made 
regularly only on the monthly composite samples. 
No doubt there have been instances not covered 
by assays where the magnetite has gone past the 
above limits. Some bottom buildup occurs, mostly 
on high grade mattes, which does not seem to be 
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associated with the sliding in of low grade magne- 
tite material from the bottom of the sloping flue be- 
tween the reverb and the waste heat boilers. When 
the matte grade goes down, the solids on the bottom 
gradually disappear. The almost magnetite-free 
original matte, as it flows back from the 50 or 60 ft 
of charge pile which extends past the tap holes, 
does a good job of cleaning the bottom of any oc- 
casional magnetite which falls there and also takes 
much magnetite out of the reverb slag. 

The washing action of this matte, past the end of 
the charge pile, has its limitations. For the first 19 
campaigns of the smelter, it kept the skimming end 
of the furnace clean. During that time the fettling 
for the bottom of the flue was put in with wheel- 
barrows from runways near the top of the flue roof. 
The material was dropped into very low hoppers 
only a foot above the roof and it did not fall very 
far. The small impact from this short fall kept the 
fettling from sliding into the reverb and making an 
accretion on the bottom. In 1950 an overhead crane 
was installed to charge this material, and the fet- 
tling is now dropped quite a distance from an upper 
floor. The much greater impact makes the fettling 
slide along the bottom of the flue and down into the 
reverb, carrying the dust from the bottom of the 
flue with it. This dust has as much iron in it as the 
original charge, and much of this iron goes to mag- 
netite while in the flue by direct oxidation. The re- 
sult is a low magnetite, high alumina accretion on 


Table VII. Magnetite in Solution in Fayalite in Converter Slags, 
with 23 Pct SiOz 


Temperature Pct Pct FesO,4 in 

in Solution Solution in Free 
°C oF in Slag Fayalite SiOz 
1149 2100 5.2 6.3 2.0 
1204 2200 12.1 17.2 5:2 
1260 2300 19.6 33.5 8.7 
1316 2400 27.4 59.8 12.4 
1371 2500 36.4 115.3 16.5 
1426 2600 49.8 483.5 22.9 


Pet 


Reverb Year Cu SiO. Fe CaO Ss 


No. 2 


1950 to 51 we 
No. 1 


1953 to 54 11. 


the bottom of the reverb at the skimming end. As- 
says are given for the two accretions which have 
been dug out in Table VIII. 


Chemical Reduction and Formation of Fe;O, in the 
Slag in the Reverb 


Magnetite is sometimes reduced in the reverb, 
while at other times it is produced. The oxygen con- 
tent in the combustion gases determines which oc- 
curs. When magnetite is made in the reverb slag, 
the combustion gases supply the needed oxygen. 
However, when magnetite is reduced in the reverb 
by chemical action, it is impossible to separate the 
reduction by the withdrawal of oxygen from the 
magnetite by the combustion gases, from the re- 
duction by FeS. However, even if and when such 
reduction is made by FeS, the amount of oxygen in 
the combustion gases, along with temperature, de- 
termines whether magnetite is made or reduced in 
the reverb slag. 
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Table VIII. Composition of Accretions on Reverb Bottom 
8 9.5 41.0 1.4 17.3 3.1 40.4 


Chipman and Marshall’ mentioned this chemical 
reduction or formation of magnetite in 1940. Though 
that was of considerable scientific interest, the first 
references which could be readily applied to con- 
ditions In a copper smelter were those written for 
iron and. steel plant conditions by Darken and 
Gurry,’* and published between 1945 and 1948. The 
general subject has been directly applied to copper 
smelter conditions by Schuhmann, Ensio, Powell, 
and Michal**”*" from 1950 to 1953. 

In general, these articles cover the measurement 
of the oxygen which passes from ferric to ferrous 
oxide as one changes to the other in molten mix- 
tures of various sorts, in reference to the tempera- 
ture. The investigators made melts containing both 
of those oxides, and at times other substances, inside 
a gas-tight inclosure. Then they passed a mixture 
of CO, and CO over the surface of the melt, and at 
a constant temperature varied the ratio of CO, and 
CO until equilibrium was reached, as shown by the 
same percentages of CO, and CO coming out as went 
in. The amount of oxygen involved could then be 
calculated from the reaction 2CO, = 2CO+4 0.,. In 
a few cases other gases were used, but the other de- 
terminations do not apply so well to reverberatory 
furnace gases. By now this amount of oxygen over a 
range of compositions and temperatures is well es- 
tablished for copper smelter slags. The amount of 
oxygen is very small, only about 0.000,000,03 pct 
by volume for a slag saturated with both SiO, and 
Fe,O,. That is the most oxidizing condition taking 
any part in determining in which direction the re- 
action goes. 

Of course, it is very easy for the oxygen to go 
higher, but that would only force more solid mag- 
netite to be precipitated out. At the most reduced 
condition, when the slag is in equilibrium with me- 
tallic iron, the oxygen is just about one millionth 
of this amount. Small as this amount is, the con- 
ditions determined by it have much to do with what 
happens with magnetite in copper smelters. As ap- 
plied to actual operating conditions, it is impossible 
to reach the most reducing condition in a furnace 
which is heated by burning fuel in it, though the 
gas conditions at the point where the slag becomes 
saturated with magnetite can be secured in the 
Hurley reverb. Whether the oxygen composition is 
under, at, or above the amount necessary to bring 
about saturation is of commercial importance. 

Equilibrium with both oxides present in a molten 
slag in a furnace is not a static or dead condition. It 
does not mean that there is a certain amount of FeO 
and Fe.O, and no oxygen going back and forth. There 
is as much of one going in one direction as there is 
of the other going in the opposite direction. For any 
equilibrium condition, there is a certain volume of 
free oxygen inside the molten slag. This free oxygen 
in the siag has unobstructed communication with 
the oxygen in the gases above the slag. When equi- 
librium is reached there is the same amount of oxygen 
going in both directions across the phase boundary. 
As far as this small amount of oxygen is concerned, 
the gases in the furnace influence all the action to 
the bottom of the slag layer. Therefore, the gases 
in the reverb do more than supply heat; they are an 
integral part of the chemical system which deter- 
mines how much magnetite is in the reverb slag. If 
possible, the combustion should be regulated to con- 
trol magnetite as well as the burning of the fuel. 
_ Fortunately, a reasonable compromise between the 
two is likely with combustion gases like those found 
in the natural gas fired reverb at Hurley. 
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% CO FOR 10.0 % CO, (NATURAL GAS FIRE) 


Fig. 4—Magnetite saturation curve for iron silicate slag 
saturated with SiQ, in relation to temperature and log 
(pco./pco) and in relation to temperature and percentage 
of copper for 10 pct CO. (for natural gas fire). Data after 
Darken and Michal. 


In the references the results are expressed in terms 
of log (pco:/pco). The log is to the base 10 and p is 
the partial pressure in atmospheres. For all prac- 
tical purposes, the percentages by volume can be 
used just as well as the partial pressures in opera- 
tion, as only the ratio is required. Charts are pub- 
lished which show this log in reference to pure gases 
and a pure system of FeO + Fe.O, + SiO... Fig. 3 of 
reference 11 shows the chart which applies best to 
the copper smelter slags. In Fig. 4 this chart has 
been changed and applied only to magnetite at its 
saturation point. The saturation is based here on a 
total of 89.1 pet FeO + Fe.O; + SiO., which was 
found to be the average of a large number of Hurley 
slags. A line shows the CO required for magnetite 
saturation with the ordinary 10 pct CO, found in the 
combustion of natural gas. The log varied from +1.39 
at 1149° (2100°F) to +2.24 at 1371° (2500°F). This 
means that for pure gases the slag would be satu- 
rated with magnetite at 1149° (2100°F) with 25 
times as much CO, as CO, and at 1371° (2500°F) 
with 191 times as much CO, as CO. At 1149° 
(2100°F), with 10 pct CO., it would take 0.44 pct 
CO to bring the Fe,O, to saturation, and at 1371° 
(2500°F), it would take only 0.02 pct CO. 

In trying to apply this principle to an operating 
furnace, it was uncertain whether the curve for a 
pure slag and pure CO, and CO would fit, as the 
slag is not pure FeO + FeO, + SiO, and the gases 
are far from pure CO, and CO. After studying the 
application of this theoretical material to the field 
measurements in the Hurley furnaces, the conclu- 
sion was that the general shape of the curve was a 
fairly good explanation of what took place in the 
reverb. 

In attempting to find out the percentage of CO 
in the reverb which would show conditions needed 
for saturation of the slag by magnetite, it was plain 
that: 1) if there was any free oxygen at all in the 
gases next to the slag, as shown by an ordinary 
commercial gas analyzing machine which reads to 
0.1 pct, the slag would go to saturation if given 
enough time to reach equilibrium, and 2) as the 
amount of oxygen needed was so small, the amount 
of CO probably would be small. 

The chief check on the amount of CO at which 
the slag went below saturation, or approached satu- 
ration, was from the study of the general combus- 
tion and magnetite history of the reverberatory 
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furnace. Usually there was a fairly large amount 
of CO in the gases next to the bath in the center of 
the furnace—up to 0.6 or 0.8 pct. Sometimes free 
oxygen was present. There were times when the 
bottom would build up at the skimming end, and 
then become clean. However, from 1939 to 1950 the 
bottom was always clean of purely magnetite de- 
posits at the end of the campaigns. Therefore, it 
generally seemed as if about 0.6 pet CO would keep 
the bottom clear of magnetite. 


For another check on the amount of CO needed 
to keep the magnetite down to the saturation point, 
the combustion records were searched, and a number 
of typical months were selected. The furnace gases 
for those months had a range of CO from high to 
zero, but no free oxygen. The composition of the 
gases in contact with the surface of the slag at the 
center of the furnace was considered to be the key 
figure. Then magnetite balances were worked out 
for those months. The tons of magnetite made or 
reduced per day in the reverb were plotted against 
the percentage of CO. The values were close to a 
straight line. The point at which no magnetite was 
made or reduced was 0.43 pet CO, taking things as 
they came in the furnace, with some free oxygen on 
the sides. If the free oxygen were eliminated from 
the sides of the furnace, this CO percentage would 
probably be reduced. 


These two checks on the amount of CO are not 
so much for an exact point at which saturation is 
reached as for the amount of CO above which the 
magnetite is definitely reduced and below which 
magnetite is made. 


So many months had CO percentages up around 
0.6 or 0.8 pct because from 1939 to 1950, due to the 
high draft losses in the waste heat boilers as orig- 
inally installed in 1939, there often was not enough 
draft at the reverb offtake to burn the desired 
amount of fuel and still keep the suspended roof 
of the flue between the reverb and the waste heat 
boilers under suction with no CO in the exit gases. 
That particular roof had to be kept under suction 
or the metal suspension devices would burn out. 
Making a fairly high CO by forcing the fuel without 
supplying enough air for perfect combustion was 
tried and worked fairly well. The thermal efficiency 
of the furnace was good with the high CO, and the 
roof was kept under suction and lived. The CO 
burned by the time it reached the boilers, and did 
increase slagging on the front row of boiler tubes, 
but the boiler tubes required very few replacements. 

Since September 1950, revisions in the boiler in- 
stallation have produced enough draft to put all the 
desired forced draft air into the reverb without 
putting a pressure on the suspended roof of the flue. 
Most of the time there is a large excess of draft. 
Eliminating all the CO next to the bath is avoided. 
The combustion is adjusted to get at least 0.4 pct 
CO next to the bath in the center of the furnace. If 
the CO runs a little higher than that at times there 
is no concern about it, but very high CO percentages 
are now avoided. 

The chemical reduction of magnetite by lowering 
the oxygen concentration in the gases above the slag 
by the direct withdrawal of an oxygen atom from 
the FeO, in the magnetite, would work very well 
on large percentages of magnetite, such as 30 pct 
Fe,O,. It could continue working down to the satu- 
ration point of magnetite in the slag, and to about 
12 or 13 pct Fe,O,. However, to force the magnetite 
to a lower percentage by this reaction would require 
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too much CO to be practical, as it would require 
1.0 pet CO or more to set up the needed equilibrium 
conditions. 


The chemical reduction of magnetite by FeS in 
the reverb slag fits about the same limits. For this 
type of reduction at the matte-slag interface in the 
reverb, the static pressure of the slag layer would 
cut the rate of the reaction at that point so low that 
its effect would be negligible. For the particles of 
FeS at or near the surface of the slag this reduction 
might be important. The same reaction would be 
involved here as in the converter 3Fe,0, + FeS = 
10FeO + SO,. There would be little FeS, and the 
equilibrium would be the same as for matte just 
before whitemetal is reached. Starting with mag- 
netite above saturation, it could go down to satura- 
tion at 1213° (2215°F). To go to less than saturation 
would require a temperature of 1349° (2460°F) or 
higher, because as the magnetite goes from satura- 
tion to less than saturation, by even a small amount, 
there is a large change in the value of the activity 
of the magnetite, which is reflected in the results of 
the equilibrium calculation. The highest reverb 
slag temperature measured at Hurley was 1288° 
(2350°F), and that only when an unusually refrac- 
tory charge was being smelted. A temperature of 
1232° (2250°F) is common. Therefore, the FeS re- 
duction of magnetite in the Hurley reverb slag can- 
not take place below the saturation percentage of 
magnetite in the slag. However, with the oxygen 
concentration as low as it often has been, the FeS 
in the slag could do a large amount of chemical 
reduction of the Fe,O, from large percentages to the 
saturation point. Both the chemical reduction by 
lowering the oxygen concentration and the reduc- 
tion by FeS can cut high Fe,O, percentages down to 
the saturation point. Oxygen concentration and tem- 
perature determine the conditions under which this 
is possible. 

In either case, it would be desirable to have enough 
free SiO, present to take up any FeO released by the 
reduction of Fe,O,, as that would create a slag which 
would be fluid at a low temperature and a good 
solvent for the magnetite which would remain. 

Magnetite percentages well below the saturation 
amount are usual in the Hurley reverb slags. Re- 
ducing the magnetite from the saturation point of 
approximately 13 pct at the common temperatures 
to about 2.7 pet minimum for a monthly average 
comes from the matte dissolving the magnetite out 
of the slag. In the Hurley reverb, with tapping near 
the burners, the matte acts as a counter-current 
washer. At the skimming bay end of the charge 
zone the newly made matte can have practically 
zero magnetite. In the Hurley furnace the matte- 
fall is very large. The almost magnetite-free matte, 
flowing back under the slag, can dissolve a large 
amount of magnetite which goes to the converters 
in closed circuit. When the slag does not have too 
much magnetite in it at the start, final low percent- 
ages of magnetite are understandable. 


To keep the magnetite off the bottom in the area 
40 ft past the end of the charge zone, in the skim- 
ming bay end, a substantial ebb and flow of new 
matte into this dead end might be required. How- 
ever, at Hurley, where a large tonnage is smelted in 
one reverb and tapping is very irregular, a large 
amount of matte washes into and out of that area. 

In some calcine charged reverbs, the slag mushes 
up and magnetite drops on the bottom of the furnace 
unless the SiO, is kept up to about 32 pct. If the 
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SiO, is raised, the slag thins and the magnetite no 
longer drops out. At the Hurley smelter, the SiO, 
in the slag has gone down to as low as 30 pet with 
none of this trouble. The difference in behavior 
probably comes from an inherent difference in the 
makeup of the two kinds of charges. 


The slag forming material in a calcine includes 
some iron oxide. In the Hurley charge of concen- 
trates and copper precipitates there is no iron in the 
slag forming material. There are several methods 
of calculating reverb charges from the percentages 
of SiO., Al.O,, FeO, etc., but none of them is very 
good. In some recent test melts at Hurley, it was 
obvious that some of the minerals did not break 
down into free SiO, and Al.O, under reverb furnace 
conditions. Extending this finding to the calculation 
of a calcine charge by any of the methods, there 
would be more free FeO and less free SiO, than 
anticipated. This is thought to be what happens in 
a calcine slag that mushes up with a low SiO, which, 
from a magnetite making standpoint, is bad. The 
excess free FeO could go to magnetite by direct 
oxidation if there were even a trace of free oxygen 
in the furnace gases. To help by raising the SiO, to 
some arbitrary percentage, a flux with a large 
amount of free SiO, would have to be used. This 
arbitrary percentage of SiO, looks like an indirect 
index of how much free SiO, is required. 


In the Hurley reverbs there is a zone of gases on 
the sides which have free oxygen even when the 
gases in the center have no oxygen, but some CO. 
Some magnetite is made in this zone, as shown by 
samples of the slag taken across the reverb, making 
a localized zone on the sides where the slag is higher 
in magnetite. What happens then depends upon a 
balance of factors. There is some diffusion of mag- 
netite through both the slag and the matte, and some 
solution. If the matte washout is good enough, the 
bottom is kept clean. So far in the local reverb his- 
tory, there have been no side buildups of magnetite. 

Some magnetite is formed on the fettling piles on 
the sides of the reverbs from the normal dusting of 
the reverb. There is some dusting, even with wet 
charge. The dust sticks there and, with some free 
oxygen always in the gases on the sides, magnetite 
would be made on the face of the fettling piles. So 
far, that has given no trouble. 

Magnetite could be made very readily by the 
exposure of molten Fayalite on the face of the 
reverb charge piles to even a small amount of free 
oxygen in the furnace gases. The time of exposure 
while the molten material is running off should be 
enough to make an appreciable amount of mag- 
netite. In the 1952 converter slag tests analyses of 
the furnace gases were not made. However, on one 
test where the atmosphere is believed to have been 
oxidizing, the magnetite increased at the rate of 2.5 
pet per min. In only one of the tests thought to 
have been in an oxidizing atmosphere the magnetite 
increase dropped below 1.0 pct per min. In any 
reverb charge which leaves some molten Fayalite 
on the face of the charge pile for even a short time, 
as a calcine charge or a direct charge with some 
converter slag in it, some of the iron silicate could 
be broken down by free oxygen and the FeO made 
into magnetite. From the Hurley experience in 
taking cross sectional gas samples in the reverb, the 
presence of some free oxygen on the sides of the 
furnace is regarded as probable when the gas com- 
position in the center of the furnace represents 
nearly perfect combustion. One of the findings of 
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the recent investigations into the physical chemistry 
of the silicates is that while 2FeOSiO, is formed in 
copper smelter slags, and is found as the mineral 
Fayalite when the slags are quenched, the FeO and 
the SiO, are not tied together very strongly in a 
molten slag and are easily broken apart in an 
atmosphere with only a minute quantity of free 
oxygen. 


Summary 

Background material has been given for the 
smelter. Then a reversion chart for the reversion 
of the reaction 3Fe,0, + FeS > 10FeO + SO, is 
given in relation to temperature and matte com- 
position. It is shown that the temperatures and 
matte compositions required for reversion occur in 
the ordinary converter practice at Hurley, and that 
magnetite formation follows the implications of the 
chart. In the reverb, solubility charts are given for 
magnetite in matte and reverb slag, and the distri- 
bution of magnetite between the two according to 
the partition principle is discussed. The washing of 
magnetite off the reverb bottom toward the skim- 
ming end by matte which was originally magnetite- 
free in a direct charged reverb is pointed out. The 
formation and reduction of magnetite in the reverb 
slag according to the value of the log (pco:/pco) 
in the combustion gases is developed. From the his- 
tory of the reverbs at Hurley it is shown that the 
magnetite in the reverb slag can be kept near the 
saturation point by amounts of CO which have 
worked well in a natural gas fired furnace, and then 
brought down to even lower percentages by the 
counter-current washing of the low magnetite matte. 
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Basal Plane Development in Electrodeposited 


Hexagonal-Close-Packed 


Metals: Zinc, Titanium, and Zirconium 


The object of this paper is to show the manner in which typical electrodeposits of hexagonal- 
close-packed metals—zinc, titanium, and zirconium—tend to form. The conditions of electrodeposi- 
tion markedly affect the nature of the deposits in regard to crystal size, orientation, and appear- 
ance. No attempt is made to correlate cell conditions with deposit quality but, rather, character- 
istic types of deposits were selected and a study made to show the relationship between outward 
appearance and crystal structure. The zinc deposits were made in aqueous electrolytes and the 
titanium and zirconium deposited from fused salt baths. 


by W. R. Opie 


INC deposits studied were made in the American 

Smelting and Refining Co.’s Central Research 
Laboratories. They were representative of bright, 
shiny, smooth deposits, which can be obtained by 
using proper current densities and electrolyte addi- 
tion agents, and of deposits which are dull and tend 
to be nodular. Four deposits were selected which 
ranged from smooth and bright to very nodular and 
dull, and their classifications are shown in Table I. 
These were examined microscopically and were 
found to differ quite markedly in outward surface 
structure and in microstructure. The outward sur- 
face variation is illustrated in Figs. 1 to 4. At X50 
the texture could be seen to progress from granular 
to platelike to smooth. The microstructures of the 
deposits’ cross sections from starting sheet to outer 
surface are shown in Figs. 5 through 8. The dull 
nodular deposits (sample Nos. 1 and 2) show some 
tendency for acicular growth. The platelike sample 
(No. 3) shows tendency for columnar growth de- 
velopment and the smooth deposit (No. 4) has a 
well developed columnar structure. 

Back-reflection X-ray patterns of the deposit sur- 
faces revealed some interesting information. The 
crystal orientation was random in all deposits ex- 
cept the smooth deposit. Fig. 9 is a typical back- 
reflection pattern of a nodular deposit. All planes 
are reflecting in the proper relative intensity. The 
pattern of the smooth deposit is shown in Fig. 10. 
The only planes which reflect are the {10.4}. This 
series of planes is in the right position, with the 
FeKa radiation used, to satisfy the Bragg equation 
if the basal planes {00.1} are at right angles to the 
X-ray beam. The results were interpreted to mean 
that in the bright smooth deposit preferred orienta- 
tion has occurred with the basal hexagonal planes 
oriented in the plane of the sheet but with all other 
planes randomiy oriented around the c-axis. 


W. R. OPIE, Member AIME, is Supervisor, Geochemical and Met- 
allurgical Dept., Research Laboratories, Titanium Diy., National 
Lead Co., South Amboy, N. J. 
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Fig. 1—Very nodular electrolytic zinc deposit. Appears dull 
to the naked eye. X50. Reduced approximately 35 pct for 
reproduction. 


Fig. 2—Nodular electrolytic zinc deposit. Appears dull but 
smocth compared to the deposit shown in Fig. 1. X50. Re- 
duced approximately 35 pct for reproduction. 


TRANSACTIONS AIME 


Fig. 3—Platelike electrolytic zinc deposits. Appear shiny to 
the naked eye. X50. Reduced approximately 35 pct for re- 
production. 


Fig. 5—Microstruc- 
ture of very nodular 
deposit. Sample No. 
1. The starting sheet 
surface is toward the 
bottom of the figure. 
X50. Reduced ap- 
proximately 30 pct 
for reproduction. 


Fig. 7—Microstruc- 
ture of shiny plate- 
like deposit showing 
tendency for colum- 
nar growth develop- 
ment. Sample No. 3. 
The starting sheet 
surface is toward the 
bottom of the figure. 
Reduced approxi- 
mately 30 pct for 
reproduction. 


Fig. 4—Smooth electrolytic zinc deposit, slightly mammillar. 
Appeared very bright and smooth to the naked eye. X50. 
Reduced approximately 35 pct for reproduction. 


Fig. 6—Microstruc- 
ture of nodular de- 
posit. Sample No. 2. 
The starting sheet 
surface is toward the 
bottom of the figure. 
X50. Reduced ap- 
proximately 30 pct 
for reproduction. 


Fig. 8—Microstruc- 
ture of bright smooth 
deposit. Sample No. 
4. Columnar growth 
is well developed. 
The starting sheet 
surface is toward 
the bottom of the 
figure. X50. Re- 
duced approximately 
30 pct for repro- 
duction. 


Fig. 9—X-ray back-reflection pattern of nodular deposit. 


Sample No. 2. 
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of smooth bright 


Fig. 10—X-ray back-reflection pattern 
deposit. Sample No. 4. 
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Fig. 11—Acicular 
and stepwise growth 
in electrodeposited 
titanium metal. The 
growth usually is in 
a direction displaced 
30° to 35° from the 
c-axis. It is possible 
that growth is pro- 
ceeding along a unit 
cell face diagonal, 
such as the (110) 
direction, which is 
32.2° from the c- 
axis. X15. Reduced 
approximately 35 pct 
for reproduction. 


Fig. 12—Basal plane development in platelets of titanium 
deposited below the a-8 transformation. X50. Reduced ap- 
proximately 30 pct for reproduction. 


This tendency for basal plane development was 
noted also in titanium and zirconium deposited elec- 
trolytically from fused salt baths at temperatures 


Table |. Classification of Zinc Electrodeposits 


Sample No. Description 
1 Very nodular 
2 Nodular 
3 Platelike 
4 Smooth 


below the critical temperature at which, upon cool- 
ing, the body-centered-cubie structure transforms 
to hexagonal-close-packed. 


Titanium Deposits 

The specimens selected for study were made in 
the Research Laboratory, Titanium Div., National 
Lead Co., by electrolysis from fused salt baths at 
temperatures below 880°C (critical temperature for 
titanium). Conditions are such in fused salt electro- 
deposition that development of individual crystal- 
lites are favored in contrast to massive plates which 
are easily deposited from aqueous electrolytes, e.g., 
the zinc deposits discussed previously. 

Three types of crystal development were noted in 
titanium: 

1) An acicular growth in a direction displaced 
30° to 35° from the c-axis. The needlelike crystals 
formed at times are hexagonal prisms. Fig. 11 illus- 
trates this type of growth. 
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Fig. 13—Microstructure of the basal plane of a well devel- 
oped hexagonal crystal of electrodeposited titanium metal. 
Etchant used was glycerine with HF and HNOs. X250. Re- 
duced approximately 30 pct for reproduction. 


Fig. 14—Platelike growth in zirconium metal deposited be- 
low the a-8 transformation temperature. X75. Reduced ap- 
proximately 30 pct for reproduction. 


2) Block-type growth. Growth tends toward the 
development of hexagonal prisms but is periodi- 
cally interrupted by growth along the basal plane. 
The net result is a series of hexagonal blocks dis- 
placed from each other a small distance on the basal 
plane. Typical crystals are also shown in Fig. 11. 

3) Platelike growth. Under certain conditions 
growth proceeds rapidly along the basal plane so 
that bright and shiny plates develop, see Fig. 12. 

A crystal which had developed a mirrorlike hexa- 
gonal face about 1% in. across was studied by means 
of an X-ray spectrometer. It was found that the 
bright surface was the basal plane. Such a crystal, 
etched to show its structure, is shown in Fig. 13. 


Zirconium 
The same typical outward crystal forms have been 
noted in zirconium electrodeposits as are seen in 
titanium. Again, as in the case of both zine and tita- 
nium, the bright shiny deposits are those with strong 
basal plane development, as shown in Fig. 14. 


Conclusions 

The main conclusion that can be drawn from this 
study is that in electrodeposits of zinc, titanium, and 
zirconium a strong tendency exists for development 
of hexagonal faces which are actually the basal 
planes of the hexagonal-close-packed lattice. When 
this development is pronounced, the deposits are 
very bright and mirrorlike and appear brilliant to 
the eye. 


Discussion of this paper sent (2 copies) to AIME by Nov. 1, 1956, 
will appear in AIME Transactions Vol. 209, 1957, and in JouRNAL OF 
MetALs, October 1957. 
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Oxygen in Liquid lron-Nickel Alloys 


_ Equilibrium in the reaction of hydrogen gas with oxygen in liquid nickel, iron, and 
their alloys has been studied at temperatures of 1500° to 1700°C. The equilibrium con- 
stant, p,,,/P,, [% O1, is greater in nickel than in iron by a factor of 45 at 1594°C. 


In the alloy steel range, the activity coefficient of oxygen is slightly increased by the 


presence of nickel. 


by Henry A. Wriedt and John Chipman 


ICKEL is more resistant to oxidation than is 
iron, in both the solid and the liquid state. The 
solubility of oxygen,’ however, is greater in nickel 
than in iron. The two metals and their liquid alloys 
constitute an interesting series of solvents in which 
the chemical behavior of oxygen can be studied by 
methods similar to those used for liquid iron.’ 


Experimental Method 

The furnace assembly, including the tube for pre- 
heating the entrant gas, was the same as that de- 
scribed by Gokcen and Chipman.’ A controlled mix- 
ture of water vapor, hydrogen, and argon preheated 
to approximately the melt temperature impinged 
upon the surface of the liquid metal. The charge, 
weighing about 35 g, was held in an alumina crucible 
at constant temperature in the gas stream for a pro- 
longed period, then quenched in a stream of cold 
helium, sampled, and analyzed for oxygen by the 
vacuum fusion method. 

The temperature of the liquid metal was measured 
by a Leeds and Northrup optical pyrometer which 
had been checked against a similar instrument certi- 
fied by the National Bureau of Standards. The 
freezing point of electrolytic iron in hydrogen, taken 
as 1535°C, was used for frequent checks. This point 
and the emissivity determined by Dastur and Gokcen* 
established the transmissivity of the optical system. 
The emissivities of Fe-Ni alloys at 1535° are known 
from the experiments of Smith and Chipman,’ and 
it was assumed that the variation with temperature 
is parallel with that of iron. Recorded temperatures 
are probably accurate within +5°C. 

Preparation of Gas Mixtures—Since the ratio 
H.O:H, had to be much higher for nickel than for 
iron, it was found convenient to construct two sepa- 
rate systems for gas preparation. In both cases, the 
ratio of argon to the sum of the other two gases was 
at least 4, the proportion of hydrogen and water 
vapor being varied to produce H,O:H, ratios from 
0.2 to 70. The primary purpose of the argon was to 
diminish the errors caused by thermal separation’ 
in the gas phase. In addition, its presence lowered 
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tory, United States Steel Corp., Monroeville, Pa. J. CHIPMAN, 
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Fig. 1—Electrolytic 
cell: A, seal (De 
Khotinsky cement); 
B, cathode lead; C, 
anode lead; D, Lucite 
cover; E, nickel wire; 
F, 8 mm Pyrex tub- 
ing; G, anode; H, 
cathode; J, bell (25 
mm Pyrex tubing); 


cm 1.0.—> 


K, hydrogen; L, elec- Se 
trolyte level; M, 25 | 
pct sodium hydroxide 
solution; N, Pyrex Lene 

glass cylinder (60 [+s 
cm high, 11 cm ID); as 

P, electrolyte level 
inside cathode com- 
partment; and R, 10 aoe § 
cm diam helix 


the saturation temperature required for a given 
H.0:H, ratio and minimized the difficulty of pre- 
venting condensation. Both systems were modifica- 
tions of the one used by Dastur and Chipman.’ 

For H,O:H, ratios greater than 2, welding-grade 
argon purified by passage over magnesium chips at 
620°C was mixed with hydrogen produced in the 
electrolytic cell shown in Fig. 1. The design was 
based on a cell used by Bodenstein and Pohl,°® the 
important features of which are a nickel wire cathode 
and sodium hydroxide solution as the electrolyte. 
The rate of hydrogen evolution was controlled by a 
calibrated ammeter and a rheostat in the circuit, the 
current efficiency being taken as 100 pct. Precise 
control of the argon flow rate at about 300 ml per 
min was achieved by means of a capillary flowmeter 
having a controlled pressure drop. The molar flow 
rate was measured volumetrically before each run, 
and a constant flowmeter setting was maintained 
thereafter. The A-H, mixture passed through a 
water saturator of the type previously described,’ 
the saturation temperature being maintained auto- 
matically with a fluctuation of +0.04°C. The tube 
between saturator and furnace was heated by a 
resistance winding. The system was of all Pyrex 
construction with the exception of the stainless steel 
tube containing magnesium chips. This was con- 
nected with the glass tubing at the upstream end by 


SEPTEMBER 1956, JOURNAL OF METALS—1195 


K 
+ ——A 
| 
= 
~ \ 


0.36 T 
O - 1496°C 
° 


Fig. 2—Variation of 
oxygen content with 
(H2O)/(He) for pure 
nickel. 
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a rubber stopper coated with Glyptal and at the 
downstream end by a metal-to-glass seal. 

For H.O:H, ratios less than 2, the conventional 
saturator system* was employed. Instead of pure 
hydrogen, a prepared mixture containing 22.68 pct 
H., the balance argon, was passed into the saturator. 
This mixture was prepared in advance in a gas 
cylinder from pure hydrogen and welding-grade 
argon, and its composition was accurately deter- 
mined by analysis. The flow rate of the gas mixture 
was approximately 300 ml per min, and a similar 
amount of purified argon was added through a second 
line to the saturated gas. 

All components of the gas systems were brought 
to their operational conditions sufficiently early to 
ensure stabilization and the thorough purging of gas 
lines before the commencement of a run. 

Procedure—The raw materials for the standard 
35 g charges were electrolytic iron, electrolytic 
nickel, chemically pure nickel oxide, and iron oxide. 
Nickel oxide was used for charging oxygen to iron- 
free melts; otherwise, iron oxide was used. 

A series of preliminary runs was made to deter- 
mine the oxygen recovery in melting charges com- 
posed of nickel oxide and nickel. In runs with iron 
alloys, the oxygen recovery was estimated from the 
difference between the amounts of iron charged and 
recovered, counting iron lost as wtstite absorbed by 
the alumina crucible. These recovery estimates 
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Fig. 3—Variation of oxygen content with (H»O)/(H.2) at 1594°C. 
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facilitated the charging of amounts of oxygen close 
to final values, thereby permitting short run times 
and, further, allowed the direction of approach to 
equilibrium to be determined. The variations in iron 
recovery resulted in slight differences in the final 
iron contents of alloys of the same nominal com- 
position. 

The preheater was brought to operating tempera- 
ture slowly to prevent cracking while the gas system 
was being put in operation. In running, the inside 
surface of the preheater was maintained at the ap- 
parent temperature of the molten charge, except for 
the runs at 1500° when the apparent temperature 
was as for runs at 1600°C. This preheating and the 
mixture of a high proportion of argon with the re- 
active components of the gas are effective in reduc- 
ing thermal diffusion to a minor effect in this type 
of system.’ 

The charge was heated with power supplied by 
the high frequency converter. The temperature of 
the melt was controlled manually, and heats where 
temperature fluctuation exceeded +3° during the 
last several hours of a run were rejected. Each run 
was concluded by pulling the charge quickly to the 
bottom of the furnace chamber and quenching it 
with a blast of cold helium. 

The duration of each heat was predetermined from 
the experience gained in preceding equilibrium or 
nonequilibrium runs. Charges were so calculated 
that the reaction between gas and melt took less 
than 9 to 10 hr in reducing the final deviation from 
the equilibrium composition to a small fraction of 
the total experimental error. In those series of heats 
where equilibrium was not approached from both 
sides, heat times were ample according to the find- 
ings in other series. 

Sampling and Analysis—The quenched charge 
was first freed from adhering refractory. From the 
disk-shaped alloy slug, wedge-like samples were 
taken by radial sawcuts. These were ground and 
pickled before analyzing. Nickel was determined in 
the iron alloys and the 75 pct Fe content obtained 
by difference. In all other alloys, iron was deter- 
mined directly. The vacuum fusion method was used 
for all oxygen analyses. 


Experimental Results 


The experimental results are summarized in 
Tables I, II, HI, and IV. The first three contain the 
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Fig. 4—Variation of oxygen content with (H.O)/(H») at 1594°C, 
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data for equilibrium runs with Ni- O, Fe-Ni-O, and 
Fe-O alloys, respectively, while Table IV contains 
the data for nonequilibrium heats. These latter were 
made with gas ratios in excess of those for oxygen 
saturation of the alloys concerned. The tables have 
been subdivided into heat series within each of 


Table I. Equilibrium Data for Ni-O Alloys 
Probable Dura- Pet 
Heat Initial Pet tion, Corrected Analyzed 
No. Oxygen Hr PH,o/PH, Oxygen K’; (0) 
Series I: Pure Nickel, 1599°C 
212 0.0 4.8 6.37 0.032 199 
213 0.0 7.6 12.3 0.070 176 
242 0.17 8.5 23.7 0.145 163 
214 0.13 8.8 24.3 0.133 182 
245 0.22 8.5 35.5 0.203 Wp) 
243 0.31 8.7 47.0 0.293 160 
221 0.08 8.2 47.6 0.275 173 
244 0.34 743 56.2 0.340 165 
Series II: Pure Nickel, 1700°C 
261 0.0 5.4 8.16 0.090 90.7 
262 0.021 8.1 16.3 0.161 101 
263 0.30 9.2 23.7 0.227 104 
Series III: Pure Nickel, 1496°C 
240 0.0 6.0 TiS 0.038 329 
230 0.0 8.0 23.8 0.077 309 
231 0.07 8.4 24.0 0.058 414 
241 0.10 4.2 32.3 0.092 351 
233 0.12 8.3 47.8 0.116 413 
232 0.0 8.3 48.1 0.117 411 
250 0.18 7.9 57.6 0.148 389 
249 0.23 8.5 70.9 0.192 369 


which the ratio of iron to nickel and the tempera- 
ture are constant. For each experimental run, the 
mass action constant K, (X) is tabulated for the 
reaction 

(gas) +O (dissolved in X pct Fe alloy) =H.O (gas) 


[1] 
pu, [% O] 
The true equilibrium constant K, (X) is given by 
= 
pu, [do] 


The standard state of each gaseous component 
mentioned in this and succeeding sections is defined 


Table II. Equilibrium Data for Fe-Ni-O Alloys 


Probable 
Initial Dura- Pet Ana- 

Heat Pet tion, Corrected Oxy- lyzed 

No. Oxygen Hr Pu,0/PHy, gen Iron 
Series IV: Ni-5.0 Pct Fe, 1594°C 

247 0.0 5.9 8.12 0.069 14 118 

246 0.0 8.0 11.9 0.101 4.97 118 

248 0.0 8.2 16.0 0.136 0 118 
Series V: Ni-9.9 Pct Fe, 1594°C 

253 0.10 6:9 6.22 0.074 9.88 84.0 

254 0.0 5.8 6.31 0.077 10.12 82.0 

252 it 8.8 8.19 0.100 9.66 81.9 
Series VI: Ni-25.5 Pct Fe, 1594°C 

259 0.08 4.0 2515 0.061 25.60 35.2 

258 0.08 4.0 3.02 0.086 25.30 Sor 

257 7 4.2 3.74 0.105 25.50 35.6 
Series VII: Ni-25.5 Pct Fe, 1650°C 

276 0.02 o.0 2.93 0.119 25.15 24.6 
Series VIII: Ni-25.5 Pct Fe, 1500°C 

274 0.0 3.8 2.94 0.047 26.00 62.6 
Series IX: Ni-75.2 Pct Fe, 1594°C 

281 0.16 2.7 0.496 0.091 Woeane 6 

280 0.14 2.8 0.606 0.105 75.20* Liarith 

279 0.14 27 0.802 0.153 75.18* 5.25) 

278 0.12 2.5 0.900 0.175 Ta.L0* 14 


* By difference. 
+ Saturation point. 
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as the pure component at 1 atm pressure. For each 
Fe-Ni alloy, the standard state of dissolved oxygen 
is chosen so that the ratio ao/[% O] approaches 
unity as [% O] approaches zero. 

Oxygen Activity in Liquid Fe-Ni-O Alloys—For 
pure Ni-O alloys, the average K,’ (0) values are as 
follows: 381 at 1496° (series III omitting heat 230), 
171 at 1599° (series I omitting heat 212), and 98.7 
at 1700°C (series II). Lines based upon these aver- 
age K,’ (0) values are shown with the experimental 
data in Fig. 2. Up to the maximum oxygen contents 
investigated in the three series, the straight lines fit 
the data within experimental error. Therefore, ac- 
tivity of oxygen may be equated with percentage of 
oxygen throughout each experimental range, and 

(0) becomes K, (0). Since the same behavior 
has been reported in Fe-O alloys, the primes may be 
dropped, and the activity of oxygen is replaced by 
its weight percentage in each alloy. 

For alloys containing both iron and nickel at 
1594°C, the average values of K, (X) are: 118 
[K, (5)] at 5.0 pet Fe (series IV), 82.6 [K, (10) ] 
at 9.9 pct Fe (series V), 35.3 [K, (25)] at 25.5 pct 
Fe (series VI), and 5.41 [K, (75)] at 75.2 pct Fe 
(series IX). Straight lines calculated from these 
average K, (X) values are shown with the experi- 
mental points in Figs. 3 and 4. The straight lines 
are terminated in each case at oxygen contents in- 
dicated by the nonequilibrium data of Table IV to 
be the saturation values in alumina crucibles. Two 
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OXYGEN SATURATION IN ALUMINA CRUCIBLES 
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A — PURE NICKEL 


B — NICKEL -5,0% 
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Fig. 6—Summary of the yariation of oxygen content with 
(H2O)/(H») at 1594°C, 
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Fig. 7—Variation of 
log Ki (X) with iron 
content of alloy at 
1594°C. 


0.6 
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additional runs were made with alloys containing 
25.5 pct Fe; one at 1650° and one at 1500°C. 

For pure Fe-O alloys, for which Fontana and 
Chipman* have established that the activity of oxy- 
gen is proportional to the concentration, K, (100) 
values were obtained at 1594° in two runs and at 
1704°C in one run. The results at 1594°C are plotted 
in Fig. 4 together with a line given by the mean K, 
(100) value of the two experimental points. 


Table III. Equilibrium Data for Fe-O Alloys 


Probable Dura- Pet 

Heat Initial Pct tion, Corrected Analyzed 

No. Oxygen Hr Pu,0/PH, Oxygen K’; (100) 
Series X: Pure Iron, 1594°C 

282 0.15 Ps) 0.398 0.097 4.10 

283* 0.15 2.5 0.399 0.094 4.25 
Series XI: Pure Iron, 1704°C 

284 0.27 fay 0.236 0.095 2.49 


* MgO crucible. 


Variation of K, (X) with Temperature—From the 
foregoing data, the variations of K, (X) with tem- 
perature may be obtained for liquid alloys of oxy- 
gen with pure nickel, with Ni-25.5 pct Fe, and with 
pure iron. These are shown in Fig. 5. 

Equations for the three lines and the correspond- 
ing free-energy changes are: 

For pure nickel 


log K, (0) = +10,040/T — 3.11 
AF, (0) = —45,900 + 14.2T. 
For 25 pct Fe 
log K, (25) = +9,250/T — 3.41 
A FY (25) = —42,300 + 15.6T. 


For pure iron, the three observations confirm the 
results of Dastur and Chipman, whose equation is 


log K, (100) = +7,050/T — 3.17 
A (100) = —32,250 + 14,507. 


Fig. 6 is a summary of the relationships between 
oxygen content and water vapor to hydrogen ratio 
at 1594°C for all the alloys involved in this study. 
The lines for pure Ni-O and pure Fe-O alloys were 
drawn, using K, (0) and K, (100) values of 184 
and 4.05, respectively, derived from Fig. 5. The line 
for each Fe-Ni-O alloy is based upon the average 
of the direct experimental K, (X) values for that 
alloy at 1594°C. The line of oxygen saturation in 
alumina crucibles is taken from the smoothed re- 
sults published previously.’ 
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Standard Free Energy of Solution of Oxygen— 
The standard free energy change, AF,’, for the re- 
action 

l» O, (gas) = O (dissolved in liquid X pct Fe alloy) 


(X) = por [2] 


can be derived from the foregoing for pure Ni-O 
alloys and for alloys containing 25.5 pct Fe. 
For the reaction 


H, (gas) + % O, (gas) = H:O (gas) [3] 


the standard free energy change at steelmaking 
temperatures is given” as 


AF = —60,180 + 13.93T. 


Combining the expression for AF,’ with those for 
AF, (0) = —14,300 — 0.3T 
AF? (25) = —17,900 
AF, (100)- = —27,930 — 0:57 


is obtained, These equations show a pronounced 
effect of composition on the heat of the reaction. 
At the same time, it is noted that the entropy terms 
are nearly equal. 


Variation of K, (X) at 1594°C with Alloy Compo- 
sition—In Fig. 7, log K, (X) at 1594°C is shown as a 
function of the mol fraction of iron. The datum 
points represent the identical K, (X) values upon 
which the lines of Fig. 6 were based. 

The curve in Fig. 7 demonstrates that K, (X) isa 
sensitive function of alloy composition, particularly 
at high nickel contents. In going from nickel-free 
alloys to iron-free alloys, K, (X) increases by a 
factor of 45.4. This is in marked contrast to the 
results of a similar study of sulfur in the liquid 
alloys” in which the corresponding equilibrium con- 
stant was found to be independent of the Fe-Ni 
ratio. 


Reaction of Pure Alumina with Liquid Alloys—At 
the conclusion of each run, the alumina crucible was 
examined for signs of reaction with the liquid alloy. 
Where reaction had occurred, the product formed 
only a superficial layer on the crucible and it seems 
unlikely that the reaction affected the results of the 
equilibria studied. For solutions in pure nickel, the 
oxygen content at which a reaction product began to 
be evident was between 0.038 and 0.058 at 1496° 
and between 0.090 and 0.161 at 1700°C. In the iron- 
bearing alloys the oxygen content was always suffi- 
cient to blacken the crucible. In only one instance, 
heat No. 284, a erucible containing pure iron with 
0.095 pet O at 1704°C came out white. 


Table IV. Nonequilibrium Data for Runs in Alumina Crucibles 


Pet Analyzed 


Hea Duration, Corrected 

No. Hr PH,0/PHy Oxygen Iron 
Series IVB: Ni-5.0 Pct Fe, 1594°C 

251 5.8 20.7 0.167 4.81 

255) ay) 24.1 0.142 4.87 

23 8.4 24.6 0.148 4.83 
Series VB: Ni-9.9 Pct Fe, 1594°C 

256 1.8 iJ? 0.122 10.07 
Series VIB: Ni-25.5 Pct Fe, 1594°C 

0.1 0.114 25.60 

Series IXB: Ni-75.2 Pct Fe, 1594°C 

277 2.6 0.997 0.171 74.92 
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Application to Alloy Steelmaking 

In the foregoing treatment, the activity of oxy- 
gen in each alloy was defined by letting the ratio 
do/[% O] approach unity as [% O] approaches 
zero. It was shown that within the limits of error 
of the experiments this was equivalent to taking the 
activity of oxygen as equal to its percentage in 
each alloy. 

On the other hand, for general steelmaking pur- 
poses it is convenient and conventional to define the 
activity of oxygen in terms of a reference state 
based on the dilute solution of oxygen in pure iron. 
The effect of an alloying element is then expressed 
as a factor in the activity coefficient of oxygen. 
Thus, for a given Fe-Ni-O alloy 

log te log log 

Here fo’ is the activity coefficient of oxygen in a 
pure Fe-O solution of the given oxygen concentra- 
tion, and fo“ represents the effect of the nickel pres- 
ent. It is known* that fo’ is very close to unity and 
hence that log f,’ is negligible. Values of log fo‘%” 
may be obtained for any nickel concentration by 
using the data plotted in Fig. 7. 

The equilibrium constant of the reaction studied 
may be rewritten in the form 


pufol % O] 
from which by comparison with Eq. 1 
log fo = log K,’ (X) — log K, (Fe). 


Values of log K,’ (X) are shown in Fig. 7, and log 
K, (Fe) is the limiting value at 100 pct Fe. A plot 


of log fo which is the same as log fo” is, therefore, 
parallel to the curve of Fig. 7 with its zero at the 
pure iron end of the curve. 

Within the usual range of alloy steel compositions, 
approximately 0 to 25 pct Ni, the effect of nickel on 
the activity coefficient of oxygen is given approxi- 
mately as 


log fo” = 0.006 [% Ni]. 
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Technical Note 


Exposure of Shrinkage eauty during the Reheating of Open Top Killed Steel Ingots 


ECENT studies have indicated that there may 

be considerable difference in the cleanliness of 
the central pipe cavity of open top ingots. It has 
been speculated that some of this difference arises 
because of reactions that occur during reheating in 
the blooming mill soaking pits. In this respect, it 
has been recognized that an oxide coating or flow 
of slaggy material in the cavity could inhibit weld- 
ing during hot rolling and thus reduce the amount 
of sound product which may be obtained. This note 
is intended to summarize some observations on the 
structure of a split ingot top which may be useful 
in describing a mechanism whereby the shrinkage 
cavity could be oxidized during reheating. 

A 22%x24% in., big-end-down, test ingot was 
secured from a routine production heat. The chemi- 
cal analysis‘ representing this ingot is as follows: 
0.08 pct C, 1.04 pet Mn, 0.062 pct P, 0.315 pct S, 
and 0.02 pct Si. The deoxidation practice used on 
the heat from which the experimental ingot was 
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Fig. 1—Deep etched surface of split ingot top after heating 
in the soaking pits. 
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reduced approximately 50 pct for reproduction. 


obtained consisted of a bath addition of spiegel, 
serving primarily as a carbon block. Ladle addi- 
tions of regular 80 pct ferromanganese and elemental 
sulfur were used to obtain the desired final analysis. 
The heat was delivered to the blooming mill and 
charged into the soaking pits in a routine manner. 
Following a normal heating period, the ingot was 
removed from the pit and permitted to air cool in- 
stead of rolling on the blooming mill. The top 18 in. 
of the ingot, equivalent to 23 pct of total height, 
was cut off and sectioned parallel to the vertical 
axis. Photographs of these sections, which were deep 
etched, are shown in Figs. 1 and 2. 

In most respects, the internal structure of the top 
of this ingot shows little difference from the usual 
conditions observed for normal open top steels of 
this type. As will be seen from the photograph of 
the deep etched surface, the shrinkage cavity has 
curved sides with one continuous bridge located 
near the mid-position. Evidence of several other 
bridges which presumably collapsed during freez- 
ing is apparent from the projections along the sides. 
Although not visible in the photographs, the crown- 
like opening atop the cavity expands to within 1 in. 
of the top surface and 3 in. of the ingot sides. The 
vertical lines faintly visible adjacent to the lower 
half of the cavity appear to be lines of negative 
segregation. 

One notable feature in the sectioned ingot is the 
great number of exposed blowholes located in the 
top crust. From the top surface, they appear as 
holes varying in size from pinholes to % in. in diam. 
Extensive probing with a wire indicated that, while 
the holes were predominantly surface indentations, 
many had depths ranging from % to 2 in. In addi- 
tion, others led directly into the pipe cavity. 

Fig. 2 is a photograph of the upper left corner of 
the ingot expanded to X2. It illustrates more clearly 
that the blowholes had their tops opened, and also 
illustrates the interconnection among the blowholes 
at a short distance below the surface. In addition 
to the direct entries leading into the cavity, this 
honeycomb structure offers additional paths. The 
limit of penetration would be the continuous bridge 
that formed during solidification. The heavy slag- 
ging which accompanied the torch cutting of the 
ingot made it impossible to determine the actual 
presence of any coating in the cavity which could 
be related to the heating process. 

The structure of another sectioned ingot, which 
was not heated in the soaking pits, exhibited blow- 
holes in the top crust also. However, they were 
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seated slightly below the top surface and were 
covered by a thin layer of metal. This condition, 
shown in Fig. 3, is the usual pattern observed in 
the unheated steel. The presence of the blowholes 
may be attributed to the marginal deoxidation prac- 
tice, as well as the increased oxygen pressure and 
decreased ferrostatic head near the ingot top. In a 
comparison of these two ingot structures, it appears 
that a combination of scaling and impinging flame 
action has removed some of the metal layer com- 
posing the top ingot top surface. As a result, a 
number of the blowholes were exposed to the pit 
atmosphere and could provide entries into the 
shrinkage cavity for oxidizing pit gases. Whether 
er not a hole is opened apparently depends upon 
the thickness of the steel over it and the severity 
of flame action. 

While this discussion has shown how the shrink- 
age cavity may be contaminated during the ingot 
reheating operation, mention should be made of 
several factors which control the severity of its 
occurrence. The ingot studied here was heated in 
a relatively shallow pit with a strong flame action 
sweeping directly across the tops. The combined 
effect of these pit conditions would probably be less 
in pits of different design. The presence of con- 
tinuous bridges in the cavity would limit the extent 
of contamination. However, the location and num- 
ber of bridges formed during freezing cannot be 
predicted, and are unique to steelmaking variables 
for each ingot. 

This note has described the somewhat porous 
structure which exists immediately below the top 
ingot surface of certain open top steels. The char- 
acteristic porosity is caused by the development of 
blowholes during solidification in the crust over the 
shrinkage cavity. From the examination of a section 
of an ingot which was heated in the soaking pits, 
it may be tentatively concluded that some of the 
thin metal layer composing the top ingot surface is 
removed through the combination of scaling and 
impinging flame action. As a result, a number of 
the blowholes could be exposed and thus provide 
channels, both direct and by interconnection, for the 
passage of oxidizing gases into the shrinkage cavity. 


x 


Fig. 3—Sulfur print of an ingot top not heated in the soaking 
pits. Area reduced approximately 50 pct for reproduction. 
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Fig. 2—Upper left hand corner of split ingot top 


Observations on Mechanical Properties of 
Hydrogenated Vanadium 


Vanadium foils and wires, either cold-worked or recrystallized, show a ductile-brittle-ductile 
fracture sequence with temperature. At about 150°C the hydrogenated vanadium wires are found 
to be ductile. At room temperature the wires show brittle fracture, and at liquid nitrogen tempera- 
ture the wires are again ductile, although to a lesser extent than found at 150°C. Hydrogenated 
cold-rolled vanadium foils have been found to fracture in unusually straight lines along the [100] 
texture directions. The hydrogen content required to show this [100] texture fracture is limited to 
a few atomic percent in range. Hydrogen content above this range causes fracture to occur in 
random directions. 


by B. W. Roberts and H. C. Rogers 


| 2S Seep experiments with hydrogenated at 1000°C. The microstructures in Fig. 1 show the 
vanadium foils indicated that the embrittling wires after they have been electropolished and elec- 
effect of the hydrogen on the vanadium, which was troetched in 10 pet HCl. 
severe at room temperature, was reduced at both After the 800°C anneal, the vanadium grains had 
lower and higher temperatures. In order to inves- a diameter of 1 to 24 and there appeared to be a 
tigate more quantitatively the ductility changes with tendency to elongation in the longitudinal direction. 
temperature, vanadium wires were tested in tension However, the latter may be an etching effect. After 
at three temperatures. The reduction of area was the 1000°C anneal, the grains appeared to be equi- 
measured and the fractures examined. axed, but there was a very large spread in grain 
Specimen Preparation—The material used was size, probably due to some impurity segregation in 
kindly supplied by A. U. Seybolt* in the form of the wire, Fig. 1, right. The grain diameters varied 
¥%-in. rod. The nominal analysis was: 99.2 pct V between the limits of 1 to 150u. The small particles 
assay, 0.2 pet C, 0.01 pct Si, 0.01 pct Fe, 0.015 pct shown particularly clearly in Fig. 1, left, are also 
Ca, 0.02 pct O., 0.01 pet N., and 0.003 pct H.. visible on the polished surface of all samples before 
The specimens were 0.035-in. diam wires. These etching and are undoubtedly carbides and nitrides 
were prepared by cold-swaging the supplied rod to of vanadium. An X-ray check indicated these an- 
the final diameter without intermediate anneal. They nealed wires had a strong [110] recrystallization 
were finished with long-bearing dies. The surface fiber texture. 
was then given a light polishing with 0 emery paper The hydrogenation was carried out in an iron 
and degreased in trichlorethylene. An X-ray check retort with dry hydrogen flowing through it, the 
indicated that the cold-swaged wire had a fairly retort and contents being heated in a tube furnace 


strong [110] fiber texture. with a hydrogen atmosphere. The hydrogenation 
The wires were then recrystallized in vacuum in temperature was approximately 500°C. The hydro- 
continuously pumped quartz tubes at two tempera- genation times chosen were approximately those 


tures to give two different grain sizes. One group of — which would be just enough to cause the vanadium 
wires was given 45 min at 800°C; another, 60 min to be brittle at room temperature and thus allow 


B. W. ROBERTS and H. C. ROGERS, Associate Member AIME, the greatest chance for ductility to occur at the 
are associated with Research Laboratory, General Electric Co., other two temperatures. Part of the fine grained 


Schenectady. specimens were hydrogenated for 244 min at 490°C. 
TP 4305E. Manuscript, Aug. 10, 1955. Cleveland Meeting, Octo- Part of the coarse grained specimens were hydro- 
ber 1956. genated for 14% min at 515°C. 
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Fig. 1—Microstructures of unhydrogenated fine grained and coarse grained vanadium wires. LEFT: Cross section of fine grained 
yanadium. X1000. CENTER: Longitudinal section of fine grained yanadium. X1000. RIGHT: Longitudinal section of coarse grained 
vanadium. X100. Reduced approximately 30 pct for reproduction. 
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Fig. 2—Microstructures of hydrogenated fine grained and coarse grained vanadium wires. LEFT: Cross section of hydrogenated 
fine grained vanadium. X1000. CENTER: Longitudinal section of hydrogenated fine grained vanadium. X250. RIGHT: Longi- 
tudinal section of hydrogenated fine grained vanadium. X1500. Reduced approximately 30 pct for reproduction. 


The vacuum fusion analyses for hydrogen were as 
shown in Table I. 

The effect of hydrogenation on the microstructure 
of the fine grained vanadium is shown in Fig. 2. 
There is definite evidence of localized formation of 
a second phase, perhaps VH. Figs. 2, left, and 2, 
center, indicate that it forms in irregular thin strips 
along the length of the wire. These strips do not 
appear to be intergranular. At higher magnifica- 
tion, the strips can be seen to consist of an acicular 
structure, as seen in Fig. 2, right. 

There was no evidence of any second phase forma- 
tion in the coarse grained vanadium which was 
hydrogenated for only 1% min. Since this single- 
phase vanadium behaves in a manner comparable 
to the fine grained two-phase material, the second 
phase is considered to have little or no effect on the 
mechanical properties in the present amount and 
distribution. 

Testing—The tensile tests were performed at a 
strain rate of 0.05 in. per min. The wires were 
gripped between grooved blocks. To increase fric- 


Fig. 3—Vanadium foils (1 mil) which have been hy- 
drogenated catalytically. LEFT: Illustrates the 45° 
cleavage. Percentage of hydrogen found: 0.10+0.01 
wt pct. RIGHT: Irregular cleavage. Percentage of 
hydrogen found: 0.15+0.01 pct. 
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tion and reduce local stress concentrations at the 
gripping surface, the wire was wrapped at the 
gripped ends with several layers of copper foil 0.001 
in. thick. The test temperatures were —196°C, 24°C, 
and approximately 160°C. These were obtained re- 
spectively with a bath of liquid nitrogen, air, and 
a bath of preheated silicone oil. 


Table 1. Vacuum Fusion Analyses for Hydrogen 


Atomic 
Material Wt Pct He Pct He 
Unhydrogenated vanadium 0.003+0.0003 0.15 
Fine grained vanadium hydrogenated 0.042+0.004 2.1 
2% min at 490°C 0.062+0.006 Gaal 
Coarse grained vanadium hydrogenated 0.045+0.004 2:2 


14% min at 515°C 


Results—The results of measurements of reduc- 
tion in area at fracture are shown in Table II. 

The results are incomplete because of the small 
number of specimens available for preliminary ex- 
periment. The amount of deformation at 160°C and 
at room temperature was sufficient to cause consid- 
erable slipping in the grips, and the specimen supply 
was exhausted before complete results could be 
obtained. The results indicate the high temperature 


Table II. Reduction in Area of Wire 


Reduction in Area at Various 
Test Temperatures, Pct 


Specimen Type —196°C 24°C 150° to 160°C 
Fine grained vanadium 64 — — 
Hydrogenated fine grained vanadium 33, 29 0 80 
Coarse grained vanadium 63 Maou 89, 89 
Hydrogenated coarse grained vanadium 29 8, 6 —_— 


* There appeared to be a large defect near the fracture. 


to be more effective in increasing the ductility than 
the low temperature. Such a minimum in ductility 
has been observed in the case of iron.?* At one time 
this high temperature ductility was thought to be 
caused by a loss of hydrogen from the supersaturated 
iron. To eliminate this possibility of a significant 
loss of hydrogen in the case of vanadium, the speci- 
men which had fractured in a ductile manner at 
160°C was subsequently bent at room temperature 
and again the fracture was brittle. 

All of the unhydrogenated vanadium fractures 
were typical ductile cup-cone fractures. The hydro- 
genated fine grained vanadium fractured similarly 
at 160°C. The room temperature fracture of the 
hydrogenated coarse grained wire resembled a 
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cleavage fracture, while that of the hydrogenated 
fine grained wires consisted of several large flat 
_areas, oriented normal to the stress axis. These were 
on slightly different levels and were joined together 
by rather sharp cliffs. There was considerable river- 
like substructure on the fractured surface, but no 
evidence of grain boundaries. The fractures of both 
hydrogenated groups at —196°C resembled the rough 
fractures of hydrogen embrittled iron at room tem- 
perature. 


Dependence of Fracture Behavior on Hydrogen Content 


Foils of fairly pure vanadium were used to study 
the effect of hydrogen content on the fracture 
characteristics. 

Foil Preparation—Vanadium foils of 1 mil thick- 
ness were prepared by initially cold-rolling and 
then pack-rolling 32-mil sheet vanadium of 99.7 
pet purity.* The rolled metal had a very strong 


*From A. D. Mackay Co. Nominal analysis: 0.07 wt pet C, 0.08 
pet N, 0.03 pet H, 0.02 pct O, 0.02 pct Fe, and 0.10 pct Si. 


(100)[110] texture. 

The hydrogen was added to the foil by a surface 
catalysis method’ utilizing manganese metal as the 
catalyst and water vapor as the hydrogen source. 
The hydrogenation was carried out at 300°C for 
various times. 

Foil Fracture—A foil strip held for 0.6 hr showed 
no embrittlement on bending while the foil held for 
1 hr under the same conditions yielded a brittle foil 
which cleaved directionally at 45° from the rolling 
direction as shown in Fig. 3, left. Fig. 3, right, is a 
photograph of an identical foil held for 2 hr which 
shows cleavage in many directions with respect to 
the rolling direction. The foil exhibiting 45° cleav- 
age gave a hydrogen content of 0.10+0.01 wt pct 
(4.6 atomic pct), while the irregular cleavage sample 
contained 0.15+0.01 wt pct (6.9 atomic pct) as de- 
termined by a vacuum fusion analysis. 

Fig. 4 illustrates the degree of perfection of the 
cleavage that occurs in hydrogenated foil at 45° to 
the rolling direction and normal to the foil surface. 
It thus follows the (100) cleavage planes of the 
highly textured sheet. However, electron micro- 
scope pictures taken at a magnification of X10,000 
show very definite small angle jogs in the fracture 
edge. The jogs were roughly 5y in separation and 
could be interpreted as fracture travel through 
slightly misaligned crystallites. 

Metallographic examination of the fracture sur- 
face gave no clear evidence of a precipitated phase, 
although some striations were observed parallel to 
the sheet surface which may be associated with the 
rolling or with the hydrogenation of the sheet. 

A square hole similar to. that shown in Fig. 4 has 
been observed in rolled tungsten’ and molybdenum.* 
The tungsten cleaved at very high temperature due 
to an unknown cause. The molybdenum observation 
is an instance of low temperature fracture along 
oriented cleavage planes and is not associated with 
the presence of hydrogen. 

Discussion—The directional fracture in vanadium 
as well as the temperature-dependent ductile- 
brittle-ductile sequence are clearly associated with 
the hydrogen content. However, the mechanism 
whereby the hydrogen causes these phenomena is 
as yet not understood. Unpublished data’ on the 

structure of VH (1:0.92 atomic) suggest, but do not 
prove, that hydrogen atoms lie in a simple cubic 
planar array parallel to one set of (100) vanadium 
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Fig. 4—Square hole area in hydrogenated vanadium foil. X5. 
Reduced approximately 15 pct for reproduction. 


metal planes. Thus in the directional embrittlement 
of the vanadium, a crack propagating down the 
sheets of hydrogen atoms might be conjectured. 
However, no diffiraction evidence exists to show 
the location of the hydrogens in low hydrogen-con- 
tent alloys. 

Recent crystal studies” by neutron diffraction on 
VD,.. have demonstrated that a structural change 
involving at least the deuterium atoms occurs at a 
temperature of —66+5°C. This reorganization of 
the deuterium atoms between room temperature 
and liquid nitrogen temperature may be associated 
with the ductility of hydrogenated vanadium at 
low temperatures. Since the temperature depend- 
ence of the embrittlement is similar but more pro- 
nounced than that of iron, it will be carefully inves- 
tigated by H. C. Rogers.’ For further comparison, the 
dependence of the embrittlement on strain rate ata 
series of hydrogen contents is being studied. 
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Sympathetic Nucleation of Ferrite 


Configurations of ferrite crystals have been found in a plain carbon steel which 
appear to have resulted from the nucleation of new ferrite crystals at the interphase 
boundaries of previously formed crystals despite the high carbon concentrations which 
necessarily develop at these boundaries. This phenomenon has been termed sympathetic 
nucleation. An attempt has been made to reconcile the occurrence of sympathetic nu- 


cleation with current nucleation theory. 


by H. |. Aaronson and C. Wells 


HIS investigation is one of a series on the forma- 

tion of proeutectoid ferrite from austenite. From 
the viewpoint of chemical composition, this reaction 
consists of the nucleation and diffusional growth of 
crystals of carbon-poor ferrite within a matrix of 
carbon-rich austenite. The austenite adjacent to the 
austenite-ferrite boundaries will be greatly enriched 
in carbon, approximately to the value of the 
y/(a@ + y) equilibrium curve or its metastable ex- 
trapolation at the temperature of transformation. 
Those areas of austenite appreciably farther re- 
moved from the growing ferrite, on the other hand, 
will be relatively unaltered in composition, especi- 
ally at the earlier stages of transformation. Since 
rates of nucleation are considered to decrease ex- 
ponentially with decreasing supersaturation,’ the 
frequency with which ferrite nuclei appear at 
austenite-ferrite boundaries should be negligible in 
relation to that at which they form in other regions 
of the austenite. During this investigation, however, 
many groupings of ferrite crystals have been found 
which appear to have resulted from the nucleation 
of ferrite at austenite-ferrite boundaries. This phen- 
omenon has been given the name of sympathetic 
nucleation. A number of micrographs of morphologi- 
cal configurations caused by sympathetic nucleation 
will be presented, after which an explanation for 
this reaction will be proposed in terms of current 
nucleation theory. 

Some of the structures to be considered are com- 
posed of bainite, an aggregate of ferrite and carbide, 
rather than of ferrite. Since ferrite and bainite differ 
only in that bainite forms under conditions which 
result in the nucleation of carbides behind the ad- 
vancing austenite-ferrite boundaries,” it will usually 
be unnecessary, for the purpose of this paper, to dis- 
tinguish between the two reaction products. 

All studies were performed on an electric furnace 
steel (obtained from the Vanadium Alloy Steel Co.) 
containing 0.29 pct C, 0.76 pct Mn, 0.25 pet Si, 0.005 
pet P, and 0.007 pct S. The alloy was cast as a 150 lb, 
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7x7 in. cross section ingot and forged into bars 2x2 
in. in cross section. These bars were homogenized for 
48 hr at 1250°C in an Endo-Gas atmosphere. The 
depth to which decarburization penetrated during 
this heat treatment was determined by chemical and 
microscopic analyses and the affected metal was 
removed by machining. Specimens for isothermal 
transformation studies were cut from the remaining 
material; most of these specimens were 142x%4x1/16 
in., though some with a thickness of 1/32 in. were 
prepared for use at the shorter reaction times and 
lower reaction temperatures. 

Specimens were austenitized for 30 min at 1300°C, 
isothermally reacted for various times at tempera- 
tures ranging from 775° to 475°C, and then 
quenched in iced water. The austenite grain sizes 
within individual specimens ranged from ASTM 
Nos. 1 through —4. A commercial heat-treating salt 
which was continuously deoxidized by an immersed 
graphite crucible served to minimize the loss of 
carbon during austenitizing; thick covers of pow- 
dered graphite and immersed graphite rods effec- 
tively prevented decarburization in the lead pots 
employed for the isothermal reaction treatments. 

The heat-treated specimens were sectioned and 
mounted in Bakelite. Following the completion of 
standard grinding and mechanical polishing pro- 
cedures, the specimens were electrolytically polished 
with a Buehler-Waisman apparatus and etched in 2 
pet nital. 

Experimental Results 

Rules of Evidence for Sympathetic Nucleation—On 
the basis of observations made on a single plane of 
polish, one precipitate crystal may be considered to 
have been sympathetically nucleated at the inter- 
phase boundary of another precipitate crystal when 
the following conditions are fulfilled: 

1) The sympathetically nucleated crystal is not 
in contact with a grain boundary or a subboundary 
in the matrix phase. 

2) The shape, size, and location of the crystal at 
whose boundary sympathetic nucleation occurred 
(hereafter termed the base crystal) and the crystal 
formed by sympathetic nucleation substantially pre- 
clude the possibility that the plane of polish em- 
ployed may have concealed the fact that both crys- 
tals actually nucleated at a grain boundary or a sub- 
boundary in the matrix phase. 
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3) It is improbable that the grain boundary 
separating the sympathetically nucleated crystal 
from its base crystal was created within a single 
precipitate crystal (by polygonization, etc.) or 
reached the observed position by migration within 
the precipitate phase. 

4) Rates of nucleation at intragranular sites are 
ow. 

5) The total amount of transformation is rela- 
tively small, especially in the matrix grain or grains 
concerned. 

In addition to these requirements, it is also desir- 
able that the configurations which are ascribed to 
sympathetic nucleation do not have counterparts 
among structures developed through the operation 
of other mechanisms. Also, in view of the limitations 
of currently available experimental techniques, it is 
usually necessary that enough examples of a given 
type of configuration be found to minimize the pos- 
sibility that an uncommon accident, rather than 
sympathetic nucleation, is responsible for the con- 
figuration in question. 


Configurations Resulting from Sympathetic Nucle- 
ation—Sideplates on Widmanstaetten Stars: When 
intragranular Widmanstaetten plates grow in more 
than one direction from nuclei which developed 
about a central locus, which is often and perhaps 
always an inclusion, the resultant configuration may 
be termed a Widmanstaetten star. Two of these con- 
figurations are shown in Fig. 1. Since the Widman- 
staetten star has no readily recognizable counter- 
part among groupings of crystals nucleated at grain 
boundaries, it is quite certain that the crystals of the 
star are of intragranular origin. Similarly, the two 
groups of sideplates,’® labeled C in Fig. 1, which ter- 
minate at component plates (labeled A) of the two 
stars, bear no resemblance whatever to any config- 
urations of plates resulting from nucleation at iso- 
lated intragranular sites at reaction temperatures of 
550°C and above. These groupings of parallel plates 
are, instead, identical in overall form to those which 
develop from interfaces, i.e., from austenite grain 
boundaries and from rows of impinged grain bound- 
ary ferrite crystals. Even the individual plates tend 
to have the comparatively thick bases and narrow 
tips which characterize individual crystals in con- 
ventionally formed groups of sideplates. It thus ap- 
pears that the sideplates in Fig. 1 nucleated at the 
interphase boundaries of the plates in the Widman- 
staetten stars which they abut, rather than at near- 
by intragranular lattice defects. 

The small percentage of ferrite in this specimen 
and the large distance separating this field from the 
nearest austenite grain boundary also serve to indi- 
cate that the sideplate structures are the result of 
sympathetic nucleation rather than of a nonrepre- 
sentative plane of polish. The grain boundaries be- 
tween the base and the sympathetically nucleated 
plates, however, are very faint. Fig. 2, showing a 
similar configuration of intragranular plates in 
which the ferrite-ferrite boundaries are more satis- 
factorily revealed, has therefore been included. In 
order to reveal all of the boundaries due to sym- 
pathetic nucleation in this structure, however, it was 
necessary to overetch the specimen, employ oblique 
illumination and a higher magnification, and focus 
directly on the ferrite-ferrite boundaries. The light 
etching behavior of most boundaries of this type is 
probably due to the relatively low energies of these 
- boundaries, as suggested in the Discussion section of 
this paper. On the other hand, ferrite-ferrite bound- 
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aries necessarily separate the plates which are in 
contact in both Figs. 1 and 2, since Dube and Mehl! 
have demonstrated that the crystallography of the 
Kurdjumow and Sachs orientation and habit plane 
relationships,’ previously shown to be applicable to 
proeutectoid ferrite,’ will not permit a single ferrite 
crystal to evolve plates parallel to more than one 
octahedral austenite plane. Extended studies have 
shown that the octahedral habit plane is the only 
habit plane operative in this steel in the temperature 
range 775° to 550°C; at 525°C and at lower temper- 
atures in the range studied, another habit plane, as 
yet unidentified, supplements but does not replace 
the octahedral habit plane.’ 

Fig. 3 shows a less orderly arrangement of side- 
plates at a Widmanstaetten star. In view of the low 
average density of intragranular crystals in this 
specimen, the concentration of plates about the cen- 
ter of the star appears to have resulted from the 
prior presence of the star. Some of the sympathetic- 
ally nucleated plates are pointed out by arrows. The 
ferrite-ferrite boundaries, which are more easily 
seen in this structure, suggest the presence of sym- 
pathetic nucleation in several places where it might 
not otherwise be suspected. 

The type of structure illustrated in Figs. 1 and 2, 
sympathetically nucleated groups of sideplates, de- 
velops with some frequency, though it is not a prom- 
inent feature of intragranular plate structures. The 
type of intragranular sideplate arrangement ex- 
emplified by Fig. 3, however, occurs quite generally 
at temperatures at which stars develop in significant 
numbers. 

Sheaves: Fig. 4 shows a type of intragranular 
structure which is often found at reaction tempera- 
tures of 525°C and below. Careful examination of 
these structures indicates that in almost every case 
they are composed of several parallel plates in con- 
tact. This observation is confirmed on similar struc- 
tures viewed at higher magnification, as shown in 
Fig. 5, though it is necessary to use for this purpose 
the precipitation of bainitic carbides preferentially 
at the boundaries between adjacent plates’ to sup- 
plement the often faint traces of these boundaries.* 


*The approximate linearity of these boundaries indicates that 
they are not merely subboundaries resulting from polygonization 
induced by transformation stresses. Both light and electronmicro- 
scopic observations indicate that ferrite subgrains in this steel are 
polygonal in shape, as would be expected from the intricate and 
varying pattern of the transformation stresses accompanying the 
growth of the irregularly shaped ferrite crystals. 


These groupings of intragranular plates may be 
termed sheaves. Individual plates in a sheaf are 
parallel to the same octahedral austenite plane; the 
octahedral directions in adjacent plates, however, 
are presumably parallel to different dodecahedral 
directions in their common matrix habit plane. 

The mechanism through which sheaves develop 
appears to be the repeated sympathetic nucleation 
of new plates against and parallel to the broad faces 
of previously formed plates. Assuming that the ini- 
tial plates of sheaves are nucleated approximately at 
random, this mechanism is consistent with the fol- 
lowing observations which have been made on the 
structures and growth patterns of sheaves: 1) ad- 
jacent plates within a sheaf are normally in contact 
with each other over most of their lengths (Figs. 
4 to 6); 2) the density of isolated intragranular plates 
in the austenite regions between sheaves is quite 
low, even at late stages of transformation (Figs. 7 
and 8); 3) the average number of plates in a sheaf 
increases with increasing isothermal reaction time 
(compare Figs. 6 and 7); and 4) in specimens re- 
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acted at 525° to 475°C, the interiors of austenite 
grains are almost entirely transformed by the oper- 
ation of the sheaving mechanism (Fig. 8). 

Although it is not impossible that clusters of lat- 
tice defects within austenite grains may be respons- 
ible for the formation of sheaves, such defect regions 
would be required to have the following properties: 
1) average diameters somewhat larger than 10° cm 
(the width attained by many sheaves at the comple- 
tion of transformation); 2) wide variations among 
different clusters in the time required to nucleate 
the first plate of a sheaf; 3) differences in the struc- 
ture of individual defects of a cluster or the presence 
of a triggering mechanism which will permit the 
systematic and sequential nucleation of the com- 
ponent plates of a sheaf; and 4) capability of nucle- 
ating all of the plates of a sheaf without being over- 
run by the nucleation and continuing growth of the 
plates formed earlier. The number and complexity of 
the assumptions which must be made in order to con- 
struct defect regions having these properties neces- 
sarily results in a mechanism of rather doubtful 
value. The postulation of networks of subboundaries 
within austenite grains also appears to be an in- 
adequate means of fulfilling these requirements. 

Widmanstaetten Structures at Grain Boundary 
Precipitates: Even when a ferrite-ferrite boundary 
separates a Widmanstaetten sideplate from another 
ferrite crystal which is in contact with an austenite 
grain boundary, it is normally very difficult to argue 
convincingly that the Widmanstaetten plate was 
sympathetically nucleated. The proximity of the 
austenite grain boundary and the elongated form of 
the sideplate immediately suggest that the sideplate 
may have developed in more conventional fashion 
from a point not in the plane of polish, either as an 
integral part of a grain boundary ferrite crystal or 
directly from the austenite grain boundary. The 
same objection applies, though less forcefully, when 
the crystal in question has the more compact shape 
of a Widmanstaetten sawtooth.* The structures to be 


* A Widmanstaetten sawtooth is a crystal of triangular cross sec- 
tion, formed at a matrix grain boundary or a grain boundary fer- 
rite crystal, whose major axis is parallel to a habit plane in its 
matrix grain.7 


discussed in this section, however, were found in 
specimens which contained only a few isolated 
Widmanstaetten sideplates and sawteeth and no in- 
tragranular crystals. A reasonably satisfactory 
answer to the question of a nonrepresentative plane 
of polish thus becomes feasible in some cases. 

Fig. 9 shows a Widmanstaetten sawtooth, C, which 
appears to have been sympathetically nucleated at 
the interphase boundary of the grain boundary fer- 
rite crystal, A. The failure of crystal A to extend 
through the row of impinged crystals to the aus- 
tenite grain boundary (in this plane of polish) may 
be readily explained by the migration of ferrite- 
ferrite boundaries. The assumption that the C-A 
boundary was also formed by the impingement of 
adjacent crystals and migrated to the observed posi- 
tion, however, requires that grain boundary move- 
ments of improbable extent and complexity have 
occurred. The comparatively small size of the saw- 
tooth relative to the other crystals in this field indi- 
cates that the sawtooth probably was not in con- 
tact with the austenite grain boundary at some 
position above or below the plane of polish. 

The Widmanstaetten sideplate in Fig. 10 also ap- 
pears to be the result of sympathetic nucleation. In 
this case, however, the approximate equality of the 
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length of the sideplate and the thickness of the base 
structure suggests that this configuration may be the 
result of a nonrepresentative plane of polish. A sim- 
ilar objection cannot be raised, on the other hand, to 
the structure shown in Fig. 11. Arrows point out 
fringes of tiny crystals, apparently sawteeth, at sim- 
ilarly oriented facets of large base crystals. The 
complete absence of groups of sideplates or sawteeth 
which developed from grain boundary ferrite in any 
specimen reacted at 775°C and the small size of 
these sawteeth relative to that of their base crystals 
makes it highly improbable that the sawteeth grew 
directly from the austenite grain boundary. 

The connection of the large ferrite crystal in the 
center of Fig. 12 with the nearest austenite grain 
boundary is uncertain. The disposition of the side- 
plates surrounding this crystal and the readily visi- 
ble boundaries between the sideplates and this crys- 
tal, however, clearly indicate that the sideplates 
were sympathetically nucleated at the interphase 
boundaries of the crystal. 

Although the general type of configuration illus- 
trated in this section occurred much less frequently 
than those discussed in previous sections, a sufficient 
number of examples indicated that these structures 
are not the result of rare accidents of growth. 

Characteristics of Sympathetic Nucleation—The 
material presented in the previous section was pri- 
marily concerned with establishing the existence of 
sympathetic nucleation. An attempt will now be 
made to extract from this material and from other 
evidence obtained during this investigation the most 
important general characteristics of this reaction. 

In a given specimen, there is a marked difference 
in the rates at which sympathetic nucleation occurs 
at the various ferrite morphologies. Sympathetic 
nucleation takes place most frequently at intragran- 
ular plates, develops occasionally at the oriented- 
lattices boundaries* of morphologies which nucleate 


* The interphase boundary between a precipitate crystal formed 
at a grain boundary and the matrix grain in which it nucleated is 
termed an oriented-lattices boundary; the boundary between this 
crystal and the adjacent matrix grain is termed an wunoriented-lat- 
tices boundary.? 


at austenite grain boundaries, and occurs rarely, if 
ever, at the unoriented-lattices boundaries of the 
latter morphologies. 

The broad faces of intragranular Widmanstaetten 
plates appear to be the most important sites for 
sympathetic nucleation, as indicated by the struc- 
tures shown in Figs. 3 through 8. The groups of side- 
plates shown in Figs. 1 and 2, however, may have 
nucleated at the edges of the plates which served as 
their base crystals. More satisfactory evidence for 
sympathetic nucleation at plate edges is provided by 
the row of tiny intragranular plates indicated by 
the arrow in Fig. 13. Ferrite-ferrite boundaries sep- 
arate the resolvable crystals in this structure. Al- 
though similarly unequivocal examples of the latter 
configuration were found infrequently, an appreci- 
able number of structures of this type has been rec- 
ognized within sheaves. It has not proved prac- 
ticable to characterize the sites at which sympathetic 
nucleation occurs at the less regularly shaped mor- 
phologies which form at austenite grain boundaries. 

Experimental evidence has been obtained for 
three types of disposition of sympathetically nucle- 
ated plates, C, with respect to their base crystals, A, 
when the latter are intragranular plates: 1) edge of 
C at face of A (sideplates at Widmanstaetten stars) ; 
2) face of C at face of A (sheaves); 3) edge of C at 
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Fig. 1—Configurations termed Widman- 
staetten stars are illustrated in the mi- 
crograph. Two groups of sideplates are 
labeled C and the component plates are 
labeled A. Reacted at 575°C for 13 sec. 
Etched in 2 pct nital. X500. Reduced 
approximately 25 pct for reproduction. 


Fig. 4—Type of intergranular structure 
which often is found at reaction tempera- 
tures of 525°C or below. Reacted at 
500°C for 9 sec. Etched in 2 pct nital. 
X500. Reduced approximately 25 pct for 
reproduction. 


Fig. 7—Similar to Fig. 6. The density of 
isolated intergranular plates in the aus- 
tenite regions between sheaves is quite 
low. Reacted at 500°C for 16 sec. 
Etched in 2 pct nital. X1000. Reduced 
approximately 25 pct for reproduction. 
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Fig. 2—Ferrite-ferrite boundaries are re- 
vealed. Reacted at 575°C for 13 sec. 
Oblique illumination. Etched in 2 pct 
nital. X1500. Reduced approximately 25 
pet for reproduction. 


Fig. 5—Higher magnification of similar 
structures to those shown in Fig. 4. Re- 
acted at 475°C for 7 sec. Etched in 2 
pet nital. X1000. Reduced approximately 
25 pct for reproduction. 


Fig. 8—Similar to Figs. 6 and 7. In speci- 
mens reacted at 525° to 475°C the in- 
teriors of austenite grains are almost en- 
tirely transformed by the operation of the 
sheaving mechanism. Reacted at 500°C 
for 20 sec. Etched in 2 pct nital. X500. 
Reduced approximately 25 pct for repro- 
duction. 


Fig. 3—Less orderly arrangement of side- 
plates at a Widmanstaetten star. Reacted 
at 550°C for 7 sec. Etched in 2 pct nital. 
X1500. Reduced approximately 25 pct 
for reproduction. 


Fig. 6—Adjacent plates within a sheaf 
are normally in contact with each other 
over most of their lengths. Reacted at 
500°C for 8 sec. Etched in 2 pct nital. 
X1000. Reduced approximately 25 pct 
for reproduction. 


Fig. 9—Widmanstaetten sawtooth, C, ap- 
pears to have been sympathetically nucle- 
ated at the interphase boundary of the 
grain boundary ferrite crystal, A. Re- 
acted at 750°C for 1 hr. Etched in 2 pct 
nital. X250. Reduced approximately 25 
pct for reproduction. 
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Fig. 10—Widmanstaetten sideplates ap- 
pear to be the result of sympathetic nu- 
cleation. Reacted at 750°C for 1 hr. 
Etched in 2 pct nital. X250. Reduced ap- 
proximately 25 pct for reproduction. 


Fig. 11—Arrows indicate fringes of tiny 
crystals, apparently sawteeth, at similarly 
oriented facets of large base crystals. Re- 
acted at 775°C for 12 hr. Etched in 2 
pct nital. X1000. Reduced approximately 
25 pct for reproduction. 


Fig. 12—Connection of the large ferrite 
crystal in the center with the nearest aus- 
tenite grain boundary is uncertain. Re- 
acted at 750°C for 15 hr. Etched in 2 
pet nital. X1000. Reduced approxi- 
mately 25 pct for reproduction. 


edge of A (Fig. 13). The geometry of the Kurdjumow 
and Sachs orientation relationships requires that 
these configurations represent the true dispositions 
of the nuclei of the sympathetically nucleated plates 
with respect to the plates against which they 
formed.* 

The frequency with which sympathetic nucleation 
occurs at intragranular plates is markedly increased 
and the form which it predominantly takes is 
changed as the isothermal reaction temperature is 
reduced. In the temperature range 700° to 550°C, 
sympathetic nucleation occurs largely in the form 
of edge-to-face nucleation of sideplates at stars and 
at isolated intragranular plates. At temperatures of 
525°C and below, most sympathetic nucleation takes 
the form of face-to-face nucleation of new plates 
during the formation and thickening of sheaves. The 
contribution of edge-to-face sympathetic nucleation 
in this temperature range consists largely in forming 
the first plate of new sheaves (Fig. 8). As the trans- 
formation temperature is decreased below 525°C, 
the number of plates within individual sheaves of a 
given thickness increases, indicating increased rates 
of sympathetic nucleation. 


Discussion 


An insight into the mechanism of sympathetic 
nucleation may be obtained by comparing the effects 
of various factors upon the rates of nucleation of 
ferrite at austenite-ferrite and at austenite-austenite 
boundaries. The following general expression for 
the rates of nucleation in solid-solid transforma- 
tions will be employed for this purpose’ 


where N is the number of nuclei per sec per unit 
volume of austenite; AF* is the free energy of for- 
mation of a ferrite nucleus of critical size; AF’, is the 
free energy of activation for diffusion of carbon in 
austenite; and T is absolute temperature. 

The AF, term can be readily shown to favor the 
nucleation of ferrite at austenite-ferrite boundaries. 
This term is evaluated from the relationship AF, = 
AH, — TAS», where AH, and AS» are the enthalpy and 
entropy of activation, respectively, for the diffusion 
of carbon in austenite. AH, is obtained directly from 
the experimental data of Wells, Batz, and Mehl,* 
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while AS, is calculated from the equation of Wert 
and Zener’ for D,, the frequency factor, in interstitial 
diffusion. It is found that AF, decreases with increas- 
ing carbon content throughout the range of trans- 
formation temperatures studied. 

Equations for AF* will be derived under the as- 
sumptions that the ferrite nucleus is a hemisphere, 
the segment of the boundary at which it forms is 
planar, and both homophase and interphase inter- 
facial free energies are isotropic. The free energy 
change, AF”, resulting from the formation of a hemi- 
spherical embryo of ferrite at an austenite-austenite 
boundary, is accordingly 


where r is the radius of the hemisphere; a,, is the 
specific interfacial free energy of an austenite- 
austenite boundary; o,, is the specific interfacial free 
energy of an austenite-ferrite boundary; AF,” is the 
free energy change per unit volume of austenite 
transformed at an austenite-austenite boundary; and 
E is the volume strain energy of transformation. The 
radius of the critical nucleus, r*, is 


3040 — 


= — 


[3] 


Substituting Eq. 3 into Eq. 2, the free energy of 
formation of a critical nucleus of ferrite at an aus- 
tenite-austenite boundary, AF*’, is obtained. 


Fig. 13—Evidence for 
sympathetic nuclea- 
tion at plate edges 
is provided by row of 
tiny intragranular 
plates—indicated by 
arrow. Reacted at 
500°C for 6 sec. 
Etched in 2 pct nital. 
Reduced approxi- 
mately 25 pct for 
reproduction. 
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MG 


3(AF,”-+E)? 


AF 


[4] 


When nucleation takes place at an austenite-ferrite 
boundary 

AP = + TY? + 2/307 + 
where o.. is the specific interfacial ince energy of a 
ferrite-ferrite boundary. 


Oya + aa 
= — LE : [6] 


The free energy of formation of a critical nucleus 
at an austenite-ferrite boundary is therefore 


AF Oya + [7] 


The volume strain energy, E, may be slightly 
smaller at austenite-ferrite than at austenite- 
austenite boundaries, since the supposedly weaker 
ferrite lattice would reduce the strain energy accom- 
panying nucleation at austenite-ferrite boundaries. 
The insufficiency of the data on elastic constants, 
however, precludes quantitative estimation of the 
reduction in AF* relative to AF*” which might 
thus develop. 

The AF, term, however, clearly favors the nuclea- 
tion of ferrite at austenite-austenite boundaries. It 
will be sufficient for present purposes to assume that 
the activity of iron in austenite is proportional to the 
mol fraction of iron and that the free energy change 
involved in transferring a unit volume of iron from 
austenite to ferrite is approximately equal to the 
free energy change associated with the transforma- 
tion of the same volume of austenite. At austenite- 
austenite boundaries 


AES?’ = — — In 
V 


[8] 


where V is the molar volume of austenite; X is the 
mol fraction of iron in the alloy; and X,, is the mol 
fraction of iron in austenite in equilibrium with 
ferrite at temperature T. At austenite-ferrite 
boundaries” 


Kaya + AX 
In [9] 
V 


where AX is the difference between X,, and the mol 
fraction of iron in austenite at an austenite-ferrite 
interface. At 550°C, a temperature at which rates of 
sympathetic nucleation are appreciable, the extra- 
polated y/(a + y) equilibrium curve indicates val- 
ues of In X/X,, ~ 0.21:in a 0.30 pct steel; thus AF,” = 
—48 cal per cu cm. Presumably AX<<(X—X.,,) 
at temperatures in the proeutectoid ferrite and 
upper bainite regions. Assuming that AX = 0.01 
(equivalent10 0.22- pet €) at 550°C, In 
(Xe AX)/X,. ~ 0.01 and_AF,” = —2.3 cal per:cu 
em. Since AF, is raised to the second power in the 
equations for AF* (Eqs. 4 and 7), while AF” appears 
in the exponential of the nucleation rate equation 
(Eq. 1), this term should result in much higher rates 
of nucleation at austenite-austenite than at austen- 
ite-ferrite boundaries. 

Assuming that the interfacial energies involved 
are isotropic, or orientation-independent, the inter- 
facial energy components of Eqs. 4 and 7 also 
strongly favor nucleation at austenite-austenite 
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boundaries. Since o,./o0,.. = 0.71," 
and o,, = 850 ergs per sq cm.” 


1.60x10™ (cal per sq cm)”* 


AF*” = [10] 
(AF,” + 
5.01x10™“ (cal per sq cm)?’ 
+ E)’ 


Ferrite crystals, however, are rationally oriented 
with respect to the austenite grains within which 
they nucleate. Marked variations in the energies of 
oriented-lattices austenite-ferrite boundaries as a 
function of the orientation of these boundaries are 
accordingly to be expected. Since ferrite crystals 
may have 24 different, but rational, orientations 
with respect to a single austenite grain, many (if 
not all) of these crystals will be rationally oriented 
with respect to each other, and the energies of the 
boundaries between them will also be noticeably 
orientation-dependent. The possibility thus arises 
that certain combinations of lattice and boundary 
orientations may change the values of the various 
interfacial energies sufficiently to make the inter- 
facial energy part of Eq. 4 applicable to nucleation 
at both austenite-austenite and austenite-ferrite 
boundaries. This situation will obtain when the fol- 
lowing condition is fulfilled 


Substituting the relative interfacial energy values 
previously listed 


Ova 


= 0.98. [13] 


Oaa 


In microstructures in which almost all of the bound- 
aries are of the high energy type, however, oye/daa = 
0.71. Eq. 13 therefore indicates that the interfacial 
energy deterrent to sympathetic nucleation will be 
removed when this reaction occurs under crystal- 
lographic conditions which permit segments of aus- 
tenite-ferrite boundaries with average specific in- 
terfacial free energies to be replaced by ferrite-ferrite 
boundaries with energies equal to or less than 0.72 
of the average grain boundary energy in randomly 
polycrystalline ferrite. Following Read,* the maxi- 
mum permissible energy of the ferrite-ferrite 
boundary formed during sympathetic nucleation is 
0.61 of the maximum grain boundary energy in fer- 
rite. Although the pertinent experimental data are 
not available, this energy limitation does not appear 
to be unreasonably severe, inasmuch as most of the 
boundaries involved are probably of the energy cusp 
type. The maximum energy of these boundaries is 
thus greater than that of several of the energy cusps 
in the plot of relative grain boundary energy vs 
angular disorientation calculated by Read and 
Shockley“ for simple cubic crystals. The lattice and 
boundary orientation requirement, however, clearly 
restricts the proportion of the austenite-ferrite in- 
terfacial area which can serve as sites for sympa- 
thetic nucleation. 

Although the high ratio of the supersaturation at 
austenite-austenite boundaries, X/X,,., relative to 
that at austenite-ferrite boundaries, (X,, + AX)/ 
X,,, cannot be similarly eliminated, this ratio may 
be reduced at lower reaction temperatures. Consid- 
ering the carbon concentration in austenite at aus- 
tenite-ferrite boundaries in connection with studies 
on the bainite reaction,’ the authors concluded that 
this value begins to fall appreciably below that 
given by the extrapolated y/(a + y) equilibrium 
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curve at approximately 550°C, closely approaching 
the gross composition of the alloy at very low tem- 
peratures. This deduction was based on two observa- 
tions: 1) in higher carbon steels, bainite has been 
found at temperatures substantially below those at 
which the Brandt” and the Zener” extrapolations of 
the y/(a@ + y) curve attain the composition of 
cementite; “ and 2) the amount of austenite which 
is retained after partial transformation to bainite 
becomes smaller at lower reaction temperatures.” 
On the basis of this modified extrapolation, the 
supersaturation at austenite-ferrite boundaries ap- 
proaches that at austenite-austenite boundaries as 
the temperature of transformation is reduced. 

Although the supersaturation factor will tend to 
insure that rates of nucleation of ferrite per unit of 
interfacial area will be higher at austenite-austenite 
than at austenite-ferrite boundaries, it is sufficient to 
indicate a basis upon which the two nucleation rates 
may become roughly comparable. The much larger 
total area of austenite-ferrite boundaries in speci- 
mens of coarse grained steels which are reacted at 
low temperatures may then be the factor that per- 
mits sympathetic nucleation to contribute an appre- 
ciable proportion of the total number of ferrite crys- 
tals formed. 

The foregoing mechanism of sympathetic nuclea- 
tion accounts for the effectively complete absence 
of this reaction at unoriented-lattices boundaries and 
for the substantial increase in the frequency of sym- 
pathetic nucleation which is observed in the tem- 
perature range 550° to 525°C. Some of the effects 
which have been found, however, may be partly for- 
tuitous. The infrequent occurrence of sympathetic 
nucleation even at the oriented-lattices boundaries 
of grain boundary ferrite, for example, may be ex- 
plained by the observation that most of the inter- 
facial area of this morphology is exposed to the sur- 
rounding austenite for appreciable intervals of re- 
action time only at high temperatures, when sym- 
pathetic nucleation does not often occur. At lower 
temperatures, grain boundary ferrite is quickly 
covered with densely packed groups of sideplates, 
most of which develop through the action of another 
mechanism. Similarly, the small area of the edges 
of plates relative to that of their faces will minimize 
the total number of crystals formed by edge-to-edge 
sympathetic nucleation on a probability basis alone. 

Another structural factor, however, may con- 
tribute to the observed effects of the morphology of 
base crystals upon the frequency with which sym- 
pathetic nucleation occurs at the boundaries of these 
crystals. Mehl and Dube’ have pointed out that the 
movement of austenite-ferrite boundaries will tend 
to destroy embryos of cementite forining at these 
boundaries. The reduction in the rates of nucleation 
of pearlite with decreasing carbon content at a given 
reaction temperature was thus ascribed to the con- 
comitant increase in the rates of growth of ferrite. 
The low rates of growth of the faces of plates rela- 
tive to those of their edges, for example, would sim- 
ilarly be expected to favor the successful formation 
of ferrite nuclei at plate faces. (Local irregularities 
in the low energy faces of the plates, found during 
electromicroscopic studies on this steel,” will pro- 
vide the necessary high energy nucleation sites.) 

Face-to-face sympathetic nucleation, resulting in 
the formation of sheaves, occurs much more fre- 
quently than edge-to-face nucleation at low reac- 
tion temperatures. An explanation for this well con- 
firmed effect has not yet been found. 
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Brief mention must be made of the obvious mor- 
phological similarity between the sympathetic nu- 
cleation of precipitate crystals and the stimulated 
nucleation of recrystallized grains reported by 
Sandee” and Burgers” in deformed and annealed alu- 
minum plates. The composition difference across the 
nucleus-matrix boundary which figures so impor- 
tantly in sympathetic nucleation, however, is not 
present in stimulated nucleation. Further, Orowan® 
has suggested that the similarity in the nucleation 
processes involved in phase transformations and in 
recrystallization may be largely formal in nature. 
Consideration of the two types of reaction from sim- 
ilar viewpoints accordingly does not now appear to 
be profitable. 

Sympathetic Nucleation in Other Alloys—Klier 
and Lyman,” Jolivet,“ and Scott, Forward and Arm- 
strong” have found examples of branching among 
Widmanstaetten plates formed in the bainite re- 
gions of a number of plain carbon and alloy steels. 
These structures appear to have resulted from the 
occurrence of sympathetic nucleation in the mode 
illustrated in Figs. 1 through 3. Mehl and Marzke” 
noted the development of similar groupings during 
the precipitation of y crystals from a 6 matrix in a 
47.8 pct Cu-Zn alloy. The sheaf configuration, shown 
in Figs. 3 through 6, was discovered by Mehl, Bar- 
rett, and Smith® during their studies on the pro- 
eutectoid cementite reaction. These examples sug- 
gest that sympathetic nucleation is not peculiar to 
the alloy used in this investigation but may rather 
frequently accompany phase transformations which 
proceed by nucleation and growth. 


Conclusions 


A metallographic investigation of the proeutec- 
toid ferrite reaction in an 0.29 pet C, 0.76 pect Mn 
steel has revealed configurations of ferrite crystals 
which appear to have resulted from the sympathetic 
nucleation of new ferrite crystals at the interphase 
boundaries of those previously formed. Rates of 
sympathetic nucleation increase as the temperature 
of transformation is decreased. This type of nuclea- 
tion occurs most frequently at intragranular plates, 
occasionally at the oriented-lattices boundaries of 
crystals which nucleated at austenite grain bound- 
aries, and rarely, if ever, at the unoriented-lattices 
boundaries of the latter morphologies. When sym- 
pathetic nucleation takes place at intragranular 
plates, the new crystal is normally a plate oriented 
parallel to a different octahedral austenite plane 
than that employed by its base plate at temperatures 
of 550°C and above, and a plate parallel to and 
extensively in contact with its base plate at lower 
temperatures. 

Two factors militate against the occurrence of 
sympathetic nucleation at rates comparable to those 
developed at austenite grain boundaries. These 
factors are the higher specific interfacial free energy 
of the nucleus-nucleation site interface which often 
obtains at austenite-ferrite boundaries, and the 
lower supersaturation of the austenite at these 
boundaries. Only the free energy of activation for 
the diffusion of carbon in austenite, which decreases 
with increasing carbon content at a given tempera- 
ture, is consistently favorable to sympathetic nuclea- 
tion. The supersaturation at austenite-ferrite bound- 
aries may increase relative to that at austenite 
grain boundaries, however, as the isothermal reac- 
tion temperature is decreased. The energy of the 
nucleus-nucleation site interface at austenite-ferrite 
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boundaries may be reduced below the critical value 
which makes it an important obstacle to nucleation 
if the lattice orientation relationship between the 
nucleus and its base crystal and the boundary 
orientation of the nucleation site are such that a low 
energy ferrite-ferrite boundary can replace a high 
energy austenite-ferrite boundary. The large total 
area of the austenite-ferrite boundaries relative to 
that of the austenite grain boundaries in coarse 
grained specimens which have been reacted at low 
temperatures will then permit a significant number 
of ferrite crystals to form by sympathetic nucleation. 
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Creep of Polycrystalline Nickel 


Minimum creep rates of nickel samples were measured in the stress region of 
2.5x107 to 2.8x10° dyne per sq cm and the temperature region of 400° to 1100°C. The 
creep rate seems to be proportional to (stress)'° at stresses below 7x10°® dyne per sq 
cm. The activation energy of creep is approximately 65,000 cal per mol. 


by J. Weertman and P. Shahinian 


N a recent theory’ of steady-state creep which is 
based on Mott’s dislocation climb mechanism, the 
following creep equation was derived for creep in 
polycrystalline metals 
o 


2/9 
K = 7.5 0° (es) LL’ sinh 


M**b? 


| w kT 
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where K is creep rate, Q the activation energy of 
self-diffusion, S the entropy of activation of self- 
diffusion, L’ the grain size, L the subgrain size, b the 
length of the Burgers’ vector of a dislocation, » the 
shear modulus, o the stress, o the critical shear 
stress, M the density of active Frank-Read sources, 
v the vibrational frequency of a vacancy, and kT has 
its usual meaning. This equation predicts a creep 
rate which depends on the stress through a power 
law at low stresses. At high stresses the creep rate 
increases much more rapidly with stress. The theory 
breaks down for stresses great enough that the in- 
equality 


9 
o es /12 
o 
holds true. It was the purpose of the present in- 
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Fig. 1—Logarithm of product of creep rate, absolute tem- 
perature, and exp(Q/kT) ys logarithm of initial applied stress 
for polycrystalline nickel. The NBS data is from ref. 3. 


vestigation to see how well the creep of nickel fol- 
lows Eq. 1. 


Material and Experimental Details 


The material used was 99.75 pct pure Ni (princi- 
pal impurity was cobalt, with traces of iron, 
manganese, magnesium, and aluminum). Specimens 
were machined from as-received bars. The diameter 
of the specimens was 0.250 in. with a gage length of 
1.0 in. After machining, the specimens were an- 
nealed in two batches (labeled A and B in Table I). 
Both batches were annealed at 1150°C for 1 hr 
under helium. This annealing treatment gave an 
average grain diameter of 0.033 cm. The specimens 
were tested in constant-load creep units which have 
been described elsewhere.” The stress range covered 
was from 350 to 30,000 psi; the temperature range 
was from 400° to 1100°C. All tests run at 800°C 
and lower were in air. Those run at 900°C and 
higher were either in air or in helium. Helium was 
used to avoid the heavy oxide layer which forms on 
testing in air at temperatures over 900°C. This oxide 
layer reduced the creep rate at 1100°C, but did not 
seem to affect the creep rate of the shorter time tests 
at 900°C. In the graphs in this paper the points 
representing the tests in air at 1100°C have been 
omitted because of this effect. The creep rates for 
these tests, however, have been listed in Table I. 

Another complicating factor, besides formation of 
oxide layers, was the occurrence of grain refinement 
in a few of the tests. Tests run at 1100°C and at 
stresses of 2000 psi (1.4x10° dyne per sq cm) or 
higher showed grain refinement, the number of 
grains per unit volume approximately doubling. 
Tests below 2000 psi at 1100°C and tests at lower 
temperatures at all stresses showed no grain re- 
finement. 
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Results 

The observed minimum creep rates of all speci- 
mens have been listed in Table I along with the test 
temperatures and initial stresses. Rupture times 
have also been listed. Those listed for the helium 
tests are the times required to obtain necking. The 
experimental setup did not allow a great enough 
extension to get rupture. The strain at which the 
minimum creep rate occurred is also listed. 

In Figs. 1 and 2 is plotted the logarithm of the 
product of the creep rate, the absolute temperature, 
and exp Q/kT against the logarithm of the initial 
stress. Fig. 2 is an enlargement of the low stress 
portion of Fig. 1. Also included in Fig. 1 are data 
of Jenkins, Digges, and Johnson® on creep of nickel 
of purity comparable to that used in the present 
work. The data at low stresses seem to follow a 
power law stress dependence. The exponent on the 
stress is about equal to 4.6. This value is almost the 
same as that found by Servi and Grant’ in polycrys- 
talline aluminum.’ The power law breaks down at a 
stress of about 7x10° dyne per sq cm. This stress 
can be predicted from Eq. 1 using reasonable val- 
ues of M, o, », and T. In aluminum” *‘ the power law 
breaks down for a stress of 2x10° dyne per sq cm. 
Since by theory the stress above which the power 
law is no longer valid is proportional to the shear 
modulus to the one half power, it is reasonable to 
find this difference between nickel and aluminum. 

The solid and dashed lines in Fig. 1 are theoretical 
values of the creep rate calculated from Eq. 1. The 
following values were used for the various quanti- 
0.033 em, L= (0.02 cm) (o/c)** (This is the approxi- 
mate experimental dependence of subgrain size with 
stress found in aluminum;’ it was assumed that the 
same result applies to nickel.), « = 3x10° dyne per sq 
cm, »« = 7.5x10" dyne per sq cm (It was assumed that 
the shear modulus of nickel is three times that of 
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Table I. Creep Data of Polycrystalline Nickel 


Strain Region 


in Which 
Stress, Dyne Minimum Creep Rupture 
per Sq Cm Rate, Min-1 Time, Hr Occurred Atmosphere 
Batch A 
1100° 35x107 0.15 0.017 i 
0.10 to 0.18 Air 
tices 28x107 0.043 0.055 0.08 to 0.16 Air 
none 9x107 0.0068 0.33 0.08 to 0.11 Air 
Te 70x107 Broke on loading Air 
300° 14x107 0.00058 5.2 0.04 to 0.12 Air 
noOe 70x107 0.015 0.11 0.11 to 0.18 Air 
¥ 49x107 0.0012 0.83 0.09 to 0.11 Air 
800° 105x107 0.223 0.02 0.18 to 0.24 Air 
800° 56x107 Broke on loading Air 
800° 28x107 4.6x10-5 23.6 0.08 to 0.10 Air 
aa 21x107 1.3x10-5 24.4 0.06 to 0.08 Air 
10.5x107 8.9x10-7 Not tested to 0.06 to 0.07 Air 
rupture 
600° 84x107 0.0001 16.2 0.08 to 0.12 Air 
600° 210x107 Broke on loading Air 
600° 21x107 1.4x10-4 766.9 0.08 to 0.11 Air 
600° 140x107 0.0068 0.18 0.12 to 0.16 Air 
600° 210x107 Broke on loading Air 
600° 175x107 0.062 0.04 0.20 to 0.26 Air 
600 63x107 4.9x10-6 323 0.10 to 0.15 Air 
Batch B 
1100° 28x107 0.41 0.009 0.09 to 0.12 Helium 
1100° 14x107 0.00205 1.0 0.05 to 0.08 Helium 
1100° 21x107 0.014 0.15 0.07 to 0.12 Helium 
1100° 7x107 0.00029 8.3 0.06 to 0.14 Helium 
1100° 3.5x107 6.8x10-6 174.7 0.02 to 0.065 Helium 
1100° 10.5x107 0.00065 8.2 0.03 to 0.07 Helium 
1100° 5.3x107 2.14x10- 115, 0.05 to 0.06 Helium 
1100° 21x107 0.0079 0.275 0.07 to 0.12 Helium 
1060 2.47x107 6.5x10-7 Not tested to 0 to 0.05 Helium 
rupture 
900 49x107 0.017 0.1 0.1 to 0.16 Air 
900° 35x107 Broke on loading Air 
900° 42x107 0.0053 0.25 0.12 to 0.16 Air 
900° 14x107 8x10-6 119 0.04 to 0.065 Air 
900° 21x107 0.00012 7.8 0.05 to 0.10 Air 
900° 21x107 0.00022 5.6 0.07 to 0.11 Helium 
900 35x107 0.0027 0.45 0.09 to 0.13 Helium 
900° 17.5x107 9.3x10-5 10.9 0.03 to 0.08 Helium 
800° 21x107 2.3x10-6 160.9 0.04 to 0.055 Air 
500° 210x107 Broke on loading Air 
400° 140x107 2.5x10-8 Not tested to 0.11 to 0.12 Air 
rupture 
400° 280x107 Broke on loading Air 
400° 210x107 4.3x10- 22.5 0.21 to 0.26 Air 
400° 175x107 6.4x10-6 130.1 0.18 to 0.22 Air 
400° 245x107 Broke on loading Air 


aluminum; this is true’ for their Young’s moduli.), M 
= 10° per cucm (This would be a reasonable estimate 
of the number of Frank-Read sources if dislocations 
form a three-dimensional network and if a recent 
estimate’ of dislocation densities in well annealed 
metals of about 10° per sq cm is correct.), and S/k = 
3.6 (estimate using Zener’s analysis’ of entropies 
of activation of self-diffusion and assuming that his 
constant 8 is equal to 0.35). The stress on a slip 
plane is taken to be one half the applied stress. 
Since the theory from which Eq. 1 is derived is 
rather crude and since only rough estimates can be 
made of many of the quantities entering into Eq. 1, 
it can only be hoped that theory and experiment 
will agree within a few orders of magnitude. This 
does seem to be the case. 

The activation energy of creep that was found is 
equal to 65,000 cal per mol. This value agrees with 
values found by other investigators (see ref. 9, in 
which unpublished work of Hazlett, Parker, and 
Nathans and of Battelle Memorial Institute is 
quoted). No published data on the activation energy 
of self-diffusion in nickel seem to exist. Seeger” has 
quoted a value of 69,000 cal per mol (unpublished 
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data of W. J. Moore).* This value of the activation 


* H. Burgess and R. Smoluchowski!* have obtained an activation 
energy for self-diffusion lying in the range 61,000 to 65,000 cal per 
mol. R. E. Hoffman, F. W. Pikus, and R. A. Ward! find a self- 
diffusion activation energy of 66,800 cal per mol. 


energy is close to that found in creep. The scatter in 
the creep data of the present work is great enough 
so that it is not possible to attach any significance to 
the difference between the activation energies of. 
creep and self-diffusion. 

Fig. 3 is a semilog plot of the data. Other the- 
ories’’” of steady-state creep would predict that the 
experimental points should lie on a straight line in 
such a plot if the slope on a log-log plot of the data 
is always greater than one, which is true in the 
present case. It can be seen that the data do not fall 
on a straight line. 


Conclusions 
Below a stress of 7x10° dyne per sq cm the mini- 
mum creep rate of nickel seems to be proportional 
to (stress)** exp (—Q/kT) where Q = 65,000 cal 
per mol. This stress dependence is almost the same 
as that found in aluminum at low stresses. Above 
this stress there is a rapid rise in the creep rate as 
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a function of stress. The value of the activation en- 
ergy of creep lies close to a reported value of the 
activation energy of self-diffusion. These results are 
in qualitative agreement with a theory of steady- 
state creep which is based on Mott’s dislocation 
climb mechanism. 
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Temperature Dependence of Recovery Phenomena 


in a Cold-Rolled Aluminum Single Crystal 


by A. H. Lutts and Paul A. Beck 


N a previous paper’ isothermal softening and X- 
ray line sharpening data were reported for the 
annealing at 350°C of single crystals of pure alumi- 


num rolled on the (110) plane in the [112] di- 
rection. It was shown that, after rolling to 80 pct 
reduction in area and careful etching in such a 
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manner as to eliminate extraneous orientations by 
removing surface material and disturbed areas adja- 
cent to saw cuts, the specimens may be extensively 
annealed at 350°C without any observable recrys- 
tallization. At the same temperature, the line broad- 
ening caused by cold rolling was found to disappear 
practically completely after less than 200 sec of 
annealing. 


The present work was undertaken in order to 
study the temperature dependence of line sharpen- 
ing and of the initial softening with high purity 
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aluminum* specimens similar to those used in the 


*Impurities in weight percentages: Si, 0.0009: F 0.0014; C 
0.0018; Mg, 0.0004; Ca, 0.0002; and Na, 0.0005 


previously reported work.’ Isothermal line sharpen- 
ing data were obtained for annealing temperatures 
of 100°, 150°, 250°, 300°, and 350°C. Isothermal 
softening curves were determined for the following 
annealing temperatures: 100°, 150°, 250°, 300°, and 
350°C. All annealing above 150°C was done in a 
salt-pot furnace, controlled by a thermocouple and 
potentiometer. Annealing at 150°C was done in 
boiling methyl-n-amyl ketone and at 100°C in boil- 
ing water, a reflux condenser being used in both 
cases. For each annealing period at each tempera- 
ture a separate specimen has been used which, in 
most cases, served for both X-ray diffraction and 
hardness measurements. All specimens used for the 
above annealing treatments were cut from the same 
80 pct rolled single crystal. In the previous work it 
was noted that measurable line sharpening has 
taken place when the cold-rolled specimen was held 
at room temperature over a period of several 
months. In the present work, the rolling was carried 
out by holding the specimens in ice-water between 
individual passes through the rolls and all speci- 
mens, both before and after annealing, were stored 
at —5°C, except for the brief periods at room tem- 
perature necessary for the specimen preparation, 
annealing, and measurements. 

All the techniques of growing oriented single 
crystals, of preparing the specimens, and of carrying 
out the line-broadening measurements with unfil- 
tered CuKa radiation were the same as described in 
the previous publication.* By using a receiving slit 
in front of the Geiger-Mueller counter of a width of 
only 0.02°, and by exercising great care in aligning 
the specimens, the instrumental broadening has been 
decreased to such an extent that for soft-annealed 
aluminum the measured breadth of the Ka, (220) 
line at half the maximum intensity was only about 4’. 

Preliminary quantitative texture determinations 
for the rolled crystal confirmed the previous obser- 
vations made by other investigators”® with copper 
single crystals by means of the photographic method, 


that the (110)[112] orientation is retained even 
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Fig. 1—Initial softening, Dph No., of cold-rolled pure alumi- 


num single crystal at 100° to 350°C, as a function of an- 
nealing time adjusted to 350°C for all annealing tempera- 
tures. 
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Fig. 2—Decrease of X-ray line broadening index, B, at 100° 
to 350°C, as a function of annealing time (logarithmic scale). 


after heavy rolling, and that the spread around this 
orientation is quite narrow. The intensity drops to 
half the maximum value at a disorientation of ap- 
proximately 3°, and disorientations larger than 
about 8° to 14° occur so scarcely that they do not 
contribute measurable X-ray intensities above the 
background level, with the Geiger-Mueller counter 
XRD-3 diffractometer used. 


Results 

Fig. 1 shows the microhardness data (average of 
five readings with the Tukon microhardness tester 
using a Vickers diamond pyramid indentor and 200 
g load) for a series of specimens, all cut from the 
same rolled crystal, and annealed for various periods 
of time at the temperatures indicated. It was at- 
tempted to represent the initial hardness data by 
a single activation energy. As shown in Fig. 1, all 
initial softening data may be represented reasonably 
well by a single curve, if the annealing periods are 
adjusted by means of an activation energy of Q = 
22.8 kcal per g atom. (In Fig. 1 all annealing periods 
have been adjusted to equivalent periods at a tem- 
perature of 350°C.) 

The X-ray line broadening data obtained for the 
(220) reflection (reflecting plane parallel to speci- 
men surface) are represented by a single line-broad- 
ening index B for each condition, corresponding to the 
ratio of the intensity minimum between the Ka, and 
a, lines to the intensity maximum at the Ka, peak, 
corrected for background, as suggested by Van Arkel 
and Burgers’ and also used in the previous publica- 
tion.’ Fig. 2 shows the values of B as a function of 
the logarithm of the annealing time at the indicated 
annealing temperatures. Using a linear time plot, 
the kinetics of line sharpening at all temperatures is 
characterized by a high initial rate, followed by a 
decreasing rate and an asymptotic approach to the 
final value, as shown for 100° and 150°C in Fig. 3. 
It was attempted to reduce all line-sharpening 
curves to one curve by means of a single activation 
energy. Although this is, strictly speaking, not pos- 
sible, with an activation energy of Q = 21 kcal per 
g atom a fairly reasonable superposition of the ma- 
jor portions of all curves has been achieved, as 
shown in Fig. 4. In this graph, all annealing periods 
have been adjusted to 100°C. The deviations are 
greatest at the short-time points of the 150°C data 
and the long-time points at the higher annealing 
temperatures. 
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It may be noted that in the present work the line 
broadening measured in the as rolled condition was 
considerably higher than that reported in the previ- 
ous publication." This increase from B = 27.5 to B = 
38.9 may be ascribed to the lower rolling tempera- 
ture of 0°C used in the present work, as against 
room temperature used previously. In the course 
of the present work, periodic rechecks were made 
with the same specimen for which the line broaden- 
ing was originally measured in the as rolled condi- 
tion within 4 hr after rolling. These checks showed 
that in the course of storage for 80 days at —5°C no 
measurable change took place in the line broaden- 
ing, within the accuracy of the experimental method. 
Since all line-broadening measurements were car- 
ried out within a period of 80 days, it was con- 
cluded that the present results were not subject to 
the uncontrolled variations that were previously 
observed upon storage at room temperature. 


Discussion 

The present results indicate that the principal 
features of the early stages of the annealing phe- 
nomena observed previously at 350°C hold also for 
a wide range of other annealing temperatures. The 
kinetics of line sharpening remains essentially un- 
changed between 100° and 350°C. This kinetics is 
characterized by an initially very rapid and then 
gradually decreasing rate of line sharpening. It may 
be significant that the activation energy, which may 
be roughly used to characterize the process of line 
sharpening (Q = 21 kcal per g atom), is not much 
different from that derived from the initial softening 
(Q = 22.8 kcal per g atom). It is possible that the 
rate of line sharpening and the rate of initial soften- 
ing are determined by related elementary processes. 
In this connection, it is interesting to note that the 
kinetics of the initial softening (Fig. 1) is also, at 
least qualitatively, similar to that of line sharpening 
(Fig. 3), characterized by an initially high, but pro- 
gressively decreasing, rate for both processes. 

One of the most interesting questions posed by the 
present investigation concerns the nature of the 
work hardening remaining in the cold-rolled single 
crystal after sufficient annealing to remove all line 
broadening. The fact that one half or more of the 
work hardening is retained in these specimens even 
after the line broadening is annealed out suggests 
that a substantial part of work hardening is not re- 
lated to lattice strains or to defects giving rise to 
particle-size effects detectable by X-ray line broad- 
ening. The elucidation of the nature of this portion 
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Fig. 3—Decrease of X-ray line broadening index, B, at 100° 
and 150°C, as a function of annealing time (linear scale). 
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Fig. 4—Decrease of X-ray line broadening index, B, at 100° 
to 350°C, as a function of annealing time adjusted to 100°C 
for all annealing temperatures. 


of work hardening will undoubtedly result in a 
better understanding of the nature of the processes 
of softening prior to recrystallization. 


Conclusions 

1) The kinetics of isothermal X-ray line sharpen- 
ing in heavily cold-rolled pure aluminum single 
crystal appears to be relatively unchanged in the 
temperature range of annealing between 100° and 
350°C. Typical of this kinetics is the initially high 
and gradually decreasing rate with continued an- 
nealing. The line-sharpening curves for the various 
annealing temperatures at least roughly conform to 
a single activation energy of 22.8 kcal per g atom. 

2) The kinetics of the early stages of isothermal 
softening of highly rolled pure aluminum crystals 
is also characterized by an initially higher and then 
gradually decreasing rate. The initial phases of 
softening at various temperatures fairly well con- 
form to a single activation energy of 21 kcal per 
g atom. 

3) The similarity in the kinetics and in the acti- 
vation energy of the initial stages of softening and 
of X-ray line sharpening suggests the possibility 
that the rate of these two processes is determined by 
related elementary processes. However, in the whole 
annealing temperature range of 100° to 350°C in- 
vestigated, line sharpening goes to practical comple- 
tion while much work hardening is retained. This 
confirms the conclusion that the imperfections giv- 
ing rise to line broadening may not account for more 
than a part of the observed total work hardening. 
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Delayed Yielding in a Substitutional 
Solid Solution Alloy 


__ An investigation was made of the effects of stress and temperature on delayed yielding aris- 
ing from substitutional atom locking of dislocations in a face-centered-cubic alloy. Strain aged 
specimens of an aluminum alloy containing 2 pct Mg, which showed a pronounced yield point 
at 78°K, were tested in creep at 78°K and 114°K at a series of constant stresses below the ten- 
sile upper yield stress. The reciprocal of the delay time for the formation of the first Lueder’s 
band and the rate of propagation of the band front were found to be identical functions of stress 
and temperature. The delay time for yielding was found to depend upon the product of separate 
stress and temperature functions, in disagreement with the theoretical models of Cottrell and Bilby 
and Fisher for the case of interstitially locked dislocations. 


by L. A. Shepard and J. E. Dorn 


OW and Gensamer’ demonstrated a number of 

years ago that the yield point phenomenon in 
mild steels was associated with the presence of fer- 
rite soluble carbon or nitrogen. More recently the 
yield phenomenon in body-centered-cubic metals 
containing interstitials was rationalized by Cottrell’ 
in terms of a simple dislocation model. Interstitial 
atoms interact with dislocations in two ways; they 
cause not only local expansions but induce local 
tetragonality in the lattice. Consequently, inter- 
stitials interact with the hydrostatic tension and 
shear components of the stress about dislocations. 
They tend to migrate toward the expanded regions 
of edge dislocations and to assume sites that relieve 
the shear stresses of screw dislocations. Thus, a dis- 
location saturated with solute atoms constitutes a 
lower free energy state than that obtained when 
the dislocation threads through the average com- 
position regions of the matrix. A greater stress will 
be required to separate the dislocation from its at- 
mosphere than to move the dislocation through the 
matrix. This factor gives rise to the upper yield 
stress, which is required to unleash a series of dis- 
locations in a localized region. 

This local yielding is propagated across the speci- 
men to form a thin band of plastically deformed 
material known as a Lueder’s band, making an 
angle of about 45° to the stress axis. Once the band 
has formed, deformation continues at the lower 
yield stress by the spreading of the Lueder’s band 
in the direction of the applied stress. Undoubtedly 
the spreading of Lueder’s bands at the lower yield 
stress is accomplished by the high stress concentra- 
tions at the band fronts, which serve to induce con- 
tinued unlocking of new dislocations in advance of 
the migrating band fronts. 

Cottrell and Bilby* have shown that the depend- 
ence of the yield point on temperature can be de- 
duced by assuming that thermal fluctuations aid the 
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stress in unlocking small dislocation loops from their 
solute atmospheres. Once a loop that exceeds a 
critical size has been nucleated, the entire locked 
dislocation is released and can migrate. Fisher* 
simplified this analysis by assuming that the locking 
forces were short range, so that if the dislocation 
loop were displaced only one Burgers vector from its 
atmosphere, it would be unlocked. Applying his 
model to the special case of delayed yielding under a 
constant stress of the order of the upper yield 
strength, he demonstrated that the delay time 7; for 
yielding should depend on stress and temperature 
according to 


BG2 
7= 


where A and B are constants, G is the shear modu- 
lus, and o and T are the resolved shear stress and 
absolute temperature, respectively. Cottrell and 
Bilby, Fisher, and Fisher and Rogers** have shown 
that the above deductions are at least in qualitative 
harmony with the experimental facts. 

A number of investigators*” have shown that the 
yield point phenomenon can also be induced in sub- 
stitutional alloys of face-centered-cubic metals. In 
general such yield points are not as pronounced as 
those encountered in body-centered-cubic metals 
containing interstitials. The yield point phenomenon 
in these materials is usually enhanced by prestrain- 
ing at low temperatures and aging at intermediate 
temperatures. Undoubtedly the yield point phe- 
nomenon induced by strain aging substitutional 
alloys also results from locking of dislocations. But 
the locking of dislocations in substitutional alloys of 
face-centered-cubic metals differs somewhat from 
interstitial locking of dislocations in body-centered- 
cubic metals. Substitutional elements in  face- 
centered-cubic lattices cause only radial displace- 
ments of the adjacent lattice points. Consequently, 
only the edge components of dislocations can be 
locked by the mechanism suggested by Cottrell. Ad- 
ditional locking, however, can be obtained by the 
Suzuki mechanism.” 

In face-centered-cubic metals, dislocations ex- 
hibit lower energies when they are present in the 
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form of pairs of partial dislocations separated by an 
intervening stacking fault. In the region of the 
stacking fault the structure is that for the close- 
packed-hexagonal lattice. The width of the stack- 
ing fault is determined by the condition of minimum 
free energy. Equilibrium separation of the partials 
is obtained when the decrease in mutual interaction 
strain energy is equal to the increase in stacking 
fault energy. Furthermore, Suzuki has shown that 
the free energy of the faulted region depends on its 
composition. Consequently, strain aging a substi- 
tutional face-centered-cubic alloy can result in a 
further decrease in free energy arising from diffu- 
sion of solute atoms to (or from) the stacking fault. 
Two major factors therefore will contribute to the 
locking energy; Cottrell locking of the edge com- 
ponents of the partials, and Suzuki locking of the 
dislocations in the region cf the stacking fault. 

The difference in dislocation locking for the two 
cases considered should be reflected in appropriate 
differences in the expressions for the activation en- 
ergies and for unlocking dislocations in the presence 
of interstitial and substitutional solutes, respec- 
tively. Up to the present, however, no complete an- 
alysis has been given for the activation energy for 
releasing Suzuki locked dislocations. The present 
investigation was therefore initiated to determine 
experimentally the effect of substitutional locking of 
dislocations in a face-centered-cubic metal, and to 
evaluate the similarities and differences for this 
case and the more thoroughly investigated case of 
interstitially locked dislocations in body-centered- 
cubic metals. 

The chemical analysis in wt pet of the high purity 
aluminum alloy containing 1.89 pct Mg used in this 
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investigation is as follows: 1.89 pct Mg, 0.001 pct Cu, 
0.002 pct Fe, 0.001 pct Si, 0.001 pet Mn, and balance 
Al. This alloy was prepared in the form of an- 
nealed sheet 0.100 in. thick by courtesy of the 
Aluminum Co. of America Research Laboratories. 

Tensile specimens were removed by careful 
machining and were annealed in a salt bath to re- 
move the effects of machining and provide a uni- 
form controlled grain size. All of the tests reported 
here were conducted on specimens annealed for 15 
min at 350°C, giving an equiaxed mean grain 
diameter of about 0.07 mm. 

All specimens were prestrained in tension to a 
true stress of 25,000+10 psi at 78°K, employing a 
strain rate of 0.067 per min; the specimens were 
then aged for 15 min at 0°C to produce a uniformly 
constant upper yield stress at each low test temper- 
ature. 

After aging, the specimens were placed in a creep 
testing machine adapted with isothermal baths for 
testing at 78°K or 114°K. Once the specimens ac- 
quired the bath temperature, a constant stress (ac- 
curate to +5 psi) was applied and the strain-time 
curve, referred to in succeeding paragraphs as the 
delayed yielding curve, was determined with the 
aid of a rack and pinion type of extensometer sensi- 
tive to strains of +10~. 


Experimental Results 


A yield point could not be developed in high 
purity aluminum by strain-aging techniques. A 
typical yield point obtained in the strain-aged 1.89 
pct Mg alloy of aluminum is shown in Fig. 1. The 
general characteristics of this yield point are some- 
what analogous to those observed by interstitial 
locking of dislocations in body-centered-cubic lat- 
tices. Strain-aging not only caused the develop- 
ment of a yield point, but the aging also induced a 
small amount of recovery, as noted in the reported 
data. All delayed yielding tests were conducted at 
stresses below the upper yield strength. 

A typical delayed yielding curve is shown in Fig. 
2. Each delayed yielding curve exhibits three inter- 
esting stages of the process. 

Prenucleation Stage—Inasmuch as the applied 
stresses were selected to be below the upper yield 
strength, the strains obtained immediately following 
loading were essentially elastic. Only the subsequent 
plastic strains are recorded in the delayed yielding 
curves. Immediately following loading, the speci- 
men undertakes a strain-time deformation that is 
completely analogous to primary and secondary 
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Fig. 3—Logarithmic creep following delayed yielding at 78° 
and 114°K. AI-1.89 pct Mg alloy, prestrained to 25,000 psi 
at 78°, aged for 15 min at 273°, then creep tested at 78° . 
or 114°K. 
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stages of ordinary creep. The prenucleation range is 
terminated when the strain rate increases abruptly. 
As will be described more fully later, the time 
elapsed to the instant of abrupt increase in the 
strain rate is the delay time for the nucleation of 
the first Lueder’s band. 


Nucleation and Spreading of Lueder’s Bands— 
Immediately following nucleation of the first 
Lueder’s band a small constant rate is obtained, 
characteristic of the velocity of spreading of a 
Lueder’s band over the specimen as dictated by the 
material and the stress and temperature of test. The 
constant strain rate that is obtained during the 
spreading of the first Lueder’s band is readily ration- 
alized in terms of the constant velocity of the band 
front. Since no strain aging takes place at the low 
test temperatures that were employed here, the 
physical situation is always the same at the spread- 
ing band front. Consequently, the Lueder’s band 
spread with a constant velocity over the specimen, 
thereby contributing a constant strain rate. 

After a brief interval, a second abrupt increase in 
strain rate is observed. Frequently the resulting 
strain rate at this stage was observed to be twice 
the strain rate that results following nucleation of 
the first Lueder’s band. Obviously this corresponds 
to the nucleation of a second Lueder’s band. As 
additional bands nucleate, the strain rate continues 
to increase in abrupt steps until a maximum strain 
rate is reached. Thereafter the strain rate decreases 
in abrupt steps. This effect is completely rational- 
ized in terms of impingement of band fronts. 


Final Creep—Following the processes of nuclea- 
tion, spreading, and impingement of the Lueder’s 
bands, the specimen undertakes a continuously de- 
creasing creep rate in complete harmony with the 
usual case of logarithmic creep. As shown in Fig. 3, 
the creep rate for the final stage increases with the 
stress and test temperature. 

The details of the prenucleation stage of the de- 
layed yielding creep curve are shown in Fig. 4. The 
creep rates obtained over this stage are very sensi- 
tive to the applied stress. In addition the delay time 
for initiating the first Lueder’s band is stress sensi- 
tive. Over the same range of stresses, however, the 
first Lueder’s band is observed to nucleate at about 
the same value of the strain. 

These facts suggest that dislocations are released 
in favorably oriented grains by some thermal acti- 
vation processes immediately after the stress is ap- 
plied. Evidently their forward motion is arrested 
by barriers during the prenucleation stage, during 
which time the creep rate decreases monotonically. 
It is possible that the barriers are grain or subgrain 
boundaries. When the Lueder’s band nucleates, 
macroscopic straining occurs over a narrow region 
of the band. The high shear stresses cause the band 
to grow rapidly in the direction of the width of the 
specimen at an angle of about 45° to the tensile axis. 

The exact nature of the nucleation of a Lueder’s 
band cannot yet be formulated, but the observation 
that the first Lueder’s band nucleated at the same 
macroscopic strain regardless of the magnitude of 
the applied stress or the delay time suggests one 
possible explanation. Dislocations are first released 
only in the most favorably oriented grains for slip; 
the dislocation rings so produced pile up at the grain 
boundary causing high stress concentrations to be 
induced in the surrounding less favorably oriented 
grains. According to the calculations of Stroh,” the 
stress induced in the neighboring grains will depend 
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on the applied stress and the number of blocked dis- 
locations. In view of the narrow range of stresses 
employed, therefore, about the same stress concen- 
trations will be reached following almost identical 
amounts of prenucleation creep. After dislocations 
have been unlocked in several adjacent grains, a 
Lueder’s band is nucleated. 

The physical conditions of the delay time experi- 
ments reported here prohibited direct observations 
of the nucleation and spreading of individual 
Lueder’s bands. However, a number of indirect 
observations could be rationalized only in terms of 
such a hypothesis. Assuming the absence of any 
strain aging phenomenon at the test temperature, 
the observed strain rate during the spreading of the 
Lueder’s bands should, at any stage, be a simple 
integral multiple of that due to the spread of a single 
band front. As shown in the typical example in 
Fig. 2 for delayed yielding at 78°K under 25,300 psi, 
the observed strain rates are observed to be simple 
integral multiples of a minimum strain rate of about 
0.92 per min.* 


*In general, the minimum strain rates due to the movement of 
one Lueder’s band front were considered, rather than those due to 
the spreading of one band (2 fronts). This was done in order to in- 
clude cases where individual band fronts spread to regions outside 
the gage section, so that the straining due to only one front of the 
band could be measured. Thus the minimum strain rate for delayed 
yielding at 78°K under 25,300 psi, Fig. 2, was determined to be 
0.92x10-4 per min rather than 1.84x10-+ per min, the minimum ob- 
served rate, and least common denominator of all the constant rates. 


On the basis of the concept that piled up arrays 
of unlocked dislocations can induce the nucleation 
of a Lueder’s band by assisting the unlocking of 
dislocations in adjacent less favorably oriented 
grains, it should be possible to induce early nuclea- 
tion of a single Lueder’s band by the expedient 
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Fig. 5—Creep of a strain-aged specimen indented under 
load to nucleate one Lueder’s band. AI-1.89 pct Mg alloy, 
prestrained to 25,000 psi at 78°, aged for 15 min at 273°, 
then creep tested at 78°K. Stress equals 25,300 psi. 
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Fig. 6—Delayed yielding creep curves at 78°K for strain- 
aged specimens. Al-1.89 pct Mg alloy, prestrained to 25,000 
psi at 78°, then aged for 15 min at 273°K. 


technique of indenting a loaded specimen to cause 
local unlocking of dislocations. A typical example 
of the type of strain-time curve that was obtained 
by this technique is shown in Fig. 5. In the absence 
of indentation at the stress and temperature in- 
volved about 21 min would have been required to 


Table I. Strain Rates Due to the Motion of One Lueder’s Band 
Front, €,, and Times for Nucleation of the First Lueder’s Band, t 


Temperature, €,, In. per 
oK o, Psi In. Min x 104 EO Min 
Ges? 25,200 0.465 57.6 
25,250 0.685 36.0 
25,300 0.920 21.0 
25,400 1.78 14.5 
25,470 8.5 
25,550 4.81 4.83 
25,600 6.41 
25,650 — 2.6 
114° 23,450 0.260 25.0 
23,500 0.367 11.0 
23,550 0.530 
23,590 0.730 9.0 
23,600 0.807 4.75 
23,650 120 3.45 
23,700 1.81 
23,710 1.90 2.24 


nucleate the first Lueder’s band as shown in Fig. 2, 
but upon indentation only 1 min after loading, a 
single Lueder’s band formed almost immediately 
and spread, giving a constant strain rate of 1.8410" 
per min. The strain rate was twice that deduced 
from the data of Fig. 2 for the migration of a single 
band front. After 27 min, a rationally longer inter- 
val of time than that required for nucleation of the 
first Lueder’s band in an unindented specimen, the 
second Lueder’s band nucleated, giving twice the 
original strain rate. 

An application of the foregoing techniques and 
observations gave the data recorded in Table I on 
the effect of stress and temperature on the delay 
times for nucleation of the first Lueder’s band and 
on the mean strain rate due to the propagation of a 
single band front. A comparison of observed strain 
rates and those determined as multiples of the mini- 
mum rate at each stress and temperature appears in 
Table II. A complete summary of the delayed yield- 
ing creep curves obtained at 78° and 114°K in this 
investigation is shown in Figs. 6 and 7. 

When the small strains attributable to the pre- 
nucleation creep process and the final stage of 
logarithmic creep are subtracted from the total strain 
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Fig. 7—Delayed yielding creep curves at 114°K for strain- 
aged specimens. Al-1.89 pct Mg alloy, prestrained to 25,000 
psi at 78°, then aged for 15 min at 273°K. 


that was observed, the resulting curves represent 
the strains due to spreading of the Lueder’s bands. 
As shown in Fig. 8, curves obtained in this way have 
the typical S-shape, characteristic of nucleation, 
growth, and impingement processes. 

Avrami’s” statistical analysis of nucleation, 
growth, and impingement processes can readily be 
extended to account for the general shapes of such 
curves. Assume, for example, that Lueder’s bands 
nucleate at points along the length of the specimen 
and that their growth in the width direction is prac- 
tically instantaneous. After nucleation the band 
spreads in the length direction with a constant 
velocity v at each band front. Then a band that 
nucleated at time 7 will have spread over the length 


1 = 2v(t—7) at time t. Let N = dn/dt be the number 
of bands nucleating per minute per unit length of 
the unyielded specimen. The effect of the width of 
the specimen is neglected here because it is not 
pertinent to this analysis. All specimens that were 
investigated had the same width. Neglecting im- 
pingement and including all ghost nuclei that form 
in the yielded as well as the unyielded length, the 
total length of the yielded region for all potential 
nuclei is 


t t ; 

2vuN(t—7)dr 
where the subscript ex refers to the extended length 
of the yielded region in agreement with Avrami’s 


terminology. The actual length of the specimen L 
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Fig. 8—Smoothed delayed yielding curve. AI-1.89 pct Mg 
alloy, prestrained to 25,000 psi at 78°, aged for 15 min at 
273°, then creep tested at 78°K. Stress equals 25,300 psi. 
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Fig. 9—Nucleation rate of Lueder’s bands as a function of 
time for the several stresses at 78°K 


that has yielded is somewhat less than L., because 
the ghost nuclei in the transformed regions never 
mature, and the spreading of the bands is arrested 
when they impinge upon one another. The incre- 
ment of the actual spreading of the yielded portion 
to the increment of spreading of the extended 
length, however, is proportional to the unyielded 
fraction of the length. Therefore 


dL = JG; 
6h 1 


or, upon integration 


Deg -2v —r)dr 
L=1—e “=1—e 
The total strain observed when the Lueder’s bands 
have traversed the entire gage section is a constant, 
€, independent of the applied stress. Therefore 


Gly = 1 — [1] 


If N were constant, the above equation could 
readily be integrated and the yield strain would 
have been given by 


[2] 
Analyses of a few examples, however, revealed 


that N was not constant but, as might have been 
expected, increased with time at least over the 
earlier stages of the yielding process. A simple 


measure of the way the average value of N varies 
with the time can be obtained by differentiating 
Eq. 1 twice with respect to t, giving 
it (€ [3] 
2v dt? 

The above application of Avrami’s analysis for 
nucleation growth and impingement processes to the 
problem of the formation and spreading of Lueder’s 
bands is, of course, predicated on a statistical basis. 
Actually only relatively few bands nucleated, and 
therefore the accuracy of the analysis suffers. Un- 
doubtedly the analysis would have been much bet- 
ter if larger specimens had been tested. Further- 
more, accuracy was lost in the double differentiation 


“required by Eq. 3 to find N. Consequently, the data 
were not believed reliable beyond the strain 
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Table Il. Comparison of Measured Strain Rates Due to Lueder’s 
Band Growth, and Rates Determined from the Calculated Strain 
Rate Produced by the Movement of One Band Front, ¢€, (Strain 


Rates x 10°) 
nN, 
No. of 
€,, In. per Band 
o, Psi In. Min €observed €calculated Fronts 
25,200 0.465 0.917 0.930 2 
3.12 3.72 8 
4.65 4.65 10 
2.73 2.79 6 
25,250 0.685 1.38 RSi/ 2 
4.28 4.11 6 
5.49 5.48 8 
7.54 7.54 
5.49 5.48 8 
2.71 2.74 4 
25,300 0.920 1.80 1.84 2 
5.54 5.52 6 
9.19 9.20 10 
7.35 8 
5.45 5.52 6 
25,400 1.78 3.56 3.56 2 
18.3 17.8 10 
12.0 1225) 
25,470 Zao 19.4 19.3 7 
30.2 30.2 1 
15.6 16.5 6 
8.2 8.25 3 
25,550 4.81 4.16 4.81 1 
13.4 14.4 3 
28.9 6 
48.1 48.1 10 
14.3 14.4 3 
25,600 6.41 11.5 12.8 2 
70.9 70.6 11 
31.0 32.0 5 
19.1 19.2 3 
114°K 
23,450 0.260 0.796 0.781 3 
1.54 1.56 6 
1.82 1.82 7 
1.52 1.56 6 
0.57 0.52 2 
23,500 0.367 0.65 0.73 2 
4.00 4.04 11 
5.48 5.50 abe) 
5.88 sy 16 
2.24 2.20 6 
23,550 0.530 0.90 1.06 
4.70 4.77 9 
8.48 8.49 16 
5.50 5.30 10 
3.75 
23,590 0.730 0.70 0.73 1 
1.83 1.46 2 
3.65 
7.30 10 
10.93 10.95 15 
5.86 5.84 8 
23,600 0.807 1.68 1.61 2 
9.64 9.69 12 
12.90 12.90 16 
5.50 5.65 uf 
23,650 1.20 19.28 19.20 16 
14.75 14.40 i) 
8.80 8.40 
3.64 3.60 33 
23,700 1.81 1.44 1.81 1 
3.77 3.62 2 
7.50 7.25 4 
21.9 21.9 12 
18.02 18.10 10 
14.50 14.50 8 
7.25 7.25 4 
23,710 1.90 4.00 3.80 2 
16.9 9 
22.9 22.8 12 
30.0 30.4 16 
26.8 26.6 14 
14.1 13.3 7 


achieved after about 50 pct of the specimen had 


yielded. The values of N obtained from smoothed 
delayed yielding curves corrected for prenucleation 
creep and terminal logarithmic creep are given in 


Fig. 9. Undoubtedly the fact that N increases very 
rapidly with time for a given stress accounts for the 
reproducible value of the delay time for the nuclea- 
tion of the first Lueder’s band. Also, the data reveal 


that N increases extremely rapidly with stress. 


Discussion 


In order to compare the data observed here with 
Fisher’s analysis for the delay time for unleashing 
Cottrell locked dislocations as given in the intro- 
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duction, the logarithm of the time for the forma- 
tion of the first Lueder’s band, 7, was plotted as a 
function of the reciprocal of the applied stress, as 
shown in Fig. 10. These data reveal that 


[4] 


where a is, within the scatter of the data, a constant 
independent of the temperature, and 4(T) is some 
function of the test temperature. In contrast, 
Fisher’s analysis would have demanded that (T) 
be a temperature independent constant, and that a 
vary as the reciprocal of the absolute temperature. 
Although, as expected, the data reported here ex- 
hibit some random scatter,j it is nevertheless im- 


7 It was noted in general that specimens exhibiting longer delay 
times also nucleated fewer bands, indicating that some sampling dif- 
ferences did exist. 


possible to bring them into coincidence with Fisher’s 
analysis. Consequently, Fisher’s analysis for un- 
leashing interstitially locked dislocations does not 
apply to the process of nucleation of Lueder’s bands 
in strain-aged substitutional alloys. 

Making the reasonable assumption that the un- 
locking of dislocations is facilitated by some process 
involving thermal activation, (T) might be re- 

AH 
placed by ce”, where AH is the activation energy, 
T is the absolute temperature, and c is a constant. 
AH, a 


[5] 


where a, = 4.38X10° psi, and AH, = 6,800 cal per 
mol. The separation of the stress and temperature 
terms of Eq. 4 is somewhat unexpected, and no ra- 
tionalization of this fact has been attempted. How- 
ever, it is significant to recall that a similar separa- 
tion of the stress and temperature terms occurs for 
both high and low temperature creep.” 

The data recorded here suggest that it is unlikely 
that any analysis of delayed yielding based solely on 
the unlocking of dislocations can completely ac- 
count for all of the facts, inasmuch as such theories 
neglect the significant initial period of creep during 
the prenucleation stage of the process. For example, 
earlier in this report the suggestion was made that 
the process of nucleating a Lueder’s band involves 
the pile up of arrays of dislocations at the boundary 
of a favorably oriented grain, resulting in stress 
concentrations that are sufficiently great to cause 
unlocking of dislocations in adjacent grains. Un- 
doubtedly this is the mechanism for the migration 
of a Lueder’s band front. If these processes of 
nucleation and migration are truly the same, they 
should obey the same stress and temperature laws. 

In Fig. 11 the logarithm of the strain rate due to 
the propagation of a single Lueder’s band front is 
plotted as a function of the reciprocal of the stress. 
These data are highly consistent, since they are not 
sensitive to the statistical scatter prevalent in the 
delay time for the formation of the first Lueder’s 
band. These data reveal that 


[6] 


where a, = 4.31x10° psi, and AH, = 6,000 cal per mol. 
The values of a, and AH, agree extremely well with 
those of a, and AH,, revealing that the nucleation and 
the propagation of Lueder’s bands are due to the 
same process. 

The question of whether the nucleation, spread- 
ing, and impingement of Lueder’s bands can be an- 
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alyzed by Avrami’s generalized treatment for nucle- 
ation and growth processes can also be verified. 


Since N increases very rapidly with time, it is ex- 
pected that the time of formation of the first 
Lueder’s band should coincide well with the time 


for N to reach a value of about 1 per min. The circu- 
lar experimental points recorded in Fig. 12 corres- 


pond to the times for which N = 1 band per min, as 
taken from the data of Fig. 9. The square experi- 
mental points of Fig. 12 correspond to the experi- 
mentally determined delay times, 7,, for the nuclea- 
tion of the first Lueder’s band. Thus it appears that 
the nucleation and spreading of Lueder’s bands can 
be treated in a classical way. 


Conclusions 

1) Delayed yielding can be induced to occur in 
strain-aged substitutional face-centered-cubic al- 
loys. 

2) Such delayed yielding does not agree with 
the Fisher analysis for delayed yielding due to in- 
terstitially locked dislocations. 

3) Delayed yielding occurs in three stages: pre- 
nucleation creep; nucleation, spreading, and im- 
pingement of Lueder’s bands; and terminal logar- 
ithmic creep. 

4) The stress and temperature laws for the 
nucleation of Lueder’s bands coincide with the laws 
for the propagation of the bands. Thus both proc- 
esses have the same basic mechanism. 
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Effect of Hydrogen on Alpha Titanium Alloys 


The effect of up to 200 ppm hydrogen on the microstructure and mechanical prop- 
erties of high-purity titanium containing oxygen, nitrogen, tin, and aluminum was in- 
vestigated. Increasing the hydrogen content resulted in precipitation of a hydride 
phase and decreased the notch-bend impact strength of the alloys containing oxygen, 
nitrogen, and tin, similar to the hydrogen embrittlement of unalloyed high-purity ti- 


tanium. 
found with up to 180 ppm hydrogen. 


No hydride precipitation or significant embrittlement of the Ti-5Al alloy was 


by G. A. Lenning, J. W. Spretnak, and R. |. Jaffee 


WO types of hydrogen embrittlement had been 
previously for titanium-rich mate- 
rials.°* The predominance of one or the other type 
of embrittlement had been shown to be governed by 
material composition. Unalloyed a titanium is most 
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severely hydrogen embrittled at impact speeds and 
in the presence of a notch. This embrittlement is 
produced by the brittle hydride phase. The second 
type of embrittlement has been observed only in 
titanium alloys containing both a and £ phases. 
This latter embrittlement becomes most severe at 
slow testing speeds. The microstructures of the a-B 
alloys embrittled by hydrogen at low strain rates do 
not usually contain a visible third phase. 

The object of this investigation was to determine 
the effect of hydrogen on the mechanical properties 
of a titanium with representative interstitial and 
substitutional solutes. Some data were obtained 
prior to the present work on the effect of hydrogen 
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Fig. 1—Microstructure of a Ti-0.2N alloy with 205 ppm 
hydrogen in the slow-cooled condition. X100. Reduced ap- 
proximately 20 pct for reproduction. 


on a alloys containing 0.06 and 0.18 pct nitrogen and 
a Ti-2.55Al alloy,* which indicated that 130 ppm 
hydrogen had little effect on room-temperature 
tensile properties but caused a marked decrease in 
room-temperature notch toughness. This decrease 
in notch toughness was associated with the appear- 
ance of hydride phase in the microstructure of the 
alloys. 


Experimental Procedure 


The alloys for this investigation were prepared 
with high-purity iodide-refined titanium.t No 
chemical analyses are available. The alloys in- 
vestigated and Bhn for the arc-melted ingots are 
given in Table I. 


Table |. Bhn of Alloys Used 


Bhn 
Ingot Alloy Addition, 
No Wt Pct Top Bottom 

- 0.20 180 180 
C-30 0.2N 210 215 
C-32 10Sn 176 182 
C-33 5Al 207 217 
C-31 5A] plus 0.20 267 272 


The metallic alloying additions were made in the 
conventional manner. The oxygen and nitrogen 
additions were made directly to the titanium melt- 
ing stock in a Sieverts absorption apparatus. With 
this method, a measured volume of the gas is ad- 
mitted to the hot metal in an evacuated quartz 
glass reaction chamber. This method of adding 
gases permits close control of composition and pro- 
motes homogeneity in the alloy. Chemical analysis 
showed 0.21 wt pct nitrogen in ingot No. 30, which 
was in good agreement with the intended addition. 
The %-lb ingots were inert-electrode melted in a 
water-cooled copper crucible, using double inver- 
sion melting to ensure homogeneity. The inver- 
sion method may be applied only to small ingots 
and consists of inverting and remelting the con- 
solidated ingot in a conical-shaped water-cooled 
crucible a number of times. The inversion melting 
obviates the necessity for machining chips or roll- 
ing to sheet and shearing for remelting. Radio- 
graphs were used to insure homogeneity for the 
metallic additions. 
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Fabrication of the ingots was by hot forging to 
Y%-in. diam at 1800°F. The scale was then removed 
by grinding, and the ingots were annealed in vac- 
uum at 800°C for 6 hr to remove hydrogen. Follow- 
ing this, the rods were hot swaged to %4-in. diam at 
1600°F, and mechanical test specimens were ma- 
chined. The hydrogenation treatments and final 
heat treatments in vacuum for the low hydrogen 
material were at 820°C for % hr, furnace cooled to 
680°C, and held 1 hr, followed by rapid cooling in 
vacuum. The Sieverts absorption apparatus used 
for this work has been described previously.’ 

The hydrogen levels intended for investigation 
were 10, 50, 100, and 200 ppm. These levels were 
chosen to cover the range in which hydrogen had 
the most marked effect on notch toughness for 
unalloyed titanium. 

The mechanical tests performed were unnotched 
and notched tensile tests at room temperature, and 
notch-bend impact tests at —196°, —40°, room tem- 
perature, and 100°C. The unnotched tensile data 
were obtained with a 2%-in. long specimen having 
a reduced section % in. in diam and % in. long. 
This specimen is a geometrical reduction of the 
2-in. gage length standard ASM specimen. Com- 
plete dimensions for the subsize specimen are given 
on p. 88 of the Metals Handbook, 1948. Conven- 
tional SR-4 resistance-type strain gages were used 
over the elastic range. Tensile tests were made 
with a Baldwin-Southwark-Tate-Emery hydraulic 
machine, using a crosshead speed of 0.005 ipm. 
The notched tensile specimen was 1% in. long with 
a 0.225-in. diam reduced section. A circumferential 
V-notch was provided in the center of the reduced 
section. This notch had a 60° included angle and a 
root radius of 0.005 in. The diameter at the base 
of the notch was 0.150 in. 

The design of the notch-bend impact specimen 
used was based on the cylindrical Izod Type Y 
specimen (ASTM E 23-41T). All dimensions were 
reduced to half scale including the notch radius. 
Specifications for this specimen have been shown 
previously.* This specimen was supported vertically 
and broken as a cantilever beam in a Tinius Olsen 
testing machine with a total available energy of 
200 in.-lb. The velocity of the striker for this ma- 
chine is 11.3 fps. 

The cost of the high-purity titanium restricted 
to one the number of tensile and notch-bend impact 
specimens for each test condition. The reproduci- 
bility obtained with the unnotched tensile and 


Fig. 2—Microstructure of the vacuum-annealed Ti-10Sn alloy. ~ 
X250. Reduced approximately 20 pct for reproduction. 
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notch-bend impact specimens had been repeatedly 
checked prior to this investigation and was shown 
to be quite satisfactory.’* The notched tensile speci- 
men has also been used for a number of investiga- 
tions, although the results have not been published. 


Results 


Microstructures—Metallographic examination at 
all four hydrogen levels was made for each of the 
alloys. The specimens were mounted in a cold- 
setting plastic called Epon. After the mounts had 
become solid, they were wet ground on metal- 
lographic papers through X600. The etch-polishing 
solution and the final etchant consisted of 3 pct 
nitric acid plus 1.5 pet hydrofluoric acid (by volume) 
in water. Polishing was on wool felt, using alu- 
minum oxide as the abrasive. All specimens were 
examined immediately after polishing and etching. 
Table II shows the phases observed. 

The general distribution of the hydride phase for 
the oxygen and nitrogen-containing materials was 
quite similar to that in unalloyed high-purity tita- 
nium, as shown in Fig. 1. The amount of hydride 
phase observed at the various hydrogen levels did 
not indicate a change in the a solubility as a result 
of either the oxygen or nitrogen addition. 

The microstructure of the vacuum-annealed Ti- 
10Sn alloy is shown in Fig. 2. Because of the tend- 
ency of this alloy to stain during etching, it was 
etched with a special etchant containing 30 cu cm 
lactic acid, 30 cu cm HNO,, and 2 cu cm HF, which 
reduces staining. No hydride was apparent in the 
vacuum-annealed or 50-ppm specimens. The identity 
of small amounts of globular material in the grain 
boundaries of the vacuum-annealed specimen in 
Fig. 2 is unknown, but is thought not to be asso- 
ciated with hydrogen. The large amount of plate- 
like hydride in the specimen containing 195 ppm 
hydrogen is readily apparent in Fig. 3. 


Table II. Phases Present in Alloys 


Hydrogen Content, Ppm* 


Vacuum 


Alloy Annealed 50 100 200 
Ti-0.20 A A+H A+H A+H 
Ti-0.2N A A+H -A+H A+H 
Ti-10Sn A A A+H A+t+H 
Ti-5Al A A A A 
Ti-5A1-0.20 A A A A 


* A indicates a; H indicates definite appearance of a hydrogen- 
rich phase identified metallographically as titanium hydride. 


No second phase was observed in the microstruc- 
ture of the Ti-5Al alloy with up to 180 ppm hydro- 
gen, or in the Ti-5A1-0.20 alloy with up to 190 ppm 
hydrogen. 

Mechanical Properties—Unnotched and notched 
tensile properties obtained at the four hydrogen 
levels for each of the alloys are given in Table III. 
Notch-bend impact strengths are given in Fig. 4. 
Unnotched tensile strength and ductility values for 
the Ti-0.20 and Ti-0.2N alloys were relatively 
unaffected by hydrogen. However, the notch-bend 
impact strengths of these alloys were significantly 
decreased with 50 ppm hydrogen at room tempera- 
ture and below. At the 100°C testing temperature, 
the hydrogen embrittlement was not so pronounced, 
but the almost progressive decrease in impact 
strength with increasing hydrogen at 100°C indi- 
cated that the ductile-to-brittle transition tempera- 


TRANSACTIONS AIME 


Fig. 3—RMicrostructure of specimen containing 195 ppm 
hydrogen. X250. Reduced approximately 20 pct for repro- 
duction. 


ture was raised. Notched tensile reduction in area 
was decreased from the order of 18 pct to about 
10 pet with 200 ppm hydrogen, which indicated an 
increase in notch sensitivity with hydrogen. This 
increase in notch sensitivity was not sufficient to 
lower tensile strength, however. 

The strength, ductility, and notch toughness for 
the hydrogen-free Ti-10Sn, Ti-5Al, and Ti-5A1-0.2 
O alloys are in good agreement with the results of 
previous investigations. As might be expected, the 
notch-bend impact data show the greatest effect of 
hydrogen. However, the results are somewhat dif- 
ferent from those obtained for the oxygen and 
nitrogen alloys. 

The data for the Ti-10Sn alloy showed a loss of 
toughness at the 100 and 200-ppm hydrogen levels. 
The lack of embrittlement at the 50-ppm level was 
consistent with the microstructures. The ductile-to- 
brittle transition temperature at 100 ppm hydrogen 
occurred over a rather broad temperature range, 
as indicated by the 11, 22, and 41 in.-lb energies 
obtained at temperatures of —40°, 25°, and 100°C, 
respectively. Notched tensile strength and ductility 
showed a relative insensitivity to hydrogen, as might 
be expected from the notch-bend impact data. 

The Ti-5Al alloy was not significantly affected 
by hydrogen up to 180 ppm as might be expected 
from the microstructure. Both the unnotched and 
notched tensile strengths showed an increase of ap- 
proximately 16,000 psi, which would indicate that 
hydrogen in solid solution in the a phase is a mild 
strengthener. This solid solution strengthening by 
hydrogen did not decrease tensile ductility or notch 
toughness significantly, however. 

The addition of 0.2 pct oxygen to the Ti-5Al1 alloy 
increased the tensile strength and lowered notch 
toughness. The ductile-to-brittle transition in notch- 
bend impact was raised from below —196°C to be- 
tween —196° and —40°C by the oxygen. At 100°C 
and room temperature, hydrogen had little effect on 
notch-bend impact energy absorption. However, the 
decrease in energy with hydrogen at —40°C would 
indicate that hydrogen in solid solution raised the 
transition temperature. 

Hydrogen Solubility—The temperature-solubility 
relation for hydride in a titanium was determined 
for the oxygen, nitrogen, tin, and aluminum alloys. 
The determination was based on the microscopic 
distribution of hydride in solution-annealed and 
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Table III. Unnotched and Notched Tensile Properties 


Unnotched Tensile Properties 


Notched Tensile Properties 


Hydrogen 
Content Reduction 0.2 Pct Offset Tensile Reduction Tensile 
in Area, Elonga- Yield Strength, in Area, Strength, 
Ppm Atomic Pct Pct tion, Pct Strength, Psi Psi Pet Psi 

Ti-0.20 Alloy 

10* 0.05 57 34 67,000 80,000 19 124,000 

50 0.24 58 33 68,000 79,000 15 125,000 

100 0.47 57 41 67,000 80,000 13 124,000 

190 0.90 44 21+ 66,000 80,000 11 124,000 
Ti-0.2N Alloy 

10* 0.05 44 28 87,000 95,000 7. 148,000 

55 0.26 Ey 32 87,000 96,000 10 152,000 

95 0.45 54 32 88,000 96,000 11 147,000 

205 0.96 42 367 85,000 94,000 9 148,000 
Ti-10Sn Alloy 

10* 0.05 64 12t 62,000 75,000 21 123,000 

50 0.24 53 22 67,000 78,000 22 128,000 

100 0.47 62 24 73,000 81,000 21 131,000 

195 0.91 58 24 70,000 79,000 15 133,000 
Ti-5Al Alloy 

10* 0.05 41 127 — 95,000 18 143,000 

50 0.24 44 26 85,000 98,000 21 151,000 

95 0.45 49 22 91,000 101,000 25 154,000 

180 0.90 49 18 — 111,000 19 159,000 

Ti-5Al1-0.20 Alloy 

10* 0.05 46 14+ 106,000 118,000 12 186,000 

50 0.24 45 26. ue 122/000 12 189,000 

95 0.45 48 22 —_— 124,000 13 191,000 

190 0.90 40 30 — 127,000 1S 198,000 


* Vacuum-fusion analyses, tolerance +10 relative pct of reported value. 


+ Specimen fractured in gage mark. 
+ Specimen fractured outside of gage length. 


quenched samples. For the oxygen, tin, and alu- 
minum alloys, sufficient material was available to 
hydrogenate to levels higher than 200 ppm. The 
additional levels are shown in Table IV. 

The thermal treatments for the oxygen, nitrogen, 
and tin alloys consisted of air annealing for 64 hr 
at 400°C, furnace cooling to the temperature of 
interest, holding at this temperature for 20 hr, and 
water quenching. The quenching temperatures were 
25°C apart over the range of interest. The 20 hr 
was sufficient time to permit agglomeration of the 
hydride, if the temperature was below the limit of 
solubility of hydrogen. Heat-treatment times for 
the aluminum alloy at temperatures above 600°C 
were for % hr. This shorter time was used to mini- 
mize possible hydrogen loss in the higher tempera- 
ture range of interest for this material. All alloys 
were checked for loss of hydrogen at the highest 


annealing temperature. The method used was to 
compare the amount of hydride phase in annealed 
and slow-cooled condition vs the as-hydrogenated 
condition. No loss of hydrogen could be detected 
except where noted in the Discussion. 

The solubility relations determined are shown in 
Fig. 5. The relations for the oxygen, nitrogen, and 
tin-containing materials are at the left of the figure. 
The data points have been omitted on this drawing 
for clarity, and the solubility relation for unalloyed 
high-purity titanium’ has been included for com- 
parison. The oxygen, nitrogen, and tin additions did 
not change the general shape of the curves, but did 
act to increase the hydrogen solubility of the a phase 
at a given temperature above 75°C. 

The solubility relation for the Ti-5Al alloy is 
considerably different from that for the other mate- 
rials. At 310 and 390 ppm hydrogen, the aluminum 
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alloy contained hydride phase which placed the 
room-temperature solubility between 180 and 310 
ppm. As shown in the micrograph in Fig. 6, this 
hydride was predominantly intergranular. There 
was no indication that the hydride phase at 310 and 
390 ppm had dissolved even after annealing at 
900°C. A decrease in the amount of hydride phase 
was observed after quenching from 925°C. This 
decrease was apparently the result of a loss of 
hydrogen on annealing, since specimens slowly 
cooled from 925°C also showed a decrease in the 
amount of hydride. The microstructure of the 570- 
ppm material quenched from 900°C and the 1100- 
ppm material quenched from 875° and 900°C showed 


Table IV. Hydrogen Levels of Alloy Specimens 


Alloy Hydrogen Levels, Ppm* 
Ti-0.20 720, 1200 
Ti-10Sn 600, 1090 
Ti-5Al 570, 1100 
Ti-5A1-0.207 310, 390 


* Only smail metallographic samples were prepared. 
+ Insufficient Ti-5Al alloy remained for these levels, so that the 
oxygen-containing materials had to be used. 


evidence of transformed £6 phase at the crystal 
boundaries. This transformed £8 structure is illus- 
trated in Fig. 7 for the 1100-ppm material quenched 
from 900°C. A decrease in the amount of hydride 
phase was apparent following the heat treatment, 
as indicated by comparison with the as-hydrogenated 
condition in Fig. 8. This decrease was apparently 
the result of a solubility increase, since a sample 
slowly cooled after the same heat treatment showed 
as much hydride as for the hydrogenated condition. 


Discussion 
The recent work of Rosi and Perkins’ on the effect 
of temperature on the deformation mechanisms in 
coarse-grained a titanium provides useful informa- 
tion for rationalizing the embrittlement resulting 
from the hydride phase. Rosi and Perkins observed 


that the (1010) <1120> slip system is predominant 
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Fig. 6—Microstructure of a Ti-5AI-0.20 alloy with 310 
ppm hydrogen in the slow-cooled condition. X250. Reduced 
approximately 20 pct for reproduction. 


Fig. 7—Microstructure of a Ti-5Al alloy with 1100 ppm hy- 
drogen as water quenched from 900°C. X500. Reduced ap- 
proximately 20 pct for reproduction. 
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Fig. 8—Microstructure of a Ti-5Al alloy with 1100 ppm hy- 
drogen as slow cooled from 680°C. X250. Reduced approxi- 
mately 20 pct for reproduction. 


at temperatures in the range from —196° to 500°C. 
Two additional slip systems, the (0001) <1120> and 


(1011) <1120>, become active at the 20° and 500°C 
temperatures. The amount of twinning is increased 
as the temperature of deformation is decreased. At 
all temperatures, the twinning planes are of the 
pyramidal type. Some of the metal used by Rosi 
and Perkins contained a Widmanstatten distribution 
of hydride phase. The habit plane observed for this 
hydride was the (1010) prism-type plane. 

The crystallographic relations between the habit 
plane of the hydride and the slip and twinning 
planes suggest that hydride might have a pronounced 
effect on either slip or twinning or both. Additional 
work on single crystal and polycrystalline materials 
is needed to establish definitely which, if either, of 
the two deformation mechanisms is most affected by 
the hydride phase. The observation that hydride 
embrittlement becomes most severe below 100°C 
compared with the observed increase in the amount 
of twinning deformation in this temperature range 
suggests that the effect of the hydride on twinning 
may be more significant than for slip. 

A comparison of the effect of aluminum on the 
hydrogen solubility of a titanium and the effect of 
aluminum on the X-ray lattice parameters of the 
a phase is in agreement with the observations of 
Speiser, Spretnak, and Taylor® for interstitial solid 
solutions. These authors demonstrated that the 
solubility of the interstitials carbon, oxygen, and 
nitrogen in metals was not predominantly governed 
by the size of the interstices in the metallic lattice. 
The normal, covalent atomic radius for hydrogen, 
approximately 0.30A,’ would indicate that this atom 
could be accommodated in the tetrahedral interstice 
of unalloyed a titanium. The tetrahedral interstice 
size at 125°C can be calculated from the data on 
the change in lattice parameters with temperature 
reported by McHargue and Hammond.* This inter- 
stice size is found to be approximately 0.337 kX. 
Aluminum added to a titanium decreases the inter- 
stice size at room temperature to approximately 
0.330 kX, so that the solubility increase at room 
temperature does not relate to an increase in inter- 
stice size. 

Although the solubility of hydrogen at room tem- 
perature has increased from about 20 to about 200 
ppm when 5 pct aluminum is present, the maximum 
solubility has decreased from about 2000 ppm to 
about 200 ppm. The insensitivity of the hydrogen 
solubility of the Ti-5A1 alloy with temperature shows 
that the heat of solution of hydrogen has decreased 
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considerably. This suggests strongly that the nature 
of the interstitial solid solution has been changed 
markedly by the presence of 5 pct aluminum. Since 
it has been shown previously that the hydrogen 
solubility of a Ti-2.5A1 alloy is not appreciably dif- 
ferent from that of titanium,’ it appears that the 
change in the hydrogen solution occurs within this 
aluminum range. It has been shown that the 
strengthening effect of aluminum and the c/a ratio 
also show an increase between 2.5 and 5 pct alu- 
minum.’ Thus, it is apparent that titanium a solid 
solutions with 5 pct and higher aluminum content 
have a number of unusual properties, only one of 
which is the markedly altered hydrogen-solubility 
relationship. 


Conclusions and Summary 

1) Hydrogen in titanium containing 0.2 pct 
oxygen or 0.2 pct nitrogen had a similar effect on 
notch-bend impact toughness as for unalloyed tita- 
nium. The embrittling effects of oxygen with hydro- 
gen and nitrogen with hydrogen are additive. 

2) The addition of 10 pct tin increases the 
hydrogen solubility of a titanium to between 50 and 
100 ppm. This increase in solubility decreases the 
sensitivity of the alloy to hydrogen embrittlement. 

3) The addition of 5 pct aluminum increases the 
room temperature hydrogen-solubility limit in a 
titanium to greater than 180 ppm. This increase in 
hydrogen solubility decreases the sensitivity of the 
alloy to hydrogen embrittlement down to testing 
temperatures as low as —196°C. 

4) Hydrogen in solid solution in both the Ti- 
5Al and the Ti-5Al1-0.20 alloys increased the 
strength properties mildly but did not decrease 
ductility or toughness significantly. 

5) The general features of the low temperature 
solubility limit for the hydride were not affected 
appreciably by the addition of either 0.2 pct oxygen, 
0.2 pet nitrogen, or 10 pct tin. However, a significant 
change in the solubility relation resulted from the 
5 pet aluminum addition. 
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Some Observations on the Structure of 


Grain Boundary Fracture Surfaces 


A 20 pct Zn-Al alloy fractured in an intercrystalline manner both in creep 
tests at 500°F and tensile tests at room temperature. The fracture surfaces were 
studied both by microscopy and X-rays. The intercrystalline fracture surfaces are 
not smooth but are made up of fracture facets. These fracture structures are de- 
pendent on the orientation of the grain boundary with respect to the tension axis 
and are also influenced by the proximity of other grain boundaries. A layer of mate- 
rial, either heavily cold worked or recrystallized, was invariably created in regions 
immediately adjacent to the fracture surface. A mechanism for the occurrence of 


these surface structures is proposed. 


by H. C. Chang and Nicholas J. Grant 


RANSCRYSTALLINE fracture surfaces of the 

cleavage type have been examined by micro- 
scopy and X-rays for several metals.* These in- 
vestigations revealed that the fractured surfaces 
were not flat and invariably had cleavage and other 
deformation markings on them. 

On the other hand, the study of intercrystalline 
fracture surfaces has been limited. Perryman, in a 
recently published paper on the intercrystalline 
fracture of 6-brasses,’ found that a thin layer of 
heavily deformed metal was invariably associated 
with these surfaces. Furthermore, the thickness of 
this layer was found to depend on the orientation of 
the grain boundary surface with respect to the ap- 
plied stress. 

The mechanisms of grain boundary sliding and 
intercrystalline fracture have been presented in two 
previous papers,” ° which described certain aspects 
of the deformation of a 20 pct Zn-Al alloy. It is the 
purpose of this paper to present some observations 
on the structure of intercrystalline fracture surfaces 
and to correlate the structure of such surfaces with 
the mechanism of intercrystalline fracture. 

Experimental Techniques—The high purity 20 pct 
Zn-Al alloy was generously supplied by the Re- 
search Laboratories of the Aluminum Co. of Amer- 
ica. Two sizes of specimen were used; the first had 
two parallel flat surfaces of dimensions 1x0.17x0.09 
in. and the second was round with a 0.25 in. diam. 

A grain diameter of 1 to 3 mm was obtained by 
annealing the specimens at 1000°F for 24 hr. The 
specimens were then air cooled. 

The specimens were subjected to creep at 500°F 
and 2300 psi. The rupture times ranged from % to 
3 hr, with one room temperature tensile test. 


H. C. CHANG, Associate Member AiME, formerly on the Re- 
search Staff, Massachusetts Institute of Technology, has returned 
to China. N. J. GRANT, Member AIME, is Associate Professor of 
Metallurgy, Massachusetts Institute of Technology, Cambridge, 

Mass. 

’ - TP 4312E. Manuscript, Sept. 29, 1955. Cleveland Meeting, Octo- 
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Intercry stalline B 
Fracture 
Surfaces 


Plane View 


End View of Fractured Surfaces 


Fig. 1—Views of a fractured specimen tested in creep at 
500°F. Points indicate locations where back reflection Laue 
photograms were taken. 


It has been mentioned previously’ that the inter- 
crystalline fracture surfaces of this alloy, when 
tested under the conditions given above, are sharply 
defined. In the optical examination of the fracture 
surfaces, whenever possible, magnifications of at 
least X250 were used. The locations of the regions 
examined, both optically and by X-rays, were 
selected to give several fracture surface orientations 
with respect to the stress axis and to the specimen 
surfaces. This was possible for the X-ray studies 
since the grain diameters were large compared to 
the X-ray beam. A film to specimen distance of 3 
cm, a 1 mm pinhole and Cr radiation were used for 
the Laue back reflection pictures. 
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Fig. 2—Unpolished fracture surface in region corresponding 
to positions 1 and 2, Fig. 1. Vertical direction of fracto- 
graph corresponds to width direction of specimen. Fracture 
structure at edge of specimen (bottom) is fine and becomes 
coarser as it proceeds into the grain. The two horizontal 
marks are scratches. X150. Reduced approximately 30 pct 
for reproduction. 


Fig. 3—Higher magnification of the lower portion of Fig. 2. 
Note cell structure. The blurred areas at the top ore 
scratches. X500. Reduced approximately 30 pct for repro- 
duction. 


Fig. 4—Higher magnification of the top portion of Fig. 2. 
Note the coarser cell structure and the deformation mark- 
ings on both the cell surfaces and the boundaries of these 


cells. X500. Reduced approximately 30 pct for reproduction. 
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Fracture Surfaces of Nearly Horizontal Boundaries 
—The fracture surfaces of six specimens were ex- 
amined extensively. However, the detailed results 
from only one of the specimens will be described; 
these results may be considered to be typical of all 
the results that were obtained from the above types 
of boundaries. 

Fig. 1 is a schematic drawing of the two portions 
of a specimen after fracture. Fracture occurred after 
30 min with an elongation of about 14 pct at 500°F. 
The numbered points in Fig. 1 indicate the positions 
where photomicrographs and Laue back reflection 
photograms were taken. In this specimen the sur- 
face of fracture contained an almost horizontal grain 
boundary surface, which occupied the whole thick- 
ness and approximately two thirds of the width of 
the specimen. The specimen started to fracture 
along the boundary between grains A and B, at 
position 1, and proceeded toward 4. The fracture in 
region 4, the polycrystalline area, was a mixed one, 
i.e., it was both inter and transcrystalline. The 
polycrystalline region (left edge, in plane view, 
Fig. 1) elongated extensively, hence, the fracture in 
this region narrowed, practically to a knife-edge. 


Metallographic Observations—Fig. 2 is a photo- 
micrograph (fractograph) of a region approxi- 
mately covered by locations 1 and 2 (Fig. 1) on the 
fracture surface. The vertical direction corresponds 
to the width of the specimen moving toward region 
2. It will be seen that a finer structure at the bottom 
of Fig. 2 (i.e., close to the specimen edge) becomes 
coarser toward the top of the fractograph. 

An intercrystalline fracture surface would be ex- 
pected to be quite smooth if the fracture occurred 
exactly along a grain boundary surface. The fracto- 
graphs in Figs. 3 and 4, of regions 1 and 2, respec- 
tively, show, however, that the fracture surface con- 
sists of small cells, or facets, at a series of levels. 
These cells are bounded by dark narrow bands 
which appear to be almost parallel to each other. 
The cells were smaller in regions close to the edge 
of the specimen (Fig. 3) and became progressively 
larger toward the interior of the grain (Fig. 4). The 
difference in level of the fracture facets is also 
greater in Fig. 4. 

The markings in the various white areas are, in 
general, parallel, although they are irregular in 
some regions, particularly near the cell limits. 
Where the structure can be resolved in depth, it 
will be noted that cells have definite height. Fur- 
thermore, the cells appear to follow a definite geo- 
metry. 

The fractographs taken of regions 9 and 10, i.e., 
on the other half of the fractured boundary surface, 
were similar to those shown in Figs. 2, 3, and 4, and 
therefore are not presented here. 

It should be pointed out that the dark valleys be- 
tween cells have rather flat troughs and these could 
also be focused. The appearance of the troughs is 
similar to that of the plateaus, i.e, marks were 
found on these surfaces resembling those in Figs. 3 
and 4. On this basis, it was noted that the cells ob- 
served at regions 9 and 10 were coarser and deeper 
than those in the other half at points 1 and 2. 


X-Ray Observations—Table I summarizes all the 
X-ray observations. There was a continuous change 
of structure across the fracture surface from region 
1 to 3. Photograms taken across this width (position 
1, Fig. 5; position 2, see Table I; position 3, Fig. 6) 
all showed the Laue spots of grain A superimposed 
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Fig. 5—Laue back reflection photogram at position 1, Fig. 1. Fig. 6—Laue back reflection photogram at position 3, Fig. 1. 
Laue spots are fairly sharp and show some substructure. Laue spots extremely diffuse. Debye rings increasingly well 
Debye rings weak and diffuse but show slight recrystalliza- defined showing greater extent of recrystallization. 
tion. 


_ 


Sy 


< 


Fig. 7—Laue back reflection photogram at position 4, Fig. Ue Fig. 8—Laue back reflection photogram of position 9, grain 
Laue spots missing, Debye rings are now complete. 


B, Fig. 1. Compare with Fig. 5, grain A, which shows Laue 
spots and less complete Debye rings. 


Fig. 9—Laue back reflection photogram of position 11, Fig. 


1. Compare with Fig. 8 and note greater asterism at posi- boundary. X250. Reduced approximately 30 pct for repro- 
tion 11. duction. 


Fig. 10—Fractograph of the fractured surface of an inclined 
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Fig. 11—Laue photogram taken on fractured surfaces of in- 
clined boundaries: A, above, on a dull surface, coarse struc- 
ture; and B, below, on a bright surface, fine structure. 


on Debye rings. In moving from position 1 to 3 the 
Laue spots became less sharp and more diffuse, 
whereas the intensities of the Debye rings of dis- 
crete dots became stronger and more uniform. 

These results indicate that a layer of recrystal- 
lized material was formed at the fracture surface. 
The thickness of this layer appears to increase, and 
the size of the recrystallized grains to decrease, from 
position 1 to position 3. The increasing diffuseness of 
the Laue spots in the same direction indicates an in- 
creasing inhomogeneity of deformation in grain A 
below the recrystallized layer. 

By considering the X-ray results at positions 1 
and 2 and their respective fractographs (Figs. 3 and 
4), it is apparent that there is a smaller amount and 
a thinner layer of recrystallization, and also less 
grain distortion beneath this layer, for the region of 
finer cell structure (Fig. 3) than for the region of 
coarse cell structure (Fig. 4). 

At position 4 the fracture was mixed and the de- 
formation of the grains was comparatively greater. 
It will be seen on comparing Fig. 7 (position 4) with 
Figs. 5 and 6 that, whereas the Debye rings are 
continuous in the former, they are composed of dis- 
crete spots in the latter figures. Furthermore, Laue 
spots are no longer discernible in Fig. 7. This indi- 
cates that a rather thick layer of cold worked mate- 
rial was created in region 4. 

The photogram of position 5, close to a flat sur- 
face of the specimen, showed more diffuse Laue 
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spots and Debye rings of more uniform intensity 
than were seen in the photograms of position 1 (Fig. 
5) or position 2. This observation bears out the ob- 
servation that in flat specimens the deformation is 
always more in the direction of the thickness than in 
that of the width. 


Table |. Summary of Laue Back Reflection Observations 


Po- 
sition 


in 
Fig. 1 Grain 


Laue Spots 


Debye Rings 


it A fairly sharp, indicate weak and diffuse, ’ 
slight asterism (Fig. 5) show slight recrystalli- 
zation 
2 A broader, more diffuse more continuous than 
than at position 1 at position 1, show re- 
crystallization 
3 A extremely diffuse (Fig. increasingly well-de- 
6) fined, show more re- 
crystallization than at 
1 and 2 
4 A none (Fig. 7) complete rings _ 
is A more diffuse than at of greater intensity 
positions 1 and 2 than at positions 1 and 
6 A similar to position 5 similar to position 5 
7 A show intermediate sharp but not continu- 
breakdown ous, more recrystalli- 
zation than at posi- 
tions 1,2,3,5, and 6 
8 A severe asterism but none 
much less than at po- 
sition 12, grain B 
9 B almost absent, Fig. 8, much more complete 
compare with position than at position 1, Fig. 
5, more extensive re- 
crystallization 
10 B complete absence, com- similar to position 9 
pare with position 2, 
grain A 
11 B severe asterism, Fig. 9, sharp but not continu- 
compare with position ous, more recrystalliza- 
7, grain A tion than at position 7 
12 B extreme asterism, none 


much more than at po- 
sition 8, grain A 


Laue photograms of positions 9 (Fig. 8) and 10, 
located on the fracture surface of the other half of 
the specimen, grain B, in contrast to Fig. 5, consisted 
almost entirely of Debye rings. Fig. 8 also contains 
very faint and diffuse Laue spots. Metallographic 
examination showed that grain B deformed much 
more severely than grain A. Other Laue photo- 
grams, taken on the flat surfaces of grains A and B, 
e.g., region 11, Fig. 9, support this observation. 
(Positions 7 and 11 are at the immediate edge of 
the fracture). 


Fig. 12—Tested to fracture in tension at room temperature. 
The segments of the jagged granular crack path in the right 
hand grain correspond to the directions of slip planes in the 
same grain. Note heavy slip in upper left grain. Stress 
vertical. X150. Reduced approximately 30 pct for repro- . 
duction. 
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Fig. 13—Tested to fracture in tension at room temperature. 
The formation of intercrystalline crack is associated with 
the occurrence of heavy slip bands. Note folds in upper 
grain. X250. Reduced approximately 30 pct for reproduction. 


Photograms of positions 1 and 9, in grains A and 
B of the fracture surfaces, respectively, were simi- 
lar in appearance to those of regions 7 and 11, re- 
spectively. (Compare Figs. 8 and 9). These photo- 
grams confirm that a thin layer under the fracture 
surface was recrystallized. The asterism of the Laue 
spots in the photogram of region 12, grain B, was 
much more extensive than in region 8, grain A. 

The above metallographic and X-ray observations 
describe grain boundary fracture surfaces which are 
almost perpendicular to the specimen axis, the area 
of these surfaces being large compared to the area 
of the entire fracture surface. 

Intercrystalline Fracture Surfaces of Nonhori- 
zontal Boundaries—In this section fracture along 
nonhorizontal surfaces will be described. Also con- 
sidered is fracture along surfaces which contain 
horizontal segments, the area of these segments 
being small compared to the entire fracture surface. 

Fig. 10 is a fractograph from an inclined grain 
boundary surface. Although the appearance of this 
surface was similar to those in Figs. 3 and 4, it will 
be noted that the cells are much finer and the differ- 
ence in level between the dark and white areas 
much less in Fig. 10. Faintly visible in Fig. 10 are 
bands which appear either dark or white, and le in 
the lower left to upper right direction. Examina- 
tion of many inclined fracture surfaces indicated 
that the direction of these bands coincides with that 
of grain boundary sliding. This observation sug- 
gests that these bands were produced by rubbing 
between the sliding surfaces after partial fracture. 

There are actually two types of inclined surfaces 
to be considered. One, having a dull appearance, has 
coarse fracture facets and shows a greater difference 
in level between plateaus and valleys; whereas the 
other, having a bright appearance, is finer and 
shows a smaller difference in level. This distinction 
results in part from different degrees of rubbing 
during cracking and separation. The Laue photo- 
grams for these two types of surfaces are shown 
respectively in Figs. 11A and 11B. Fig. 11A, taken 
on a dull surface, the formation of which was ac- 
companied by less rubbing action, shows a thick 
and completely recrystallized layer (because only a 
very few faint and diffuse Laue spots can be seen). 
On the other hand, Fig. 11B, from a surface formed 
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by greater rubbing action, shows only a thin layer 
of recrystallization and intense Laue spots. 

The fracture surface of a grain boundary parallel 
to the specimen axis appears very bright to the un- 
aided eye. As for the inclined boundaries, the 
brightness of the vertical fracture surfaces must re- 
sult from considerable rubbing along these surfaces 
during shearing-off along them. 

Fractographs of limited horizontal surface areas, 
situated in the interior of the cross section of the 
specimen, when compared to the fractograph of a 
broad horizontal area, Fig. 4, showed that the dif- 
ference in level between the plateaus and valleys is 
greater for the former type of boundary. Laue 
photograms obtained for such a surface were simi- 
lar to that shown in Fig. 11A. 


Fracture in Tension at Room Temperature—A 
round specimen, having the same heat treatment as 
those used for the creep tests, was pulled in ten- 
sion at room temperature in order to establish 
whether this alloy would fracture in the same inter- 
crystalline manner at a lower temperature and a 
higher strain rate. For the same purpose, two speci- 
mens, which fractured partially in creep at 500°F in 
an intercrystalline manner, were pulled to com- 
plete fracture at room temperature. 

The photomicrograph in Fig. 12 shows the inter- 
crystalline cracks along two of the nearly vertical 
grain boundaries (stress vertical) joined to each 
other through the grain at the right by a jagged 
path. The branches of this jagged crack were found 
to be parallel to the faint slip lines in this grain. It 
is extremely interesting to note that the intercrys- 
stalline crack detours around the stronger triple 
point region by fracturing through the grain. Such 
a behavior was not observed at 500°F. 

Fig. 13 shows that cracking of a grain boundary 
is intimately related to the positions of the heavy 


Fig. 14—Fractograph of a nearly horizontal boundary of a 
specimen fractured at room temperature. To the right of 
the large white area is another boundary. Note fineness of 
structure. X500. Enlarged 10 pct for reproduction. 
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Fig. 15—A schematic drawing to show crack propagation 
from the right, along a boundary surface. Very frequently 
the crack at the boundary initiates cracks in grain B in the 
neighborhood of the boundary. 


slip bands. Cracking of the boundary was initiated 
at those places which are intersected by the heavy 
slip bands; the cracks progressed laterally. The bot- 
tom boundary (not shown in Fig. 13) of the lower 
grain was a part of the completely fractured sur- 
face. These heavy slip bands terminated in the in- 
terior of the lower grain of Fig. 13, and this indi- 
cates that the intercrystalline crack in Fig. 13 had 
formed before the fracture occurred along the bot- 
tom grain boundary of the lower grain. Had this not 
been so, the heavy slip bands would probably have 
crossed the entire grain. Therefore, it is probable 
that the heavy slip bands are an integral part of the 
cracks along this grain boundary. It will be seen that 
there is no heavy slip band deformation in the upper 
grains, across from the cracked boundary of Fig. 13. 
In view of this fact, it seems that the cracks were 
formed as a result of stress concentration or a pile 
up of dislocations at the points of intersection of the 
slip bands with the grain boundary. Of interest are 
the deformation markings (folds) present in the 
upper grain. At the positions of these folds the 
lateral intercrystalline crack propagation was 
slowed temporarily due to partial yielding which 
provided some relief of stress; in these regions, the 
grain boundary has not opened up as much. 

Some features associated with fracture at room 
temperature should be noted. The deformation in 
the grains is uniform. The heavy slip bands shown 
in Figs. 12 and 13 occurred in regions close to the 
fracture zone. Even in this region the heavy slip 
bands are much narrower than those formed at 
500°F. Fold formation is sharply restricted, and the 
deformation in the grains, along the grain bound- 
aries, is very much limited. This observation shows 
that grain boundary sliding, if any, was also very 
limited. The fracture surface appeared to be dull 
and coarse, except the nearly vertical boundaries 
which were bright as a result of shearing-off. The 
fractographs of the inclined and horizontal bound- 
ary surfaces were similar to that in Fig. 4. The 
structure of the fracture surfaces of the specimens 
that were initially tested at 500°F, at which tem- 
perature some intercrystalline cracking occurred, 
and later tested to fracture at room temperature, 
showed a mixture of fine and coarse regions. 

In most cases, the structure of the fracture sur- 
faces produced in tensile tests appeared to be fine 
and flat in regions close to another grain boundary 
and resembled that shown in the lower portion of 
Fig. 3. This lower portion was close to the speci- 
men edge. The Laue photograms of the room tem- 
perature fracture surfaces showed diffuse rings. 


Discussion 
It has been shown in a previous paper® that inter- 
crystalline cracks may be initiated either as a re- 
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sult of restriction to grain boundary sliding, or by 
a bending stress created when two grains, sharing 
the same boundary, deform by different amounts, 
and realignment of the specimen is necessary during 
deformation. The latter method of crack initiation is 
due to the inability of the grain boundaries to trans- 
mit strain or deformation. Fig. 13 is another ex- 
ample of this method. 

The cracks so initiated propagate along grain 
boundaries along which the highest normal stress is 
exerted. The fracture surface would be expected to 
be quite smooth if the path of the fracture was con- 
fined to the grain boundary surface. Figs. 3 and 4 
show clearly that the fracture surfaces are composed 
of cells in the form of plateaus and valleys. The ob- 
servations on fracture surfaces formed at room tem- 
perature indicate further that cracks can form along 
slip bands in addition to propagating along grain 
boundary surfaces. Hence, the fracture surface is 
not smooth. That part of the fracture which resides 
in the grains usually follows segments of slip planes. 

The path of such a crack is schematically shown 
in Fig. 15. 

In Fig. 15, if one assumes that a grain boundary 
crack has occurred at a triple point to the right of 
the figure, high normal stress results in fracture 
along the boundary at local points of greater imper- 
fection. Shearing along slip planes, as indicated by 
the arrows, results in new cracks parallel to the 
boundary, forming the valleys. In the final step, 
separation of the inclined surfaces occurs as a result 
of crack enlargement. This combination of steps re- 
sults in the cell-like fracture surface. 

Subsequently, depending on the height of the 
cells and the angle of boundary to the tensile stress, 
varying degrees of rubbing or smearing occur which 
account for some of the visual and X-ray observa- 
tions. 

The thickness of the heavily deformed layer has 
been estimated on the basis of mass absorption co- 
efficients of this alloy for CrKa radiation. For the 
intensity of X-rays to be reduced to 10 pct of its 
original value, the thickness of this layer is 40x10” 
cm. In the case of coarse structure in which only 
Debye rings show up, the thickness of the heavily 
deformed layer would be greater than 40x10~% cm. 
This estimation of the thickness of the heavily de- 
formed layer is, in general, in agreement with the 
values obtained by Perryman* by a continuous 
electropolishing method. The important difference 
between the results of Perryman and the current 
work is that Perryman was working with a material 
of almost no ductility at the temperatures of test, 
whereas the Al-20 pct Zn alloy showed up to 14 pct 
elongation on fracture at 500°F. The higher ductility 
of this alloy undoubtedly accounts for the bigger 
difference in thickness of deformed material com- 
paring horizontal and inclined or vertical bound- 
aries than was observed by Perryman. 

Furthermore, in ductile materials, shear may oc- 
cur simultaneously with the propagation of a crack 
(see Fig. 13). As a result, smearing of the cells 
would result and intensify the deformation noted. 


Summary and Conclusions 


1. Intercrystalline fracture surfaces from Al-20 
pet Zn alloys are neither smooth nor flat, but are 
made up of cells in the form of valleys. There are 
invariably deformation markings on these plateaus 
and valleys of the cells. : 
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2. The size of these cells and the depth of the 
valleys depend on the orientation of the boundary 
surfaces with respect to the tension direction and 
also on the geometry of the other grain boundaries. 

3. The structure is fine and the surface bright 
(small cells and shallow depth) for boundary sur- 
faces inclined or parallel to the tension axis. The 
structure is coarse and the surface dull (large cells 
and large depth) for horizontal boundaries. 

4. Study by the back reflection Laue technique 
shows that a layer of material, either heavily cold 
worked or recrystallized, is invariably created in 
regions immediately adjacent to the fracture sur- 
face. The fractured surfaces produced in tensile 
tests at room temperature show a cold worked layer 
while the fracture surfaces produced by creep tests 
at 500°F show either a heavily deformed layer or 
a recrystallized layer, or both, depending on the 
grain boundary orientation and the history of the 
crack progress. 

5. On the basis of the experimental evidence 
that fracture can occur in this material along heavy 


slip bands as well as by intercrystalline means, a 
mechanism is proposed to explain the observed 
phenomena. 
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Recovery of Cold Worked High 
Purity Al-Mg Alloys 


The recovery of X-ray line broadening, hardness, and electrical resistivity from 
cold worked Al-Mg alloys has been investigated. The results, together with those 
from density measurements, suggest that magnesium atoms freeze in the excess 
vacancies formed by cold working, and that this affects the climb of dislocations 


during the recovery process. 


Dyan Ge VV. 


REVIOUS work” * has shown that while 1 pct Mg 

increases the activation energy for recrystalliza- 
tion, it decreases the activation energy for the re- 
covery of mechanical properties and decreases the 
subgrain size both after cold working and anneal- 
ing. A similar result has been reported by Varley’ 
for an Al-2 pct Mg alloy. With plastic deformation 
at high temperatures, McLean and Farmer* and 
Rachinger® have found that magnesium appears to 
retard the motion of dislocations and, furthermore, 
they find little or no effect of magnesium on the 
size of subgrains formed during high temperature 
deformation. In view of the apparent contradictions 
as to the effect of magnesium on subgrain size, the 
recovery process in Al-Mg alloys has been investi- 
gated more thoroughly by studying the annealing 
out of X-ray line broadening, hardness, and electri- 
cal resistivity from alloys cold worked at room 
temperature. ; 
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Perryman 


Material Used—The chemical analyses of the 
alloys are given in Table I. 


Fabrication—The material used was cold rolled 
20 pet at room temperature, the grain size prior to 
the last cold rolling operation being similar to that 
used in previous work;’ i.e., ~230u. The experi- 
mental procedure for annealing, determination of 
X-ray half-peak breadth, hardness measurement, 
electrical resistivity, and density and metallographic 
examination was exactly the same as previously 
described.° 


Variation of X-Ray Half-Peak Breadth with An- 
nealing Time—Isothermal annealing curves at 100°, 
200°, and 250°C were obtained for material cold 
worked 20 pet. The half-peak breadth of the (333) 
Ka, line directly after cold working is shown as a 
function of magnesium content in Fig. 1. Only with 
the 2.87 pct Mg alloy was overlapping of the a, and 
a reflections observed to any appreciable extent. To 
separate these, Rachinger’s method’ was used. 

Typical isothermal annealing curves are shown in 
Figs. 2 and 3 for 100° and 200°C, respectively. 
These curves are similar to those obtained previ- 
ously for super-purity aluminum except that the 
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Metallographic Examination—Directly after cold 
working, subgrains were observed in the 0.1 pct 
and 0.2 pct Mg alloys but not in those of higher 
magnesium content. These subgrains were about 
1 and 2 in size with very little contrast between 
them, indicating that the orientation difference be- 
tween adjacent subgrains was very small. After an- 


Table I. Analysis of Materials in Percentages 


‘as o¢ 764 22 Y3SWAN SSSNGYVH SYSMOIA 


hardness as a func- 
cae tion of magnesium 
40* content for material 

qt 
cold worked 20 pct. 
u 7% 30 
a 6 
; 5 20 
% Mg. (Wt) 


annealing time necessary for complete recovery~ is 


* The time of annealing necessary to reach a constant value of the 
property being measured without recrystallization occurring. 


drastically reduced by the first small magnesium 
addition and thereafter is independent of magne- 
sium content. The final steady value, especially at 
low annealing temperatures, increases with mag- 
nesium content as shown in Table II. 

It is apparent from Table II that as the annealing 
temperature is increased, the final recovered value 
becomes almost the same as that obtained for 
super-purity aluminum. It is thought that this is 
due to a decreasing subgrain size with increasing 
magnesium and decreasing temperature. By plot- 
ting the logarithm of the time to give a certain per- 
centage change in line breadth against the recipro- 
cal of the absolute temperature, an activation 
energy of 18,000 cal per g-atom was obtained. 

Variation of Hardness with Annealing Time—Iso- 
thermal softening curves at 250°C are shown in 
Fig. 4. The arrows on these curves give the anneal- 
ing time at which new recrystallized grains were 
first observed. At this point they were very small, 
2u, and very few in number—possibly 3 or 4 could 
be seen in 1 sq in. As observed previously,’ hard- 
ness takes a longer time to recover than does half- 
peak breadth, but its recovery time is very much 
less than was observed previously® for super-purity 
aluminum. A summary of the times for complete 
recovery of hardness and half-peak breadth is 
given in Table III. 

The final hardness after complete recovery was 
much greater after annealing at 100°C than after 
annealing at the higher temperatures, especially for 
the 2.87 pet Mg alloy, which is possibly a subgrain 
size effect. 
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Fig. 2—Variation of X-ray half-peak breadth with annealing 
time at 100°C, cold worked 20 pct. 
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Mg Fe Si Cu 
0.001 0.003 0.001 0.001 
0.11 0.003 0.001 0.001 
0.20 0.003 0.001 0.001 
0.51 0.003 0.001 0.001 
0.99 0.003 0.001 0.002 
2.87 0.003 0.001 0.002 


nealing, the deformation bands became split up into 
subgrains, and the contrast between adjacent sub- 
grains increased, indicating an increasing difference 
in orientation. Once sharp subgrains had been 
formed, no sign of subgrain growth with increasing 
annealing time was observed. The subgrain size 
decreased with increasing magnesium content as 
shown in Figs. 5, 6, 7, and 8, and decreased with de- 
creasing annealing temperature (see Figs. 6 and 9). 


Table Il. Final Steady Recovered Values of X-Ray Half-Peak 
Breadth in Minutes of Arc 


Tempera- Super- 
ture, °C purity Al 0.1 Pct Mg 0.5 PctMg 2.87 Pct Mg 
100 SL 34 42 60 
200 29 31 34 42 
250 28 31 32 34 
300 —_— 30 30 33 


After annealing at 100°C, subgrains could not be 
seen in the 1 pct and 2.87 pct Mg alloys. Fig. 10 
shows the subgrain diameter as a function of mag- 
nesium content for material completely recovered 

As in previous work’** it was found that after re- 
covery subgrains could not be seen in certain 
grains. It is possible that subgrains were present 
but could not be detected microscopically because 
the orientation difference between them was too 


2,87 %o Mg. 


> 
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Fig. 3—Variation of X-ray half-peak breadth with annealing 
time at 200°C, cold worked 20 pct. 
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Table Ill. Recovery of Al-Mg Alloys Cold Worked 20 Pct 


Time for Complete Recovery, Min 


Superpurity Aluminumé 0.1 Pct Mg 0.5 Pct Mg 2.87 Pct Mg 
Annealing Half- Half- Half- Half- 
Temperature, Peak Peak Peak Peak 
°C Breadth Hardness Breadth Hardness Breadth Hardness Breadth Hardness 
100 120,000 1,500 2,000 4,000 2,000 =~ 4,000 
200 125 5,000 6 6 50 6 60 
250 48 590 poo, exe) 25 4 40 


small. By microhardness testing these grains were 
found to be as soft or slightly softer than those 
grains showing well defined subgrains. This hy- 
pothesis was confirmed by taking an X-ray micro- 
beam? back reflection photograph from a subgrain- 


j The tube was constructed according to the design of Ehrenberg 
and Spear.’ 


free grain, using an X-ray focal spot size of about 
254. This gave a broken-up ring (see Fig. 11). 
Additional X-ray microbeam photographs were 
taken from the series of specimens which had been 
recovered at 250°C. Spotty rings were obtained 
from all the alloys except for that containing 2.87 
pet Mg. From the number of diffraction spots on 
these photographs it was clear that the subgrain 
size decreased with magnesium content in the way 
shown in Fig. 10. 

Electrical Resistivity and Density Measurements 
—The electrical resistivity was measured: 1) di- 
rectly after cold working 20 pct; 2) after a recovery 
anneal of 2 min at 300°C, a treatment known to 
be sufficient to anneal out the line broadening; and 
3) after a complete recrystallization anneal of 1 
hr at 450°C. The results are given in Table IV. 


Table IV. Electrical Resistivity Measurements 


Al-0.1 Pet Al-0.5 Pet Al-2.87 Pct 
Mg, p20°C, Mg, p20°C, Mg, p20°C, 
Metallurgical Microhm- Microhm- Microhm- 
Condition Cm Cm Cm 
Directly after cold 
working 20 pct 2.7140 2.9361 4.3361 
2 min at 300°C 2.7104 2.9262 4.2734 
1 hr at 450°C 2.7077 2.9234 4.2761 


In the range investigated, the electrical resis- 
tivity of fully recrystallized material is a linear 
function of magnesium content, and the slope gives 
0.51 microhm-cm per atomic pct Mg, which com- 
pares favorably with the figure of 0.46 given by 
Robinson and Dorn.’ Fig. 12 shows the percentage 
change in electrical resistivity produced by cold 
working 20 pct, together with the percentage 
change produced by the recovery anneal—both as 
a function of magnesium content. The percentage 


(po — pr) 
(po 


where p, is the electrical resistivity of cold worked 
material, p, the electrical resistivity of recovered 
material, and p, the electrical resistivity of fully re- 
crystallized material. 

Previous work with super-purity aluminum’ 
showed that there was no measurable change in 
density after cold working 20 pct. Further density 
measurements were done on the 2.87 pct Mg alloy 


change by recovery is given by 100 
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because it was thought that the results shown in 
Fig. 12 might be explained in terms of vacancies. 
For these measurements the density of the cold 
worked material was determined, the specimen was 
then fully annealed (completely recrystallized) and 
etched to remove the oxide film, and the density 
redetermined. The results are given in Table V. 

It will be seen from Table V that, while there are 
small differences in density between each sample in 
all four experiments, there is a constant decrease 
of about 0.02 pct produced by cold working 20 pct. 


BR 
Fig. 4—Variation of ©& 
hardness with an- = 59 
nealing time at ° 
250°C, cold worked 4% 45 
20 pct. BR. stands 
for beginning of re- 2 4Q- 
crystallization. 
< 39 
30} 05% Ma, 
2 QI% Mg. 
ANNEALING TIME (MINS) 


Fig. 5—Superpurity aluminum, cold worked 20 pct and an- 
nealed for 1 hr at 250°C. Electropolished and etched in a 
25 pct HNOs, 2 pct HF, and 73 pct H2O solution. Micrograph 
taken with phase contrast microscope. X1000. Reduced ap- 
proximately 5 pct for reproduction. 
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Fig. 6—AI-0.5 pct Mg, cold worked 20 pct and annealed 
for 1 hr at 250°C. Electropolished and etched in a 25 pct 
HNOs, 2 pct HF, and 73 pct H2O solution. Micrograph taken 
with phase contrast microscope. X1000. Reduced approxi- 
mately 5 pct for reproduction. 


Fig. 7—-Al-1 pct Mg, cold worked 20 pct and annealed for 
1 hr at 250°C. Electropolished and etched in a 25 pct HNOs, 
2 pct HF, and 73 pct H2O solution. Micrograph taken with 
phase contrast microscope. X1000. Reduced approximately 
5 pct for reproduction. 


Fig. 8—AI-2.87 pct Mg, cold worked 20 pct and annealed for 
1 hr at 250°C. Electropolished and etched in a 25 pct HNOs, 
2 pct HF, and 73 pct HO solution. Micrograph taken with 
phase contrast microscope. X1000. Reduced approximately 
5 pct for reproduction. 


It was shown in a previous paper® that only part 
of the increase in electrical resistivity produced by 
cold working was annealed out during recovery and 
it was concluded that the part annealed out was due 
to vacancies. The work of Molenaar and Aarts” 
suggests that vacancies in aluminum diffuse rapidly 
at room temperature, so that after cold working at 


Table Y. Change in Density on Annealing 2.87 Pct Mg Alloy 


Density, G per Cu Cm, 20°C 


Pct Decrease 


Speci- Cold in Density 
men Worked Annealed After Cold 
No. 20 Pct 1° to 450°C Working 

1 2.66127 2.66175 0.018 
2 2.66090 2.66167 0.029 
3 2.66110 2.66167 0.021 
4 2.66015 2.66073 0.022 


room temperature the excess concentration of va- 
cancies and hence the increase of electrical resis- 
tivity will be very small. Seitz" has suggested that 
it may be possible to restrain the movement of 
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Fig. 9-—Al-0.5 pct Mg, cold worked 20 pct and annealed 
for 8 days at 100°C. Electropolished and etched in a 25 pct 
HNO;, 2 pct HF, and 73 pct H2O solution. Micrograph 
taken with phase contrast microscope. X1000. Reduced 
approximately 5 pct for reproduction. 


vacancies by the presence of impurity atoms. In 
the case of magnesium, which has a much larger 
atomic diameter than has aluminum, it would be 
reasonable if vacancies clustered around the solute 
atoms, for by this means the strain energy around 
the magnesium atom would be decreased. Thus, it 
is suggested that the magnesium atoms effectively 
freeze-in the excess vacancies formed by col 

working so that they cannot anneal out at room 
temperature. With increasing magnesium content 
the excess concentration of vacancies produced dur- 
ing cold working will increase, and so the resultant 
increase in electrical resistivity for a given amount 
of cold work will be larger. Similarly, on recovery 
the recoverable part of the electrical resistivity will 
also increase. These ideas are supported by the fact 
that after cold working no measurable density 
change was observed for super-purity aluminum; 
whereas a decrease of 0.02 pct was observed for the 
2.87 pct Mg alloy. If we assume that the complete 
increase in electrical resistivity of the 2.87 pet Mg 
alloy is due to vacancies, and that one vacancy is 
equivalent to one magnesium atom, then the excess 
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Fig. 10—Subgrain 
size after annealing 
at 250°C for 1 hr, 
cold worked 20 pct. 


SUBGRAIN SIZE (MICRONS) 


Wt. % Mg. 


Fig. 12—Fractional 
change of electrical 


1.0) resistivity produced 


by cold working 20 


pct and the per- 
centage of this in- 
os} Lo 60 crease which is an- 
we nealed out at 300°C 
04 ye 40 for 2 min, both as a 
function of mag- 


20 nesium content. 


2 
ATOMIC % Mg. 


concentration of vacancies is 3x10” per cu cm, and 
the calculated density change is 0.06 pct, which is of 
the correct order of magnitude. 

The X-ray and hardness results show that the 
time for complete recovery of half-peak breadth 
and hardness is drastically decreased by the pres- 
ence of small amounts of magnesium, and that any 
further increase in magnesium content has little 
effect. These results are in agreement with the 
view put forward previously’ that during recovery 
dislocations climb out of the slip planes and become 
locked in the subgrain boundaries. In order for a 
dislocation to climb, it is necessary for vacancies or 
interstitials to diffuse to the dislocation and, by 
thus increasing the concentration of excess vacan- 
cies, the climbing process should be hastened, de- 
creasing the time for complete recovery. In the 


case of high temperature deformation such as that 
used by McLean and Farmer* and Rachinger’ any 
excess vacancies formed during plastic deformation 


duced approximately 10 pct for reproduction. 
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Fig. 11—X-ray microbeam back reflection photograph of 
super-purity aluminum cold worked 20 pct and annealed 
for 1 hr at 250°C. Taken from an area which did not show 
subgrains under the microscope. X8. 


will probably be annealed out as fast as they are 
formed. Without an excess concentration of vacan- 
cies, the climb of dislocations will probably be re- 
tarded by the presence of the magnesium atoms. 
In this instance, the magnesium will have the effect 
of retarding recovery. 

The present results show that the subgrain size 
directly after cold working is decreased by mag- 
nesium to some value less than ly. This small par- 
ticle size probably contributes to the large amount 
of X-ray line broadening which was observed for 
the 2.87 pct Mg alloy. Gay et al.” have suggested 
that the subgrains in cold worked metals are the 
regions between slip bands. The present results are 
in keeping with this suggestion, for it was observed 
that on deformation at room temperature the slip 
bands in the 2.87 pct Mg alloy were more closely 
spaced than those in super-purity aluminum (see 
Figs. 13 and 14). It was much more difficult to see 
the slip bands in the 2.87 pct Mg alloy than in the 
super-purity aluminum, which indicates that the 
degree of slip per band was less on the 2.87 pct Mg 
alloy. Similar observations have been made by 
McLean and Farmer.* 

In agreement with previous work,’ the results re- 
ported here show clearly that the subgrains in the 
cold worked state grow during the early stages of 
recovery. For example, while no subgrains are ob- 
served in the 1 pct and 2.87 pct Mg alloys after cold 
working, subgrains are clearly apparent after an- 
nealing. Furthermore, the microstructural changes 
can be simply explained by an increase in the dis- 
location density of the subgrain boundaries during 
recovery. This will increase the orientation differ- 
ence between adjacent subgrains and so increase 
the differences in level between them after etching. 


Fig. 14—-Superpurity aluminum stretched 2 pct. 
duced approximately 10 pct for reproduction. 
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It is considered that the present results confirm 
the idea put forward previously*”® that the mobility 
of the subgrain boundary is high directly after cold 
working but decreases as the orientation difference 
between subgrains increases. On this hypothesis it 
is clear that the subgrain size would increase with 
increase in annealing temperature. Besides the mi- 
crostructural observations, the present X-ray re- 
sults indicate that this must be so. The fact that no 
subgrains could be seen in the 1 and 2.87 pct Mg 
alloys after annealing at 100°C suggests that the 
high final value of half-peak breadth after anneal- 
ing at 100°C is due to particle size broadening. It 
is generally considered that particle size broadening 
becomes effective at particle sizes less than 10~* cm. 
Since the subgrains observed after annealing at 
250°C are greater than 10“ cm, the recovered value 
of half-peak breadth (30 min at this anneal) can be 
taken as zero particle size broadening. By taking 
the difference between this and the recovered value 
at any lower annealing temperature, we can cal- 
culate the particle size from Scherrer’s formula, 


Kx 
B = ——\.,, where B is the angular broadening in 
X cos 0 


radians, K is constant (~1), \ is wavelength of ra- 
diation, X is particle size, and @ is the Bragg angle. 

Doing this for the 2.87 and 0.5 pct Mg alloys an- 
nealed at 100°C, we obtain particle sizes 0.1 and 0.3 
#, respectively. Although these values appear 
slightly low, it would seem that the explanation for 
the variation of recovered half-peak breadth with 
temperature in terms of particle size broadening is 
a reasonable one. 

The fact that subgrains could not be seen in some 
grains microscopically, although they were visible 


by X-ray microbeam technique, shows that the ori- 
entation difference between adjacent subgrains is 
dependent on the orientation of the original grains. 
It is possible that the coarse subgrains which were 
observed in some grains in earlier work* were 
formed by the growth of these slightly misoriented 
subgrains, 

The fact that the time for complete recovery of 
line broadening is decreased by the first small mag- 
nesium addition, whereas the subgrain size de- 
creases continuously with increasing magnesium 
content, strongly suggests that the subgrain size is 
controlled by some factor other than the diffusion of 
dislocations. Demer and Beck” have shown that 
magnesium decreases the rate of primary grain 
growth, and it may well be that the same factor is 
affecting the rate of subgrain growth. A concentra- 
tion of magnesium at the grain and subgrain bound- 
aries could produce such a result. 
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Growth of External Copper Layers During 
The Internal Oxidation of Dilute Cu-Al 


Alloys in a Cu,O-Cu Pack 


The thickness of external layers of pure copper formed on Cu-Al alloys during 
internal oxidation from a Cu.O source is shown to be related to the amount of 
oxygen absorbed according to the dissociation reaction of CusO. No layers are 
formed during oxidation from NiO or CoO sources. Experimental data suggest that 
the CuO is vaporized as molecules, which are dissociated at the oxygen absorbing 


surface. 


by D. L. Wood 


NTERNAL oxidation of alloys has been investi- 
gated by Rhines”’* and by Meijering and Druy- 
vesteyn.* Rhines showed that dilute Cu-Al alloys 
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can be internally oxidized without forming an ex- 
ternal scale by annealing in an oxygen partial pres- 
sure equal to the decomposition pressure of Cu,.O. 
The oxygen is supplied at the outside surface at a 
rate sufficient to maintain saturation of the surface 
with respect to oxygen. Oxygen diffuses inward and, 
at the interface between the subscale and the alloy, 
oxygen meets the solute and reacts to precipitate its 
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oxide. The rate of advance of the oxidation front is 
determined by the rate of arrival of oxygen at the 
interface. 

Rhines observed that the oxide of the subscale is 
always absent in a narrow zone adjacent to the out- 
side surface of the metal. He explained this on the 
basis that a certain degree of supersaturation must 
be necessary before nuclei of the oxide will form. 

In a study of internal oxidation now in progress, 
specimens of copper with 0.22 and 0.84 wt pct Al 
were oxidized in a Cu,O-Cu mixture in a copper 
boat enclosed in an air-tight copper container. Fig. 1 
shows a typical outer layer observed on these speci- 
mens. Light and electron microscopic studies of this 
layer revealed no oxide particles, as shown in Fig. 2. 
Electron diffraction studies by Miss E. Alessandrini 
of the General Electric Co. Research Laboratory 
have established that the layer is pure copper. 

If the occurrence of this oxide-free layer is due 
to a necessity of supersaturation of one or other of 


Fig. 2—a, LEFT, X250, light 
micrograph, and b, RIGHT, 
X4000, electron micrograph of 
outer layer of copper. Reduced 
approximately 40 pct for re- 
production. 


~ Fig. 3—Copper plus 0.84 wt pct Al oxidized at 1000°C: a, 
LEFT, 4 hr, and b, RIGHT, 8 hr. X100. Reduced approxi- 
mately 35 pct for reproduction. 
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Fig. 1—Copper plus 0.84 wt pct Al internally oxidized for 16 
hr at 1000°C in CusO-Cu pack. Specimen was nickel plated. 
X100. Reduced approximately 25 pct for reproduction. 


the elements as proposed by Rhines, then the layer 
thickness should not change during the course of 
internal oxidation, and should be independent of 
specimen thickness. Fig. 3 shows that the layer in- 
creases in thickness as internal oxidation proceeds 
in Cu+0.84 pct Al. A tapered specimen, shown in Fig. 
4, developed an outer layer whose thickness was 
proportional to the thickness of the specimen. These 
experiments suggest that the thickness of the layer 
is related to the amount of oxide formed within the 
specimen. 

Fig. 5 shows the thickness of copper on 0.22 pct 
Al and 0.84 pct Al specimens of equal size upon 
complete internal oxidation. The layer on the 0.84 
pet Al specimen is approximately four times as thick 
as that on the 0.22 pct Al specimen. 

These observations indicate that the thickness of 
the copper layer formed is proportional to the 
amount of oxygen absorbed. If so, a specimen hav- 
ing considerable affinity for oxygen should form a 
layer of copper while a specimen having no affinity 
for oxygen should form no layer. Fig. 6 shows the 
results of annealing a 0.010 in. platinum wire and 
a 0.010 in. tungsten wire in a Cu,O-Cu pack. The 
wires were not in contact with the pack but, as in 
all experiments, were enclosed in an air tight con- 
tainer. 

The tungsten wire has been completely oxidized 
to WO,, which is held together by the layer of cop- 
per surrounding it. The platinum wire is unaffected 
by the treatment. 
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Fig. 4—Copper plus 0.84 wt pct Al oxidized 16 hr at 1000°C. 
Nickel plated. X75. Reduced approximately 40 pct for re- 
production. 


Fig. 5—Specimens completely internally oxidized: a, LEFT, 
copper plus 0.22 pct Al oxidized 4 hr at 1000°C; b, RIGHT, 
copper plus 0.84 pct Al oxidized 16 hr at 1000°C. Nickel 
plated. X100. Reduced approximately 35 pct for reproduction. 


Fig. 6—a, Platinum, on the right, and tungsten wires, both originally 0.010 in. diam, held at 1000°C for 16 hr in CusO-Cu pack, 


An experiment was devised to find whether or not 
the original surface of the sample coincides with 
the surface after oxidation. Platinum and tungsten 
wires, both 0.010 in. in diam, were wound tightly 
around cylindrical specimens of pure copper and of 
Cu+0.84 pet Al. Fig. 7 shows the typical appear- 
ance of these cylinders after annealing for 16 hr at 
1000°C in a Cu,O-Cu pack. 


These cylinders were nickel plated and sectioned 
to show the relation of the final surface to the orig- 
inal position of the wires. In Fig. 8 it can be seen 
that the bottom of the tungsten wire on the left 
marks the original surface. The copper layer on the 
Cu-Al alloy surface is continuous with the copper 
layer on the tungsten, and is external to the original 
surface. 

On the pure copper specimen shown in Fig. 9, no 
evident layer is built up on the copper itself, but 
the tungsten is copper coated. Although in both 
samples the platinum wires have retained nearly 
their original diameter, they have reacted by diffu- 
sion with copper from the sample. The voids formed 
at the Cu-Pt interface are similar to those discussed 
by Kuczynski and Alexander,* and show that copper 
diffused into the platinum from the sample. The fact 
that intergranular porosity occurs in the region ad- 
jacent to the wires only in the Cu-Al specimen is 
not explained at the present time. 


Wire samples of tungsten and platinum were 
placed in a NiO-Ni pack in a nickel container and 
oxidized at 1000°C for 16 hr. The tungsten wire de- 
creased in diameter as WO, formed and volatized; 
the platinum wire was unchanged. These wires are 
shown in Fig. 10. 

A specimen of Cu+0.84 pct Al was annealed in 
a NiO-Ni pack for 16 hr at 1000°C for internal oxi- 
dation. No surface layer was observed on this spec- 
imen, shown in Fig. 11. Similar experiments carried 
out in CoO-Co packs showed no surface layers. 

It is evident that the copper layer forms on a 
sample only during the process of absorbing oxygen 
from a Cu.O source. In this absorption of oxygen it 
is necessary for the Cu.O molecule to be dissociated. 
Dissociation of the Cu.O according to the reaction 
Cu,O = 2 Cu+O (dissolved) would free two copper 


approximately X6; b, the platinum wire; and c, the tungsten wire nickel plated and photographed at approximately X100. Re- 


duced approximately 10 pct for reproduction. 
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Fig. 7—Cylinder of 
copper plus 0.84 pct 
Al with 0.010 in. 
platinum, bottom, 
and 0.010 in. tung- 
sten wires annealed 
16 hr at 1000°C in 
Cu,0-Cu pack. X10. 


Fig. 8—Copper plus 0.84 pct Al with 0.010 in. W, left, and 
0.010 in. Pt annealed for 16 hr at 1000°C in Cu,O-Cu pack. 
Nickel plated. X75. Reduced approximately 30 pct for re- 
production. 


Fig. 9—Copper with 0.010 in. W, right, and 0.010 in. Pt 


annealed for 16 hr at 1000°C in Cu,O-Cu pack. Nickel 
plated. X75. Reduced approximately 30 pct for reproduction. 


atoms for each oxygen atom. If this dissociation 
occurred at vaporization it is probable that nearly 
all of the free copper would deposit on the copper 
particles in the Cu.O-Cu pack. However, if the 
Cu.O were vaporized as molecules from the pack, 
and then dissociated at the surface of the oxidizing 
material, it is probable that the free copper would 
be deposited at the surface of the sample. The 
‘amount of copper resulting from the dissociation of 
the amount of Cu.O necessary to supply oxygen for 
the formation of Al,O, can be calculated. This cal- 
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Fig. 10—Tungsten, bottom, and platinum wires, both orig- 
inally 0.010 in., oxidized in NiO-Ni pack for 16 hr at 1000°C. 
X5. Reduced approximately 5 pct for reproduction. 


Fig. 11—Copper plus 0.84 pct Al oxidized 16 hr at 1000°C 


in NiO-Ni pack. Nickel plated. X150. Reduced approxi- 
mately 5 pct for reproduction. 


culation shows that the thickness, T, of the copper 
layer for strips may be expressed by T = 3.5107” 
tC, where t is the thickness of the strip and C is the 
concentration of aluminum in weight percent. For 
wires T = 3.5X10~ rC, where r is the radius of the 
wire. 


Table 1. Comparison of Actual Measurements and Calculated 
Thicknesses of Copper Layers, In. 


Specimen Measured Calculated 
0.039 in. strip, Cu+ 0.84 pct Al 1.1x10-3 1.15x10-3 
0.039 in. strip, Cu+0.22 pet Al 0.3x10-8 0.30x10-3 
0.020 in. wire, Cu+0.84 pct Al 0.3x10-3 0.29x10-3 


The thicknesses measured on the specimens shown 
in Figs. 5 and 12 are compared with the calculated 
values in Table I. The amount of oxygen required 
to saturate the copper has been neglected in these 
calculations, since it is only about 3 pct of the 
amount required to oxidize the aluminum. 
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Fig. 12—Copper plus 0.84 pct AI oxidized at 0.020 in. for 
4 hr at 1000°C in Cu,O-Cu pack. Nickel plated. X150. 
Reduced approximately 5 pct for reproduction. 


The amount of copper deposited is, within experi- 
mental limits, the amount supplied by the Cu.O 
upon dissociation. The absence of layers in internal 
oxidation from a NiO or CoO source suggests that 
these oxides are dissociated at vaporization, and that 


the oxygen is carried to the oxidizing surface inde- 
pendently of the metal atoms. 


Summary 

In the internal oxidation of Cu-Al alloys an outer 
layer of pure copper is formed if the oxygen source 
is Cu.O. No outer layer is produced by oxidation by 
NiO or CoO. 

The thickness of the layer formed is related to the 
amount of oxygen absorbed in solid solution or 
required for oxidation by the specimen according 
to the dissociation reaction of Cu,O. Thus, in oxida- 
tion from Cu,O, no evident layer of copper is formed 
on pure copper or on platinum specimens, but an 
appreciable layer is formed on tungsten. 

The experimental data suggest that Cu,O is va- 
porized as molecules, and that these molecules are 
dissociated at an oxygen absorbing surface. 
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Crystal Structure of Delta-Prime Plutonium 
And the Thermal Expansion Characteristics 
Of Delta, Delta-Prime, and Epsilon Plutonium 


The 0’ plutonium is found to be body-centered-tetragonal with two atoms per unit cell 
at 000 and 12, 2, 2. The unit cell dimensions at 477°C are a—3.339 + 0.003A and c= 4.446 
+ 0.007A, which lead to a calculated density of 16.01 g per cu cm. Each plutonium atom is sur- 
rounded by 12 others at a mean distance of 3.275A. The linear coefficient of thermal expan- 
sion perpendicular to the c-axis is 10° a, = 305 + 35 per °C, and-parallel to the c-axis is 10° a, 
= —659 + 67 per °C. The average linear coefficient, (2a, + «,)/3, is equal to 10° a, ——18 
+28 per °C. The linear coefficient of themal expansion of face-centered-cubic 5 plutonium is 
fous to a, —8.6 + 0.3 per °C, and of body-centered-cubic « plutonium 10° a, = 36.5 
per 


by F. H. Ellinger 


BRIEF description of the thermal expansion 
characteristics and of the four known crystal 
structures among the six allotropes of plutonium 
has been coverec in a summarizing report on plu- 
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tonium by E. R. Jette.’ A detailed description of the 
crystal structure and thermal expansion of y plu- 
tonium has been published.’ 

The present paper deals with the crystal struc- 
ture of 6 plutonium, and with the thermal ex- 
pansion of 6, 5’ and e plutonium, as determined by 
X-ray diffraction methods. 

The X-ray diffraction patterns were taken in Uni- 
cam high temperature powder cameras using fil- 
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tered CuK radiation (wavelengths: a, = 1.54051A, 
a = 1.54433A). The powder sample was composed of 
metal filings (99.97 pct purity) mixed with a small 
proportion of pure silver powder and was contained 
In an evacuated vitreous silica capillary tube. The 
silver powder served for temperature measurement 
by means of its lattice constant determined for each 
film by graphical extrapolation of the high angle 
lines using the Nelson and Riley function.’ The tem- 
perature corresponding to each lattice constant was 
taken from the lattice constant vs temperature data 
of Hume-Rothery and Reynolds.‘ The uncertainty in 
each lattice-constant measurement of the silver was 
less than +0.0002A, which corresponds to about 
+2°C uncertainty in the temperature. The variation 
in the temperature during an exposure (40 hr, 
Eastman-type A film) was controlled to +1°C. 

The purity of the silver in the X-ray specimens 
was evidently not affected by heating for long 
periods of time at temperatures up to 550°C. This 


was indicated by the lattice constant of the silver at , 


25°C subsequent to heating, which was the same as 
prior to heating, within the limits of error of the 
measurements. The plutonium might have picked up 
trace amounts of silver or impurities from the silica 
capillary, which will be discussed under the 30 
phase; however, it evidently did not pick up any 
appreciable amount of impurities as judged by the 
reproducibility of the lattice constant of the 6 phase 
after the sample had been at temperatures up to 
550°C for more than 1000 hr. The plutonium filings 
always become coated with a thin layer of oxide, 
either PuO or a mixture of PuO and Pu.O,;-Pu,O, as 
a result of heating in the evacuated capillary. 


Plutonium 

The 6 plutonium crystallizes in a cubic-close- 
packed structure” ° typical of many metals. Its sta- 
bility range extends from 319°+5° to 451°+4°C, as 
indicated by dilatometric data.* 

For the determination of the thermal expansion 
coefficient of 6, 66 measurements of the lattice 
constant were made over the temperature range 
317° to 440°C, using eight different specimens and 
two different cameras. Exposures were made subse- 
quent to both heating and cooling of the specimen. 
The lattice constant values were determined by the 
graphical extrapolation method, using the Nelson 
and Riley function.® 

The lattice constant data, shown in Fig. 1, were 

fitted by the least-squares method to a straight line 
giving the equation . 
a = 4.63790 + 0.00012 —(4.01+ 0.15) 10°(t —300) 
where t is in °C and the uncertainties are standard 
deviations. The mean linear coefficient of expansion 
for the range 320° to 440°C is 


10° a, =—8.6 + 0.3 per °C 
the percentage standard deviation being + 3.7 pct. 
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The lattice parameter of 5 plutonium at 320°C 
as calculated from the equation is 4.6371+0.0004A, 
which leads to a calculated density of 15.92 g per 
cu cm. 

Plutonium 


The & plutonium was found to crystallize in a body- 
centered-tetragonal structure with unit cell dimen- 
sions of a = 3.3839+0.003A and c = 4.446+0.007A at 
477°C. There are two atoms per unit cell in the 
positions 000 and %, 4%, %. The structure may also 
be described in terms of an alternate face-centered- 
tetragonal unit cell containing four atoms. This al- 
ternate cell can be derived from a close-packing 
arrangement of atoms by a slight compression along 
the [001] direction. It is isotypic with the structure 
of quenched y manganese.’ The diffraction data of 
& at 477°C are shown in Table I. In no case were 
reflections observed at higher angles than are listed 
in the table. This is attributed mainly to the large 
temperature effect on the scattering factor of plu- 
tonium, which becomes appreciable in the 6 phase 
temperature range. 


Table |. X-Ray Diffraction Data for 5’ Plutonium at 477°C 
Radiation: CuKa 


Indexes Sin29 Intensity 

Face- Body- 

Cen- Cen- 

tered- tered- 

Tetrag- Tetrag- Calcu- 
onal onal Observed Calculated Observed lated* 
ii 101 0.0840 0.0836 Strong 43 
200 110 0.1074 0.1070 Medium 15 
002 002 0.1216 0.1204 Weak 6 
220 200 0.2141 0.2140 Weak plus 5 
202 112 0.2277 0.2274 Medium 10 
all 121 0.2974 0.2976 Medium 13 
113 103 0.3247 0.3244 Weak 5 
222 202 0.3342 0.3344 Weak 5 

1 + cos? 24 
*T 


sin? cos 


The coordination and interatomic distances of 8 
are given in Table II and, for comparison, those of 
y, 6, and e plutonium. The atomic volume change as 
a result of the 6 to 6’ transformation is —0.10 pct, 
and as a result of the 6’ to « transformation is —3.05 
pet. 

For the determination of the thermal expansion 
characteristics of 6’, 23 measurements of its lattice 
constants were made over the range 465° to 484°C. 
Apart from one measurement on each of two speci- 
mens, all measurements were obtained with a single 
specimen which was cycled five times in this tem- 
perature range during the course of the X-ray ex- 
posures. Because of the absence of high angle lines 
on the diffraction patterns, the lattice constants 
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were determined from the corrected spacings of the 
low angle reflections. The silver in the specimen 
served as the internal standard for finding the 
corrections. 

Contrary to the expectation of observing 6 at 
451°+4°C, the temperature of the 6 to 8’ transforma- 
tion indicated by dilatometric data, X-rays did not 
reveal the presence of 8 until about at 465°C. It was 
found that at 450°C a small proportion of « forms, 
which coexists with 6 up to about 465°C where the 
metal transforms largely to 6’. A small amount of 6 
and « continues to coexist with 8’ up to about 485°C, 
the proportion of 6 decreasing and the proportion of 
e increasing as the temperature is raised. Between 
485° and 490°C the metal transforms completely to e. 

This alloylike behavior may be attributed to the 
fact that 8’ is very sensitive to impurities. As little as 
0.15 wt pet of impurities will eliminate this phase 
from the metal resulting in a mixture of 6 and « 
being observed between 450° and 485°C. In fact, 8’ 
was not discovered until 1953, when higher purity 
plutonium first became available and the presence 
of a new allotrope was noted on a dilatometric curve 
by E. M. Cramer.® It is known that the surfaces of 
plutonium filings do pick up trace amounts of im- 
purities when heated in an evacuated silica capil- 
lary, which contamination could explain the be- 
havior of the X-ray specimens, whereas the be- 
havior of the more massive dilatometer specimens 
would be relatively unaffected by surface contami- 
nation. Because the pickup of impurities by the 
metal causes 6 and « phases to replace 6’, it is be- 
lieved that 6’ does not take into solid solution any 
appreciable amount of impurities. 


Table Il. Coordination and Interatomic Distances of the 
Plutonium Allotropes 


Effective 


Dis- Coordi- Average 
Temper- tance nation Distance, 
ature, °C Allotrope Coordination A No. A 
210 Ortho- Pu-4 Pu 3.021 
rhombic Pu-2 Pu 3.160 10 3.155 
Pu-4 Pu 3.286 
310 Ortho- Pu-4 Pu 3.041 
rhombic Pu-2 Pu 3.154 10 3.165 
Y Pu-4 Pu 3.294 
320 Face-cen- Pu-12 Pu 3.279 
tered-cubic 
6 12 3.279. 
440 6 Pu-12 Pu 3.275 12 3.275 
465 Body-cen- Pu-8 Pu 3.249 
tered-tet- 12 3.275 
ragonal 6’ Pu-4Pu 3.327 J 
485 Body-cen- Pu-8 Pu 3.239 
tered-tet- 12 3.275 
ragonal 6’ Pu-4 Pu 3.347 
490 Body-cen- Pu-8 Pu 3.149 
tered-cubic 
€ 8 3.149 
550 € Pu-8 Pu 3.156 8 3.156 


The 36 lattice-constant values, shown in Fig. 2, 
were fitted to straight lines by the least-squares 
method giving the equations 


a = 3.3220 + 0.0018 + (10.14 + 1.16) 10~* (t —460) 
c = 4.4969 + 0.0047 — (29.56 + 3.01) 10~* (t —460) 


where t is in °C and the uncertainties are standard 
deviations. Between 465° and 485°C the mean linear 
coefficient of expansion perpendicular to the c-axis 
is 

NOY Gen, = BOG s= jose 


and parallel to the c-axis is 
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Fig. 2—Curve of lattice constant ys temperature for 6’ plu- 
tonium. 


10° a, = —659 + 67 per °C. 


The standard deviations correspond respectively to 
+ 11.5 pet and + 10.2 pct uncertainty. For an aggre- 
gate of randomly oriented grains the average linear 
coefficient, expressed by a, =(2a, + a.) /3, is 


10° a, = —16 + 28 per °C 


the percentage standard deviation being very 
large because a, is so small compared to a, and a. 
This value is considerably different from the value 
of @, =—120x10° per °C reported earlier,* which 
was obtained by dilatometric means, in which orien- 
tation would have a marked effect. In view of the 
large coefficients, one negative and one positive, 
along the two different crystallographic directions, 
it is easily understood how a slight amount of pre- 
ferred orientation in the dilatometric specimen 
could give deceptive values for the linear coefficient 
of expansion. Since the dilatometric specimens were 
prepared from castings, the presence of some pre- 
ferred orientation in them is very probable. 


og EPSILON PLUTONIUM 
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oO (oF = 
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Fig. 3—Curve of lattice constant ys temperature for e plu- 
tonium. 
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The lattice constants of 9’ plutonium at 465°C as 
calculated from the equations are a — 3.327+0.003A 
and c = 4.482+0.007A, which lead to a calculated 
density of 16.00 g per cu cm. 


Plutonium 

The e plutonium crystallizes in a body-centered- 
cubic structure with two atoms per unit cell at 000 
and %, %, %.° Its temperature range of stability ex- 
tends from about 485° up to 639°+2°C, the melting 
point of plutonium.* 

For the determination of the thermal expansion of 
«, 25 measurements of the lattice constant were 
made over the range 486° to 552°C. All measure- 
ments except one were made with a single speci- 
men which was cycled three times in this tempera- 
ture range during the course of the measurements. 
As was done with 98’, the lattice constants were also 
determined from low angle lines, the positions of 
which were corrected by means of the silver inter- 
nal standard. The data, shown in Fig. 3, were fitted 
to a straight line by the least-squares method, giv- 
ing the equation 


a = 3.63479 + 0.00017 + (13.25+ 0.39) 10° (t —480). 


The mean linear coefficient of expansion for the 
range 490° to 550°C is 


the percentage standard deviation being +3.0 pct. 

The lattice constant of « plutonium at 490°C as 
calculated from the equation is 3.6361 + 0.0004A, 
which leads to a calculated density of 16.51 g per cu 
cm. 
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Neutron Diffraction Study of Annealing 


Textures in Drawn 


Body-Centered-Cubic Metals 


The annealing textures of cold-drawn molybdenum, iron, and an iron base alloy 
containing 14 pct Al were investigated as a function of annealing temperature by 
using neutron diffraction techniques. Upon recrystallization, the [110] deformation 
texture was retained in all cases, and the texture became progressively sharper with 
increasing annealing temperature. At high temperatures, however, in the case of 
molybdenum, a new texture appeared. An anomalous diffraction effect was ob- 
served for iron; certain (110) plane orientations yielded more integrated intensity 
than others. Consideration of the problem showed a magnetostrictive effect to be 
improbable, and a hypothesis concerning the preferred distribution of grains deviat- 
ing from the ideal [110] orientation is proposed. 
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HIS study represents an investigation of the effect 

of annealing temperature on the texture of drawn 
molybdenum, iron, and an iron alloy containing 14 
pet Al. The effect of temperature on annealing tex- 
tures has not been widely investigated in the past. 
One of the obstacles in making such a study using 
usual X-ray diffraction techniques results from the 
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Fig. 1—Schematic representation of the arrangement of the 
neutron diffraction apparatus. 
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Fig. 2—(110) neutron diffraction traces for 0.030 in. diam 


Mo wire in the as-drawn and annealed states, showing that 
the texture is largely retained in the annealed condition. 
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Fig. 3—(110) neutron diffraction traces for 0.025 in. diam 
Fe-14 pct Al wire in the as-drawn and annealed states, show- 
ing the effect of 600° and 1200°C anneals. 
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difficulty in comparing textures in materials with 
large grain size. Because of the relative transparency 
of most metals to neutrons, however, neutron dif- 
fraction techniques can be usefully adapted, since 
large diameter samples may be used in the inves- 
tigation. Because of this, reflections from a large 
number of grains can be obtained. 

Early studies have shown that body-centered- 
cubic metals are represented by a simple [110] tex- 
ture upon drawing.’ It was also observed that 
tungsten and molybdenum retained their [110] de- 
formation texture when annealed at low tempera- 
tures,’ although a [100] annealing texture has also 
been reported for molybdenum.* Iron wires, as well 
as iron containing 2 pct V or 2 pct Si, retain the 
[110] texture when annealed at 580° and 800°C.’ 
There is no information available concerning the 
sharpness of these textures as a function of anneal- 
ing temperature. 


Experimental Procedure 


The materials used in the study were treated in 
the manner described below. 

Molybdenum—The molybdenum was arc melted 
in vacuo and cast in the form of a 5 in. diam ingot 
which was then hot-formed to % in. rod. The rod 
was hot swaged and drawn to 0.070 in. diam, with 
the temperature progressively dropped from an 
initial temperature of 1300°C to a final temperature 
of 700°C. The wire was cold-drawn to 0.030 in. 
diam. Analysis showed that the carbon and oxygen 
contents of the material were 0.04 pct and less than 
0.003 pct, respectively. 

Iron—Carbony] iron powder, grade L, was pressed 
into a bar 3xlx% in. at 50 tons per sq in., pre- 
sintered at 1000°C, and sintered at 1200°C for 16 
hr. The sintered bar was swaged and drawn to a 
final diameter of 0.025 in. 

Fe-14 Pct Al—The Fe-Al alloy was prepared by 
induction melting under argon. The alloy was cast 
in the form of a %4 in. diam ingot in an argon atmos- 
phere and was swaged and drawn at 800°C to 0.100 
in. The bar was then cold-drawn to 0.025 in. 

The wire samples were annealed in vacuo at the 
temperatures and durations of time shown in Table 
I. The grain sizes of the samples are also shown. 


Table I. Annealing Data 


Anneal Tempera- Anneal Grain Diam, 
Material ture, °C Time Mm 


| 


0.002, Fibers 
0.01 


Mo 2 hr 

Mo 2000 2 hr 0.13 

Fe-Al As-drawn — 0.002, Fibers 
Fe-Al 600 lhr 0.008 

Fe-Al 800 lhr 0.06 

Fe-Al 1000 lhr 0.12 

Fe-Al 1200 1 hr 0.16 

Fe As-drawn — 0.004, Fibers 
Fe 600 lhr 0.02 

Fe 750 1 hr 0.08 

Fe 875 1 hr 0.08 


Metallographic examination indicated that complete 
recrystallization had taken place in all cases, as 
evidenced by the formation of equiaxed grains from 
the fine, fibrous, as-drawn structure. There was no 
evidence of discontinuous grain growth, although it 
could have been missed as a result of the large 
temperature interval. 

Suitable neutron diffraction samples were pre- 
pared by grouping enough 2 in. long pieces of wire 
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into a bundle to form a %4 in. diam cylinder. Ap- 1 
proximately the same amount of wire was used in 2200/- a 
each bundle of a given material to facilitate com- 
parison. A cylindrical specimen was mounted in an 
integrating pole figure goniometer similar in design 
to the one used for X-ray diffraction,* only consid- 
erably larger. The goniometer was designed to 
rotate the sample continuously about its cylinder 
axis during an experiment. A BF, gas proportional 
counter was situated at the proper 2 @ angle for 
measuring (110) reflections. The geometry of the 
setup is shown schematically in Fig. 1. The inten- 
sities of the reflections were measured as a function 
of rotation about axis A-A, with the angle set equal 
to zero when the axis of the cylinder was in the 
plane of the paper. The wave length of neutrons 
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was about 1.02A. | 200+ 

to 5, with the background level indicated on each 
figure. A simple [110] deformation texture was Fig. 4—(110) neutron diffraction traces for 0.025 in. diam 
observed for all three materials, as indicated by the 
intensity maxima at 0°, 60°, and 90°. zi 1 

As shown in Fig. 2, the [110] texture is main- 2200) 


tained for molybdenum annealed at 1100°C, but is 
considerably weaker than the deformation texture, 
as indicated by the drop in intensity and spreading 1800}- 
of the peaks. Upon annealing at 2000°C, the [110] 
texture becomes sharper, but another component 
also appears. The proper definition of this com- 
ponent cannot be made on the basis of one trace, but 
unpublished work of the authors concerning tex- 
tures in tungsten indicates clearly that a [320] 
texture develops at high temperatures. Since molyb- 


INTENSITY , X 16 COUNTS IN 4.3 MINUTES 
8 
T 


denum generally behaves similarly to tungsten, and i 
since the component that develops in molybdenum Goal 
exhibits many of the features of a [320] texture 
(evidence of peaks at 11°, 54°, 67°, and 79°), it or 
seems reasonable to assign this orientation to it. ae y 
The traces for the Fe-14 pct Al alloy are plotted Deas 
in Figs. 3 and 4. Simple [110] annealing textures 
are obtained at all temperatures studied. Annealing ANGLE FROM WIRE AXIS, DEGREES 


at 600°C resulted in a weaker texture than for the 
as-drawn alloy. The texture progressively sharpens 
with increasing annealing temperature and becomes 
sharper than the original deformation texture at 
200°C: 

Fig. 5 indicates that for iron the intensity at 0° 
increases with annealing temperature, while that at 
60° decreases. A glance at the width of the peaks 
indicates, however, that the texture sharpens pro- 
gressively with annealing temperature. The apparent \ 
anomaly in the relative intensities is believed to be 
due to scattering anomalies primarily in the as- 
drawn material, and will be discussed later in more 
detail. Unlike molybdenum and the Fe-14 pct Al 
alloy, no textures were obtained which were weaker FIBER AXIS 
than the deformation texture. Perhaps this is be- 
cause low enough temperatures were not inves- 
tigated in the case of iron. 


Fig. 5—(110) neutron diffraction traces for 0.025 in. diam Fe 
wire in the as-drawn and annealed states. 


Discussion 


The retention of the [110] deformation texture 
upon recrystallization is consistent with past work,” * 
although the [100] texture found for molybdenum 
by Fujiwara was not confirmed.’ A new high tem- 
perature texture, previously unreported, appears in 
molybdenum. This retention of the deformation 
‘texture upon recrystallization does not necessarily 
imply that there was no reorientation of the new Fig. 6—Pole figure representing a hypothetical distribution 
grains relative to the matrix upon recrystallization. of grains in the as-drawn condition. 
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Studies made on aluminum wires which when re- 
crystallized maintain the original [111] deformation 
texture indicated that reorientations were involved 
and could be described as rotations about the [111] 
pole parallel to the fiber axis.” ° 

The observed effect of annealing temperature on 
texture can be explained on the oriented-growth 
principle if it is assumed that the activation energy 
of grain boundary migration is a function of the 
misorientation between grains. In the oriented- 
growth theory it is assumed that nuclei of all orien- 
vations are present in the defermed metal and the 
ones that grow are so favored by having rapid 
growth rates compared to their neighbors due to 
their special orientation. The assumption might well 
be made that the increased sharpness of the texture 
with increased annealing temperature resulted from 
preferential growth of grains oriented with a [110] 
axis parallel to the wire axis, 

Without assuming a variation of activation energy 
of boundary migration with orientation, the ob- 
served weakening of the deformation texture upon 
annealing at low temperatures as well as the devel- 
opment of a new high temperature texture for mo- 
lybdenum cannot be explained by simple oriented- 
srowth principles. It has been assumed in the past 
that the activation energy for boundary migration 
is independent of orientation difference between 
grains,” ’ but recent work by Aust et al.* indicates 
that tne activation energy may have a strong de- 
pendence on orientation difference. Because of the 
lack of quantitative information concerning relative 
grain size, interfacial free energy, and grain bound- 
ary migration rates as functions of orientation, it is 
not possible to explain the results in a unique 
fashion on the basis of either oriented-growth or 
oriented-nucleation principles. 

The anomalous diltfraction effects in iron shown 
in Fig. 5 will now be considered. As stated earlier, 
the intensity of the peak at 0° appears to increase 
with annealing temperature, while that at 60° ap- 
pears to decrease. The results can be compared in 
a more quantitative fashion by correcting the peak 
intensities at 0° and 60° for the solid angle through 
which the reflecting planes are spread relative to 
the fiber axis, as suggested by Jetter, McHargue, 
and Williams.’ Thus 


[1] 


m 60° peak m Oo peak 


where m™ is the multiplicity for the given peak and 
I is the intensity at a given solid angle, V; m equals 
4 for the 60° peak and 1 for the 0° peak. Eq. 1 can 
be simplified by transforming WV into two mutually 
orthogonal angles, the azimuthal angle a and the 
angle of rotation 8, about the axis A-A indicated in 
Fig. 1. 


It can be shown that 


Idv =v sin BdBda = 27 fi sin BdB. 


Thus, from the condition stated by Eq. 1 
fr gdp = 1 sin Bd £. [3] 


600 peak Oo peak 


[2] 


The relative areas in arbitrary units computed by 
I sin 8 vs B and integrating graphically are listed in 
Table II in the columns labeled as uncorrected, for 
the case of the iron wire. The areas for the 60° 
peaks are divided by 4. Only the 0° and 60° areas 
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for a given trace can be compared, since the sample 
sizes were not precisely the same, The 0° and 60° 
peak integrated intensities are not equal for a given 
annealing treatment, though Eq. 3 indicates they 
should be equal. This is partly due to the change 
in diffraction geometry as the wire is rotated dur- 
ing an experiment. Since the trace obtained for 
material annealed at 875°C represents diffraction 
by well-annealed material with a strong [110] tex- 
ture, it is assumed that the main discrepancy in this 


Table II. Integrated Intensities for Iron 


Integrated Intensity Integrated Intensity 


for 0° Peak for 60° Peak 
Uncor- Cor- Uncor- Cor- 
Treatment rected rected rected rected 
As-drawn 1736 1.0 3495 1.3 
Annealed, 600°C 1647 1.0 2993 1.2 
Annealed, 750°C 1588 1.0 2676 1.1 
Annealed, 875°C 1332 1.0 2036 1.0 


case is caused by diffraction geometry, and that the 
correction factor applied for this is also applicable 
to the other results. The results after making this 
correction are listed in the columns labeled cor- 
rected. Comparison of the corrected columns for 
the 0° and 60° peaks shows that the scattering con- 
tribution to the 60° peak becomes progressively 
greater relative to that at 0° at a given temperature 
as the annealing temperature is dropped, until there 
is about a 30 pct discrepancy in the case of the as- 
drawn wire. From this it appears that the neutron 
scattering is greater from the (110) planes inclined 
at 30° from the fiber axis than perpendicular to it 
for the as-drawn metal. 

Two factors may be considered as being respons- 
ible for this discrepancy, a) a magnetostrictive 
effect, and b) a preferred distribution of deviating 
grains in the as-drawn state. These are discussed 
in turn. 

Magnetostrictive Effect—It is well known that an 
applied elastic stress on a ferromagnetic crystal will 
tend to line up the atomic magnetic moments in a 
special direction, the direction depending on the 
stress vector. Thus, it might be supposed that there 
are residual stresses in the as-drawn wire as a re- 
sult of the drawing operation that could influence 
the magnetization and hence be detected by neutron 
diffraction techniques. 

The general expression for the differential scatter- 
ing cross section of a magnetic ion for unpolarized 
incident neutron radiation is represented by the 
equation 


where F is the differential scattering amplitude, C 
is the isotropic nuclear scattering amplitude, D is 
the magnetic scattering amplitude, and q’?=1— 
(e°K)*, with e being the unit scattering vector and 
kK representing a unit vector parallel to the mag- 
netic moment vector of the magnetic ion.” Values 
of C and D have been calculated by Shull et al." 
for iron, so the magnetic scattering contribution to 
the 0° and 60° peaks for different magnetization 
directions may be calculated using Eq. 4. Avail- 
able evidence indicates that the magnetic moments 
have a high probability of being aligned along cube 
edges in iron." In Table III the magnetic scatter- 
ing contributions to the 0° and 60° peaks are listed 
for the following three limited cases: 1) random 
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distribution of moments along cube edges, 2) all 
moments along the cube edges inclined at 45° to 
[110] fiber axis, and 3) all moments along the cube 
edges at 90° to [110] fiber axis. Though unlikely, 
all moments along the [110] direction parallel to 
the fiber axis is a fourth alternative. 


Table II]. Magnetic Contribution to Diffraction Peaks for Various 
Magnetization Directions 
Parallel 
Peak Random 45° 90° to Fiber Axis 
0° 8.6 pet 6.5 pet 12.9 pct 0 
60° 8.6 pct 9.7 pet 6.5 pet 9.7 pet 


From Table III it is seen that only when the 
moments are parallel to and 45° from the fiber axis 
are the calculated contributions in the observed 
direction. Since all moments would probably not be 
aligned in the directions assumed, the actual dif- 
ferences in magnetic scattering are probably too 
small to account for the observed effect. It thus ap- 
pears unlikely that a magnetostrictive effect repre- 
sents an important contribution. 

Preferred Distribution of Deviating Grains in the 
As-Drawn State—When metals are plastically de- 
formed, the individual grains tend to become 
aligned with a definite crystallographic relation- 
ship to the direction of flow. Considerable attention 
has been devoted to attempting to understand the 
manner in which the orientations are achieved.” 
To date, however, little quantitative information 
has become available as to the details concerning 
the rotation of grains during the drawing operation 
and it is not known how grains deviating from the 
ideal orientation are distributed. Two types of 
distributions that could account for the apparent 
anomaly are discussed below. 

As mentioned earlier, a [320] component of the 
annealing texture for molybdenum seems to de- 
velop. The [320] texture is characterized by inten- 
sity maxima at about 11°, 54°, 67°, and 79° on a 
(110) trace. If a broad [320] component already 
existed in the deformation texture of iron, a broad- 
ening of the 0° and 60° peaks would result. The 
overlap between the 54° and 67° contribution also 
could increase the 60° maximum. If the [320] com- 
ponent tended to disappear upon annealing, results 
similar to those shown in Fig. 5 would be obtained. 


An alternative type of distribution which would 
correlate with Fig. 5 is shown in Fig. 6. If grains on 
the as-drawn metals tended to be aligned along 
the ridges indicated by the heavy tapered lines, 
with a distribution qualitatively represented by the 
width of the line, a contribution to the 60° peak on 
the (110) trace would result. 


Conclusions 

1) The body-centered-cubie metals investigated 
all have simple [110] deformation fiber textures. 

2) Upon recrystallization, the deformation tex- 
ture is retained and becomes progressively sharper 
with annealing temperature. At high temperatures, 
as in the case of molybdenum, new textures may 
develop, presumably as a result of grain growth 
after recrystallization. 

3) Some interesting intensity anomalies are ob- 
served in the case of iron. Certain (110) plane ori- 
entations yield more integrated intensity than 
others. A magnetostrictive effect of the observed 
magnitude is shown to be improbable. The hypo- 
thesis of a preferred distribution of grains deviating 
from the ideal [110] orientation is proposed. 
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Constant Strain Rate Bend Tests on 
Hydrogen-Embrittled High Strength Steels 


by W. Beck, E. P. Klier, and G. Sachs 


YDROGEN embrittlement of steels has recently 
attracted much attention because it is asso- 
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ciated with a variety of failures, especially those of 
aircraft structural components. For instance, one 
of the undesirable properties of the ultra-high 
strength steels used for landing gears is their pro- 
nounced susceptibility to hydrogen embrittlement 
during plating. The presence of hydrogen in these 
steels becomes particularly apparent through de- 
layed or sustained load failures of parts which have 
been subjected to low loads for an extended time. 

A number of variables are involved in causing a 
reduction of strength and ductility through hydrogen 
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Fig. 1—Presence of hydrogen and its effect on the stress- 
strain relation to the maximum load is shown in plot of ten- 
sile tests of hydrogen embrittled steel bolts. 


embrittlement. Prominent among these are the rate 


and duration of loading and the stress system. 


Conventional mechanical tests have been used to 
determine the effects of hydrogen embrittlement on 
the strength and ductility of steels. Most of these 
tests, however, are not adequate for a quantitative 
evaluation of the phenomenon, and in some instances 
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they are not even qualitatively adequate. This is 
because the quantities measured in these tests in- 
volve many other physical factors of complex nature 
which tend to cloud the significance of the results. 
Perhaps the regular tensile test is most typical in 
this respect.’ In this test hydrogen embrittlement is 
evidenced largely by a decrease in the reduction of 
area at fracture. The tensile strength is nearly un- 
affected even in the case of severe hydrogen embrit- 
tlement, for it is generally found that the presence 
of hydrogen in steels does not alter the stress-strain 
relation to the maximum load, i.e., the tensile 
strength in this test, as is shown in Fig. 1. The high 
value of reduction of area in the tension test gen- 
erally observed cannot be considered as a true 
measure of notch sensitivity, which is of major im- 
portance to the subject of hydrogen embrittlement. 
Frequently the reduction of area is found to be high 
for steels which are known to be notch sensitive.* 

In the tension test the stress state is a uniform 
uniaxial tension only until necking occurs, prior to 
fracturing. In the notch-tensile test the stress state 
is one of high triaxial stresses associated with a 
high stress gradient. It is desirable to study hydrogen 
embrittlement in a test where the stress gradient is 
present while the accompanying triaxiality is only 
mild. The bending of thin strips satisfies these re- 
quirements. 

For the present study, therefore, a simple bend 
test was devised in which a thin strip is bent as a 
column. This test permits accurate measurement 
of the fracture strains of a steel over a wide range 
of embrittlement conditions. This test is further 
characterized by a nearly linear increase in strain 
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Fig. 7—Effect of strain rate on the ductility of bend speci- 
mens. 


with reduction in column height and is, therefore, 
a constant strain rate test. This is in contrast to 
most bend tests which are constant bend radius tests 
and are thus equivalent to sustained load tests.” 

Among the difficulties encountered in studying 
hydrogen embrittlement is the evaluation of the 
large number of pertinent variables and the scat- 
tering of the test data. In order to achieve a desired 
rate of progress without sacrificing accuracy and 
completeness, it becomes necessary to test a very 
large number of specimens. This in turn requires 
that the selected test method be inexpensive. The 
bending test developed here meets this requirement. 

In the present report, tensile and bend test results 
obtained in a study of hydrogen embrittlement in- 
duced by cathodic treatment in a solution of sodium 
hydroxide are presented. The principal variables 
which have been examined include: 1) current 
density and time of charging, 2) strain rate, and 
3) recovery temperature and time. 

The material selected for the bend test was an 
SAE 1070 steel, obtained in the form of flat strips 
0.500x3.000 in. These were supplied in the heat- 
treated condition, having a hardness of Rc 48. 


MATERIAL: SPRING STEEL Re= 48 
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a0 EMBRITTLED AT: 30° ¢ IN 106 NaOH | 
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: a] Fig. 9—Effect of time of elec- 
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The bend specimen is shown in Fig. 2. All sur- 
faces were carefully ground. In order to test speci- 
mens of relatively high ductility, it was necessary 
to round off the ends by grinding to a semicircle. 

The fixture used for the bending tests is illus- 
trated in Fig. 3. In the tests, the maximum load, the 
fracture load, and the decrease in the separation of 
the anvils of the bending fixture were observed. The 
last-mentioned value is a measure of the ductility 
of the strip specimen, as is discussed subsequently. 


A few additional tests were performed on tension 
specimens machined from bolts of SAE 8740 steel 
and heat-treated to a hardness of Rc 50. 


The tensile test specimen obtained by grinding 
the bolt is illustrated in Fig. 4. 


The tension tests were performed with an adapter 
used for testing commercial bolts. 


The general procedure established was as follows: 
The specimen was impregnated with hydrogen and 
either tested immediately or stored prior to testing 
in a mixture of acetone and solid CO, for no more 
than 3 hr. As is discussed later, storing for several 
hours at —75°C in acetone and dry ice did not seem 
to alter the effects of hydrogen embrittlement on 
subsequent testing at room temperature. 


Despite this controlled procedure, considerable 
scattering of test results was encountered, particu- 
larly at intermediate levels of hydrogen embrittle- 
ment. For this reason, frequently two to four parallel 
tests were performed when it appeared necessary 
and the average value plotted in the graphs. 


Determination of Ductility in the Bending Test— 
In order to establish a true measurement of ductility 
in the bending test, four experiments on both virgin 
and embrittled specimens were first performed. In 
these experiments the following quantities were 
measured at close intervals: load, decrease in height, 
deflection from the centerline, and radius of curva- 
ture at the concave side of the bend. Since the 
specimen was a thin strip with a large slenderness 
ratio when used as a column (about 175), the usual 
assumption of strain distribution in pure bending 
may be made. Based upon such strain distribution, 
the maximum elongation of the outside fiber may 
be computed from the radius of curvature at the 
bend.* 


* The mathematical analysis of the specimen deformation is too 
lengthy to present here. It has been developed and presented as a 
report to Watertown Arsenal by K. N. Tong.® 


The test results in Fig. 5a to 5c clearly indicate 
that there exist unique relations among the different 
quantities measured independently of the degree of 
embrittlement. They confirm the observation that 
the presence of hydrogen has practically no effect 
on the stress-strain relations of a high strength 
steel, but that it does determine only the termina- 
tion of the stress-strain curve or fracture point.’ 
Because of this unique relation, fracture strain at 
the outside fiber can be obtained for all specimens 
from the decrease in column height (Fig. 5d). The 
maximum strain vs height curve is essentially 
linear, so that the total decrease in height at frac- 
ture is a good measure of the ductility of the speci- 
men, as it is directly convertible into percentage of 
elongation at fracture. 


Embrittlement Equipment and Procedure—To in- 
troduce hydrogen into the specimens apparatus was 
used consisting of a current source, current regulat- 
ing and measuring networks, and four electrolysis 
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Fig. 10—Effect of current density on embrittlement in 10 pct 
NaOH for 120 min. 
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Fig. 11—Effect of time of electrolysis on embrittlement in 10 
pct NaOH solution at 447 ma per sq in. 


cells. The cells used a 10 pct solution of high purity 
sodium hydroxide as electrolyte, platinum wire as 
anodes, and the specimens to be embrittled as 
cathodes. The cells were immersed in a water bath 
having a temperature of 30°C. Immediately before 
treatment in the cells, the specimens were carefully 
polished with 1/0 emery paper and degreased with 
carbon tetrachloride. 


Test Results 


Effects of Strain Rate—The most significant test 
results obtained in this study concern the effects of 
strain rate. In recent studies of hydrogen embrittle- 
ment in the tension test, it has been reported that 
as the strain rate decreases, hydrogen embrittle- 
ment first increases, reaches a maximum, and then 
decreases.’ In contrast to this concept, in the bend 
test more complex embrittlement response is ob- 
served (Figs. 6 and 7). 
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For cathodic treatments which are mild, embrit- 
tlement did not develop within the range of strain 
rates investigated. As the times of cathodic treat- 
ment are increased (Fig. 6), hydrogen embrittle- 
ment passes first through a maximum and then a 
minimum value as the strain rate is reduced. At still 
higher hydrogen contents (Figs. 6 and 7), a gradual 
decrease in ductility occurred, moving from a con- 
stant high value at high strain rates to a constant 
low value at low strain rates. Finally, for the most 
severe cathodic treatments, the ductility remained 
low at all strain rates (Fig. 7). 


It is interesting to note that both the upper and 
lower limits of ductility appear to depend only 
slightly upon the hydrogen loading conditions. The 
significant fact that the effects of a given hydrogen 
content can neither be entirely eliminated nor in- 
creased beyond limiting values needs investigation. 


Effects of Hydrogen Loading Conditions—It is 
clear from the foregoing discussion that the effects 
of hydrogen loading conditions on a sensitive me- 
chanical property cannot be definitely established 
by tests conducted at a single fixed strain rate. De- 
pending upon the strain rate, the test results may 
be insensitive either to the effects of small or of 
large quantities of absorbed hydrogen. The present 
study shows this to be particularly true for the 
effect of duration of cathodic treatment at a given 
current density (Fig. 8). The dependence of hydro- 
gen embrittlement on the current density was estab- 
lished completely only for one strain rate. How- 
ever, results of a few tests at other strain rates also 
followed the general pattern discussed previously, 
according to Fig. 9. 


The basic effects of current density and loading 
time on the development of hydrogen embrittle- 
ment obtained in bending tests on the spring steel 
strip were also confirmed by tensile tests on the 
bolting steel, as shown in Figs. 10 and 11. The re- 
duction of area of this steel varied with the condi- 
tions of hydrogen loading in much the same manner 
as the bending ductility of the spring steel. 


Recovery at Different Temperatures—Several 
series of tests were conducted in which hydrogen- 
embrittled specimens (200 ma per sq in. current 
density, 40 min) were held for different times at a 
given temperature. The temperatures selected were 
room temperature (air), 2°C (ultrazene, cooled in 
ice), and —75°C (acetone/dry ice). The results of 
these tests scattered within very wide limits and, 
therefore, are not reported in detail. 

The effect of temperature on the recovery from 
embrittlement, nevertheless, was clearly apparent. 
Approximately 50 pct of the specimens recovered 
to a ductility half way between that of the non- 
embrittled and embrittled condition, respectively, 
at the following times: room temperature (20°C), 
approximately 1 hr; 2°C, approximately 2 hr; and 
—75°C, approximately 1 day. 

Practically no gain in ductility was observed 
within the following times: room temperature 
(20°C), approximately 1 min; 2°C, approximately 
3 min; and —75°C, approximately 3 hr. 

It can be seen from these tests that the spring 
steel recovered at a rapid rate at room temperature. 
On the other hand, appreciable recovery did not 
take place during the prolonged testing periods at 
room temperature. For instance, the ductility of 
severely embrittled specimens remained very low 
when rates of straining extended the test time to 
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a period of several hours (Fig. 10). In the case of 
less pronounced embrittlement, the low hydrogen 
content necessitated a test period of several days 
and yet its presence could still be definitely estab- 
lished from the failures occurring afterwards. 


There appear to exist two possible explanations 
for this paradox. Either the recovery may be greatly 
retarded by the application of a load, or the effect 
of a slow strain rate may compensate for and oblit- 
erate the effect of recovery, under a wide range of 
conditions. 


Conclusions 


Hydrogen embrittlement of high strength steel 
has been studied for a variety of test conditions. The 
following conclusions are drawn: 


1) Hydrogen embrittlement may be conveniently 
evaluated in the bend test described. The test speci- 
men is well adapted for studies of embrittlement 
resulting from cathodic treatment or plating, and it 
is inexpensive. 


2) The bend test described is a nearly constant 
strain rate test and is, therefore, fundamentally 
different from constant bend radius tests which are 
effectively sustained load tests. 


3) Hydrogen embrittlement in the bend test is a 
more complex phenomenon than has been described 
from tension tests. 


4) In the bend test, recovery under load is dif- 
ferent from the recovery behavior of unstressed 
specimens. This is in contrast to the behavior of 
specimens loaded in sustained tension.* 
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Influence of Silicon and Aluminum on the 


Properties of Hot-Rolled Steel 


Small amounts of silicon added to steel act as a deoxidizer and lower the 
ductile-brittle transition temperature of the steel plate. Larger amounts, depending 
on the amounts of other deoxidizers already present, become an alloying addition 
and raise the transition temperature. Increasing aluminum contents up to 0.20 pct 
lowered the transition temperature at a rate depending on the amount of silicon 


and manganese present. 


by R. H. Frazier, F. W. Boulger, and C. H. Lorig 


| Peas are both advantages and disadvantages in 
using semikilled steels in place of killed steels. 
One advantage of semikilled steels is they provide a 
higher ingot-to-product yield. This is especially im- 
portant to shipbuilders in the time of national] emer- 
gency. By using semikilled steel for hull plates, a 
greater number of ships can be built from the same 
ingot tonnage. Consequently, if semikilled steel 
plates are adequate for the service, the advantage 
of the higher product yield is of considerable im- 
portance. 

The performance of hull plates is closely associ- 
ated with the ductile-to-brittle transition tempera- 
ture, and this, in turn, is strongly dependent on the 
composition of the steel. A low transition tempera- 
ture is desirable because it indicates that the steel 
is less likely to fail at low ambient temperatures. 

Killed steels are known to have lower transition 
temperatures than semikilled steels. It is believed 
that the better qualities of killed steels in this 
respect are due mainly to the low oxygen contents 
of the steel. The principal deoxidizers, aluminum, 
silicon, and manganese, lower the oxygen content. 
Fundamental studies”” have shown that the oxygen 
content remaining after the addition of one of these 
three elements is influenced by the residual amounts 
of the other two present. In the current study, 
therefore, various amounts of silicon and aluminum 
were added to steels containing different manganese 
contents for the purpose of studying the influence of 
silicon and aluminum on the notched-bar properties 
of hot-rolled steels. 

Eleven types of steels were studied. The tempera- 
ture at which the plates were finish-rolled was care- 
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fully controlled at 1850°F. All plates were rolled to 
34-in. thickness, and tested in the as-rolled condition. 

The total number of steels prepared in the labora- 
tory for this study was 95. The charge consisting of 
ingot iron and ferrosilicon equivalent to 0.10 pct Si 
was melted in a 200-lb induction furnace under an 
atmosphere of argon to insure low, uniform nitrogen 
contents. After the charge was melted and the de- 
sired temperature was obtained, the melt was partly 
deoxidized with either silicomanganese or aluminum. 
Aluminum was used for this purpose in only those 
steels with very low silicon contents, where the fin- 
ished steel was to contain some aluminum. This 
initial deoxidizing addition was made to obtain con- 
sistent recoveries of subsequent additions of ferro- 
manganese, ferrosilicon, and aluminum. Carbon, in 
the form of graphite, was added, either just prior to 
tap or to the final aluminum addition. The entire 
heat of 200 lb was poured directly into a 6x6-in. 
big-end-up mold. The ingots of semikilled steel 
were capped with a steel plate. The killed steels, on 
the other hand, were poured with a hot-top contain- 
ing 14 pct of the total volume of the ingot. 

The ingots were processed by heating to 2250°F, 
followed by forging to slabs 1%4 in. thick and 6 in. 
wide. After reheating to 2250°F, the slabs were 
rolled to 0.9-in. gage, using reductions of approxi- 
mately 1/6 in. per pass. The 0.9-in. thick plates 
were immediately recharged in a furnace held at 
1850°F. After 30 min in the furnace at 1850°F, the 
plates were rolled to %4 in. in one pass. Following 
the final pass, the plates were stacked on edge on a 
brick floor, with a brick separating one from an- 
other, where they were allowed to cool in air. 

Drillings for chemical analysis were taken from 
the plates at locations corresponding to the top and 
bottom of each ingot. Carbon, manganese, silicon, 
phosphorus, sulfur, and nitrogen contents of each 
sample were determined. The analysis of each steel 
was carefully controlled so that the contents of 
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Fig. 1—Influence of silicon on the 12- 
ft-lb keyhole Charpy transition tem- 
perature of five types of steel. All 
transition temperatures corrected to 


correspond to the 
of each steel. 


nominal composition 
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Fig. 2—Influence of aluminum on the 12-ft-!b keyhole Charpy transition temperature of six types of steel. All transition temperatures 
corrected to correspond to the nominal composition of each type of steel. 


phosphorus, sulfur, and nitrogen varied only slightly 
from average values of 0.017, 0.027, and 0.004 pct, 
In some cases, as 
could be expected, carbon and manganese were 
slightly above or below the nominal composition for 
a particular type of steel. Silicon and also aluminum, 
when present, were varied intentionally within a 


respectively, for these elements. 


series of steels of a given type. 
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Duplicate standard-strip tensile specimens, using 
full thickness of the plate, were prepared from each 
heat. Using these specimens, the upper and lower 
yield strengths, the tensile strength, and the elonga- 
tion values were determined. The upper yield 
strength was taken as the highest strength obtained 
before the drop of beam, while the lower yield 


strength was taken as the lowest strength after the 
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drop of beam and before the ultimate strength was 
reached. The elongation was measured over an 8-in. 
gage length. 

The tear tests were made using the type of speci- 
men and procedure described by Kahn and Im- 
bembo.* The specimens were prepared from the 6-in. 
wide hot-rolled plates after cutting them down the 
center to give strips 3 in. wide. The specimens were 
taken parallel to the direction of rolling and notched 
from the edge opposite the cut surface. This was 
done to insure that the sections to be tested had 
cooled from the hot-rolling temperature without 
having been affected by the more rapid cooling of 
the edges. 

Keyhole Charpy specimens were taken parallel to 
the direction of rolling and notched normal to the 
surface of the plate. Four tests were made at inter- 
vals of 10°F, using a pendulum with an available 
striking energy of 220-ft-lb and a velocity of 18.1 
fps. The transition temperature can be defined in 
these tests as the temperature at which the average 
energy-temperature curve crosses within the 12 or 
20-ft-lb level. The transition temperatures at both 
energy levels are reported in the present investiga- 
tion. 


Effect of Silicon and Aluminum on Ferrite Grain Size 


The ferrite grain size of each steel was determined 
by the grain-counting method.* The grain counts 
given in Tables I and II show the average number of 
ferrite grains per 0.0001 sq in. of steel. For steels 
with equal amounts of ferrite, the larger numbers 
indicate smaller ferrite grains. The average ferrite 
grain count of the 95 steels studied was 82 ferrite 
grains per 0.0001 sq in. of steel. The maximum de- 
viation from this average for the 95 steels was 24 
grains, which is equivalent to approximately one 
half ASTM grain size number. Silicon and alumi- 
num appeared to have no influence on ferrite grain 
size of the experimental steels air-cooled after a 
finishing pass at 1850°F. 

These plates had been heated to 2250°F before 
rolling; during rolling they cooled to 1850°F. There 
is little doubt that all of the plates had a coarse 
austenite grain size at the end of this rolling opera- 
tion. All of the plates had a coarse ferrite grain size 
after cooling to room temperature. Therefore, ques- 
tions arose concerning the effect of reheating and 
air-cooling on the ferrite grain size of the plates con- 
taining different amounts of silicon and aluminum. 
For this reason, the ferrite grain sizes of seven ABS 
semikilled Class B steels and seven aluminum- 
treated Class C steels were determined before and 
after normalizing at 1650°F. There was no differ- 
ence in the ferrite grain size between the two grades 
of steel in the as-rolled condition. For both grades 
of steel, normalizing produced finer ferrite grain 
sizes. On the average, the ferrite grain size of Class 
B steels increased one ASTM number, while the 
grain size of Class C steels increased 1.8 ASTM num- 
bers. An increase in the ASTM number indicates a 
smaller grain size. 

Ferrite grain size is known to influence the 
Charpy transition temperature of the steel.” 
Epstein® reported average decreases of 38°F by nor- 
malizing Class C steel. The transition temperature 
of both classes of steel changed proportionally with 
the change in ferrite grain size. 

These experiments indicate that the major bene- 
fits of fine-grained deoxidation practices are ob- 
tained in normalized rather than in hot-rolled plates. 
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Variations in deoxidation practice do not seem to 
have a marked influence on the ferrite grain size of 
plates in the rolled condition if they are rolled by 
identical practices. 


Effect of Silicon and Aluminum on the Austenite 
Grain-Coarsening Temperature 


Specimens, 4%x5x5 in., were heated for 4 hr in 
a temperature-gradient furnace similar to the one 
used by Halley.” The hot end of the specimen was 
over 1900°F, while the cold end was under 1500°F. 
This provided a temperature differential of more 
than 400°F in 5 in. of specimen. All specimens were 
oil-quenched after the 4-hr treatment. The speci- 
mens were then sectioned longitudinally, polished, 
and etched. Knowing the temperature gradient and 
the position of each specimen within the furnace, 
the grain-coarsening temperature could be deter- 
mined by examining the etched surface for change 
in grain size. 

The grain-coarsening temperatures for a number 
of experimental steels are reported in Tables I and 
II. Silicon had no effect on the austenite grain- 
coarsening temperature. 

The average coarsening temperature of the steels 
containing no aluminum and various amounts of 
silicon was 1524°F. Aluminum contents over 0.01 
pet raised the coarsening temperature approxi- 
mately 200°F to an average temperature of 1725°F. 
It must be remembered that, before rolling, the 
experimental plates were heated to 2250°F—much 
higher than the highest grain-coarsening tempera- 
ture determined. The experimental steels, therefore, 
probably had coarse austenite grains during and 
after the final rolling reduction. 


Effect of Silicon and Aluminum on the 
Tensile Properties 

Duplicate strip tensile tests were made from the 
34-in. plates rolled from the 95 experimental steels. 
A summary of the tensile properties is given in 
Tables I and II. 

Formulas given in Table III, showing the influence 
of silicon on tensile and yield point, were deter- 
mined by multiple-correlation methods. The data 
used to determine these formulas were corrected for 
small variations in carbon and manganese of each 
steel in question from the nominal composition of its 
type. The factors used in making these minor cor- 
rections were derived from a comprehensive study’ 
of the influence of carbon and manganese in semi- 
killed steel. These factors were in good agreement 
with those determined by other investigators*” from 
studies of killed steels. The factors were therefore 
applied to the high-silicon and high-aluminum steels 
in the present study. Such steels would also be of 
the killed type. : 

The formulas in Table III for steels of Types I, 
III, and V are in good agreement. The averages for 
these steels show that 0.01 pct Si raises the ulti- 
mate strength approximately 155 psi and the yield 
point 130 psi. These values agree with those reported 
for hot-rolled steel by other investigators.°’ Fewer 
steels of Types II and IV were tested and no ex- 
planation for the apparently more pronounced effect 
of silicon in such steels is available. 

Aluminum, in the range studied, had no effect on 
either the tensile or the yield point. 


Effect of Silicon and Aluminum on Charpy Properties 


The silicon content was independently varied in 
five types of steels, while the aluminum content was 
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Table |. Properties of Laboratory Steels with Various Silicon Contents* 


Charpy Properties 


Tear Test Transition 
Temperature, °F 


Tensile Properties Number of Austenite 
Yield Point, Energy Temperature, °F Probability Ferrite rain- 
Sili- Tensile Psi Elonga- Absorbed of 50 Pct Grains per 
Heat con Con- Strength, tionin8 at 80°F, 12 20 Brittle Sq In. at patie | ee 
Number tent, Pct Psi Upper Lower In., Pet Ft-Lb Ft-Lb Ft-Lb Kahn Specimens X100 ure, 
Type I (0.25 Pct C, 0.45 Pct Mn) Steels 
A6602 0.02 60,000 33,550 32,950 30.5 31 —0 +14 80 @P 71 eae 
A7663 0.03 61,100 35,050 34,500 Cool ela} 31 +2 +23 80 75 84 iio 
A6650 0.04 60,550 35,600 34,250 28.0 32 +4 +25 80 72 101 ee 
A7449 0.04 60,750 35,600 34,200 Sle 31 —1 +16 70 70 91 RET 
A8132 0.04 61,000 36,450 34,500 30.5 29 +9 +33 100 93 17 1500 
A6556 0.05 61,600 37,950 35,000 31.0 31 —7 +4 70 70 103 feos 
A6705 0.05 63,000 37,050 35,900 245 3t —15 +5 90 63 85 qa 
A6555 0.06 62,700 38,850 36,050 PATIAS) 32 —3 +12 80 68 88 fnas 
A6594 0.11 62,450 37,100 35,700 30.0 33 —29 —7 80 62 79 os 
A6657 0.14 63,350 34,200 33,650 26.5 34 —28 —2 70 64 73 aie 
A7526 0.20 65,000 36,950 34,900 29.0 32 — 34 —12 70 71 75 1315 
A8728 0.20 66,600 39,300 38,400 28.5 30 —38 —12 80 74 96 iete 
A8922 0.22 65,900 38,100 35,900 PALS) 30 —36 —14 100 85 89 ae 
A8747 0.26 66,100 37,100 35,850 28.5 30 —41 —17 90 78 79 5 
B865 0.29 66,850 38,200 36,200 26.0 30 —23 —3 90 719 W2 ‘ean 
A6696 0.31 67,200 37,400 36,650 26.0 32 —56 —28 70 68 75 aeaa 
A8729 0.38 73,450 40,650 39,300 27.0 25 —38 +5 90 85 99 53) 
B866 0.38 68,500 39,500 37,500 27.0 29 —40 —17 60 60 79 a 
A89I23 0.48 70,400 39,800 39,300 28.5 28 —59 —21 100 94 104 153 
B867 0.54 70,600 40,300 39,200 26.5 28 — 64 —33 80 75 92 7 
Type II (0.21 Pct C, 0.60 Pct Mn) Steels 
A8151 0.10 60,300 35,550 34,100 30.5 33 —38 —24 70 55 82 ==. 
A9265 0.12 61,200 35,750 34,250 28.5 _— —17 —5 90 71 64 1515 
A8375 Ooi 62,100 36,650 35,250 28.0 35 —37 —31 60 54 68 —= 
A9266 0.20 63,600 36,700 35,400 29.0 = —33 —18 50 46 83 1515 
A8376 0.26 64,300 37,050 36,200 28.0 36 —27 —11 70 54 79 1540 
A9275 0.39 67,350 40,100 39,500 24.5 32 —51 —22 80 60 73 1565 
Type III (0.21 Pet C, 6.75 Pct Mn) Steels 
A6651 0.01 62,300 37,200 35,700 28.5 38 —32 —24 70 60 72 1505 
A6603 0.02 64,900 37,550 36,850 23.0 37 —44 —29 80 65 85 1530 
A7664 0.03 62,300 36,100 34,800 29.5 34 —19 —7 80 69 83 1525 
A6641 0.04 62,850 36,550 35,350 24.0 38 —36 —25 80 65 71 1510 
A6588 0.06 62,350 35,550 34,900 28.0 37 — 33 —20 60 55 64 1525 
A6557 0.07 61,700 36,200 35,500 30.0 40 —33 —13 70 57 94 1525 
A6584 0.07 61,950 36,350 35,400 30.5 39 —27 —6 70 55 92 1515 
A7450 0.07 61,550 35,050 34,200 32.5 33 —26 —13 60 50 78 1540 
A6595 0.12 63,400 38,350 36,150 27.5 42 —58 —43 40 26 85 1510 
A8378 0.13 61,800 37,950 35,150 SiS 39 —46 —30 60 45 80 — 
A6695 0.16 64,300 38,450 36,700 26.5 39 —77 —57 30 27 74 1525 
A9262 0.17 63,050 39,000 36,250 27.5 _— —55 —44 50 29 88 1535 
A7528 0.20 63,650 36,350 35,950 O2.5 44 —55 —40 50 45 87 1530 
A6697 0.29 66,950 39,050 37,800 29.5 43 —45 —29 60 50 69 1535 
B868 0.31 66,700 40,200 39,150 27.5 37 —23 —6 70 60 74 = 
A8730 0.38 67,350 38,800 37,850 29.0 35 —27 —11 70 64 82 1530 
B869 0.42 67,700 40,450 39,200 26.5 38 —12 +1 80 65 77 — 
B870 0.52 69,650 42,700 41,700 27.0 33 —26 —10 70 64 78 —_ 
Type IV (0.19 Pct C, 1.00 Pct Mn) Steels 
A9271 0.06 63,400 37,350 36,250 29.5 42 —39 —28 40 34 59 1520 
A9272 0.15 64,700 37,500 37,050 30.0 — —48 —37 50 42 67 1530 
A9273 0.24 67,000 39,450 37,750 28.0 40 —43 —26 60 43 73 1530 
A9274 .34 75,900 46,250 45,150 24.5 — —55 —40 90 89 79 _— 
Type V (0.21 Pct C, 0.75 Pct Mn, 0.03 Pct Al) Steels 
A8904 0.02 63,100 36,250 35,200 29.5 — —29 —13 70 72 84 1760 
A7319 0.02 59,250 35,200 33,850 30.0 41 —36 —24 80 69 92 1750 
A7662 0.05 62,450 36,300 34,450 28.5 38 —42 —29 60 55 80 1730 
A8905 0.08 64,000 37,750 35,950 28.5 36 —54 —46 60 51 89 1760 
A8906 0.14 64,950 38,100 36,150 29.5 41 —55 —42 70 57 97 1775 
A8907 0.20 64,600 37,600 36,350 29.0 40 —70 —51 60 45 86 1770 
A8908 0.20 65,050 38,750 36,750 30.5 41 —77 —60 70 54 77 1770 
A8909 0.32 66,600 40,750 38,850 23.5 39 — 86 —68 50 43 76 1750 
B871 0.37 67,700 40,000 39,950 23.5 41 —88 —80 70 57 77 = 
B872 0.47 69,450 43,050 41,800 26.0 41 —98 —73 60 58 85 —_— 
B873 0.57 71,000 43,850 42,700 25-5 40 —93 —65 80 61 96 —— 


* Aluminum was added only to the Type V steels. All steels contained approximately 0.017 pct P, 0.027 pct S, and 0.004 pct N. 


varied in six. Four of the five types of steel with 
varying silicon contents had no aluminum added, 
while the fifth type contained approximately 0.03 
pet acid-soluble Al. This amount of aluminum is 
normally found in steels made by fine-grained prac- 
tice. The effect of aluminum was studied in steels 
containing three different amounts of silicon, each 
at two levels of manganese contents. 

The average energy-temperature curve was de- 
termined for each steel. From these curves, the tem- 
peratures shown in Tables I and II at the 12 and 
20-ft-lb values were obtained. 

The energy absorbed at room temperature is 
shown in Tables I and II. Neither silicon nor alumi- 
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num in the steels affected the energy absorbed in 
breaking Charpy specimens at room temperature. 

After adjusting the transition temperatures for 
small unintentional variations in carbon and man- 
ganese, regression equations shown in Tables IV and 
V were derived by multiple correlation methods. 
The small standard errors of estimate for each equa- 
tion indicate that these formulas fit the data very 
well. Figs. 1 and 2 show the adjusted 12-ft-lb tem- 
peratures and the trend lines calculated from the 
appropriate equation. 

The Charpy transition temperature was shown by 
the data to be lowered by small amounts of silicon. 
(The scanty data for the four Type IV steels indicate 
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Table Il. 


Properties of Laboratory Steels With Various Aluminum Contents* 


Charpy Properties 


Tear Test Transition 
Temperature, °F 


Tensile Properties = Probabil- Austenite 
= Transition ity of Number Grain- 
ield Elonga- Energy Temperature, °F 50 Pet of Ferrite Coarsen- 
ensile Point, Psi tion Absorbed Brittl i i 
Heat rittle Grains per ing 
a ent num Con- Strength, in 8 at 80°F, 12 20 Speci- Sq In. Tempera- 
umber ___ tent, Pct Psi Upper Lower In., Pct  Ft-Lb Ft-Lb Ft-Lb Kahn mens at X100 ture, °F 
lstis won Type VI (0.25 Pct C, 0.45 Pct Mn, 0.01 Pct Si) Steels 
-001 65,800 38,000 37,200 27.0 30 =! +20 100 100 58 
> : 1540 
Ae 0.002 57,800 33,750 32,200 26.0 35 +6 +22 110 94 77 1340 
ene 0.006 57,100 32,550 31,550 29.5 32 +2 +19 120 104 85 1535 
ia 0.027 59,000 35,400 33,400 28.5 36 16) 0 90 84 13 1670 
focee 0.028 58,400 34,450 33,850 S15) 34 —18 +4 80 76 90 1720 
9264 0.031 58,200 33,500 31,650 33.0 36 —8 —1 80 80 84 1725 
A6708 0.046 61,550 38,350 35,450 30.0 35 —14 —2 80 71 93 1690 
A8142 0.073 58,350 33,850 32,800 27.0 36 —16 —4 70 69 82 1705 
A8143 0.038 61,400 35,150 33,550 31.5 30 +2 +19 80 85 91 1685 
A6709 0.127 59,850 35,750 34,150 33.0 42 —56 —41 50 42 87 1785 
oes Type VII (0.25 Pct C, 0.45 Pct Mn, 0.05 Pct Si) Steels 
steels 0.000 61,600 36,910 34,980 32.2 31 —2 +16 82 73 — — 
A7531 0.006 60,550 35,550 33,950 32.5 34 —10 +2 80 70 78 1510 
A8136 0.019 63,400 35,950 34,150 31.0 29 —2 +14 90 91 68 1665 
A322 0.030 61,150 35,150 33,800 31.0 35 —26 =f 90 72 83 1690 
A7661 0.034 59,800 33,300 32,800 31.0 34 —19 —6 80 70 88 — 
A8137 0.061 60,800 35,250 33,450 31.0 33 —13 +2 70 65 91 1680 
A7529 0.091 62,450 37,750 34,800 315 31 —23 —5 80 70 89 1655 
A8745 0.211 63,750 36,800 34,700 28.0 34 —40 —27 50 39 78 1705 
Type VIII (0.25 Pct C, 0.45 Pct Mn, 0.10 Pct Si) Steels 
A6594 0.000 62,450 37,100 35,700 30.0 33 —29 —7 80 62 — — 
A8738 0.059 63,550 37,250 34,700 31.0 32 —24 —10 80 72 88 1725 
A8350 0.099 63,100 36,450 34,800 30.0 34 —38 —20 90 67 75 _— 
A8739 0.128 62,500 36,700 34,550 32.0 33 —32 —13 60 52 85 1690 
A8351 0.166 63,600 36,250 35,150 30.0 33 —55 —30 40 45 92 — 
A8740 0.260 64,300 36,350 35,250 29.0 35 —57 — 34 40 40 84 1600 
Type IX (0.21 Pct C, 0.75 Pct Mn, 0.01 Pet Si) Steels 
A6649 0.001 64,700 37,700 36,850 24.0 36 —27 —19 80 75 91 1495 
A8145 0.016 59,550 34,550 33,100 32.0 39 —15 —8 80 75 86 1625 
A7320 0.019 59,950 34,400 33,400 S15 41 —40 —24 70 70 74 1710 
A7319 0.032 59,250 35.200 33,850 30.0 41 —36 —24 80 69 — — 
A8146 0.064 60,600 34,750 34,000 31.5 45 —47 —42 60 56 85 1740 
het Type X (0.21 Pct C, 0.75 Pct Mn, 0.05 Pct Si) Steels 
vgs 
steels 0.000 62,600 36,050 35,120 26.0 37 —34 —22 70 60 — — 
A7660 0.004 61,400 36,050 34,600 31.0 40 —34 —22 70 65 84 — 
A8144 0.019 62,150 36,100 33,850 25.5 38 —36 --25 50 55 86 1720 
A7662 0.033 62,450 36,300 34,450 28.5 38 —42 —29 60 55 — —- 
A7530 0.084 62,550 36,600 35,400 31.0 42 —74 —61 40 45 93 1765 
A8141 0.150 62,650 37,950 36,150 28.5 40 —66 —48 10 15 95 1645 
A8746 0.192 57,800 33,100 32,450 33.0 44 —69 —58 30 30 84 1720 
Type XI (0.21 Pct C, 0.75 Pct Mn, 0.10 Pct Si) Steels 
Avg 5 
steels 0.000 62,080 36,780 35,280 30.5 39 —38 —21 60 47 — — 
A8905 0.036 64,000 37,750 35,950 28.5 36 —54 —46 60 Sill —_— — 
A8741 0.062 62,200 35,850 34,200 27.5 40 —48 —37 60 54 74 1775 
A8352 0.093 63,400 37,350 35,800 32.5 36 —60 —32 70 46 92 — 
A8742 0.131 64,300 37,050 36,400 30.5 36 —76 —59 40 42 84 —— 
A8353 0.167 63,100 36,500 35,400 30.5 39 —83 —60 20 19 73 1640 
A8743 0.269 63,550 36,650 35,350 30.0 36 —68 —64 80 80 91 — 


* All steels contained approximately 0.017 pet P, 0.027 pct S, and 0.004 pct N. 


no significant effect of silicon.) After reaching a 
minimum value, the transition temperature re- 
mained constant or increased with additional silicon. 
The silicon content at which a minimum transition 
temperature occurred depended on other constitu- 
ents in the steel. For example, judging mainly from 
the curves in Fig. 1 for Type I and Type III steels, 
the silicon content corresponding to the minimum 
point was reduced by increasing the manganese 
content. 

The chart for Type III steels in Fig. 1 indicates 
that there is an optimum silicon content for this 
grade of steel. The formulas in Table IV for steels 
of Types I, IV, and V indicate that their transition 
temperatures increase after some critical silicon 
content is exceeded. The experimental data indicate, 
however, that if this inversion occurs, it takes place 
at higher silicon levels than those of interest in ship 
‘plate. 

Data for the highest silicon contents investigated 
did not establish unequivocally whether or not high 
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silicon contents are deleterious. In order to choose 
the shape of the trend lines plotted in Fig. 1, equa- 
tions for both straight and curved lines expressing 
the relationship between silicon and keyhole Charpy 
transition temperatures were obtained by multiple 
correlation analysis. The equations fitting the data 
better, on the basis of the F test and smaller stand- 
ard errors, were used for plotting trend lines in Fig. 1. 

The Type III steels give strong evidence that the 
effect of silicon on Charpy transition temperature 
reverses at a critical silicon content. Furthermore, 
the data for the Type I and Type V steels fit the 
trend lines reasonably well up to silicon contents 
where a point of inflection would be expected from 
the equations. 

For these reasons, some speculations about the 
mechanism which could account for a reversal in 
the effect of silicon seem justified. 

Small amounts of silicon tend to deoxidize the 
steel, while larger amounts can serve as alloy addi- 
tions as well. Iron alloys with low oxygen contents 
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Fig. 3—Influence of silicon on the keyhole Charpy transition tem- 
perature of steels containing 0.21 pct C, 0.75 pct Mn with and 
without aluminum. 


are known to have low transition temperatures,” so 
that the first small additions of silicon to semikilled 
grades of steel may be expected to lower the transi- 
tion temperature. Additions of silicon large enough 
to have a definite alloying effect have been shown to 
raise the transition temperature.” Hence, the mini- 
mum transition temperatures, indicated in the 
curves of Fig. 1, are expected to occur at silicon con- 
tents where the alloying effect offsets the deoxidiz- 
ing influence of silicon. 


Table III. Equations for Calculating the Tensile Strength and Upper 
Yield Point of Hot-Rolled Steels with Different Silicon Contents 


Type No. 
of of Silicon Equations for Tensile Strength (TS) or 
Steel Heats Range, Pct Upper Yield Point (UYP) in Psi* 
I 20 0.02-0.54 TS = 63,464 + 15,311 x pct Si (1385) 
‘ UYP = 36,701 + 6,389 x pct Si (1579) 
II 6 0.10-0.39 TS = 59,336 + 20,614 x pct Si (532) 
UYP = 34,372 + 13,324 x pct Si (578) 
Ill 18 0.01-0.52 TS = 62,476 + 16,624 x pct Si (1497) 
UYP = 36,313 + 11,217 x pct Si (1258) 
IV 4 0.02-0.57 TS = 62,586 + 21,865 x pct Si (647) 
UYP = 35,429 + 20,777 x pct Si (1044) 
Vv 11 0.02-0.57 TS = 62,964 + 15,637 x pct Si (920) 
UYP = 36,233 + 13,475 x pct Si (698) 
* Numbers in parentheses are standard errors of estimate in 


pounds per square inch. 


In the presence of increasing amounts of man- 


ganese, less silicon is required to arrive at a mini- 
mum transition temperature, an indication of an 
interrelation in the deoxidizing effects of silicon and 
manganese. 

Based on the results for aluminum-free steels, the 
12-ft-lb Charpy transition temperature was low- 
ered approximately 2°F by each increase of 0.01 
pet Si up to about 0.20 pct. In the low-manganese 


1274—JOURNAL OF METALS, OCTOBER 1956 


240 
15 ft-lb V-notch Charpy temperatures 
from Rinebolt and Harris '!%!'") steels containingO.30%C, 
1.00% Mn deoxidized with IS poundsaluminum per ton 
Aaa of steel 
—--12 ft-lb keyhole Charpy transition temperatures, Battelle 
steels containing 0.21%C, 0.75% Mn,0-03% Al 
160 
120) 7 
5 
2 80 
(3 
i= 
= 40 
c 
te) 
vA 
w 
\ 
A 
-80 
00 2.00 3.00 


Silicon Content, per cent 


Fig. 4—Influence of silicon on transition temperature as reported by 
Rinebolt and Harris” and Battelle. 


steels, this beneficial effect of silicon continued up to 
about 0.50 pet Si. 


Table IV. Equations for Calculating Keyhole Charpy Transition 
Temperatures for Hot-Rolled Steels with Different Silicon Contents 


Equations for 12-Ft-Lb Charpy Transition Tem- 
peratures (TTi2) or 20-Ft-Lb Charpy Transition 
Temperature (TT2) in °F* 


Silicon 
of Range, 
Steel Pet 


Type 


I 0.02-0.54 TT = 15.57 — 274 x pet Si + 296 x pet Si2 (10.60) 
II 90.10-0.39 TTi2 = 22.25 — 48 x pct Si (10.10) 
III 0.01-0.20 TTi2 = —20.78 — 183 x pct Si ( 9.02) 
0.16-0.52 TTi2 = —78.46 + 154 x pet Si (13.16) 
IV 0.06-0.34 TT = —26.79 — 139 x pet Si+ 362 x pctSi2 ( 3.59) 
Vv 0.02-0.57 TTis = —24.56 — 284 x pct Si+ 335 x pct Si? ( 4.90) 
I 0.02-0.54 TT2 = 36.55 —263 x pet Si + 333 x pet Si2 (11.05) 
II 0.10-0.39 TT2 = —17.98 + 8 x pet Si (11.42) 
WI 0.01-0.20 TT2 = —6.80 — 158 x pct Si ( 9.03) 
TI 0.16-0.52 TT2 = —61.34 + 159 x pet Si (12.63) 
IV 0.06-0.34 TT2 = —25.22 + 24 x pet Si ( 5.40) 
Vv 0.02-0.57 TT2 = —8.46 — 308 x pet Si + 429 x pct Si? ( 5.69) 


* Numbers in parentheses are standard errors of estimate in de- 
grees Fahrenheit. 


The presence of 0.03 pet Al lowered the Charpy 
transition temperatures of the steels studied. Figs. 
1 and 3 show that the change produced by this small 
amount of aluminum depended on the silicon con- 
tent of the steel. The addition of 0.03 pct Al lowered 
the transition temperature 82°F in steels with 0.50 
pet Si but only 11°F in steels with less than 0.17 
pet Si. The data suggest that there was an inter- 
action between the effects of silicon and aluminum 
on the Charpy transition temperature. That is, the 
optimum silicon content for minimum transition 
temperature apparently depended on the aluminum 
content as well as the amount of manganese present 
in the killed steel. 

Rinebolt and Harris concluded that variations 
in silicon contents up to 0.62 pct had practically no 


10, 11 
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influence on the 15-ft-lb V-notch Charpy transition 
temperature of aluminum-killed steels. Neverthe- 
less, their data replotted in Fig. 4 show a drop of 


Table V. Equations for Calculating Keyhole Charpy Transition Tem- 
peratures for Hot-Rolled Steels with Different Aluminum Contents 


Equations for 12-Ft-Lb Charpy Transition 


Type of Aluminum Temperatures (TTi2) or 20-Ft-Lb Charpy 
Steel Range, Pct Transition Temperature (TT2) in °F* 
vI 0.001-0.127 TTi2 = 12.47 — 363 x pct Al ( 7.16) 
vil 0.000-0.211 TTi12 = —5.26 — 155 x pct Al (7-52) 
Vill 0.000-0.260 TT12 = —14.71 — 157 x pct Al ( 7.34) 
IX 0.001-0.064 TTi2 = —16.29 — 345 x pct Al ( 8.81) 
x 0.000-0.192 TTi12 = —35.41 — 211 x pct Al (13.23) 
XI 0.000-0.269 TT12 = —50.66 — 117 x pct Al (12.03) 
vI 0.001-0.127 TTx = 32.09 — 380 x pct Al ( 4.90) 
VII 0.000-0.211 TT2 = 12.61 — 175 x pet Al ( 5.89) 
VIII 0.000-0.260 TT = 6.61 — 147 x pct Al ( 6.28) 
IX 0.001-0.064 TT» = —3.47 — 384 x pct Al ( 9.15) 
x 0.000-0.192 TT2 = —22.69 — 191 x pct Al (14.54) 
XI 0.000-0.269 TTx» = --32.06 — 143 x pct Al (10.18) 


* Numbers in parentheses are standard errors of estimate in de- 
grees Fahrenheit. 


36°F in the transition temperature by raising the 
silicon content to 0.45 pct. Their tests showed that 
larger amounts of silicon raised the transition tem- 
perature rapidly. The trend line for their V-notch 
Charpy data and those for the keyhole Charpy data 
obtained in this investigation, as shown in the figure, 
were almost identical. 


Fig. 2 shows that increasing the aluminum content 
lowered the Charpy transition temperatures of the 
experimental steels. The six types of steel used to 
study the effects of aluminum all contained 0.10 pct 
Si or less. Formulas for calculating the 12 and 
20-ft-lb transition temperatures for steels containing 
various amounts of aluminum are given in Table V. 
Transition temperatures determined by both criteria 
responded similarly to increases in aluminum. The 
transition temperatures of steels containing 0.01 pct 
Si were reduced more by aluminum than those of 


Table VI. Ezuations for Calculating Tear Test Transition Tempera- 
tures for Hot-Rolled Steels with Different Silicon Contents 


Equations fer Tear Test Transition Tem- 
peratures at 50 Pct Probability of Brittle 
Specimens (TT:0) in °F* 


Type _ Silicon 
of Range, 
Steel Pet 


I 0.02-0.54 TTs0 = 87.50 — 93 x pct Si + 189 x pet Si? ( 7.69) 


II 0.10-0.39 TT=zo = 94.69 — 356 x pet Si + 717 x pet Si? ( 9.66) 
Ill 0.01-0.20 TT-o = 71.14 — 178 x pet Si ( 9.88) 
Ill 0.16-0.52 TTzo = 23.22 + 119 x pet Si ( 6.04) 


IV 0.06-0.34 TT-=o = 50.34 — 196 x pct Si + 916 x pet Si? (12.27) 
Vv 0.02-0.57 TTz = 73.96 — 154 x pet Si + 286 x pct Si? ( 7.73) 


* Numbers in parentheses are standard errors of estimate in 
degrees Fahrenheit. 


steels containing 0.10 pct Si. On the average, each 
increase of 0.01 pct Al in steels containing 0.01, 0.05, 
and 0.10 pct Si lowered the Charpy transition tem- 
perature 3.7°, 1.8°, and 1.4°F, respectively. 


Effect of Silicon and Aluminum 
on the Tear Test Properties 


Four tear test specimens of each steel were 
broken at each 10°F interval throughout the transi- 
tion zone. Data from each specimen were used to 
determine the transition temperature by two criteria. 
One criterion, developed by Kahn, defines the transi- 
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tion temperature as the highest temperature at which 
one or more of four specimens breaks with a brittle 
fracture. A brittle fracture is defined as one having 
less than 50 pct of the fractured area exhibiting a 
dull, fibrous, ductile texture. A transition tempera- 
ture by this criterion is based on the performance 
of only one specimen. This criterion sometimes gives 
an abnormally high transition temperature. For re- 
search purposes, such as for this investigation, a 
criterion based on the probability of 50 pct brittle 
specimens seemed more desirable. This criterion 
takes into consideration the performance of every 
specimen tested. In the present study, transition 
temperatures by both criteria were reported and, in 
most cases, showed the same trends. However, the 
standard errors for the regression equations, based 
on the second criterion, were much smaller than 
those for equations based on transition temperatures 
set by Kahn’s definition. 


The transition temperatures shown in Tables I 
and II were adjusted for small unintentional varia- 
tions in the carbon and manganese. Using the ad- 
justed data and multiple correlation methods, re- 
gression equations for calculating the influence of 
silicon and aluminum on tear test transition tem- 
peratures were determined. These formulas are 
shown in Tables VI and VII. The choice of equations 
giving either straight or curved trend lines was 
made on the basis of the type of equation giving the 
smaller standard error. 


Table VII. Equations for Calculating Tear Test Transition Tem- 
peratures for Hot-Rolled Steels with Different Aluminum Contents 


Equations for Tear Test Transition Tem- 


Type of Aluminum peratures at 59 Pct Probability of Brittle 

Steel Range, Pct Specimens (TT-:0) in °F* 

vI 0.001-0.127 TT=zo = 108.19 — 377 x pet Al ( 8.43) 
vil 0.000-0.211 TTs0 = 86.50 — 222 x pct Al ( 6.93) 
VIil 0.000-0.260 TT-0 = 82.31 — 156 x pct Al ( 5.81) 
IX 0.001-0.064 TTz = 81.15 — 203 x pet Al ( 7.67) 
x 0.000-0.192 TT-0 = 63.56 — 196 x pct Al ( 8.55) 
XI 0.000-0.200 TTzso = 60.79 — 189 x pct Al (10.35) 


* Numbers in parentheses are standard errors of estimate in 
degrees Fahrenheit. 


As in the Charpy tests, increasing the silicon con- 
tent in the range up to 0.20 pct lowered the transi- 
tion temperatures in tear tests. This was true for all 
types of steel studied, when the transition tempera- 
ture was considered to be the temperature corre- 
sponding to equal probabilities for ductile or for 
brittle fracture. The use of the Kahn definition sug- 
gested that the transition temperatures of steels, 
Types II and IV, were not improved by increasing 
amounts of silicon. These two exceptions were not 
considered important, because the apparent changes 
in transition temperature were either too small or 
based on too few data to be significant. 

Increasing the silicon content over 0.20 pct seemed 
to raise the transition temperature in the tear test. 


On the average, an increase of 0.01 pct Al lowered 
the transition temperature in tear tests about 2.4°F. 
This factor was slightly different for steels with dif- 
ferent silicon contents, as shown by the variations 
between coefficients of the equations in Table VII. 
Aluminum seems to have had the most pronounced 
effect in steels with 0.01 pct Si. These conclusions 
support those based on Charpy data obtained on the 
same materials. 
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It should be noted that considerable amounts of 
aluminum were required to produce appreciable 
changes in transition temperature. Aluminum con- 
tents of about 0.10 pct seem to be necessary to 
lower the transition temperature about 24°F from 
the level for hot-rolled aluminum-free steel. This 
quantity of aluminum is considerably larger than 
that of most commercial steels. The normal alumi- 
num content of fine-grained steels would not be ex- 
pected to improve significantly the transition tem- 
perature of hot-rolled plates. In this regard, the 
data for the Type III and the Type V steels are im- 
portant. The presence of 0.03 pct Al in the Type V 
steels did not significantly affect the transition tem- 
perature of steels containing less than 0.2 pct Si. In 
fact, in this case, the tear test transition tempera- 
tures tended to be slightly higher for the steels con- 
taining aluminum. 

The transition temperatures for the steels with 
0.21 pet C, 0.75 pet Mn, and 0.10 pct Si (Type XI) 
are especially interesting. The transition tempera- 
ture of this type of steel appears to have been sig- 
nificantly higher when the aluminum content was 
0.269 pct than when it was between 0.09 and 0.17 
pet. The effect of aluminum on this type of steel 
apparently reverses at about 0.2 pct Al. The Charpy 
data for the same materials, shown in Fig. 2, lend 
some support to this interpretation. Perhaps there is 
an optimum aluminum content which produces the 
lowest transition temperature. This is consistent 
with the data showing the effect of silicon on transi- 
tion temperature, but the data for aluminum are too 
scanty to justify a strong opinion on this point. 


Conclusions 
This study on the effects of variations in silicon 
and aluminum contents on the properties of hot- 
rolled steels, made in an induction furnace and 
rolled in the laboratory, leads to the following con- 
clusions: 


1) Small amounts of silicon lowered the transi- 
tion temperatures of the experimental steels in 
Charpy and tear tests. The keyhole Charpy data in- 
dicated that the 12-ft-lb transition temperature de- 
creased about 1.5°F for each increase of 0.01 pct Si 
up to the following silicon contents: 


0.50 pct Si in steels with 0.25 pct C, 
0.45 pct Mn, 0.00 pct Al 

0.40 pct Si in steels with 0.21 pct C, 
0.75 pct Mn, 0.03 pct Al 

0.17 pet Si in steels with 0.21 pct C, 
0.75 pct Mn, 0.00 pct Al. 


Increasing the silicon content above 0.17 pct tended 
to raise the Charpy transition temperature of alumi- 
num-free steels containing 0.21 pet C and 0.75 pct 
Mn. 

The data suggest that variations in silicon content 
within the narrow range characteristic of semikilled 
steels have no significant effect on their notched- 
bar transition temperatures. 


2) Increases in aluminum contents up to about 
0.20 pct also lowered the Charpy and tear test 
transition temperatures of steels made and processed 
in the laboratory. In this range, each increase of 
0.01 pct Al lowered the transition temperature about 
2.2°F in tear tests. The extent to which the Charpy 
transition temperature was lowered by adding 
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aluminum depended on the silicon content of the 
experimental steels. In steels containing 0.03 pct Si 
or less, each increase of 0.01 pct Al lowered the 
Charpy transition temperature about 3.7°F. Equal 
amounts of aluminum were only about half as effec- 
tive in lowering the Charpy transition temperatures 
of steels containing 0.05 to 0.13 pet Si. 

The quantity of aluminum normally present in 
steels made by fine-grained practice did not have a 
significant effect on the transition temperatures of 
the experimental steels tested in the hot-rolled 
condition. 


3) For these hot-rolled steels, each increase of 
0.01 pct Si raised the yield point approximately 130 
psi and the tensile strength approximately 150 psi. 


4) Variations in aluminum contents up to 0.27 
pct did not influence the tensile properties of the 
hot-rolled plates. 


5) Neither silicon nor aluminum influenced the 
ferrite grain size of the hot-rolled experimental 
steels. Apparently the ferrite grain size was con- 
trolled by the hot-rolling practice. All plates were 
finished at 1850°F. 


6) Normalizing from 1650°F produced a finer 
ferrite grain size in Class C ship plate steels (con- 
taining aluminum) than in semikilled Class B steels. 


7) Variations in silicon content up to 0.58 pct 
had no effect on the austenite grain-coarsening 
temperature. Aluminum, on the other hand, had a 
pronounced effect on grain-growth characteristics. 
The presence of 0.01 pct Al, or more, raised the 
coarsening temperature about 200°F. All of the ex- 
perimental steels, however, had coarsening tem- 
peratures below 1850°F, the temperature of the 
plates during the final rolling reduction. 


The opinions expressed herein are those of the authors and do 
not necessarily represent those of the Ship Structure Committee, 
the Bureau of Ships, the Dept. of the Navy, or the Advisory Com- 
mittee of the National Academy of Science, National Research 
Council. 
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Structure Dependent Chemical Activity Of 
Polycrystalline Cu,Au--Experiments Relating 


To the Mechanism of Stress-Corrosion 


Cracking of Homogeneous Solid Solutions 


The oxidation of copper by ferric chloride at structural sites in polycrystalline 
Cu;Au was investigated in connection with the mechanism of stress corrosion crack- 
ing of homogeneous solid solutions. Copper is selectively removed from the alloy at 
grain boundaries, incoherent twin boundaries, and deformation bands, irrespective 
of the state of order. It is proposed that the mechanism of structural failure depends 
on the creation of a compositional inhomogeneity by the selective removal of copper, 
which provides the driving force for continued reaction in directions defined by 


structural discontinuities. 


by Robert Bakish and William D. Robertson 


FTER more than fifty years of investigation and 

continuing failure in service, a satisfactory 
mechanism to explain stress corrosion cracking in 
homogeneous alloys is still lacking. 

The relative chemical activity of grain boundaries 
and adjacent grains, inferred from the boundary 
structure, has been used to explain intergranular 
cracking in a brass.’ This concept is probably correct 
as a general hypothesis, but it requires much more 
extensive development in order to explain satisfac- 
torily the observed phenomena. For example, the 
specific function of the solute in an alloy must be 
considered, because intergranular failure does not 
occur in pure metals,’ which are structurally simi- 
lar to homogeneous alloys. Also, in this connection, 
an intercrystalline fracture path in binary copper 
alloys can be changed to a transcrystalline path by 
relatively small ternary additions.’ The fracture 
path in @ brass is predominantly transcrystalline,* 
in contrast with an intercrystalline path in a brass. 
Whether the two different fracture paths are the re- 
sult of a difference in composition, crystal struc- 
ture, or the state of long range order is unknown 
and cannot be determined with B brass, because 
only the ordered state can be obtained at room tem- 
perature. 

The study of chemical activity at structural sites 
in the Cu-Zn system is restricted by the formation 
of opaque films in an ammonia environment in 
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which stress corrosion cracking is generally ob- 
served. Furthermore, both components of the alloy 
are chemically active and the interpretation of ob- 
servations is therefore relatively complicated. The 
Cu-Au system is a better choice for the purpose of 
studying structural factors. In particular, Cu,Au is 
very susceptible to cracking in ferric chloride and 
opaque films are not formed in this solution; it may 
be obtained in different states of long and short 
range order; and, finally, only copper is oxidized in 
dilute ferric chloride, which considerably simplifies 
the chemical problem. 

To provide information necessary for a more gen- 
eral explanation of stress corrosion cracking in 
homogeneous solid solutions, the following struc- 
tural factors have been investigated in a Cu-Au 
alloy having a composition corresponding to Cu,;Au: 
1) the effect of long and short range order; 2) the 
structural sites from which copper is removed from 
the annealed and cold worked polycrystalline alloy; 
and 3) the effect of annealing time and temperature 
on structural reactions in the cold worked alloy. 


Experimental Procedure 

A Cu-Au alloy of nominal Cu,;Au composition was 
east from cathode copper and high purity gold and 
fabricated into sheet and wire. Chemical analysis for 
copper and gold indicated 48.92 wt pct Cu and 51.01 
pet Au. Quantitative spectrographic analysis indi- 
cated 0.01 pct Ag, 0.002 pct Pd, 0.001 pct Pb, and 
0.002 pct Fe, with traces of magnesium, silicon, and 
zine. Presumably most of the remaining 0.055 pct 
corresponds to the limits of analytical precision. 

Heat treatments of wire and sheet were conducted 
in argon or vacuum. Wire specimens, 0.064 in. diam, 
were heated for 1 hr at 850°C to establish a definite 
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Fig. 1—Load-elongation diagrams of similar specimens of 
CusAu, ordered for 300 hr at 380°C and disordered at 
850°C, respectively, followed by quenching in both cases. 


grain size. They were then either quenched from 
this temperature or brought to lower temperatures 
to establish different degrees of short range order at 
600° and 420°C or held at 380°C for 300 hr for long 
range ordering, followed by quenching in ice water. 
All specimens were quenched to minimize differ- 
ences in quenching strain in the comparison of 
ordered and disordered states. Mechanical and elec- 
trical properties were measured to evaluate the 
state of long range order and disorder. 

The ordered alloys exhibited a well defined yield 
point at 15,000 psi, Fig. 1; yielding was accompanied 
by audible clicks, similar to twinning in tin. In the 
disordered state, the transition between the elastic 
and plastic ranges at 19,300 psi was well defined, 
but no yield point was observed. Resistivity of 
ordered alloys was 5.8x10° ohm-cm, which is higher 


than the minimum value of 4.4x10° ohm-cm,” ° ob- 
tained by very slow cooling. Resistivity of dis- 
ordered specimens was 11.5x10° ohm-cm, the value 
generally observed. From data of Keating and War- 
ren,’ who have determined the dependence of the 
long range order parameter on temperature, a value 
of 0.86 may be taken as approximately representing 
the fractional degree of long range order in the 
alloys used in this investigation. 

Evaluation of the effect of varying degrees of 
order on the path of fracture and relative suscepti- 
bility to fracture in 2 pct aqueous ferric chloride 
was made by determining the time to failure as a 
function of applied stress, and by detailed micro- 
scopic examination. Wire specimens were electro- 
polished® after heat treatment and tested in a lever 
loaded apparatus by applying axial tensile loads to 
the wires while they were surrounded by ferric 
chloride. Five specimens were tested at each stress; 
the plotted points in Fig. 2 represent arithmetic 
averages of time to fracture at each stress, and the 
shaded area indicates the observed maximum and 
minimum time limits. 

The effect of cold work in producing new sites of 
attack, and the effect of annealing time and tem- 
perature on the chemical activity of structural sites, 
were investigated after 40 days immersion in ferric 
chloride. In the latter experiments, specimens de- 
formed about 50 pct were heated for 30 min at tem- 
perature intervals of 100° from 100° to 800°C, fol- 
lowed by an ice water quench. After determining 
the recrystallization range, isothermal annealing at 
300°C was conducted for different periods of time 
from 30 to 12,000 min. The state of residual stress 
and recrystallization was followed in these speci- 
mens by resolution of the (331) and (422) Ka 
X-ray doublets in a focusing back reflection camera, 
and by metallographic observation. 


Experimental Results 
Effect of Long and Short Range Order on Crack- 
ing Susceptibility—It is apparent from the data 
plotted in Fig. 2 that all the indicated heat treat- 
ments and corresponding degrees of order, except 
the state obtained by quenching from 850°C after 
1 or 24 hr, fall in a single band of fracture stress vs 
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Fig. 2—Variation in time of 
fracture of CusAu in ferric 
chloride at different applied 
stresses and degrees of order. 
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time. In particular, there is no distinction between 
long range order obtained by quenching from 
380°C and short range order produced by quench- 
ing from 420°C or 600°C. Also, the comparative sus- 
ceptibility of varying degrees of order is the same 
in terms of absolute stress or stress relative to the 
respective yield stresses. 

In contrast with lower temperatures, specimens 
annealed and quenched after 1 or 24 hr at 850°C 
require significantly longer times for failure at any 
applied stress. 

Metallographic examination after stress-induced 
failure in ferric chloride showed that fracture in all 
specimens, whether ordered or disordered and ir- 
respective of the temperature of quenching, fol- 
lowed an identical intergranular path. When tested 
in air, fracture followed a normal transgranular 
path after extensive elongation. 

To evaluate the effect of oxygen in the alloy as a 
possible cause of failure common to all tests, speci- 
mens were annealed in dry hydrogen at 800°C and 
subjected to the cracking procedure. Results identi- 
cal with those shown in Fig. 2 were obtained. The 
possible precipitation of other impurities appears to 
be eliminated by the identity of values obtained by 
quenching from three temperatures and for differ- 
ent times at temperature. 


Oxidation of Copper at the Grain Boundary—The 
structure of the boundaries after immersion in fer- 
ric chloride for a period of 40 days is shown in Fig. 
3. It seems that copper has been selectively removed, 
leaving a sponge which is high in gold; spectro- 
graphic analysis of the aqueous solution failed to 
detect gold. In connection with the mechanism of 
this phenomenon, it-is significant that copper is re- 
moved from the body of the grains at the outer sur- 
face, and penetration also proceeds normal to the 
boundary plane into adjacent grains. The relative 
rates of penetration through grains and parallel 
with the grain boundary surface are apparently de- 
pendent only on the structural differences of grains 
and boundaries. In fact, the structural sensitivity at 
the boundary varies so much that an attempt to 
evaluate average penetration rate failed because of 
the extreme variation in rate at different boundaries. 

The effect of plastic deformation on the oxidation 
of copper was investigated with specimens quenched 
from 850°C, which were subsequently reduced in 
thickness 6, 50, and 76 pct by rolling. The appear- 
ance of specimens reduced 6 and 50 pct after 40 days 
immersion is shown in Fig. 4. Removal of copper is 
progressively shifted with increasing deformation 
from grain boundaries to the sites of plastic de- 
formation in the body of adjacent grains. Coherent 
twin boundaries, which are not attacked in the an- 
nealed state, become sites from which attack spreads 
into adjacent twins following plastic deformation. 

To investigate the nature of structural attack in 
more detail, annealed specimens and specimens 
strained in tension slightly beyond the yield point 
were reheated to 850°C for 96 hr after four months 
immersion in ferric chloride. It was anticipated that 
if a sponge’ were produced by the selective removal 
of copper at boundaries and at deformation sites in 
the grains, coalescence of small voids would take 
place and, since no driving force exists to move 
microscopic holes, they should remain near their 
original location. The resulting structures, Fig. 5, 
fully confirm the previous conclusion regarding the 
formation of voids by the selective removal of cop- 
per, particularly in the grains where they could not 
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Fig. 3—Micrograph of grain boundary structure of annealed 
CusAu after 40 days immersion in ferric chloride. X1000. 
Reduced approximately 20 pct for reproduction. 


be resolved without this subsequent treatment. The 
absence of a grain boundary pattern of holes in the 
deformed specimen indicates that attack was almost 
completely confined to the deformation structure in 
the grains. 

Time and Temperature Dependence of Recovery 
from the Effects of Plastic Deformation—It was 
established by the annealing experiments already 
described that the structural sites of attack in cold 
rolled Cu,Au, shown in Fig. 4, disappear after an- 
nealing for 30 min in the temperature range of 300° 
to 400°C. Immersion and examination of structures 
after isothermal annealing at 300°C indicated that 
the sites of deformation in the grains are deacti- 
vated in 50 to 100 hr at 300°C; no microscopic or 
X-ray evidence of recrystallization could be found 
in these specimens. However, the conclusion 
regarding the apparent absence of recrystallization 
is dependent on resolving and identifying new re- 
crystallized grains and, therefore, it can only be 
stated that the disappearance of activity in the 
deformated grains occurs immediately before, or 
coincident with, the earliest stage of recrystalliza- 
tion. 


Discussion of Experimental Results 

The results have shown, at least in Cu,Au, that 
the effect of long range order on intergranular 
cracking is negligible. Grain boundaries are, in- 
herently, in a state of relative disorder and evi- 
dently the state of order in adjacent grains does not 
significantly affect the chemistry or constitution of 
the boundaries. 

The time dependence of fracture is changed to 
a small but significant extent by quenching from 
850°C, and it is independent of time at temperature, 
Fig. 2. Lattice parameter measurements’ and specific 
heat measurements” have demonstrated that there 
is a difference in the state of short range order in 
Cu,Au, above and below 600°C. In addition, a 
study of critical resolved shear stress, measured at 
temperature, indicates a rapid change in mechanical 
properties occurring between 580° and 600°C.” 
Present experimental results are consistent with 
these observations insofar as a change in fracture 
properties also occurs above 600°C. It appears, 
therefore, that the difference in fracture suscepti- 
bility observed after quenching from 850°C may be 
associated with the state of short range order. 
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Fig. 4—Effect of plastic deformation of CusAu on structural reactions in feriic chloride: a) 6 pct deformation, b) 49 pct de- 
formation. X150. Enlarged approximately 15 pct for reproduction. 
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Fig. 5—a) Annealed, and b) plastically deformed specimens of Cu;Au after four months immersion in ferric chloride; c) and d) 
same specimens as a and b, respectively, after reheating to 850°C for 96 hr. X250. Reduced approximately 5 pct for reproduction. ~ 
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The preferential removal of copper from grain 
boundaries appears to be an intrinsic property of a 
boundary in a homogeneous solid solution in that it 
1s orientation dependent and not necessarily associ- 
ated with precipitation. In fact, the appearance of 
the structure after removal of copper is exactly 
similar to the structure observed when a volatile 
solute diffuses out of a polycrystalline aggregate at 
high temperatures, including the creation of holes.” 

The evidence indicates that the chemical removal 
of copper from grain boundaries is dependent on 
both alloy composition and structure. The phenome- 
non does not occur in pure copper containing struc- 
turally similar boundaries. On the contrary, pro- 
longed immersion of pure copper in ferric chloride 
produces grain boundary grooves with a stable di- 
hedral angle without continuous penetration in the 
plane of the boundary, similar to the grooves formed 
by thermal etching. 

In summary, both a structural path and a galvanic 
potential difference are necessary for continuing 
penetration. Reaction is nucleated at the surface 
trace of the boundary because of the unstable con- 
figuration at this location, which corresponds to the 
edge of a grain. Preferential removal of copper from 
the alloy creates a local inhomogeneity in the solid 
solution. The resulting potential of 0.2 volts be- 
tween Cu;Au and gold, measured in ferric chloride,” 
produces rapid and continuing removal of copper, 
in a direction defined by the boundary plane. In pure 
copper, nucleation occurs at the same structural 
site, where the grain boundary intersects the plane 
of the surface. However, the measured potential dif- 
ference between grains and grain boundaries in 
pure copper goes to zero with the formation of a 
stable groove and preferential penetration stops,* 
because the boundary itself does not provide the 
necessary chemical driving force. 

That the general phenomenon is electrochemical 
in character is supported by the following experi- 
ment, confirming the observation of Graf* in Ag-Au 
alloys. A pure copper strip was attached to a loaded 
specimen and ferric chloride was introduced be- 
tween the copper strip and the Cu;Au alloy. The 
potential difference between copper and Cu,;Au in 
ferric chloride is about 0.5 volts, with copper acting 
as anode. No failure occurred in 10 hr. A specimen 
loaded to the same stress but not protected by a 
sacrificial anode failed within several minutes. Re- 
versal of polarity with an external battery simply 
accelerated structural attack and failure. 

Sites of preferential oxidation of copper are pro- 
duced by plastic deformation in the vicinity of grain 
boundaries and twin boundaries, where the com- 
plexity of deformation and the associated stresses 
are highest. As shown by the holes, Fig. 5, reaction 
at these sites is not limited to surface traces but 
penetrates deeply into the grains. The presence of 
additional sites of attack reduces the intensity at 
any one site, in conformity with the general be- 
havior of galvanic systems.” Accordingly, it is prob- 
able that the latter effect accounts for the decrease 
in susceptibility to cracking that is generally ob- 
served after cold working different alloys.” 

The fact that, after annealing, the disappearance 
of attack at the deformation structure in the grains 
so nearly coincides with the start of microscopically 
visible recrystallization seems to indicate that the 
- recrystallization process may have started in the 
deformation sites, but it has not progressed suffici- 
ently to be observed microscopically. This implies, 
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of course, that major rearrangement of the structure 
in deformation bands is required before their chemi- 
cal activity is reduced to that of the more perfect, 
recrystallized grains. 

The function of stress may be divided into two 
parts. First, there is a mechanical problem in frac- 
ture involving stress concentration at cracks pro- 
duced by reaction, probably accompanied by chemi- 
cal reaction in the plastically deformed volume at 
the leading edge of the advancing crack. Second, if 
the stress is high enough, there is the production by 
plastic deformation of new sites of preferential re- 
action, initially concentrated near grain boundaries 
and twin boundaries. In a polycrystalline aggregate, 
grain boundaries are a preferential site of both re- 
action and stress concentration. Fracture takes place 
at this location in preference to all others, provided 
the necessary chemical conditions are satisfied. 

In general, the relative activity of alloy com- 
ponents will depend on the chemical environment. 
Therefore, susceptibility will be a function of both 
composition and environment.” Since it is impos- 
sible to reduce the difference in activity to zero in 
an alloy of two different metals, most alloys will be 
more or less susceptible in some environment, as 
indeed seems to be the case. Two classes of alloys 
may not be susceptible to this type of failure: 1) al- 
loys in which neither component reacts with the 
corrosive environment, and 2) alloys in which the 
concentration of the nonreactive component is large; 
for example, copper alloys high in gold, which ex- 
hibit none of the preceding phenomena. It is not yet 
clear whether the absence of susceptibility in the 
latter case is a structural effect related to the large 
number of nonreactive atoms or an allied electro- 
chemical effect associated with the composition. 


Conclusions 

1) Stress cracking susceptibility and the struc- 
tural path of fracture in Cu,Au are not affected by 
long range order. Presumably the boundaries are al- 
ready in a disordered state and order in adjacent 
grains does not alter their chemistry or constitution. 

2) Susceptibility to stress cracking is decreased 
by quenching from a high temperature. The effect 
appears to be associated with short range order. 

3) Copper, in Cu,Au, is removed selectively by 
ferric chloride from grain boundaries, incoherent 
twin boundaries, and deformation sites, leaving a 
gold sponge. The chemical removal of copper from 
grain boundaries is orientation dependent and an in- 
trinsic structural property of the boundary in a 
homogeneous solid solution. 

4) The mechanism of boundary reaction in a 
solid solution involves both a structural path and 
a potential difference. Reaction is nucleated at 
the boundary where selective removal of copper 
creates a local inhomogeneity in composition. A 
galvanic potential is developed between the alloy 
and the remaining gold, which supplies the driving 
force for continued penetration in a direction de- 
fined by the boundary plane. 

5) Cold work produces new sites of reaction ad- 
jacent to grain boundaries, twin boundaries, and in 
deformation bands. The disappearance of activity 
at these sites, after annealing, occurs immediately 
prior to the start of microscopically visible recrys- 
tallization. 

6) The spreading of reaction to sites of deforma- 
tion in the grains, and consequent diminishing in- 
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tensity of reaction at grain boundaries, explains the 
observed effect of plastic deformation in decreasing 
susceptibility to stress cracking. 
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X-Ray Diffraction Determination of The 
Coefficients of Expansion of Alpha Uranium 


The unit cell dimensions of orthorhombic uranium have been determined over the 
temperature range —253° to 640°C. Above room temperature (27°C), these data were 
found to fit the equations a;= a2; [1 + 17.2x10-® (t —27) + 30.8x10-° (t —27)], 


bs; [1—9.2x10-® (t —27) + 40.4x10-° (t— 27)? — 67.5x10—-¥ 
Cy = Coz [1 + 25.1x10-% (t —27) — 21.3x10-° 


(t— 27)? + 57.5x10-!* (t —27)?]. 


Mean coefficients were computed. Over the range —253° to 100°C, these were com- 


pared with dilatometer data. 


by J. R. Bridge, C. M. Schwartz, and D. A. Vaughan 


HERMAL expansion coefficients of a uranium 

were originally reported’ on the basis of X-ray 
diffraction measurement of lattice constants at 25°, 
300°, and 650°C. These data have been reproduced 
by Katz and Rabinowitch.? CuK radiation had been 
used in this work, with consequent crowding of the 
patterns. Considerable overlap of the back-reflec- 
tion lines was observed as the temperature was 
raised. Subsequent reexamination of the data led to 
_ the conclusion that errors had resulted from failure 
to obtain unequivocal indexing of the high angle 
reflections at elevated temperatures. 

The measurements have been repeated, using FeK 
radiation, which provided sufficient dispersion to 
assure proper indexing of the reflections, at each 
temperature level. The unit cell dimensions were re- 
determined at ten temperatures, from 25° to 650°C. 

Schuch and Laquer®* measured the macroscopic 
contraction from room temperature down to —253°C, 
and reported a negative value from —210° to 
—253°C; they suggested the possibility of the occur- 
rence of a phase change. In the present work, the 
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lattice constants of uranium have been measured 
down to —253°C, to test this hypothesis. 

Filings were prepared from a single piece of pure 
uranium bar stock. They were carefully cleaned 
with a magnet and pickled in nitric acid to remove 
traces of iron from the file’ They were then an- 
nealed at 600°C in a sealed evacuated silica tube. 
The annealed filings were pickled in strong nitric 
acid to remove any oxide layer, washed in water 
and alcohol, quickly dried, and sealed in evacuated 
thin-walled silica capillary tubes. If properly sealed, 
the sample could be heated to the e-8 transforma- 
tion temperature without significant buildup of the 
diffraction pattern of oxide. 

The high temperature X-ray diffraction camera 
was modified from the design of Hume-Rothery and 
Reynolds.* The thermocouple used to record the 
specimen temperature was calibrated from iattice- 
constant measurements of a standard silver speci- 
men, using the Hume-Rothery and Reynolds values 
for silver over the temperature range from 25° to 
700°C. Temperatures were reproducible to +10°C. 

Temperatures to —210°C were attained by pass- 
ing precooled gas over the sample. The gas from 
the cooling train was directed over the sample 
capillary tube and thermocouple by means of a 
chimney of 1-mil polystyrene. The 36-gage Cu- 
constantan thermocouple had been calibrated by 
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Immersion in liquid nitrogen and liquid hydrogen. 
Because of the rapid gas flow, the small mass of 
the sample, and its close proximity to the thermo- 
couple bead, it is believed that the specimen tem- 
perature was fairly well recorded. A single run was 
also made in which liquid hydrogen was passed over 
the sample, which in this case reached —253°C. 

Analysis of the Data—The Cohen method’ of 
analytical extrapolation of the observational data 
was used to eliminate the systematic errors of ab- 
sorption, eccentricity, and radius and film shrink- 
age. However, it was recognized that a large absorp- 
tion error would be unavoidable in the case of 
uranium samples, and that film shrinkage would 
produce an error of the same sign. It was therefore 
decided first to minimize the shrinkage error in each 
film experimentally, using the Straumanis arrange- 
ment’ of the film, and to eliminate the remaining 
errors by extrapolation. 

Cohen shows that the quadratic form of the Bragg 
equation for an orthorhombic crystal, corrected for 
systematic errors, may be written 


20, 2b, 


r ( + Désin = cos 


where D ¢ sin ¢ is the error term (in which D is a 
constant for any single film); OR) 


Bragg angle; h, k, and 1 are the Miller indexes of 
the reflecting planes; a, bo, and c, are the unit cell 
dimensions of the crystal; and \ is the X-ray wave- 
length. 

A set of measured cos’ ¢/2 values, obtained from 
a given film, provides a corresponding number of 
observational equations of the foregoing form. These 
are conveniently solved for the unit cell dimensions 
d, bo, and c, by the method of least squares. 

The larger the number of diffraction lines having 
Bragg angles (@) greater than 60° that appear on 
the film, the more precise is the analytical extra- 
polation. In the present investigation it was im- 
portant that the diffraction lines be unequivocally 
indexed at all temperatures. It was found that FeKa, 
plus Ka, radiation provided the necessary resolution 
and gave ten usable diffraction lines at 6 greater 
than 60° over the entire temperature range. 

Unit Cell Dimensions of a Uranium—The data 
obtained in the measurement of unit cell dimensions 
are listed in Table I. In the last column the cell 
volumes are given for each temperature as derived 
from the product of the three cell dimensions. 

The data for the temperature range 27° to 640°C 
are plotted in Figs. 1 and 2. The curves drawn in 
these figures were obtained by the least squares 
method of solution of an expression of the form 


X, = Xx (1 + aT + BT’ + 


where a, f, and y are constants; X; is the lattice 
parameter at temperature t°C; X,, is the lattice 
parameter at 27°C; and T is the difference in tem- 
perature (t — 27°). 

The resulting equations* are as follows 


* These equations, and the smooth curves of Fig. 1 derived from 
them, appear in a compilation of physical constants of uranium: 
AEC, The Reactor Handbook. 1955, vol. 3, sec. 1, Washington, D. C. 
General Properties of Materials, AECD-3647, Supt. of Documents. 
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Table |. Measured Unit Cell Dimensions of a Uranium 


Cell 

Volume 

Expo- Temper- in 
Sample sure ature, do, bo, Co; Cubic 
No. No. °C A* A* A* A* 

23 D —253 2.8416 5.8657 4.9306 82.18 
15 (a —210 2.8363 5.8662 4.9353 82.12 
5 E —210 2.8394 5.8666 4.9316 82.15 
5 B —185 2.8378 5.8664 4.9352 82.16 
LE B —185 2.8413 5.8679 4.9389 82.34 
10 D —150 2.8432 5.8682 4.9396 82.41 
8 G —150 2.8383 5.8662 4,942, 82.30 
10 Cc —100 2.8420 5.8671 4.9429 82.42 
8 F —100 2.8434 5.8693 4.9456 82.54 
5 Cc —85 2.8450 5.8645 4.9426 82.46 
10 B +27 2.8541 5.8692 4.9548 83.00 
6 A +27 2.8551 5.8682 4.9570 83.05 
ve B +27 2.8531 5.8656 4.9571 82.96 
15 E +97 2.8605 5.8673 4.9636 83.31 
7 (@; +100 2.8580 5.8663 4.9621 83.19 
p L +102 2.8612 5.8669 4.9672 83.38 
13 R +102 2.8593 5.8659 4.9685 83.33 
6 6. +175 2.8615 5.8672 4.9716 83.47 
13 J +200 2.8659 5.8644 4.9769 83.65 
13 M +275 2.8720 5.8637 4.9875 83.99 
6 B +325 2.8759 5.8651 4.9901 84.17 
6 D +400 2.8866 5.8627 4.9993 84.61 
13 K +400 2.8821 5.8563 5.0040 84.46 
15 B +451 2.8900 5.8558 5.0146 84.86 
13 Oo +475 2.8924 5.8539 5.0176 84.96 
15 Cc +521 2.9007 5.8550 5.0284 85.40 
13 152 +550 2.9053 5.8456 5.0396 85.59 
15 D +572 2.9055 5.8443 5.0379 85.55 
15 F +612 2.9156 5.8386 5.0533 86.02 
15 G +640 2.9160 5.8358 5.0539 86.00 

* These values are in true angstroms,’ using FeKa1 = 1.93597A 


and Kaz = 1.93991A. 


[100] a, = ax [1 + 17.2x10°T + 30.8x10°T?] 


[010] b, = by, [1 —9.2x10°T + 
40.4x10°T? — 67.5x10“T*] [2] 


[001] c, = cy [1 + 25.1x10°T — 


Volume V, = V,, [1 + 45.0x10°T — 
3.4x10°T? + [4] 


Since for most engineering applications the change 
in dimensions on heating above room temperature 
is desired, it is more practical to know the mean 
coefficients between room temperature and the vari- 
ous temperatures through the a range. Table II gives 


the mean coefficients of thermal expansion am in 
each of the three crystallographic directions and the 
volume coefficient; these were derived from the 
curves in Figs. 1 and 2 by substitution in the follow- 
ing equation 

X,— Xos 


where X;, is the value taken from curves for da), bo, Co, 
and volume at various temperatures t, and X., is 
the cell dimension or volume at 25°C. 

The lattice-constant data obtained below room 
temperature did not fit the extrapolations of Eqs. 
1, 2, or 3. Therefore, the mean coefficients of thermal 
expansion, over the temperature range —253° to 
+100°C, were obtained by direct substitution of the 
low temperature data of Table I into Eq. 5. The 
results for each crystallographic direction appear in 
Fig. 3. These were computed with reference to 0°C, 
rather than 25°C, in order to compare the X-ray 
results directly with the corresponding dilatometer 
data reported by Schuch and Laquer.® These curves 
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show a significant difference in dilation among the 
three crystallographic directions. Of particular in- 
terest is the absence of a significant change in dimen- 
sions in the b direction below room temperature. 


= Xt — Xos 
Table II. Mean Coefficients of Thermal Expansion om = Xo3(t — 25) 


as Computed from the Curves of Figs. 1 and 2 per AG; 


er- = 

°C aax10-6 apx10-4 acx10-® 
20.3 —1.4 22.2 45.8 
ba —1.5 23.2 45.8 
175 22.9 —1.7 22.9 45.8 
225 23.5 —1.9 23.1 46.4 
275 25.2 —2.0 23.2 47.7 
325 26.5 —2.4 23.9 48.6 
375 27.8 —2.9 24.8 50.3 
425 29.5 —3.6 25.8 51.8 
475 30.8 —4.7 53.6 
525 32.5 —5.7 28.8 55.9 
575 34.2 —71 30.9 57.8 
625 35.9 —8.6 33.0 61.0 
650 36.7 —9.3 34.2 61.5 


The a and c-axes show a normal expansion with 
temperature, except that the a-axis shows a slight, 
but apparently significant, increase in size on de- 
creasing the temperature from —210° to —253°C. 
Thus the bulk dilation of polycrystalline samples 
having preferred orientation will depend upon the 
direction measured. For randomly oriented crystal- 
lites in massive metal the true coefficient of linear 


expansion is a = (aa + ab + ac)/3 while the 
volume expansion is 3a. The X-ray values of the 
true linear expansion of uranium are plotted in 
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Fig. 3—Mean change in length per unit length for each of 


the crystallographic directions, over the temperature range — 
from —253° to +100°C. 
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Fig. 4 along with the dilatometer data reported by 
Schuch and Laquer.® The results are in fair agree- 
ment. However, the trend of the X-ray data sug- 
gests a slightly greater slope; this may indicate a 


small amount of preferred orientation remaining in 
the dilatometer sample. 


Discussion of Results 

Comparison of the curves of Fig. 1 with the orig- 
inal X-ray data on thermal expansion of « uranium? ” 
shows that the former were considerably in error. 
In particular, it is evident that the b-axis continues 
to contract with increasing temperature, rather than 
attain a minimum at approximately 300°C as was 
previously indicated. The a and c-axes show a uni- 
form expansion somewhat greater than previously 
reported. There are no phase changes or nonuniform 
changes in density indicated over the temperature 
range 27° to 650°C, 

Below room temperature, the contraction of the 
b and c-axes with decreasing temperature is normal, 
although in the b direction the change is small. The 
a-axis also contracts in a normal manner to —210°C, 
but appears to expand again at —253°C. As a result, 
the plot of mean coefficients, Fig. 3, shows a mini- 
mum in the a direction. In Fig. 4, the volume mini- 
mum between —210° and —253°C is less pronounced, 
since the a expansion is partially masked by the 
continued b and c contraction. 

The X-ray data at liquid hydrogen temperature 
represent a single observation, and the results can- 
not be considered without reservation. It is of in- 
terest, however, to compare these data with the 
dilation values of Schuch and Laquer,® which are 
reproduced in Fig. 4. The results are consistent, 
although the scatter in the X-ray data precludes 
positive verification of the negative expansion at 
low temperature. Further X-ray diffraction experi- 
ments are needed. It may be pointed out, however, 
that the X-ray pattern at —253°C is that of a ura- 
nium; no phase transformation occurs. 
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Fig. 4—Comparison of dilatometer and X-ray diffraction de- 
termination of the mean coefficient of thermal expansion of 
a uranium over the range from —253° to +100°C. Short 
dashed line represents the data of Schuch and Laquer.® 
Circles represent X-ray diffraction data. 
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Study of Ferrous Ternary Diagrams in Relation to 
Magnetic Interactions: Fe-Ni-Al System 


A thermodynamic analysis of the y loop in iron alloys recently published by Zener was applied 
to the ternary phase diagram Fe-Ni-Al. From this analysis two separate parameters, AT macnetic and 
AT martensite, Were obtained, which describe the influence of the alloying elements upon the mag- 
netic transformation range and a hypothetical martensite temperature, respectively. Extrapolation 
of the resulting values, plotted against the atomic fraction Ni/(Ni-+-Al), indicates an anomalous 
effect of aluminum on the ferromagnetic characteristics of iron. An interpretation of the anomaly 
is advanced in terms of short range magnetic order above the Curie point. 
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ECENTLY, C. Zener’ published a new thermo- 
dynamic treatment of the a/y transformation in 
iron alloys. His interpretation differs from the pre- 
vious theories**® mainly through the separation of 
the free energy difference, G*—G’, into two additive 
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Fig. 1—Portion of Fe-Ni-Al phase diagram after Bradley, 
and equiamount curve of the a+ area, at 1350°, 1250°, 
1150°, 1050°, and 950°C. 


parts: 1) a nonmagnetic part, which represents the 
hypothetical case that the magnetic moments of 
the individual atoms remain coupled to one another, 
and 2) a magnetic part, which arises solely from the 
absorption of heat associated with the gradual un- 
coupling of the magnetic moments. For the case of 
a closed y field, Zener deduced quantitative rela- 
tions between the shape of the y loop and the effect 
of the alloying elements on the magnetic trans- 
formation. 

In general, the new treatment gives a better 
agreement with the experimental data, but in the 
case of the Fe-Al system, some discrepancy be- 
tween theory and experiment still arises. Here, 
however, Zener’s analysis of the y loop could not be 
applied directly; the loop is so narrow that it is 
rather difficult to tell anything about the detail in 
its shape. In the present study the artifice is in- 
troduced of enlarging the Fe-Al y loop by adding a 
suitable third element, namely nickel, which opens 
the y field. With the transition from the binary Fe- 
Al system to the ternary Fe-Ni-Al system, the y 
loop is expanded and, therefore, more suitable for a 
quantitative analysis of its shape. The analysis of 
this ternary y loop, carried out by means of vertical 
sections through the iron corner of the ternary 
phase diagram, is presented further on. 

This analysis of the y loop did not remove the 
discrepancy for the Fe-Al system: the interpreta- 
tion in terms of Zener’s theory seems to be in dis- 
agreement with the Curie temperature data.” A 
preliminary attempt is made to understand this 
anomaly in terms of the differences between the 
ferromagnetic characteristics of alloys and those of 
pure iron. 


Previous Work on the Fe-Ni-Al Phase Diagram 

Much work has been done on the Fe-Ni-Al sys- 
tem in the last twenty years. W. Koster® established 
the phase diagram by microscopic, thermal, and 
magnetic analyses. A. J. Bradley and A. Taylor’ 
discovered by X-ray investigations on slowly cooled 
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alloys that at low temperatures, besides the a and 
y phase, there exist two ordered phases a’ and 7’. 
S. Kiuti,"°-’ who independently detected the a + a’ 
miscibility gap, did rather extensive experimental 
work. His phase diagram, however, is in disagree- 
ment with the principles of the phase rule. At tem- 
peratures below 1000°C, the three-phase area 
a +a’+y in the isothermal cuts is not delineated 
by straight lines. Apparently the heat treatment 
used by Kiuti was too short to get equilibrium 
structures. W. Dannohl® tried to combine Koster’s 
experimental results with the low temperature 
phase diagram established by Bradley and Taylor. 
Unfortunately he took Koster’s vertical sections 
through the aluminum corner for sections parallel 
to the binary Fe-Al diagram. Therefore, he got 
some additional discrepancies. 

The most recent establishment of the Fe-Ni-Al 
phase diagram was carried out by A. J. Bradley,*” 
who metallographically investigated the ternary 
system up to 50 atomic pct Al from 1350° to 750°C. 
His rather accurate data are presented by isother- 
mal cuts through the ternary phase diagram (see 
Fig. 1). In part I of Bradley’s papers,“ special at- 
tention has been paid to the widening of thea+y 
miscibility gap between the a and y single-phase 
fields. Therefore, Bradley’s data are particularly 
suited for use in an analysis of the iron rich corner 
in the Fe-Ni-Al diagram. 


Vertical Sections Through the Iron Corner 
And Equiamount Curves of the a+ y Area 


From the isothermal sections in Bradley’s work, 
several vertical cuts through the iron corner of the 
Fe-Ni-Al diagram were constructed in the range of 
composition Ni: Al from 25:75 up to 70:30 (atomic 
pet). The cut with the concentration ratio Ni: Al = 
55:45 represents approximately the border between 
the occurrence of a closed y field and of an open y 
field. The considerations are restricted to the cuts 
with closed y field, Fig. 2. 

With increasing concentration ratio Ni:Al, the 
a+ y field expands to higher amounts of the alloy- 
ing elements. It is clearly seen from Fig. 2 that the 
a+y loop is not delineated symmetrically with 
respect to temperature; there is a tendency for the 
loop to rise toward higher temperatures. Follow- 
ing Zener’s theoretical treatment, the shape of the 
y loop in the vertical sections through the iron 
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Fig. 2—Fe-Ni-Al, sections through the iron corner. 
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corner will be used for a quantitative thermo- 
dynamic evaluation. 

For this analysis Zener,’ in order to simplify the 
thermodynamic treatment, introduced hypothetical 
equiconcentration curves defined to give the con- 
centrations at which two phases would be in equi- 
librium with one another, if the constraint is im- 
posed that the two phases are to have the same con- 
centration. It is not possible to localize these hypo- 
thetical curves exactly in the phase diagram. Never- 
theless, equiamount curves can be introduced, which 
are defined to give the overall concentrations at 
which both equilibrium phases are present in equal 
amounts. These equiamount curves are approxi- 
mately equivalent to the equiconcentration curves. 
They can be derived from the phase boundaries of 
the a+ y field, since they are the loci of the tie 
line midpoints. 

Unfortunately, most of the published experi- 
mental work on ternary diagrams does not include 
the determination of tie lines. In comparatively 
simple cases, a rough idea about the trend of the tie 
lines may be gained from the general rules applying 
to isothermal sections in ternary phase diagrams. 
In the case of the Fe-Ni-Al phase diagram, no tie 
lines have been determined by experimental work 
except for room temperature. But, approximately, 
the whole series of tie lines can be inserted by con- 
tinuously changing their direction across the two- 
phase area. In Figs. 1 and 2, the equiamount curves 
of the a+ y region are represented by dot-dash 
lines. The equiamount curves for the different con- 
centration ratios Ni: Al are collated in Fig. 3. From 
this compilation, which will be used for the analysis 
of the a+ y loop, the uplifted shape of the a+ y¥ 
loop is seen again very distinctly. 


Analysis of the y Loop 

Zener’s Thermodynamic Treatment—The separa- 
tion of the free energy difference, G*—G’, into a 
nonmagnetic part and a magnetic part permits de- 
scription of the effect of each alloying element upon 
the a/y transformation by means of two character- 
istic parameters which are related to the unit con- 
centration of the element. One of these parameters, 
AT maz, corresponds to the change of the temperature 
range in which the magnetic uncoupling occurs; the 
other, ATimart, Corresponds to a hypothetical effect 
which results if the influence of magnetism is neg- 
lected. 

In a phase diagram with closed y loop, represent- 
ing the a+ y field by means of the equiconcentra- 
tion curve (see the previous section), the parameter 
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AT mag Tesults in a shear of this curve parallel to the 
temperature axis, ie., in a sagging or uplifted y 
loop. Zener demonstrated that, apart from this 
shear parallel to the temperature axis, and apart 
from a change of scale, a plot of G*—G’ vs T is 
identical with the equiconcentration curve. He de- 
duced, for the case of a closed y field, the following 
relation between the equiconcentration line and the 
parameters and 
(Gl 


S: Cre 


where (G*—G’) max is the maximum value of the 
G* — G’ temperature function for pure iron, or 16.1 
cal per mol;” S is the difference in nonmagnetic 
molar entropies of a and y iron, or 1.41 cal per 
mol°C; and Cy.x is the maximum breadth of the y 
loop (represented by the equiconcentration curve). 
Furthermore, the parameter AT,,., can simply be 
expressed in terms of the maximum breadth of the 
y loop, Cmax, the temperature at which it occurs, T,, 
and the temperature corresponding to (G* — G’) max 
for pure iron, T). 

T,— T, 


INDE [2] 


By means of Eqs. 1 and 2, the parameters AT... and 
AT mare Can be determined directly from the equi- 
concentration diagram or, with the assumption 
made previously, from the a/y equiamount curve 
represented by the bisectrix with respect to the tie 
lines of the two-phase region. 

Evaluation of the Fe-Ni-Al Phase Diagram—The 
numerical evaluation of the vertical sections 
through the iron corner of the Fe-Ni-Al phase dia- 
gram by means of the equiamount curves collated 
in Fig. 3 is presented in Table I. The results of the 
calculations are plotted in Fig. 4. Hence, it appears 
that the difference of the two parameters (AT mart — 
AT az) has a fairly linear relationship to the concen- 
tration ratio Lhe terms and AT... 
both have positive values and lie on curves which 
pass through a flat maximum. 

Before discussing the results of Fig. 4, the main 
sources of error which are involved in the reported 
method should be considered. 

Sources of Error and Limits of Accuracy—There 
are three main factors which limit the accuracy of 
the results: 1) the experimental determination of 
the phase boundaries of the ternary system; 2) the 
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Fig. 4—ATmart-ATmag and ATmart are plotted as functions 
of the concentration ratio Cyi/Cyi+ai. 
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Table I. Calculations of AT mac and ATmart From Vertical Sections Through the Iron Corner of the Ternary Phase 
Diagram Fe-Ni-Al 


Cmax,* T:i—To,* ATmart—ATmag ATmag= AT marty 
Cni:Cai Atomic Pct T1,* °C To=1125°C =11.4/Cmax* (Ti—To) /Cmax* °C per Atomic Pct 
0:100 2.0 = == 5.7 — = 
25:75 3.4 1170 45 313 13.2 16.5 
35:65 5.1 1190 65 15.0 
40:60 6.9 1205 80 1.65 11.6 13.2 
45:55 11.3 1220 95 1.01 8.4 9.4 
50:50 18.3 1230 105 0.62 5.7 6.3 


* Cmax and T; are the coordinates of the concentration maximum in the equiamount curves of the a + vy area. 


insertion of tie lines in order to get the equiamount 
curves from the phase boundaries of the a + y re- 
gion; and 3) the determination of the temperature 
T,., which corresponds to the maximum value of 
(G*— G’) for pure iron. 

1) The establishment of the ternary phase dia- 
gram Fe-Ni-Al, by A. J. Bradley,’ has been carried 
out very carefully. As far as the phase boundaries 
in isothermal cuts are concerned, the mean error in 
a direction perpendicular to the phase boundary 
might reasonably be assumed to be +%4 atomic pct. 
For the vertical cuts with concentration ratios 
Cyi/Cwiia:1 = 25 to 50 pct, on the average an error of 
+0.8 to +2 atomic pct, respectively, is obtained. 

2) The expected error which results from the 
interpolation of tie lines was calculated for two 
vertical cuts (Ni: Al = 25:75 and 50:50) over the 
entire temperature range of the a+ y region. It 
turned out that, in the particular case of the Fe-Ni- 
Al system, in a first approximation, the errors which 
are introduced by the method of filling in tie lines 
in the a + y field can be disregarded. 

3) The value T, = 1125°C, corresponding to the 
maximum value of (G*—G’) for pure iron, was 
taken from the data of L. S. Darken and R. P. 
Smith.” This value may be in error by about +10°C. 

The total expected error which arises from the 
factors mentioned was calculated for the vertical 
sections with Ni:Al= 50:50 and 25:75. This cal- 
culation shows that the mean error increases very 
strongly with decreasing concentration ratio Ni: Al: 
from +0.07 to +0.7°C per atomic pct for the differ- 
encev and trom to. 12°C per 
atomic pct for the separate terms and AT mart. 

Hence it appears that the mean error for AT yn 
and AT,,.,. amounts to one order of magnitude more 
than the corresponding error in the difference AT nart 
— AT maz. Whereas the observed straight line relation 
of the (ATmart — AT maz) function is fairly reliable, 
the AT... and functions can only be consid- 
ered as rough approximations. Particularly, it is 
rather difficult to get, by extrapolation, reasonably 
accurate values and for the concentra- 
tion ratio Ni: Al = 0:100, i.e., for the binary system 
Fe-Al. Zener’ tried to determine the value AT nag 
of the system Fe-Al indirectly. He assumed that 
AT mart 1S given by the experimental data on the M, 
temperature in Fe-Al alloys.” Using this data for 
AT marty he calculated AT,,,, from the difference 
AT mart —AT mag aS given by the breadth of the y 
loop, according to Eq. 1. The correlation between 
the hypothetical term AT,,,.,: and the M, temperature 
is certainly very rough, but nevertheless, in the case 
of Fe-Al, the values obtained by Zener fit fairly 
well on an extrapolation of the curves in the dia- 
gram, Fig, 4. 
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Results and Discussion* 


*The author is indebted especially to H. Sato of the Westing- 
house Research Laboratories for the revision of this paragraph. 


Beyond the range of the rather large errors which 
possibly are included in the curves plotted in Fig. 
4, there remain some remarkable features which 
will now be discussed: 

1) The difference ATwat—ATmaz depends lin- 
early upon the concentration ratio Ni: (Ni+ Al). 
This straight line function, if extrapolated, becomes 
zero at the concentration ratio Ni: Al = 55:45. As 
mentioned previously this concentration ratio cor- 
responds to the border between the occurrence of a 
closed and an open y field. According to Zener’s 
representation of the effect of alloying elements by 
means of a parameter field with the coordinates 
AT mart ANA AT maz, the cases of closed and open y field 
border on the straight line ATmarte = ATmag- That is 
exactly what results from the foregoing statement. 

From the linear function for AT — ATmag, 
plotted in Fig. 4, and Eq. 1, there follows 


11.4 
b(1-N/a) 


where C,,,.x is the maximum extent of the a+ 
equiamount curve, N = Cyi/Cyi.a, and a and b are 
the intercepts of the straight line on the abscissa 
and ordinate, respectively. Eq. 3 is valid for all 
ternary iron diagrams in which the ATyart — AT mag 
function is a straight line. Thus, if this linear re- 
lation proves to be a rule for all ferrous ternary sys- 
tems Fe-A-B (A represents y field closer, B the y 
field opener), there is an easy way a) to calculate 
Cynax for any concentration ratio using the 
binary phase diagram Fe-A, but one vertical cut 
through the iron corner, and b) to determine the 
concentration ratio Cy/C; which marks the occur- 
rence of closed or open y field, by linear extrapola- 

2) At first sight, the positive value AT,,.. for the 
alloying element aluminum in iron alloys seems to 
be in disagreement with Curie temperature data. In 
Fe-Al alloys, aluminum slowly lowers this tempera- 
ture by about 2°C per atomic pct, up to 15 pct Al.’ 
Nevertheless, such anomalies can be explained in 
several ways. The foregoing analysis is based upon 
a separation of the free energy term into a mag- 
netic and a nonmagnetic part. It was assumed that 
only the magnetic part is temperature dependent. 
Since this, however, is not exactly true, the temper- 
ature dependence of the nonmagnetic part may also 
influence the shape of the y loop. For example, 
atomic short range order, lattice distortion due to 
the alloying element, etc., can play an important 
role. Some other relations will be pointed out else- 


Cla (atomic pct Ni+ Al) [3] 


TRANSACTIONS AIME 


i 


where.” In the particular case of Fe-Ni-Al alloys, 
superlattice formation has been observed Dyn Ande 
Bradley and A. Taylor,’ and it is quite possible that 
short range order of atoms still prevails at the 
temperature and composition range which we con- 
sider. Nevertheless, the author is inclined to be- 
lieve that the anomalies stated previously are 
mainly due to the magnetic term, because Zener’s 
analysis holds for many binary alloy systems quite 
satisfactorily. 

If the anomaly is attributed to the magnetic term, 
it is necessary to assume that the temperature de- 
pendence of the ordering of atomic spins in Fe-Al 
alloys is different from that of pure iron. That is, 
the short range magnetic order above the Curie 
point persists more strongly in the case of Fe-Al 
than in the case of pure iron. Actually, in the case 
of alloys, the temperature dependence of the spon- 
taneous magnetization and of the paramagnetic 
susceptibility above the Curie point deviates sub- 
stantially from that in pure elements. One possible 
cause of such a change due to the short range 
atomic order has been pointed out by H. Sato.” 
Though the magnetic characteristics of Fe-Al alloys 
in the neighborhood of the Curie point have not yet 
been investigated in specific experiments, the author 
believes that the foregoing consideration also holds 
in this case. Recently it has been shown, by the 
analysis of phase diagram data,” that the alloying 
element silicon gives rise to qualitatively the same 
anomaly as does aluminum. Thus it is quite inter- 
esting to study why and how such alloying elements 
cause the indicated change in ferromagnetic charac- 
teristics in iron alloys. 


Summary 

In the present study, a thermodynamic analysis 
of the y loop in iron alloys recently published by 
Zener was applied to the ternary phase diagram 
Fe-Ni-Al. Through the iron corner of the phase 
diagram, within the existence range of a closed y 
loop, several vertical sections were constructed us- 
ing the data of A. J. Bradley. For the quantitative 
evaluation of these vertical sections, the a + y field 
was reduced to one equilibrium curve, represent- 
ing the locus of alloy compositions at which the 
equilibrium phases a and y are present in equal 
amounts. These equiamount curves, which reveal 
clearly the uplifted shape of the y loop, were 
numerically evaluated, following Zener’s treat- 
ment. From this analysis two separate parameters, 
AT nag ANG AT mart, are Obtained which describe the 


influence of the alloying elements upon the mag- 
netic transformation range and a _ hypothetical 
martensite temperature, respectively. These para- 
meters were plotted against the concentration ratio 
Ni: (Ni+ Al). By extrapolating the resulting 
curves, it is found that in terms of Zener’s theory, 
aluminum should raise the temperature range in 
which the atomic spins in iron become uncoupled 
from one another. This seems contradictory to the 
fact that the alloying element aluminum lowers the 
Curie temperature of iron. Several possibilities to 
explain this anomalous effect are discussed. It is 
believed that, in the case of alloys, short range mag- 
netic order above the Curie point is maintained to 
higher temperatures than in the case of pure iron. 
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Correction 


On the Rate of Sintering by Gerhard Bockstiegel, AIME Trans., 1956, vol. 206, pp. 580-985; JOURNAL OF METALS, 
May 1956—p. 582: Eq. 13 should be corrected to read as follows 


P. 584: Eq. 20 should read 


P. 584: the term given under point 1 in “Conclusions” should read 


f(t) = f(x): (t/t)’, v = 2/ (08 


Mr. Bockstiegel is presently associated with Hoganas-Billesholms Aktiebolag, Hoganas, Sweden. 
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Study of the Fe-Si Order-Disorder 


Transformation 


In spite of the closeness of the critical temperature for disorder to the melting 
point of a range of Fe-Si alloys, it was possible to produce disordered Fe-Si samples 
ranging in silicon content from about 8 to 28 atomic pct. The critical temperature 
for disorder was found to be highest for the stoichiometric composition of Fe;Si. In 
comparison with ordered FesAl, the FesSi superstructure exhibits considerably greater 
thermal stability. This has been attributed in part to differences in sizes of the 
respective solute atoms apparently resulting in varying degrees of lattice distortions 
with considerable influence on the relative ordering tendencies to reduce lattice 
strains. The physical properties of ordered and disordered Fe-Si alloys were com- 
pared. High temperature electrical resistivity measurements indicated that although 
Fe-Al and Fe-Si alloys differed with respect to the relative thermal stability of their 
superlattices, the ordering mechanism for these alloys follows the same pattern. 


by Frank W. Glaser and W. Ivanick 


RDERING reactions of Fe-Si compositions in the 

a region have been mentioned in a number of 

review articles.** However, little is known in re- 

gard to the critical temperature, T., at which this 
transformation takes place. 

Greiner and Stoughton,* in a study of the consti- 
tution of iron-rich Fe-Si alloys below 800°C, placed 
the onset of order at a composition of about 4 to 5 
wt pct (7.5 to 9.5 atomic pet) Si. They observed 
that at this composition the ductility and strength 
begin to decrease sharply and brittleness develops. 
During X-ray studies they observed only the ap- 
pearance of superlattice lines for compositions con- 
taining 12.5 atomic pct Si. More recent X-ray dif- 
fraction studies’ detected the appearance of super- 
structure lines (corresponding to the calculated posi- 
tions of [111] and [200] reflections) for alloys con- 
taining 9.5 atomic pct. This fact confirms Greiner 
and Stoughton’s original hypothesis in regard to the 
onset of order at compositions containing about 7.5 
to 9.5 atomic pct Si. 

The physical properties of Fe-Si alloys containing 
more than 10 atomic pct Si have been studied only 
to a limited extent. Their extreme brittleness and 
difficulties of sample preparation render them of 
little industrial use in comparison with alloys in the 
0 to 10 atomic pct Si range. 

The properties of Fe-Si alloys reported to date 
are mostly properties measured at room tempera- 
ture on ordered compositions.*” It appears that be- 
cause of experimental difficulties fully disordered 
alloys could not be produced in the critical com- 
position ranges and their properties could therefore 
not be reported. In Figs. la, 1b, and 1c, a summary 
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of physical properties of Fe-Si alloys, measured 
during recent investigations of the influence of 
silicon additions to iron, is presented. 

No mention of determination of the critical tem- 
perature, T., for disorder could be found in the 
literature. The following is an account of work done 
in an attempt to: 1) produce the disordered state 
of various Fe-Si alloys and establish the critical 
temperature, T., for disordering, and 2) compare 
the electrical and thermal conductivity character- 
istics of the ordered and disordered phases as func- 
tions of composition. 


Materials, Preparation of Test Samples, and 
Testing Methods 

Fe-Si alloys with high silicon contents (about 10 
atomic pct) are usually prepared using powder 
metallurgy techniques. This method insures accu- 
rate compositions and high purity through the use 
of protective atmospheres during solid state diffu- 
sion alloying of the mixed powders.” * Iron and 
silicon powders were mixed in the desired propor- 
tions, cold or hot pressed, and then homogenized at 
1150°C for periods ranging from 6 to 12 hr under 
a protective getter and in a hydrogen atmosphere. 
Fully homogenized samples were quenched in water 
from various and successively higher temperatures 
to establish the critical temperature for disorder. 
Temperatures were determined using Pt—Pt-Rh 
thermocouples in contact with the test samples. 

Test bars were approximately 0.6x1.25x7.5 cm. 
Electrical measurements were made at room tem- 
perature by determining the potential drop over a 
1.5 cm span for a current of 10 amp. Densities of 
the samples were determined by immersion. High 
temperature electrical resistivities were measured 
using previously described techniques.” Specific heat 
conductivity up to 200°C was measured by heating 
one end of the test bar and water-cooling the other; 
heat conductivity was then obtained by subtracting 
the rate at which heat entered the water from the 
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rate at which electrical energy was supplied. X-ray 
diffraction analyses were carried out with a Nordco 
recording spectrometer, using chromium Ka radia- 
tion. Chemical analyses were made for all samples 
at various processing stages. 


Results 

The data listed in Table I are based on test re- 
sults obtained on quenched or annealed samples; 
quenching from above the critical temperature, T., 
retained the disordered state while samples that 
were annealed (or homogenized) at temperatures 
of T, or close to T, were in the ordered state. 

The degree of order or disorder of atoms in a 
solid solution has very pronounced effects on certain 
physical properties of alloys. The conductivity of a 
metal is partially determined by the amount of 
scattering that electron waves will experience due 
to lattice irregularities. These irregularities may be 
caused by thermal vibrations or by the disordered 
atomic arrangement in the lattice; they have, there- 
fore, an effect on the conductivity of an alloy, de- 
pending on the degree of order or disorder. Elec- 
trical and thermal conductivity measurements were 
therefore mainly used during this investigation to 
determine whether an alloy was in the ordered or 
disordered state. X-ray diffraction analysis was 
used as a qualitative test to confirm a state of order 
or disorder, respectively, as previously established 
through electrical measurements. 

In Fig. 2, results of measurements of electrical 
resistivity of disordered (quenched) and ordered 
(annealed) samples have been plotted together with 
data from Fig. la. It can be readily seen that the 
resistivity values for ordered and disordered alloys 
of composition Fe,Si are different by a factor of 3, 
increasing from about 48 microhm-cm for the 
ordered composition to 145 microhm-cm for the 
disordered alloy. 

Physical properties for the disordered alloys had 
not been reported before. Considering the data of 
Table I, it is probable that, because of the closeness 
of T, to the solidus (1200°C) for composition Fe,Si, 
previous investigations had difficulties in obtaining 
the disordered state for these alloys. 

The thermal conductivity of a number of ordered 
Fe-Si alloys and of pure iron has been plotted in 
Fig. 3 as a function of percentage of the theoretical 
density. The curves were extrapolated to 100 pct 
density and such values replotted against composi- 
tion in Fig. 4 together with data obtained on high 
density but disordered (quenched) specimens. In 
Fig. 5, the electrical resistivity of an Fe-Si 85/15 
alloy has been measured as a function of tempera- 
ture. The general shape of this curve is character- 
istic of Fe-Si alloys of varying silicon content. The 
initial change in temperature coefficient of electrical 
resistivity occurs at different temperatures, depend- 
ing on the silicon content. This relation is tabulated 
in Table II. It can be noticed that these data follow 
closely that of Curie point vs temperature as shown 
Fig. 6, the thermal coefficient of electrical re- 
sistivity has been measured as a function of silicon 
content, both for disordered and ordered alloys. A 
maximum for this relation can be observed for 
ordered Fe;,Si. 

Discussion of Results 
Stability of the Ordered Solid Solution of Fe-Si— 


The ordering characteristics of Fe-Si and Fe-Al 
compositions have been reported to be similar in 
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the range up to 25 atomic pct." The silicon and alu- 
minum atoms occupy the same positions in the a 
structure. The crystal structure of Fe,Si or Fe,Al, 
respectively, is shown in Fig. 1d. The range of solid 
solubility of aluminum in iron extends up to 50 
atomic pct; the solubility limit for silicon in iron is 
up to between 28 and 30 atomic pct. 

The data of Table I have been plotted as T/T ¢-25 pet 
vs composition in Fig. 7. The highest critical tem- 
perature for disorder was observed for compositions 
containing 25.5, 26.9, and 27.9 atomic pct Si. Since 
a two-phase region should exist, especially in the 
lower silicon-containing compositions, the upper 
curve of Fig. 7 was drawn accordingly. The more 
accurate determination of the boundaries of the 
two-phase region proved very difficult because of 
experimental limitations. It is therefore believed 
that this region is very narrow even in the lower 
silicon ranges. 


Table |. Critical Temperature for Disorder for Various Fe-Si Alloys. 


Atomic Pct Si 
27.9 1120 
26.9 1120 
25.5 1120 
22.0 1100 
18.2 1060 
16.1 1040 
13.8 990 
10.9 900 


It is evident that the critical temperature for dis- 
order reaches a maximum at the stoichiometric 
ratio of 3:1. Easthope’s theoretical considerations 
and calculations” of the curve T, vs composition for 
the AB, case indicate that the derivative of T. with 
respect to composition is not zero, as it should be 
for a maximum at this point, and that higher critical 
temperatures would be expected when moving to- 
ward the 1:1 ratio. The experimental findings of 
this investigation show, however, that a definite 
maximum for the relation T. vs composition is ob- 
tained at composition of formula AB,;, Table I and 
Fig. 7. Easthope’s considerations for this relation 


Table Il. Approximate Temperature at Which Change in Slope for 
Relation Electrical Resistivity Ys Temperature has been Observed 


Wt Pet Si Temperature, °C 
6.1 650 to 700 
9.0 600 to 650 
12.0 600 to 650 
14.5 550 to 600 
15.0 550 to 600 


between T, and composition had also predicted con- 
siderably lower temperatures for disorder than were 
determined experimentally for this Fe-Si system, 
Fig. 7. T, for disorder of Fe,Al lies between 550° 
and 575°C,” while T, for disorder of Fe,Si composi- 
tions varies depending on composition between 900° 
and 1120°C. The Fe-Si superstructure therefore 
appears to be more stable than that of composition 
Fe,Al, since it requires a higher temperature and 
greater energy for disordering. 

In this connection it is of interest to refer to a 
recent article by Garrod and Hogan.* These authors 
have investigated certain properties of iron-rich 
Fe-Si-Al alloys. They confirm the existence of a 
superlattice of the Fe,Al type for the typical Sendust 
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Fig. 1b—Change in 
saturation magnet- 
ization as a function 
of increasing silicon 
content. 
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composition of 15.4 pct Si, 9.4 pct Al, and 75.2 pct 
Fe, and also report an extraordinary thermal sta- 
bility of the Fe, (SiAl) superlattice, which was re- 
tained in spite of rapid quenching from a tempera- 
ture close to the melting point. They conclude that 
T. for disorder must be close to or above the melting 
point, as in Cu,Sb, or that the transformation can- 
not be suppressed by quenching. 

It appears, therefore, that the influence of silicon 
on the stability of the Fe, (SiAl) superstructure is 
prevalent. The stability characteristics of the Fe, 
(SiAl) superstructure are thus very similar to those 
exhibited by the Fe,Si superlattice, and very dis- 
similar to those exhibited by that of Fe,AI. 


Whereas ordering in the Fe-Si system was ob- 
served already for alloys with about 9.5 atomic pct 
Si, the onset of order in the Fe-Al system only 
appears at 18 atomic pct. One possible cause for this 
difference in ordering tendency might be an effect 
of atomic size differences for the aluminum and 
silicon atoms, respectively, thus accounting at least 
in part for the greater ordering tendency and more 
stable superstructure of the Fe,Si superlattice. 


In view of the above it appears that considera- 
tions dealing with the relation between T, and com- 
position might have to include the influence of atomic 
size differences and resulting lattice distortions. The 
characteristics of phase diagrams should also be 
considered, since the comparatively limited solu- 
bility of silicon in iron makes this system quite 
different from the classical Au-Cu or Fe-Al cases 
where limits of mutual solubility extend up to 50 
atomic pct. The 3:1 rather than the 1:1 composi- 
tion ratio must be accepted here to give the maxi- 
mum for the relation T,/T,.. vs composition. 


Electrical Resistivity and Thermal Conductivity 
of the Fe-Si Superlattice—The data of Fig. 2 con- 
firm a relation of electrical resistivity often observed 
for alloys undergoing order-disorder transforma- 
tion. The disordered (quenched) compositions show 
an increase of resistivity with increasing amounts 
of silicon, thereby reflecting randomness of atomic 
arrangement and the lattice distortion caused by 
solid solution formation of elements with different 
sized atoms. The ordered (slowly cooled) composi- 
tions show a minimum value for the electrical resis- 
tivity at the stoichiometric Fe,Si composition. 

The electrical resistivity of ordered Fe,Si with 
increasing temperatures has been measured and 
reported in Fig. 5. This curve shows a change in 
curvature at the Curie point and no obvious addi- 
tional change at or above the critical temperature 
for disorder. It was therefore assumed that the 
curve of Fig. 5 represents nonequilibrium conditions. 
Attempts to measure this relation of resistivity vs 
temperature for quenched (and fully disordered 
alloys) failed, possibly because of the ordering re- 
action which appeared to varying degrees at lower 
temperatures, thereby making compilation of accu- 
rate data of this type quite difficult. The extra- 
polated value of approximately 160 microhm-cm at 
approximately 1200°C could, however, indicate a 
disordered state. Properly corrected with tempera- 
ture coefficients, this value is in good agreement 
with that measured for this disordered alloy at room 
temperature, Fig. 2. 

This experiment was repeated with different 
alloys. Fig. 8 shows the results obtained with an 
83.1 Fe and 16.9 Si composition. This alloy was 
held at higher temperatures for a somewhat longer 
~ time, and the resistivity was also recorded during 
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decreasing of the temperature. To permit measur- 
ing of resistivity on the descent, melting and des- 
truction of sample had to be avoided. Maximum 
temperature reached on the ascent was above T,, 
but only 1120°C. Again, the first change of slope 
was observed at the point of magnetic transforma- 
tion. The difficulties of reaching equilibrium condi- 
tions are best demonstrated by the dissimilar results 
obtained on ascent or descent, respectively. 

It is believed that the curve of Fig. 8 approaches 
equilibrium conditions more than Fig. 5, since inter- 
mediate temperatures were held for as long as prac- 
tical with the measuring apparatus used. The initial 
increase in resistivity on ordering (decreasing of 
temperature to below T.) could possibly be ex- 
plained using a hypothesis recently advanced by 
Bennett,” who has done similar work with Fe-Al 
alloys close to the Fe,Al composition and who found 
behavior similar to that of Fe-Si alloys. Bennett 
believes that this apparent increase in resistivity 
on ordering can be explained by a modification of 
Sykes’ idea of antiphase nuclei.“ *” The silicon or 
aluminum atoms in Fe,Si or Fe,Al can, on ordering, 
take up either of two possible positions in the a 
lattice; the nuclei can be ordering indiscriminantely 
in two different ways, which means that they can 
be out of phase. Bennett further indicates that with 
decreasing temperature the size of the nuclei can 
imcrease with increasing order; but so long as they 
are out of phase (or still at random) there will be 
zero long distance order S and hence no fall in the 
resistivity. In fact, there may be an increase in 
resistance owing to the boundary effects between 
nuclei, the setting wp of local stresses, and the pos- 
sible segregation of small impurities in this region. 
Once these out of phase regions are eliminated, long 
distance order will exist and entail a normal de- 
crease in resistivity with decreasing temperature. 

The relation of temperature coefficient of elec- 
trical resistivity vs composition as reported in Fig. 6 
is very similar to that of electrical resistivity vs 
composition, Fig. 2. This predominant influence of 
the reciprocal of the electrical resistivity on the 
temperature coefficient data as reported in Fig. 6 is, 
of course, quite normal. It is of interest to ob- 
serve, however, that the temperature coefficient of 
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Fig. 8—Change in electrical resistivity on heating and sub- 
sequent cooling as observed for 83.1 pct Fe-16.9 pct Si alloy. 


ordered Fe,Si is nearly equal to that of pure a iron, 
and thus reflects on the metallic character of the 
Fe,Si superlattice, in contrast to the disordered 
phase. 

The influence of the ordering reaction on the 
thermal conductivity of some Fe-Si alloys was also 
studied. Rys* had previously measured cast alloys 
with compositions up to Fe,Si. This work was now 
repeated, but also included evaluation of rapidly 
quenched disordered specimens. 

The results of Fig. 4 show a normal pattern of 
rapidly decreasing conductivity with increasing 
amounts of silicon atoms added to iron for the 
disordered solid solution compositions. The effect of 
onset of order becomes noticeable at about 7 pct Si. 
No sharp maximum can be observed at the stoichio- 
metric composition of Fe,Si. The range of at least 
partially ordered compositions appears to extend 
from about 7 to 22 pct Si; this range was consider- 
ably narrower for the electrical resistivity, extend- 
ing apparently only from about 12 to 19 pct Si. It 
is interesting to note that the ratio of electrical to 
thermal conductivities approaches the theoretical 
Lorenz No. only for the ordered and stoichiometric 
Fe,Si composition. This fact again confirmed a more 
metallic behavior of the ordered and stoichiometric 
compound in comparison with fully disordered or 
neighboring and only partially ordered composi- 
tions. 

Summary 

Quenching experiments established the critical 
temperature for disorder of Fe-Si alloys. This tem- 
perature, T., is highest for the composition Fe,Si. 
The closeness of T, to the melting points of the re- 
spective Fe-Si alloys may explain in part the failure 
of previous investigations to establish T, and report 
on the relation of T, vs composition. 

The curve of T./T,.. was plotted against composi- 
tion, but cannot be interpreted in a simple way. The 
atomic size factor appears to have considerable in- 
fluence on ordering tendencies to reduce lattice 
strains and thus on the relative thermal stability 
of ordered phases. In comparison with other alloys 
reported to undergo ordering reactions, the Fe-Si 
and the Sendust superstructures appear to have the 
highest T, for disorder, i.e., the greatest degree of 
thermal stability. 

In contrast to previous theoretical and experi- 
mental determinations, the maximum in the relation 
of T./T,.< vs composition can also occur at composi- 
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tions of formula A,B; this has been found to be true 
for the Fe-Si system. 

Although solubility relations for the systems Fe-Al 
and Fe-Si, respectively, are quite dissimilar, and 
the relative thermal stability of their ordered phases 
substantially different, high temperature electrical 
testing revealed an ordering mechanism for Fe-Si 
alloys which was very similar to that recently re- 
ported by Bennett for Fe-Al compositions. 

The temperature coefficients of the electrical re- 
sistivity showed a maximum at the ordered Fe,Si 
composition. The thermal conductivity vs composi- 
tion relation for both the ordered and disordered 
compositions was very similar to that previously 
reported for electrical resistivity vs composition. 
The ratio of electrical and thermal conductivities 
approached the theoretical Lorenz No. only for 
ordered Fe,Si as further indication of most metallic 
behavior at that composition. 
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High Damping Ferromagnetic Alloys 


Wires of 55 binary and ternary cobalt, iron, nickel, and chromium alloys were 
twisted and the decay of the free torsion vibration was measured at torsion stresses 


between 500 and 8,000 psi. 


Especially high damping was observed on the following 


alloys: Co-28 pct Fe-7 pct Ni, Co-20 pct Fe, and Co-35 pct Ni. This effect is ex- 
plained in terms of magneto-mechanical hysteresis, since the damping may be re- 
duced to as low as 1 pct of the normal amount when measured in a magnetic field. 
High damping binary Co-Ni alloys appear to be suitable base alloys for new steam 


turbine blade materials. 


by A. W. Cochardt 


HERE are a number of effects that can cause 

material damping or internal friction. Some of 
these are frequency dependent, such as the thermo- 
elastic effect’ and the stress-induced ordering.’ Others 
depend on the amplitude of vibration, i.e., the damp- 
ing related to the motion of dislocations’ and that 
due to magneto-mechanical hysteresis.* While many 
of these effects have been studied, only the magneto- 
mechanical effect has found extensive practical ap- 
plication. It is the principal source of damping in 
the current blade material in steam turbines.” 

A magneto-mechanical hysteresis loop is seen in 
Fig. 1. If an. unmagnetized, polycrystalline wire of a 
material exhibiting magneto-mechanical hystere- 
sis, such as an Fe-14 pct Al alloy, is twisted in 
torsion, a relation between shear stress 7 and shear 

A. W. COCHARDT, Junior Member AIME, is Advisory Engineer, 
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strain y is observed as indicated. The stress-strain 
curve does not follow Hooke’s law—dashed line. 
Instead, the strain y increases nonlinearly and partly 
irreversibly, due to the motion of ferromagnetic 
domain walls,° until a critical stress 7. is reached, 
which in this case is about 3,500 psi. If the applied 
stress is raised further, the strain appears to in- 
crease linearly and reversibly in accordance with 
Hooke’s law, since all domains are now aligned in 
easy directions of magnetization nearest to the direc- 
tion of the applied stress, and plastic flow has not 
yet started noticeably. On removing the applied 
stress, a remanent shear strain y, is observed, which 
is related to the irreversible magnetostriction of 
the material.* The energy dissipated in the material 
during a stress-strain cycle is proportional to the 
critical stress 7. and the remanent magnetostrictive 
shear strain y,. 

The purpose of this investigation was to make a 
survey of the magneto-mechanical damping of ferro- 
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Fig. 1—Magneto-mechanical hysteresis loop of an Fe-14 pct 
Al alloy as derived from static torsion measurements. 


magnetic alloys having Curie temperatures higher 
than approximately 600°C with the hope of finding 
a high damping alloy that may be used as an alloy 
base for new steam turbine blade materials. Since 
hardly any data on the damping or the irreversible 
magnetostriction under stress were available prior 
to this work, a large number of alloys had to be 
prepared. The results of damping measurements on 
55 of these alloys are reported in this paper. 


Preparation of Alloys 
The alloys were made of cobalt in the form of 
rondels, of electrolytic iron, electrolytic nickel, and 
electrolytic chromium. They were induction melted 
in aluminum oxide crucibles under a vacuum of 


LLL LLL 


S Fig. 2—Schematic 
arrangement of 
damping apparatus. 
Pp 
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about 10% mm Hg. The diameter of the ingots was 
ly in. and their length about 2 in. After homogen- 
izing for 2 hr at 1100°C, the alloys were forged at 
that temperature to bars of % in. diam and then 
swaged to wires of about 0.060 in. diam, except for 
a few brittle alloys which were centerless ground 
to wires. Prior to testing, the wires were annealed 
in hydrogen for 2 hr at 900°C and were furnace- 
cooled at a rate of about 120°C per hr. X-ray photo- 
graphs taken on some wires indicated a slight pre- 
ferred orientation at the surface. 


Method of Testing 


The damping apparatus is schematically described 
in Fig. 2. A test wire, about 12 in. long, is clamped 
between two steel vises, P. The upper pin vise is 
rigidly mounted while the lower pin vise is free to 
rotate. There are two iron pieces, I, at the two ends 
of the inertia arm. A free torsion vibration of a 
frequency of about 1 cycle per sec is started by two 
electromagnets, not shown, which are located near 
the two iron pieces above and below the paper 
plane. The decay of the vibration is measured opti- 
cally by a light beam reflected from the mirror, M, 
to a scale or a moving film. S is a solenoid by which 
the wires can be subjected to a magnetic field of 
about 500 oersteds. The bottom end of the vertical 
rod is immersed in oil in the container, C, to avoid 
excessive lateral vibrations. 

The damping is expressed here in terms of the 
damping capacity 6 given by the relation 


2 


N A, 


where n is the number of cycles between the two 
amplitudes a, and a,. If the damping capacity is 
large, a, and a, may be consecutive amplitudes.* 


* § differs from the logarithmic decrement by not more than 1 
pet for most measurements. 


Results of Measurements 
Fig. 3 shows the data for three alloys. The damp- 
ing capacity is plotted vs the maximum shear strain 
Ym, Which is the shear strain at the outer fiber of the 
wire at maximum deflection. The y, is calculated 
from the expression 
dr 


2D 1 


Ym 


where d is the deflection of the light beam; D, the 
distance between mirror and scale; and r and l, the 
radius and length of the test wire, respectively. 
The three alloys, Fig. 3, exhibit abnormally high 
magneto-mechanical damping, as is seen by com- 
paring the curves taken with and without a mag- 
netic field. There is little damping with a field be- 
cause the domains are lined up in the direction of 
the field, in which case domain walls cannot move 
under the influence of the vibratory stress, and not 
much energy is dissipated.‘ The shapes of the damp- 
ing curves for the Co-35 pct Ni and Co-20 pct Fe 
alloys, taken without a magnetic field, are typical 
for many of the alloys tested. The damping capacity 
increases at low shear strains, then reaches a maxi- 
mum, and finally decreases. At very large strains 
the damping of the Co-35 pct Ni alloy increases 
again due to plastic flow. However, its magneto- 
mechanical damping, which is the difference between 
the two curves taken with and without a magnetic 
field, continues to decrease inversely proportional 
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Fig. 3—Damping curves of some high damping alloys. 


to the second power of the shear strain.” The damp- 
ing capacity of the Co-28 pct Fe-7 pct Ni alloy 
would probably decrease at larger stresses, but 
measurements were made only up to strains of 
about 6x10™, which is equal to a surface shear stress 
of about 8,000 psi. 

Since the damping curves of all test wires cannot 
be presented because of space limitations, an at- 
tempt is made in the following to express the 
magneto-mechanical damping of each alloy by only 
one number. The magneto-mechanical damping at 
a given strain would not be a suitable criterion, as 
is seen from Fig. 3, because the magneto-mechanical 
contribution to the damping of the Co-35 pct Ni 
alloy, for example, is high at low strains and low 
at high strains relative to the other two alloys. The 
following procedure was therefore adopted: The 
damping is expressed for all alloys in a single graph 
in terms of the remanent magnetostrictive shear 
strain y,, which was defined above, Fig. 1. This 
strain is characteristic for each alloy, since it is not 


Fig. 4— Magneto-mechanical 
damping of binary and ternary 
cobalt, iron, nickel, and chro- 
mium alloys. 
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sensitive to impurities and heat treatment. It is 
indicative of the damping because the area of the 
hysteresis loop, Fig. 1, and the damping are propor- 
tional to it, and it can be derived from the damping 
measurements for almost all wires because the ap- 
plied torsion stress in the damping test was generally 
larger than the critical stress 7., Fig. 1. In other 
words, the alloys were magnetically relatively soft. 

The derivation of y, from the damping curves is 
explained in the Appendix. The results are seen in 
Fig. 4 for binary and ternary cobalt, iron, nickel, 
and chromium alloys. It is evident that binary 
alloys generally exhibit a higher y, or a higher 
damping than ternary alloys. Particularly, binary 
Co-Fe alloys with 20 to 60 pct Fe and binary Co-Ni 
alloys with 20 to 50 pct Ni show high damping. The 
alloys with the highest damping are the three for 
which the test data were given in Fig. 3. 

Relatively few chromium alloys were tested be- 
cause only small portions of the ternary chromium 
diagrams represent ferromagnetic alloys. In general, 
the damping of cobalt, nickel, and iron alloys de- 
creases rapidly with the addition of chromium. 
However, there is an exception, as is seen from the 
diagrams, Fig. 4. An Fe-12 pct Cr alloy was found 
to exhibit relatively high damping. This was ex- 
pected from the similarity of the chemical composi- 
tion of this alloy with that of alloy type AISI 403, 
the conventional blade material in steam turbines.’ 


Conclusion 


The binary Co-Ni alloy appears to be particularly 
suitable as an alloy base for a new high damping, 
high strength alloy. Such an alloy is needed for the 
first rows of blades in steam turbines that will 
operate at steam inlet temperatures of the order of 
1200°F. The current blade material, alloy type 
AISI 403, has adequate properties only up to about 
1000°F. Contrary to most of the binary Co-Fe 
alloys, binary Co-Ni alloys are generally ductile at 
room temperature. They could be easily cold-swaged 
to wires for the damping experiments. In addition to 
this, they have relatively high Curie temperatures 
and should therefore exhibit magneto-mechanical 
damping at 1200°F. They are face-centered-cubic 
at elevated temperatures and are inherently stronger 
than the body-centered-cubic alloy type AISI 403. 
Finally, they can be precipitation hardened by only 
slightly modifying their chemical composition.” 
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Appendix 


The magneto-mechanical damping Sn (difference 
between the two curves taken with and without a 
field) is approximately 

8m = 

where AU is the magneto-mechanical energy loss of 
the wire per cu in. during one cycle of vibration, 
and U is the total elastic energy of the wire per 
cu in. 

U — 4 Gym’. 


G is the shear modulus. The error in Eq. 1 is not 
larger than 1 pct for most measurements. 

The magneto-mechanical damping 54,, which 
would be measured in a uniformly stressed material 
such as a hollow wire having thin walls, is accord- 
ingly defined as 

ANU [3] 

9 U 
where AU is the magneto-mechanical energy loss 
per cu in. during one cycle of vibration. The AU 
is equal to the area of the magneto-mechanical 
hysteresis loop. U is the elastic energy of such a 
uniformly stressed material. 

1 

The $, is derived from the measured §,, by using 
the relation’ 


Vm 
ay =— J avav [5] 


Ym 


where y is the shear strain at a given point in the 
wire, and V the volume of the wire. 

By solving this integral equation, AU is found to 
be 


dAU. 
AU = AU + [6] 
dy m 
= Gy,” are substituted into Eq. 3, 


6, is finally obtained as 


1 dS. 
dym 
The 8, — Ym Curves can now be replotted into 
8m — y curves with only slight modifications. The 


remanent magnetostrictive shear strain y, is then 
derived from each new curve by assuming that AU 
can be expressed in the form of 


This leads to 
Vr = Oc Ye 


where & and y, are the values for the damping 
capacity and shear strain, respectively, at the peak 
of the derived damping curve. 
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Structural Changes in Molybdenum Single 
Crystals Due to Cold Rolling 


The structural changes accompanying the cold-rolling of single crystals of molyb- 
denum at very low rates of reduction have been studied for various initial rolling orienta- 
tions. The lattice rotations for various degrees of rolling were observed. Based upon these 
observations, the relationships between initial and end orientations have been analyzed. 


by N. Ujiiye and R. Maddin 


LTHOUGH the cold-rolled texture for body- 
centered-cubic metals and alloys is well known 
(see, e.g., Barrett’), the pole figure representing the 
texture may be interpreted in two ways. It may be 
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regarded as consisting of several ideal preferred ori- 
entations with an associated spread (a view which is 
shared among several investigators’*), or it may be 
regarded as consisting of two sets of continuous pre- 
ferred orientation also with an associated spread.” ° 

Recently, Chen and Maddin‘ noted a stable (001) 
[100] end orientation for molybdenum single crys- 
tals rolled at low rates of reduction provided the 
initial rolling orientation* was close to the cube ori- 


* The term rolling orientation refers to a particular combination 
of crystallographic plane as the rolling plane, and crystallographical 
direction as the rolling direction. 
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Fig. 1—The initial rolling orientations of all specimens. In 
the legend, the symbols refer to the following: A) pole of the 
initial plane of rolling, B) pole of a relatively low indexes 
crystallographic plane which the pole of the plane of rolling 
approximated, and C) the initial direction of rolling. 


entation (within about 10°). There are the addi- 
tional observations of Decker and Harker*® on the 
magnetic texture in silicon-ferrite which can be 
classed as unexpected. 

Consequently, the present investigation was un- 
dertaken to provide observations regarding the sta- 
bility of wnexpected end orientations. Experiments 
are described in which the effects of changing the 
initial rolling plane for a given initial rolling direc- 
tion or changing the initial rolling direction for a 
given initial rolling plane are analyzed. Unlike pre- 
vious rolling methods where the rates of reduction 


oo—B 
100 


Fig. 2—Behavior of group | crystals. In the legend, the sym- 
bols refer to the following: A) pole of the initial plane of 
rolling, B) pole of a relatively low indexes crystallographic 
plane, C) the initial direction of rolling, and D) intermediate 
orientation of plane and direction of rolling. The arrow heads 
indicate the final orientation, while small numerals accom- 
panying dots show the intermediate stages of rolling listed 
in Table I. 


were high, the rates used in these experiments were 
kept very low. 

Single crystals of molybdenum were grown by the 
method previously described by Chen, Maddin, and 
Pond.’ The orientations of these crystals, % in. in 
length by ¥% in. diam, were determined by the Laue 
back-reflection method. A specific plane and direc- 
tion were determined from the stereographic projec- 
tion of the orientation. Flat surfaces, parallel to the 
desired crystallographic plane containing the crys- 


Table |. Rolling Data for All Specimens 


Initial Thickness, In. 
Orientations 
Reduction,* No. of Average Rate, 
No. Plane Direction Initial Final Pet Passes In. per Pass 
1 001 110 0.0538 0.0086 84.0 = = 
2 115 110 0.0969 0.0116 88.0 940 0.000091 
3 012 100 0.0897 0.0126 85.4 1440 0.000051 
4 1112 110 0.0665 0.0097 84.8 1750 0.000032 
5 017 371 0.0861 0.0083 90.4 2100 0.000037 
6 114 041 0.0994 0.0078 91.2 2000 0.000044 
7 125 131 0.1002 0.0092 90.7 1990 0.000032 
8 124 131 0.0890 0.0063 92.9 2000 0.000041 
9 112 111 0.0606 0.0070 88.2 1400 0.000037 
10 112 110 0.0768 0.0058 92.2 1290 0.000055 
9a io) 110 0.0643 0.0080 87.6 1200 0.000047 
11 111 110 0.0718 0.0080 88.9 1300 0.000049 
12 etal 110 0.0539 0.0087 83.4 900 0.000050 
13 122 411 0.0841 0.0056 92.9 1120 0.000069 
14 é 011 100 0.0797 0.0118 85.2 1050 0.000065 
15 345 345 0.0670 0.0084 87.4 1150 0.000051 
16 723. 331 0.0582 0.0066 87.9 1470 0.000033 
17 011 011 0.0851 0.0086 89.7 1610 0.000048 
711 0.0242 0.0131 44.0 230 0.000040 
19 O33 100 0.0631 0.0056 87.9 550 0.000102 
20 035 100 0.0750 0.0064 90.1 1000 0.000069 
21 012 221 0.0638 0.0087 85.6 950 0.000055 


* These figures give the percentage reduction in thickness obtained exclusively by rolling. 
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pct reduction. 


Fig. 3—Back-reflection Laue pat- 
tern of specimen 4. LEFT: before 
rolling; RIGHT: after rolling, 84.8 
Arrows show the 
rolling direction. 


tallographic direction, were polished metallograph- 
ically. 

Lead was then cast around the crystal so that the 
long side of the resulting rectangular parallelepiped 
was parallel to the desired direction of rolling. 

The specimens quite often contained a substruc- 
ture and in a few cases contained a few minute sur- 
face grains. No crystals were used, however, when 
the individual Laue reflections exhibited a spread of 
more than 3°. 

The initial rolling orientations of all specimens are 
shown in Fig. 1. 

The rolling was accomplished in a two-high roll- 
ing mill (diameters of rolls, 2.75 in.) driven at a 
speed of 10 rpm by a 2-hp electric motor. 

The crystals were rolled between hardened sili- 
con-ferrite plates so introduced into the rolls as to 
maintain the same direction as assigned to the crys- 
tal initially. Rates of reduction averaging 0.00005 in. 
per pass were used. The rolling schedule was inter- 
rupted several times in order to examine the speci- 
men both metallographically and with X-rays. Be- 
fore examination a thickness from 0.0001 to 0.001 in. 


Table II. Rolling Data for Group | Crystals 


Rolling Orientation Reduction, Pct 


Average 

No. Initial Final 1 2 3 Final Rate 
1 (001) [110] (001) [110] = = 
2 (115) [110] (001) [110] 88.0 0.000091 
3 (012) [100] (001)[210]1* 25.6 38.0 — 85.4 0.000051 

4; (1112) [110] 

(117) [071] (001) [010] 20.0 50.0 76.0 84.8 0.000032 
5 (017) [371] (001) [110] 28.4 50.3. 70.1 90.4 0.000037 


* When the specimen was deformed about 16.5 pct, it was trans- 
ferred from a sealing wax mount to a lead plate A change in ori- 
entation of about 2° took place, while no change in orientation due 
to deformation was detected The numerals in the lower line were 
obtained regarding this point as the initial point. 

7 The rolling orientation was changed after 20.0 pct reduction, 


when the orientation was approximately (117) [1101]. 


was removed by etching in a 50 pct aqueous solution 
of HNO,. 
Table I summarizes rolling data for all specimens. 


Results 

Reductions in thickness of 85 pct or more were 
obtained by rolling in the manner described. Even 
after this amount of reduction the X-ray patterns 
were essentially single crystalline (but somewhat dif- 
fuse) provided sufficiently long exposures were given. 
Consequently, the lattice rotations were easily deter- 
mined by plotting the orientations stereographically. 
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The rotations could be categorized into four classes 
depending upon the initial orientations: 1) a rota- 
tion toward the [001] pole; 2) a rotation toward the 
[112]; 3) a rotation toward the [111]; and 4) for- 
mation of deformation bands, which rotated toward 
the [111] while the matrix rotated toward the [001]. 

Behavior of each of these groups will be discussed 
individually. 

Group I—The lattice rotations of both planes and 
directions are shown stereographically in Fig. 2.” 


*In this stereogram and those following, the assignment of in- 
dexes to poles does not always follow correct crystallographic pro- 
cedure. The convention was adopted, however, in order to maintain 


the reference constant with regard to specific poles, i.e., [1121], 
[111], and [011]. 


The rolling data along with the initial and final roll- 
ing orientations are shown in Table II. 

Fig. 2 shows that the lattice rotation for these 
crystals was toward the [001] pole with the final 
orientation of the rolling plane being very close to 
this pole. 

The orientations of specimen 3 and specimen 6 
(group II, Fig. 4) appeared to represent the limit- 
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Fig. 4—Behavior of group III crystals. In the legend, the sym- 
bols refer to the following: A) pole of the initial plane of 
rolling, B) pole of a relatively low indexes crystallographic 
plane, C) the initial direction of rolling, and D) intermediate 
orientation of plane and direction of rolling. The arrow heads 
indicate the final orientation, while small numerals accom-_ 
panying dots show the intermediate stages of rolling listed 
in Table I. 
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Fig. 5—Behavior of group II crystals. In the legend, the sym- 
bols refer to the following: A) pole of the initial plane of 
rolling, B) pole of a relatively low indexes crystallographic 
plane, C) the initial direction of rolling, and D) intermediate 
orientation of plane and direction of rolling. The arrow heads 
indicate the final orientation, while small numerals accom- 
panying dots show the intermediate stages of rolling listed 
in Table I. 


ing orientations, constituting the end points of the 
stereographic triangle bounded by great circles 
[001]/[114], [114]/[012], and [001]/[012], within 
which the [001] becomes the stable end orientation. 

The end direction <110> is quite stable as may be 
seen by behavior of specimen 5. Yet the direction 
<100> appears equally stable as may be seen in the 


Table III. Rolling Data for Group III Crystals 


Rolling Orientation Reduction, Pct 


fe} fe) 


Average 
No. Initial Final 1 2 3 Final Rate 
= — 889 0.000049 
12  (111)(110] (111)(110] 505 — — 83.4 0.000050 
13 (122)(411]  (111)[211] 11.7 28.7 81.3* 92.9 0.000069 
14+ (011)(100] (411) [211] 
(111)[211] 24.5 49.6 76.1* 85.2 0.000065 
15 (845)(345] (445)[—1] 514 — 87.4 0.000051 
16 (123)(331] (788)[110] — 01000038 


* Although there was greater deformation than indicated, the ar- 
row heads in Fig. 5 refer to these points; the Laue reflections be- 
came very diffuse beyond these points. 

+ Specimen 14 separated into two parts, each part rotating toward 
two equivalent end orientations. 


behavior of specimen 4 where the direction is ini- 
tially [110]; upon changing to [010] the specimen 
adopted the latter direction as the end direction. 
The stability of the <100> direction is assured 
provided that both the initial rolling direction and 
the rolling plane are within 15° of the <001> poles. 
Deviation in either rolling plane or rolling direction 
will reduce the stability of <100> in favor of <110>. 
After cold-rolling, all group I specimens showed 
smooth surfaces (in the etched condition) with no 
deformation bands. Representative back-reflection 
Laue patterns before and after rolling (84.4 pct re- 
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Fig. 6—Behavior of group IV crystals. In the legend, tne sym- 
bols refer to the following: A) pole of the initial plane of 
rolling, B) pole of a relatively low indexes crystallographic 
plane, C) the initial direction of rolling, and D) intermediate 
orientation of plane and direction of rolling. The arrow heads 
indicate the final orientation, while small numerals accom- 
panying dots show the intermediate stages of rolling listed 
in Table I. 


duction in thickness) are shown in Fig. 3. It is to be 
noted that Laue reflections remain quite sharp. 

Group III—The behavior of these crystals is sum- 
marized in Fig. 4 and Table III. The final orientation 
of the rolling plane was always near the [111] pole. 

Their behavior as determined by the _ initial 
orientation of the rolling plane defined a region 
in a stereographic triangle bounded by the great 
[012]/[112]. Specimens in a narrow region along 
the great circle [011]/[012] are those in group IV 
which will be discussed shortly. 


The direction [110] again proved very stable, ex- 
cept for those crystals whose initial orientation of 


Fig. 7—Appearance of the surface of specimen 20. 85.6 pct 
reduction. Etched in an aqueous solution of NaOH and 
K3Fe (CN)s. The arrow shows the rolling direction. X100. 
Reduced approximately 15 pct for reproduction. 
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Fig. 8—Appearance of the sur- 
face of specimen 18. As-rolled, 
20 pct reduction. Arrow shows 
the rolling direction. LEFT: 
deformation bands of the first 
kind, and RIGHT: second type 
of deformation bands. X1600. 
Reduced approximately 30 pct 
for reproduction. 


Fig. 9—Back-reflection Laue pat- 
tern of specimen 18. As-rolled, 20 
pct reduction; arrow shows the 
rolling direction. LEFT: matrix, 
and RIGHT: banded portion. 


Fig. 10—Rolling surface of 
specimen 7. Arrow shows the 
rolling direction. LEFT: before 
rolling, and RIGHT: after roll- 
ing, 60 pct reduction. X8.0. 
Reduced approximately 30 pct 
for reproduction. 


specimens 6 and 10 formed bands which disappeared 
toward the end of rolling. The formation of defor- 
mation bands, observed in specimen 9, occurred in a 
manner similar to specimens in group IV and will be 
discussed with that group. 

When the lattice rotation proceeded toward [001], 
the Laue reflections remained sharp (as in those of 


group I); those which rotated toward [111] exhib- 


the rolling plane was near the [111]/[011] great 
circle. In this case, a [112] appeared to be more 
favorable than a [110] provided the initial rolling 
direction was removed from [110]. (See, for exam- 
ple, specimens 13 and 14.) 

No band formation was observed in the specimens 
in this group. However, specimen 14 divided itself 
into two regions, each of which rotated toward 


equivalent end positions (Fig. 4). 

Group II—The paths of rotation for both plane 
and direction are shown in Fig. 5; the initial and 
final rolling orientations and rolling data are shown 
in Table IV. 

As may be seen in Fig. 5, some of the specimens of 
this group behaved like those in group I, the 
others like those in group III; and only one of them 
rotated toward [112]. Despite this fact, it was con- 
sidered more convenient to classify all these speci- 
mens together in group II. 

These specimens, thus classified, then provide a 
behavior transitional between groups I and III. Fur- 
thermore, their behavior is unpredictable in that 
similarly oriented crystals gave different end orien- 
tations (see, for example, specimens 7 and 8). 


Except for specimen 9 whose initial rolling orien- 


tation was close to (112)[111], no band formation 
was observed. However, during the early rolling, 
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ited diffuse Laue reflections. 

Group IV—Fig: 6 and Table V summarize the be- 
havior of crystals composing group IV. All speci- 
mens developed deformation bands whose lattice 


rotated toward [111] while the matrix rotated to- 
ward [001]. A region on the stereographic triangle 
bordering the symmetry curve from [012] to [011] 
defined the area in which the crystals behaved in the 
manner described above. 

The etched surface of specimen 20 after 85.6 pct 
reduction is shown in Fig. 7. The banded structure 
resembles that observed by Barrett” for compressed 
iron. The surface of specimen 18 was interesting in 
that two types of bands were observed, as may be 
seen in Fig. 8. Those shown in Fig. 8, left, which may 
be said to be parallel markings perpendicular to the 
rolling direction, composed the greater proportion of 
the area occupied by bands. On the other hand, those 
shown in Fig. 9, right, contained fairly sharp bound- 
aries almost parallel to the direction of rolling in 
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addition to parallel markings perpendicular to the 
rolling direction. These latter bands occupied a very 
small proportion of the area. It is considered that 
these latter bands are merely an early stage in the 
development of those shown in Fig. 8, left. 


Table IV. Rolling Data for Group II Specimens 


Rolling Orientation Reduction, Pct 


Average 

No. Initial Final 1 2 3 Final ate 
6 (114)(041] (001)[—] 575 761 91.2 0.000044 
7  (125)[131]  (112)[110] 35.0 60.0 71.8 90.7 0.000050 
8 (124)[131] (001)[110] 23.8 50.0 79.0 92.9 0.000041 
9* (112)[111] (001)[110] 27.2 53.1 76.8 88.2 0.000037 

(111) [110] 

10 (112)[110] (445)[110] 153 328 — 980.7 0.000055 


* Formed deformation bands. 


Lattice rotation within the matrix which rotated 
toward [001] exhibited sharp reflections as shown 
in Fig. 9, left; that within the band, which rotated 
first roughly toward [112] and then toward [111], 
exhibited reflections which were not only diffuse but 
elongated as shown in Fig. 9, right. The elongation 
of the Laue reflections increased with increasing 


amounts of reduction up to the [112] position. In the 
vicinity of [112] they again became fairly sharp un- 
til rotation occurred toward [111], when they again 
became diffuse. 


Discussion of Results 

The results of the present investigation do not 
agree with those of Barrett and Levenson’ for iron 
single crystals, nor in part with those of Koh and 
Dunn’ for Si-Fe crystals, which call for two sets of 
continuous end orientations, nor do they agree with 
those of former investigators regarding the depend- 
ence of end position on initial orientation. However, 
the results substantiate some of the conclusions 
drawn by Koh and Dunn’ and agree with the results 
obtained by Chen and Maddin.’ 

It is considered that the reason for the lack of 
agreement with the results of former investigators 
may be sought in the difference in the rates of re- 
duction used here as compared with the rates used 
by the other investigators. For example, Orowan”™ 
has analyzed the deformation produced in the rolling 
process from the standpoint of the forward and 
backward flow. The relative position and magnitude 
of these two domains of flow depend upon many 
factors, such as roll diameter, coefficient of friction, 
and reduction per pass (i.e., rate of. reduction). The 
position of the neutral zone, which separates these 
two domains, moves closer to the plane of exit, or 
the domain of backward flow becomes predominant 


Fig. 11—Division of 
the stereographic 
triangle according to 
the four groups of 
crystals. 


001 


over that of forward flow as the rate of reduction 
decreases and the diameter of rolls increases. Under 
the present circumstances where the rates of reduc- 
tion were extremely low and the specimens were 
placed between substantially undeforming plates, 
the flow of material would be almost entirely back- 
ward, provided the single crystals behaved isotropi- 
cally in deformation. This type of behavior was 
fairly well demonstrated by specimen 7, which orig- 
inally was cylindrical with its longitudinal axis per- 
pendicular to the plane of rolling. It may be seen in 
Fig. 10 that the backward elongation is considerably 
greater than either that of forward or lateral elon- 
gation, while these latter are not altogether negli- 
gible. 


Table V. Rolling Data for Group IV Crystals 


Rolling Orientation Reduction, Pct 


Average 
No. Initial Final ul 2 3 Final Rate 
(011) [011] — 89.7 0.000048 
(056) [711] = = 10.9 17.1 27.4 44.0 0.000040 
19  (023)[100] (001)[100] 12.2 31.7 60.1 80.9 0.000102 
(345) [341] 
20 (035)[100] (001)[100] 166 25.38 53.5 90.1 0.000069 
(344) [110] 
21 (012)[221] (001)[110] 19.6 50.3 70.0 85.6 0.000055 


(445) [335] 


* Final rolling orientation of matrix. 

7 Final rolling orientation of deformation bands. 

t The rolling process was discontinued at 44.0 pct reduction in 
thickness. 


It is not known, however, how the change in the 
characteristic nature of these two domains affects the 
slip behavior. It may be that the sense of the slip 
direction is reversed, or that a predominant back- 
ward flow condition activates slip systems generally 
latent in a normal rolling process. 

The end orientations observed in the present in- 
vestigation all possess the characteristic symmetrical 
disposition of slip planes ({110} planes) and slip 
directions (<111> directions) around them, and 


Fig. 12—Patterns for lattice . 
rotation in cold-rolled mo- 
lybdenum single crystals as 
a function of initial rolling 
orientations. A) Group I, 
_B) Group II, C) Group Ill, 
and D) Group IV. 
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therefore are in accordance with the postulates 
made by Hibbard and Yen.’ 

The magnetic orientation suggested by Decker and 
Harker’ was not found to be stable in the present 
study. The crystal whose initial rolling orientation 
was the magnetic orientation was observed to rotate 


into a (111)[112] end orientation. 


Summary and Conclusions 

When the rates of reduction are very low, a single 
crystal of molybdenum is observed to behave in one 
of four patterns. Fig. 11 shows the approximate 
regions within a stereographic unit triangle where 
the respective patterns for lattice rotation were 
anticipated. 

Region I (including I’)—Fig. 12A represents the 
schematic pattern of lattice rotation for this region. 
The end orientation is generally (001) [110]. Crys- 
tals whose initial orientation of the rolling plane is 
within the region I’, with the initial rolling direction 
within about 15° from [100], develop a (001) 
[100] end orientation. 

Region II—Fig. 12B shows the schematic mode of 
lattice rotation for a region transitional between re- 
gion I and III. The end orientation is one of 
themtollowing: COOL)" (111) “[1107,- 
[112], or (112) [110]. No criterion to govern the 
choice of these end positions was observed. When 
the initial rolling orientation is close to (112) [111], 
deformation bands develop, yielding a (001) [110] 
and (111) [110] double texture. 

Region III (including III’)—Fig. 12C shows the 
schematic course of lattice rotation for this region. 
Generally, (111) [110] is the end orientation. When 
the initial orientation of the rolling plane is situated 
within the region III’, however, (111) [112] may be 
preferred. 

Region IV—Crystals whose initial orientation of 
the rolling plane fall within this region develop de- 


formation bands. Fig. 12D illustrates the schematic 
patterns of lattice rotations occurring within the 
bands and matrix. The bands behave like group III 
crystals; the matrix, like group I. Therefore, the final 
structure is a combination of two end orientations 
from (001) [110] or (001) [100] and (111) [110] 
or (111) [112]. 

The general pattern for lattice rotation resembles 
somewhat that deduced theoretically by Calnan and 
Clews‘ for compression. At the same time the results 
agree with predictions made by Hibbard and Yen.* 
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Recrystallization and Grain Growth in 


lodide Zirconium 


A systematic investigation has been made of the plastic deformation, recrystallization, and grain 
growth characteristics of swaged crystal bar zirconium. It was observed that zirconium can be cold 
worked and annealed for fabrication processes without difficulty, but that severe reductions produce a 
well defined fiber texture which is not removed by recrystallization. Deformation and growth proc- 
esses affecting the microstructure are discussed in detail. The activation energy for recrystallization 
was found to vary with the degree of deformation, while a unique activation energy for grain growth 
was not obtained. Abnormal grain coarsening was observed after annealing severely worked material 
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HE purpose of this work has been to investigate 
recrystallization characteristics of zirconium 
after cold working and annealing. In order to do 
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this, hafnium-containing crystal bars of Foote Min- 
eral Co. iodide zirconium were selected for high 
purity, maximum diameter (about % in.), bright- 
ness of surface, and absence of core wire. A typical 
lot analysis is shown in Table I. 

In order to obtain uniformity of starting mate- 
rial, all bars were cold-swaged to 0.310 in. diam, 
annealed for 2 hr at 1000°C, and furnace cooled, 
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maintaining a vacuum less than 5x10° mm Hg. This 
treatment produced a very soft base stock (RB 5 to 
10) for the experimental work. While the grain size 
was coarse (>0.200 mm), the structure appeared to 
be random in the transverse and longitudinal di- 
rections of the bars. 

At the time this work was started there was no 
systematic information available on the deform- 
ability, recovery, recrystallization temperatures, or 
grain growth characteristics of high-purity zirco- 
nium, although preliminary work’ suggested a 
temperature near 550°C for recrystallization. In 
view of this situation a number of reductions and 
anneals were set up and later modified to the sched- 
ules shown in Table II. 

Samples from each total reduction were annealed 
at 475°, 510°, 534°, 560°, 584°, 600°, 625°, 650°, and 
750°C for times ranging from 0.10 to 400 hr. 


Swaging Procedure and Results 


The reduction in area was accomplished on a 
rotary two-die multiple-hammer swaging machine 
using new dies. As shown in Table II, the majority 
of the rods were swaged cold from the 0.310 in. 
diam in steps of 1/32 to about 1/16 in. final diam 
for a maximum total reduction of 96 pct. There 
were no anneals between passes. Later in the pro- 
gram it was necessary to obtain smaller reductions 
(6.7 and 13 pct) and these were obtained from a 
different lot of metal prepared in a similar manner. 

After swaging, the rods were sectioned longi- 
tudinally with a wet cutoff wheel and cut into short 


lengths for mounting. After polishing through 000 
paper, samples were broken out of the mount and 
polished electrolytically in a cold perchloric-acetic 
acid bath. After examination of microstructure, the 
specimens were remounted to preserve the polished 
section. Six to ten hardness readings were made on 
the surface of this section using the Rt 30 scale, 
care being taken to avoid edge effects. Hardness 
conversions using the standard steel-brass Rock- 
well chart were found accurate within the experi- 
mental error in the range of hardness encountered. 

The work hardening of zirconium occurs rapidly, 
most of the hardness increase occurring in the first 
30 to 35 pet of reduction in area as shown in Fig. 1. 
The amount of the hardness increase is substantial, 
the final hardness being somewhat greater than 


Table |. Analysis of Crystal Bar Zirconium 


Spectrographic, Chemical, 
Element Ppm Ppm 
Aluminum 125 _ 
Calcium 135 — 
Carbon — 110 
Chromium 30 
Copper 35 
Hafnium 2.4 (pct) — 
Iron 550 720 
Lead 115 — 
Magnesium L5* — 
Manganese L5* — 
Nickel L20* —_— 
Nitrogen — 23 
Oxygen — 225 
Silicon L25* 
Tin L20* 
Titanium 65 70 
Vanadium L100* — 


* TL, indicates less than. 


mild steel. There was, however, a spread in hard- 
ness between the transverse and longitudinal direc- 
tions which became greater with increased reduc- 
tion as a result of the preferred orientation associ- 
ated with the anisotropy of the hexagonal lattice 
structure. 

The mode of deformation is revealed in the re- 
sulting microstructure and occurs in the initial re- 
ductions by extensive twinning. In fact, the relative 
ease with which zirconium forms mechanical twins 
is a distinct handicap in the preparation of metal- 


Fig. 2—Mechanical twins formed after swaging reduction of 
6.7 pct, longitudinal section. X250. Reduced approximately 
25 pct for reproduction. 
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Fig. 3—Structure obtained after 36 pct reduction. Note ser- 


rated edges of deformation bands. Longitudinal section. 
X250. Reduced approximately 25 pct for reproduction. 
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lographic specimens. These must be polished with 
very light pressure on well lubricated papers, mak- 
ing certain that any heavily disturbed layer result- 
ing from cutting is completely removed. As shown 
in Fig. 2, at least three generations of twins are ob- 
servable, the twin bands themselves being dis- 
placed within the grain boundary, indicating a ro- 
tation of the crystal lattice. With a more severe de- 
formation of 36 pct the twins decrease in number 
and become much less regular, developing second- 
ary twins along their length and giving a feathery 
appearance as in Fig. 3. Similar deformation by ex- 
tensive twinning has been observed by Rosi, Dube, 
and Alexander’ for titanium. In this case twinning 
was shown to be possible on eighteen pyramidal 


planes of the form {1012}, {1121}, and {1122}. 

From the results obtained for zirconium it is ap- 
parent that its deformation mechanism parallels 
titanium. After 51 pct reduction grain boundary 
identity disappears, although large clusters of de- 
formation bands are still apparent until, finally, 
with very severe reductions, the structure is com- 
pletely fragmented. A strong swaging texture de- 
veloped which could be observed metallograph- 
ically. Confirmation of the texture effects was noted 
by X-ray diffraction and reported separately. 


Recrystallization 
Annealing—Since zirconium is readily embrittled 
by exposure to gases at temperatures required for 
recrystallization, the technique employed was de- 
signed to minimize this effect. Samples to be an- 
nealed were packed in clean zirconium chips and 
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Fig. 5—Isochronal curves for initial recrystallization of iodide 
zirconium. 
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sealed in a Pyrex or Vycor tube of 20 mm diam by 
100 mm length which was evacuated to less than 
5xl0° mm Hg. This procedure proved satisfactory, 
the surfaces of the specimens neither darkening nor 
brightening during heat treatment. The tubes were 
placed in furnaces already at temperature and time 
was allowed for heating up. Heating time was de- 
termined experimentally using a dummy tube with 
a sealed-in thermocouple and was found to be 2.5 
to 3.0 min, depending on the temperature. Furnace 
temperature was maintained within +2.5°C. For 
the shortest annealing time of 6 min, specimens 
were immersed directly in a lead bath. After an- 
nealing, the sample tubes were cooled in air. 


Table Il. Schedule of Swaging Reductions 


Initial Pass Reduc- Reduction 


Diam, In. tion, Pct in Area, Pct 
0.310 0 0 
0.310 19.0 19.0 
0.310 21.1 36.0 
0.310 23.5 51.0 
0.310 27.3 64.5 
0.310 30.6 75.1 
0.310 StL 84.5 
0.310 41.9 90.9 
0.310 96.1 
0.257 6.7 6.7 
0.233 13.4 13.4 


Metallography—Annealed samples were polished 
as previously described and examined under polar- 
ized light for nucleation and grain growth. 

X-Ray Examination—In order to detect recovery 
and recrystallization for comparison with metal- 
lographic and hardness data, the polished specimens 
were irradiated by the back-reflection X-ray tech- 
nique, using filtered CuKa radiation with a 30 mil 
collimator. 

Hardness—Since only relative hardness was re- 
quired to follow the recovery process, only longi- 
tudinal hardness values were considered. 


Recrystallization Results 

Recovery—It is well known that prior to actual 
recrystallization, annealing of cold-worked metal is 
accompanied by extensive softening, stress relief, 
and changes in physical properties without a corre- 
sponding change in microstructure. The course of 
this process, termed recovery, may usually be ob- 
served by hardness changes and also by X-ray dif- 
fraction. In the latter case recovery is often dis- 
tinguished by the sharpening of the individual 
Debye rings, previously broadened and blurred by 
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Fig. 6—Isochronal curyes for complete recrystallization of 
iodide zirconium. 
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cold work and, in the later stages, by complete 
resolution of the Ka doublets. 

The softening curves are similar in shape for 
most metals, two such curves for zirconium being 
shown in Fig. 4. Extensive softening usually begins 
with the start of recrystallization, so that the 
change in slope at the arrow in this figure is indica- 
tive of the onset of nucleation. Actually, it was 
found that hardness is not a sensitive test for re- 
covery, since the metal may remain constant or 
even slightly increase in hardness with severe de- 
formations as the annealing temperature is raised. 

Back-reflection diffraction showed a continuous 
sharpening of the reflection lines as the temperature 
was increased. After 1 hr at 534°C a specimen 
swaged 36 pct showed spots on the Debye rings, al- 
though some residual stresses remained. After 1 hr 
at 560°C all traces of residual stress had vanished. 

The temperature of initial recrystallization is of 
interest in determining the upper limit of the cold- 
working range, while the temperature of complete 
recrystallization is important in annealing cold 
worked metal. In this project an attempt was made 
to define these two temperatures in terms of re- 
duction of area and annealing time. In order to do 
this, hardness, metallographic, and X-ray data were 
plotted compositely for each reduction and anneal- 
ing time. When this was done for a series of reduc- 
tions it was then possible to draw curves for the 
conditions of initial and complete recrystallization, 
respectively. From this data it was found that mi- 
eroscopic observation of the beginning of recrys- 
tallization was somewhat more sensitive than X-ray 


Table III. Activation Energies for Recrystallization 
Strain Keal per 
Metal Pct G-Atom Reference 
Aluminum 4 34.0 7 
Aluminum 5 64.5 6 
Aluminum 10 59.6 6 
Aluminum 15 52.1 6 
Copper 99 44.0 8 
Copper (OFHC) 99.7 29.9 9 
Copper 98 22.4 9 
(Specimen pure) 
Zirconium 6.7 Slt Present work 


Present work 
Present work 


Zirconium 13.5 48.0 
Zirconium 115) 36.0 


diffraction since it was possible to detect small, 
isolated grains by microscope before they became 
apparent on the diffraction film. In all cases, how- 
ever, good agreement was obtained from all the 
data as to the beginning of recrystallization. The 
completion of recrystallization was observed by 
examining the microstructure at various magnifi- 
cations for the last traces of the original strained 
matrix. 

Composite isochronal curves obtained for initial 
recrystallization after 1, 4, and 40 hr anneals are 
shown in Fig. 5. Similarly, isochronals obtained for 
completion of recrystallization after 0.1, 1, 4, and 
40 hr anneals are shown in Fig. 6. 

Heat of Activation for Recrystallization—A num- 
ber of investigators** have shown previously that 
recrystallization in metals exhibits the kinetics of 
a nucleation and growth phenomenon and is there- 
fore time and temperature dependent. Experi- 
mentally it is possible to determine an activation 
energy for recrystallization, or Qz, empirically, us- 
ing the time required for a given fraction to re- 
crystallize isothermally as an index of the rate of 
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recrystallization, when the data fit a relation of the 
Arrhenius type 


= K, exp (—Q;:/RT) [1] 


where t, is the time required for recrystallized frac- 
tion f; K; is a constant; R is gas constant; and T is 
temperature in °K. 

In the present case, the time required for com- 
plete recrystallization (f= 1.0) was used. If log 
reciprocal time is plotted against reciprocal tem- 
perature as in Fig. 7, @; may be calculated from the 
observed slope of the linear curve. In this figure, 
typical data for two reductions are shown, and it 
may be seen that the slopes of the two curves are 
slightly different. When all of the data were treated 
in this way, the heat of recrystallization could be 
plotted as a function of deformation strain, as 
shown in Fig. 8. The recrystallization activation 
energy Q, decreased from about 51 to 32 kcal per 
g-atom as the reduction was increased from 6.7 to 
96 pct. 

In Table III the activation energies for zirconium 
are compared with those previously found for other 
metals. Even with similar strains there are con- 
siderable differences for the same metal, depending 
upon the method of investigation. However, zirco- 
nium appears to lie between aluminum and copper. 
It is of particular interest to compare results of the 
present study with those of Anderson and Mehl,° in 
which Q; is also shown to decrease with increasing 
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Fig. 8—Heat of activation for recrystallization of iodide 
zirconium. 
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Fig. 9—Formation of recrystallization nuclei in twin bands 
and intersections. Reduced 6.7 pct and annealed 6 min at 
648°C. X100. Reduced approximately 25 pct for reproduction. 


amounts of strain. The rate of decrease is very 
much greater for aluminum than was found for 
zirconium. 

Mode of Recrystallization—Anderson and Mehl’ 
have suggested that recrystallization occurs first in 
highly strained portions of the crystal lattice. Zir- 
conium presents an excellent example of this, since 
nuclei form almost exclusively at twins and their 
intersections when these are present. Fig. 9 shows 
a single grain extensively twinned after 6.7 pct re- 
duction, Nucleation has occurred at twin intersec- 
tions and along twin bands after 6 min at 650°C. 
The result of this type of recrystallization is ori- 
ented growth in which the new grains tend to grow 
along the strained bands, gradually absorbing the 
relatively unstrained matrix until they impinge on 
other new grains. This type of recrystallization may 
result in most of the new grains having similar or 
twin orientations. The new grains of Fig. 10 under 
polarized light have similar shading, indicative of 
like orientation, except for those grains which pre- 
serve the orientation of the twin (black) or the 
matrix (white). Under these conditions grain 
growth may be retarded since the grain boundary 
angle is very small between the new grain and its 
parent twin. 

Since zirconium twins so readily and nucleates in 
these twins, it appears unlikely that the strain-an- 
neal method would be of much value in growing 


Fig. 10—-Growth of new grains along twin bands. Same as 
Fig. 14 except annealed 1 hr at 600°C. X100. Reduced 
approximately 25 pct for reproduction. 


single crystals of zirconium. It has been observed” 
that small amounts of oxygen inhibit mechanical 
twinning but with consequent loss of ductility. 

When the metal is heavily deformed by reduc- 
tions of 60 pet or more, the individual grains are 
heavily fragmented. When such a matrix is recrys- 
tallized, there is a tendency for a great number of 
new grains to pop-out at once due to the increased 
number of nucleation sites. A structure of this type 
is shown in Fig. 14. While the large number of fine 
grains might appear to provide a randomly oriented 
structure, this is not the case, since a banded struc- 
ture is seen to exist. 


Table !¥. isothermal Exponents for 51 Pct Reduction 


Temperature, °C Slope, n 
510 to 560 0.085 
600 0.082 
650 0.121 
750 0.326 


In considering these two different modes of re- 
crystallization, it is interesting to note that the acti- 
vation energy, Qr, does not show a discontinuous 
change with increasing deformation. While Q, de- 
creases with increasing reduction, the linearity of 
the curve of Fig. 8 suggests that both modes are 


Fig. 11—Isothermal grain 


growth curves for zirconium re- 


duced 51 pct in swaging. 
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the result of the same nucleation and growth mech- 
anism. 


Grain Growth 


Grain Size—Grain growth has been shown™” in 
many cases to progress as an exponential function 
of annealing time under isothermal conditions. 

Assuming that initial grain size is negligible, an 
empirical relation for growth may be set up 


D = Kt" [3] 


in which D is the average grain diameter; t is the 
time; n is the exponent; and K is a constant. 

The logarithmic form of this equation shows that 
the exponent n may be evaluated from the slope of 
the log D— log t curve when the data are linear at 
constant temperature. A series of such isothermal 
curves are shown in Fig. 11 for zirconium after a 
51 pet reduction in area. While similar curves were 
obtained for a number of other reductions, these are 
typical of the general results obtained. Grain sizes 
were obtained by an intercept counting technique 
described elsewhere. The linearity of the data 
shows that grain growth in zirconium may also be 
described by Eq. 3. It was found that the slope n 
was not constant but varied with the annealing 
temperature. The isothermals increase in slope 
above about 600°C. Furthermore, the data for the 
range 510° to 560°C all fell on the same curve 
within the experimental error. Observed slopes ob- 
tained are shown in Table IV. 

It is also of practical interest to compare the 
grain growth data for a particular annealing tem- 
perature. This may be done by plotting log D— 
log t curves for each reduction as shown in Figs. 12 
and 13. The slopes of these isostrain curves are of 
interest since, with n having the same significance 


TIME IN HOURS AT 650°C 


as before, it is apparent that n is not constant for a 
particular annealing temperature but may vary 
with the strain history. In Fig. 12 the data plotted 
for reductions of 6 to 36 pct have similar slopes, but 
with increasing strain as in Fig. 13, the slopes are 
no longer constant, as shown in Table V. While 
it is generally true that grain size decreases 
with increasing deformation, the data shown are 
not entirely consistent in that the 13 and 64 pct re- 
duction curves are not in the expected order. This 
may possibly be attributed to experimental error 
for the 13 pct curve, but the large increase in n for 
reductions greater than 50 pct indicates sufficient 
sensitivity in the experimental technique. Instead, 
it is believed that these anomalies stem from the 
initial assumption that as-recrystallized grain di- 
ameter is negligible and reflect the fact that final 
measured grain sizes were not sufficiently larger 
than the as-recrystallized grain size of 0.0091 mm. 


Table VY. Isostrain Exponents for 650°C 


Pct Reduction Slope, n 

6.7 0.042 
13 0.049 
19 0.045 
36 0.046 
51 0.123 
64 0.158 
75 0.096 


Heat of Activation for Grain Growth—An energy 
of activation, Q., for grain growth may be obtained 
whenever growth can be expressed as D= Kt", if 
the exponent n can be shown to be independent of 
temperature. In this case, the rate of growth is 
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Fig. 14—Banding phenomena after complete recrystallization. 
Annealed 6 min at 648°C. X100. Reduced approximately 25 
pct for reproduction. 


G =A exp (Q./RT) [4] 
but since 
= CUD Che 
it is easily shown that 
log t=log [6] 


where A’ is a constant and R is the gas constant. 

Eq. 6 shows that Q@,. may be obtained from the 
slope of the log time—reciprocal temperature curve 
and is independent of grain size and temperature. 
However, it was shown previously in Fig. 11 that n 
was not temperature independent but increased 
with increasing temperature, and therefore a sig- 
nificant activation energy could not be obtained 
from this work. 


In previous investigations it has been found that 
grain growth in aluminum also has temperature de- 
pendent values of n,” while 70:30 brass has a con- 
stant n value of 0.21 from which activation energies 
have been obtained.” “ An investigation of grain 
growth in zirconium by Dunkerley, Pledger, Dami- 
ano, and Fulton” was hampered to some extent by 
the presence of a second phase. From grain growth 
curves for their material in which the second phase 
was dispersed uniformly, an activation energy of 
68.8 kcal per g-atom in the range 640° to 720°C was 
obtained. While this cannot be compared directly to 
the present work, it is interesting to note that the n 
value of their log D—log t curve at 640°C, from 
which this activation energy was obtained, is nearly 
identical (0.12 vs 0.10) with that of the 650°C curve 
of Fig. 11. The observed data of Dunkerley et al. also 
showed n values increasing with temperature above 
720°C. The slope of the upper portion of their 760°C 
curve was about 0.29 compared with 0.33 for 750°C 
in the present work. These grain growth data are 
therefore all in reasonably good agreement. A sec- 
ond activation energy of 55.0 keal per g-atom was 
obtained by these workers for grain growth in which 
the second phase was distributed preferentially in 
the grain boundaries. The n values for material of 
this latter type do not agree with the present results 
for purer material. 

In studying the thermal changes from a deforma- 
tion to an annealed texture in remelted iodide zir- 
conium, McGeary and Lustman” obtained an activa- 
tion energy of 70.0 kcal per g-atom from grain size 
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Fig. 15—Barrier effect of two-dimensional inclusions in zir- 
conium. Annealed 120 hr at 600°C. X100. Reduced ap- 
proximately 25 pct for reproduction. 


measurements. The slope of their log D—log t curves 
had a value of 0.35 at 600°C. This is considerably 
higher than the values discussed above for tempera- 
tures approaching 600°C, and because of this their 
Q, value was not in agreement with the 68.8 kcal of 
Dunkerley et al. but must be compared with the 55.0 
keal value. The exact activation energy to be used 
for zirconium is therefore left in doubt. The present 
work favors the value of 68.8 kcal per g-atom 
obtained by Dunkerley et al. for high purity iodide 
metal, while the results of McGeary and Lustman 
are not greatly different. The greater rate of grain 
growth in the latter may possibly be attributed to 
fewer inclusions or the absence of appreciable 
amounts of hafnium. 


Grain Growth Phenomena—In the course of ex- 
amining the microstructures of annealed zirconium 
for grain counts, a number of exceptional character- 
istics were noted, some of which may explain the 
anomalies in the growth curves. 

Growth Bands: Whenever annealing was preceded 
by a heavy reduction, it was frequently observed 
under polarized light that recrystallization produced 
a banded structure in which each band consisted of a 
large number of similarly oriented grains as in Fig. 
14. These bands were always parallel to the rod axis 
and persisted during grain growth. 

Inclusions: Solid nonmetallic inclusions were ob- 
served in the form of well dispersed irregular 
spheres in some of the specimens. In addition, a 
small number of inclusions were found in grain 
boundaries. These inclusions did not appear to in- 
hibit grain growth in most cases, but in one or two 
samples a two-dimensional sheet of inclusions was 
found to block grain growth effectively, as shown in 
Fig. 15. These inclusions have not been identified, 
being neither oxides nor carbides, but are peculiar 
to crystal bar. While appearing bright in polarized 
light, their normal color is a red-to-blue violet. 
They are not opaque but semi-transparent, and 
often appear as long stringers which are actually 
composed of small globules or rods. 

Abnormal Coarsening: A number of cases of ab- 
normal grain growth were noted in counting grains, 
several samples being rejected because of mixed 
grain size. The reason for this coarsening is not en- 
tirely clear. Normally such coarsening is observed 
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Fig. 16—Discontinuous growth of recrystallized grains in 
zirconium. 


at a particular temperature at which either inclu- 
sions previously inhibiting growth are dissolved or 
sufficient surface energy is attained to surround 
these inclusions. Another form of grain coarsening 
appears to be texture dependent and is exemplified 
by the secondary recrystallization of copper associ- 
ated with the cube texture. This type of coarsening 
also occurs only after a critical temperature is 
attained. 

In zirconium it was observed that the 750°C log 
D—log t curve for the sample reduced 36 pct in 
swaging was not linear but parabolic. Although this 
was the only data of this type, it suggested the possi- 
bility of discontinuous growth; and since the curves 
for this rod at lower temperatures were linear, a 
temperature of 750°C appeared to be critical for 
coarsening. This was confirmed by the data of Fig. 
16 in which average grain diameter and annealing 
temperature are shown for various reduction and 
annealing schedules. An abrupt increase in grain 
size was obtained between 650° and 750°C for those 
samples having a combination of high deformation 
and long annealing time. With light reductions, 
growth is apparently continuous even after 40 hr 

The role of inclusions in the coarsening process 
could not be determined with certainty. While in- 
clusions were often present in the samples, they did 
not appear, to present a serious barrier to growth 
when in globular form. Examination showed that 
there were still many small undissolved inclusions 
present after the 750°C coarsening took place. These 
inclusions do not, therefore, appear to have any re- 
lation to the grain boundary migration. Coarsening, 
while only found after the 750°C anneals, was not 
confined to material free of inclusions but also oc- 
curred in the presence of globular-type inclusions. 
No evidence of abnormal coarsening was obtained 
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for annealing temperatures below and including 
650°C, and it is presumed that this effect may be 
completely avoided in fabrication processing sched- 
ules if annealing is carried out at 650°C or less. 
However, since no observations were made between 
650° and 750°C, it is impossible to state the exact 
critical temperature, although the speed of the reac- 
tion at 750°C is such that the actual coarsening tem- 
perature is probably somewhat lower than this. 


Summary 


Investigation of the deformation and annealing 
characteristics of zirconium has shown that twinning 
is an important mechanism in its plastic deformation 
as in titanium, contributing greatly to its formabil- 
ity. In this respect it differs from such hexagonal 
metals as zinc, magnesium, and beryllium. 

Annealing of cold worked metal produced normal 
recrystallization, and isochronal curves were ob- 
tained relating temperature and previous deforma- 
tion. An activation energy for recrystallization was 
obtained which varied with the amount of deforma- 
tion. In recrystallizing after light reductions, zir- 
conium forms new grains almost exclusively at twin 
bands and their intersections. 

Grain growth of zirconium may be expressed by 
the empirical relation D = Kt". However, the expo- 
nent n was found to be dependent upon annealing 
temperature and strain history. Typical isothermal 
and isostrain data are presented for grain growth as 
a function of time. After recrystallization and grain 
growth of material having a fiber texture, it was ob- 
served that the recrystallized grains formed a new 
texture. This texture was not determined. Iodide 
zirconium was found to have a discontinuous type of 
grain growth when annealed at 750°C. 
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Intermediate Phase 


in the Uranium-Zirconium System 


The U-Zr system has been studied with particular regard to the existence, sta- 
bility, and mechanism of formation of the intermediate 5 phase. This phase has been 
identified as a stable phase existing in the region of 50 pct Zr, which forms by the 
ordering of the y body-centered-cubic alloy on cooling. A phase diagram consistent 
with the information obtained in this study is presented. 


by A. N. Holden and W. E. Seymour 


URING the last several years, the U-Zr system 

has been studied at many laboratories as one of 
the research programs sponsored by the Atomic 
Energy Commission. The equilibria in part of this 
system have been difficult to determine, although 
the phase diagram from 0 to 60 atomic pct Zr has 
been established with reasonable certainty. Exist- 
ing diagrams of the system vary appreciably beyond 
60 atomic pet Zr, particularly with regard to the 
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existence of an intermediate phase. Most existing 
diagrams show a transformation or reaction hori- 
zontal near 600°C. 

In 1955, a collection of uranium phase diagrams’ 
was prepared at the Battelle Memorial Institute and 
the U-Zr diagram in that collection contained a 
questionable region in the vicinity of 60 to 80 
atomic pct Zr. Summer-Smith® has published a 
phase diagram of the system that shows no inter- 
mediate phase. Summer-Smith did his work with 
powders and found only the uranium and zirco- 
nium eutectoid mixture from X-ray patterns of ma- 
terial annealed below 600°C. Mueller® at Argonne 
National Laboratory did similar work with filings, 
and he found that initially there was a pattern of 
an intermediate phase, but on long-time annealing 
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Fig. 1—U-Zr system shown without an intermediate phase. Data taken from Summer-Smith.” 
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below 600°C the pattern showed only uranium and 
zirconium. Mueller concluded that the intermedi- 
ate phase was metastable; therefore, the equilib- 
rium diagram should contain no intermediate phase. 
The diagram of Summer-Smith, Fig. 1, is typical 
of those phase diagrams where an intermediate 
phase is not shown. 

The work described in this paper was done pri- 
marily to determine whether or not an intermediate 
phase exists, and if it does, to determine some of its 
characteristics. 


Experimental Methods 


Alloys were prepared by a vacuum arc-melting 
method from uranium and zirconium as pure as 
were available from the commercial suppliers of 
AEC materials. No analysis of impurities was made. 
Alloys of compositions 64, 73, and 80 atomic pct Zr 
(or nominally about 40, 50, and 60 wt pct) were 
prepared. In addition, one alloy that had been pre- 
pared by one of the project groups at the Knolls 
Atomic Power Laboratory containing 90 atomic 
pet Zr (78 wt pct) was studied. Chemical analysis 
established the compositions within +0.5 wt pct. 

Small samples of each composition suitable for 
X-ray and metallographic examination were pre- 
pared by cutting pieces from the arc-melted and 
cast ingot. In addition, wire samples of each com- 
position were prepared by hot working. These 
wires were about 50 mil in diam and 3 in. in length, 
and were used for X-ray powder work and elec- 
trical resistance studies. Finally, a few pieces of 
60 and 78 wt pct Zr alloy were examined using a 
thermal analysis technique. A differential thermo- 
couple was used with one junction in the sample 
and one in a close-fitting nickel block, and the 
whole assembly was heated in a vacuum furnace. 
Cooling rates of 1°C per min were used, and the 
voltage output of the thermocouple vs temperature 
was recorded on a recording potentiometer. 

Resistance measurements were of a very qualita- 
tive variety. A low heat capacity furnace was used 
to heat the wire specimens, and they were cooled at 
various rates through the transformation or reac- 
tion horizontal in the 600°C region. Resistance vs 
temperature was recorded on a recording potentio- 
meter for a qualitative picture of the behavior on 
transforming. Temperatures were measured with a 
thermocouple attached to the heated specimen. 

For the metallographic and X-ray examination, 
equilibration of the samples was accomplished by 
heating in vacuum as long as 48 hr and then 
quenching. The quenching method was adopted as 
satisfactory only after it was established that the 
X-ray structure obtained in wires after quenching 
was the same as that obtained at temperature using 
a high temperature X-ray camera of the Weissen- 
berg type. The surface of each piece or wire was 
cleaned in HNO,-HF after annealing before sub- 
jecting it to X-radiation. 

The metallography presented a particular prob- 
lem since these alloys were found to be quite diffi- 
cult to polish. The technique used was to grind and 
abrade the sample through No. 400 paper, then im- 
merse it for a few seconds in warm 50 pct HNO, 
containing 5 pct HF acid, and finally to polish on 
the coarse and fine metallographic polishing wheel 
using alumina abrasive. The HNO, dip was success- 
ful only if the solution boiled vigorously and 
evolved copious nitrous oxide fumes, since only 
under these conditions was the worked metal re- 
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Fig. 2—Cells or domains in 50 wt pct Zr-U alloy grains. 
X100. Reduced approximately 10 pct for reproduction. 


moved and a specular chemical polish given to the 
sample. Final polishing on the fine wheels was 
largely a precaution in case there might have been a 
film formed in the acid-dip polish. In those in- 
stances where an etchant seemed desirable, a few 
drops of 1 pet HF was used on the final wheel. It 
was found that many of the alloys were examined 
most satisfactorily with polarized light directly on 
the polished surface, and etching was not used. 


Experimental Results 
Alloys of 40, 60, and 78 wt pct Zr have varying 
amounts of second phase present in the metallo- 
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Fig. 3—Effect of several annealing temperatures on the 


macrostructure of a 50 wt pct ingot. Section was etched to 
reveal the macrograins. 
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graphic structure at temperatures below 595°C. 
Alloys of 50 wt pct were single phase at all tem- 
peratures up to 900°C. However, the 50 wt pct 
alloys were isotropic under polarized light when 
quenched from above 625°C and optically active 
when quenched from 595°C or lower. This was 
most strikingly apparent in coarse grained samples 
from the arc-melted and cast ingot. 

The nature of the optical activity in a 50 wt pct 
Zr sample annealed at 500°C can be seen in Fig. 2. 
There is a substructure of closely related subgrains 
or domains within the larger grains. The larger 
grains, however, remain unchanged on annealing at 
all temperatures, even when the sample changes 
from an optically active to an isotropic condition. 
A section of an ingot of 50 wt pct Zr alloy, annealed 
at several temperatures, quenched, and etched to re- 
veal the macrograins, is shown in Fig. 3. 
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Fig. 4—Strip chart 
record of resistance 
change on transform- 
ing 50 wt pct Zr-U 
alloy. Cooling rate 
was 1.5°C per min. 
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The change in resistance on cooling from the 
high temperature region above 625°C down through 
the transformation to room temperature is such as 
to show an abrupt increase at the phase transfor- 
mation. Below the transformation temperature, the 
resistance increases gradually with decreasing tem- 
perature. These changes are in the reverse direction 
from those normally encountered in metals. Fig. 4 
shows a trace from a typical resistance-temperature 
record for a rate of cooling of 142°C per min. 
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Fig. 5—X-ray photogram of a crystal containing cells. 


The results of thermal analysis on the 60 and 
78 wt pet Zr alloy show a reaction horizontal near 
600°C. These results only confirm the other data, 
that a transformation is actually taking place. They 
do little to establish the exact temperature or mech- 
anism, although more precise data are being ob- 
tained. 

Powder X-ray work done on the 50 wt pct alloy 
quenched both from above and below the trans- 
formation gave the lines in Table I. All of the high 
temperature lines are also in the low temperature 
pattern. Above the transformation the pattern in- 
dexes body-centered-cubic, a = 3.56A, while below 
the transformation the pattern can be indexed 
body-centered-cubic, a, = 10.68A. 

An X-ray back-reflection Laue pattern was taken 
of one of the large grains of 50 wt pct Zr contain- 
ing a substructure of domains similar to that shown 
in Fig. 2. The resulting pattern, shown in Fig. 5, can 
be indexed cubic. The same grain, examined after 
quenching from 700°C to remove the optical sub- 
structure, was still a cubic single crystal of identi- 
cal orientation to that of the crystal with domains. 

A crystal cut from the cuarse grained casting of 
50 wt pet Zr-U alloy containing a substructure of 
domains was rotated in the Weissenberg camera 


Fig. 6—X-ray structure after 
annealing the 5 phase, illus- 
trating the decomposition of 
only the surface layer. A) Sur- 
face of sample after annealing. 
B) After removing the surface 
by etching. C) Surface after 
annealing again. 
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about a major cubic axis. The resulting pattern in- 
dicated tripling of the normal cubic cell and agrees 
with the interpretation of the powder data, that the 
low temperature phase may be cubic, a, = 10.68A. 


Discussion 

The results of the X-ray studies may be inter- 
preted in the following way: The high temperature 
phase in the 50 wt pct alloy is ordinary y solid 
solution of body-centered-cubic structure. It trans- 
forms at or near 600°C to an ordered arrangement 
based on the body-centered-cubic structure of 
about three times the a, value of y. This ordered 
phase is indeed the intermediate or § phase* tenta- 


* This phase has also been called ¢€ by some experimenters. 


tively described on many phase diagrams. 


Table |. Diffraction Lines of 50 Wt Pct Zr Alloy 


Intensities* 


Above the Below the 
d,A Transformation Transformation 
4.28 Ww 
3.05 — M- 
2.49 VS VS 
2.16 
1.94 — M 
S- 
1.64 — 
1.54 — M- 
1.45 St+ S+ 
1.31 Ss 
1:25 M M 
1.20 — Vw 
1.16 — M- 
M+ M+ 
1.06 — M 
1.02 M- M- 
1.00 — Wr 
0.973 — M 
0.949 Ss 
0.929 Ww 
0.907 M+ 
0.881 Wr Wr 
0.838 
0.809 — St 
0.795 M M 
0.783 — Ww 


* Letters give the scale of intensity: VS, very strong; S, strong; 
M, moderate; W, weak; and VW, very weak. Plus and minus super- 
scripts indicate degrees above and below the designations. 


The optical activity of the ordered phase is an 
interesting phenomenon. Certainly the fact that 
domains are visible means that the larger grains 
are comprised of various related domains of order 
that form on transforming from y to 6. This may 
also indicate something about the structure. If the 
optical activity arises from an anisotropic surface 
film, the ordered structure may well be cubic and 
even centrosymmetric. Such anisotropic films have 
been known for many years, and they make pos- 
sible, for example, the study of aluminum with 
polarized light. Since zirconium and uranium are 
both reactive with the atmosphere, this explanation 
is a possible one. Another interpretation, however, is 
that the structure is not cubic, but that the ordered 
arrangement of atoms makes it of lower symmetry, 
and thus optically anisotropic. The second explana- 
tion is presently preferred because the preliminary 
interpretation of Weissenberg patterns indicates 
layer-stacking of zirconium and uranium atoms 
normal to a <111> direction in each domain. Fur- 
thermore, the domains are revealed most clearly in 
metal with the most specular surface; any surface 
‘film at all seems to obliterate the optical anisotropy. 

The principal difference between the X-ray studies 
reported by Summer-Smith and Mueller and the 
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Fig. 7—Deformation marks in the domain structure in 50 wt 
pet Zr-U alloys. X500. Reduced approximately 20 pct for 
reproduction. 


studies reported in this paper seemed to be that the 
former work was done with filings that were not 
etched or cleaned after annealing while this work 
was with massive samples that were etched after 
annealing. It was postulated, therefore, that a ter- 
nary was formed with oxygen on the metal surface 
that removed the 6 phase and produced uranium 
and zirconium terminal solid-solution structures. 
Therefore, with uncleaned filings of 50 wt pct Zr 
alloy, the pattern was uranium and zirconium after 
annealing below 600°C, while with massive samples 
cleaned after annealing, the inside metal was still 
6 phase. 

As a check on this possibility, a massive sample 
of 40 wt pct Zr was annealed in an evacuated Vycor 
glass capsule at 500°C for 15 hr and examined un- 
etched. It showed a U+ Zr X-ray pattern. After 
removing 0.0005 in. by etching, the pattern reverted 
to 6 phase. Reannealing for 15 hr at 500°C again 
brought out a pattern of uranium and zirconium. 
The results of this series of tests are shown in Fig. 6. 

Filings that were annealed at 500°C and were 
etched by pouring acid over them in a filter paper 
had only a § phase pattern when the etching had 
removed sufficient surface. There is no basic differ- 
ence, therefore, between filings and massive samples 
other than surface area; clean filings behave exactly 
as clean massive samples and the apparent instability 
reaction is purely superficial. 

Massive pieces of the § phase have been examined 
by X-ray methods after extensive cold work. These, 
too, remained 6. Slip lines were observed in the 
grains of deformed 6 phase and, in general, they did 
not go continuously through a grain, but were inter- 
rupted by the individual domains, as shown in Fig. 
7. It is to be expected that the effect of ordered 
domains on mechanical properties will be pro- 
nounced, since the domain walls themselves resist 
deformation in a manner similar to stacking faults, 
and each domain has a preferred slip direction that 
creates a minimum of disorder of the structure. 
Measurements made on the 50 wt pct Zr alloy in 
the ordered state showed it to be quite hard, having 
a Vickers’ hardness of 280 to 350 Vhn compared to 
150 to 180 Vhn for retained unordered y as-quenched 
from 950°C. The difficulty in propagating slip 
through domain walls can account for this hardness. 
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Fig. 8—U-Zr equilibrium diagram which shows an_inter- 
mediate 5 phase lying between 40 and 60 wt pct Zr. 


Domains may also account for the anomalous 
direction of the resistivity change on ordering in 
this system, if a high electrical resistivity is as- 
sumed to be the property of domain boundaries. 
There are then two competing reactions, a tendency 
toward a decrease in resistance resulting from order- 
ing and a tendency toward an increase resulting 
from the formation of domain boundaries. The effect 
of domain boundaries is apparently overriding the 
effect of ordering. 


It can be argued that the y-6 transformation is 
not a true order-disorder transformation, since the 
ordered phase is not forming within a true single- 
phase region; therefore, the product of the trans- 
formation is really a compound with variable solu- 
bility. Such a viewpoint is satisfactory when con- 
sidering only the phase diagram. Upon consideration 
as well of the transformation mechanism, in which 
§ domains form within a single y grain on cooling 
without altering the orientation of that grain, the 
order-disorder idea is tenable. This, of course, leads 
to the conclusion that order-disorder changes are 
real phase changes, a notion not always accepted 
at the present time. 

Conclusions 

The many observations that are reported in this 
paper support strongly an intermediate 6 phase in 
the U-Zr equilibrium diagram. This phase forms 
from the body-centered-cubic y phase by an order- 
ing transformation. A diagram that can account for 
such an intermediate phase is shown in Fig. 8. The 
composition boundaries are uncertain, but it lies 
between 40 and 60 wt pct Zr. The temperature of 
the order-disorder transformation lies between 595° 
and 6110 
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Removal of Boron from Silicon by Hydrogen 


Water Vapor Treatment 


__ Boron may be removed from liquid silicon by treatment with hydrogen contain- 
ing water vapor. Use of this method coupled with zone refining makes it possible to 
prepare higher purity silicon than is otherwise possible. 


by H. C. Theuerer 


Ee the highest purity silicon available for 
semiconductor use contains significant amounts 
of donors and acceptors, usually aluminum, phos- 
phorus, and boron. Aluminum and phosphorus can 
be removed from silicon by adaptations of the zone 
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refining techniques’ widely used with germanium. 
Removal of boron, however, has been a difficult 
problem. The approximate distribution coefficient 
for boron in silicon is 0.8, so that while zone refin- 
ing is possible, it is not very effective in any reason- 
able number of passes. It has been found, however, 
that boron can be effectively removed from silicon 
by treatment of a liquid zone with hydrogen and 
water vapor. Starting with 40 ohm-cm, n-type sili- 
con, use of zone refining coupled with hydrogen 


TRANSACTIONS AIME 


— | 
1100 
900 
800 
700 
E 
200 | | 
| 
1 


Fig. 1—Apparatus 
for surface tension 
suspension melting. 
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water vapor treatment has resulted in p-type sili- 
con with a resistivity of 3000 ohm-cm. Initially, this 
material contained boron and phosphorus at concen- 
trations of ~10“ atoms per cu cm. After refining, the 
boron and phosphorus concentrations were 4.3x10” 
and 3.0x10" atoms per cu cm, respectively, as deter- 
mined by low temperature Hall effect measurements. 

In addition to the work on boron removal, which 
will be discussed in detail, the effect of water vapor 
on phosphorus and aluminum in silicon was studied. 
It was found that hydrogen water vapor treatment 
reduced the aluminum concentration by 16 pct, but 
that this effect is small compared to that obtained 
by zone refining because of the favorable distribu- 
tion coefficient (0.003) of aluminum in silicon. 
Phosphorus in silicon is not removed by hydrogen 
water vapor treatment. 

Surface Tension Suspension Melting—The re- 
moval of boron by hydrogen water vapor treatment 
was studied in detail using a method in which a 
liquid silicon zone supported by surface tension be- 
tween solid sections is caused to traverse the rod. 
In this way unwanted side reactions were eliminated. 
The apparatus used for surface tension suspension 
melting is shown schematically in Fig. 1. It consists 
essentially of a quartz tube 3% in. OD x 22 in. long with 
1/16 in. wall, to each end of which brass end caps are 
attached with picein wax. The lower end cap con- 
tains an outlet for hydrogen and a chuck for mount- 
ing a silica support rod terminating in a cup for 
holding a silicon seed crystal. The end cap is also 
attached to a drive mechanism which allows the as- 
sembly to be lowered at controlled rates between 
0.05 and 0.2 in. per min. The upper end cap of the 
apparatus is provided with a hydrogen inlet and a 
support chuck attached to a screw mechanism for 
vertical adjustment of the upper rod assembly. The 
chuck is fitted with a silica holder and cup in which 
the silicon rods to be treated are cemented, using a 
mixture of powdered quartz bonded with sodium 
silicate. This method of zone support was developed 
independently at the Bell Telephone Laboratories 
and is similar to those described by Keck’ and 
Emeis.* 

In conducting the experiments, the tube is con- 
tinuously flushed with hydrogen with or without 
water vapor added at a flow rate of 1 1 per min. 
The hydrogen used is purified by passing over pal- 
ladinized Alundum to remove oxygen and through 
activated charcoal at liquid N. temperature to re- 
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move water vapor and condensable gases. Where 
water vapor is added, this is done by saturating the 
gas and passing it through a condenser held at a 
controlled temperature. 

A liquid silicon zone is now established at the 
seed rod junction, using direct induction with a 5 
megacycle generator. If the resistivity of the silicon 
is above 0.1 ohm-cm, it will not heat by induction at 
temperatures below about 700°C. In such case, it is 
necessary to heat the silicon to this temperature by 
other means. Preliminary heating may be done con- 
veniently by applying a Bunsen flame to the quartz 
envelope at the location where melting of the silicon 
is desired. After melting, to compensate for matter 
transport* occurring because of differences in the 
solid and liquid volumes of silicon, the upper rod is 
lowered 0.005 in. This expands the zone diameter and 
compensates for the volume shrinkage occurring on 
liquefication. If this is not done, necking of the rod 
occurs as the initial zone freezes; and since the 
process is repetitive, with multiple passes such 
necking can become severe. The zone may now be 
caused to traverse the rod by moving the apparatus 
through the induction coil at a controlled rate. When 
the zone is about 1 in. below the top holder, the 
zone travel is stopped and the zone solidified by 
slowly reducing the power. During solidification, the 
upper rod is lifted 0.005 in. to compensate for ex- 
pansion on freezing. Where multiple passes are de- 
sired, the heat may now be transferred to the start- 
ing position by gradually raising the apparatus 
through the energized induction coil. The initial 
zone may then be reliquefied and the process re- 
peated. 

Silicon Preparation—The silicon used in these 
experiments was deposited on tantalum tape by the 
hydrogen reduction of silicon tetrachloride. When 
silicon containing either boron or phosphorus was 
required, this was prepared by adding boron tri- 
chloride or phosphorus trichloride to the silicon 
tetrachloride. In cases where aluminum doping was 
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Ha-SATURATED WITH H2O AT 0°C, WATER REMOVED 


| DURING LAST PART OF RUN AS INDICATED 
| | | 3. DRY 
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- T NE TRAVE ------—» +4 
2 ZONE TRAVEL MINUTE ZONE | 
| | ZONE LENGTH 0.25/ 


LAST ZONE HELD 
| LIQUID 4 MINUTES 


RESISTIVITY IN OHM-CENTIMETERS 


LOCATION ALONG ROD IN INCHES 


Fig. 2—Resistivity of silicon after successive hydrogen water 
vapor treatments. 
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Fig. 3—Resistivity of silicon with various concentrations of 
water vapor in hydrogen. 


required, a small amount of the element was added 
to the initial silicon zone. Since aluminum has a low 
distribution coefficient with silicon, moving the zone 
through the rod does not rapidly deplete the alumi- 
num from the liquid, and a fairly uniform composi- 
tion is obtained in the freezing solid. 

The silicon grown by the hydrogen reduction 
method has a tantalum core which must be re- 
moved. To do this, the rods are slit lengthwise 
through the central axis to expose the tantalum. 
Residual tantalum is removed by solution in hydro- 
fluoric acid, and the silicon is finally etched in a 
mixture of nitric and hydrofluoric acids. In these 
experiments, four such rod sections were bundled 
together for use in the zone process. 


Boron Removal by Hydrogen Water Vapor Treat- 
ment—To study the removal of boron by hydrogen 
water vapor treatment, changes in resistivity of 
boron doped silicon rods were determined after 
various treatments. The boron concentration deter- 
mines the resistivity in accordance with the follow- 
ing relationship 

1 


pen 


where C is the boron concentration in atoms per cu 
cm, p is the resistivity in ohm-cm, e is the electron 
charge in coulombs, and p» is the mobility in sq cm 
volts* sec*. Since the values for the mobility’ are 
known, the above expression can be evaluated. In 
these studies, the time dependence of the treatment 
and the effect of water vapor concentration on the 
reaction were determined. In studying the time de- 
pendence of the reactions, boron doped silicon was 
given the following sequence of treatments: 

1) An initial zone pass in dry hydrogen at a 
travel rate of 0.1 in. per min to characterize the rod. 

2) A zone pass in hydrogen saturated with water 
at 0°C. Toward the end of the run the water vapor 
was eliminated. 

3) A zone pass at a travel rate of 0.1 in. per 
min in dry hydrogen. 

4) A zone pass as in 2 above, except that the 
water treatmeni was continued throughout the run. 

5) A final zone pass, the first 2% in. of travel 
being at a rate of 0.05 in. per min and the balance 
continued at the former rate of 0.1 in. per min. 

Resistivity measurements made along the rod 
after each of the above treatments are shown in Fig. 
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2. The following conclusions may be drawn from 
these data. 

1) Wet hydrogen treatment reduced the boron 
concentration in the silicon. Elimination of water 
vapor toward the end of the first wet hydrogen pass 
(curve 2) terminated boron removal from the liquid 
zone. From this point, the resistivity gradually falls 
and approaches the initial value. This tailing effect 
occurs because the liquid zone prior to elimination 
of water vapor is purer than the ensuing feed mate- 
rial. Upon elimination of the water vapor, introduc- 
tion of impure feed gradually raises the boron con- 
centration in the liquid zone, which is reflected by 
an increased boron concentration in the freezing 
solid. The observed effect should, therefore, be a 
gradual lowering of the resistivity. When steady 
state conditions are reestablished in the zone, the 
forming solid and the feed material will have the 
same composition and hence the same resistivity. 


2) Boron removal by water vapor is irreversible 
since subsequent treatment in dry hydrogen shows 
no significant changes in resistivity. 

3) A second pass in wet hydrogen resulted in 
further removal of boron, as indicated by the in- 
crease in resistivity of the silicon. 

4) The final run in wet hydrogen reveals the 
time dependence of the purification reaction. Doub- 
ling the time of treatment by decreasing the rate 
of zone travel resulted in a correspondingly larger 
removal of boron. Prior to solidification, the last 
zone in this run was held molten for 4 min in the 
wet hydrogen. A steep rise in resistivity at this point 
reflects the enhanced purification in the last zone 
due to added time of treatment in wet hydrogen. 


In each of the above experiments, the rate of 
zone travel was 0.1 in. per min, except for the 
initial part of run 5, where the zone travel was 0.05 
in. per min. Since the zone length throughout was 
0.25 in., the treatment times for the above travel 
rates were 2.5 and 5 min, respectively. The incre- 
mental rise in resistivity with time of treatment, 
shown in Fig. 2, suggests that the rate of boron re- 
moval is proportional to the boron concentration. 

To determine the influence of water vapor con- 
centration on the rate of boron removal from silicon, 
a second rod containing boron was characterized 
after one zone pass in dry hydrogen. Resistivity 
measurements along the length of this rod indi- 
cated a boron concentration of ~1x10* atoms per cu 
cm. A second pass was started through the rod at 
the travel rate of 0.05 in. per min in dry hydrogen. 
After approximately one fourth of the rod was 
traversed, a partial pressure of 0.94 mm of water 
was introduced to the hydrogen. When one half and 
three quarters of the rod were traversed, the water 
vapor pressure was increased to 4.6 and 9.8 mm, 
respectively. The resistivity measurements plotted 
as a function of rod location are given in Fig. 3. It 
is immediately apparent that the amount of boron 
removed increased with increasing water vapor con- 
centration in the hydrogen. The initial peaks in the 
curve at the beginning of the third and fourth treat- 
ments reflect enhanced purification in these initial 
zones. This occurred because these zones were held 
static for about 5 min prior to zone travel to equil- 
ibrate the system with the new water vapor con- 
centration. 


From the resistivity data of Figs. 2 and 3, the 
amount of boron remaining in the rod after each 
treatment was calculated. Analysis of the data ob- 
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tained by varying both the time of treatment and 
the water vapor concentration in the boron removal 
experiments revealed that 


II 0 
(6) 
kt \/p 
where B is boron concentration after treatment, Bo 
is initial boron concentration, p is partial pressure of 
water vapor in mm introduced to the system, t is 
time of treatment in min, and k is rate constant. 
The above expression suggests that boron re- 
moval involves a heterogeneous reaction occurring 
at the surface of the molten silicon. The process in- 
volves the oxidation of both silicon and boron and 
evaporation of the oxidation products which con- 
dense on the tube walls. That oxidation of boron is 
involved has been established by chemical analysis, 
which revealed the presence of a borate in the wall 
deposits. Since the reaction occurs at the silicon sur- 
face, the rate of change in boron concentration 
should be dependent on the area to volume ratio of 
the liquid silicon, assuming the boron concentration 
is uniform in the liquid zone. In the above experi- 
ments the area and volume of the liquid zones were 
maintained constant at 1.01 sq cm and 0.129 cu cm, 
respectively. Taking the area volume dependence in 
account, Eq. 1 becomes 


B A 
lo = —0.013 
g Vp 


where A is area of liquid silicon in sq cm, and V is 
volume of liquid silicon in cu cm. 

The above equation is useful in estimating the 
boron removal to be expected for variations in the 
above parameters. The surface to volume depend- 
ence is of particular importance, and should be kept 
as large as possible in designing processes involv- 
ing this reaction. Boron removal using wet hydrogen 
is possible in crucible processes either by passing 


the gas mixture over the silicon surface or by bub- 
bling the gas through the melts. Inert gases, such as 
helium, or partial pressures of water vapor alone 
have also been used. It has been found, however, 
that hydrogen water vapor is most effective. 


Summary 

It has been shown that boron can be effectively 
removed from silicon by treatment in hydrogen 
containing small amounts of water vapor. The re- 
moval efficiency is increased by both the time of 
treatment and the concentration of water vapor 
used. Normally, hydrogen saturated at 0°C was 
used. Saturations above 10°C were avoided because 
of the tendency toward crusting of the silicon with 
silica. 
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Effect of Plastic and Elastic Stresses on the Losses 
And the Domain Configurations of Grain-Oriented 
3 Pct Si-Fe 


Permanent, plastic elongation of about 0.1 pct is shown almost to double the 60- 
cycle watt losses of grain oriented 3 pct Si-Fe. Subsequent application of tension in the 
elastic range is shown to eliminate this loss increase. The domain structures correspond- 
ing to these effects have been studied and their interpretation bears out the loss results 


qualitatively. 


by P. W. Neurath 


| Be recent years the domain theory of ferromag- 
netism has been put on a sound experimental and 
theoretical basis. But its application to one of the 
most widely used high quality magnetic materials, 
the cold-rolled grain-oriented 3 pct Si-Fe used in 
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transformer cores, has been rather difficult because 
of the complexity of the domain structure of the 
polycrystalline sheet material. This paper presents 
some experimental data for this material, showing 
the relation between plastic and elastic stresses, 60- 
cycle watt losses, and the domain structure as ob- 
served visually. Only a very tentative qualitative 
explanation of the effects will be attempted. Some 
initial results were reported earlier.’ 
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Samples—The samples were 16.0x1.18x0.014-in. 
strips of commercial grain-oriented 3 pct Si-Fe, 
stress-relief annealed after cutting. Samples from 
several heats were used in this work with various 
commercial separator insulator coatings on their 
surfaces left in place on one group of samples. On 
duplicate samples the coating was removed by acid 
etching to facilitate further preparation for domain 
observation. The samples were all magnetized and 
stressed in the direction of their long axis only, i.e., 
along the rolling direction. 

Loss Measurements—The 60-cycle ac losses were 
measured with special equipment available to the 
author, shown schematically in Fig. 4. It consists 
essentially of a magnetizing coil, a search coil, and 
two Mumetal yokes clamped across the central 10 
in. of the long samples; the total power loss in the 
coils, yoke, and sample was measured. The flux 
density was controlled manually by holding the 
voltage output of the 1000-turn search coil at the 
desired level. The preamplifier prevented the watt- 
meter from drawing power from the search coil. By 
this means and through careful design and assembly 
of the yoke, the tare of the equipment was kept 
down to about 1 or 2 pet, which was corrected for 
approximately when calculating the losses from the 
meter readings. The peak magnetizing current in 
this device, measured on an oscilloscope, was used 
to obtain a rough measurement of the field strength, 
H. From it, and the directly measured flux density, 
B, the permeability, » = B/H, could be calculated. 
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Application of Tension—A Detroit Testing Ma- 
chine Co. tensile machine was modified to hold the 
16-in. long strips while at the same time allowing 
either 1) the loss measuring device, or 2) the metal- 
lurgical microscope, together with exciting coils, to 
be placed in position. 

The tension, applied by manual cranking, was 
measured by the deflection of a spring, indicated on 
a calibrated dial gage. Due to friction and backlash in 
such a device, readings below 25 lb are questionable. 

The samples were deformed plastically in the 
same testing machine. The extent of the plastic 
deformation could be calculated approximately from 
a count of the number of turns of the crank on the 
machine; strain gages were used on most of the 
samples to get their complete stress-strain curves, 
but these are of course strictly valid only for the 
part of the samples under the gages. Permanent 
plastic extensions of the order of 0.1 to 0.2 pct were 
aimed at. However, due to the nonuniformity of 
room temperature plastic deformation of this alloy, 
the 0.1 pct figure should be considered only as a 
qualitative indication of the severity of cold work. 
The lattice strain averaged over a small enough vol- 
ume would differ considerably from 0.1 pct. 

The full sequence of tests on a sample was as 
follows: 

1) The watt losses of a sample were measured at 
a series of increasing stresses up to approximately 
12,000 psi. Preliminary tests had shown that this 
was a stress which would cause no measurable per- 
manent change of the losses or of the more sensitive 
magnetostriction of a sample. At higher stresses the 
coating or at least its bond to the base metal (on the 
unetched samples) is probably damaged first, caus- 
ing a permanent increase in the magnetostriction. 

2) After this initial run in the reversible region, 
the samples were then deformed plastically as de- 
scribed above. 

3) After this deformation the losses were again 
measured under a series of increasing stresses, the 
maximum stress in this second run remaining under 
the previously applied stress, so that these runs were 
again reversible. This sequence of tests was adopted 
on the basis of the preliminary results reported 
earlier.* 


Domain Observation—To apply the colloidal mag- 
netite for visual observation, a polished surface is 
needed. However, it was found that mechanical pol- 
ishing was not necessary to get satisfactory results. 
An acid etch (75 pet HO, 15 pet HCl, 5 pct HEY andi 
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Fig. 3—Effect of elastic deformation on 60-cycle watt losses 
at Bmax = 15,500 gauss on a plastically deformed sample. 
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TENSION 


ON GRIPS MAGNETIZING AND POTENTIAL WINDINGS 


TEST STRIP IS VERTICAL 


Fig. 4—Schematic diagram of experimental arrangements 
and circuits. P is the power supply, W a dynamometer watt- 
meter, B a flux voltmeter, Pre-A the preamplifier, RC a 
high quality RC integrating circuit, and O an oscilloscope. 


5 pet Pyridine at 70° to 80°C for a few minutes), 
followed by swabbing in an iodine etch (65 g Fe, 325 
cu cm H,O, 52 g diboric ammonium citrate, and 780 g 
iodine), was followed directly by electropolishing on 
a Disa electropolishing machine with a perchloric 
acid-type solution. This method consistently gave 
a satisfactory surface, eliminating all questions of 
cold work due to abrasives. It makes feasible the 
use of sample shapes that would be difficult to polish 
mechanically. 

The colloid was prepared using the directions of 
Elmore’ with the modifications as given by Bozorth.’* 
However, only about one in three batches of colloid 
prepared in this way turns out satisfactorily. Some 
batches are unstable and some give insufficient con- 
trast for the microphotography of the domain bound- 
aries. Bright field illumination was used because it 
consistently brought out the domain boundaries more 
clearly than dark field illumination. A 33mm camera 
was used in conjunction with the microscope to 
permit a large sequence of pictures to be taken 
rapidly under varying field and flux conditions. 
Speed is necessary because the colloid dries out and 
every time it is replenished for taking pictures of 
one particular area the polished surface deteriorates. 

Static Flux Measurement—To measure the flux 
density when domain observations were made, a 
200-turn search coil was connected to an electronic 
integrating fluxmeter designed by A. H. Foley of 
the Transformer Laboratories Dept. Its output meter 
gives a deflection proportional to the sum of all the 
flux changes in the search coil, starting from any 
desired arbitrary reference point. 


ROLLING 
DIRECTION 


Fig. 5—Type | do- 
main pattern sche- 
matically and as it 
appears on a single 
crystal A and a poly- 
crystal B sample. 
Micrographs reduced 


approximately 25 pct 
for reproduction. 
/ 
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The drift of the meter, due to all causes, is low 
enough so that the flux densities reported should be 
correct to within +500 gauss. 

Subsidiary Measurements—Some magnetostric- 
tion measurements were made to check the onset 
of irreversible changes in the material, as pointed 
out previously. The measurement technique has 
been described in an earlier paper.* The undeformed 
samples, under a tension of zero to a few hundred 
pounds per square inch, have magnetostriction 
curves similar to sample No. 14 of ref. 4, i.e., a small 
negative magnetostriction at 15,500 gauss. 

A measure of the permeability changes was also 
obtained, as described under the section on loss 
measurements, and a typical permeability vs stress 
curve is reproduced in Fig. 1. 


Results 

Watt Losses vs Stress—1) A typical plot of watt 
loss against applied stress in the elastic and reversi- 
ble region, which might be called the initial curve 
of the sample, is shown in Fig. 2. The small rise in 
loss at low stress, as compared to the free sample, 
may be due to a combination of coating effects and 
bending by imperfect alignment of the grips, rather 
than being due to any effect of pure tension. How- 
ever, it should be added that the small observed loss 
changes are accompanied by a large decrease in 
permeability as shown in Fig. 2. A decrease in per- 
meability is qualitatively explained by the negative 
magnetostriction of the samples. 

2) After plastic deformation the samples nad on 
the average, increased in loss by 87 pct. A typical 
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stress-loss curve is shown in Fig. 3. The almost 
complete recovery of the losses to the undeformed 
state by elastic stress is clearly indicated. Numerical 
data showing these results in more detail for 16 
samples from 8 different lots are given in Table I. 


Table |. Watt-Loss Increases (in Percentage of the Loss of the 
Undeformed Sample at Zero Stress) as a Function of the Elastic 
Stress and of Prior Plastic Deformation 


Deformed Sample 


At Tensile 
Stress Some- 


Undeformed what Below 
Sample at At Ap- Previous 
Approximately proximately Yield 
12,000 Psi At Zero 12,000 Psi Point, Ap- 
Sample Tensile Tensile Tensile proximately 
No. Stress Stress Stress 30,000 Psi 
S11 2 88 10 3 
$12 2 85 26 1% 
$31 1 76 5 —7 
$32 3 72 3 —6 
S41 4 74 6 —6 
S42 6 71 9 —4 
All 0 78 3 0 
Al2 0 85 5 3 
A2l1 0 93 5 3 
A22 0 91 16 10 
A3l 5 LV7 22 19 
A32 0 96 mt 3 
A41 —2 92 7 2 
A42 3 103 18 11 
87 12 8 
A52 S 83 10 8 
Average +2.1 +87 +10 +3.8 


Domain Patterns—In order to provide a satisfac- 
tory explanation for the above data, the domain 
patterns have been investigated under varying flux 
and stress. To discuss the results let us review first the 
domain structure of ideally cube-on-edge oriented 
Si-Fe, i.e., (110) [001] sheet material. 
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ROLLING DIRECTION 
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Fig. 6—Type III do- / 
main pattern sche- 
matically and on a 
single crystal sample. 
a = 90°, 6 = 35°, ® 

and y = 45°. Mi- 
crograph reduced 
approximately 25 pct 
for reproduction. 
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Fig. 7—Type IV do- 
main pattern sche- 
matically and on a 

strained polycrystal- 

line sample. a = b 
y = 45°. Micro- 
graph reduced ap- 
proximately 25 pct 
for reproduction. 


Possible Flux-Closure Patterns on Si-Fe—There 
have been several studies” of the domain structure 
of 3 pct Si-Fe with particular emphasis on the (110) 
or nearly (110) surfaces of the grain-oriented ma- 
terial. From these studies and considerations of 
domain geometry, the following simple patterns 
might be expected: 

Pattern I: The simplest configuration is one of 
antiparallel domains. Domain walls are presumably 
(110) planes although they could possibly be (100) 
and (010) planes, or have positions intermediate 
between these orientations. Fig. 5 shows pattern I 
schematically and illustrates it with patterns on a 
single crystal and a polycrystalline sample. 

Pattern II: This is really a group of patterns con- 
sisting of modification of pattern I for grains whose 
[001] direction makes a small angle with the sur- 
face of the sample, and they have been described by 
Nilan and Paxton.*” 

Pattern III: This is another pattern which can be 
constructed theoretically and fulfills the primary 
requirement of complete flux closure. It consists of 
antiparallel domains magnetized, for example, in 


the [100] and [100] direction with (001) walls and 
with surface closure domains magnetized in the roll- 


ing direction, i.e., [001] and [001]. These closure 
domains are bounded by (111)-type planes and are 
shown schematically in Fig. 6 together with an 
example provided by an area on the surface of a 
well oriented and well annealed single crystal of 
3% pet Si-Fe, which is presumed to illustrate this 
pattern.’ 

Pattern IV: On similar basic [100] and [010] slabs as 
in pattern III, but with 90° rather than 180° vertical 
Bloch walls, it is possible to construct satisfactory 
closure domains magnetized again in the [001] and 
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Fig. 8—Domain patterns of undeformed sample at zero ten- 
sile stress. a) B = 0. b) B = 14,500 gauss. Center arrow 
indicates rolling, flux, and stress direction. Reduced approxi- 
mately 30 pct for reproduction. 


Fig. 10—Domain patterns of deformed sample at 19,700 psi 
tensile stress. a) B = 0. b) B = 15,400 gauss. Center ar- 
row indicates rolling, flux, and stress direction. Reduced ap- 
proximately 30 pct for reproduction. 
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Fig. 9—Domain patterns of undeformed sample at 19,700 psi 
tensile stress. a) B = 0. b) B = 15,400 gauss. Center ar- 
row indicates rolling, flux, and stress direction. Reduced ap- 
proximately 30 pct for reproduction. 


Fig. 11—Domain patterns of deformed sample at zero tensile 
stress. a) B = 0. b) B = 15,400 gauss. Center arrow in- 
dicates rolling, flux, and stress direction. Reduced approxi- 
mately 30 pct for reproduction. 
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[001] direction but bounded by (011)-type planes. 
Fig. 7 shows a schematic diagram and what might 
be an example of an actual pattern of this type ob- 
served on strained polycrystalline material.* 


*It should be noted that this pattern does not reduce the flux to 
zero in all directions as patterns I to III do, but for a nearly 
(110) [001] oriented grain the observed [111] boundary traces sug- 
gest such an explanation. 


More complicated patterns than the foregoing four 
types can frequently be observed on (110)[001] 
oriented single crystals, indicating that the above 
list is not complete. A typical example is the area 
in Fig. 6 which is not type III. 

Domain Patterns Under Stress—With the above 
knowledge of possible domain patterns on cube-on- 
edge oriented Si-Fe, the results obtained under 
stress can now be examined. The patterns on one 
area of one particular sample have been selected as 
being typical and illustrative of the observed effects. 

Figs. 8a and b show one area at B = 0 and B = 
15,400 gauss, respectively, at zero stress. Type I and 
II patterns can be seen; these are quite typical for 
this material. It was found that no noticeable change 
in these patterns occurred at stresses up to 2000 psi, 
although the magnetostrictive properties of this 
type of material would lead to the suspicion that 
the most prominent changes in domain patterns 
should take place well within such a stress range.* 

Figs. 9a and b show the same areas at the same 
flux densities, at a stress of 19,700 psi. The pattern 
has changed to an almost uniform type I pattern 
cutting across all the visible grains. This situation 
should be one very suitable for quantitative com- 
parisons with theory. A single parameter, the wall 
spacing, might be sufficient to describe this pattern 
throughout a large polycrystalline sample. 

Figs. 10a and b again show the same areas, now 
after plastic deformation of the order of 0.1 pct, and 
again under a stress of 19,700 psi. The pattern ap- 
pears essentially unchanged from Fig. 9, except for 
the appearance of some slip lines, which have no 
visible connection with the domain patterns. 

Figs. lla and b finally show the same area under 
no stress, comparable to Fig. 8, but as it appears 
after plastic deformation. The type IV pattern is 
prominent in the lower right half. Highly strained 
regions probably produce the fine surface pattern in 
the lower center. The upper center crystal seems to 
be under slight tension. The slip lines again have 


no direct connection with the domain pattern, even 
though there is now no external stress to offset local 
stress concentrations. On casual inspection the 
changes in the domain pattern from the undeformed 
state may appear to be very slight. It should be 
pointed out, however, that large flux changes (Figs. 
8a and b) also make a deceptively small change 
in the appearance of the domain patterns. Further- 
more, it might be added that flux changes of a few 
thousand gauss from the demagnetized state are 
practically undetectable by visual means on the 
polycrystalline material. 


Conclusions 

It has long been established that plastic deforma- 
tion would cause an increase in losses of magnetic 
materials although the exact mechanism is still in 
question. This study shows that under certain con- 
trolled conditions subsequent elastic stresses can 
eliminate this loss increase almost completely, even 
if it was originally as high as 100 pct. 

The domain patterns under similar conditions 
have been observed. These show, in support of the 
loss results, that 1) at the high tensile stresses which 
offset loss increases, the domain pattern is not af- 
fected by plastic deformation; 2) at zero tensile 
stress the patterns of the plastically deformed sam- 
ples are different from those of the undeformed 
samples. 

Finally, the pattern at high tensile stress appears 
to be of a particularly simple type suitable for com- 
parison with theoretical predictions. 
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Technical Note 


Phase Transformations in Titanium-Rich Alloys of Titanium and Manganese 


by E. R. Macgregor, B. F. Peters, and J. Gordon Parr 


A SERIES of seven hypoeutectoid alloys, up to 
18.2 atomic pct Mn, was made by the levitation 
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melting technique.* The loss of weight on melting 
was considered to be entirely due to volatilization 
of manganese, and compositions were computed on 
this basis. Filed samples (—200 Tyler mesh) were 
helium quenched from 1000°C after soaking for 5 
min by a technique already described.’ 

Quenched Alloys—Assessments of the amounts 
of a phase produced and the hardness of the 
quenched alloys are summarized in Fig. 1. The 
experimental techniques and calculations involved 
have been described previously.” The amount of a’ 
decreases as manganese content increases, until at 
10.6 pet Mn only a trace of a’ is observed. Previous 
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Fig. 1—Graph of Vpn hardness ys composition for as- 
quenched sintered alloy powders, and pct a’ vs composition 
for the quenched specimens. 


investigators** working on lump samples reported 
the highest composition producing a’ to be 5.6 pct 
Mn. A similar discrepancy in the result of quench- 
ing experiments has been observed in the Ti-Fe 
system,” and is apparently due to the size of the 
specimen. 

A micrograph of the typical martensitic structure 
in low manganese alloys is shown in Fig. 2. Higher 
manganese alloys showed a less pronounced mar- 
tensitic pattern. 

Quenched and Tempered Alloys—Maykuth et al. 
have reported the sluggishness of decomposition 
reactions below eutectoid temperature, 550°C. It 
seemed worthwhile, therefore, to conduct experi- 
ments in an effort to speed the tempering reactions 
in quenched alloys. These experiments involved 
a) cold working by percussion between tempering 
treatments and b) oscillation 15°C above and be- 
low the eutectoid temperature during heat treat- 
ment. However, in both series of experiments it 
was found that after the initial breakdown of the 


Fig. 2—Micrograph showing a’ structure in a 0.37 pct Mn 
alloy, etched in 2 pct HF plus water with HNO: rinse. X800. 


retained 8 phase during the earliest stages of tem- 
pering, no further decomposition could be induced. 

The amount of y phase produced on tempering 
is, as would be expected, greater at higher manga- 
nese contents, but it does not exceed an estimated 
10 pet even in the 18.2 pct Mn alloy. 
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Technical Note 


New Vanadium Boride of the Composition V,B, 


by D. Moskowitz 


N the course of a general investigation of boride 

systems, sponsored by the Office of Naval Re- 
search, various vanadium boride powders of rela- 
tively good purity were prepared which could be 
used for a determination of the phases present. 

The X-ray pattern of one of these lots showed, 
in addition to the known VB' and VB.” phases, an 
additional phase, almost certainly of composition 
V.B., isomorphous with Cr;B,, Cb.B,, Ta,B,, and 
Mn.B,. Its pattern fitted in well with the indices 
worked out.by Kiessling for Mn,B,.° The unit cell 
for this new compound is orthorhombic, with the 
dimensions a= 3.030A, b=13.18A, c= 2.986A, 
V=119.2A.* Table I lists the X-ray diffraction 
data for V;B,. 
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Table |. X-Ray Diffraction Data* 


d, 20, d, 
hkl Observed Observed Intensity Calculated 
10 2.981 29.95 Medium 2.953 
al 2.466 36.40 Strong 2.469 
060 2.199 41.00 Weak 2.196 
Ot 2.132 42.35 Weak 2.127 
hal 2.030 44.60 Strong 2.021 
15.0 2.002 45.25 Strong 1.988 
141 1.792 50.9 Weak 1.787 
Ord 1,594 57.8 Weak 1.623 


*CuKa radiation. The unit cell is orthorhombic: a = 3.030A, 
b = 13.18A, and c = 2.986A. 
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Plastic Anisotropy of Zinc Monocrystals 


Glide on the basal (0001) and prismatic (1010) planes of zinc monocrystals has been investigated 
at 250° to 400°C. Prismatic glide obeys Schmid’s law and an equation of state relating the glide 


strain rate and the shear stress, y = 700 7° e*”*”. Impurities raise the stress exponent and the 
activation energy; the stress for prismatic glide at a given rate is much higher than for basal glide; 
and multiple prismatic glide causes no appreciable strain hardening. The creep of polycrystalline 
zinc is controlled by prismatic glide at high temperatures. The discussion considers the anisotropy 
of zinc crystals and its effect on dislocation motion. 


by John J. Gilman 


ECAUSE of their layerlike structure, zinc crystals 
exhibit strong anisotropies for almost all physi- 

cal and chemical properties. This should, and indeed 
does, greatly influence the plasticity of zine for vari- 
ous crystal orientations. At low temperatures, the 
investigator of this plastic anisotropy is plagued by 
the great variety of deformation modes that operate. 
However, at high temperatures (250° to 419°C) only 
two deformation modes predominate: basal (0001) 


and prismatic (1010) glide. Furthermore, since 
strain hardening is virtually absent at high tem- 
peratures, the plasticity for these two modes of de- 
formation can be very simply described by means 
of two equations of state. It is the purpose of this 
paper to describe the experimental behavior of basal 
and prismatic glide in zine crystals, and to interpret 
this behavior in terms of other physical properties 
(in particular, the thermal expansion coefficients 
and the elastic constants) using the theory of dis- 
locations. 

Fig. 1 defines the two planes of the zinc structure 
that will be discussed. Glide occurs very readily on 
the basal planes at all temperatures, and there is a 
very large literature on this subject. Much of the 
literature has been reviewed by Schmid and Boas;* 
it will not be reviewed here. Kolesnikov’ was the 
first to show that if basal glide is circumvented by 
stressing a zinc crystal parallel to the basal planes 
(giving zero shear-stress on the basal planes) then, 
at temperatures above about 320°C, glide on the 
first-order prism planes occurs. His results have re- 
cently been confirmed by Cahn, Bear, and Bell. 
These previous workers have established the exist- 
ence and crystallographic elements of prismatic 
glide; the present paper is concerned with the stress, 
strain rate, and temperature relations of prismatic 
glide as contrasted with basal glide. 


Experimental Methods 


The crystals were square ones, 6x6 mm, that had 
been grown in precision Pyrex tubes by a method 
that is described in detail elsewhere.‘ Most of the 
crystals were 99.999+ pct Zn (New Jersey Zinc Co.— 
CP grade). Some were alloyed with 0.1+0.005 
atomic pct Cd, and chemical analysis showed that 
almost all of the added cadmium persisted through 
the crystal-growing process. 
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For measurements of nonbasal glide, crystals were 
oriented with their basal planes parallel to both the 
rod axis and one of the flat faces of the square cross 
section. However, the orientation of the close-packed 


directions [1210] with respect to the rod-axis was 
variable. For basal glide measurements, the angle 
between the basal plane and the specimen axis was 
35°. The orientations were measured by the Gren- 
inger back-reflection X-ray method. 

The problem of finding a suitable method of grip- 
ping the crystals was the most serious experimental 
obstacle that arose. Because of the large plastic 
anisotropy of zinc, the usual gripping methods were 
unsatisfactory. Some methods that were tried were: 
high melting-point solder, making heads on the ends 
by locally melting a crystal, and electroplating 
nickel on the ends to form enlarged portions. For 
all these methods, the regions of the grips were 
weaker than the crystals themselves. Finally, two 
methods were decided upon: bend tests and direct 
machining of tensile specimens. 

In the bend tests, specimens were loaded as simple 
beams so that gripping was not a problem. The 
beams weve 1 in. long and the axis of bending was 
parallel to the hexagonal axis of the crystals. 

For the crystals that were machined into tensile 
specimens, brass bars with slots in them were used 
to support the crystals, and thereby minimize the 
distortions due to machining. The crystals were 
glued into the brass bars with plastic cement which 
was later dissolved away with acetone. See Fig. 2, 
left. No clamps were used near the crystals and the 
machining was done using a milling machine with a 
fly-cutter. The tool bit was very sharply pointed to 
minimize burnishing. The feed was less than 1 mil 
per cut. The depth of cut was 2 mil for roughing 
cuts, and 42 mil for the finishing cuts. This machin- 
ing method produced surface layers of tiny recrys- 
tallized grains only 2 to 3 mil deep, and the bodies 
of the crystals were not measurably disturbed. 

After the crystals had been machined and re- 
moved from the brass holders, they were chemically 
polished until about 5 mil had been removed from 
all their surfaces. The polishing reagent consisted 
of equal parts of concentrated HNO,, 30 pct H.QO., 
and ethyl alcohol; it is described in detail elsewhere.* 
A typical crystal is shown in Fig. 2, right. The 
I-shaped faces are normal to the hexagonal axis of 
the crystal; otherwise the projections at the ends 
would simply shear off when the crystal was loaded. 
The cross section in the 2\%-in. gage length is 
0.215x0.115 in. It was found that the polished 
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crystals could be heated to as much as 350°C with- 
out seriously impairing the surface polish, so that 
they could be readily examined metallographically. 

The crystals were heated to temperatures from 
230°C to above the melting point of zinc by means 
of a bath consisting of equal parts of KNO, and 
NaNO,. The salt bath was heated with an immersion 
heater and stirred by passing nitrogen through a 
fritted glass bubbler, as shown in Fig. 3. The tem- 
perature was controlled to +1%%°C and measured to 
about +2°C. 

The testing machine was an Instron machine, 
which is a hard machine of the automatic recording 
type. Approximately constant glide-strain rates 
were obtained conveniently because the crosshead 
of the machine ran at adjustable constant speeds. 
In the Instron machine, a servomechanism compares 
the crosshead speed with the speed of a synchronous 
motor so that a constant speed is reliably maintained. 


Confirmation of Glide Elements—The rectangular 
cross sections of the crystals and their simple ori- 
entations made it possible to determine the opera- 
tive glide elements unambiguously. The results con- 
firm the work of previous investigators." 

Over the temperature range from 250° to 400°C, 
for crystals oriented with the hexagonal axis nor- 
mal to the narrow side of the rectangular cross sec- 
tion, it was found that no deformation occurred in 
the direction parallel to the hexagonal axis. All of 
the tensile deformation occurred in a direction par- 
allel to the basal planes, and the shape of the cross 
section remained rectangular. The foregoing state- 
ments are true to better than 14% pct accuracy. There- 
fore, the glide plane must belong to the (0001) zone, 
and the glide direction must lie in the basal planes. 

Two observations served to. fix the glide planes: 
lattice reorientations during flow, and glide lines. 
A crystal was extended by single glide about 33 pct 
in tension. On the hypothesis that prismatic flow 
was occurring, the reorientation of its crystal lattice 
was analyzed. The initial orientation of the pris- 
matic plane with maximum _ shear-stress was 
Xo = 46° (where x= angle between tension axis 
and glide plane). According to sine law,° after the 
extension, the orientation angle should have been 
x = 33°. The measured range of angles was from 
32° to 34° (the range was caused by asterism which 
will be discussed later). Thus the hypothesis of 
prismatic glide was confirmed within the experi- 
mental errors. 

Normal glide lines are not observed on zinc crys- 
tals that are deformed at high temperatures. Most 
likely they are obliterated by diffusion at the sur- 
face. However, there is always a protective oxide 
film on the surface and this film is ruptured during 
glide. The ruptures in the oxide are localized and 
appear as black lines under a microscope. Fig. 4 
shows some typical examples of this type of glide 
line. A crystal which glided on two planes is shown 
in Fig. 4, right. The two sets of lines make an angle 
of 60° with each other, and they both lie parallel 
to prism planes of the underlying structure. 
Furthermore, it was found that glide lines like those 
of Fig. 4 changed their orientations with respect to 
the tension axis as glide proceeded. The orientation 
changes corresponded exactly with the predictions 
of the sine law.* 


* The slip lines observed by Cahn, Bear, and Bell* were ap- 
parently also oxide film markings, although these authors did not 
say so. It is doubtful that the markings that they attributed tenta- 
tively to pyramidal slip have any real crystallographic signifi- 
cance. They appear to be simply auxiliary cracks in the oxide. 
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Bend Tests—Prior to the tensile tests that will be 
described shortly, a series of bend tests were per- 
formed. These served to establish the character of 
the flow that could be expected in the tensile tests. 
The bend axis was parallel to [0001] and a close- 


packing [1120] direction of the crystal was parallel 
to the beam axis so that two prismatic glide planes 
were operative. The loading fulcrums were \%-in. 
diam steel pins so that local deformations at the ful- 
crums were minimized. The crystal beams were 
0.225 in. sq, and the beam length was 1 in. The 
center points of the beams were deflected at con- 
stant rate, and the maximum tensile fiber stress 
calculated for an arbitrary deflection of 0.0005 in. 

The results of the bend tests are plotted in Figs. 5 
and 6. Fig. 5 shows the bending stress plotted as an 
exponential function of the reciprocal temperature. 
It can be seen that the temperature dependence of 
the stress obeys an Arrhenius relation quite closely. 
This will be discussed in more detail in connection 
with the tensile test results. 

After a few bend tests had been performed, it 
was found that there seemed to be a complete ab- 
sence of strain hardening and the constant stress at 
which flow occurred was dependent only upon the 
deflection (strain) rate. Furthermore, when the flow 
stress was plotted against the cube root of the de- 
flection rate, the data fell on a straight line which 
passed through zero stress at zero strain rate (Fig. 
6). Thus the glide process may be described as 
quasi-viscous flow according to the terminology of 
Houwink.’* This is consistent with the strong tem- 


* Another, perhaps more descriptive, term is Strukturviskositdt, 
coined by W. Ostwald. 


perature dependence of the stress. Qualitatively 
(no quantitative comparison has been attempted), 
the flow in bending behaves the same as for tensile 
tests. 


Tensile Tests—As might have been expected on 
the basis of the bend test results, it was found that 
the prismatic glide in tension is quasi-viscous and 
strongly temperature-dependent. Virtually no 
strain hardening was observed for strains as large 
as 50 pct. Thus, the stress-strain curve appeared 
simply as an initial transient, that looks like yreld- 
ing, followed by a straight horizontal line. Small 
inhomogeneities in the deformation caused fluctua- 
tions in the flow stress, but the average value re- 
mained constant. Since the deformation of the 
erystals was quite homogeneous, especially when 
compared with the usual behavior of basal glide, 
the constant flow stresses were unusually reproduc- 
ible, as will be shown by subsequent data. 


Schmid’s Law: At the beginning of the investi- 
gation it was suspected that Schmid’s law of the 
critical resolved shear-stress’ might not apply to 
prismatic glide because the flow was clearly quasi- 
viscous rather than plastic in nature. Therefore, a 
comparison of the tensile and resolved shear-stresses 
was made for constant temperature and strain rate. 

For all the crystals x, = 0°, so the only variable 
orientation angle was a which is the angle between 


a close-packing [1120] direction and the tension 
axis (see Fig. 7). The angle £ is defined as the angle 
between a prismatic (1010) plane and the tension 
axis. The resolved shear stress on a prism plane is 
then 7 = o sin 6 cos £, where o is the applied tensile 
stress. In Fig. 7, the relative magnitudes of the 
shear-stresses on the three prism planes are plotted 
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Fig. 1—Two planes 
of the zinc structure. 


PRISMATIC 


as functions of the orientation angle a. It can be 
seen that a can vary between 0° and 30° before 
equivalent situations arise. At a= 0°, 30°, 60°, or 
90° two of the prism planes have equal shear- 
stresses on them while the third has zero shear- 
stress on it. However, when a = 0, the two equiva- 
lent planes make angles 6 = 60° with the tension 
axis, whereas when a = 30°, the two planes have 
B= 30°. Thus 6 can be varied from 30° to 60° in 
order to vary the ratio of normal to shear-stress, 
and thereby test the Schmid law. 

Test results for crystals with 6 = 30°, 46°, 53°, 
and 60° are shown in Fig. 8. Here the constant flow 
stresses that were observed for various strain rates 
at 330°C are plotted. Since the flow occurred along 
prism planes, it was necessary to use the resolved 
glide-strain rate instead of the tensile-strain rate. 
The former was calculated from the expression 


(1/1) ( dl 
dt V (U/l)? — sin’ By * ly dt 


which reduces at small extensions to 


( dl ) 


where | and l, are the instantaneous and initial gage 
lengths, respectively, and f£, is the angle between 
the prism plane with maximum shear-stress and the 
tension axis. 

The resolved shear-stresses were calculated from 
the expression 


T= — sin’ Bo 


where P is the load and A, is the initial cross sec- 
tional area. 

Fig. 8 shows clearly that when the tensile stress 
is plotted against the cube root of the resolved 
glide-strain rate, the data scatter into a band. On 
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Fig. 3—Schematic drawing of testing arrangement. 


the other hand, when the resolved shear-stress is 
plotted, the data for the full range of possible ori- 
entations fall on one straight line. Thus Schmid’s 
law is closely obeyed for the case of prismatic glide 
in zinc. 

Fig. 8 also shows that the relation between the 
stress and the strain rate remains the same inde- 
pendently of whether single or multiple glide occurs. 
This is true over a wide range of strain rates from 
1.81 to 78.4x10° per sec. In other words, even 
though multiple glide occurs, there is no strain 
hardening or other effect on the flow. 

Rate Dependence of Prismatic Flow at Various 
Temperatures: Because strain hardening was absent 
at the temperatures that were required to cause 
prismatic glide, it was found that the stress required 
for flow at a certain glide-strain rate was almost 
exactly reproduced if this rate was reestablished 
after some flow at intermediate rates had occurred. 
That is, one could cycle back and forth among various 
strain rates and always come back to the same 
stress for a given rate. Therefore, only three vari- 
ables are needed to describe completely the glide 
process. These are the stress, the strain rate, and 
the temperature. Fig. 9 is a plot of them with loga- 
rithm of stress plotted against the logarithm of 
strain rate for various temperatures. 

Most of the data of Fig. 9 fall quite accurately 
on the solid lines of slope 1/3. The dashed curves 
show the deviations of the data at low temperatures 
and high strain rates. It is believed that these de- 
viations may result from the operation of a second 
deformation mode (perhaps pyramidal (1122) [1123] 
glide) at the lower temperatures. At still lower 
temperatures, it was not possible to observe steady 


Fig. 2—Machining technique 
for preparation of tensile speci- 
mens. LEFT: Crystal that was 
glued into brass block and 
milled. RIGHT: Machined crys- 
tal, polished and ready for test- 
ing. 
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Fig. 4—Prismatic 
glide markings pro- 
duced by shearing 
of thin surface oxide 
film. Photographs 
are parallel to the 
glide direction and 
perpendicular to the 
glide planes. LEFT: 
Single prismatic 
glide. X250. RIGHT: 
Double prismatic 
glide (note 60° 
angle between mark- 
ings). X500. Re- 
duced approximately 
45 pct for repro- 
duction. 


prismatic glide because twinning intervened before 
the required stresses could be reached. 

For a crystal with 0.1 atomic pct Cd as an im- 
purity, the stress, strain rate, and temperature data 
are given in Fig. 10. Two effects of the cadmium 
impurity are evident: 1) the stress to cause flow at 
a given strain rate is higher by about the same 
amount at all temperatures, and 2) the slope of the 
lines is changed from 1/3 to 1/3.6. 

Initial Transients: In order to check the validity 
of the assertion that the initial portions of the 
stress-strain curves were transients and not due to 
yielding, an analysis of the stress-strain curves was 
made. The equivalent diagram of the testing ar- 
rangement is shown in Fig. 11. The extension of 
the specimen is given by l-«x, the difference between 
the displacement of the crosshead and the load-cell 
displacement. Then the extension rate is 


where C is the constant speed of the crosshead. 
Fig. 8 establishes the relation that the extension 
rate (strain rate) is equal to KP’ if the extension 
is small so that the cross section of the specimen 
does not change appreciably. Here K is a constant 
and P is the load. However, the load P is also equal 
to kx, where k is the effective spring constant of the 
whole machine, which nearly equals the constant 
for the load cell alone. Using these relations gives 
the following differential equation 


dx 
—+Bz’?—C=0 
dt 


where B = Kk’. This equation can be directly inte- 
grated so that 


dx 
(C/B — x’) 


In +. — tan = 
2 


where a? — C/B.* These values were used to cal- 


* The integration was taken from No. 168.01 in Dwight’s Table 
of Integrals, Macmillan, 1947. Experimentally, =3 2.56x10-8 
(Ib? per min)-1, k = 2x104 (lb per in.), and = 0.002 (in. per 
min). 
culate the points that have been superposed on an 
actual load-elongation chart from the Instron ma- 


chine (Fig. 12). It can be seen that the curve given 
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by the calculated points agrees closely with the 


observed curve. However, because of the curved 
characteristic line that the machine draws at low 
loads, the origin of coordinates cannot be fixed for 
complete comparison. Hence, to a good approxima- 
tion, the transient at the beginning of the stress- 
strain curve simply results from the interaction of 
the testing machine and the flow characteristics of 
the specimen.t 


+ The foregoing analysis of the yield point for this simple case 
has obvious implications for other measurements of critical resolved 
shear-stresses. Usually, the machine characteristics cannot be ig- 
nored as has often been done in the past. 


Equation of State: It has already been shown 
(Fig. 5) that the stress to cause prismatic bending 
depends on the temperature according to an 
Arrhenius relation. Independently of the data of Fig. 
9, the stress to cause prismatic flow at constant 
glide-strain rate was measured as a function of 
temperature. The results, shown in Fig. 13, fall 
quite closely on a straight line when the logarithm 
of the flow stress is plotted against the reciprocal 
of temperature. The logarithms of the glide-strain 
rates can also be plotted (data of Figs. 9 and 10) 
against the reciprocal of the temperatures and 
straight lines obtained as in Fig. 14. The slopes of 
these rate plots may be identified with activation 
energies, and for the pure zinc crystals the value is 
Q = 38 kcal per mol. Thus the data of Figs. 9 and 
14 can be described by the equation 
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Fig. 5—Prismatic glide in crystals bent as simple beams. 
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Fig. 6—Effect of strain rate on stress for prismatic glide in 
bend tests. 


= SINB COSB 


tle 


Fig. 7—Ratio of resolved shear stress to tensile stress for the 
three prismatic planes as a function of crystal orientation. 
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Fig. 8—Effect of crystal orientation on tensile stresses and 
shear stresses for prismatic flow in zinc. 
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y = Arte, [1] 
Then at constant strain rate, the stress is given by 


In these equations, 7 is the resolved shear stress, y is 
the glide-strain rate, T is the absolute temperature, 
R is the gas constant, Q is the activation energy, ” 
is a constant of 3 for pure zinc, and A and D are 
constants. This allows an independent evaluation of 
Q from Fig. 13; the value here is @ = 38 kcal per 
mol, in close agreement with Fig. 14. Note that an 
effect of the cadmium impurity was to change the 
activation energy for prismatic glide from 38 to 46 
keal per mol. 

The foregoing equation for the strain rate con- 
stitutes a mechanical equation of state for prismatic 


glide so that if any two of the three variables, y, 7, 
or T are fixed, the third one is uniquely determined. 

Supplementary Observations: Back-reflection 
X-ray Laue photographs were taken of many of the 
crystals that were deformed by prismatic glide. It 
was found that large amounts of asterism were 
present which represented crystallite rotations of 
a few degrees about axes both parallel and per- 
pendicular to the glide direction. 

The observations of X-ray asterism suggested 
that the crystals might be badly broken up during 
prismatic glide, but deformed crystals that were 
cleaved in liquid nitrogen showed relatively flat 
basal cleavage planes. On a fine scale the cleavage 
faces were mirror flat, but flats about 0.1 mm in 
extent were tilted very slightly with respect to one 
another to form a mosaic. No evidences of strain 
hardening, such as cleavage steps or microscopic 
rumplings,’ were found even after large strains. 

Tensile Tests-Basal Glide—The behavior of zinc 
crystals that deform by basal glide is strikingly 
different from those in which prismatic glide 
occurs. Fig. 15 shows the stress strain rate be- 
havior.* Pure crystals will be considered first. For 


*The crystals of these tests were not machined; they were 
gripped in mechanical chucks. Otherwise, the testing techniques 
were unchanged. Initially, yo = 35° and the glide direction was 
parallel to two sides of the square cross section. 


pure crystals, the shear-stress needed to cause basal 
glide is about 10 g per sq mm regardless of the 
value of the temperature or strain rate in the ranges 
shown. As a result of this extreme rate independ- 
ence, the deformation is quite inhomogeneous, and 
the stresses are not very reproducible. Therefore, 
the limited data of Fig. 15 do not justify the attach- 
ment of any particular significance to the slopes or 
relative positions of the lines on the graph. It can 
only be concluded that the activation energy for this 
flow is very small, and may even be negligible. An 
upper limit for the activation energy may be esti- 
mated as follows: at constant strain rate the average 
flow stresses at 300° and 680°K are about 17 and 11 
g per sq mm, respectively. Then the slope of a plot 
of z vs 1/T is about 460 cal per mol. To obtain the 
activation energy, this slope must be multiplied by 
the reciprocal slope of stress-strain rate plot (Fig. 
15), or about 12. This gives a very rough activation 
energy of <5 kcal per mol. 

When 0.1 atomic pct Cd is added to zinc, the basal 
glide behavior changes radically. At least two things 
happen: 1) the high temperature flow becomes rate 
and temperature dependent; and 2) at intermediate 
temperatures or high rates the glide becomes jerky. 
The detailed description of the jerky flow is beyond 
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Fig. 9—Relation between shear stress and shear strain rate 
for prismatic flow in zinc at various temperatures. 


the scope of this paper. The high temperature flow 
is inhomogeneous, but more reproducible than for 
pure crystals. However, the data are approximate 
as compared with those for prismatic glide. In Fig. 
15 straight lines with slopes of 0.37 are used to 
approximate the data. If these lines are used to find 
values of the strain rates at constant stress (80 g 
per sq mm) for various temperatures, an activation 
energy of about 21 kcal per mol may be derived for 
this flow. 

In the jerky flow region, the stress seems not to 
depend upon the applied strain rate at all. The 
stress for jerky flow is also independent of tempera- 
ture at the higher temperatures, but it rises sharply 
as the temperature goes below room temperature. 
Fig. 16 shows this behavior. Fig. 16 also shows that, 
at high temperatures where the flow is smooth, the 
stress at constant strain rate decreases with tem- 
perature until it approaches the flow stress for pure 
zinc (at the melting point). 


Polycrystals—It was suspected that the deforma- 
tion of polycrystalline zinc might be controlled by 
prismatic glide at high temperatures. Therefore, a 
specimen with a grain size of 0.5 grains per sq mm 
was prepared in the same manner as the crystals 
shown in Fig. 2. The test results are shown in Fig. 9 
where they can be compared with those for prismatic 
glide.* Since every grain of a polycrystalline aggre- 


*The shear-strain rate and maximum shear-stresses (at 45° to 
tension axis) are plotted in the figure. 


gate must experience approximately the same strain 
rate as the aggregate as a whole, it is believed that 
the strain rate values for the polycrystal are com- 
parable with the values for prismatic glide. Thus, 
it can be seen that the stress-strain rate relation for 
the polycrystal is almost the same as for prismatic 
‘glide at the same temperature, but the applied stress 
level is about 35 pct lower. However, only a fraction 
of the grains might be expected to be oriented for 
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Fig. 10—Relation between stress, strain rate, and tempera- 
ture for zinc plus 0.1 atomic pct Cd. 


prismatic glide, so the local stresses tending to cause 
this glide might be appreciably higher than the 
applied stresses. At these temperatures only minor 
stress concentrations at glide bands, grain corners, 
etc., would be expected to exist. 

Thus, it is believed that high temperature creep 
in polycrystalline zine is controlled by the rate of 
prismatic glide that occurs in crystals that are 
oriented with their basal planes parallel to the 
tension axis. 

Discussion 

It has been discovered that prismatic glide in zinc 
crystals obeys an equation of state at high tempera- 
tures (Eq. 1). The constants A, n, and Q in the 
equation depend on the glide plane and on the 
purity of the crystal. A and @ are much higher for 
prismatic glide than for basal glide, whereas n is 
much smaller. For example, at 256°C, the stress to 
cause prismatic glide at a rate of 5.5x10™%* sec” is 
1275 g per sq mm compared with 10 g per sq mm 
for basal glide. This large anisotropy of behavior 
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persists even at the melting point, where the stress 
to cause prismatic glide is five to ten times greater 
than the stress for basal glide, depending on the 
glide rate. 

Although the macroscopically observed flow is 
quasi-viscous (n > 1),* it is believed that the 


* Lowest observed viscosity was 2.5x101 poise for prismatic glide 
and 1.3x10® poise for basal glide, compared with 0.035 poise for 
liquid zine at the melting point. 


fundamental flow process is truly viscous. The full 
justification of this hypothesis is beyond the scope of 
this paper, but it seems reasonable for two reasons: 
1) the flow is strongly temperature dependent; and 
2) the stresses are relatively small, and no stress 
concentrations could be expected at these tempera- 
tures, so the work done during atom motion (~7b*) 
is small compared with the thermal energy (where 
b is the atomic translation distance). For prismatic 
glide in pure zinc rb® ranged from 4 to 35x10 ergs 
per atom, whereas the thermal energy ranged from 
1800 to 1500x10°% ergs per atom. This means that 
the stress is well within the range where the abso- 
lute reaction rate theory” would predict Newtonian 
viscosity. If the fundamental flow process is New- 
tonian, then the fact that n > 1 means that the 
number of places at which the flow process operates 
must increase rapidly with the applied stress. The 
data of the present investigation are insufficient to 
fix this multiplication process clearly, so it will not 
be discussed further. 
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Fig. 13—Relation between shear stress and temperature at 
constant strain rate for prismatic flow in zinc. 
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Fig. 14—Relation between shear-strain rate and temperature 
at constant stress for prismatic flow in zinc. 


Since the activation energy for prismatic glide 
(38 kcal) is almost twice as large as either of the 
self-diffusion energies (21.8 kcal per mol parallel to 
c-axis; 24.3 kcal per mol perpendicular to c-axis),” 
it is believed that diffusion does not limit the flow 
rate. It is conceivable that prismatic glide can only 
occur when basal dislocations are promoted from 
the basal planes onto the prism planes. This might 
be accomplished readily by the screw components 
of basal dislocations, or by jogs in basal edge dis- 
locations. If this were the rate-controlling process, 
then the observed activation energy might be asso- 
ciated with differences in the elastic energies of 
basal and prismatic dislocations. These energies will 
now be considered. 

In Fig. 17 the forms of the basal and prismatic 
glide planes may be seen. Although the model has 
true close-packing whereas the basal planes of zinc 
are separated about 15 pct more than in the model, 
the approximate forms of the planes are clear. The 
basal planes are relatively flat with shallow holes 
in them. The (1010) prism planes are corrugated 
parallel to the glide direction so that tongue-and- 
groove glide occurs on them. The basal and pris- 
matic glide planes are separated by 2.47 and 2.30A, 
respectively. On both planes, the unit [1210] dis- 
locations may dissociate into partial dislovations. 
For basal planes the dissociation is given by 


a [1120] > [1010] + — [0110] 


where a is the lattice constant. For the prism planes 
the magnitudes and directions of the partial dis- 
locations are irrational, although the magnitudes 
are approximately a/3. Also, the stacking fault 
energy for the prismatic planes is probably high so 
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the dissociation is less likely to occur than for basal 
dislocations. 

The elastic shear moduli, C’,,, resolved into the glide 
planes and directions, are 6.4 and 3.8x10" dynes per 
sq cm, respectively, for the prismatic and the basal 
planes at room temperature.” However, the disloca- 
tion energies on the two planes are not as different 
as these elastic constants might imply. If the appro- 
priate constants of Eshelby’s anisotropic theory” are 
calculated they are: 7.78 and 5.53x10" dynes per sq 
cm. The difference between them, ~2x10" dynes 
per sq cm, corresponds to an energy difference of 
approximately 0.6x10™ ergs per atom length which 
is comparable with the observed activation energy 
of 2.7x10™ ergs per atom. Thus, dislocation promo- 
tion is a possible interpretation for the behavior of 
prismatic glide in zinc. 

An equally possible interpretation of prismatic 
glide is that the prismatic dislocations interact so 
strongly with the crystal lattice that they move only 
when thermally activated. If the dislocations inter- 
act strongly with the crystal lattice, then they nor- 
mally lie perpendicular (considering edge disloca- 
tions only) to the glide direction. They are able to 
move forward only when jogs along their lengths 
are activated. 

For basal glide in pure zinc, the dislocations inter- 
act weakly with the crystal lattice so they may be 
able to glide directly without being activated. The 
reasons why prismatic and basal dislocations might 
interact strongly and weakly, respectively, with the 
crystal lattice will now be discussed. The strengths 
of the atomic bonds will be calculated approximately 
from the elastic constants and the thermal expan- 
sion coefficients; then these will be applied in the 
dislocation theory. 

It is assumed that the potential energy between 
two zinc atoms varies with the distance between the 
atoms according to the Morse equation” 


U(r + D — | 


where C—D is the energy for zero displacement, 
x, is the equilibrium distance between the atoms, x 
is the displaced atom distance, D is the dissociation 
energy, and S is a constant reciprocal distance. The 
potential energy may also be expressed according 
to a Taylor expansion 


dU 
U(x — x) = U(x) + — (x — X) 
Ox 
Ox” 2 6 


and it is shown by Kittel* that the thermal ex- 
pansion coefficient is given by 


where x —-average displacement, k = Boltzmann’s 
constant, and the derivatives are to be evaluated at 
x = x. Upon differentiation of the Morse equation, 
the following are obtained 


= 
Ox" 
and 
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Fig. 15—Shear-stress ys strain rate for basal glide in zinc 
monocrystals. 


so that 
3k 


4x,DS 


Also, ee is a force per unit displacement so that 


96 ( oe )is a force per atom and, if A is the area 


ox” 
of an atom normal to the force, then a is 
equal to the elastic constant Ci, in that direction: 
x = x; thus 


, 
Cu = 


(23) 


The two equations for D and S may be solved to give 
9k*/8a" Lo 
S = Con AWS 


In this way, the Morse equations can be found for 
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Fig. 16—Temperature dependence of flow stress for basal 
glide in Zn-Cd crystals. 
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Fig. 17—Cork ball model showing forms of basal (0001) 
planes on top, and prismatic (1010) planes on right. 


directions parallel and perpendicular to the c-axis 
of the crystal. At room temperature 


14x10° per °C 
== MARIO” josie “C 


| 


16.3x10" dynes per sq cm = Cy, 


6.17x10" dynes per sq cm = C,, 


= 


Cc 


ac 


= 6.57x10™* sq cm per atom 


2 


k = 1.4x10™ ergs per °C. 


a’ = 6.12x10™ sq cm per atom 


_ v3 


Using these values the following values of S and D 
are obtained 


Note that the D values compare well with the heat of 
sublimation of zinc at room temperature: 1.55x10°” 
ergs per atom. 

Now consider the forces across the glide planes. 
Each atom in the basal plane is bonded to three 
atoms across the plane. Thus the total force F| may 


be resolved into three bond forces, F,,. Each of these 
B-bonds makes an angle of tan” 2a/c \/3 with ay 
so the value of the force is F; = 0.392 F Each 


atom in the prism plane is held by two B-bonds and 
by two P-bonds which lie in the basal planes and 
make an angle of 30° with the total force F . If the 


fraction of Lie that is taken by the B-bonds is sub- 


tracted off, the remainder may be resolved to find 
F,. In this way it is found that 


0.615x10°-” ergs per atom. 


it 
F, = ——(F —F;). 
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According to the Morse equation, the force be- 
tween atoms is given by 


0U 
Ox 
In2 
This force is a maximum when x = xX + er == 97 
—DS 
and the maximum force is F* = aria Therefore, 


the maximum values of F; and F> (in the directions 
that they have in an undistorted crystal) will be 


1 
F,* =—— (F *— F,*) = 87.0x10° dynes 
3 AL 


F,* = — 0.392 arses = 13.4x10° dynes 
or in the ratio of 6.5. The forms of these bond forces 
are shown in Fig. 18 in order to emphasize their 
markedly different characters. 
Now the stresses required to move dislocations 
through the crystal lattice will be estimated. 
Eshelby’s modification” of the Peierls-Nabarro 
theory™ yields the following expression for the stress 
to move an edge dislocation in an anisotropic crystal 


1G K 
b? Qa 


In this expression E* is the maximum misfit energy, 
b is Burgers? vector, K = 


VSu Sw)’, and w = — h = dislocation width 


where the S’;,; are elastic shear compliances appro- 
priate for problems of plane strain and h is the sep- 
aration of glide planes. The S’;,; were calculated 
from S”,,, which are the elastic compliances for co- 
ordinates transformed into the glide plane and di- 
rection from the conventional crystal coordinates. 
The normal elastic compliances, S;;, given by Wert 
and Tyndall” were conveniently transformed by 
means of the equations of Cady. The resulting dis- 
location widths at room temperature are 1.78 and 
1.41A for the basal and prismatic planes, respec- 
tively; and the K’s are 5.53 and 7.78x10" dynes per 
sq cm, respectively; so that the stresses are 200 and 
1700 g per sq mm, respectively. 

This theory has been somewhat refined by 
Foreman, Jaswon, and Wood,”* who predict that the 
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Fig. 18—Approximate forces exerted by atomic bonds in zinc. 
crystals. 
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width of a dislocation is inversely proportional to 
the maximum shear force across the glide plane. 

When a zinc crystal is distorted, the directions of 
the bonds are changed somewhat, and probably 
their strengths. There is no simple way for calcu- 
lating these changes, however, so the assumption is 
made that the distortion does not greatly change the 
ratio F,*/F,* = 6.5. Also, it is assumed that the 
shear forces across the glide planes are proportional 
to the bond forces. In particular, it is assumed that 
the maximum shear forces (F,,? and )—that are 
encountered upon shearing of the glide planes are 
in the same ratio as the maximum bond forces 


F,* 
Then, according to the theory of Foreman, Jaswon, 


and Wood,” the ratios of the dislocation widths on 
these two planes should be 


Wp KG 5.53 
= 6.5 ——= 4.62. 
Kes 
Hence if the critical shear-stress is given by 


= 6.5. 


Wp 


Qa 


and 

te = 15 g per sq mm 
then w; = 2.3A and wp = 0.5A. Therefore, 7,* = 10* 
g per sq mm. 

This theory predicts a higher ratio of the prismatic 
to basal glide stress than the simpler Peierls-Nabarro 
approximation, and it may be seen that both theories 
predict tight binding of prismatic dislocations to the 
crystal lattice. The activation energies for glide 
ought to be related to the maximum misfit energies, 
E*, of the Peierls-Nabarro theory. The E*’s are 
about 3x10™ and 2x10™ ergs per atom for basal and 
prismatic dislocations, respectively. Thus, the ob- 
served activation energy would need to be associated 
with about 10* atoms as a group, according to this 
model, 

From the Morse equations, the bond energies are 
= 0.24x10 ergs per atom, and 


Suppose that glide is limited by the necessity for 
breaking bonds across the glide plane. When a unit 
prismatic dislocation moves one lattice distance, the 
only bond that must be broken is one P bond. When 
a partial basal dislocation moves, one B bond is the 
only one that must break. Therefore, the activation 
energy for prismatic glide, Q>, might be expected 
to approximate E,; and Q; might equal E;. The 
experimental values of Q@> and Q, are 2.7x10™ ergs 
per atom and <0:35x10™ ergs per atom, respec- 
tively, so that the values agree well. 

It may be seen that there are several possible 
interpretations of prismatic vs basal glide. They all 
depend on the anisotropy of the physical properties 
of the crystal and none of them is unreasonable 
from an energetic standpoint. Unfortunately, the 
available experimental facts seem insufficient to 
discriminate among them. 

The quasi-viscous character of the flow remains 
unrationalized. It is not known whether it arises 
from a geometrical effect or from an effect of stress on 
’ the rate of dislocation motion. Studies of such things 
as the transient glide rates that occur on sudden load 
changes, the details of the effects of impurities, and 


— E,;) = 2.5x10 ergs per atom. 
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the effects of compressive stresses may help to 
elucidate the quasi-viscous flow. 

It has been shown that the creep of polycrystalline 
zinc, in the range of strain rates that were inves- 
tigated, is controlled by prismatic-glide rates and not 
by grain-boundary relaxation or other diffusional 
processes. Therefore, this is one case in which creep 
theories that are based on diffusion-controlled re- 
covery processes” do not apply. 

Another deduction that can be made from the 
experimental results is that impurities can affect 
glide to a marked extent even though the tempera- 
ture is high enough to allow rapid diffusion of the 
impurity. It was found that cadmium affected basal 
glide to a greater degree than prismatic glide which 
suggests that the form of the glide plane may play 
an important role in impurity hardening; perhaps 
in a way similar to Suzuki’s suggestion.” It is be- 
lieved, however, that the interactions of the actual 
dislocation structure and an impurity atom must be 
considered in interpreting the present results. Con- 
siderations of elastic interactions seem to be in- 
adequate.” This last is shown by the fact that the 
minimum strain rate at which cadmium atoms should 
exert a strong drag on basal dislocations is approxi- 
mately 0.4 Dp according to Cottrell;” where D is the 
diffusion coefficient of cadmium and p is the dis- 
location density. D is estimated* to be of the order 


* Estimated from the self-diffusion of zinc! because no actual 
measurements have been made. 


of 10° sq cm per sec at 330°C and p should be 10° — 
10° cm” at this temperature, so the minimum rate 
should be ~ 5x10” — 10° sec”. However, Fig. 15 
shows that cadmium has an appreciable effect on 
basal glide at glide rates as low as 10° — 10% sec™ 
at 330°C. 


Summary 

The plastic behaviors of two glide elements of 
zine crystals were investigated, namely, (0001) 
[2110] (basal) glide, and (0110) [2110] (prismatic) 
glide. The following experimental facts were estab- 
lished for the temperature range from 250° to 400°C, 
for tensile tests as well as bend tests: 

1) Basal glide is the primary glide element with 
prismatic glide the dominant secondary element. 

2) For both glide planes the deformation is 
localized into glide bands although the overall de- 
formation is more homogeneous for prismatic glide 
than for basal glide. 

3) Prismatic glide obeys the Schmid law of the 
resolved shear-stress to a high degree of accuracy. 

4) Strain hardening is negligible for both glide 
elements at these temperatures. Even multiple pris- 
matic glide causes no hardening. 

5) The gliding is quasi-viscous in character and 
may be accurately described for prismatic glide by 
the equations of state 


y = 7007 (99,999-— pet Zn) 


6) For basal glide the equations of state are less 
well defined but have the approximate forms 


y = Kr (99.999+ pct Zn) 


7) The initial yield-point regions of the stress- 
strain curves were shown to be transients due to the 
interaction of the testing machine with the crystal 
specimen. 
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8) It was shown that creep in polycrystalline 
zine is governed (for the rate and temperature 
ranges considered) by the rate of prismatic glide. 

The data emphasize the importance of interactions 
between dislocations and the crystal lattice of zinc. 
It was shown that the Peierls-Nabarro theory of a 
dislocation predicts tight binding of prismatic dis- 
locations to the zinc lattice. Three processes that 
determine the glide were suggested; they cannot be 
clearly distinguished at this time. 
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Self-Diffusion of Iron In Austenite 


Self-diffusion of iron in austenite has been studied for 0 to 1.4 wt pct C from 1000° 
to 1300°C. A large increase in diffusivity and decrease in activation energy with increas- 
ing carbon content were observed. The interaction of iron ion vacancies and dissolved in- 
terstitial carbon atoms is discussed qualitatively. 


by H. W. Mead and C. E. Birchenall 


ELF-DIFFUSION of iron in austenite is a proc- 

ess which may play a significant role in some of 
the practically important reactions which occur in 
solid irons and steels. It also provides a system in 
which the interaction of vacancies on substitutional 
sites and atoms in interstitial positions may be in- 
vestigated. For both purposes, accurate values of 
the diffusivities are required. Two sets of previous 
measurements exist, each containing features which 
require checking. 

In the course of an investigation to determine the 
rate of diffusion of iron in certain steels, Garwick 
and Rosenqvist’ measured the self-diffusion coeffi- 
cient of iron in a 0.10 pcet* C steel and obtained a 


*The percentages used throughout this paper are weight per- 
centages. 


value of 2.9x10°* sq cm per sec at 970°C, and in a 
cast iron found a value of 7.9x10™ sq cm per sec. 
These values appear much too high. 

Gruzin, Kornev, and Kurdjumov’ made a more 
extensive study, using steels of varied carbon con- 
tent: about 0.3 and 0.45 pct C, with a temperature 
range of 1000° to 1300°C; and 0.77 and 1.06 pct C, 
with a range of 950° to 1150°C. The results in- 
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dicated that while at lower temperatures D in- 
creased with increasing carbon content, at the higher 
temperatures it first increased and then decreased. 
At the same time the activation energy decreased 
linearly from a value of 69,000 cal per g-atom for 
pure iron to 33,000 cal per g-atom at 1.06 pct C. This 
rapid decrease in activation energy implies that 
iron at higher temperatures within the austenite 
range would diffuse more slowly in high carbon 
steels than in steels of lower carbon content. 


Experimental Procedure 

The radioactive iron used in this work was ob- 
tained from Oak Ridge National Laboratory. The 
unit consisted of about 1 microcurie each of Fe” and 
Fe”. It was allowed to decay for two years. At the 
end of this time most of the Fe”, with a half-life of 
46.3 days, had decayed, while most of the original 
Fe” (half-life 2.91 years) still remained. The iron 
as chloride was extracted into an ether layer, using 
the method of Ashley and Murray.® After evapora- 
tion of the ether the iron chloride was dissolved in 
250 ml of aqueous solution containing 2.4 gpl Fe. 

The compositions of the steels used are listed in 
Table I. Disks of 34 in. diam and about ™% in. thick 
were machined from these steels for use in diffusion 
couples. The disks were surface ground on both sides 
to ensure parallel opposite faces. One face of each 
disk was polished through 000 emery paper. 

Half of the prepared disks were plated with radio- 
active iron. For this, 1 ml of the radioactive iron 
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solution was taken and ammonium hydroxide added 
almost to neutrality; the iron was then reduced with 
sulfurous acid, boiled and cooled, and the ferrous 
solution was added to a saturated solution of am- 
monium oxalate to form the plating solution. For 
the plating the specimen was placed in a special cell 
with the polished face uppermost. The plating liquid 
was contained in a tube which was pressed at the 
bottom against a rubber gasket resting on the edges 
of the specimen. Plating was performed according 
to the method of Ross and Chapin.‘ 


Table I. Compositions in Percentages of Steels Used 


o Mn P S) Si Cu Ni Cr 
2+ 0.247 0.51 0.012 0.024 0.30 0.05 0.12 0.13 
37 00.54 0.61 0.012 0.027 0.27 0.08 0.14 0.14 
0.276 0.03 0.004 0.007 0.02 
6; =. 1.40 60 0.11 0.040 0.22 0.05 0.08 0.14 


* Prepared from electrolytic iron and graphite. 
+ Commercial grade. 
¢} Prepared from Armco ingot iron and graphite. 


The polished faces of two specimens of the same 
composition, one plated with radioactive iron and 
one not, were welded under an argon atmosphere as 
described by Wells and Mehl,’ except that adapters 
were required to hold the specimens. The slight su- 
perficial oxidation which occurred in this stage was 
removed with a wire brush. To prevent decarburiza- 
tion, the specimen was placed in a 1¥% in. long cru- 
cible made from the same steel. A mica liner pre- 
vented sticking during the diffusion anneal. 

Diffusion was carried out in a tube furnace with 
at least a 2 in. zone, which showed a temperature 
variation of less than 3°C when empty. An atmos- 
phere of purified argon slightly above atmospheric 
pressure was provided. The specimen was pushed 
from the cold end of the furnace to the hot zone by 
means of a thermocouple protection tube passing 
through a Wilson seal. The temperature of the fur- 
nace was controlled automatically. A measuring 
thermocouple, Pt—Pt-10 pct Rh, reached to within 
¥, in. of the specimen in a well within the crucible. 
The diffusion time was corrected to allow for the 
heating period. 

At the end of the diffusion anneal the crucible was 
quenched in methanol. In a lathe the specimen was 
reduced to 4% in. diam and faced down to near the 
weld, the last hundredth of an inch being taken for 
carbon analysis. Thirty-two cuts about one mil thick 
were taken through the diffusion zone. The chips 
from each cut were counted for radioactivity by one 
of two procedures. 

In each case an X-ray sensitive Geiger tube was 
used. In the first procedure, the chips were mounted 
in a 1 in. diam hole in a cardboard holder, confined 
by cellophane. Unless the chips were very fine, as 
they were with high carbon steels, the internal con- 
sistency proved to be poor. In a second procedure, 
used to obtain more reproducible geometry, the 
chips were dissolved in acid and then electroplated 
onto iron counting disks by the oxalate method de- 
scribed above. 


Treatment of Data 


Corrections were applied to the raw counting 
data for coincidence and absorption losses as well 
as for background radiation. The weight of chips 
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taken for each sample was 10.0+0.3 mg, which gave 
a plate of sufficient thickness to require a significant 
self-absorption correction. 

Since the initial plated activity was in a layer that 
was thin compared with the mean diffusion dis- 
tance, the diffusion coefficient D may be obtained 
from the relation 


2 


Ci 
= 0.1086 


log [1] 


which may be derived from Fick’s law under the 
experimentally employed boundary conditions. In 
this equation c, is the specific activity at the initial 
interface, c is the specific activity at distance x from 
the initial interface, and t is the time of diffusion. 
Units must be chosen so that x*/Dt is dimensionless. 
Distances were corrected for thermal expansion of 
the couple. 

It was found that during the diffusion anneal the 
carbon content sometimes changed. If the change 
was large, the couple was discarded. For the re- 
maining couples the analyses before and after dif- 
fusion are given in Table II. 


Table II. Self-Diffusion Coefficients for Iron in Austenite 


Carbon Concentration, Wt Pct 


Diffusion 
Coefficient, 

Before After Sq Cm 

Diffusion Diffusion Temperature, °C per Sec 
0.02 0.02 1102 1.04x10-4 
0.02 0.11 1197 6.65x10-4 
0.02* 0.02 1256 1.12x10-10 
0.02* 0.09 1307 2.25x10-10 
0.25 0.24 1101 1.80x10-41 
0.25 0.27 1202 1.08x10-10 
0.25 0.26 1300 3.22x10-10 
0.54 0.54 1093 3.71x10- 
0.54 0.53 1197 1.44x10-10 
0.54 0.53 1296 4.49x10-10 
0.54* 0.52 1303 5.40x10-10 
0.78 0.75 1089 4.55x10-1 
0.78 0.64 1200 1.63x10-10 
0.78 0.72 1298 6.27x10-19 
1.11 inal 1000 1.71x10-1 
1.14 1100 
1.14 1201 2.28x10-10 
1.10 1299 1.41x10-% 
1.40 1.39 1000 2.78x10-11 
1.40 1.47 1102 1.64x10-10 
1.40 1.40 1227 7.17x10-10 
1.40* 1.32 1257 1.08x10-% 


* Counted as chips. All others electroplated for counting. 


In Fig. 1 the values of D obtained are plotted on a 
logarithmic scale against the reciprocal of the ab- 
solute temperature. All those points which had a 
carbon change of more than 0.03 pct have an arrow 
pointing in the direction opposite to the carbon 
change, in the direction in which the value of D 
should be shifted to compensate for the composition 
change. The line representing the data for steel with 
0.02 pet C is based upon the present work, Birchen- 
all and Mehl,’ Buffington, Bakalar, and Cohen,’ and 
Gruzin.° 

The D, and Q values for the lines given are shown 
in Table III where 

[2] 
with R as the gas constant and T the absolute tem- 
perature. 

In attempting to account for the differences be- 
tween the present results and those of Gruzin, 
Kornev, and Kurdjumov,” it is convenient to con- 
sider their data as plotted in Fig. 2 together with 
the D vs 1/T lines found in the present work. It 
will be seen that the D values of Gruzin et al. for the 
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Fig. 1—Self-diffusion coefficients for iron in austenite plot- 
ted on a logarithmic scale ys the reciprocal of the absolute 
temperature. The arrows are on points whose carbon content 
varied more than 0.03 pct during the run, and they indicate 
the direction in which the point should be moved in order 
to compensate for the gain or loss of carbon. 
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Fig. 2—A comparison of the self-diffusion coefficients of 


Gruzin, Korney, and Kurdjumoy (points) with the present 
results (lines taken from Fig. 1). 
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0.30 and 0.33 pct C steels are in substantial agree- 
ment with the authors’ 0.25 pct C line; their 0.45 
pet data at lower temperatures lie slightly above the 
present 0.54 pct C line; their 0.77 pct C results le 
above our 0.75 pct C line at lower temperatures and 
below it at higher temperatures; and their 1.06 pct 
C data lie below the corresponding 1.11 pct C line 
except at the lowest temperature. By the nature of 
the agreement and the discrepancies between the 
two works it seems likely that Gruzin et al. obtained 
low D values at high carbon concentration and tem- 
perature due to decarburization of their samples. 
However, no explanation is apparent for the abnor- 
mally high values obtained for 0.77 pet C at low 
temperatures where the diffusivities exceed those 
reported for 1.06 pet. A large grain boundary con- 
tribution in a steel of much finer grain size might be 
responsible, although there is not enough informa- 
tion given to support this suggestion. 


Discussion 

Accuracy of Data—The average deviation of the 
diffusion coefficients from the lines drawn in Fig. 1 
is about 11 pct. For the nearly pure iron samples, 
agreement with the earlier results of Birchenall and 
Mehl’ and Buffington, Bakalar, and Cohen‘ is excel- 
lent, even though the experimental procedures in 
the three studies differed markedly. The penetra- 
tion curves obtained from all samples were not of 
equal quality, but it is unlikely that the errors from 
welding, machining, radioassay, and control of time 
and temperature exceeded 25 pct in the worst cases; 
in the best cases, the uncertainty was probably less 
than 5 pet. The greatest source of error—loss or 
gain of carbon—was controlled by discarding sam- 
ples which showed too much variability. A reason- 
able estimate of the uncertainty of a point read from 
one of the lines in Fig. 1 would be 10 pct. 

Dependence of D on Concentration—It is clearly 
shown that 1.4 pct C dissolved in austenite raises the 
self-diffusion coefficient of iron by a factor of about 
10, a much larger increase than that indicated by a 
previous report.” Overhauser’ has suggested that the 
lattice distortions arising from the introduction of 
impurity atoms into a lattice should lead to a statis- 
tical variation in the heights of the diffusion poten- 
tial barriers, giving rise to an increase in diffusion 
rate by a factor e’’, where f is the atom fraction of 
impurity, and the distortion constant b depends on 
the size of the impurity atom relative to the size of 
the site it is to occupy. It is to be noted that the 
concentrations reached in these studies are rather 
high, so that it is not surprising that the data do not 
comply well with this exponential form as shown in 
Fig. 3. A value of b lying between 30 and 40 is indi- 
cated as a reasonable approximation, if the form is 
to be used in an empirical way, with larger values 
required for dilute solutions. It is difficult to eval- 
uate the factors in Overhauser’s equation with good 
precision in order to check the magnitude of b for 
this case. 

Dependence of D on Temperature—Assuming that 
iron self-diffusion occurs in austenite by a vacancy 
mechanism, it is convenient to use Zener’s equation,” 
which is analogous to Eq. 2, in order to discuss the 
effects of concentration on Q and D,. Zener writes 


D= Cc a m/RT [ol 


where a is the lattice parameter, v is the vibration 
frequency, H,, is the heat of activation, S,, is the 
entropy of activation for the unit diffusion process, 
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Fig. 3—Dependence of the self-diffusion coefficient of iron 
on the concentration of dissolved carbon. 


and c is the fraction of the iron sites which are 
vacancies given by 
G eSt/k [4] 


where S; and H, are the entropies and heats of for- 
mation, respectively, for vacancies in the austenite of 
given carbon content. Thus D, contains the entropy 
of formation and motion in the exponent, and Q con- 
tains the heat of formation and motion. 

Both D, and Q decrease appreciably with increased 
carbon content, as Table III indicates. The gross 
effect of carbon in dilating the austenite lattice 
would increase a’ by no more than 5 pct and prob- 
ably tend to decrease v. The overall effect on these 
factors would be relatively small, so that the 
changes must be sought in S = S, + S,» and H = 
H, + Hn. 

The carbon concentration goes to such high levels, 
beyond 6 atomic pct, that the principal change in 
binding energy of the carbon atoms with increasing 
carbon content undoubtedly comes from interactions 
with other carbon atoms. For the vacancies, how- 
ever, which are present only in small concentrations, 
the interactions with the carbon atoms, both through 
electrostatic effects and strain interactions, may be 
very important. The vacancy represents a deficiency 
of electrons and a center of compression, while the 
carbon atom may contribute as many as four elec- 
trons to the crystal” and should be a center of dila- 
tation. Both effects should stabilize vacancies and 
thus increase their equilibrium concentration in the 
iron as the carbon concentration increases. It does 
not seem possible to separate explicitly the contri- 
’ butions of AH, and AH,, to AQ at this time, but the 
relative importance may be estimated. The whole 
observed decrease in Q, about 13 kcal, occurs while 
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the carbon concentration increases to 0.54 pct and 
the diffusion coefficient increases by a factor of 4. 
Since both the configurational and vibrational en- 
tropy of the system should increase with increasing 
vacancy concentration, Eq. 4 shows that a fourfold 
increase in the vacancy concentration would occur 
at 1200°C for a decrease in H, of 4 kcal or less. This 
would provide the change in D without accounting 
for AQ. Therefore, the major part of AQ belongs to 
AH,,, increasing the mobility per vacancy due to the 
lattice distortions associated with dissolved carbon 
atoms. It seems very unlikely that the vacancy con- 
centration increases by as much as a factor of two, 
and the increase may be much smaller than this. 


Table III. Activation Energies and Frequency Factors 

Pet C Do Q 

0.0* 0.44 67,000 
0.25 0.052 59,000 
0.54 0.015 54,000 
0.75 0.021 54,000 
0.029 53,800 
1.40 0.050 53,800 


* Based on composite of iron self-diffusion data from several 
sources as noted in text. 


Although the actual vacancy concentrations are 
not known, it is probable that the carbon atom and 
vacancy mobilities are comparable in magnitude. 
The displacement of lattice atoms in the neighbor- 
hood of a moving carbon atom would be larger than 
in the bulk of the crystal. Vacancy diffusion might 
occur preferentially under these circumstances. 
Even though a particular vacancy and carbon atom 
would not be expected to move as a pair, there may 
be some correlation in the location in which the two 
kinds of diffusion jumps occur in a very short time 
interval. The apparently markedly reduced S, 
might be accounted for if the regions in which the 
majority of the vacancy jumps that occur in the 
presence of dissolved carbon are already very highly 
disorganized. Similar arguments would be true to a 
lesser degree for stationary carbon atoms. 
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Technical Note 


On the Ordering Effects in the Corrosion of Cu,Au by Aqueous 


Ferric Chloride 
by H. Papazian and Robert A. Lad 


INCE it can be shown both theoretically’* and 

experimentally** that disordered Cu;Au has a 
greater internal energy than the ordered alloy, it 
might be expected that its chemical reactivity would 
be greater. Experiments were initiated’ to test this 
hypothesis. This note will describe some recent re- 
sults obtained in the study of the rates of corrosion 
of ordered and disordered polycrystalline Cu,Au by 
aqueous FeCl,. The work of Robertson® has indi- 
cated that the attack by such solutions is intergran- 
ular and highly orientation dependent. It was of 
interest to see whether the order-disorder effect was 
great enough to overcome the variations from speci- 
men to specimen which would arise from this type 
of attack. 

The polycrystalline alloy specimens (0.020 in. 
wire, 134 in. long) were preannealed in % atm H, at 
700°C for 2 hr. The subsequent heat treatments to 
produce order and disorder were performed in 2 


Table |. Reactivity Rates for CusAu in Aqueous Ferric Chloride 


at 30°C 

FeCls concentration, 

mol per liter 0.125 0.250 0.500 1.060 
Rate for ordered specimens, 

mg per min 0.052 0.083 0.145 0.340 
Rate for disordered specimens, 

mg per min 0.062 0.099 0.262 0.475 
Raisorderea 
—__——- 1.2 1.2 1.8 1.4 


Rorderea 


atm He. Disordered specimens were obtained by 
heating at 450°C for 2 hr and quenching in water. 
Ordered specimens were produced by heating for 
2 hr at 450°, furnace cooling to 380°, and soaking 
at 380°C for 80 to 90 hr. Room temperature was 
reached by cooling to 150° at a rate never exceeding 
7° per hr, and water quenching from 150°C. The 
specimens so produced exhibited electrical resistiv- 
ities characteristic of the two states; of the order of 
11.27x10° ohm-cm for the disordered, and 4.28x10° 
ohm-cm for the ordered specimens. 

The corrosion rates were studied at 30°C in ferric 
chloride solutions of several concentrations (1%, %, 
4%, and 1 molar). The specimens were attached to 
a stirrer during the tests. Tests were interrupted at 
intervals, and the specimen weight change was de- 
termined after washing and drying. Analysis of the 
solutions showed that the attack was limited to the 
copper. 

The higher corrosion rate for the disordered al- 
loy, as illustrated in Fig. 1, is typical of the results 
obtained. The effect of variation in ferric chloride 
concentrations is indicated in Table I for typical 
specimens. The variations in the ratio of reactivity 
for disordered and ordered specimens at the differ- 
ent concentrations are within experimental error, 
and the best value is estimated to be near 1.4. The 
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Fig. 1—Reactivity of ordered and disordered polycrystalline 
CuzAu in 0.5 molar ferric chloride. 


experimental variation was due in part to the mode 
of attack, as mentioned, and in part to the fact that 
films were formed on the specimens under some 
conditions. Electron diffraction patterns of the films 
were very complex and indicated the presence of 
metallic iron, as did chemical analysis. In an at- 
tempt to eliminate the difficulties arising from the 
mechanism of attack, single crystal specimens were 
used. A greater reaction rate was again measured 
for the disordered specimens, but the reproduci- 
bility was no better than that for the polycrystal- 
line metal. This would indicate that film formation 
was primarily responsible. 

It was concluded that the reaction with aqueous 
ferric chloride served to demonstrate that the re- 
activity of disordered Cu;Au is greater than that of 
the ordered alloy. However, the difficulties with 
film formation did not permit determinations of a 
precision great enough to warrant extension of the 
study to partially ordered alloy systems. 
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Effect of Noncollimated Radiation on Surface 
Activity Methods for the Determination of Diffusion 
Coefficients in Solids 


The contributions of radiations arriving at a diffusion specimen surface, including 
angles other than 90°, have been evaluated for a number of counting geometries. Modi- 
fications are proposed for the Steigman, Shockley, and Nix equation for the surface 
activity method, the Gruzin equation for the residual activity method, and the Gatos and 
Kurtz equation for autoradiography on an oblique section through the diffusion zone. 
The theoretical equations for absorption of a divergent beam from a plane source as 
detected at a point counter have been shown to agree with experimental results for ex- 
tended counters under not very restricted conditions. MnKa radiation from Fe®* was used 


to obtain a monochromatic source of X-rays. 


by R. H. Condit and C. E. Birchenall 


HREE surface activity procedures are in com- 

mon use for the determination of diffusion co- 
efficients in solids. In the oldest of these’ the activity 
observed at the original surface is compared before 
and after diffusion, where all the activity is in a 
thin, plated layer on the surface before diffusion. 
Partial absorption of the radiations from active 
atoms which have diffused below the surface re- 
duces the effective activity after diffusion. The 
formula employed to calculate the diffusion co- 
efficient is 


F.{Z} = e” [1—erf(\/Z)] [1] 


where F, is the ratio of final to initial activity at the 
surface, measured with identical counting geometry; 
Z = Dt, where D is the diffusion coefficient; t is 
the diffusion time; and p» is the absorption coefficient 
for the radiation in the solid as defined by Lambert’s 
law. This absorption law implies that all the rays 
are parallel to each other and normal to the speci- 
men surface. This assumption of a collimated beam 
used by Steigman, Shockley, and Nix has been 
adopted by all other investigators and, although it 
gives results which are approximately correct under 
restricted physical conditions, it does not represent 
many actual circumstances. It is the purpose of this 
paper to show the importance of the divergent rays 
and to indicate a procedure for taking them into 
account. 

In the residual activity method the activity is de- 
termined on a series of surfaces ground on the speci- 
men at progressively. greater depths in the diffusion 
layer parallel to the initial surface. Gruzin’ has de- 
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rived a formula for this procedure, which may be 
put in the form i 
[2] 
F, {Z} 
where I, is the ratio of the activity measured at a 
newly ground surface at distance k below the initial 
surface to the activity at the initial surface meas- 
ured after diffusion, and K = k/2y Dt. 

A third procedure®*® involves the autoradio- 
graphic determination of activity on a plane ground 
at a small angle to the initial interface through the 
penetration zone. Autoradiography can be particu- 
larly sensitive to the oblique rays. Unlike most 
counters which detect essentially all 8 particles or 
X-rays which enter the active volume as a single 
event, the photographic emulsion may be thin 
enough so that oblique rays with longer path length 
in the emulsion produce more darkening than rays 
which move normal to the film plane. 

Consider a plane containing a source of radiation 
uniformly spread over a circle and a point counter 
located on the perpendicular through the center of 
the circle. As the counter moves along this line, the 
total angle @, at the counter subtended by the speci- 
men will vary. For a fixed counter distance, let 6 
be angle between the counter axis and the line 
connecting the counter to a point P on the active 
plane. If an absorber of thickness X is interposed 
parallel to the source between counter and source, 
the ray from point P to the counter will pass through 
an absorber thickness X secant 6. Exponential ab- 
sorption is assumed to hold for all rays. If 7, is the 
ratio of intensity at the counter with absorber to the 
intensity without absorber and a = pX, 


% 


1—cos, ° 


{a, Oo} = 
The behavior of this integral, evaluated numerically, 
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Fig. 1—Theoretical curves with experimental points for the 
relative activity as a function of absorber thickness by three 
absorption relationships. Curve 1 corresponds to Lambert‘s 
law absorption of a collimated beam. Curves 2 and 3 are 
given by Eq. 3 for 6) equal to 60° and 90°, respectively. 
Curves 4 and 5 are given by Eq. 4 for b equal to 0.01 and 
0.0001, respectively. 


O Experimental points measured under conditions described 
by curve 1, Lambert’s law. 


vy Experimental points measured under conditions described 
by curve 3, internal sample counter. 


A Experimental points measured under conditions described 
by curve 4, autoradiography with the emulsion having 
an effective absorber thickness of b = 0.01. 


is shown schematically for 6, equal to 60° and 90° 
in Fig. 1. The 90° angle would correspond to a 
counter at the radiating surface. 

If the detector, such as a photographic emulsion, 
has a sensitive thickness, y, and an absorption co- 
efficient, , for the radiation, and if b = yy, the 
radiation absorption law becomes 


T 


[4] 


for absorber and film in close contact with the 
source. This equation is illustrated for 6, = 90° and 
b = 0.01 and 0.0001 in Fig. 1. 

Eqs. 3 and 4 make it possible to correct Eqs. 1 
and 2 for oblique rays. Since the results are cumber- 
some, a power series substituted for the error func- 
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tion leads to considerable simplification. When Z 
>> 1, Eq. 1 becomes 


n=1,2,3, 


-(2n—1) ) 


Ze 


= 


[5] 


where this asymptotic series diverges if carried to 
too many terms. Best accuracy is achieved if the 
series is terminated at its smallest terms, but Z is 
often large enough that the whole series may be 
neglected, or only one or two terms retained. 

For wide angle counting geometries, substituting 
Eq. 3 in Eq. 1 yields 


1— cos & 


sin @F, {Z secant’ 6} do [6] 


on whensZ >> 1 


1 
= 
(1 — cos 


n=1,2,8, +* 
2n+ 2 
[7] 


F, is given in Fig. 2 for several values of 6. 


More Oy = = and very large Z, Eq. 2 becomes 


1 1 


This corresponds to the case of an internal sample 
counter and assumes equal counting efficiency of 
all particles reaching the detector. For autoradio- 
graphy with a very thin film (b> 0) this becomes 


[9] 
K 
Eqs. 2, 8, and 9 for the residual activity method 
may be viewed as a product of three factors: a con- 
stant, a factor giving the concentration of tracer at 
the newly exposed surface, and a correction factor. 
The correction factor is least important under the 
conditions of Eq. 9, for thin emulsions, and most 
important in Eq. 2. The consequences of small Z 
are also greatest for Eq. 2. 


Neglecting the correction factor, a plot of In I vs 
1 
k* will have a slope — Dt Substituting only the 


first two terms of series 5* in Eq. 2 and differentiat- 


*If Z is as large as 5, Eqs. 5 and 1 agree within about 1 pct. 


ing 
dk? 4D t uk (1 + K) 


(1 + a [10] 


The factor in brackets in Eq. 10 becomes important 
only when k is small.* Under this condition with Z 
large (hence K small), Eqs. 2, 8, and 9 yield the 
general result 

dlinI i 


) 
=— 1 11 
dk? 4Dt ( 


For I,, I,, and I, the respective values for A are l, 
2/3, and 
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Experimental 

The derivations have assumed a point counter on 
the axis of a cylindrical specimen. Although the 
equations might have been integrated graphically 
over an assumed counter area, this would have to 
be done for each area and distance from specimen 
to counter. It was suspected that off-axis points 
would be described fairly well by the equations 
above and that the overall effects would not be 
seriously affected even under the extreme condi- 
tions of internal sample counting. If the range of 
the radiation in an internal sample counter or auto- 
radiographic emulsion is small, only those points in 
a thin ring at the edge of the specimen will not be 
receiving radiation in the symmetrical manner as- 
sumed above. To make this check as rigorous as 
possible without introducing errors due to diffusion 
time, vapor losses, and sectioning uncertainties, 
absorption Eqs. 3 and 4 were tested directly. 

Fe* decays by orbital electron capture, emitting 
principally monochromatic MnKa X-rays of wave 
length 2.10A. This was demonstrated by a colli- 
mated beam made by placing an intense source in 
a lead jug containing a fine glass capillary tubing 
which provided the only exit for the X-rays. An 
end window X-ray Geiger counter was placed close 
enough to the source so that not more than half the 
intensity was lost in the air path and window. Alu- 
minum foils of known thickness were inserted in 
the beam, and the absorption, curve 1 shown in 
Fig. 1, obeyed Lambert’s law down to 4x10“ of the 
initial intensity. The lower part of the curve was 
obtained from a strengthened source. The first such 
point is starred on the graph, and it is placed on 
the curve obtained with thinner absorbers. The 
additional points then fall on the extension of this 
line. The absorption coefficient, 117 + 5 cm’ per g 
Al, agrees with the tabulated® value for this radia- 
tion. 

Curve 3 in Fig. 1 was obtained from a hemi- 
spherical internal sample counter. The solid line 
was calculated from Eq. 3 for 6, = 7/2. The experi- 
mental point for the thinnest absorber was placed 
on this curve at the proper thickness, and all points 
for thicker absorbers were referred to it in es- 
tablishing relative intensities. This thin absorber 
was required to screen out a number of very low 
energy radiations which make the base source an 
unsatisfactory standard. The points beyond the one 
marked with an asterisk are for a higher intensity 
source, fitted to the curve only at the marked point 
by the same procedure as that for the collimated 
beam. 

Curve 4 was calculated from Eq. 4 for b = 0.01, 
the value for the film employed obtained experi- 
mentally by inserting the emulsion with backing so 
that the backing between the counter and the col- 
limated source alone contributed the difference in 
absorption to the emulsion. 

The points on curve 4 were obtained for a photo- 
graphic emulsion separated from the plane source by 
various thicknesses of aluminum foil. Another ref- 
erence emulsion was covered by a series of foils 
and exposed to a distant source to give a condition 
approximating that of a collimated beam of uni- 
form intensity. Both emulsions were exposed, de- 
veloped, and compared photometrically at the same 
time to eliminate processing variables. The colli- 

“mated beam results made it possible to prepare a 
calibration curve for converting densitometer read- 
ings on the films to relative intensities. The rela- 
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Fig. 2—A graph of the parameters Fo{Z} and Fi{Z, 60} as 
functions of Z based on Eqs. 1 and 6. 


tive intensity obtained for the thinnest absorber on 
active source was plotted on curve 4 with all other 
points plotted relative to it. 


Discussion 

From the excellent agreement shown in the ex- 
perimental data between extended counters and the 
theoretical curves for an axial point counter it is 
evident that most of the counter area satisfies the 
postulated conditions reasonably well. It is also 
evident from the change in the ratio of intensities 
between curve 1 and curves 2 and 3 as the thickness 
of absorber increases that this correction can be 
important in diffusion measurements. 

Since the absorption coefficient for a collimated 
beam is smaller than the effective value under a 
wide angle geometry, the value of Z estimated from 
Eq. 1 for a surface activity diffusion measurement 
will be too large, leading to too large a value for D. 
If the tabulated absorption coefficients are em- 
ployed, instead of a value determined under iden- 
tical geometrical conditions to the diffusion meas- 
urement, an even larger value of D will be obtained. 
Under extreme conditions, when @, = 90°, D may be 
too high by an order of magnitude; but with more 
usual geometries errors are more likely to be of the 
order of 50 to 100 pet. The absorption curves be- 
come more nearly parallel for thicker absorbers 
since the oblique rays travel farther than the nor- 
mal rays and are preferentially absorbed. There- 
fore, the conditions required by Eq. 1 will be better 
approximated if the specimen activity is counted 
under the same absorber before and after diffusion. 
This modification of procedure eliminates to some 
extent the problem arising with 8 radiations whose 
absorption approaches Lambert’s law behavior 
only after considerable thickness of absorber has 
been traversed.’ The deviations from exponential 
absorption due to £6 rays, which reappear after 
much greater absorber thicknesses, should make rela- 
tively little contribution since the intensity contri- 
bution is then very low. Problems arising from 
surface hold up* and appreciable thicknesses of de- 
posited activity cannot be taken into account by 
these methods; other steps must be taken to show 
their relative importance. The earlier equations** 
did not consider these factors either. 
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Technical Note 


Nonoctahedral Slip in Aluminum 


by T. Ojala, C. Elbaum, and W. C. Winegard 


ONOCTAHEDRAL slip was observed in poly- 

crystalline aggregates of aluminum by Boas 
and Ogilvie.* These authors indicate that the non- 
octahedral slip takes place on {100} or {110} planes. 
Ogilvie’ studied the continuity of slip lines across 
grain boundaries in polycrystalline aluminum. Non- 
octahedral slip was observed by him, but it was not 
reported to occur in the continuous slip lines across 
the grain boundaries, which were identified as octa- 
hedral slip in all cases. 

The present note reports the observation of non- 
octahedral slip in the grain boundary region of an 
aluminum bicrystal and tricrystal, both deformed in 
tension at room temperature. An analysis is made, 
which leads to a probable identification of the non- 
octahedral slip planes as {110} and {331}. 

The specimens used were of rectangular cross 
section, approximately 5xl10x200 mm. They were 
prepared by growth from the melt, using aluminum 
reported by the manufacturer to be 99.994 pct pure. 
The grain boundaries were in a plane perpendicular 
to the wider face and parallel to the long dimension 
of the specimens. The axis of tension was also par- 
allel to the long dimension of the specimen. 

The orientations of the specimens studied were 
determined by the Laue back-reflection method and 
are given in Fig. 1. The nonoctahedral slip was first 
observed after about 6 pct extension in the bicrystal, 
and after about 2 pct extension in the tricrystal. 

The micrograph, Fig. 2, of the grain boundary re- 
gion of the bicrystal shows two active slip planes 
throughout each of the two crystals, with a third 
plane active at the grain boundary in each crystal. 

Two major sets of slip traces observed in grain 
No. 1 are consistent with the operation of the slip 
systems (111) [011] and (111) [011]. The nonocta- 
hedral slip takes place on a plane belonging to a 
<111> zone, as determined by drawing trace nor- 
mals. Assuming that slip will take place only in 
the <110> direction, the planes in the <111> zone, 
which do not contain that direction, need not be 
considered. Among the remaining prominent planes 
of that zone, the (011) plane has a common slip 
direction—the [011 ]—with the (111) plane, which 
acts as one of the octahedral slip planes. 
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Fig. 1—Standard 
(001) stereographic 
Projection showing () 
the orientations of ©) 
the crystal grains. 

A is the direction of 
axis; S is the pole Are 
of wider surface =A 
plane; subscript B is Ara 
the bicrystal; and 
subscript T is the 
tricrystal. Grain 
No. 1 of tricrystal “SBI 
was not of interest. 


In grain No. 2, a similar situation to that in grain 
No. 1 is observed. As indicated previously, the (011) 
plane in the <111> zone, to which the nonoctahedral 
slip plane belongs, has a common [011] slip direc- 
tion with the acting (111) slip plane. Also, the 
orientation of the (011) plane in grain No. 2 almost 
coincides with the orientation of the acting (111) 
slip plane in grain No. 1. Similarly, the orientation 
of the (011) plane in grain No. 1 almost coincides 
with the orientation of the acting (111) slip plane 
in grain No. 2. It is, therefore, possible that the non- 
octahedral slip was induced, in both cases, by octa- 
hedral slip in the neighboring grain. It is important 


Fig. 2—Grain boundary region of bicrystal. Arrows indicate - 
nonoctahedral slip. X600. Reduced approximately 10 pct for 
reproduction. 


TRANSACTIONS AIME 


== 


to note that, as can be seen from Fig. 2, the nonocta- 
hedral slip bands seem to be continuations of the 
octahedral slip bands across the grain boundary. 

Fig. 3 shows the grain boundary region between 
grains No. 2 and No. 3 of a tricrystal. An analysis, 
similar to those indicated previously for the bi- 
crystal, shows that the minor slip plane acting at 
the boundary in grain No. 3 is nonoctahedral and 
belongs to the <332> zone. The (331) plane, 
among others in this zone, has a common slip 
direction [110] with the acting (111) slip plane. 
Also, the orientation of the (331) [110] system in 
grain No. 3 practically coincides with the (111) 
[110] system in grain No. 2. Since the (111) [110] 
slip system operates in this region of grain No. 2, 
it is suggested that the nonoctahedral slip in grain 
No. 3 might be induced by the octahedral slip 
in grain No. 2. 

In conclusion, it is suggested that the observed 
nonoctahedral slip in the two aluminum specimens 
studied takes place on a {110} type plane in the 
two grains of the bicrystal and on a {331} type 
plane in grain No. 3 of the tricrystal. It is sug- 


Fig. 3—Grain boundary region of the tricrystal between grains 
No. 2 and No. 3. Arrows indicate nonoctahedral slip in crys- 
tal No. 3. X600. Reduced approximately 10 pct for repro- 
duction. 


gested that in both cases slip is induced on these 
nonoctahedral planes by octahedral slip in the 
neighboring grain. 
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Gamma Loop Studies in the Iron-Silicon And 


lron-Silicon-Titanium Systems 


Dilation studies were made on 15 binary and 38 ternary alloys to determine the 


Ac3 transformation temperature. 


Points taken from temperature vs expansion curves 


were used to establish the limit of the y iron region in the iron-silicon and the iron- 


silicon-titanium systems. 


by Gordon G. Bentle and W. P. Fishel 


REINER, Marsh, and Stoughton* have reviewed 
the literature in a monograph on the iron- 
silicon system. The lack of agreement among the 
various studies may be due to the difference in the 
purity of materials in some cases. The results of 
the X-ray method indicate only a general rather 
than a specific limit of the y loop. The iron-titanium 
system was investigated by Roe and Fishel,’ whose 
results are used in determining the iron-silicon- 
titanium y loop. The literature indicates that no 
study has been made thus far of the iron-silicon- 
titanium system in the y loop region. 


Experimental Procedure 

The alloys were made from Armco iron, 99.86 pct 
Si, and 98.5 pct Ti. The titanium contains 1.07 pct 
Fe. The Armco iron contains 0.01 pct C, 0.005 pct 
Si, 0.02 pct Mn, 0.006 pct P, 0.01 pct S, and 0.04 pet 
Cu. 

A dilatation sample of Armco iron was prepared 
in the same manner as were the other samples. Sev- 
eral dilatation runs indicated that Ac3 begins at 
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905°C and ends at 910°C, which compares favorably 
with the study of Wells, Ackley, and Mehl* employ- 
ing specially purified iron. 

All alloys were melted in an induction furnace in 
Alundum crucibles and were top poured into baked 
core sand molds. The ingots weighed about 600 g 
as cast. Dilatation samples of 4 in. by % in. diam 
were taken from the bottom end of the ingot, from 
which turnings for analysis were taken. Turnings 
from each end of two of the samples indicated that 
the alloys possessed uniform silicon content. 

A hole was drilled halfway through each end of 
a 4 in. dilatation sample. A chromel-alumel thermo- 
couple was inserted in each hole and the surround- 
ing metal peened in to hold the thermocouple in 
place. 

Fig. 1 represents the dilatation apparatus. The 
heating unit is an Alundum tube wound with re- 
sistance wire; the dilatation tube is a McDanel 
combustion tube; the push rod is zircon; the dial 
gage is graduated in 0.0001 in. and was vibrated to 
prevent sticking. A blank run over the tempera- 
ture range of interest gave no significant dilatation. 

The thermocouples were attached to a multiple 
recording micromax which indicated the tempera- 
ture at each end of the sample at 35 sec intervals. 
A Lindberg control unit governed the rate of heat- 
ing of the furnace, and lowering or raising the 
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Fig. 1—Dilation apparatus. 


dilatation tube kept the sample at uniform tem- 
perature. 

The observer recorded dial gage readings and cor- 
responding temperatures, taking data from approxi- 
mately 50°C below the beginning of Ac3 to 10°C 
above the ending of Ac3. The usual heating rate 
was 3°C per min. Whereas slower heating rates did 
not yield different results for the beginning of trans- 
formation temperatures, the end of transformation 
temperatures were significantly lowered by a slower 
heating rate, as shown in Fig. 2. This slower heat- 
ing rate, about 1°C per 20 min, was used on the 
samples in the 0.00 to 0.50 pct Si range. A slower 


Table |. Complete Data Found on Iron-Silicon Alloys 


Ac3, °C 
Contraction 
Alloy Silicon, Differ- During 
No. Pet Begins Ends ence Ac3, Pct 
8 0.04 906 942 36 0.13 
10 0.12 906 932 26 0.21 
5 0.25 908 970 62 0.18 
9 0.43 918 967 49 0.19 
6 0.54 921 980 59 0.19 
7 0.70 930 988 58 0.18 
16 0.76 929 985 56 0.17 
11 0.99 950 1008 58 0.10 
1 1.03 965 990 25 0.13 
12 1.42 1005 1065 60 0.18 
7 1.48 1033 1070 37 0.18 
64* 1.51 1031 1115 84 0.05 
15+ Tape 1055 1115 60 0.02 
18 1.86 No Ac3 Transformation 


* Ac4 ends at 1215. 
+ Ac4 ends at 1165. 


rate represents a closer approach to equilibrium 
and thus should cause the inside and outside loops 
to come closer together. All results reported were 
confirmed by two or more dilatation runs. 

The effect of repeated heating on samples was 
checked by analyzing samples before and after sev- 


1346—JOURNAL OF METALS, OCTOBER 1956 


eral runs. Even in alloys of highest silicon content, 
there was no measurable burning out of silicon. 
Chemical analyses for silicon were made by a 
method used by Willard and Diehl.’ Titanium analy- 
ses were carried out by the method of Simpson and 
Chandlee.* After dissolving the samples, insoluble 


Table II. Complete Data Found on Iron-Silicon-Titanium Alloys 
Ac3, °C 
Contraction 
Allo Si, Ti Differ- During 
pad Pet Pct Begins Ends ence Ac3, Pct 
19 0.88 0.67 No Ac3 Transformation 
20 0.96 0.38 1055 00 45 0.09 
21 0.74 0.45 1050 1107 57 0.15 
22 0.57 0.84 No Ac3 Transformation 
23 0.30 0.05 95 1006 56 0.13 
24 0.30 0.21 968 995 37 0.14 
25 0.37 0.02 934 974 40 0.30 
26 0.34 0.03 942 970 28 0.30 
27 0.54 0.17 974 1009 35 0.30 
28 0.60 0.23 982 1025 43 0.20 
29 0.86 0.25 1000 1052 52 0.20 
30 0.90 0.25 1021 1068 47 0.15 
31* 1.27 0.44 1102 1120 18 0.00 
32 1.03 0.26 1023 1064 41 0.13 
33 1.07 0.26 1032 1073 41 0.08 
34 0.82 0.20 1004 1041 37 0.11 
35 0.82 0.34 1031 1055 24 0.13 
36 0.97 0.52 1080 1116 36 0.00 
37 0.73 0.54 1058 1091 33 0.04 
38 0.84 0.60 No Ac3 Transformation 
39 1.00 0.61 No Ac3 Transformation 
40 0.93 0.62 No Ac3 Transformation 
41 0.31 0.47 1012 1060 48 0.1 
44 0.22 0.24 975 1000 25 0.11 
45 0.04 0.52 998 1030 32 0.19 
46 0.11 0.26 960 981 21 0.26 
47 0.11 0.78 1062 1095 33 0.2 
48 0.09 1.16 No Ac3 Transformation 
49 1.06 0.74 No Ac3 Transformation 
51 0.25 0.42 1010 1061 51 0.13 
53 0.47 0.83 No Ac3 Transformation 
54 0.58 0.40 1028 1080 52 0.11 
55. 0.05 0.67 1018 1055 44 0.23 
587 0.52 0.67 1095 1125 30 0.00 
59 0.26 0.61 1054 1098 44 0.09 
60 1.54 0.49 No Ac3 Transformation 
61 1.65 0.35 No Ac3 Transformation 
67 0.20 0.86 No Ac3 Transformation 


* 1120 is Ac4 end. 
7+ 1125 is Ac4 end. 


oxides were filtered off so that only the amount of 
titanium and silicon actually alloyed with iron was 
determined. 


lron-Silicon System 


Fifteen iron-silicon alloys were used to determine 
the extent of the y loop. Table I summarizes the 
transformation points found in the dilatation curves 
of each alloy. Fig. 2 is a typical dilatation curve 
from which these data were taken. In this case, 
only data for the slower rate of heating are re- 
ported. A regular expansion until Ac3 begins is 
followed by a short interval in which there is no 
expansion. In this interval the thermal expansion 
is exactly neutralized by the contraction due to a 
lattice change. A regular contraction follows. There 
is another short period of no change in length dur- 
ing a continuous increase in temperature to Ac3 
ends. Then regular thermal expansion occurs. 

Two or more dilatation runs were made for each 
sample until the transformation points agreed to 
within 3°C. The area of y iron in the iron-silicon 
system was found by plotting the temperature of 
transformation vs composition for the alloys listed 
in Table I. Fig. 3 is a plot of these points. The outer 
curve, which is determined by the temperature at 
which Ac3 begins, represents the composition of 
solutions of silicon in a iron; and the inner curve, 
which is the temperature at which Ac3 ends, repre- 
sents the composition of solutions of silicon in y iron. 
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Fig. 2—-Temperature ys linear expansion for alloy 10, 0.12 
pct Si. The solid curve is for 2° to 3°C per min heating 
rate; the dashed curve for 1°C per 20 min heating rate. 
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Fig. 4—Temperature vs linear expansion for alloy 15, 1.71 
pet Si, run 3. 


The dotted lines of Fig. 3 were not determined by 
data but were drawn to meet the A’ point. 

Several checks were made on alloys in the 0.0 to 
0.5 pet Si range to determine the existence of a 
dip in the y loop. No evidence for this was found. 

No transformation was found in an alloy contain- 
ing 1.86 pct Si, but a transformation was noted in 
an alloy containing 1.71 pct Si. Therefore, the 
amount of silicon which will produce a closed y loop 
in iron lies between 1.71 and 1.86 pct. 

Alloys 15 and 64 of Table I lie between the inner 
and outer loops. Fig. 4 is a dilatation curve typical 
‘of alloys 15 and 64. It differs from the regular 
dilatation curves in that there are three breaks or 
transformation points. Regular expansion to Ac3 
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Fig. 3—Ac3 transformations in iron-silicon alloys. Outer 
curve indicates Ac3 begins on heating; inner curve, Ac3 
ends on heating. Solid points indicate ferritic alloys; cir- 
cles indicate austenitic alloys. 
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Fig. 5—Temperature ys linear expansion for alloy 36, 0.97 
pet Si and 0.52 pct Ti, run 2. 


begins, contraction to Ac3 ends, are followed by 
accelerated expansion to Ac4 ends. 


lron-Silicon-Titanium System 

A heating rate of 2° to 3°C per min was main- 
tained throughout the entire transformation range. 
The temperatures listed for the ends of transforma- 
tion probably do not approach equilibrium condi- 
tions as closely as those in the binary system; no 
attempt was made in this system, however, to estab- 
lish an inner loop. The primary aim was to define 
the boundary between austenitic and ferritic alloys 
when both silicon and titanium are present in vary- 
ing amounts in iron. Those alloys which undergo 
the a to y transformation are called austenitic, 
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Fig. 6—Iron-rich corner of the iron-silicon-titanium system, 
isothermal sections. Solid points indicate ferritic alloys, 
circles indicate austenitic alloys. 


whereas those which do not undergo transformation 
are termed ferritic. 

The results of the dilatation study are presented 
in Table II. The typical dilatation curve is the same 
as that for a binary alloy in Fig. 2. The dilatation 
curve of an alloy close to the boundary but in the 
austenitic region is represented by Fig. 5. An alloy 
which showed no break in its dilatation curve was 
placed outside the boundary. 

Fig. 6 shows the effect on the temperature of 
transition as both silicon and titanium are added 
to iron in varying amounts. A specific temperature 
was chosen and an isotherm was estimated from 


the known transformation temperatures along two 
sides of the triangle. The 1055°C isotherm begins 
at 0.71 pct Ti according to Roe and Fishel,” passes 
just above alloy 24 (0.45 pct Ti and 0.74 pct Si), 
and to 1.72 pet Si according to Fig. 4. Any alloy 
with a composition which falls on this isotherm 
would begin the Ac3 transformation at 1055°C. The 
other isotherms may also be used to approximate 
the transformation temperatures of any alloy that 
falls within the y region. 


Summary 

Dilatation studies were made on 15 iron-silicon 
alloys and 38 iron-silicon-titanium alloys to deter- 
mine the Ac3 transformation temperatures. The a 
to y transformation in iron-silicon alloys begins at 
910°C and rises smoothly with increasing silicon 
content up to 1115°C at 1.80 pct_Sik” where it is 
eliminated. 

Silicon and titanium together at low concentra- 
tions are more than additive as a stabilizers of iron 
and are less than additive at higher concentrations 
on stabilizing a iron. The addition of silicon to the 
iron-titanium system lowers the amount of titanium 
required to produce a closed y loop, as is the case 
when titanium is added to the iron-silicon system. 
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Ti-36 Pct Al as a Base for High Temperature Alloys 


An experimental survey was made of the oxidation resistance, stress rupture 
strength, creep, and impact strength of Ti-36 pct Al at elevated temperature. Room 
temperature mechanical properties were measured. A few ternary alloys based on Ti- 
36 pct Al were also studied in less detail. Both desirable and undesirable properties 


were found. 


by Joseph B. McAndrew and H. D. Kessler 


HEN there is occasion to make structural use 

of metals at temperatures above 900°C 
(1652°F), the choice of alloys is severely limited, 
and those materials which meet special require- 
ments as to density, strength, toughness, and resis- 
tance to creep, oxidation, or fatigue at such temper- 
atures are at a premium. Any new type of high 
temperature alloy which is found to be outstanding 
with respect to several of these properties is there- 
fore likely to find special applications for which it 
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is uniquely advantageous as compared to other al- 
loys. Such is the case with the y titanium-aluminum 
alloys. This y phase is an intermediate phase based 
on the composition TiAl, and extends from about 
35.5 to 44.5 wt pct Al at temperatures up to 1000°C, 
above which the field broadens to include 60 pct Al 
at 1340°C.* The alloys of principal interest have a 
narrow melting range, with y forming by the peri- 
tectic reaction, melt + B=y at about 1460°C. 
Unlike most intermediate phases, the binary al- 
loys containing titanium and aluminum in approxi- 
mately equiatomic proportion possess low room 
temperature hardness,’ in addition to which they 
have low density, good resistance to oxidation, and 
relatively high modulus of elasticity.” Unpublished 
work done at Armour Research Foundation showed 
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also that the hot hardness of the alloy containing 36 
pet by weight* of aluminum was unusually good up 


* 36.03 pet by weight of aluminum corresponds to 50 atomic pct. 


to 550°C, thus suggesting good strength at high 
temperatures. Because attempts to hammer forge 
this alloy at ambient and elevated temperatures 
caused brittle fracture without a useful amount of 
deformation, however, this type of alloy did not 
appear attractive for use at intermediate tempera- 
tures where other materials performed acceptably. 

On the other hand, nothing was quantitatively 
known of the mechanical properties of the y phase 
alloys at high temperatures, nor of the temperature 
limits to which such alloys might be useful. The 
purpose of the work here reported was to explore 
these unknowns and to lay the groundwork for 
future developmental work if the properties of the 
base material were sufficiently promising. 

The alloy chosen for most intensive study was 
Ti-36 pct Al, because it showed minimum room 
temperature hardness, maximum plasticity in slow 
compression, and little susceptibility to thermal 
cracking after arc melting. Furthermore, it seems 
that the unique properties of the phase should be 
most pronounced at this composition where ordering 
of the structure is most fully achieved. Some work 
has also been done with various ternary composi- 
tions; to date this has been primarily within the re- 
spective single phase fields. 


Specimen Preparation 


Suitable fabrication techniques had to be evolved 
in order to prepare specimens for mechanical test- 
ing. Initially, the possibility was investigated of 
modifying arc melted ingots by alloy additions or 
heat treatment to secure a material which could be 
hammer forged. After considerable experimentation 
which included the preparation and examination of 
some 87 high purity ternary alloys, and involved 
hammer forging tests at temperatures up to 1370°C, 
this approach was abandoned as unpromising. Press 
forging was also tried, and it was found that the 
binary alloy could be cold worked at 1000° to 
1200°C to the extent of about 30 pct reduction in 
thickness. Hot working required a temperature of 
1300° to 1400°C, and even at this temperature the 
force required for deformation was quite high. Be- 
cause of the difficulty of maintaining such high tem- 
peratures during a pressing operation, this pro- 
cedure was not deemed feasible for the purposes of 
this investigation, and only a few specimens were 
prepared from such wrought material. 

At about this time it was found that the machin- 
ability of cast Ti-36 pct Al, which had been con- 
sidered extremely poor, was actually quite ade- 
quate for the production of either shoulder-type or 
threaded tensile specimens. Apparatus was therefore 
constructed to cast ingots 4 in. long. with a 
horizontal section the shape of a cross, each arm of 
which supplied % in. sq bar for a tensile speci- 
_men. These ingots were cast in a graphite mold with 
an atmosphere of argon, and hardness measurements 
showed contamination by oxygen, nitrogen, or car- 
bon from the casting process to be negligible. As in 
the case of titanium, these elements have a pro- 
nounced hardening effect on this alloy. 

One difficulty which was encountered was the oc- 
currence of small spherical cavities in some bars. 
The cause of these has not been determined, but it 
seems likely that their origin might be associated 
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psi. 


with a low saturation value for hydrogen in the 
solid alloy as compared either to the melt or to un- 
alloyed titanium. All bars were X-rayed before use 
to eliminate those which were defective. 


Table I. Analysis of Test Specimens 


Sponge Titanium Aluminum Shot 


C—0.058 pct Al—99.71 pct 
Si—0.018 pct Si—0.02 pet 
Fe—0.068 pct Cu, Mn, Mg, Zn, Cr—0.01 pet each 


N—0.020 pect maximum 
Hardness—121 Brinell 
(3000 kg load) 


With the exception of one high purity specimen, 
the materials used in preparing test specimens were 
of the analysis given in Table I. A recheck at the 
conclusion of the investigation showed that the re- 
maining sponge then had a hardness of 140 Brinell 
(3000 kg load). 

Tensile specimens were of % in. gage diam, with 
al in. gage length. 

Test Results 

Tensile Test Results—Results of room tempera- 
ture tensile tests of Ti-36 pet Al from various cast- 
ings are shown in Table II. In each case the frac- 
ture was brittle, with no appreciable elongation, and 
as might be expected there was considerable scatter 
in the results. When the variables in fabrication of 
this alloy are more fully evaluated and controlled 
there should be little difficulty in consistently pro- 
ducing material with an ultimate tensile strength 
close to 45,000 psi at room temperature. For an al- 
loy to be used at high temperatures this would be 
adequate, where design stresses would be well be- 
low this level. 


Table Il. Room Temperature Tensile Test Results for 
Cast Ti-36 Pct Al 


Specimen No. Ultimate Tensile Strength, Psi 


Ub 41,000 
44,000 
3* 36,000 
41,000 
5 49,000 
6 42,800 
7 33,000 
8 43,040 
9 40,400 
10 39,040 


* Treated 20 min at 1250°C, oil quenched. 
** Shoulder-type specimen. 
+ High purity alloy. 


A number of short time tensile tests were run at a 
temperature of 1000°+3°C, in air, and measure- 
ments of extension vs load were obtained using 
a separable, averaging microformer-type extenso- 
meter and an autographic recorder. The results are 
shown in Table III, which includes for comparison 
some values that have been reported elsewhere’ for 
several high temperature alloys. 

Stress-Rupture and Creep Tests—Cast, machined 
specimens of Ti-36 pct Al were tested for stress- 
rupture life at temperatures of 800°, 900°, 950°, and 
1000°C, in air. The findings of these tests are shown 
in Figs. 1 and 2, the latter including data obtained 
from the literature’ for two other alloys. Since for 
some important possible applications the load stress 
is a function of the density of the alloy, Fig. 2 also 
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shows the strength of Ti-36 pct Al as adjusted to 
the density of the alloys with which it is being com- 
pared. The data from which these curves were_ 
drawn are shown in Table IV, together with elonga- 
tion as measured on the specimens after failure. 


Table III. Short Time Tensile Test Results 


Ultimate 
Test Tensile 0.2 Pet Elonga- Reduction 
Tempera- Strength, Yield, tion Pct in 
Specimen ture, °C Psi Psi inlIn. Area, Pct 
Ti-36 Al 1000 41,480 26.5 39.6 
Ti-36 Al 1000 38,080 17.2 20.4 
Ti-36 Al 1000 36,400 23,000 8.6 16.2 
Ti-36 Al-5 Cr 1000 >33,320* 20,400 
Ti-33 Al-3 Zr** 1000 38,100 26,000 3 2.6 
Ti-33 Al-3 Zr** 1000 34,100 26,500 4.7 4.2 
Ti-36 Al 1000 36,400 24,400 10.9 17.6 
Stellite 21; 982 32,900 49 63.1 
422-197 982 37,800 21.0 37.8 
X-40t 871 48,600 36,200 14.3 18.1 


* Failure of grips. 

** Pressed 33 pct. 
+ Aged 16 hr, 1700°F. 
t Aged 50 hr, 1350°F. 


Only a little work has been done to investigate 
creep properties of this alloy. Fig. 3 shows extension 
vs time for a single load at each of two temper- 
atures, 800° and 900°C. 


Oxidation 

A remarkable characteristic of the y phase alloys 
—one which appears to be unique among titanium- 
base alloys— is their resistance to intrametallic oxi- 
dation at high temperatures. Because of this prop- 
erty it is possible to modify the base alloy so that 
thin protective oxides are formed on exposure to 
air at temperatures up to about 1200°C. Among the 
alloy additives which have been found useful in this 
respect are tantalum, silver, and columbium, with the 
latter being especially effective near the tempera- 
ture limit. Fig. 4 shows the effect of various per- 
centages of columbium on resistance to oxidation by 
still air at 1200°C. The specimens used were cuboid 
in shape and of %-in. size. These were measured 
with micrometer calipers and placed on a refractory 


Table IV. Stress-Rupture Test Results for Cast Ti-36 Pet Al 


Tempera- Time to Elonga- 
ture, Stress, Failure, tion Pct 
°C Psi Hr in 1 In. 

1000 » 24,000 0.4 

1000 21,000 1,0 39 

1000 12,000 4.6 47 

1000 7,000 59.7 

1000 7,000 68.3 45 

1000 4,200 985.1 ~20 
950 15,000 9.0 42 
950 11,000 62.0 62 
950 8,000 250.2 37 
900 22,000 5.8 oF 
900 15,000 83.0 33 
900 14,000 99.6 44 
900 12,000 274.0 44 
800 35,000 33.9 23 
800 30,000 72.2 12 
800 28,000 128.6 28 
800 27,000 105.3* 27 


* Plus 94.1 hr at 21,500 psi. 


tray, which was then introduced into a muffle fur- 
nace having a %-in. hole in the door to permit ac- 
cess of air. After exposure for 96 hr, the specimens 
were removed and allowed to cool, and the oxide 
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Table V. Impact Strength of Cast Ti-36 Pct Al in In.-Lb* 


Set I, Set III, 
Set IV, Set V, Set VI, 
Set I, 24 Hr, 24 Hr 1 Hr, Water Heat Stress” Recrystal- 
e eat No. As Cast Slow Cool Slow Cool Quenched No. Relieved lized 
Room temperature 17523 1.4, 1.5 2.4 1.6 7523 1.0 2.4 
7524 B10), 4.4 1.5 1.7 7524 1.0 1.9 
7526 1.3, 2.5 6.0 Deal 2.2 7523 1.0 Lie 
7524 0.7 1.7 
700°C 7524 8.4, 6.5 8.0, 6.0 11.8, 8.5 7.5, 8.6 7523 5.4, 4.0 BS 
2 7523 5.2, 6.0 3.8, 6.3 
1000°C 7523 5.5 6.3 8.0 3.1 7523 2.0 2.8 
7524 5.5 6.3 3.9 4.5 7524 1.6 1.7 
7526 7.2 1523 2.4 1.9 
7524 2.6 1.5 
* Specimens unnotched, 3/16 in. sq by 1% in. 
was removed by grinding to sound metal. The speci- 50 
mens were then remeasured to determine depth of 
oxidation. The precision of this method is, of course, 
not very high, but it is adequate for exploratory AO 
work when there is absence of pitting and of oxida- i. 
tion within the metal phase. 2 x 
At 1000°C, oxidation of these alloys is less of a 20 a 
problem, although a service life of more than a few S a 
hundred hours might require a ternary alloy, as a wd 
would an application in which very little scale eS Be aS 
could be tolerated. Scale chipped from a stress- 
rupture specimen of Ti-36 pct Al tested 985 hr at a Sa 5 
1000°C averaged about 0.025 in. thickness. On the & Seen 
other hand, a specimen of Ti-35 pct Al showed a @ !Or ae 
depth of oxidation <0.001 in. after 137 hr at 1000°C PEST hs 
without stress. TEST 2-0 a 
specimen of Ti-35 pct Al-5 pct Cb was tested at 0 2 3 4 5 6 7 8 


1000°C for cumulative periods of 50, 150, 180, 326, 
and 1020 hr, with air cool after each period, fol- 
lowed by return directly to the hot furnace. At the 
end of 50 hr, oxidation had penetrated 0.001 in., and 
after 1020 hr this was unchanged. The hardness of 
this specimen after testing ranged from 243 to 272 
Dph (20 kg load) and averaged 258 (11 readings), 
while the hardness of a duplicate after 50 hr meas- 
ured 254 Dph (20 kg load, average of 5 readings). 

Sufficient experimentation has been done with 
powder metallurgy techniques for the Ti-36 pct Al 
alloy to make a few general observations as to the 
difficulties and potentialities of this method of fab- 
rication. Because the alloy has a very high rate of 
work hardening, the cold press-and-sinter proce- 
dure does not seem feasible unless a considerable 
proportion of a more ductile metal or alloy is added. 
For example, —100 mesh alloy powder, pressed at 
200,000 psi and sintered 2 hr at 1300°C, had a density 
of only 80 pct of theoretical. Compacts of similar 
density were produced by pressing either —100 
mesh or —40 +100 mesh powder at 6000 psi and 
1200°C in a protective atmosphere. At a tempera- 
ture of 1300°C and a pressure of 6000 psi, however, 
it was found possible to make compacts with about 
98 pct of theoretical density and hardness equiva- 
lent to that of the arc melted alloy. For the press- 
ing operation it was necessary to use graphite dies 
and carbon punches, and as an added precaution an 
atmosphere of flowing helium was provided. A few 
tests made without helium showed some contamina- 
tion occurring; however, the extent of this oxidation 
might not exclude the product from some applica- 
tions. 

Not all of the factors which affect the impact 
strength of Ti-36 pct Al have been determined. 


TRANSACTIONS AIME 


NOMINAL WEIGHT PERCENT Nb 
Fig. 4—Oxidation of Ti-35 pct Al-X pct Cb alloys by ex- 
posure to still air at 1200°C for 96 hr. 


MADE IN USA 


“Fig. Forged of Ti- 36 Al show- 
ing reduction obtained and distribution of wrinkling on the 
surface. 
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b) Set Il, sealed, 24 hr, 950°C 


d) Set IV, 1200°C, 1 hr, water 
quenched 


e) Set V, forged, stress relieved 


f) Set VI, forged, recrystallized 


Fig. 6—Microstructures of impact specimens in Table IV. 


Qualitative observations of the room temperature 
malleability of the as cast alloy indicate that slight 
variations in casting procedure have a large effect 
on the impact properties. The effect may be asso- 
ciated with a pickup of gaseous contaminants. 
Judging from all experience to date, however, it 
seems that the rate of cooling through the tempera- 
ture range in which the y phase forms by peritectic 
reaction is more probably the dominant variable. In 
an attempt to investigate this factor and other cast- 
ing variables, a series of 24 ingots was prepared with 
special attention to baking of graphite mold and 
furnace parts, vacuum treatment of the sponge 
titanium, cleaning of the furnace after each use, im- 
provement of mold design, and proper correlation 
of duration of melting with arc current and with 
size of charge. Qualitative observation of the mal- 
leability of these ingots indicated that considerable 
improvement was obtained. A specimen 5x34x2 in. 
long was reduced 14% pct in length by pressing 
at room temperature and 180,000 psi. After this 
reduction the hardness of the specimen had risen to 
294 Dph and a small crack appeared near the top 
of one face. A series of eight similar bars was 
hammer forged at room temperature to reductions 
ranging from 8 to 15 pct. In some of these, cracking 
occurred, although it was generally minor. Fig. 
5 shows one of these bars which was reduced 11.5 
pet, illustrating the extent and distribution of 
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wrinkling on the surface. An unforged bar is in- 
cluded for comparison. Working of these specimens 
was done in the as cast condition, without heat 
treatment of any sort. Such extent of hammer forg- 
ing has not been obtainable previously, even at high 
temperatures. 

Since it was not possible to extend this phase of 
the investigation further, several sets of impact bars 
were prepared and given various treatments prior 
to testing. The specimens were 3/16 in. sq by 
1% in. long, unnotched, and were broken in a 
Tinius-Olsen machine of 50 in.-lb capacity. For the 
high temperature tests, furnace temperatures were 
controlled at 710° and 1020°C, and the time to 
break was 3 to 5 sec, and in one case 6 sec. The 
treatments given the specimens and the test results 
obtained are shown in Table V, and typical micro- 
structures resulting from the different heat treat- 
ments are shown in Fig. 6. 

Aside from the general range of values obtained, 
two interesting observations may be made from the 
results of these tests. First, the impact strength is 
higher at 700°C than it is at either room tempera- 
ture or 1000°C. Second, the higher strengths are 
associated with the cast structure rather than the 
equiaxed y. 

Since columbium and tantalum additions are bene- 
ficial in improving the oxidation resistance of this 
type of alloy, a few tests were made to determine 
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a) Set I, as cast mE 
c) Set III, vacuum, 24 hr, 950°C 


whether such additions would adversely affect prop- 
erties. These indicated that quite the opposite is the 
case. A Ti-35 pct Al-5 pct Cb specimen had a room 
temperature ultimate tensile strength of 62,360 psi, 
and a Ti-35 pet Al-7 pct Cb specimen failed in the 
threads at 75,800 psi. Similarly, a Ti-35 pct Al-7 pct 
Ta specimen failed at 71,060 psi, and had a slight 
elongation of 1.5 pct in 1 in. 

A single specimen was tested for stress-rupture 
strength to determine whether the increase in room 
temperature strength would be retained at higher 
temperature. This was a Ti-35 pct Al-7 pct Cb 
alloy. Tested at 950°C and 14,000 psi, it failed at 
135.2 hr and had 7.8 pct elongation in 1 in. As may 
be seen from Fig. 1, the rupture stress for 100-hr 
life at this temperature is about 50 pct higher for 
this alloy than for the binary Ti-36 pct Al, both 
being in the as cast condition. 


Summary and Conclusions 

Good high temperature strength of Ti-36 pct Al 
has been demonstrated by short time tensile tests at 
1000°C and by stress-rupture tests at temperatures 
from 800° to 1000°C. This strength is especially 
notable when comparison is made with other alloys 
on a strength-density basis. When adjustment is 
made for density, the cast alloy has from 65 to 100 
pet higher stress for 100-hr life than does X-40 in 
this temperature range. Tensile ductility and im- 
pact strength are poor, however, and developmental 
effort should be made to improve these properties. 

Still air oxidation tests indicate that Ti-36 pct Al 
has useful oxidation resistance for periods of sev- 
eral hundred hours of use at 1000°C. Where scale 
must be kept to a minimum under such conditions 
this may be accomplished by the addition of colum- 
bium or tantalum. For higher temperatures—up to 
about 1200°C—or where higher strength is re- 
quired, the addition of columbium is effective. 

Casting of the y phase alloys requires equipment 
and techniques such as are applicable to other 
titanium alloys. The cast material can be machined 
with carbide tools provided reasonable care is used. 
If a wrought structure is desired this may be ob- 


tained by pressing at high temperature. Some 
deformation is also obtainable by open die hammer 
forging or cold pressing, but the extent of such 
working is rather severely limited by the high rate 
of work hardening and the absence of room tem- 
perature tensile elongation of this type of alloy. 
These same factors are probably responsible for the 
low impact strength shown by Ti-36 pct Al in sub- 
size unnotched Charpy tests. 

Among the properties of Ti-36 pct Al that are yet 
to be studied are fatigue characteristics, which 
would be of importance for some potential applica- 
tions, weldability, thermal shock resistance, and 
thermal expansion. 

In view of the remarkable strength and oxidation 
resistance of the Ti-36 pct Al alloy, this would seem 
to be an excellent base from which to develop more 
complex alloys of low density for superior perform- 
ance at temperatures from 800°C to perhaps as 
high at 1200°C. 
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Technical Note 


Interaction of Dislocations and Long-Range Order 


by N. Brown and M. Herman 


{i has been pointed out by Cottrell’ and Fisher’ 


that long-range order would produce superdis- . 


locations, consisting of two partial dislocations sepa- 
rated by an out-of-phase region. The mutual repul- 
sion of the partial dislocations is balanced by the 
surface tension of the out-of-phase domain bound- 
ary joining the dislocations (Fig. 1). The calculation 
of the equilibrium spacing of the dislocations has yet 
to be madev The argument uses the Bragg and Wil- 
liams theory of long-range order.’ The metal under 
consideration is the A-B, body-centered type, such 
as 8 brass. The slip system is taken to be [111], 
(110).* 
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Since nearest-neighbor interactions are consid- 
ered, only the atoms position in the two (110) planes 
adjoining the slip plane have to be labeled. Corner 
sites are called a and a’ in the top and bottom (110) 
planes, respectively. Similarly 8 and f’ are the body- 
centered sites. Thus, a and #’ and £ and a’ sites are 
nearest neighbors. Assume that the bottom plane 
moves and the top plane is fixed during slip; the 
atoms in a’ and f’ sites exchange sites but atoms in 
a and £ sites remain fixed. Fraction of A atoms in 
a sites, for example, is given by f, and f*, for the un- 
slipped and slipped condition, respectively. Similarly 
number of A atoms in the a sites is given by n, and 
n*, for the unslipped and slipped condition, respec- 
tively. As the dislocation moves into the ordered re- 
gion the change in number of A-A bonds is given by 


Naz = L[ + 2's) — (fer Ma + Far Ms) | [1] 
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Fig. 1—Schematic of an ordered structure showing anti-phase 
boundary confined between a pair of dislocations. 


where L is the number of bonds per atom which may 
be changed by slip = 2. As in the Bragg and Wil- 
liams theory, the degree of order W is defined by 


(1+W) 
2 2 


a 


where W ranges from 0 to 1, and where N is the 
number of atoms in the slipped part of one of the 
slip planes. Thus 


1+W 
and 
1—W 
Pa = fe = 
N (1+W) 
2 
and 
N 
2 2 


Eq. 1 yields Nus = NW’. Similarly, the change in 
B-B and A-B bonds is 

Nas = —2NW’. 


Thus, the change in energy to form a domain bound- 
ary between a pair of dislocations is given by 


== NW” (Vaa Vas 2V az) [2] 


where Vu, and Vz, and V4; are the binding energies 
of like and unlike atoms. The strain energy of inter- 
action per unit length for a pair of like edge dis- 
locations on the same slip plane is given by” 


Gb* ih 1 
In 
27 (1—y) Yr 2 


where G is the shear modulus, b is Burgers vector, 
y is Poisson’s ratio, r, represents the crystal dimen- 
sions, and r is the distance between dislocations. 

The entropy change associated with configuration 
and dislocation spacing is insignificant. Thus, the 
free energy change of an increasing out-of-phase 
boundary is given by 


Gb? ( Va 1 ) 
In = 
2a (1—y) r - 


NW’ (V a4 + Voz —2V az). 


F=E£,+ 


The binding energies are related to the ordering 
temperature as follows 


Vaa + Vaz — = 


kTc 
where k is Boltzmann’s constant and Tc is the criti- 
cal temperature of ordering. For a unit length of dis- 


location, N = r/b?. Thus, F can be expressed as a 
function of r 


Gb’ Ps 1 r W*kTc 
27 (1—y) T b 2 
Setting dF/dr = 0 gives the equilibrium spacing 


1 
#(1—y) kTe 


for the case of 8 brass using b = 210° cm; k= 
erg per °K; y= 1/33 Te = 1385G = 
dyne per sq cm; and letting W =1 and r= 3X10" 
cm. 

For 8 brass, the calculation indicates that at com- 
plete order the dislocations of like sign form pairs 
with a 15-atom spacing. Experimental data® show 
that long-range order increases the yield point. This 
effect may be associated with the dislocation pairing. 
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Technical Note 


Effect of Gallium on Resistance to Corrosion of Magnesium Alloys 


by Benny J. Nelson 


O obtain information on the effect of gallium 
upon the corrosion of magnesium alloys, tests 
were made on the commercial alloy AM52S (Mg- 
3 pet Al-1 pet Zn-0.2 pet Mn) and experimental 
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Table |. Effect of Gallium on Resistance to Corrosion of Some Magnesium Alloys 


Pct Change in Tensile Strength by Corrosion* 


1 Week 
- Alternate 4 Weeks 4 Years 
Pct Composition Immersion in Intermittant Exposure to 

NaCl-H202+ 31% Pct Industrial 
Al Zn Fe Solution NaCl Spray Atm 
= Commercial Mg 0.010 —100 —34 —23 
0.03 Commercial Mg 0.04 —68 —20 —34 
0.09 Commercial Mg 0.04 —87 — Fil —28 
0.48 Commercial Mg 0.05 —86 —12 —27 
= Sublimed Mg 0.001 —14 —24 —24 
0.03 Sublimed Mg 0.002 —22 —26 —25 
0.11 Sublimed Mg 0.001 —37 —11 —20 
0.48 Sublimed Mg 0.001 —56 —15 —22 
= AM52St 0.019 —34 —10 —23 
0.04 AM52St¢ 0.022 —34 —13 —19 
0.10 AM52S¢ 0.020 —20 —20 —21 
= 3.47 1.23 0.002 —14 —18 —22 
— 3.04 1.00 0.027 —45 —16 —24 
0.09 3.04 1.15 0.028 —58 —21 —23 
0.68 3.53 1.14 0.029 —48 —20 —23 
—_ 9.28 — 0.033 —100 —17 —32 
0.80 9.7 _ 0.035 —100 — 34 —38 


* Losses are averages of at least two specimens. 
oS gpl NaCl and 10 cu cm H2Oz per liter of solution. 
t+ Nominal AM52S composition. 


alloys made from sublimed magnesium and free 
from manganese. For comparison, tests were also 
made on the effect of different amounts of gallium 
in both electrolytic and sublimed magnesium (ferro- 
silicon process) having different iron contents. The 
investigation was also extended to binary Mg-12 pct 
Li, Mg-6.6 pct Sn, and Mg-6 pct Zn alloys to learn 
what effect, if any, lithium, tin, and zinc might have 
upon the influence of gallium in improving the re- 
sistance to corrosion. 

Four different corrosion tests were used in the 
investigation: 1) alternate immersion in NaCl-H.O, 
solution at 80° to 90°F—53 g NaCl and 10 cu cm 
H.O, per liter of water—for a period of one week; 
2) intermittent salt spray at 75° to 85°F, with a 
3.5 pet NaCl aqueous solution for a period of four 
weeks; 3) exposure to an industrial atmosphere for 
a period of four years; and 4) stress corrosion 
cracking in which specimens were exposed for a 
maximum. period of two months to a solution con- 
taining 35 gpl NaCl and 20 gpl K;CrO, while under 
a stress equivalent to 100 pct of the yield strength. 
All the specimens were in the form of standard 
ASTM tensile test blanks cut from sheet or extruded 
rod. Only the AM52S specimens were subjected to 
the stress corrosion test. 

The compositions of the magnesium and magne- 
sium alloy specimens, with the exception of the 
binary Mg-Li, Mg-Zn, and Mg-Zn alloys, and the 
changes in tensile strength brought about by cor- 
rosion are presented in Table I. 

It is seen from this table that gallium causes 
increased resistance to corrosion of commercially 
pure magnesium in the alternate immersion test but 
may actually decrease somewhat the resistance to 
corrosion of sublimed magnesium or of AM52S-type 
alloys. In tests upon Mg + 10 pct Al alloy, gallium 
does not improve the resistance to corrosion. In the 
other corrosion tests, the effect of gallium is less 
evident and less consistent. A very drastic exposure 
like the alternate immersion test will sometimes 
reveal differences in magnesium alloys that are not 
’ revealed by exposures in less corrosive environ- 
ments and, hence, in the present case the results 
obtained in the other two tests are considered to be 
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less definitive than those shown by the alternate 
immersion exposure. 


The tolerance limit for iron in magnesium is de- 
fined as the amount above which a marked increase 
in the rate of corrosion will occur.* In pure magne- 
sium this tolerance limit is 0.017 pct Fe, while in a 
Mg + 10 pct Al alloy, this tolerance limit for iron is 
nil. For other alloys, the tolerance limit for iron 
will vary with the added alloying element. Since 
gallium has a beneficial effect on the resistance to 
corrosion of commercially pure magnesium, which 
typically contains 0.03 pct Fe, it is believed that this 
beneficial effect is caused by the gallium increasing 
the tolerance limit for iron. Since the tolerance 
limit for iron in a magnesium alloy containing 10 
pct Al is very low, it seems logical that in this alloy 
the gallium cannot aid in establishing a higher re- 
sistance to corrosion. 


In further qualitative tests that were made, it 
was visually observed that gallium increased the 
resistance to corrosion of a Mg-Sn binary alloy but 
caused no obvious change in the resistance to cor- 
rosion of Mg-Li or Mg-Zn alloy. In accelerated 
stress corrosion cracking tests, gallium was found 
to have no effect upon the resistance to stress cor- 
rosion cracking of AM52S. 


The tests that were carried out lead to the follow- 
ing general conclusions: 


1) In severely corrosive environments gallium 
increases the resistance to corrosion of commercially 
pure electrolytic magnesium and of a Mg-Sn binary 
alloy. 


2) Gallium additions cause little significant 
change in the resistance to corrosion of sublimed 
magnesium or of Mg-Li, Mg-Al, Mg-Zn, or AM52S 
alloys. 


3) Gallium has no effect upon the resistance to 
accelerated stress corrosion cracking of AM52S 
alloy stressed to 100 pct of yield strength. 


Reference 
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Constitution of Nickel-Rich Quaternary 
Alloys of the Ni-Cr-Ti-Al System 


The quaternary system Ni-Cr-Ti-Al has been studied up to a temperature of 
1150°C for compositions greater than 50 atomic pct Ni. It has been shown that the 
region contains six single phase areas, namely, the face-centered-cubic nickel-rich 
primary solid solution y, the face-centered-cubic orderd phase y’ based on Ni;Al, 
the hexagonal-close-packed intermetallic compound 1-NizTi, and the three body- 
centered-cubic phases 8,-NiAl, B2-NiTi, and 63-NisTiAl. As the temperature is 
raised, the volume of the quaternary tetrahedron occupied by the y phase increases 
quite considerably, while that of y’ decreases. The tie-lines across y+ y’, y +, 
and y’ + » two-phase fields lie almost exactly in the plane NizCr-Ni;AI-NisTi, these 
three positions effectively outlining a pseudo-ternary system with the y + y+ y 
triangle corresponding closely to a tie-plane. There is strong evidence that a four- 
phase field links the binary phases y, y’, and y with the ternary phase B3-Ni.TiAl. 


by A. Taylor 


ICKEL-RICH alloys hardened with small addi- 

tions of titanium and aluminum and centered 
around that region of face-centered-cubic primary 
solid solution, y, where the atomic ratio of nickel 
chromium is about 3 to 1, form an important series 
of high temperature materials because of their re- 
sistance to oxidation, high temperature strength, 
and excellent creep characteristics at elevated tem- 
peratures.” With suitable heat treatment it is pos- 
sible to precipitate a phase based on the ordered 
face-centered-cubic y phase, Ni,Al, from the ran- 
domly ordered nickel-rich y face-centered-cubic 
primary solid solution. By adjusting the ratio of 
aluminum to titanium the precipitation of needles of 
the hexagonal intermetallic compound 7-Ni,Ti may 
be effected. 

In the present investigation, the main interest was 
focused on the interrelationships among the y, y’, 
and 7 phases. By using alloying elements of high 
purity and a suitable melting technique the presence 
of carbides and nitrides could be completely obvi- 
ated, although it is realized that their presence is 
probably essential in alloys of commercial impor- 
tance. As a preliminary to the study of the Ni-Cr- 
Ti-Al system, it was necessary to establish the con- 
stitutional diagrams of the three contiguous systems, 
Ni-Cr-Al, Ni-Ti-Al, and Ni-Cr-Ti, which together 
form the nickel-rich corner of the Ni-Cr-Ti-Al 
quaternary tetrahedron. Accounts of this work on 
the ternary systems have already been published by 
the author. A preliminary disclosure of the author’s 
investigations on the ternary and quaternary sys- 
tems has been made by Hignett? and has since stim- 
ulated work in the same field by Nordheim and 
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Grant.’ Before the detailed account of the qua- 
ternary system, a brief description will be given of 
the three contiguous ternary diagrams on which it 
is ultimately founded. 


Ni-Cr-Ti System 

The 750° and 1000°C temperature isothermals of 
the Ni-Cr-Ti system as determined by Taylor and 
Floyd* are shown in Figs. 1 and 2. The single phase 
fields of greatest interest are occupied by the exten- 
sive face-centered-cubic y primary solid solution of 
chromium and titanium in nickel, and the close- 
packed-hexagonal Daltonide, y-Ni,Ti,°* from which 
tie-lines radiate across the very wide y+ n two- 
phase field. The chromium-rich primary solid solu- 
tion is represented by a. As may be seen from the 
diagrams, the extent of the y phase field increases 
quite appreciably as the temperature is raised from 
750° to 1000°C. Isoparametric lines for the y phase 
are shown in Fig. 1. They are interesting in that 
they are almost parallel to the y/y+ 7 boundary. 
Thus the determination of the tie-line directions is 
entirely dependent on the exact stoichiometry of 
composition of the » phase. 


Ni-Ti-Al System 

The 750°C isothermal section of the nickel-rich 
portion of the system Ni-Ti-Al as determined by 
Taylor and Floyd is shown in Fig. 3.’ The regions 
of greatest interest are the extensive y primary 
solid solution of titanium and aluminum in nickel, 
the y’ Berthollide phase field based on the ordered 
face-centered-cubic structure of Ni,Al, and the hex- 
agonal Daltonide phase, »-Ni,Ti. 

As may be seen from Figs. 3 and 4 the area occu- 
pied by the y’ phase is substantially the same at 
750°C as at 1000°C, but the area of the y phase is 
considerably greater at the higher temperature. The 
tie-lines radiate from y-Ni,Ti across the y+y and 
y'+n two-phase fields and are evenly distributed 
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Fig. 1—The Ni-Cr-Ti phase diagram—750°C isothermal. Fig. 2—The Ni-Cr-Ti phase diagram—1000°C isothermal. 
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Fig. 3—The Ni-Ti-Al system at 750°C, showing the Berthol- Fig. 4—The Ni-Ti-Al phase diagram—1000°C isothermal. 
lide phases £1, B2, and Bs. 
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Fig. 5—The Ni-Cr-Al phase diagram—750°C isothermal. Fig. 6—The Ni-Cr-Al phase diagram—1000°C isothermal. 
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Fig. 7—The NisCr-NisTi-NisAl section of the Ni-Cr-Ti-Al 
system—750°C isothermal. 


across y+y’ field. The Berthollide phases 8, and 8,, 
which have ordered body-centered-cubic structures 
of the CsCl type, are respectively centered about the 
compositions NiA] and NiTi. Contrary to expecta- 
tions they do not link up with each other to form a 
continuous intermediate phase. Instead a ternary 
Berthollide phase, £;, forms which is centered 
around the composition Ni.TiAl. This phase is in 
every way analogous to £, and £, in structure, but 
has titanium and aluminum atoms at alternate cube 
centers like the zinc and aluminum atoms in the 
structure of Cu.ZnAl. 


Ni-Cr-Al System 

Of the three ternary systems under consideration, 
the Ni-Cr-Al system is probably the most important 
for gaining an understanding of the precipitation 
phenomena occurring in nickel-based high tempera- 
ture alloys. The 750°C isothermal of the nickel-rich 
portion of this system, as studied in detail by Taylor 
and Floyd, is shown in Fig. 5. The two single-phase 
fields of major interest are the extensive face- 
centered-cubic y primary solid solution of chromium 
and aluminum in nickel and the wide y’ field occu- 
pied by the face-centered-cubic ordered Berthollide 
phase based on Ni,Al. 

At 750°C, the tie-lines across the y+y two-phase 
field skew round until alloys near the center of the 
region consist of two face-centered-cubic phases 
having identical lattice parameters. Such alloys 
yield diffraction patterns which, taken by them- 
selves, are indistinguishable from those of a single 
phase alloy, which leads to difficulties in their 
interpretation. 

As the temperature is raised, the y’ phase field 
decreases considerably in extent until, at 1150°C, it 
occupies only a small fraction of its original area. 
At the same time, the extent of the y’ primary solid 
solution increases. The state of affairs existing at 
1000°C is shown in Fig. 6. At this temperature a 2/2 
reaction occurs, resulting in the four-phase field 
atBt+yt+y’. 

Experimental Procedure 

The bulk of the alloys were prepared as 100 g 
melts in a 4 kw high-frequency furnace using se- 
lected Mond nickel pellet, and high purity chrom- 
ium, aluminum, and titanium, analyses of which are 


1358—JOURNAL OF METALS, OCTOBER 1956 


O Single Phase 
@ Two Phase 
® Three Phase 


N 
oe 20 15 10 5 
CHROMIUM - Atomic Percent 


Fig. 8—The NisCr-NisTi-NisAl section of the Ni-Cr-Ti-Al 
system—1000°C isothermal. 


given in Table I. To avoid reaction with the charge, 
the sillimanite crucibles were lined with magnesite 
and the melting carried out under a low pressure of 
hydrogen which was pumped off after fusion to al- 
low the alloys to cool down and solidify in vacuo. 
Alloys rich in titanium proved difficult to prepare 
by this method. They were made in a small argon 
are furnace fitted with a water-cooled copper hearth. 


Table |. Analysis of Metals Used for Making Alloys, Pct 


Ni Cr Al Ti Fe Mn Cc 
Ni Balance 0.018 0.034 
Cr 0.01 Balance 0.10 0.01 0.08 0.15 oo 
Al — — Balance 0.005 
Ti 0.015 Balance 0.015 0.04 


This furnace proved much more satisfactory for 
making alloys rich in chromium and was ultimately 
used for all new alloys in preference to the induc- 
tion furnace. The small ingots were annealed in 
vacuo for at least three days at 1200°C in order to 
promote homogeneity, and were then water- 
quenched to preserve the high temperature state, 
which proved a good starting point for subsequent 
heat treatment processes. The outer skin of the in- 
gots was then ground away to ensure removal of 
unrepresentative surface layers, after which repre- 
sentative samples were turned off for chemical 
analysis. Fine filings of metal were taken from 
immediately adjacent regions for further heat treat- 
ment and X-ray examination by the Debye-Scherrer 
powder technique, using a 9.0 em diam camera and 
filtered MnKa radiation. 

Previous experience with the ternary alloys of the 
Ni-Cr-Al, Ni-Cr-Ti, and Ni-Ti-Al systems had 
shown that slowly cooling powders in evacuated 
silica capsules from 900°C to room temperature in 
a period of 3 to 4 days gave results which were 
roughly equivalent to equilibrium conditions corre- 
sponding to 750° to 800°C. In the present instance 
it was decided to adopt a different technique and 
cool alloys down from 900° to 750° in four days, 
hold at 750°C for four days to promote equilibrium, 
and then quench in cold water to preserve the equi- 
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Fig. 9—View of Ni-Cr-Ti-Al system from nickel corner-— 
750°C isothermal. 
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Fig. 11—Ni-Cr-Ti-Al system at 750°C, showing four-phase 
field (NisTiAl)+7 (NisTi), and three-phase 
field +n. 


librium structure at room temperature. This method 
gave excellent and self-consistent results, but when 
applied to the 1000°C isothermal erratic results 
were obtained, due both to the volatilization of alu- 
minum from the specimens and to silicon contam- 
ination caused by reaction of the vapor with the 
silica tubes. These difficulties were only partially 
overcome by fitting the silica capsules with pure 
fused alumina linings and, consequently, an entirely 
new technique was employed. In the new heat 
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Fig. 10—Ni-Cr-Ti-Al system showing extent of y, y’, and y 
phases, and location of f:, and 8:—750°C isothermal. 


Fig. 12—View of Ni-Cr-Ti-Al system at 1000°C. Note in- 
crease in y phase field and narrowing of the base of y’, see 


Fig. 9. 


treatment procedure a % in. cube of alloy was held 
in vacuo for 24 hr at 1000°C and quenched in water. 
After filing away the outer surface layers, fresh 
filings were prepared and sealed in thin alumina- 
lined silica capsules as before. The powder speci- 
mens were then heated as rapidly as possible to 
1000°C, maintained at temperature for only a few 
minutes, and then quenched. This modified tech- 
nique was found to give reproducible and self- 
consistent results so that it was possible to establish 
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Fig. 13—Micrograph of 75.1 atomic pct Ni-19.9 atomic pct 
Cr-2.6 atomic pct Ti-2.4 atomic pct AI alloy, quenched 
from 750°C, X1000. 


the system almost entirely by means of X-ray ex- 
amination of the alloys, although in many cases the 
results were confirmed by standard micrographic 
methods. 

By the careful selection of favored compositions 
it was possible to establish with high accuracy the 
main features of the quaternary system Ni-Cr-Ti-Al, 
using a relatively small number of alloys. A tenta- 
tive model of the nickel corner of the quaternary 
tetrahedron was first constructed using data from 
the three contiguous Ni-Ti-Al, Ni-Cr-Ti, and Ni- 
Cr-Al faces to make a rough estimate of the extent 
of the y and y’ phases. Because interest in high 
temperature alloys centers around compositions in 
which the atomic ratio of nickel to chromium is 
about 3 to 1, it was decided to begin by studying a 
pseudo-ternary system outlined by the plane 
through Ni,Cr, Ni,Al, and Ni,Ti. The designation, 
Ni,Cr, is used here for convenience to define y con- 
taining 3 atoms of nickel to 1 atom of chromium. 
The selection of this system introduces a great sim- 
plification into the work because y-Ni;Ti is a Dal- 
tonide and, because of its extremely narrow homo- 
geneity range, all tie-lines radiate from it as from 
a geometrical point. Thus, tie-lines radiating from 
n-Ni:Ti must he within the plane yNi,Cr-y’Ni,Al- 
Ni, Ti. The same will not necessarily be true for 
tie-lines linking the y and y’ phase fields. 

Alloys of selected composition were made in order 
to ascertain the positions of the y and y’ boundaries 
within the pseudo-ternary system Ni,Ti-Ni,Al-Ni,Cr 
and the position of the three-phase triangle y+y' +7. 
When these were satisfactorily established for 750° 
and 1000°C, the investigation was extended to give 
an approximate idea of the positions of the tie-lines 
and to establish the relationships among the y, y’, », 
and other phases of the quaternary system. A list 
of these alloys with their analyzed compositions, 
heat treatment, crystal structures, and lattice para- 
meter data are given in Table II. 

Results 

The extents of the y, y’, and 7 phase fields for 
750° and 1000°C within the pseudo-ternary section 
Ni,Cr-Ni,Ti-Ni,Al are illustrated in Figs. 7 and 8. 

Views of the nickel-rich portion of the quaternary 
systems Ni-Cr-Ti-Al corresponding to equilibrium 
conditions at 750°C are shown in Figs. 9, 10, and 11, 
while Fig. 12 illustrates the equilibrium at 1000°C. 
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Fig. 14—Micrograph of 75.0 atomic pct Ni-1 
Cr-3.8 atomic pct Ti-1.4 atomic pct Al alloy, quenched from 
750°C, y+y’-+n. X1000. 


Apart from the faces of the quaternary tetrahe- 
dron shown in Figs. 9 to 12, the accuracy in the 
determination of the extent of the various phase 
fields is greatest in the plane of the pseudo-ternary 
system Ni,Cr-Ni,Al-Ni,Ti. The remainder of the 
system has been sketched in on the basis of intensity 
estimations of the lines in the diffraction patterns 
from selected alloy Nos. 45, 46, and 47. In view of 
the complexities of the system, the broken lines in 
Figs. 9, 10, and 12 only indicate the extent of the 
two and three-phase regions on the faces of the 
tetrahedron. Besides the y, y, and 7 phases, which 
are of primary interest in the high temperature 
alloy problem, the body-centered-cubic Berthollide 
phases £,, B., and based on NiAI, NiTi, and Ni.TiAl, 
respectively, have also been included. Fig. 11 shows 
the presence of a four-phase field outlined by the 
tetrahedron linking the y, y, », and 6, phases. In 
addition, Fig. 11 indicates the extent of the three- 
phase triangle linking the y, y, and 7» phases on the 
plane defined by Ni,Cr, Ni,;Al, and y-Ni,Ti. 


Discussion 


As may be seen from Fig. 8, which shows the 
Ni,Cr-Ni,Ti-Ni,Al section of the Ni-Cr-Al-Ti system 
at 1000°C, the three phase fields of major interest 
are y, y’, and 7-Ni,Ti. Because Ni,Ti is an intermet- 
allic compound, there will be groups of tie-lines 
radiating from it which must lie accurately within 
the plane of section and, as a consequence, the two 
sides of the three-phase area, y+y’+y7, passing 
through Ni,Ti must be straight lines. The third side 
of this three-phase region is the envelope of the 
limiting tie-lines linking the y and y’ phase fields. 
Since these tie-lines do not necessarily lie within 
the plane of section, this envelope could possess an 
appreciable degree of curvature. 

The positions of the tie-lines across the extensive 
y+y’ field shown in Fig. 7 could be ascertained from 
the lattice parameters of the alloys in the single 
and two-phase regions. Fig. 8 shows the isopara- 
metric surfaces of the y and y’ phase fields which 
led to the positioning of the tie-lines. The alloys 
are indicated on the diagram according to their ideal 
weighed-out compositions, which differ slightly 
from the values given by chemical analysis. This 
was necessary because changes in composition, due 
mainly to melting losses, move the alloys out of the 
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Table II. Ni-Cr-Ti-Al Alloys 


Analysis, Atomic Pct 


Lattice Parameter, 


Phases Present at Alloys Quenched 1000°C 


Alloy 
No. Ni* Cr Al Ti 1000°C 750°C y kX V kx 
1 75.4 22.0 1.2 1.4 v 3.5446 
2 75.2 21.0 1.6 3.5505 
3 74.8 21.0 1.6 2.6 3.5495 
4 75.0 20.4 3.8 0.8 3.5503 
5 74.6 19.8 4.3 1.3 vy vty 3.5524 
6 19.9 2.4 2.6 yt+y 3.5537 
8 75.2 18.9 5.2 0.7 3.5510 
9 75.2 18.7 4.8 1.3 vy 3.5520 
10 75.6 18.6 oh) 2.5 vy vty’ 3.5551 
11 18.4 22 3.5558 
13 75.9 17.3 3.1 3.7 vy 3.5571 
14 75.8 15.4 7.4 1.4 vy 3.5526 
7 75.0 19.8 1.4 3.8 +n 3.5508 
12 75.4 18.8 1.0 4.8 +n 3.5578 
35 76.0 VS 1.9 4.6 y+y’ yt+y'+n 3.5572 
38 75.7 16.3 2.0 6.0 y+’ yty’+n 3.5569 
15 75.5 16.1 4.6 3.8 yt 
37 75.5 16.0 3.6 4.9 vty’ vty’ 3.5588 
40 76.2 3.2 y+’ 3.5598 
16 75.4 13.5 9.8 1.3 yy 
7, 75.6 12.3 9.6 2.5 
18 74.9 10.0 3.8 
19 75.4 9.8 9.8 5.0 v+y’ 
20 75.6 8.8 8.5 
21 75.2 8.2 8.5 8.1 pitaae 
22 75.2 7.4 9.6 7.8 y+y’ 
26 74.6 8.0 7.4 10.0 
42 74.3 6.5 16.6 2.6 y+y’ y+y 3.5574 
27 74.3 5.0 9.9 10.8 
31 74.2 2.6 12.9 10.3 
32 75.1 12.3 10.1 yty’ 
43 1.4 12:3 yty’ 3.5734 
28 73.8 4.8 yt+y'+n 
39 75.5 16.4 6.9 +n +n 3.5603 
41 75.1 10.1 5.0 9.8 +n yty'tn 
29 76.2 4.9 13:7 y+y'+n yt+y'+n 
33 75.8 2:5 7.3 14.4 vty’ +n yty'+n 
34 76.9 2.6 4.5 16.0 yt+y'+n vyty'+n 
44 75.9 1.4 8.1 14.6 y+n yty +n 
30 74.7 15.4 7.4 3.5666 
25 75:3 2.6 19.6 25 3.5566 
36 75.8 17.3 12 v+n 3.5593 
46 62.5 5 20 12.5 y' + Bit Bs "+ Bit Bs 
47 62.5 12.5 12-5) 12.5 
45 64 28 + 4 y+n 


* Nickel by difference. 


plane of section as well as across it. To allow for 
this effect, the positions of the isoparametric sur- 
faces have been derived by making small corrections 
to the lattice parameters given in Table II. It was 
singularly fortunate that all the alloys in the y+y’ 
two-phase field gave diffraction patterns which were 
distinctly two-phase, in contradistinction to the 
pseudo single-phase patterns obtained from certain 
alloys in the y+y’ field of the Ni-Cr-Al system 
shown in Fig. 5.° A careful study of the diffraction 
patterns of the two-phase quaternary alloys showed 
that the tie-lines lie very close to the plane of sec- 
tion. Referring again to Fig. 7, tie-lines nearest the 
Ni,Cr-Ni,Al edge are tilted out of the plane by only 
a few degrees, with their y’ extremities above the 
plane of the section. The extent of the tilt may be 
judged by reference to the initial tie-line directions 
across the line joining Ni,Cr to Ni,Al in the Ni-Cr-Al 
system shown in Fig. 5. As the tie-lines move away 
from the Ni,Cr-Ni,Al edge, they come to le almost 
exactly in the plane. This is why the boundary be- 
tween the y+ and fields is almost a straight 
line for both the 750° and 1000°C isothermals. 

The positions of the boundaries of the y and y’ 
phase fields at 1000° and 750°C are probably correct 
to +% atomic pct. The X-ray determinations of the 
positions of the y and y’ corners of the y+’ +n three- 
phase field for the 750°C isothermal were checked 
micrographically, and both methods were found to 
be in complete agreement. Fig. 13 corresponds to 
the alloy 75.1 atomic pct Ni-19.9 atomic pct Cr-2.4 
atomic pct Al-2.6 atomic pct Ti quenched at 750°C, 
and is a typical two-phase y+y’ micrograph. Fig. 14 


TRANSACTIONS AIME 


corresponds to 75.0 pet Ni-19.8 pet Cr-1.4 pet Al-3.8 
pet Ti quenched at 750°C. It shows the beginnings 
of a typical Widmannstatten structure characteristic 
of the formation of plates of y-Ni,Ti on the octahe- 
dral planes of the face-centered-cubic y structure. 
In addition, minute cuboids of precipitated y’ phase 
are in evidence. This three-phase alloy les just 
within the y corner of the y+’ +7 three-phase region. 

The accurate establishment of the y corner of the 
y+y'+n region and of the boundary of the y phase 
field is of fundamental importance in the interpreta- 
tion of the nature of the precipitation products which 
form during the aging of alloys of the Nimonic type. 
The composition of a typical alloy is closely approx- 
imated by the small black circle lying near the Ni,Cr 
corner of the section shown in Figs. 7 and 8. At 
1000°C, this particular composition lies well within 
the y single-phase field, while at 750°C it lies within 
the y+y’ two-phase field. Precipitation of y’ from 
y solid solution probably commences in the region 
of 850°C, depending on the precise composition of 
the alloy. Because of the tie-line directions now 
established by the X-ray data, the compositions of 
the conjugate phases may be ascertained with a high 
degree of accuracy from the equilibrium diagram. 
It will be noted that there is normally no precipita- 
tion of the brittle y-Ni,Ti phase during aging treat- 
ment. 
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Variations in Radiation Damage to Metals 


A group of metals including copper, nickel, titanium, zirconium, iron, molyb- 
denum, and type 347 stainless steel were irradiated at approximately equal exposure 
conditions in the Materials Testing Reactor. Measurements were made of some 
mechanical and physical properties to determine the extent of radiation damage to 
each metal. Some aspects of the theory of radiation damage to metals by neutrons 
were considered, and calculations were made of the concentrations of several kinds 
of defects produced, neglecting annealing effects. The differences among the metals 
in the calculated concentrations of defects were small, and could not be correlated 
with the observed differences in radiation damage. On the basis of empirical con- 
siderations, two factors which appear to exert strong influences on the magnitude 
of the changes in properties due to irradiation are the crystal structure and the 
pre-irradiation value of the physical or mechanical property prior to irradiation. 


by C. A. Bruch, W. E. McHugh, and R. W. Hockenbury 


XPERIMENTAL results of the last decade have 
shown that both accelerator particles and re- 
actor radiations produce significant changes in the 
properties of metals. These changes, called radia- 
tion damage, are important from both academic and 
engineering viewpoints. An understanding of the 
radiation damage produced by reactor radiations is 
difficult, because many kinds of particles having 
varying energies are present. Therefore, many fun- 
damental studies are being conducted using accel- 
erators in order to obtain nearly mono-energetic 
beams of various charged particles. Furthermore, 
many of these experiments are conducted at low 
temperatures in order to freeze in the radiation- 
produced lattice defects, after which the specimens 
are annealed to study the movement of the defects. 
It is found that although much of the low tempera- 
ture radiation damage disappears by annealing at 
room temperature, a significant amount remains. 
Because there is no assurance that irradiation fol- 
lowed by annealing at a higher temperature will 
produce the same effect as irradiation at the higher 
temperature, and because there is an immediate 
interest in reactor radiation effects during expo- 
sures at and above room temperature, a major pro- 
gram is in progress at this laboratory to investigate 
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some of these effects. This paper, representing a part 
of the program, compares the radiation damage 
to a group of metals which were exposed under 
nearly identical irradiation conditions. The metals, 
representing the three major crystal systems, include 
copper, nickel, titanium, zirconium, iron, molyb- 
denum, and type 347 stainless steel. 

The effects of reactor radiations have been treated 
from a theoretical viewpoint by Seitz’ and Ozeroff.* 
The problem considered by them has been the atomic 
displacements produced in an infinite medium by 
mono-energetic beams of both neutrons and charged 
particles. For reactor experiments, this treatment is 
not wide enough. in scope, because specimens and 
reactor components are finite, and there are con- 
tinuous energy spectra of the various particles. 
Therefore, the theoretical considerations will be ex- 
tended in this paper to cover reactor conditions and 
the findings will be compared with the observed 
radiation damage. 

Experimental 

Materials—The six basic metals for this investi- 
gation were of commercial or higher purity, and the 
type 347 stainless steel was of commercial quality. 
These materials were supplied in various forms 
ranging from ingots to finished rods, and were fab- 
ricated to rods approximately % in. in diam and 
annealed for specimen stock. A summary of data 
pertinent to these materials is shown in Table I. The 
values for chemical compositions include both actual 
analytical values and typical values supplied by the 
manufacturer. More information concerning typical 


TRANSACTIONS AIME 


compositions of most of these metals has been given 
by Seybolt and Burke.* 


Specimen Preparation and Irradiation—Button- 
head tensile specimens of each material were pre- 
pared, according to specifications illustrated else- 
where.’ The essential features are a 1 in. tapered 
gage section, approximately 0.182 in. in diam. Split 
sections of 2S aluminum which conformed to the 
tensile specimens were also made and used to mini- 
mize the temperature rise in the specimens due to 
heat generated by pile y rays. 

Temperature monitors were prepared from each 
metal for the purpose of measuring the maximum 
temperature attained in pile. These consisted of 
cylinders in which four longitudinal holes were 
drilled. Tight-fitting, right cylinders of metals and 
alloys which had various known melting points 
were placed into these holes. Upon melting, surface 
tension causes the ends to round. This can easily be 
detected by inspection. A press-fit cap was placed 
over the assembly to prevent the escape of any of 
the metals upon melting. 

Twelve tensile specimens and two temperature 
monitors of each metal were inserted into two 2S 
aluminum tubings, which were then welded shut. 
Groups of four or five tubings containing specimens 
of two metals were assembled into single units. 
These were finally irradiated in the water-cooled, 
active lattice position, L-41, of the Materials Testing 
Reactor’ for approximately three weeks. 


Testing Procedures—Rockwell hardness tests were 
made on the flat ends of the tensile specimens be- 
fore and after irradiation. The machine used was a 
standard motorized Rockwell hardness tester, which 
had been modified slightly to permit remote opera- 
tion. At least three tests were made of each speci- 
men. 

Electrical resistance measurements at 35°C were 
made by a standard potentiometric method’ to an 
accuracy of +0.1 pct, using a 1 in. length of the gage 
section of the tensile specimen. Because the test 
equipment was not completed prior to irradiation, 
the specimens were tested after irradiation only. 
Pre-irradiation values of the electrical resistance 
were estimated for each metal by averaging the un- 
irradiated values of similar specimens and correct- 
ing for differences in diameter. The estimated values 
are considered accurate to £0.5 pct. 

Tensile tests were conducted using equipment 
and procedures completely described elsewhere.’ 
Briefly, the tensile machine was screw loaded and 
had three ranges, 1,000, 4,000, and 10,000 lb. Two 
extensometers were used consecutively. The first, 
an averaging model, was used for high magnifica- 
tion of the initial plastic extension, from 0.005 to 
0.010 in. The second, a non-averaging model, was 
used for low magnification of the remainder of the 
tensile test elongation. A typical composite load- 
elongation graph, as replotted from the original 
graph, is shown for specimen S-100 in Fig. 1. The 
0.2 pet yield point is located in the region measured 
with the high magnification gage and at the low 
strain rate of 0.005 in. per min. It can be seen in 
Fig. 1 that the portion of the curve measured with 
the second gage at the higher strain rate of 0.05 in. 
per min lies above an extrapolation of the other 
curve, showing the relatively pronounced effect of 
strain rate on this material. 

~The minimum diameter of each tensile specimen 
after fracture was measured, using an optical com- 
parator adapted for remote operation. 
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Specimen Materials 


Table I. 


Annealed Specimen 
Material 


a HHH 
| 
& | ll iil | 
VVVV 
pe) 
cal = |g 
S ooooo 
V VVVV 
isis 
VVVV 
# 
| isle 
ooo nod 
~ VVV VVVV 
2/% | 8888] | 
VVVV 
Sooo 
VVVV 
a 
HIS 
| S888 x 
oooo o 
VVVV 
ire) 
© 
VVVV 3 
n 
> 
| 
VVVV 
8 
| 
VVV 
wt | mote 
38 
Su Bo 
on 
a 
Wie 2a 
aS FOS 
dx Mn + Sy thas 
na 
HOE VSG 
a ages He 
nan 


OCTOBER 1956, JOURNAL OF METALS—1363 


5600 
0.2% YIELD POINT 
4000+ 
FRACTURE 
® 3200+ 
oO 
LOW MAGNIFICATION STRAIN GAGE 
5) 0.05 IN. / MIN. Fig. 1—Typical load-elonga 
ro) tion curve. 
2400- 
3 GH MAGNIFICATION STRAIN GAGE 
HIGH MAGNIFI 
1600 0.005 IN./ MIN. 
g 
800 
3 | 
| | 
Ol 02 03 04 05 06 07 .08 09 10 
ELONGATION IN 3/4 INCH GAGE, INCHES 
Results As shown in Table II, the thermal nvt for each 


Neutron Exposure Data—It would be extremely 
advantageous to know the neutron energy spectrum 
for each specimen position in these experiments 
since, as will be discussed later, both the quantity 
and the energy of the neutrons are thought to be 
important factors in radiation damage. However, 
these data are extremely difficult, if at all possible, 
to obtain. In some few cases where these spectra 
have been measured,’ the results apply to the posi- 
tions of measurement and then only for particular 
reactor loadings. Different reactor loadings, the age 
of the fuel, and the positions of control rods modify 
the spectrum. Most calculations or measurements 
concern thermal] neutron fluxes only, and the inte- 
grated neutron exposures usually stated by experi- 
menters in this field are based on these. Sometimes 
fast fluxes are given as neutrons with energy greater 
than 0.1 or 1 mev, and these are obtained by multi- 
plying the thermal neutron flux by a factor which 
may or may not be applicable. 

Estimated thermal neutron fluxes were available® 
for the present experiments. However, these did not 
agree with the experimental results, as will be illus- 
trated with the aid of Fig. 2. In this figure the ob- 
served changes in various properties of the copper 
specimens are plotted as a function of specimen 
position in the reactor. The graphs indicate that the 
maximum irradiation effect occurred at a position 
approximately 8 in. below the reactor center line. 
The available thermal neutron flux measurements, 
upon which fluxes can be estimated for these experi- 
ments, show that the distribution is approximately 
cosine about the reactor horizontal centerline and 
that the peak flux occurs at a considerable distance 
from the observed maximum irradiation effect. 
Hence, there is either an error in the assumed posi- 
tion of the specimens or in the peak position of the 
flux. An analysis of the data based on estimated 
thermal or fast neutron fluxes would be very mis- 
leading in this case. 

In view of the uncertainties involved in specify- 
ing neutron fluxes, it has been decided for this 
analysis to shift the position of the peak of the 
available thermal neutron spectrum to the experi- 
mentally observed peak in radiation effects. From 
this it is then possible to estimate the range of 
integrated neutron fluxes, nut, to which each metal 
was exposed. For exposure data, see Table II. 
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metal varied by a factor of three. The exposure 
temperatures were estimated from examination of 
the temperature monitors and a knowledge of the 
coolant water temperature. 

Measured Property Changes—All of the test re- 
sults for both irradiated and unirradiated specimens 
have been summarized in Table III. Also included 
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Fig. 2—Effect of specimen position in the reactor on the 
changes in properties. 
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for each specimen is the estimated position of the 
center of each specimen with respect to the hori- 
zontal reactor centerline. The general effects of 
neutron radiation have been to increase the elec- 
trical resistance and strength of the metals, and to 
reduce the ductility. All of the metals except tita- 
nium and cold-worked 347 stainless steel developed 


Table II. Irradiation Exposure Data 


Estimated Thermal 


Exposure nut x 10-20 Exposure 
Time, Tempera- 
Metal Sec x 10-6 Min Max ture, °C 
Zr, Mo 1.91 1.9 5.9 90 
Cu, Ni 2.06 2.1 6.4 90 
Ti, annealed 
347 stainless steel 2.13 2.2 6.6 90 
Fe, cold-worked 
347 stainless steel 223 a 6.9 90 


a drop-in-load type of yield point due to the radia- 
tion. Molybdenum and some of the iron specimens 


had a drop-in-load type of yield point prior to 


irradiation. 

Theoretical Considerations—In nuclear reactors, 
the particles considered to be most damaging to 
metals are neutrons and fission fragments. The fis- 
sion fragments are not a factor in the present experi- 
ments and will not be considered here. The two 
major neutron effects are atom displacements as a 
result of elastic collisions, and transmutations as a 
result of neutron capture. Discussion follows. 

Atom Displacements: Because the neutron has no 
charge, it readily penetrates the electron cloud of 
the atom. In a resulting elastic collision, energy is 
transferred from the neutron to the struck or pri- 
mary atom. If the primary atom possesses a large 
amount of energy relative to a displacement thres- 
hold energy, it will move through the lattice and 
dissipate this energy first in ionization collisions, 
then in elastic displacement collisions with other 
atoms and, finally, in nondisplacement collisions 
‘which produce lattice vibrations. The secondary 
struck atoms have an energy lower than that re- 
quired for ionization, and these dissipate energy in 
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additional elastic displacement collisions and lattice 
vibrations. The result of this process is a damaged 
lattice containing atoms displaced to interstitial 
positions and lattice vacancies. These are produced 
as interstitial-vacancy or I-V pairs, but are not 
necessarily closely coupled. 

The interstitials and vacancies are mobile at tem- 
peratures above that of liquid helium and migrate 
to lower energy configurations.’ Conceivably they 
annihilate each other and/or agglomerate, but the 
process is not understood. In addition, many of 
these I-V pairs undoubtedly recombine shortly after 
they are formed by the mechanism of displacement 
spikes described by Brinkman.” Therefore, it is not 
possible to calculate the number of I-V pairs re- 
maining in a metal after a given irradiation. How- 
ever, by selection of suitable models, it is possible 
to calculate the rate of formation as well as the total 
number of I-V pairs produced in a metal which is 
exposed to a known spectrum of neutrons. 

Calculations have been made previously,” * but 
do not cover the present experimental conditions. 
Hence, the calculations have been extended to cover 
reactor conditions. These are presented in the Ap- 
pendix. It suffices to state here that two models 
were selected for atom displacements. In one, the 
frictionless model, it is assumed that all successive 
collisions between atoms produce displacements. In 
the second, the friction model, it is assumed that 
half of the energy of each moving atom is dissipated 
in nondisplacement collisions before successful dis- 
placement collisions occur. It is thought that the 
results obtained by the use of these two models 
represent the two extremes of the situation. The 
results of the calculations will be discussed in a 
subsequent section. 

Transmutations: In collisions in which the neutron 
is captured, the nucleus is unstable and decays to 
a ground state by emission of particles such as 
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Fig. 4—Changes in yield strength as a function of pre-irra- 
diation yield strength. Exposure was between 22 and 26 
days in L-41 of the Materials Testing Reactor. Open circle 
represents copper; closed circle, nickel; open triangle, zir- 
conium; closed triangle, titanium; open square, molybdenum; 
closed square, iron; open diamond, 347SS, 58 pct reduction 
in area; and closed diamond, 347SS, annealed. 
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Table III. Summary of Test Results 
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protons, a particles, neutrons, and/or y rays. As a 
result of such nuclear reactions, the original atoms 
become either isotopes or foreign atoms. Because 
of the relatively large amount of energy involved 
in the emission of the various particles by the un- 
stable nucleus, there is sufficient recoil energy to 
displace the atom from its lattice position. There- 
fore, these nuclear reactions are an additional source 
of I-V production. 

Calculations of both the foreign atom and the I-V 
pair production by neutron capture reactions are 
presented in the Appendix. It was found that the 
contribution of I-V pairs by this mechanism was 
negligible as compared to the elastic-collision mecha- 
nism. The results pertaining to transmutations will 
be discussed in the next section. 

Comparison of Theory with Experiment—For com- 
parative purposes here, the initial rates of forma- 
tion of both I-V pairs and foreign atoms, which are 
given in the Appendix, have been multiplied by the 
total exposure time to obtain the total number of 
defects formed. The values shown in Table IV, ex- 
pressed as concentration of I-V pairs, also equal the 
atomic percentages of displaced atoms. Because an- 
nealing effects have been neglected, the calculated 
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values do not represent the number of permanent 
I-V pairs. Also shown in Table IV are the corres- 
ponding observed maximum changes in electrical 
resistivity and yield strength which were obtained 
from graphs of property change vs position similar 
to those shown in Fig. 2. These two properties were 
selected for comparison because they are probably 
the best measures made in this experiment of the 
defects present after irradiation. 


As would be expected, the results in Table IV 
show that the total concentration of I-V pairs formed 
is considerably greater in the frictionless model 
than in the friction model. On the basis of the fric- 
tionless model, each atom was displaced more than 
twice. Hence, back diffusion is obviously a signifi- 
cant effect if this model is correct. 


The most surprising result is that for each model 
there is little difference in the concentration of I-V 
pairs among the various metals. Since, as shown in 
Table IV, the property changes were not equal in 
the metals studied here, it must be concluded that 
other factors are more important, such as the an- 
nealing of the defects or variations among metals 
in the property change produced by a given defect. 
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Table Ill. Summary of Test Results (Continued) 


Diet Increase 

ar. istance in Elec- Reduc- 

ppecones Origi- from Reactor _ Increase trical Yield Strength, 1000 Psi Tensile Elonga- tion in 
. g nal Centerline, in Hardness, Resist- Strength, tion, Area, 

ion Ingot In. 500 Kg Bhn ivity, Pct Upper Lower 0.2 Pct 1000 Psi Pet Pct 
High Purity Iron 
I-26 3 Unirradiated — — . 19.0 17.9 — 35.3 53.3 70.9 
I-50 1A Unirradiated — — _— — 13.4 34.6 60.0 94.0 
I-1 3 +3.7 36.9 7.6 — = 
I-67 1A +3.3 48.3 7.9 47.2 44.0 — 49.0 34.4 90.6 
I-72 1 0 47.5 1.9 
I-30 3 —3.0 40.3 9.0 42.3 39.4 — 39.4 -—— — 
I-76 1A —3.7 49.1 — — 
I-79 1A —7.0 42.3 — == 
I-39 2 —7.7 39.7 9.1 — — 
I-59 —11.0 40.7 8.4 — — 
I-83 1A —13.7 42.1 5.9 — 
I-65 2 —14.3 37.6 6.5 39. 36. — 40.6 —_— _— 
Molybdenum—Commercial Purity 
M-12 Unirradiated 102.5 — 100.8 45.7 72.4 
M-49 Unirradiated 93.8 — — 98.8 41.7 65.0 
M-82 1 +3.6 11.9 — — — a 109.7 0 0 
M-1 1 +2.8 13.6 17.0 — 
M-64 1 +0.2 28.5 — — — — 
M-41 1 —6.8 29.1 23.8 — 
M-43 1 —7.5 31.5 Hoy f 0 0.08 
M-52 it —10.9 22.5 22°53 — 
Annealed 347 Stainless Steel 
S-2 1 — Unirradiated — — — 47.0 95.4 54.1 717.3 
S-11 Unirradiated 47.7 98.0 54.0 76.7 
S-24 Unirradiated — 51.6 99.8 52.1 717.3 
S-37 1 +6.4 42.3 4.2 101.8 98.8 — 113.5 34.7 74.6 
$-23 1 +6.3 49.0 iL 5) — —= — — 
S-9 1 +3.1 44.0 — — 
S-40 1 —0.2 43.0 1.8 104.0 101.0 — 113.0 33.9 73.4 
S-36 i —0.3 51.6 1.5 — — = —= c= = 
S-39 1 —3.8 44.9 1.8 — 
S-41 1 —4.8 35.4 1.9 — — == 
S-42 1 —T7T.1 38.1 1.6 102.5 99.5 — 112.8 34.2 73.3 
S-43 1 —8.1 39.4 1.9 — —_— = = — = 
S-47 —10.4 45.2 1.5 = = 
347 Stainless Steel—58 Pct Cold Reduced in Area 

S-114 3 ae Unirradiated — — — 155.0 169.0 15.0 59.8 
S-117 3 — Unirradiated —_ — — 150.0 164.0 17.2 60.3 
S-199 Unirradiated — — 144.0 161.0 20.3 61.8 
S-100 3 +3.3 28.3 2.3 — — 194.0 199.5 10.8 55:2 
S-106 3 + 2.6 28.3 — == — 
S-101 3 0 40.1 1.2 = = 
S-107 3 —0.7 1.8 — = = 
S-102 3 —3.4 27.6 0.7 — — _— — — = 
S-108 3 —4.0 17.9 0.8 — — 191.0 198.0 11.0 55.3 
S-103 3 —7.5 31.2 = == => = 
S-109 3 —7.5 26.0 1.9 = — 
S-104 3 —11.0 34.6 — == = 
S-110 3 —11.0 28.2 — = = = 
S-105 3 —14.3 22.6 — => == = 
S-111 —14.3 28.3 — 177.8 182.0 57.4 


The calculated concentrations of foreign atoms, 
shown in Table IV, are so low for all metals that 
this effect can be considered a negligible factor, 
except for copper. This possibility will be discussed 
in the next section. 


From these observations, it is concluded that 
there is no direct correlation between the observed 
property changes and the calculated concentration 
of either I-V pairs or foreign atoms. 


Empirical Relationships—Melting Temperature: 
McReynolds et al.” have subjected samples of cop- 
per and 2S aluminum to neutron irradiation at 
liquid nitrogen temperatures. Subsequent anneal- 
ing studies showed that the radiation-produced in- 
creases in electrical resistivity and yield stress an- 
nealed out completely at about —60°C for aluminum, 
and at about 325°C for copper. Sherby et al.” have 
shown that the activation energy for creep in metals 
is directly related to both the activation energy for 
self-diffusion and the melting temperature. These 
results suggest that the magnitude of radiation 
damage to metals for a constant irradiation tem- 
perature may be greater in metals with higher 
melting temperatures. 
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Fig. 3 shows graphs of the observed maximum 
changes in properties from Table IV vs the melting 
temperatures of the metals. There are no consistent 
relationships apparent between the melting tem- 
perature and the increase in either electrical resis- 
tivity or yield strength. However, there are trends 
for the percentage changes in these properties. It 
appears that, for all of the metals, the percentage of 
increase in yield strength is inversely related to the 
melting temperature, and the percentage of increase 
in electrical resistivity is directly related to the 
melting temperature. In the former relationship, 
the points for nickel and titanium seem out of line 
if the suggested relationship is real. The reasons for 
these possible deviations are not known. In the 
graph showing melting temperature vs the percent- 
age of increase in electrical resistivity, the point for 
copper is higher than normal if the suggested rela- 
tionship is real. Since the calculated value for the 
concentration of foreign atoms in copper was con- 
siderably higher than for the other metals, it is pos- 
sible that these defects have caused the relatively 
large increase in electrical resistivity. To investigate 
this possibility, an irradiated copper specimen was 
annealed at 350°C. Measurements of yield strength 


OCTOBER 1956, JOURNAL OF METALS—1367 


| 
+120 B.C.C. & H.C.P. 
\ 
\ 
x a 
MS SSS 
O 
| B.C. & H.C.P. 
i 1 
09° 10 20 30 40 50 60 70 
po cm 


Fig. 5—Changes in electrical resistivity as a function of the 
pre-irradiation value. Exposure was between 22 and 26 days 
in L-41 of the Materials Testing Reactor. Open circle repre- 
sents copper; closed circle, nickel; open triangle, zirconium; 
closed triangle, titanium; open square, molybdenum; closed 
square, iron; open diamond, 347SS, 58 pct reduction in 
area; and closed diamond, 347SS, annealed. 


and electrical resistivity made during the course of 
annealing showed that these properties decreased 
simultaneously. After an annealing time of 200 hr, 
approximately 85 pct of the total changes in both 
properties had been annealed out. As a result, the 
maximum percentage of increase in electrical resis- 
tivity that can be assigned to foreign atoms pro- 
duced in copper in this experiment is of the order 
of 1.75 pet. The remaining 7.45 pct increase must 
be assigned to displaced atoms. 

In order to explain the radiation strengthening 
of metals and the relatively high activation energy 
(self-diffusion) to anneal out this strengthening 
effect, Kunz and Holden” have proposed a model 
for radiation damage. This consists of the agglom- 
eration of the dispersed interstitial atoms to cause 
hardening similar to precipitation hardening. They 
suggest that this model might be tested by com- 
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rials Testing Reactor. Open circle represents copper; closed 
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nium; open square, molybdenum; closed square, iron; open 
diamond, 347SS, 58 pct reduction in area; and closed dia- 
mond, 347SS, annealed. 


paring the property changes produced by a low 
temperature irradiation with those after annealing 
the irradiated metal at higher temperatures. In the 
low temperature irradiated material there would 
be a relatively large increase in electrical resistivity 
and a small increase in strength because of the dis- 
persion of frozen-in I-V pairs. Upon annealing, a 
decrease might be observed in electrical resistivity 
and an increase in strength due to agglomeration of 
the interstitial atoms. The results of McReynolds 
et al. cited previously indicate that either: a) the 
interstitials formed in aluminum and copper agglom- 
erate even at liquid nitrogen temperature, b) the 
interstitials do not agglomerate, or c) the agglom- 
erates are no more effective in strengthening a metal 
than are the dispersed I-V pairs. 

The results shown in Fig. 3 can be used as a basis 
for an additional test of the existence of agglomerate 


Table IV. Comparison Between Some Theoretical Neutron Effects and Some Observed Property Changes Due 
to Irradiation in a Lattice Position of the Materials Testing Reactor 


Theoretical Calculations* 


Experimental 
Concentration of I-V Pairs, 
Atomic Pett Increase in : 
: Foreign Electrical Resistivity Increase in 
Friction- Atom Con- Yield Strength 
less Friction centration, Microhm- 
Metal Model Model Atomic Pct m Pet 1000 Psi Pet 
Cu 216 5.4 0.234 0.17 9.2 42.6 
Ni 237 6.1 0.005 0.24 | 46.6 
ATi 241 6.1 0.002 4.3 7.8 45.4 74 
Zr 224 6.8 0.002 2.9 6.4 23.7 188 
Fe 254 5.6 0.004 1.0 9.0 30.6 228 
Mo 212 6.6 0.004 1.4 23.8 58.5 63 


* Using assumed peak neutron flux spectrum for this reactor position. 


+ Neglecting all annealing effects. 
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formations, if the melting temperature is a measure 
of the relative mobility of interstitial atoms and 
lattice vacancies at some lower temperature. In the 
metals with high melting temperatures the amount 
of agglomerate formation would be relatively low, 
and with annealing these metals should harden. To 
test this possibility an irradiated zirconium speci- 
men was pulse annealed for 2 hr at each of the fol- 
lowing temperatures: 250°, 300°, 365°, 425°, and 
450°C. No change in hardness was observed after 
the 250°C anneal. With each anneal thereafter, the 
hardness decreased continuously. 

The results are inconclusive with respect to ag- 
glomerates, and the influence of the melting tem- 
perature of the metal on radiation damage is not 
clear. 

Original Property Value: {[t has been observed 
that the radiation damage to a given metal is greater 
when the metal is initially in a fully annealed con- 
dition than when it is initially in a hardened condi- 
tion. This effect has been noted here for type 347 
stainless steel, Table III. To study the possible ap- 
plication of this observation to metals in general, 
graphs of the original yield strength vs both the 
change and the percentage of change in yield strength 
have been made and are shown in Fig. 4. The fol- 
lowing observations can be made concerning these 
graphs: 

1) The increase in yield strength for face- 
centered-cubic metals (copper, nickel, 347 stainless 
steel) is approximately constant. 

2) The increase in yield strength for both body- 
centered-cubic and hexagonal metals (iron, molyb- 
denum, titanium, zirconium) varies directly with 
the original yield strength. 

3) The percentage of increase in yield strength 
for all metals is inversely related to the original 
yield strength, and the relationship is approximately 
hyperbolic. 

4) For values of original yield strength less than 
about 50,000 psi, the percentage increase in yield 
strength is greatest for the face-centered-cubic 
metals. 

Fig. 5 shows similar graphs for electrical resis- 
tivity changes, and the following observations can 
be made from these graphs: 

1) There is no general relationship which in- 
cludes all of the metals studied. 

2) For face-centered-cubic metals the increase 
in electrical resistivity is linearly related to and the 
percentage of increase inversely related to the orig- 
inal resistivity. 
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Fig. 7—E, and G ys E for beryllium, carbon, and iron, after 
Clark and Hurwitz. 


3) For body-centered-cubic and hexagonal- 
close-packed metals the relationships are approxi- 
mately parallel to and larger in magnitude than 
those for the face-centered-cubic metals. 

In comparing the results shown in Figs. 4 and 5, 
it can be seen that the changes in electrical resis- 
tivity are greater for body-centered-cubic and 
hexagonal-close-packed metals than for the face- 
centered-cubiec metals. In contrast, the changes in 
yield strength are generally greatest for the face- 
centered-cubic metals. Furthermore, for each of 
these two groups of metals, the changes are greatest 
for metals with the lowest original property value. 

A further examination of the influence of the 
original property value on the radiation damage is 
shown in Fig. 6. The four graphs presented here 
show pre-irradiation values vs_ post-irradiation 
values for the following properties: yield strength, 
tensile strength, percentage of elongation, and elec- 
trical resistivity. The line drawn in each graph 
represents no change and is useful for comparative 
purposes. From these graphs an upper limit can be 
set on the changes in properties resulting from 
these neutron radiation exposures. The potential 
usefulness of these curves is that all of the metals 
fall into a narrow band on each graph, with the 
exception of molybdenum. This metal showed 0 pct 


Table V. Computed Rates of Increase in Concentration of Lattice Defects Produced by Neutron Scattering 
in Position L-47 of the Materials Testing Reactor* 


I-V Pairs by Elastic Scattering, 
Atomic Pct per Sec x 10° 


Neutron Capture Reactions 


Foreign Atomst 


I-V Pairs by + Recoil, 


Friction- Atomic Atomic 
Friction less Pct per Pet per 
Metal Model Model Kind Sec x 106 Sec x 106 
Cu 2.61 105 Ni, Zn, Co 0.114 0.113 
Ni 2.94 105 Co, Cu, Fe, Mn 0.0023 0.108 
Abs 2.86 113 V, Ca, Se 0.0007 0.162 
Zr 3.58 ula lyé Cb, Mo, Sr, Y 0.0010 0.007 
Fe 2.51 114 Mn, Co, Cr, V 0.0016 0.065 
Mo 3.44 Lit Ruy Le 0.0020 0.067 


* Using assumed peak neutron flux spectrum for this reactor position. 


at lculations were based on the following: a) reactions neglected in which the product is an isotope of the parent metal, which 
recites stable or has a half life greater than six months; b) for products of half life less than six months, it was assumed that the 


radioactive decay was complete by the time of testing. 
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elongation in the tension test after irradiation, due 
to a shift in the ductile-to-brittle transition tem- 
perature which has been described previously.* The 
deviation for molybdenum is significant in that 
similar effects of irradiation can be expected in 
metals which have ductile-to-brittle transitions. 

The results of this analysis indicate that two of 
the most influential factors governing the extent of 
radiation damage may be the crystal system of the 
metal, and the property values of the metal prior to 
irradiation. 

Summary 

Six metals and one alloy have been irradiated 
under approximately identical conditions to learn 
the magnitudes of the changes in various properties. 
The general effects of the irradiation on these metals 
have been to increase the strength and the electrical 
resistivity and to decrease the ductility. 

The theory of radiation damage to metals in its 
present state is incomplete, and there is a lack of 
knowledge concerning many important factors, in- 
cluding: a) the kind of defects produced by irradia- 
tion, b) the annealing characteristics of the defects, 
and c) the effects of various kinds of defects on the 
physical and mechanical properties of metals. There- 
fore, it is not possible to predict, theoretically, the 
damage which will be produced in a given metal 
when exposed at room temperature to reactor radia- 
tions. It is possible, however, to evaluate the theory 
in part. Therefore, the concentrations of several 
kinds of irradiation-produced defects, namely, I-V 
pairs and foreign atoms, have been calculated for 
the six metals studied experimentally, neglecting 
annealing effects. The results of these calculations 
indicate that the I-V pairs are the predominating 
defects produced. A comparison of the experi- 
mentally observed damage with the calculated de- 
fect concentrations shows that there is no correla- 
tion. 

Probably the most important theoretical consid- 
eration which could not be evaluated in the calcu- 
lations is the diffusion of the defects to lower energy 
states. To a rough approximation the diffusion rate 
of these defects can be expected to be inversely 
related to the melting temperature of a metal. A 
comparison of the observed damage with the melt- 
ing temperatures revealed some trends, but these 
could not be conclusively interpreted as diffusion 
effects. 

On an empirical basis, several consistent trends 
were found in the observed damage which indicate 
that two factors which strongly influence the mag- 
nitude of the property changes due to irradiation 
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are the crystal structure of the metal and the pre- 
irradiation value of the metal property being studied. 
It is recognized that these observations cannot be 
considered conclusive in view of the relatively 
limited data and the large number of factors to be 
considered. However, these trends may prove to be 
a useful guide for future experimental work. 


Appendix 


Atom Displacements by Elastic Collisions—An 
equation relating the rate of increase in the number 
of permanent I-V pairs is as follows 


aN * 


thermal 


o(E) nv(E) v(E) N dE—f (N*,T) 
[1] 


where N* is the number of I-V pairs per cu cm (not 
necessarily close pairs); t equals time; o(E) is the 
neutron scattering section as a function of neutron 
energy, E; nv(E), the neutron flux, as a function of 
neutron energy, E; v(E), the number of progeny per 
primary struck atom as a function of neutron energy, 
E; N, the number of undisplaced atoms per cu cm; 
and T, absolute temperature. 

The integral term of Eq. 1 represents the rate of 
production of both displaced atoms and I-V pairs, 
and the final term represents the rate of annealing 
of these. Now only the integral term of Eq. 1 will 
be evaluated to obtain values for the initial rate at 
which I-V pairs are formed in the various experi- 
mental metals. 

Seitz’ has shown that in treating the neutron- 
atom collisions with the classical hard-sphere model, 
the average energy received by the primary struck 
atom is 

E E 
(1+ M)? 
where E is the energy of the incident neutron, and 
E, and M are the energy and mass of the primary, 
respectively. 

Values for N are readily calculated, and values 
for ototar aS a function of neutron energy, H, have 
been measured for most of the elements.” Since 
most of the I-V pairs are formed by neutrons of 
high energy, otota: values are essentially the scatter- 
ing cross sections, and these were used. 

The function, nv(E), is not easily obtained, so for 
these calculations a neutron flux spectrum, repre- 
sentative of that in the experimental facility, was 
used. An error in the assumed magnitude of the 
spectrum would produce results for all metals that 
would be in error by equal amounts. 
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The evaluation of »(E) is more difficult since it 
is first necessary to calculate the function, G(E), 
which is the amount of the total primary energy 
dissipated by elastic displacement collisions and 
lattice vibrations. It is then necessary to calculate 
oS number of progeny per primary as a function of 
Hurwitz and Clark have developed a method for 
evaluating G(E). Since this work has not been pub- 
lished previously, it is presented here. The calcula- 
tion can be made by the following procedure: Let 
e(E’) be the energy loss to ionization per unit path 
length of a struck atom of energy E’. Let C(E’) be 
the corresponding rate of energy loss to collisions. 
Then 
E’ 
2 [3] 


is the rate of energy loss to collisions divided by 
the total rate of energy loss. The total energy loss 
to collisions while the recoil atom is being slowed 
from energy E, to zero is 


=), C(E’) + e(E’) 


dE’. [4] 


If a neutron of energy, E, collides elastically with 
an atom in the lattice, the probability that the recoil 
atom has energy E, is 


M al 
P(E,) 
4M E 
[5] 

= 0 
[6] 
or — 


The average energy dissipated in elastic collisions 
by the primary as a result of a hit by a neutron of 
energy E is therefore 


4M 


il 
= F(E,) dE,. 7 
my [7] 


M+41)° 
G(E) 


These functions were calculated by Hurwitz and 
Clark for beryllium, carbon, and iron using the fol- 
lowing equations for e(E’) and C(E’) presented by 
Seitz’ 

For low energy atoms 


For intermediate energy atoms 


1.082 Z’e Non 


= [9] 
€ 
For high energy atoms 
€ €o 


The boundaries for the ranges of Eqs. 8 through 10 
are so chosen that e(E’) is sensibly continuous. 
For all energies C(E’) is given by 


Qa e* N, 
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Fig. 9—Log-log graphs of v vs G/Ea for friction and friction- 
less model, with equations expressing maximum, average, 
and minimum number of displaced atoms per primary. 


where Z is the atomic number of moving atoms; e, 
the charge of electron; a,, 5.3x10°° cm; N,, the num- 
ber of electrons per unit volume; n, 2 (for carbon, 
beryllium, and iron); «, the energy of electron hav- 
ing same velocity as the moving atom; «, 14.3 ev for 
beryllium, 10 ev for carbon and iron; M, the mass 
of moving atom; E’, the energy of moving atom in 
ev; and E*, 0.005 ev for beryllium and carbon, and 
0.003 ev for iron. 

The values for G(E) calculated by Hurwitz and 
Clark for beryllium, carbon, and iron, together with 
the corresponding values for E, (E) as calculated 
from Eq. 1 are shown in Fig. 7. For beryllium 
all of the primary energy is lost in displacement 
collisions up to incident neutron energies of 
approximately 2x10* ev, above which the energy 
lost in ionization collisions increases. The same is 
true for carbon, except that the threshold energy 
for ionization is about 9x10* ev. For iron all the 
primary energy is lost in displacement collisions in 
the range of incident neutron energies of concern. 
On the basis of these results, a simplification can be 
made in the calculations by assuming that G(E) 
equals E, (EZ) for atoms of mass greater than 55 and 
for neutron energies less than 10‘ ev. This assump- 
tion was applied in the calculations and extended to 
include titanium of mass 47.9. Errors due to these 
assumptions are considered insignificant. 

The problem remaining, before the integral of 
Eq. 2 can be evaluated, is the determination of the 
number of progeny per primary as a function of G. 
For this purpose two billiard ball models were se- 
lected for the slowing down of the primary atoms 
after ionization has essentially ceased. These have 
been called friction and frictionless models and are 
illustrated in Fig. 8. In the friction model it has 
been assumed that each moving atom loses half of 
its energy by some process such as low-angle colli- 
sions before making a displacement collision in 
which the energy is shared equally between the two 
atoms. In the frictionless model, it has been as- 
sumed that no energy is lost between displacement 
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collisions, and that the energy is equally divided 
between the two colliding atoms. 

In both models, the number of displaced atoms 
per primary is related to the threshold displacement 
energy E,. In Fig. 9 are log-log graphs of v vs G/E, 
for both models, together with equations express- 
ing the maximum, average, and minimum number 
of atoms displaced per primary. The step natures of 
each graph result from the stipulation that dis- 
placements cease when the moving atoms have 
energies less than 2 E,. For purposes of the present 
calculations, the two equations for the average situ- 
ations were selected, namely: 

Friction model 


Wy 
2E, [12] 
Frictionless model 
G 
[13] 
Ev/2 


These equations are similar in form to those given 
by Seitz,” and by Neufeld and Snyder.” 

The integral of Eq. 1 was evaluated for the ex- 
perimental metals, using both collision models, a 
value of 25 ev for E,, and an assumed neutron flux 
spectrum level applicable to this reactor position. 
The results, expressed as the concentration of I-V 
pairs produced per sec, are shown in Table V to- 
gether with other data to be discussed in the next 
section. 

Transmutations: There are four kinds of neutron 
capture reactions of concern here which produce 
foreign atoms, namely, n-y, n-p, n-a, and n-2n. The 
n-y reaction occurs predominantly at low neutron 
energies, and the reaction cross sections are fairly 
well known.” The other reactions occur at rela- 
tively high neutron energies. The cross sections 
for these are not well known. For purposes of 
calculation, the known cross sections for n-y re- 
actions were used and representative cross sections 
were assumed for the other reactions, as shown in 
Table VI. 


Table VI. Assumed Cross Sections for Neutron Capture Reactions 


Reaction o, Barns* 
n-p 0.01 
N-a 0.001 
n-2n 0.05 


* Effective thermal cross section in a typical reactor neutron 
spectrum. 


The rates at which the percentage of foreign 
atoms increase in the experimental metals for each 
of the reactions were then calculated by means of 
the following equation 


F=100-W-o-nv [14] 


where F is the atomic concentration of foreign 
atoms in pct, W is the fraction of a particular iso- 
tope in the natural element, o is the cross section for 
the particular reaction, and nv is the thermal neu- 
tron flux. A value of 3.1x10" neutrons per sq cm 
sec was used for nv. The results are shown in Table 
V together with the kinds of foreign atoms pro- 
duced, 

In the n-y reaction, which is the predominating 
capture reaction, the nucleus is an excited state and 


1372—JOURNAL OF METALS, OCTOBER 1956 


decays in approximately 10° to 10°” sec to a ground 
state by emission of one or more y rays, having en- 
ergies varying from at least 0.2 to 8 mev. It can 
be shown that the recoil energy of the nucleus by 
y emission is 


E,= E,— [15] 


where E, is the recoil energy of the atom, E, is the 
energy of the emitted y ray, m is the mass of the 
electron, and M is the mass of the recoil atom. For 
emitted y ray energies of 1, 2, 3, and 4 mev, the 
largest corresponding atomic masses which will re- 
ceive a recoil energy of 25 ev are 21, 86, 195, and 
347, respectively. Very little information is avail- 
able concerning prompt y ray energies for the vari- 
ous n-y reactions. For purposes of an order-of- 
magnitude calculation of the total number of I-V 
pairs produced by capture reactions, it has been as- 
sumed that each n-y reaction produces one pair. 
The other capture reactions have been neglected 
since they are approximately several orders of mag- 
nitude lower. The results of the calculations are 
also shown in Table V. 

It is shown that the rates at which atoms are 
displaced by recoil are one to two orders of mag- 
nitude lower than those displaced by elastic scat- 
tering. Therefore, the contribution of recoil dis- 


placements to the total number of displacments can 


be considered negligible. 
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Effect of Mo, W, and V on the High Temperature 
Rupture Strength of Ferritic Steel 


A study was made of the effects of large amounts of molybdenum, tungsten, and 
vanadium and combinations of these alloying elements on the high-temperature rup- 
ture strength of a 0.18 pct C, 0.85 pct Mn, 0.48 pct Si steel which was oil quenched from 
at least 2100°F and tempered to a hardness of 250 Brinell. Both high and low testing 
temperatures were considered. The results were correlated with the effectiveness of the 
alloying elements in the form of carbides and in solid solution. The tempering be- 


havior of the alloys was also studied. 


by A. E. Powers 


EARS of experience and research have shown 
that molybdenum, tungsten, and vanadium are 
among the most useful and effective elements in 
augmenting the high-temperature strength of heat- 
treatable, ferritic steels. Griin, for example, in con- 
ducting an early survey of the strengthening effects 
of various elements in annealed, low-carbon steel 
at 750° and 930°F (400° and 500°C), found molyb- 
denum and vanadium to be the most effective.’ 
Holtmann comprehensively studied the strength- 
ening effects of molybdenum and vanadium in 
quenched and tempered steels at 930°F as a func- 
tion of microstructure and carbon content.’ He 
found creep strength to be related to the saturation 
of the austenite at the austenitizing temperature, 
such that strength is increased by alloying until 
the y loop is reached—the terminus of complete 
austenitization. Beyond this degree of alloying, the 
inability to heat treat will result in lower strength, 
at least for low and moderate creep temperatures. 
Tungsten, owing to higher cost than molybde- 
num, has been little used in ferritic high-tempera- 
ture steels. As a result, very few investigations 
have been made of its high-temperature strength- 
ening ability, and reliable data on its effectiveness 
are not available. Griin rated tungsten far less 
effective than molybdenum at 930°F (500°C) ona 
weight-percentage basis. However, Tammann has 
found that tungsten is as effective as molybdenum 
in raising the recrystallization temperature of iron.’ 
For this reason Smith, in a review of the subject, 
has advocated a re-examination of the influence of 
tungsten on the high-temperature strength of steel.’ 
In any study of the effects of alloying additions 
on high-temperature properties, recognition must 
be made of the many variables involved, some of 
which can be controlled but have been ignored in 
innumerable investigations of the past, and some 
of which are difficult or even impossible to control. 
One cannot, for example, assign a definite strength- 
ening index to any one alloying element, for this 
will be dependent upon the microstructure (heat 
treatment and mechanical treatment), testing con- 
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Fig. |—Tempered hardness of molybdenum alloys. 


ditions (temperature, time, and stress), and the 
complete composition of the steel (accompanying 
alloying elements, impurities, etc.). 

One ever-appearing variable, hardness or tensile 
strength at room temperature, may be eliminated 
by heat treating all of the alloys to a single hard- 
ness level. An attempt may be made to control the 
variable of primary quenched structure by oil or 
water quenching the test specimen. The control of 
such variables may not be possible in cases of 
widely varying compositions, but at least such de- 
viations should be recognized. 


Material and Procedure 
The alloys, made as 30-lb ingots in an induction 
furnace, all had the same base composition of about 
0.18 pet C, 0.85 pet Mn, and 0.48 pct Si. They were 
grouped as follows: 


Mo Group—Containing up to 5.2 pct Mo. 

W Group—Containing up to 6.0 pet W. 

V Group—Containing up to 3.3 pct V. 

Mo-V Group—Containing up to 2.7 pet Mo and 
up to 1.4 pct V. 

Mo-W Group—Containing up to 2.5 pet Mo and 
up to 2.5 pet W. 


The steels, listed in Table I, were forged to 34 in. 
sq bars and the material for the high-temperature, 
rupture-test specimens was further swaged to 
52-in. round bars. 
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bars were sliced into % in. thick pieces. Samples of 
each steel were austenitized for 15 min at tempera- 
tures ranging from 1700° to 2400°F (927° to 1315°C) 


Table |. Composition of Alloys, Pct 


Alloy Cc Mn Si Mo Ww Vv 


Mo Group 
1.9Mo 


ooowo 


WNNEH 


Mo+ W Group 
1.0Mo+1.0W 
1.5Mo+1.5W 
2.0Mo+2.0W 
2.5Mo+2.5W 


N 

w 

< 
S999 S999 99999 S999 S599 
9999 S999 S999 
9999 99999 S599 S999 


NNHO 


in 100°F intervals, and then oil quenched. Brinell 
hardness readings and microstructural examination 
revealed the progress of austenitization. From these 
data the austenitizing temperature yielding the 
highest quench hardness was chosen as the harden- 
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Fig. 3—Tempered hardness of vanadium alloys. 


ing temperature for the tempering survey. For most 
of the alloys this optimum hardening temperature 
was 2100°F (1150°C); for some of the plain vana- 
dium steels, temperatures as high as 2300°F 
(1260°C) were required. 

For the tempering survey, 18 pieces from each 
steel were oil quenched from the optimum harden- 
ing temperature and then individually tempered 
for 1 hr each at temperatures ranging from room 
temperature to 1400°F (760°C). 

The specimens for the high-temperature rupture 
tests were also hardened by oil quenching from the 
optimum austenitizing temperature. The tempering 
treatments were chosen from the tempering data 
to give the same hardness of about 250 Brinell to 
all of the alloys, where possible. The 3.3 pct V steel 
could not be austenitized, so its hardness was un- 
avoidably 138 Brinell. 

In the presentation of the following high-temper- 
ature rupture data for the molybdenum, tungsten, 
and vanadium alloys, smooth-bar rupture strength 
is plotted as a function of the time-temperature 
parameter, T(20+log t). This is a convenience that 
is being used to enable direct and simple compari- 
sons of the high-temperature strengths of alloys for 
survey investigations and quality control opera- 
tions.”® If it is desired, greater precision in plotting 
data and in predicting long-time properties may be 
obtained with more complex parameters.’ These, 
however, contain two or more constants, which 
must be determined individually for each steel. 


Table Il. Heat Treatment of High-Temperature Rupture Bars 


15 Min Tempering Ferrite at Brinell 

Solution Treating Solution Austenite Hardness 

Alloy Temperature, °F oF Hr Temperature, Pct Grain Size Before Test 
1.9Mo 2100 1270 1 0 4% 248 
3.4Mo 2100 1270 a 0 5% 269 
3.9Mo 2100 1286 1 0 5 Ye 248 
5.2Mo 2100 1325 1 0 6 269 
2.0W 2100 1030 1 0 4 220 
3.0W 2100 1110 dl 0 4 230 
4.0W 2100 1325 1 0 5 252 
6.0W 2100 1325 1 0 4 252 
1.0V 2100 1292 1 0 6 269 
1.7V 2200 1292 1 0 5 269 
2.3V 2200 1315 1 0 ¥ 269 
PAM AV 2300 1315 1 30 6 243 
3.3V 2200 1325 1% 80 —_— 140 
0.9Mo + 0.5V 2100 1360 12 0 3-5 262 
1.5Mo+1.0V 2100 1360 2% 0 5 245 
1.7Mo+1.3V 2100 1325 5 0 6% 245 
2.7Mo+1.4V 2100 1270 50 50 _ 250 
1.0Mo + 1.0W 2100 1310 ul 0 4 260 
1.5Mo+1.5W 2100 1350 1% 0 4 250 
2.0Mo + 2.0W 2100 1350 2% 0 4 264 
2.5Mo+2.5W 2100 1325 5 0 4 235 
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Fig. 4—Tempered hardness of Mo-V alloys. 


Tempering Behavior—An important consideration 
in the study of high-temperature steels is the re- 
sistance to tempering of such steels. The change 
in hardness upon tempering beyond maximum sec- 
ondary hardening is a reflection of the stability of 
the alloy carbides, i.e., those carbides making their 
first appearance during maximum secondary hard- 
ening. 

The tempering curves for the alloys, plotted as 
Brinell hardness vs the Hollomon and Jaffe temper- 
ing parameter, T(20+log t), are presented in Figs. 
1 through 5. 

In comparing the curves for the plain molyb- 
denum and plain tungsten steels, Figs. 1 and 2, it 
will be noticed that molybdenum produces more 
prominent secondary hardening than tungsten even 
when compared on an atomic percentage basis. 

It was noticed that the hardness of the alloys 
after tempering well beyond maximum secondary 
hardening, as well as before secondary hardening, 
seems to be dependent upon carbon content as well 
as alloy content. Fig. 6, a plot of hardness after 
tempering at 1300°F for 10 hr vs carbon content, 
confirms this trend. Another observation is that the 
multiple-alloyed steels, Mo-V and Mo-W, tend to 
have a higher tempered hardness than the single- 
alloyed steels of Mo, W, and V. The exceptions are 
the 4 and 6 pct W steels, which have higher tem- 
pered hardness values than any of the other single- 
alloyed steels and values that are comparable to the 
multiple-alloyed steels. The 4 and 6 pct W steels 
seem to possess an odd characteristic of not exhibit- 
ing a prominent secondary hardening peak, but 
nevertheless resisting softening at high tempera- 
tures exceedingly well for a single-alloyed steel. 

High-Temperature Rupture Tests—As described 
previously, the material for the high-temperature 
rupture tests was oil quenched from temperatures 
yielding the highest quenched hardness in order to 
ensure maximum austenitization and carbide solu- 
tion and subsequently tempered to hardness values 
as close to 250 Brinell as possible. Table II lists the 
heat tredtments and the resulting austenitization, 
grain size, and final hardness. 

The results of the rupture tests are plotted in Figs. 
7 through 10, utilizing the time-temperature para- 
meter. 

A compilation to enable direct comparison of the 
Mo, W, and Mo-W alloys at parameter values of 
32,000, 36,000, and 39,000 is given in Fig. 12. The 
rupture strengths of the molybdenum alloys at high 
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Fig. 5—Tempered hardness of Mo-W alloys. 


parameter values increase steadily as molybdenum 
is added up to the limit of heat treatability, and 
it appears that tungsten will strengthen to an equal 
degree. The data, plotted on an atomic percentage 
basis, show tungsten to be just as capable as molyb- 
denum in imparting high-temperature strength to 
ferritic steels. Whereas Colbeck and Rait found a 
creep-strengthening advantage in adding molyb- 
denum and tungsten in combination rather than 
either alone,* no significant interaction effect is in- 
dicated by the rupture strengths of the Mo-W 
alloys. 

The rupture strengths at the low parameter value 
of 32,000 for the three groups of alloys in Fig. 12 
show no significant variation with composition. 
This can be expected since all alloys were heat 
treated to the same hardness. 

To compare the Mo, V, and Mo-V alloys, a com- 
pilation of the rupture strengths is given in Fig. 13. 
At the high parameter value of 39,000, the rupture 
strengths of the molybdenum alloys increase rap- 
idly with molybdenum content as pointed out be- 
fore, but that of the plain vanadium alloys remains 
unchanged from a vanadium content of 1.0 to 3.3 
pet. Since in both groups of alloys the molybdenum 
and vanadium are added in quantities more than 
sufficient to combine with the carbon present, a con- 
siderable portion of the alloying element will be 
forced to enter into ferrite solid solution. It appears, 
therefore, that molybdenum contributes appreci- 
able ferrite solid-solution strengthening, while va- 
nadium is relatively ineffective in this respect. 
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When the combination Mo-V alloys are examined 
in Fig. 13 and compared with the single-alloyed 
steels, an additional strengthening factor is noticed. 
This is alloy interaction or the complexity effect. 
-Both the 1.5Mo-1.0V and the 1.7Mo-1.3V_ alloys 
have higher rupture strengths than any of the 
single-alloyed steels, even the 5.2Mo alloy. Since 
the 0.9 Mo-0.5V steel has a V:C ratio of less than 
4:1 it is probable that some benefit could be ob- 
tained by raising the vanadium content to 1.0 pct or 
to correspond stoichiometrically to the vanadium 
carbide, VC. 

The unfortunately low rupture strength of the 
2.7Mo-1.4V alloy at the parameter value of 39,000 is 
undoubtedly due to the severe catastrophic oxida- 
tion that occurred, which at 1300°F (704°C) 
caused the threads of the specimen to pull free be- 
fore fracture occurred in the gage length. The low 
strength of the 3.3V alloy at low parameter values 
can be attributed to its low heat-treated hardness. 

This investigation, rather than attempting to de- 
sign commercially usable steels, had the aim of 
elucidating some of the principles of alloy design 
for high-temperature steels. Four general metal- 
lurgical factors are considered to affect the high- 
temperature strength of heat-treated ferritic steels. 
They are: 

1) Precipitation strengthening by carbides, ni- 
trides and, more rarely, intermetallic compounds. 

2) Solid-solution strengthening of the ferrite. 

3) Alloy interaction, whereby multiple alloying 
augments both precipitation strengthening and 
solid-solution strengthening to greater degrees than 
can be realized with single alloying. 

4) Ferrite grain size, 

Precipitation strengthening plays a predominent 
role at relatively low parameter values (low tem- 
peratures and short times), and loses significance at 
high parameter values. The alloys in this investi- 
gation, having been heat treated to a uniform hard- 


70 
60 
40 
oe RA 6.0 W (253) 
) 
Fig. 8—Rupture ig NX 2.0 W (220) — 
strength of re 
tungsten alloys 6 WN 
9 2 5 3.0 W (230) 
g 
33 88 
3% 8k 
30 32 34 36 38 40 42 


T (20 + log 1) x 1075 


ness level, would be expected to have similar rup- 
ture strengths at a parameter value of 32,000. This 
they do with the exception of the 3.3V steel, which 
is nonheat-treatable. The combination Mo-V steels 
consistently exhibit higher rupture strengths than 
the single-alloyed steels presumably because of the 
interaction factor. 

At high parameter values, solid-solution strength- 
ening appears to assume major importance. In this 
respect molybdenum and tungsten are outstanding, 
while vanadium appears to be ineffective. The 
strengthening effect of molybdenum in simple Fe- 
Mo binaries has been demonstrated by Austin, 
St. John, and Lindsay’ and by Reiter and Hibbard.” 

The third factor, interaction in multiple alloying, 
is evident in the Mo-V alloys not only in the rup- 
ture tests, but also for the development of second- 
ary hardening and resistance to tempering. It is 
evident at both high and low parameter values in 
rupture testing. 

Colbeck and Rait have found that the combina- 
tion of % pct Mo and % pct W produced greater 
creep strength than 1 pct Mo or 1 pet W alone. 
While such an interaction effect in creep resistance 
may well be detected for molybdenum and tungsten, 
it was not clearly evident in the rupture tests of 
this investigation. 

The fourth factor, ferrite grain size, was not de- 
liberately studied here. Nevertheless, there is little 
doubt that high-temperature strength is promoted 
at large grain size, particularly at high testing tem- 
peratures or parameter values.* 

Still another variable affecting high-temperature 
strength is the quenched structure. This variable 
has been held constant in this investigation, where 
possible, by oil quenching the small specimens. 
Extensive work by German and French investi- 
gators” * has shown bainite structures to have 
greater creep resistance than tempered martensite 
of equal hardness. This may possibly be due to the 
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coarser structure of the bainite. At relatively high 
testing temperatures of around 1200°F (650°C) and 
higher, an annealed structure usually proves to be 
superior to any other’—this again is probably due 
to the large ferrite grain size. 

Most investigations dealing with the variable of 
quenched structure have not provided sufficient 
control over heat-treated hardness with the result 
that tests at low temperatures of 700° to 900°F 
(370° to 480°C) reveal the hardest structure as be- 
ing the strongest in creep regardless of the quenched 
structure. A detailed analysis of the effect of 
quenched structure on high-temperature strength 
may possibly reveal the observed behavior to be a 
composite result of precipitation strengthening as 
indicated by room-temperature hardness and of 
ferrite grain size, the grain size being smallest in 
tempered martensites and increasing in size as the 
cooling rate decreases. 

In summary, the metallurgical factors governing 
high-temperature strength may be broadly consid- 
ered as the four factors originally listed: 1) pre- 
cipitation strengthening as reflected by room-tem- 
perature hardness, 2) solid-solution strengthening, 
3) alloy interaction, by which factors 1 and 2 will 
be modified, and 4) ferrite grain size. 


Conclusions 

1) Molybdenum and tungsten confer appreciable 
solid-solution strengthening at high-temperatures 
and as a result may be added advantageously up to 
at least the limit of complete austenitization. On 
the other hand, vanadium, when added alone at 
least, imparts high-temperature strength principally 
through the medium of its carbide and yields no 
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additional strengthening when added in excess of 
that required to combine totally with the carbon. 

2) When considered on an atomic percentage 
basis, tungsten appears to be as effective as molyb- 
denum in increasing the high-temperature strength 
of ferritic steels. 

3) An alloy interaction effect is observed both 
in tempering behavior and in high-temperature 
rupture strength when molybdenum and vanadium 
are added in combination; thus, a 1.5 Mo-1.0 V steel 
possesses greater rupture strength than is possible 
to attain in a 5.2 Mo steel or a 3.3 V steel. A distinct 
alloy interaction effect was not evident in the high- 
temperature rupture tests of the combination molyb- 
denum plus tungsten alloys. 

4) High-temperature strength of ferritic steels 
has been considered as a function of the four factors; 
a) precipitation strengthening, b) solid solution 
strengthening, c) alloy interaction, and d) ferrite 
grain size. 

Acknowledgments 

Appreciation is expressed to the Large Steam 
Turbine-Generator Dept. of the General Electric 
Co. for support of this investigation. Special assist- 
ance was received from R. J. Stuligross, R. M. Pozzo, 
and G. Hansel, Jr. 


References 

1P, Grun: Creep of Steel as a Function of Alloy Content and 
Heat Treatment. Archiv fur das Eisenhuttenwesen, 1934, vol. 8, pp. 
205-211. 

2W. Holtmann: Influence of Alloy on the Tensile Strength and 
Creep Limit of Heat-Treated Steels. Mitteilungen Kohle-und Eisen- 
forschung, 1941, vol. 3, pp. 1-46. Abstract in Stahl and Eisen, 1942, 
vol. 62, No. 1, pp. 32-35. 

3G. Tammann: The Result of Cold Working and its Dissipation 
Through Heating. Zeitschrift fur Metallkunde, 1936, vol. 28, pp. 
- 

. V. Smith: Properties of Metals at High Temperatures, 1st Ed., 

1950, ‘pp. 239-242. McGraw-Hill Book Co., N. Y. 

5 F, R. Larson and J. Miller: A Time- Temperature Relationship 
for Rupture and Creep Stresses, ASME Trans., 1952, vol. 74, p. 765. 

6J. D. Nisbet and W. R. Hibbard, Jr.: A Rationalization of Meas- 
ured High-Temperature Properties of Fe-Cr-Co-Ni Alloys. AIME 
Trans., 1953, vol. 197, pp. 1149-1165; JournaLt or Merats, September 
1953. 

7S. S. Manson and W. F. Brown: An Investigation of Time- 
Temperature-Stress Relations for the Correlation and Extrapolation 
of Stress Rupture Data. Proceedings ASTM, 1953, vol. 53, pp. 693- 
719. 

8E. W. Colbeck and J. R. Rait: Creep-Resistant Ferritic Steels. 
peat Report No. 43, 1951, Iron & Steel Institute, London, p. 107- 
12 


oC. R. Austin, C. R. St. John, and R. W. Lindsay: Creep Proper- 
ties of Binary Solid Solutions of Ferrite. AIME Trans., 1945, vol. 162, 
pp. 84-105. 

10S, F. Reiter and W. R. Hibbard, Jr.: High Temperature Proper- 
ties of Iron-Rich Fe-Mo Alloys, AIME Trans., 1955, vol. 203, pp. 
655-663; JouRNAL oF METALS, May 1955. 

11C, H. M. Jenkins and H. J. Tapsell: Factors Influencing the 
Creep Resistance of Wrought Carbon Steels. Journal Iron & Steel 
Institute, 1952, vol. 171, pp. 359-371. 

2G. Delbart and M. Ravery: Contribution to the Study of the In- 
fluence of Microstructure on the Heat Resistance of Steel. Revue de 
Metallurgie, 1950, vol. 47, pp. 215-234. Also, Metal Treatment & 
Drop Forging, Autumn 1950, vol. 17, pp. 177-188; Dec. 1953, vol. 20, 
pp. 579-589. 

13H, Bennek and G,. Bandel: The Effect of Microstructure as 
Affected by Heat Treatment and Alloying Elements on the Creep 
Strength of Steel. Stahl und Eisen, 1943, vol. 63, pp. 653-659; pp. 
673-684; pp. 695-700. 

Discussion of this paper sent (2 copies) to AIME by Dec. 1, 1956 
will appear in AIME Transactions Vol. 209, 1957, and in JouRNAL oF 
Metats, April 1957. 


OCTOBER 1956, JOURNAL OF METALS—1377 


— 
= 
|_| 


Structural Changes During the Aging in An 
Al-Mg-Zn Alloy 


The structural changes during age hardening were investigated in a high purity aluminum alloy 
containing 6 pct Zn and 2 pct Mg by means of X-ray diffraction and dilatometry. It was found that 
when aging at low temperatures (up to 200°C) the precipitate which formed was MgZnp; above 
300°C, (AlZn)s9Mgz2; at intermediate temperatures both phases formed. The precipitation at low 
temperatures started with the formation of Guinier-Preston zones in the (111) planes, followed by 
the formation of a transition lattice very similar to MgZn. but with a = 4.96 and c = 8.68; this 
was replaced eventually by MgZn>. The dilatometric work confirmed the X-ray results; the length 
changes determined experimentally coincided with the changes calculated for the foregoing trans- 


formations. 


by L. F. Mondolfo, N. A. Gjostein, and D. W. Levinson 


ANY investigations are reported in the ltera- 

ture on the age hardening of Al-Mg-Zn alloys 

but most of them are concerned mainly with me- 

chanical property changes. The present investiga- 

tion was started to determine the structural changes 
in an AlMgZn alloy. 

The alloy composition was chosen in the existing 
phase diagram’ so as to lie on the quasi-binary sec- 
tion Al-(AI1Zn),.Mg..° Actually, it was found that 
the diagram as published was inexact at the lower 
temperatures and that the phase in equilibrium with 
aluminum at the lower temperatures is not the 
ternary compound. 


Technique 


The alloy used for the investigation was prepared 
from high purity materials and the resulting com- 
position as determined by chemical and spectro- 
graphic analysis was: Zn, 6.17 pct; Mg, 2.13 pct; 
Cu, 0.03 pct; Si, 0.009 pct; Fe, 0.005 pct; and the 
remainder, aluminum. 

An ingot 34-in. thick was cast, homogenized, hot 
and cold-rolled to strip 0.064-in. thick for dilato- 
metric and powder work, and to foil 0.005-in. thick 
for single crystal work. Solution treatment tempera- 
ture for all specimens was 475°+5°C for periods of 
at least 1 hr, either in air furnaces or lead baths. 
Aging was done in oil or Pb-Bi baths controlled to 
within +3°C. The aging was investigated at the 
following temperatures: room (30°), 130°, 200°, 
260°, and 300°C. 

For the dilatometric study, the length changes 
were measured continuously, at temperature, using 
strips of alloy 10 in. long, shaped as channels to 
eliminate undesirable deflection due to bending. To 
compensate for thermal expansion and contraction 
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due to the variations in the temperature of the aging 
baths, the dilatometers were built of the same alloy 
as the one being tested, with the same shape and 
size, but with material fully annealed. Gages on 
which 0.0005 in. could be read and 0.0001 in. esti- 
mated were used to measure the dilation. Length 
changes were also measured at room temperature. 
Strips approximately 10 in. long were solution- 
treated, quenched, and measured in a supermicrome- 
ter in which 0.0001 in. could be read and 0.00001 in. 
estimated. The specimens were immediately aged 
for a given time, remeasured, and then the cycle 
was repeated, including the solution treatment. The 
error of measurement with this technique was some- 
what larger, but the results confirmed those obtained 
by continuous measurements. 

The sheet used for the dilatometric work was 
checked to determine grain orientation. Both X-rays 
and etching methods revealed a rather coarse grain 
size but only a negligible amount of preferred 
orientation. Thus, volume changes calculated from 
length changes are not invalidated by preferential 
orientation effects. Pieces of the sheet used for the 
dilatometric work were also used for the metal- 
lographic work. 

Filings for the powder X-ray study were pro- 
duced from a homogenized piece of sheet. These 
filings were magnetically purged of iron, screened 
to 200 mesh, sealed in a Pyrex tube containing an 
argon atmosphere, and _ solution-treated. When 
quenching, the glass tube was broken, so that the 
powder dropped directly into cold water. After dry- 


ing with alcohol, the powder was sealed into capil- ~ 


lary tubes containing an argon atmosphere and then 
aged for the required times. In spite of all these 
precautions the three strongest lines of a(AI1,O,) 
appeared in all patterns, and were used as internal 
standards. By the use of these standards, accurate 
corrections for film shrinkage were obtained. For 
the back reflection patterns, annealed nickel powder 
was mixed with the specimen to act as internal 
standard. 

A preliminary investigation was made in small 
(57.3 mm diam) powder cameras. From these pat- 
terns the changes which took place in the solid- 
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solution lattice and the type of precipitate forming a 
were determined. The patterns from a larger camera N | 8 
(114.6 mm diam) were used for the more accurate 
determination of the structure of the precipitates, . 
and the back reflection patterns for the accurate S _ 
determination of the lattice parameter of the solid Be 
solution before and after the change. = 
For the single crystal work, large grains were : 
made from foil 0.005 in. thick by the strain-anneal E Oo 
method. Several different combinations of strain as & Bean 
and annealing temperatures and techniques were 
used, most of which yielded crystals sufficiently = 
large for the work (2 to 3 mm diam). Several crys- os Few 
tals differently oriented were investigated, none of 
which was removed from the surrounding material. 5 
For the powder patterns, filtered copper radiation = o* 
and exposure times from 1 to 20 hr, depending on x) 
the size and type of camera, were used; for the Laue se oI $ B 
patterns, wolfram radiation and exposure times from = < a A 
5 to 20 hr, and for the Geisler-Hill” type patterns, a 
unfiltered copper radiation and exposure times of s 2m mo 
48 hr were generally employed. = < Be 8s 
NN NN 
Results 
In Table I are collected the d values greater than So aS * gigas 38 
2A which appear in the powder specimens aged at 
different temperatures. Also tabulated are the spac- 2 
ings of the terminal solid solution of aluminum, 3 = 
«(Al,O,) MgZn, MgZn,, and (AlZn)«Mg». Two sets 
of spacings are shown for MgZn, one determined 
from the pattern of an alloy of MgZn composition, 5 & 
homogenized at 300°C, the other calculated for the ne 
hexagonal-close-packed lattice with: a = 5.33 and es BASE 
c = 8.58.” In the case of (AlZn),.Mg, and MgZn., 
the experimental and calculated values were in 
agreement and only one set of data is reported. - Ae AA Reesone 
As can be seen, the phase that precipitates at one Sa sisi oy 
200°C or below is MgZn., and the one at 300°C is Rae 
(AlZn) at 260°C both phases precipitate to- 
The spacings for the phase precipitating at low == =* 
temperatures are not constant, but vary. Although 
the change is small, there seems to be a continuous 5 Sr 
shift of the spacings as aging progresses. 
< _ | 38 
Table II. Changes of Lattice Parameters of Precipitate During OSS 
Aging at 200°C £ 
38 
1 6 18 20 4% 66 109 200 322 501 1284 A Aas | 
Hr Hr Hr Hr Hr Hr Hr Hr Hr M4Hr Hr 
a 4.96 4.98 5.02 5.10 5.18 5.17 5.17 5.15 5.16 5.15 5.15 z a 3 a3 
8.68 8.57 8.50 8.50 8.48 8.46 8.36 8.40 8.48 8.47 8.48 Sroninx as 
The relative intensity of the lines does not seem 4 Ss 
to change appreciably from the first to the last pat- Sa oe Best 38 | 22 
tern; that indicates that the phases present at all 5 oR ciaiciaicl cial Be 
times are basically the same, that is, hexagonal = BE 
structures of the MgZn, type. The lattice parameters oO ie) = = ee 
calculated from all the lines available are collected me 
in Table II. It is to be remembered that these para- 
meters are calculated from lines which are very 4 ar 
weak and often fuzzy, and thus the accuracy of even 2 ge Gobo» 32 | 3 8 
the second decimal is at times questionable. os 
The first lattice to be formed has interatomic dis- a : ae 
tances in the (0001) planes that correspond to those = & ee 
of the (111) plane in the matrix, thus making coher- — 8 ae me By 
ency of the two planes possible. The gradual change 2 5 8 SN AH 
of spacings could indicate two things: either a really 


gradual change, or, more probably, the presence of 
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Fig. 1—Laue pattern of AIMgZn single crystal with [100] parallel to beam. a) Aged 6 days at 30°C; b) aged 9 hr at 130°C; 
c) aged 98 hr at 130°C; d) aged 6 hr at 200°C; e) aged 100 hr at 200°C; f) aged 1 hr at 300°C. 
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Fig. 2—Stereographic 
projection of streaks 
on Laue patterns of 
AIMgZn crystal; A) 
aged at 130°C; B) 
aged at 300°C. 
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two lattices, one with lattice parameters as the lat- 
tice at the beginning, and one with the final para- 
meters. The intermediate parameters would then 
result from a gradual change of the respective 
amounts of the two phases. The change of dimen- 
sions from the beginning to the end is of the same 
order of magnitude as is found in other alloys when 
the transition phase is replaced by the equilibrium 
one. From the foregoing data, it is apparent that a 
transition lattice is formed with lattice parameters 
a = 4.96 and c = 8.68, which eventually is replaced 
by MgZn, with parameters a = 5.15, c = 8.48. 

Laue patterns of as-quenched crystals and of 
crystals aged at room temperature (30°C) for times 
up to 550 hr were not appreciably different. A 
typical pattern of this type is shown in Fig. la. A 
comparison of Fig. la with a Laue pattern of pure 
aluminum showed that most of the streaks could be 
accounted for by thermal vibration of the atoms.” 
Part of the broad cross in the center of the pattern, 
however, was caused by aging, as can be seen by 
comparing Figs. la and lec. 

The sequence of events for aging at 130° and 
200°C is shown in Figs. 1b, 1c, 1d, and le. For short 
aging times (less than 4 hr at 130°C and 20 min at 
200°C) the patterns were similar to Fig. la, except 
that the streaks overlapped because they were more 
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diffuse. Longer aging times resulted in a sharpen- 
ing of the streaks and then an increase in intensity 
at certain points along the streak. At 200°C very 
diffuse spots appeared on the streaks after 2 hr of 
aging (Fig. ld). With further aging the spots 
sharpened and the streaks became less intense; how- 
ever, theré is still evidence of some streaking after 
100 hr of aging (Fig. le). 

Since the streaks in Fig. le are well developed, 
they were plotted stereographically, using the meth- 
od of Barrett and Geisler.“ It can be seen from 
Fig. 2A that the streaks follow great circles which 
‘pass through the [111] poles of the matrix. Thus 
the [111] planes of the matrix probably are the 
habit planes of the precipitate. Fig. 2B shows that 
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Fig. 3—Laue patterns for an AlMgZn crystal aged 9 hr at 
130°C. Unfiltered copper radiation except as indicated. 
[011] vertical, [100] making the angle with the beam as 
follows: a) 12.6°, b) 14.3°, c) 14.3° with nickel filter, d) 


precipitation does not occur on [111] matrix planes 
at 300°C; there are not enough streaks to determine 
the habit planes.at this temperature. The change of 
matrix planes on which precipitation is occurring 
when the aging temperature is raised from 200° to 
300°C indicates that the precipitate has a different 
structure at 300°C. This fact confirms the powder 
pattern results, namely, that (AlZn),.Mg, and not 
MegZn, is the precipitate at 300°C. 

Using the method of Geisler and Hill” for deter- 
mining the directions of relrods* in a relplot, a 


* This nomenclature is in accordance with that introduced by 
Hardy and Heal. 


series of patterns was taken of a crystal aged for 
9 hr at 130°C. The crystal was not rotated about 
the [001] as a vertical axis, as is commonly done, 
but about the [011]. Diffuse scattering was observed 
about (020), (002), and (111) relpoints. Fig. 3 
shows the reflections which occur when the reflec- 
tion spheres for CuKa and K& intersect the relrods 


that pass through the (111) relpoint. 
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Fig. 4—Reciprocal space plots. 


The relrods determined by the foregoing method 


are shown in Fig. 4 passing through the (111) 
and (020) relpoints. One relrod, passing through 
the (111) relpoint in a [111] direction, was accu- 
rately determined; the dashed-in relrods were too 
short to position accurately, and were assumed to 
lie along <111> directions, in accordance with the 
evidence from the Laue patterns. In addition to the 
relrods detected by the Geisler-Hill method, those 
that were responsible for the streaks in the Laue 
patterns are also shown in Fig. 4. 

Figs. 5a, b, c and d show some of the microstruc- 
tures found in the alloy. It is interesting to note 
that precipitation starts not only at the grain bound- 
aries (Fig. 5a) but also at the subboundaries (Figs. 
5c and d). Attempts to reveal a Widmanstaetten 
pattern which could give some clue as to the orien- 
tation of the precipitate were unsuccessful. Many 
combinations of aging times and temperatures were 
tried but either the precipitate was too small to be 
resolved even at the higher magnifications, or it was 
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already spheroidized (Fig. 5b). Occasionally pre- 
cipitation along preferred planes could be seen (Fig. 
5d), but since these planes were identified as slip 
planes, it was assumed that some plastic deforma- 
tion had caused it. 

In Fig. 6 are shown the results of the dilatometric 
work at 200°C. The dots and circles represent the 
readings from two continuous runs at temperature; 
the crosses and squares, the points measured at 
room temperature. As can be seen, there is a de- 
crease of length for the first 10 hr or so, followed 
by a leveling-off for some 100 hr, and then by an 
increase which ends after 1000 hr. Above the length 
changes, the lattice parameter changes are reported 
with an arrow pointing to the approximate time at 
which the lines of the intermediate phase start to 
appear. Similar results were obtained at 130°C 
(Fig. 7) and room temperature (Fig. 8) but the 
times investigated (4,000 and 40,000 hr, respec- 
tively) were not sufficient to obtain the complete 
transformation, as obtained at 200°C. In Table III 
are collected the values for volume and length 
changes corresponding to the various transforma- 
tions calculated on the assumption that 5 pct of the 
alloy transforms to precipitate and 95 pct to equi- 
librium solid solution. 

From the calculations, it appears that the forma- 
tion of the transition phase and the change of lattice 
parameter of the solid solution from the super- 
saturated to the equilibrium condition produce a 
decrease of volume, the change of the precipitate 
from transition to final lattice corresponds to an 
expansion, and the total change is a contraction 
of the same size as the experimental change. 

The fact that only less than one half of the calcu- 
lated contraction takes place indicates that the trans- 
formations of the precipitate do not follow each 
other but are to a large extent superimposed. This 


Fig. 5—Microstructures at dif- 
ferent aging times; a) 6 hr at 
200°C, Keller’s etch, X1000; 
b) 48 hr at 200°C, Keller’s 
etch, X1000; c) 48 hr at 130°C, 
Keller’s etch, X500; d) 100 hr 
at 200°C, Keller’s etch, X75. 
Reduced approximately 10 pct 
for reproduction. 
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Table III. Volume 


and Length Changes Corresponding to Transformations 


cere Volume Atoms in Volume 
Lattice* a c Unit Cell Unit Cell per Atom 
SSSS 4.054 — 66.63 4 16.66 
EqsS 4.049 — 66.38 4 16.60 
MgZns transition 4.96 8.68 184.91 1) 15.40 
MegZnz equilibrium 5.150 8.480 194.77 12 16.23 
AV/Vi1, Pct of Alloy Total AL Caleu- AL Experi- 
Transformation Vi Ve AV Pet Transforming AV, Pet lated, Pct mental, Pet 
SSSS to EqSS 16.66 16.60 —0.06 —0.36 95 —0.34 —0.11 —0.50 
SSSS to MgZnetransition 16.66 15.40 —1.26 — 7.56 5 —3.78 —1.29 
gZno transition to +0.90 
MgZnz equilibrium 15.40 16.23 + 0.83 + 5.39 5 + 2.69 
—0.50 
* SSSS represents supersaturated solid solution and EqSS represents equilibrium solid solution. 
also checks with the X-ray evidence of the gradual F 
200 C. 


shift of parameters. 


Discussion of Results 

From the experimental work reported, it is evi- 
dent that at temperatures below 200°C the last 
stage of aging can be described by the process 

(MgZn.) transition (MgZn.) final+ 

Since the MgZn, precipitate lies on the (111) planes 
of the matrix and has a hexagonal structure, the 
orientation relationship should be 


(111) // (0001) 


To confirm this relationship, some of the MgZn, 
Laue spots in Fig. le were plotted on a stereographic 
projection, and compared with the rotated standard 
projection of MgZn,. From Fig. 9 it can be seen that 
the Laue spots of the precipitate can be successfully 
identified and given indexes. 

The early stages of aging have been shown to 
give rise to non-Bragg diffraction effects, and have 
shown that such effects result from relrods passing 
through the matrix relpoints in <111> directions. 
If the reason for the presence of relrods in the rel- 
plot were known, it would be possible to clearly 
describe the structural changes occurring before the 
formation of (MgZn.) transition phase. It has been 
pointed out,” however, that the methods used in this 
investigation are not sufficiently sensitive to dis- 
tinguish between various interpretations of non- 
Bragg diffraction effects that have appeared in the 
literature. Although this fact must be borne in 
mind, it is evident that the structural changes occur- 
ring during aging in this system are similar to those 
in the Al-Ag system.” Hence it is probable that 
relrods are caused by one, or by a combination, of 
the following factors: 1) segregations of magnesium 
and zinc atoms on the (111) planes of the matrix, 
2) stacking faults in (111) planes of the matrix, and 
3) thin platelets of (MgZnz) transition Lying in the (111) 
planes of the matrix. 

Actually if the atomic movements are considered 
which lead from the solid solution to the precipitate, 
it appears that all three factors must be considered. 
In Fig. 10 are shown the probable atomic move- 
ments corresponding to the transformation from 
solid solution to final precipitate. If this picture is 
correct, precipitation would start where stacking 
‘faults exist in the solid solution (Fig. 10B). Segre- 
gation of magnesium and zinc atoms would take 
place on the stacking faults, since somewhat better 
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Fig. 6—Lattice parameter and length changes at 200°C. 
TOP: lattice parameter in A. The arrow indicates the time 
at which the first lines of the precipitate appear in the 
powder patterns. BOTTOM: length changes in 1/10,000 in. 
per in. 
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Fig. 7—Lattice parameter and length changes at 130°C. 


fit could result. Because the atomic diameter of 
magnesium (3.19A) is larger than that of the alu- 
minum that it replaces (2.86A), the magnesium 
atoms cannot fit in the bottom and top planes and 
are forced upward or downward from them until 
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Fig. 8—Lattice parameter and length changes at 30°C. 
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Fig. 9—Orientation ool 
of precipitate in re- 
spect to matrix. 
Open symbols: ma- 
trix poles; dots: cal- 
culated positions for 
MgZnz poles; 
crosses: experimental 
poles of precipitate 
from Fig. 3e. The 
ABCD indexes refer 
respectively to the 
MgZnz crystals in 
the (111), (111), 
(111) and (111) 
matrix planes. 
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Fig. 10—Probable atomic movements during the precipitation of MgZn2 from aluminum. a) Solid solution drawn with the (111) 
axis as vertical axis. b) Stacking fauit resulting in an ABA planar sequence. c) Shift of atoms to form the transition lattice. d) 
The equilibrium lattice of MgZnz (only one half of the lattice is shown). 


the closest distance between those atoms (2.92A) is 
sufficient to accommodate the magnesium atoms in 
contact with the zinc atoms. The rearrangement of 
the zinc atoms and their smaller diameter (2.66A) 
tends to bring the outer planes toward the center 
one and a shrinkage in the (111) direction takes 
place. By the time these changes have taken place, 
the segregations may affect several atomic thick- 
nesses, and platelets of precipitate are formed (Fig. 
10C). For clarity, in Fig. 10, these steps have been 
shown as separate ones, but in all probability they 
take place more or less at the same time. 

These structural changes take place when the 
transforming material is at least to some extent 
coherent with the surrounding matrix. Thus, the 
forces which bond the precipitate to the matrix shift 
the equilibrium positions of the atoms somewhat 
and the transition lattice results. Only when the 
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coherency between precipitate and matrix is lost 
can the final equilibrium be reached (Fig. 10D). 


Conclusions 

1) The equilibrium diagram for Al-Mg-Zn alloys 
should be corrected so that for alloys containing 
6 pct Zn and 2 pet Mg the phase in equilibrium with 
aluminum is the ternary (A1Zn) «Mg above 300°C, 
MgZn, below 200°C, and in the rauge from 200° to 
300°C is a three-phase equilibrium between alu- 
minum, MgZn., and the ternary compound. 

2) The precipitation of MgZn, from the solid 
solution starts with formation of Guinier-Preston 
zones in the [111] planes, followed by the formation 
of a transition phase hexagonal with atomic dis- 
tribution very similar to MgZn, but with lattice 
parameters a = 4.96 and c = 8.68, which eventually 
is replaced by MgZn.. 
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Activation Energy for High Temperature 


Creep of High Purity Aluminum 


by H. |-Lieh Huang, O. D. Sherby, and J. E. Dorn 


ECENT investigations’® have suggested that the 

total plastic strain, «, for high temperature creep 
under a given stress can be correlated by means of a 
temperature-compensated time, te“”/"", where ft is 
the duration of test, e is the base of natural log- 
arithms, AH is the activation energy for creep, R is 
the gas constant, and T is the absolute temperature. 
A typical set of data on which this deduction was 
based is given in Fig. la. Inasmuch as the e-In t 
curves for the various temperatures are identical 
except for their displacement along the In t axis 


| 


where f and W are appropriate functions. If the in- 
crease in creep rate with an increase in temperature 
is exclusively ascribable to a single process involv- 


AH 


ing thermal activation, V(T) should equal re 


and therefore 


H 
| = f [In 6] = F(0) 
o =constant [2] 


where §6= te“*”/"", Assuming the validity of this re- 
lationship, 6: = 0. at the same strain, or 

pe te for 
where the subscripts refer to two alternate test 
conditions: 


o =constant [3] 
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Fig. la—Creep curves for high purity aluminum at a con- 
stant stress of 3000 psi. 
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Fig. 1b—Creep curve for high purity aluminum at a constant 
stress of 3000 psi. 
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Fig. 2a—Typical creep curve for pure aluminum under cyclic- 
temperature condition. 
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Fig. 2b—Creep rate-true creep strain curves for use in the 
evaluation of H for pure aluminum, deduced from Fig. 2a 
above. 


Application of Eq. 3 to the data recorded in Fig. 
la reveals that AH is about 34,000 cal per mol, in- 
dependent of the strain. Replotting these data in 
accordance with the suggestions of Eq. 2 gives Fig. 
lb. The coincidence of the creep curves for the 
various temperatures of test confirm the validity of 
Eq. 2. Extensive investigations have further re- 
vealed that AH is insensitive to the applied stress 
as well as to the total creep strain,** grain size,’ and 
structural modifications attending severe cold work- 
ing. In fact the activation energy for creep of the 
metallic elements at high temperatures was found 
to agree well with their activation energy for self- 
diffusion in nine out of ten cases where sufficient 
data were available for comparison.*** 

The fact that the creep rate changes during the 
course of a constant stress isothermal creep test re- 
veals that the structure is changing during the 
course of creep. Such changes in structure have been 
shown to depend not only on the strain but also 
uniquely on the applied stress. Special techniques 
of precreeping under a given stress to a prescribed 
strain and then decreasing the stress were employed 
to elucidate the stress law for creep.*® These tests 
revealed that for a given precrept structure 


AH 


com Be = 155 [4a] 


and 


AH 
RT , 
€e = 


Bo =1.5 [4b] 


where é¢ is the creep rate, and S’, S”, B, and n are 
creep constants. For initially annealed metals, the 
same stress coefficient, B, was obtained independent 
of the precreep conditions of stress and strain. 
Furthermore, B was found to be independent of the 
test temperature. In fact only the structure factor 
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S’ was observed to change during the course of 
creep of initially annealed materials. 
The insensitivity of AH to the stress and strain, 
and the insensitivity of B to the absolute tempera- 
ture of test are internally self-consistent observa- 
tions; they reveal that the stress does not enter the 
term for the free energy of activation. This conclu- 
sion, however, is contradictory to the principal tenets 
of the two most widely-quoted theories for creep, 
namely, theories of the Becker-Orowan type”’” and 
theories of the Kauzmann-Dushman-Seitz type.” 
Either these theories are invalid or the experimental 
observations have been misinterpreted. In view of 
the rather indirect method that was previously 
adopted for determining the activation energy for 
creep, some doubt might yet persist as to whether 
it might not represent some fictitious activation en- 
ergy. Consequently, it was considered advisable to 
redetermine the sensitivity of the activation energy 
for creep at high temperatures to stress and strain 
by means of a new and unambiguous procedure, 
before completely rejecting the previously quoted 
theoretical models for creep at high temperatures. 


Experimental Techniques 


Rolled sheet of high purity aluminum, identified 
in Table I, was used for this investigation because 
of the extensive data now available giving a value 
of AH equal to about 34,000 cal per mol for this ma- 
terial by the «-@ type of analysis. All specimens 
were prepared with their tensile axes in the rolling 
direction. The gage section of the specimens was 
0.100 in. thick, 1 in. long, and 0.25 in. wide. Loga- 
rithmic or true strains were calculated from exten- 
sions obtained by means of calibrated rack and 
pinion type extensometers which were sensitive to 
about 0.0002 in. 


Table |. High Purity Aluminum Test Material* 


Chemical Analysis, 
Wt Pct Mean 
Grain 

Diam, Mm 


— Annealing 
Treatment 


0.001 0.001 0.001 0.001 10 min at 700°K (800°F) 


followed by air cooling 0.33 


* Material and spectrochemical analyses supplied by courtesy of 
the Aluminum Co. of America. 


Creep testing was conducted in machines having 
specially contoured Andrade-Chalmers type” lever 
arms that served to maintain the stress constant 
throughout the course of creep up to the point at 
which local plastic deformation occurred. All tests 
were terminated just before such local necking took 
place. Each machine was provided with a calibrated 
proving ring in series with the specimen to permit 
evaluation of the load on the specimen during the 
entire course of creep. Knowing the extension and 
the load, the true stress could be calculated at any 
stage of the process. The actual stress did not vary 
by more than 1 pct during any one creep test. 

Creep was conducted with the specimens com- 
pletely immersed in constant temperature silicone 
oil baths controlled with mercury thermoregulator 
switches. In general, the steady-state temperature 
did not vary by more than +0.1°C from the average 
value. 

Assuming that high temperature creep is con- 
trolled by a single thermal activation process, the 
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principal effect of temperature on 
should be given by the relationship 


the creep rate 


[5] 
under conditions where all other variables are con- 
stant, and where AH includes all factors affecting 
the free energy of activation excepting the entropy 
of activation. The coefficient of the exponential term 
should be constant under conditions of constant 
stress and structure. If, then, during the course of 
creep, the temperature can be changed rapidly from 
T, to T, without introducing any structural changes, 
the creep rates immediately before and immediately 
following the temperature change should be related 
by the equation 


: [6] 

By means of this equation the activation energy 
AH can be determined by the most direct and unam- 
biguous technique available. This technique has the 
additional advantage over the e«-§ method of the 
activation energy being obtained from a single 
specimen. 

In order to effect the required abrupt change in 
temperature, two silicone oil baths, differing in tem- 
perature by about 20°C, were used. During the 
course of creep testing one bath was quickly re- 
moved and the second was rapidly placed into posi- 
tion. Alternating the constant temperature baths 
was continued throughout the entire course of creep 
testing. As shown in Figs. 2a and 2b, no spurious 
transient was encountered when the test tempera~ 
ture was decreased, and no immediate straining was 
noticed upon increasing the test temperature. There- 
fore, the creep rate immediately following a change 
in temperature was not affected by transients or by 
abrupt changes in structure. It must therefore be 
ascribed exclusively to the new temperature. 

Creep rates were determined by graphical differ- 
entiation of the curves, such as that shown in Fig. 
2a. Following this the creep rate was plotted as a 
function of the total strain «, as shown in Fig. 2b. 
Thermocouples fastened securely to the test speci- 
men revealed that the specimen reached the new 
steady-state temperature after about 2 to 3 min. 
Consequently, the observed creep rates following a 
change in temperature were extrapolated over this 
interval of transient temperature in order to deter- 
‘mine the creep rate for the new temperature the 
instant the temperature was changed. The values 
of AH were then calculated from the known tem- 
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peratures and corresponding strain rates by means 
of Eq. 6. 
Experimental Results 

As shown in Fig. 3, a total of 63 activation en- 
ergies were determined during the course of ten 
creep tests covering a range of stresses from 580 psi 
to 3540 psi, and covering a range of strains from 
about 0.01 to 0.40. By this new and more direct 
technique, the activation energy for creep of high 
purity aluminum was again found to be constant 
insensitive to stress and strain. The mean activation 
energy was 32,200 cal per mol, and the standard 
deviation only £1,770 cal per mol. The agreement 
with the activation energy of about 34,000 cal per 
mol obtained by «-@ correlations is good. 


Discussion 

The rate of any phenomenon involving a sequence 
of reactions is determined by the slowest rate proc- 
ess in that sequence. If the generation of disloca- 
tions, as postulated by the Becker-Orowan type of 
theory, were the slowest process, the activation en- 
ergy should have been sensitive to both stress and 
strain. However, the activation energy is very in- 
sensitive to these variables. Consequently, high 
temperature creep is not controlled by the thermal 
generation of dislocations as conceived by Becker 
and Orowan. 

If the high temperature creep rate were controlled 


_ by thermal activation of dislocations over free en- 


ergy barriers that impede the motion of dislocations 
in their slip plane, the Kauzmann type of theory 
should be valid. However, such theories invariably 
insist that the stress enters the free energy of acti- 
vation term. Furthermore, elaborations of these 
types of theories suggest that the barrier heights 
and their geometry change as a function of creep 
strain. Such theories are also inconsistent with the 
experimental facts and must, therefore, be dis- 
carded. This suggests that high temperature creep 
does not take place by a process of thermal activa- 
tion of dislocations past free energy barriers in their 
slip planes. 

New and better theories need to be formulated to 
account for high temperature creep. A promising 
new theory involving a dislocation climb process 
was postulated by Mott.” Unfortunately, Mott’s 
version of this process involves an activation energy 
that is stress dependent, and therefore unacceptable. 
As suggested in previous reports,” however, the 
activation energy for a unit climb process should be 
that for self-diffusion, and should be insensitive to 
the applied stress. In this theory, the effect of stress 
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on the creep rate is ascribed to the increasing num- 
ber of Frank-Read sources participating in the 
generation of dislocations as the applied stress is in- 
creased. The effect of structure, visualized in terms 
of groups of piled up and climbing dislocations, can 
be introduced into the analysis in a general statis- 
tical way. For the most part, this dislocation climb 
theory for high temperature creep is in good agree- 
ment with the experimental results given here. 


Conclusions 

1) The activation energy for the high tempera- 
ture creep of high purity aluminum was evaluated 
by a new technique involving rapid changes of tem- 
perature. 

2) The activation energy was found to be 32,200+ 
1,770 cal per mol, insensitive to the stress over the 
range of approximately 580 to 3,500 psi and insensi- 
tive to the strain up to strains of as high as 40 pct. 

3) Both the Becker-Orowan and Kauzmann- 
Dushman-Seitz type of creep theories are inconsis- 
tent with the present experimental observations. 

4) It appears as if high temperature creep arises 
from a dislocation climb process. 
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Heat Treatment and Mechanical Properties 


of Ti-Mo Alloys 


Mechanical properties of the Ti-Mo alloys are dominated by the quantity and 


composition of 8 phase present in the microstructure. 


Extensive a-@ annealing 


treatments are required to reach equilibrium at lower annealing temperatures. Soft, 
ductile 8 phase can be formed on quenching, although high hardness values are 
obtained by aging at 400°C. The formation of strain-induced martensite in re- 
tained 8 over the composition range of 8 to 16 pct Mo results in low yield-to- 
ultimate strength ratios, high uniform elongation, and high resistance to impact. 


by F. C. Holden, H. R. Ogden, and R. |. Jaffee 


N a previous series of papers, the results of studies 
made on various types of high purity base tita- 
nium alloys were presented. Included in this work 
were the Ti-Mn' and Ti-Cu’ alloys, representative 
of sluggish and active eutectoid systems, respec- 
tively. The present paper gives the results of a simi- 
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lar study made on Ti-Mo alloys as an example of a 
§8-isomorphous alloy system. 


Experimental Procedures 


Alloy Preparation—Six %4-lb ingots were pre- 
pared from iodide titanium and high purity molyb- 
denum stock. The ingots were arc melted in a 
water-cooled copper crucible under an argon atmos- 
phere. Each ingot was melted at least twice to insure 
homogeneity and complete solution of the molyb- 
denum. This was done by inverting the ingot in the 
crucible and remelting completely. 


TRANSACTIONS AIME 


16 hr at 725°C, furnace cooled to 650°C, held 64 hr, and 
quenched. X500. Enlarged approximately 10 pct for repro- 
duction. 


After forging at 1600°F to %4 in. diam rounds, the 
ingots were mechanically descaled and vacuum an- 
nealed 6 hr at 1600°F. Although hydrogen analyses 
were not made, results from similar treatments in- 
dicate that the residual hydrogen should be 25 ppm 
or less. The rods finally were swaged at 1400°F to 
¥ in. diam. The nominal and analyzed compositions 
for the six alloys are given in Table I. 

Heat Treatments—After mechanical descaling, the 
Y% in. diam rod stock was cut into test specimen 
blanks for heat treatment. A protective atmosphere 
was provided by encapsulating the specimens in 
Vycor under a partial pressure of argon. After heat 
treatment, the Vycor capsules were broken quickly 
and the specimens quenched into water. This pro- 
cedure has been found suitable for a rapid quench 
without contamination other than a surface dis- 
coloration. 

Mechanical Testing—Tensile properties were ob- 
tained from specimens having a 4% in. diam reduced 
section and a \% in. gage length. Tests were made on 
Baldwin-Southwark universal testing machines at a 
uniform crosshead speed of 0.005 in. per min. Strains 
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Fig. 3—Effect of composition on stress-strain curves of - 
quenched Ti-Mo alloys. Curves are drawn to limit of uniform 
elongation. 


were measured from type A-7 SR-4 resistance 
strain gages and a lever-type extensometer. 

Notch-bend impact tests were made on micro- 
impact test specimens, using a Tinius Olsen testing 
machine at an impact velocity of 11.37 ft per sec. 
Details of the test specimens and testing procedures 
have been described previously.’ 


Table 1. Nominal and Analyzed Compositions of Ti-Mo Alloys 


Alloy Composition, Wt Pct (Balance Ti) 


Analyzed 
Alloy Nominal 
No. Molybdenum Molybdenum Nitrogen 
TM-54 0.5 0.53 0.013 
TM-55 5.0 4.7 0.010 
TM-48 8.0 7.9 0.010 
TM-49 12.0 11.7 0.015 
TM-50 16.0 15.6 0.014 
TM-51 25.0 24.5 0.010 
Metallography—Specimens for metallographic 


study were cut from the shoulders of tensile-test 
specimens with an abrasive cut-off wheel, and were 
mounted in a cold-setting plastic. The specimens 
were mechanically polished, finishing on a slow 
wheel with Linde B, and etched with a 1% pct 
HF-3% pct HNO,-95 pct H.O solution. If a test 
specimen showed strain transformation to marten- 
site, its longitudinal cross section was examined. 


Thermal History and Microstructure 


The + phase boundary, as determined in 
this work, is in close agreement with that presented 
by others.‘ The phase boundary for the Ti-11.7 pct 
Mo alloy is close to the fabrication temperature of 
1400°F (760°C). Thus, the alloys containing less 
than 11.7 pet Mo were fabricated in the a-f field, 
whereas those containing more than 11.7 pct Mo 
were fabricated in the £ field. The total reduction 
(from % in. to % in. diam) was about 89 pct. De- 
spite this, the microstructure of the Ti-7.9 pct Mo al- 
loy shows distinct traces of prior # grains, instead of a 
completely equiaxed a-f8 structure. This may have 
been the result of an unexpected temperature gradi- 
ent in the furnace used in heating the alloys during 
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Fig. 1—Microstructure of a Ti-0.53 pct Mo alloy, annealed 
¢ 
200 
1007+ 
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Fig. 4—Section through shoulder of a tensile-test specimen 
showing formation of strain-induced martensite. Ti-11.7 pct 
Mo alloy, quenched from 775°C to a retained-§ structure. 
X25. Reduced approximately 30 pct for reproduction. 


fabrication. The @ annealing temperatures were 
selected slightly above the 8 transus. The a-f an- 
nealing temperatures were chosen so that in each 
case the composition of one of the alloys was close 
to the 6 transus. Thus, at each annealing tempera- 
ture, specimens were available with different 
amounts of 8 phase of the same composition, in- 
cluding one all-8 specimen. The mechanical proper- 
ties of the terminal a phase were determined from a 
Ti-0.53 pet Mo alloy. This composition actually is 
slightly higher than the a solubility limit, so that 
small quantities of 8 were present in these speci- 
mens. A typical microstructure is shown in Fig. 1. 
The mechanical properties given in Table II were 
taken as representative of the molybdenum-satur- 
ated a solid solution. 

Mechanical property data on the binary Ti-Mo 
alloys have been presented by DeLazaro et al.’ The 
structures were developed in their work by isother- 
mal transformations from 8 to B+a. In the present 
study, the specimens were quenched from anneal- 
ing temperatures in the a-@ or £ field, so that the 
microstructures are quite different from those pre- 
viously reported. 

8-Quenched Alloys 

Specimens that contain 7.9 pct or less molybde- 
num transform at least partially to martensite when 
quenched from the 8 field. Those containing 11.7 pct 
or more molybdenum retain the 8 phase on quench- 


ing. The 6 phase retained on quenching is relatively 
soft, indicating that little or no @ is formed during 
the quench. 


Table Il. Mechanical Properties of a Ti-0.53 Pet Mo Alloy 


Annealed 16 hr at 725°C, fur- 
nace cooled to 650°C, held 64 
hr, and quenched 


Heat treatment 


Vhn 

Ultimate tensile strength, psi 55,000 
0.2 pet offset yield strength, psi 34,000 
Reduction in area, pct 79 
Elongation, pct in 2 in. 48 


The mechanical properties of 6-quenched Ti-Mo 
alloys are shown in Fig. 2. The hardness, tensile 
strength, and yield strength are increased with in- 
creasing composition up to about 5 pet Mo, with a 
corresponding drop in ductility and impact resis- 
tance. These property changes correspond to an 
increasing concentration of molybdenum in the a’ 
(martensite) structure. As the composition is in- 
creased to 7.9 pct Mo, a considerable drop in yield 
strength is observed, accompanied by an increase in 
ductility and impact resistance. There undoubtedly 
is a significant quantity of 6 phase retained in this 
specimen. Strain transformation of this @ phase to 
martensite accounts for its low yield strength and 
increased ductility. 

Ultimate strengths remain nearly constant from 
11.7 up to 24.5 pct Mo. Yield strengths increase with 
alloy content until, in the Ti-24.5 pct Mo alloy, there 
is very little spread between yield and ultimate 
strength. Ductility and impact resistance are de- 
creased as the alloy content of the 6 alloys is in- 
creased, except that a maximum reduction in area 
value was found at 15.6 pct Mo. 

The mechanical properties of the $-quenched 
Ti-Mo alloys may be summarized as follows: 

1) The martensite formed on quenching in- 
creases in strength and hardness with alloy content, 
with a corresponding loss of ductility and impact 
resistance. 

2) The M, at room temperature lies between 7.9 
and 11.7 pet Mo; the M, at room temperature prob- 
ably is close to 4.7 pet Mo. 

3) The B is retained in specimens containing 11.7 
pet or more molybdenum. Tensile strengths and 
hardness values are nearly constant from 11.7 to 24.5 
pet Mo. The quenched £ is soft, indicating that 
phase is not formed during the quench. 

4) The B phase containing 15.6 pct or less molyb- 
denum is mechanically unstable and transforms to 


Fig. 5—Impact-specimen fractures of 
a B-quenched Ti-11.7 pct Mo alloy. 
a, LEFT, tested at —196°C; energy 
absorbed, 15 in.-lb. b, RIGHT, tested 
at 200°C; energy absorbed, 134 in.- 
Ib. X10. Reduced approximately 5 
pct for reproduction. 
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stress (yield strength), high ductility (particularly per ad 
. . . ve Py 
uniform elongation), and high impact resistance. co ie 
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X250. Enlarged approximately 10 pct for reproduction. 
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The combination of high uniform elongation and 
low initial flow stress (yield strength) also appears 
in the Ti-15.6 pet Mo and the Ti-7.9 pct Mo alloys. 
The strain transformation was not observed for the 
Ti-24.5 pct Mo alloy. Thus, the formation of strain- 
induced martensite occurs for 8 phase containing as 
low as 7.9 and as high as 15.6 pet Mo. 

The strain transformation also has a major in- 
fluence on notch-bend impact properties. The three 
strain-transforming alloys show pronounced tran- 
sition behavior, with the transition temperature be- 
low —40°C. The notch-bend impact energy absorp- 
tion above the transition temperature is comparable 
with that for unalloyed titanium and is much higher 
than that for nonstrain-transforming B alloys. The 
quantity of 8 transformed to martensite increases 
with the amount of energy absorbed, as shown in 
Fig. 5. Notch-bend impact transition curves for the 
A-quenched alloys are presented in Fig. 6. 

For the Ti-15.6 pct Mo alloy, it was observed that 
an increase in testing temperature above the transi- 
tion temperature lowered the impact energy ab- 
sorbed. Examination of the microstructures showed 
that the volume of metal showing transformation 
was high, but that the fraction transforming de- 
creased with an increase in temperature above the 
transition. This observation is in agreement with 
the work of Patel and Cohen,* where the application 
of uniaxial tension or compression was found to in- 
crease the temperature of martensite formation. 
Thus, the decrease in absorbed energy at higher 
temperatures corresponds to a smaller amount of 
free energy change and a smaller amount of trans- 
formation. Below the transition temperature, the 
tension sides of the impact specimens apparently 
have reached the fracture stress before significant 
amounts of martensite were found; some transfor- 
mation occurred in the compression side before 
fracture. 

The a-6 Alloys 

It was found during preliminary tests that the 
Ti-Mo alloys require extensive annealing treatments 
in the a-8 field to reach a minimum strength condi- 
tion, which was taken as equilibrium. The basis for 
this criterion is that a phase is much softer than 8 
phase in the Ti-Mo system, and that strength will 
decrease continually as long as massive a phase is 
rejected. Heat treatments were designed to provide 
specimens with the same a-8 equilibration treat- 
ment, but with treatments initiated both in the a-8 
and £ fields. These treatments were only partially 
successful, in that a true comparison between equi- 
axed and transformed a-f8 structures was possible 
only for the Ti-4.7 pet Mo alloy. 

Effects of a-8 Ratio—The effect of quenching 
temperature on the tensile properties of four Ti-Mo 
alloys is shown in Fig. 7. 

The effects of a-8 ratio, and particularly the in- 
fluence of the 8 phase, on mechanical properties may 
be observed in these curves. For the Ti-4.7 pet Mo 
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alloy, the tensile strength is increased with anneal- 
ing temperature; this corresponds to an increase In 
the amount of 8 phase in the microstructure. This 
increase in strength is primarily an effect of a-f 
ratio since, over the composition range of the equilib- 
rium f£ phase, no appreciable change in tensile 
strength was observed. The low yield strength and 
high impact resistance found for the specimen 
quenched from 810°C can also be associated with 
the influence of the @ phase. At this temperature, the 
equilibrium 8 contains about 7 pct Mo and, thus, is 
mechanically unstable. Specimens quenched from 
850°C transform to martensite, with higher strength 
and lower impact resistance. 

The other alloys behave in a similar manner. At 
low annealing temperatures, the tensile strengths of 
the Ti-7.9 pct Mo and Ti-11.7 pct Mo alloy speci- 
mens are increased slightly with an increase in an- 
nealing temperature. At higher temperatures, where 
mechanically unstable 8 is present, yield strengths 
drop abruptly and toughness is increased. The same 
effects are observed for the Ti-15.6 pct Mo alloy. 

The properties of the Ti-Mo alloys, annealed and 
quenched from the a-6 field, are dominated by the 
properties of the 6 phase. Where the composition of 
the 8 phase in the two-phase alloy is within the 
composition range for mechanical instability, the 
properties of the a-f alloy reflect this instability. 


Table III. Comparison of Mechanical Properties of a Ti-4.7 Pct Mo 
Alloy 


Annealed 1 hr at 
900°C, furnace 
cooled to 800°C, 
held 1 hr, furnace 
cooled to 725°C, 
held 16 hr, and 
quenched 


Annealed 16 hr at 
725°C and quenched 


Heat treatment 


Microstructure Equiaxed qa grainsin Coarse q@ plates in a 
a B matrix B matrix (trans- 
formation struc- 
ture) 
Vhn 204 201 
Ultimate tensile 
strength, psi 77,000 72,000 
0.2 pct offset yield 
strength, psi 63,000 42,000 
Reduction in area, 
71 54 


pet 
Elongation, pet in % 
in. 41 23 
Uniform elongation, 
pet (true strain at 
maximum load) 17 8 


The effects of strain-induced martensite are not ob- 
served when the annealing treatment is carried out 
at a temperature low enough so that the £6 is stable. 
This was done by annealing at 650°C, with the re- 
sultant properties as shown in Fig. 8. Between 4.7 
and 7.9 pct Mo, the matrix changes from a to 8, 
with a considerable change in mechanical properties. 
Thus, the Ti-4.7 pct Mo alloy tends to have proper- 
ties similar to those of the a matrix, whereas the 
alloys containing 7.9 pct or more molybdenum have 
properties similar to those of the 8 matrix. 

Effects of a-8 Grain Shape—A direct comparison 
of the equiaxed and transformed a-f structures can 
be made for the Ti-4.7 pct Mo alloy. The two micro- 
structures are shown in Fig. 9. A comparison of 
mechanical properties is given in Table III. 

These data show that, although the specimen with 
the transformed structure was somewhat softer and 
less strong than that with the equiaxed structure, it 
also had lower ductility. This is attributed to the 
grain shape effect, which has been observed pre- 
viously in similar cases.* 

The differences in tensile strength and, in par- 
ticular, yield strength for the two types of heat 
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treatment become more pronounced as the alloy 
content is increased. In the Ti-7.9 pct Mo alloy, for 
example, the yield strength for the specimen an- 
nealed in the a- field was 40,000 psi above that for 
the specimen cooled from the £ field. These differ- 
ences in strength are thought to be a result of differ- 
ences in the rate at which a phase is rejected from 
8. The rate of equilibration in the Ti-Mo alloys, as 
indicated by attainment of minimum strength, is 
relatively sluggish in comparison with other alloy 
systems (Ti-Mn, for example). The rate at which 
equilibrium is attained at a given temperature in the 
a-B field appears to be increased when a trans- 
formed, rather than an equiaxed, a-8 structure is 
present. This suggests that the specimens annealed 
in the a-@ field (16 hr at 725°C) did not reach the 
equilibrium between the a and 8 phases that was 
intended so that, actually, the alloy in the equiaxed 
condition probably had more £ in it than it had in 
the acicular condition. Alternatively, it is possible 
that the degree of equilibrium was the same and 
the difference in strength isa grain size effect. 

The mechanical properties of the alloys quenched 
from the a-f field may be summarized as follows: 

1) Strengths generally are in proportion to the 
quantities and strengths of the a and 8 phases. 

2) Ductilities are poorer for specimens initially 
heated into the 8B field. 

3) Specimens initially heated into the £ field 
appear to have lower strengths in the equilibrated 
condition than specimens annealed wholly in the 
a-B field’ 
Effect of Aging at Low Temperature 

The aging response for specimens quenched from 
the B field was studied for several alloys. The speci- 
mens were held for times up to 16 hr at a tempera- 
ture of 400°C, and the hardness was taken as a 
measure of aging response. Results are shown in the 
curves of Fig. 10. 


The hardnesses of the quenched specimens were all 
nearly the same. The increase with aging was great- 
est for the alloys containing 11.7 to 15.6 pct Mo. The 
Ti-7.9 pct Mo alloy (which quenched to a marten- 
site plus 8 structure) showed a lesser response to 
aging, and the Ti-24.5 pct Mo alloy, still less. As the 
molybdenum content is increased from 11.7 to 15.6 
pct, the peak in the hardness curve occurs at longer 
aging times. This indicates that the 8B phase be- 
comes more stable as the alloy content is increased. 
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The Martensitic Transformation in the 


lron-Nickel System 


The martensite-start temperature (M.) on cooling and the austenite-start tempera- 
ture (A,) on heating in the iron-nickel system have been determined between 9.5 and 
33.2 atomic pct nickel. By considering the « and y phases to be regular solid solutions, 
it is shown that T., the temperature at which AF*>”’=0, lies approximately halfway 
between M, and A,. This relationship has been corroborated by a study of the effect of 


plastic deformation on M, and A.. 
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been the subject of considerable study. In addition, 
there have been numerous investigations on the 
calorimetric and thermodynamic properties of iron- 
nickel alloys.’” 

The purpose of the present work is to extend the 
existing information concerning the martensitic re- 
action in the iron-nickel system, and to develop a 
general thermodynamic treatment which will en- 
compass the equilibrium and non-equilibrium phase 
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Fig. 1—The M;-A; diagram, determined by resistance meas- 
urements. The dashed lines are the a/a+ty and a+y/y 
phase boundaries of the equilibrium diagram. 
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Fig. 2—Diagram for 29.3 atomic pct nickel, rate 5°C per min. 
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Fig. 3—Composite resistance-temperature curves for iron- 
nickel alloys obtained on cooling. Rate 5°C per min. 
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transformations. The potential value of this ap- 
proach is three-fold. It should yield a more complete 
picture of the iron-nickel phase diagram. In addi- 
tion, it should result in a better description of the 
martensitic reactions (y> a’) which occur in iron- 
nickel alloys. Finally, it might provide a method by 
which the martensitic transformation could be uti- 
lized to give thermodynamic information at low 
temperatures where diffusion processes become in- 
operative. 


Experimental Determination of the M.-A, Diagram 

The a/at+ty and a+y/y equilibrium phase 
boundaries determined by Owen and Liu’ are shown 
in Fig. 1. The sluggishness of the diffusion-con- 
trolled reactions by which equilibrium is attained 
makes it impractical to determine these boundaries 
below 300°C (573°K). The extension of the a/a + y 
boundary in Fig. 1 is the result of the calculations 
to be discussed later. 

The M,-A, diagram is also shown in Fig. 1. The 
y= a transformations on cooling and heating in- 
dicated by the M, and A, lines occur without change 
in composition. 

In order to determine the M,-A, diagram, thir- 
teen iron-nickel alloys were prepared from high- 
purity electrolytic iron and electrolytic nickel. The 
alloys were vacuum melted, suction-cast into rod- 
shaped ingots 0.18 in. diam, and swaged in four 
steps into 0.062-in. wire suitable for electrical re- 
sistance measurements. The ingots were annealed 
at 1200°C in vacuum for one week prior to swaging. 
Subsequently, the rods were annealed for 24 hr 
at 1100°C after each swaging step. An average 
grain diameter of 0.1 mm was developed by this 
procedure. 

Resistance-temperature curves were obtained for 
each alloy at a cooling or heating rate of 5°C per 
min in order to determine the M, and A, tempera- 
tures. At least six specimens of each alloy were run 
in these experiments, and the values of M, and A, 
were found to be reproducible within +10°C. 


Table |. Values of M; and A, Obtained by Resistance- Temperature 
Measurements on Iron-Nickel Alloys* 


Pct Ni Ms°C M;°C* M;°K As°C As°K 

9.5 525 477 798 680 703 953 
14.5 350 230 623 625 650 898 
19.0 210 103 483 570 604 843 
23.75 120 25 383 510 576 783 
28.0 7 —100(95%) 280 425 526 638 
29.3 —30 — 196 (95%) 243 390 442 663 
29.7 —42 —186(95%) 231 365 435 638 
30.7 —196 (95%) 201 335 420 608 
31.7 —115 —196(85%) 158 315 416 588 
32.4 —146 —196(80%) 127 300 400 573 
32.7 —180 (65 to 75%) 93 300 400 573 
aS —223 (65%) 50 300 400 573 


* Mr is the temperature at which the y >a’ reaction ceases on 
cooling. A; is the temperature at which the a’>v7y reaction is com- 
plete on heating. Percentages tabulated in the My; column indicate 
the approximate quantity of martensite formed on cooling the alloy 
in liquid helium. 


Table I presents the A, and M, temperatures ob- 
tained in this investigation. Fig. 2 shows a cooling 
and heating curve for the 29.3 atomic pct nickel 
alloy, while Figs. 3 and 4 are composite resistance- 
temperature curves for all the alloys. 

Holding of austenitic specimens at temperatures 
slightly above M, does not result in the isothermal 
formation of martensite. Correspondingly, holding 
of martensitic specimens at temperatures slightly 
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below A, does not cause the isothermal reversal of 
martensite to austenite. These isothermal holding 
experiments were necessarily restricted to tem- 
peratures below 450°C, where the mobilities of iron 
and nickel in the b.c.c. and f.c.c. phases are low 
enough to preclude decomposition of the metastable 
austenite or martensite by diffusion-controlled re- 
actions during the time of the runs. 

If an austenitic specimen is cooled below M, and 
held isothermally, stabilization of the remaining 
austenite occurs and appreciable undercooling be- 
low the holding temperature is required to restart 
the martensitic transformation.“ The reverse 
transformation is also stabilized by isothermal hold- 
ing above A,. Moreover, no observable isothermal 
reversal (a’—> y) takes place. Fig. 5 shows the sta- 
bilization curve obtained for the alloy containing 
29.7 atomic pct nickel. 

Other pertinent characteristics of the ya’ re- 
actions may be summarized as follows: 

1) The yo’ reaction is not nucleated homo- 
geneously, there being no lower limit to the M, tem- 
perature above 0°K as the nickel content is in- 
creased.” Classical nucleation theory which relies 
upon thermal fluctuations to initiate the transfor- 
mation predicts a lower limit of 120°K for the M,.™ 

2) The yo’ transformation displays the burst 
phenomenon” in alloys containing more than 28.0 
atomic pct nickel. In these cases, M, is below room 
temperature. The ya’ reaction in alloys contain- 
ing less than 24.0 atomic pct nickel occurs progres- 
sively over a range of temperatures. In these alloys, 
M, is above room temperature. 

3) Both M, and A, are relatively insensitive to 
heating and cooling rate.”*°" 

Consideration of the phase rule for equilibrium 
between two phases of the same composition in a 
binary system indicates that there are zero degrees 
of freedom if the pressure is fixed. Consequently, 
there must be a temperature, T,, for each alloy 


* AFe’s7 is defined in the next section. 


The experimental fact that both the y> a’ and 
a’ > y reactions do not proceed isothermally above 
M., or below A,, together with the observation that 
the martensitic transformation may take place at 
temperatures approaching 0°K, rules out homo- 
geneous nucleation as a controlling factor in these 
reactions. 

Consequently, it would appear that the nuclea- 
tion occurs at preferred sites and is controlled, not 
by thermal fluctuations, but by the available free 
energy to start the reaction. 


Thermodynamic Treatment of the Iron-Nickel System 


Interpretation of the M,-A, diagram—The free 
energy of the b.c.c. phase, F*, and the f.c.c. phase, 
F’, are defined as follows.* 


* The shorthand notation for the austenite to martensite reaction 
is y>a’ and a’>y for the reverse transformation. The free energy 
decrease accompanying the austenite to martensite reaction is 
—AFy>50 = AFa’-s7, However, since both the martensite and ferrite 
are b.c.c. in this system, their free energies are equal. Hence 


Ares? (1 — 7) + APL” 


where x is atomic fraction nickel, and F;.”, Fy,’, and 
F,,’ are the free energies of pure f.c.c. Iron, pure 
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Fig. 4—Composite resistance-temperature curves for iron- 
nickel alloys. Heating rate 5°C per min. 
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Fig. 7—Free energy ys temperature for a constant composi- 
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f.c.c. nickel, and the free energy of mixing of the 
f.c.c. solid solution. The superscript a refers to the 
b.c.c. phase. Each of these quantities is a function 
of temperature. Furthermore, Fy,” and Fy,* are com- 
position dependent as well as temperature depend- 
ent. AF*>’ refers to the difference in free energy 
between the f.c.c. phase and the b.c.c. phase of the 
same composition. 

If all of the free energy terms in Eqs. 1 and 2 
were known exactly, then a three-dimensional free 
energy, temperature, composition diagram similar 
to Fig. 6 could be constructed. In Fig. 6, the base 
is the familiar x, T diagram, Fig. 1, rotated into the 
horizontal plane. If a section at constant tempera- 
ture, i.e., 800°K, is passed through Fig. 6, then free 
energy-composition curves for F* and F” are ob- 
tained. Applying the rule of common tangents to 
these free energy-composition curves, the concen- 
trations of nickel at the a/a + y boundary, x,., and 
the a + y/y boundary, x,, are determined. The pro- 
jection of these points onto the x, T plane is shown 
by the arrows pointing upwards. 

The intersection of the F* and F” surfaces results 
in a curve for AF*>?=0, which if projected onto 
the x, T plane gives the temperature, T., for each 
alloy. 

Consider the free energy path of a 31 atomic pct 
nickel alloy (M, = 200°K), which is austenitized 
at 800°K, subsequently quenched to 500°K, and held 
at temperature long enough to establish equilib- 
rium, This corresponds to going from A’ to B’ (2, 
T plane, Fig. 6) and forming low-nickel ferrite and 
high-nickel austenite. The free energy path is from 
A to B on the F” surface, followed by precipitation 
of the a and y phases. 

If the alloy is cooled quickly to 200°K, the free 
energy path is from A to B to C, across the AF*>” 
= 0 curve into a region where the F” surface lies 
below the F” surface. When the alloy reaches D, its 
free energy can drop to D’ on the F"* surface by 
means of a martensitic transformation. 
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Fig. 7 represents a constant composition section 
through Fig. 6. Fig. 8 is a three-dimensional dia- 
gram in which the vertical axis is the difference in 
height between the F* and F” surfaces in Fig. 6. 
Figs. 7 and 8 are convenient for consideration of the 
temperature and composition dependence of the 
quantity AF*>’ which determines the M,-A, dia- 
gram in the iron-nickel system. Fig. 6, on the other 
hand, represents the free energy of f.c.c. and b.c.c. 
phases in the iron-nickel system and thereby en- 
compasses the equilibrium as well as the non-equi- 
librium reactions. 

At present, sufficient thermodynamic information 
to express F*, F’, and AF’~’ as explicit functions of 
temperature and composition are not available. 
However, the results of this investigation make it 
possible to extend the known thermodynamic prop- 
erties of the system and these quantities can now be 
computed. 

The free energy change accompanying the ay 
transformation in pure iron—Values for AF;.*>” 
have been tabulated by Johannson’ between 0° and 
1183°K. However, the data show a considerable 
deviation from the Nernst condition that AS*?” = 


oT 
values appropriately, the equation 


was fitted to his data. The values of dy., br., and Cre 
which give the best fit between 200° and 1000°K 
are 

+1.54 x calpermol. [5] 


The free energy change accompanying the a>y 
transformation in pure nickel—There is no infor- 
mation available concerning AFy,;°~” since nickel ap- 
pears only in the f.c.c. state. In order to proceed 
with the analysis, the following assumption has 
been made for the temperature dependence of this 
quantity. 


= 0 at 0°K. In order to adjust Johannson’s 


AF = dy: + T? + [6] 


In Eq. 6 AFx,;°>? will be negative between 0° and 
1800°K and ay;, by;, and cy; are unknown constants 
which must be evaluated. 
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Fig. 8—Schematic representation of the AF*>”, x, T co- 
ordinate system. 
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Columns 1 and 2 of Table II contain the values 
of x, and x, observed by Owen and Liu." It is evi- 
dent that the maximum value of x,’ is 0.005. Con- 
sequently, the first term on the right side of Eq. 9 
can be neglected and 

1—x, 
+ RT In =— 2,’ B. 


[13] 


By utilizing Eqs. 5 and 13, together with the ob- 
served values for x, and x, in Table II, d’ and e” can 
then be determined. 
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Fig. 9—A,, Aa, To, Ma, and Ms ys nickel content for iron- 
nickel alloys. 


The free energy of mixing of the f.c.c. and b.c.c. 
solid solutions—The results of Kubachevski and 
Von Goldbeck,” and Oriani’ indicate that the y solid 
solution is essentially random. Although the results 
of both investigators suggest that the heat of mix- 
ing of the austenite is small, Kubachevski and 
Von Goldbeck report negative heats of mixing while 
Oriani reports positive heats of mixing. 

There is no information available concerning the 
free energy of mixing of the a solid solution. There- 
fore, the following assumptions have been made 
concerning the a and y solid solutions. 

a) Both the a and y solid solutions are regular 
solid solutions. 

b) The specific heats of mixing of the a and y 
solid solutions are independent of temperature. 

Application of the rule of common tangents to 
F* and F°—x, and x, are graphically determined at 
any temperature by constructing the common tan- 
gent to the F* and F” curves. The mathematical 
formulation of this condition is the equilibration of 
the partial molar free energies of iron in the a phase, 
F,.“ at x., and iron in the y phase, Fy.” at x,, together 
with a similar equilibration for nickel 


Imposing these conditions upon F” and F* yields 
(see Appendix) 


— Ly 


[9] 


+ RT In i 


a 


(1 — x.) AS (1 B 
[10] 
where 
A=d+e'T (1—InT) [11] 
and 
(1—InT) [12] 


and d’‘, d’, e’, and e’ are constants (see Appendix). 
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B = 200 —0.17T (1—1nT) calpermol. [14] 

Table II. Observed and Computed Values of x, and x, 

Owen-Liu Computed 
°K La “Ly Xa Ly 
1000 0.020 0.073 0.020 0.073 
900 0.033 0.150 0.033 0.145 
800 0.047 0.250 0.047 0.245 
700 0.063 0.367 0.063 0.367 
600 0.073 0.516 0.073 0.520 
500 0.075 0.672 0.075 0.672 
400 = -_ 0.080 0.800 
300 == = 0.070 0.910 
200 = = 0.050 0.975 
100 = = 0.030 0.999 


The values of x, and x, shown in columns 3 and 4 
of Table II can now be computed between 100° and 
1000°K from Eqs. 13 and 14. 

Substitution of Eq. 10 into Eq. 3 (see Appendix) 
yields 


AF*’>” = (1—2) — 2x [ar 


La 
B(x — 2x, + | (x—2x,+ x,”). [15] 


All the terms in Eq. 15 are now known except the 
one containing A. However, the value of the com- 
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Fig. 10—The free energy change accompanying the mar- 
tensite transformation in the iron-nickel system. 
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Fig. 11—Driving force necessary for initiating diffusionless 
transformations as a function of composition. 


position-dependent coefficient of A is less than 0.02 
at the M, and A, temperatures for alloys containing 
up to 25 atomic pct nickel, and consequently the 
term containing A can be neglected in computa- 
tions of AF*~>” in this composition range. 


Table III. Approximate Calculation of AF*”>” and T, for 
Iron-Nickel Alloys 


x, Cal per Mol Cal per Mol OK OK at To 
0.05 — 37 — 53 960 955 <0.001 
0.10 —122 —109 840 850 0.002 
0.15 —199 —201 745 750 0.006 
0.20 —280 —255 650 660 0.013 
0.25 —320 —353 560 565 0.023 
0.30 —294 —462 490 440 0.045 
0.35 425 0.065 
0.40 355 0.100 


The values of AF*>” at A,, AF’>“ at M,, and T, 
for each alloy listed in Table III have been obtained 
by using Eqs. 14 and 15 (neglecting the A term) 
and the computed x, and x, values in Table II. It 
is evident that T, is approximately % (M, + A.) 
and that AF*>” at A, is equal to AF’>” at M, for 
alloys with less than 25 atomic pct nickel. Thus, 
over the range of x and T where the approximate 
solution is most accurate, T, = % (M, + A.) and 
is equal to 


Effect of Plastic Deformation on the Diffusionless 
Transformation in the Iron-Nickel System 

Hess and Barrett” have utilized plastic deforma- 
tion to determine T, in the Co-Ni system. The effect 
of plastic deformation on the y>a’ and a’>y re- 
actions was similarly investigated here to bracket 
T, in iron-nickel alloys by ascertaining M, and A,. 
M, is the highest temperature at which the ya’ 
reaction can be initiated by deformation. A, is the 
lowest temperature at which the a’>y reaction can 
be initiated by deformation. 

The 28.0, 29.7, and 30.7 pct nickel alloys were 
selected for this study because their M, tempera- 
tures lie below room temperature and also because 
structures containing at least 95 pct martensite can 
be obtained by cooling these alloys in liquid nitro- 
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gen. Specimens were prepared in exactly the same 
way as the resistance samples, except that those 
used for the A, experiments were refrigerated in 
liquid nitrogen for 1 hr prior to deformation. Sub- 
sequent refrigeration in liquid helium did not de- 
crease the retained austenite content of the speci- 
mens significantly. 

Deformation was performed in compression at 
temperature by immersing the specimen and the 
compression heads in a temperature bath. Loads up 
to 30,000 lb were applied perpendicularly to the 
specimen axis of 1% in. lengths of the 0.062 in. diam 
wire in about 1 min. The wires were thus com- 
pressed into strips about 0.025 in. thick. In a similar 
investigation on the effect of deformation on the 
yo’ reaction, MacReynolds found that deformation 
in 1 sec was slow enough to avoid overheating the 
specimen, 

The quantity of transformation product after de- 
formation was determined by X-ray analysis and 
resistance measurements. Metallographic examina- 
tion of the specimens served as a check. The M, and 
A, temperatures for alloys with 28.0 to 37.0 atomic 
pet nickel are shown in Fig. 9. 

It may be noted that the A, temperature of the 
34.5 atomic pct nickel alloy was found by deform- 
ing specimens in liquid nitrogen to produce marten- 
site and then observing the temperature at which 
this martensite began to revert to austenite on 
heating. 

Fig. 9 provides a summary of the values of A,, Aa, 
M,, and M, determined experimentally. The tem- 
perature gap of about 400°C between A, and M, is 
narrowed to 75°C (A, — M,) in the 29.7 and 30.7 
atomic pet nickel alloys and to 125°C in the 28.0 
atomic pct nickel alloy. It was not possible to 
bracket T, any closer because of the predominant 
yielding by slip rather than by transformation. In 
fact, very severe deformation may stabilize the 
phase against transformation rather than induce it. 
Nevertheless, if T, is taken to be midway between 
M, and A,, the results of these experiments are in 
good agreement with the thermodynamic calcula- 
tions previously carried out from which it was con- 
cluded that T, = % (M, + A.,). 


Extension of the Thermodynamic Analysis of the 
lron-Nickel System 


For values of x greater than about 25 atomic pct 
nickel, the effect of neglecting the term containing 
A in Eq. 15 introduces serious errors into the calcu- 
lation of T,, AF*>|4,, and AF’>*|u,. The values of 
T, thus calculated for alloys containing more than 
30 atomic pct nickel by means of Eq. 15 are plotted 
in Fig. 9. 

The fact that these results lie above the experi- 
mentally observed A, temperatures indicates that 
the A term in Eq. 15 cannot be neglected for alloys 
with more than 25 atomic pct nickel. 

In view of the agreement between % (M, + A,) 
and % (M, + A,) in Table IV, and the results of 
the calculations carried out for alloys containing 
less than 25 atomic pct nickel, the condition that 
T, = % (M, + A,) and that AF*~>’ at A, is equal 
to AF’>” at M, for each alloy can now be extended 
to compositions with more than 25 atomic pct nickel. 

Consequently, for each alloy 

— = —AR*>" lac, [16] 
or 
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Substitution of Eqs. 6, 11, 12, and 35 into Eq. 3 
yields 
[18] 
where 
oh (ol e = e’— e*, [19] 
The constants in Eq. 18 can be evaluated by ap- 
plying Eq. 17 to Eq. 18 for the alloys listed in Table 
UI. As a result, the following expressions can be 
derived for AFy;*>’ and A 


AFy,°>” = —3700 + 7.09 x 10°T? 


+ 3.91 < 107T* cal per mol [20] 
A 4000.75 0) (1 In T) 
— RT(xInx + (1—<x)In (1—72)) 
x(1— 2x) 


calpermol. [21] 


Thus, the otherwise unknown free energy of mixing 
of martensite phase (Fy*) can be calculated from 
21. 

Returning to Eq. 18 


2.63 10° 7? £1.54 10°T") 
+ x) (3600 + 0.58T (1 —InT)) 
calpermol. [22] 


AF*>” vs T curves are plotted for various alloy 
compositions in Fig. 10. Fig. 11 shows the effect of 
nickel content on the driving free energy required 
to initiate the y>a’ and a’>y reactions at M, and A,, 
respectively. The values of T, determined from Eq. 
22 are plotted in Figs. 1 and 9. 

Furthermore, since 


0 AF 
AH = AF — T —— [23 ] 
oT 


the heat effects accompanying the y—> a’ reaction at 
M, and the a’ > y reaction at A, can be computed 
for each alloy. These results are presented in Table 
IV along with the observed heat effects measured 


Table IV. The Heat Effect Accompanying the and 0’ 
Reactions as Calculated from Eqs. 18 and 23, and as Observed by 
Scheil and Normann 


AHa’-57, Cal per Mol AHy->2’, Cal per Mol 


Calcu- Ob- Calcu- Ob- 

ay As, °K lated served Ms, °K lated served 
0.05 1020 +574 +540 890 —1018 — 840 
0.10 950 +720 +630 750 —1160 —980 
0.15 890 +748 +650 610 —1144 —1080 
0.20 835 +714 +520 480 —1000 —1000 
0.25 765 +669 +380 365 —810 —820 
0.30 660 +587 _- 235 —593 — 


by Scheil and Normann.” The general agreement is 
quite satisfactory. 


Driving Free Energy Required to Initiate the y>«’ and 
a’>y Transformations 

The results of this investigation show that as the 
nickel content is raised, there is an increase in the 
driving free energy necessary to initiate both the 
reaction at M, and the a’ > y reaction at A,. 
This is probably related to the fact that T, is mark- 
edly lowered by increasing nickel. The resistance 
to a shear transformation, nucleating at a given 
preferred site, may be expected to vary with the 
strength of the parent lattice, and this would be- 
come larger, the lower the temperature. On this 
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basis, the higher nickel alloys should require a 
larger driving force to start the martensitic trans- 
formation or its reverse than should the lower nickel 
alloys, as is observed. 


Discussion of Some Computed Thermodynamic 
Properties of the Iron-Nickel System 
Eq. 14 yields 
Hi,” = x(1 — x) (200 — 0.17T) cal per mol. [24] 


At 1000°K and x = 0.5, Hi’ = -+-7 cal per 
Oriani” reports a value of about +130 cal per mol, 
while Kubachevski and Von Goldbeck’ report —250 
cal per mol for H,,” at approximately 1000°K. All 
of these results suggest that the y phase is nearly 
ideal. 

The heat effects accompanying the y>a’ and a’>y 
reactions which can be calculated from Eqs. 18 and 
23 agree quite well with the measurements of 
Zuithoff* and of Scheil and Normann.” 

There have been a number of previous attempts 
to derive the thermodynamic properties of the iron- 
nickel system from the equilibrium diagram.” * * 
In principle, all of these treatments are essentially 
the same, the basic equation for AF“~>” derived by 
these treatments being 


AF“>" = (1—2) + x AH*>’calper mol [25] 


where AH*>” is defined as the difference between the 
heats of solution of nickel in a and y iron. AH*>” is 
assumed to be independent of temperature and com- 
position. With these assumptions, it is found that’ 


= RTIn—. [26] 
Ly 

Although AH*” as given by Eq. 26 may be ap- 
proximately constant over a small range of tem- 
perature and composition, it is unwarranted to as- 
sume that it is completely independent of tempera- 
ture and composition. This point has been raised by 
Darken” and more recently by Hardy.” 

AFy:°*” as derived by this analysis is expressed 
by Eq. 20. The temperature dependence of this 
quantity is shown schematically in Fig. 8. It is seen 
that Ni’ (f.c.c.) is stable over the entire range of 
temperatures considered, and that its stability with 
respect to Ni* (b.c.c.) increases with decreasing 
temperature. 

The extension of the a/a + y and a + y/y bound- 
aries by means of Eqs. 13 and 14 shows the interest- 
ing result that the solid solubility of nickel in the 
a phase first increases, then decreases with decreas- 
ing temperature. (See Fig. 1 and Table II.) 


Summary 

The M, and A, temperatures of iron-nickel alloys 
have been determined by means of resistance-tem- 
perature curves. These findings have been incor- 
porated in a thermodynamic treatment of the iron- 
nickel system as follows: 

1) Equations are set up for the free energies of 
the a and y phases, treating them as regular solid 
solutions of iron and nickel. 

2) The rule of common tangents is then applied 
to the expressions for F” and F’*, and by utilizing the 
known equilibrium phase boundaries for tempera- 
tures between 573° and 1183°K, it is possible to 
evaluate the free energy of mixing for the y phase. 
Furthermore, once Fy” is known, the equilibrium 
diagram can be calculated for temperatures rang- 
ing down to subatmospheric temperatures, 
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Table V. Numerical Values of Temperature-Dependent Quantities 


Ly 1—Xa 
RT In—, RT In 
AF 7, B, Xa AFynity7, (B—A), 
°K Cal per Mol Cal per Mol Cal per Mol Cal per Mol Cal per Mol Cal per Mo 
1000 112 1201 2560 115 —2600 180 
900 194 1036 2640 217 — 2800 572 
800 309 971 2610 366 —3000 964 
700 441 861 2440 544 —3200 1346 
600 590 750 2430 782 —3360 1718 
500 738 641 2170 1028 —3500 2091 
400 879 541 1835 1209 — 3560 2442 
300 1007 439 1520 1382 — 3600 2782 
200 1109 346 7S 1440 — 3640 3101 
100 1177 261 690 1440 — 3680 3391 


3) The difference in free energy between aus- 
tenite and martensite (AF*>’) can be expressed in 
explicit form as a function of composition and tem- 
perature, but at this point the available information 
permits only an approximate solution that applies 
up to 25 atomic pct nickel. Within this composition 
range, T,, the temperature at which AF*”>”’ = 0, can 
be computed for each alloy. 


4) It is found that T, evaluated in this way lies 
close to % (M, + A,) as determined experimentally 
for alloys up to 25 atomic pct nickel. In addition, 
the driving energy to start the martensitic trans- 
formation at M, is equal to the driving energy to 
reverse the transformation at A,. 


5) To extend these results to the composition 
range where the approximate solution is not valid, 
plastic deformation was employed to bracket T, 


experimentally in alloys containing 28.0 to 37.0 
atomic pct nickel. These observations confirmed the 
previous finding that % (M, + A.) yields good 
values for T, in this system. 

6) It is then possible to extend the T, vs com- 
position curve beyond the range where the approxi- 
mate solution applies, and hence the unknown 
terms in the explicit expression for AF*>” can be 
evaluated. In turn, the otherwise unknown free 
energy of mixing of the martensitic phase can be 
computed. Another by-product of this analysis is 
the difference in free energy between f.c.c. nickel 
and the hypothetical b.c.c. nickel. The latter is un- 
stable at all temperatures covered. 

7) The thermodynamic properties calculated on 
the basis of this analysis are in good agreement with 
the measured values, wherever the latter are avail- 
able. 


Appendix 


For the austenitic phase, the free energy and 
enthalpy of mixing are 


=> H,” — TS, [27] 


yy 
Hy” = Hy" | + dT [28] 
where 
= (1— 2x) Cpr.” + + Copy’. [29] 
In Eq. 29, Cp” represents the molar specific heat 
of y phase and x is the mol fraction of nickel. Simi- 
larly 
ys! 
Su” = Sy" |r-0x + dT. [30] 


For a regular solution 


Su = —R (cine + (1—<2) In(1—72) ) [31] 


and 
Ay" = x(1 — 
where d’ is a constant. 


If it is assumed that Cp, is independent of tem- 
perature, then 


[32] 


Cpy’ = e’x(1—2) [33] 


where e’ is a constant. 
Combining Eqs. 27 through 33 with Eq. 11, we 
obtain* 


*In order to avoid evaluating the In T at T = 0° K, the limits of 
the integral in Eq. 30 are taken as T = 1° K and T = T° K. 


RT( «eine + (1—<x) In a—2)). 


[34] 


1400—JOURNAL OF METALS, OCTOBER 1956 


A similar equation can be written for Fy* with the 
coefficient A instead of B. Consequently 


Eqs. 7 and 8 state the mathematical formulation 
of the rule of common tangents. The definitions of 


F,. and Fy; are 


= oF 
Fy, = F + (1 —2) — 
0x 


oF 
ox 


[36] 
[37] 
Substitution of Eqs. 1, 2, 11, 12, 34, 36, and 37 


into Eqs. 7 and 8 yields Eqs. 9 and 10 of the text. 
Substitution of Eq. 35 into Eq. 3 leads to 


AF*’>” = (1—-2) 


+ + — x) (B—A) [38] 
but from Eq. 10 
[39] 


where x, and x, are the equilibrium compositions 
of the a and y phases at temperature T. Hence 


AF*>" (1 — 2) — xRTIn— + 


a 


B( ) 
—A — <x) 


[40] 
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Expanding and combining terms 


ABS>* — x) AF, — x( RT In 
La 

B (x 2, + ) + Ax (x — 2x, + x,”). [41] 

Table V contains the numerical values of the tem- 

perature-dependent terms discussed in this analysis. 
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R. W. Guard (General Electric Co., Schenectady )— 
The method of fractional replication discussed by the 
author has proven very valuable to us in applied re- 
search connected with alloy and process development 
where many of the same experimental difficulties exist. 
Several of our experiences may be of assistance to 
those who want to apply the method in these fields. 
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Contrary to the author’s observation that interac- 
tions are rarely significant, we have found in a number 
of cases that first order interactions exist which are 
significant and metallurgically important. Because of 
this difference there are two further precautions which 
should be taken in order to minimize the difficulties 
from this point. First, in evaluating the importance of 
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main effects where a significant interaction exists, one 
must compare the mean square not with the residual 
but with the interaction estimate. For example, in 
Table III it would be proper to compare all mean 
squares for factors P, S, T, A with the interaction PXS, 
(SXT,TXA) rather than with the residual mean 
square. This would not change the conclusions reached 
in this case but in a number of cases it could. Second, 
in order to get more satisfactory estimates of the main 
effects, it is more satisfactory to confound second order 
interactions with the main effects rather than use first 
order interactions. 

From the results of Table VI it appears unlikely that 
the interaction SXA is the significant one of the pair 
but rather that SXT is significant. This conclusion is 
based on consideration that the mean square for T 
(SXA) is so small, which would not be the case if the 
mean square observed for SXA (SXT) were attribut- 
able to the interaction SXA. 

It is doubtful that the conditions found to give the 
maximum values for the set of experimental conditions 
chosen is actually the optimum set of variables for all 
possible levels of the treatments used. This is obvious 
from Table IV which shows no evidence of minima for 
any of the variables. Instead of staying with the orig- 
inal level of variables in block 2, the analysis of block 
1 indicates that a different set of levels should be chos- 
en in the second set of experiments as suggested in 
Table VII. In the original block 2 there are four of 
the eight new measurements which give values higher 
than average of block 1. By extending the levels of 


Table VII. Suggested Levels For Block 2 (Revised) 


p, pH 9 
10 
s, amount of starch 0.16 
0.33 
0.50 
A, amount of amine 0.16 


0.24 


variables to the lower (or higher) levels suggested by 
the data, greater efficiency in determining the optimum 
conditions can be obtained, since more of the measure- 
ments will be concentrated in areas where the data 
indicate the purity is likely to be the highest. 

In designing experiments of the type discussed in 
this paper another technique has been found to be very 
useful. This is the method of steepest ascent described 
by Box and Wilson.’ This method is similar in prin- 
ciple to hill climbing, in that the experiments are 
pointed in the direction in which the purity (or yield) 
is changing most rapidly. In this method one uses the 
fact that any surface in n-dimensional space can be 
represented approximately by a polynomial. If the 
dependent variable (SiO: in this case) is plotted as a 
function of all of the independent variables, the opti- 
mum set of conditions exists when the partial deriva- 
tives of the measured quantity with respect to each 
controlled variable are zeros. In designing the experi- 
mental plan for using this method three levels of each 
variable should be used wherever possible and smaller 
fractional replicates or similar orthogonal designs may 
be used in the preliminary design, for example 1/6 or 
1/12 replicates of 3” designs. From the preliminary 
data, the direction of steepest ascent for subsequent 
experiments can be calculated. It was as a result of 
consideration of the method of steepest ascent that the 
suggestions in Table VII were given. 

A very important aspect of the problem of searching 
for optimum conditions which the author fails to men- 
tion is that of multiple maxima. There is no simple 
method of minimizing the error of finding the wrong 
maxima, but the method of steepest ascent can be used 
to reduce the possibility of such errors. 

The author’s paper should encourage more research 
workers in metallurgy to use these very powerful 
techniques at their disposal. The methods will enable 
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them to obtain more information in a much more 
economical manner. 

Cuthbert Daniel (Engineering Statistician, New 
York)—Several errors detract from the otherwise ex- 
cellent expository sections of this paper. The 16 runs 
constituting the one-quarter replicate of a 2° factorial 
design were not the best set to choose. The Appendix 
of the paper gives an erroneous description of the 
confounding pattern actually used in block 1 and gives 
none at all for block 2. 

The separate analysis of the two sets of 16, even 
though they were planned to complement each other, 
reduces the power of the conclusions. 

The prediction equation (bottom of p. 836, col. 2) 
omits a relatively unimportant term. The formula 
given for the confidence interval on the true value 
under specified conditions (p. 837, top of col. 1) is in 


serious error. The explanation of the factor \/% given 
just below the formula is mistaken. 

Since some confounding is inevitable in a fraction- 
ally replicated experiment, one chooses that pattern 
which combines each presumably important effect 
with others that are presumably unimportant. For the 
quarter replicate of a six-factor two-level experiment 
this would usually imply that main effects are best 
confounded with three-factor interactions, and two- 
factor interactions are best confounded in pairs. Such 
a plan is given by the alias subgroup 
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There is nothing post hoc about this judgment. If the 
present case is one in which it was important to dis- 
entangle certain of the two-factor interactions, at the 
expense of confounding most of the main effects with 
two-factor interactions, then this should be stated and 
the design used justified accordingly. As it is, it is diffi- 
cult to avoid the suspicion that the design used was 
chosen inadvertently. The alias subgroup actually used 
was 


and not I = OPS’S”AT as stated in the Appendix. 
Needless to add, the recommended alias subgroup im- 
plies a different set of experimental runs than those 
actually carried out. 

A proper statistical analysis of the data would avoid 
the correlation introduced by combining eight runs of 
block 1 with eight new runs to form block 2. The whole 
set of 24 runs can be analyzed directly, as outlined by 
Kempthorne.’ However, the analysis of variance made 
for block 1 taken by itself is not entirely acceptable. 
With only 15 degrees of freedom available in all, it is im- 
portant to partition the three degrees of freedom for S, 
the four level factor, and amount of starch, into a 
mainly linear, a quadratic, and a mainly cubic com- 
ponent, and to do the same for the OxS interaction. If 
this were done, and the several mean squares arranged 
in order of magnitude, it would be clear that only A 
and the linear component of S are too large to be due 
to chance. Some might want to include P among the 
detected effects, but the remainder form a fairly 
closely ranked sequence, none of whose members can 
be called outstanding. Plotting the distribution of their 
square roots on normal probability paper confirms this 
judgment. The conventional (but correlated) analysis 
of block 2 confirms the judgments just made about A 
and linear S’ and suggests again that P may have a 
real effect. 

The prediction equation (p. 836) should contain 
terms for the mean and for each factor judged signifi- 
cant. The term for O has been omitted. The formula for 
the 95 pct confidence range on the true value of a pre- 
dicted response should read 


+ /k/N st 
where k is the number of terms in the prediction 


equation. If Griffith were correct in the terms judged 
real, k would be five, since the mean and all four 
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effects are being judged real, and each contributes to 
the uncertainty of predictions. N is the number of 
independent runs, in this case, 16. This formula, then, 
contrary to the statement of p. 837, col. 1, has nothing 
to do with the fact that this is a one-quarter replicate. 


Indeed the same factor \/5/16 should be used in block 


2, and not the \/% suggested in col. 2 of the same page. 
Both factors should be in the numerator, not in the 
denominator. 

W. A. Griffith (author’s reply)—The thoughtful com- 
ments of Mr. Guard are appreciated. I did not state 
nor intend to imply that interactions are rarely sig- 
nificant, but only that higher order interactions are 
seldom significant. Most of the effects in this type of 
experimentation can be adequately explained in terms 
of main effects and first-order interactions. As Mr. 
Guard points out, it is certainly more satisfactory to 
confound second-order interactions with main effects 
than to use first-order interactions when this can be 
arranged. The selection of the pattern of confounding 
is a matter of judgment on the part of the investigator, 
and is usually a compromise. Naturally, opinions will 
vary in any given situation. 

The question of whether main effect mean squares 
should be tested against interaction mean squares or 
residual mean squares is not subject to a hard and fast 
rule. Hither may be correct depending upon 1) the 
model of the experiment, and 2) the statistical in- 
ference to be made.” * 

The suggestion that different levels of the variables 
should have been chosen for block 2 is reasonable on 
the basis of the information presented in the paper. 


Actually, there was another dependent variable, yield 
of iron, which influenced the design. These data were 
omitted in the interest of brevity. The conditions 
selected as optimum were optimum in the sense that 
they produce maximum purity consistent with ade- 
quate yield. The iron data indicated that the levels of 
variables suggested for a revised block 2 would pro- 
duce inadequate yield, although they probably would 
produce greater purity. 

The Box and Wilson method of steepest ascent is 
certainly another attractive statistical technique. 

The layman attempting to acquire a working knowl- 
edge of statistical methods, and to use them in his 
work, will becomes aware of two pitfalls. One is the 
tendency to become enamored by technique, per se, 
and to indulge in extensive milking of data beyond 
profitable limits. The other is the tendency to accept 
statistics as an exact science, when in fact there are 
apparently wide areas of disagreement among profes- 


- sional statisticians on many relatively elementary mat- 


ters. Mr. Daniel’s suggestions on the partitioning of 
degrees of freedom fall in the first category, and his 
comments on the confidence range calculations demon- 
strate the second. His suggestion that there may be a 
better arrangement of the confounding is a reasonable 
expression of opinion. 


8G. E, P. Box and K. B. Wilson: On the Experimental Attain- 
ment of Optimum Conditions. Journal Royal Statistical Soc., 1951, 
series B13, pp. 1-45. 
®Kempthorne: Design and Analysis of Experiments. 
ff 


1900, p. 


1R. L. Anderson and T. A. Bancroft: Statistical Theory in Re- 
search. 1952, pp. 268-272. McGraw-Hill Book Co. Inc. New York. 

uA. M. Mood: Introduction to the Theory of Statistics. 1950, pp. 
329-339; pp. 342-349. McGraw-Hill Book Co. Ine. New York. 


Rate of FeO Reduction from a CaO-SiO.-Al,O; Slag by Carbon-Saturated Iron 


by W. O. Philbrook and L. D. Kirkbride 


JOURNAL OF METALS, March 1956; AIME Trans., 1956, Vol. 206, pp. 351-356. 


F. D. Delve (Jones and Laughlin Steel Corp., Pitts- 
burgh)—The authors are to be complimented for their 
kinetic study and the thought-provoking theories so 
convincingly presented in their exhaustive discussion. 
However, without detracting from the quality of the 
work, it is felt that a simpler explanation for the ap- 
parent inconsistency in the order of the reaction is 
available. According to Eq. 4 


FeOwsias) + C = Fe(l) + CO(g) [4] 


the reaction should be first order with respect to FeO, 
but the experimental results indicated otherwise. 

It is conceivable that this reaction does not represent 
the true mechanism of FeO reduction from the slag. 
The authors stated that 300 g of carbon-saturated iron 
and either 65 or 100 g of prefused slag analyzing 38.0 
pct SiO», 15.4 pet Al,Os, and 47.1 pet CaO were brought 
up to temperature together. Perhaps after melting and 
during the temperature stabilizing period, some of the 
SiO. was reduced from the slag and the silicon dis- 
solved in the iron according to the equation 


SiOvsia + 2C (gr) = Si + 2CO(g). 


Fulton,” in his work on the behavior of silicon in the 
blast furnace, showed. the equilibrium silicon contents 
of carbon-saturated iron at 2730°F in contact with 
various CaO-SiO,-Al.O; slags. Using Fulton’s ternary 
diagram, the silicon content of carbon-saturated iron in 
equilibrium with the melt-down slag used by Philbrook 
and Kirkbride should approximate 5 pct. It is not im- 
‘plied by the writer that equilibrium was attained dur- 
ing the time required for melting and obtaining ade- 
quate temperature control, but there is the possibility 
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that, during this time, sufficient SiO, was reduced from 
the slag to the metal, thereby increasing the silicon 
content of the iron to a value that might alter the 
authors’ mechanism of FeO reduction from the slag, 
as indicated in Eq. 4, to 


2FeOciag) + Si = 2Fe(l) + SiO2(s). 


This equation, should it prove to be the truer mechan- 
ism of their FeO reduction, satisfies the second-order 
kinetics with respect to FeO. It would have been in- 
teresting if they had determined the amount of silicon 
in the metal immediately prior to the addition of the 
high FeO slag and throughout the remainder of the 
experiment. The results might prove illuminating. 
This discussion dwells on the presence of silicon in 
the carbon-saturated iron in sufficient quantities that 
the silicon will be the primary reducing agent with 
respect to FeO. Richardson and Jeffes,“ in their article 
on the thermodynamics of the blast furnace, provide 
support for this theory. In their free energy diagrams, 
the Si-SiO, line intersects the C-CO line (1 atm CO) at 
about 1540°C, but the 1 pct Si in carbon-saturated 
Fe-SiO, line intersects the C-CO line (1 atm CO) at 
approximately 1260°C. In addition, Richardson and 
Jeffes summarize their results by stating that the re- 
duction of compounds of silicon can hardly occur be- 
low 1200°C, but can proceed rapidly as soon as liquid 
iron or slag becomes available as a reactant. Indirect 
evidence substantiating that stated by Richardson and 
Jeffes was supplied by Philbrook and Kirkbride in Fig. 
1. They showed that the rate of FeO reduction was 
decreased when the metallic phase was removed even 
though the slag-graphite interfacial area is trebled. It 
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is generally accepted that the activity of pure graphite 
or carbon-saturated iron is one, so merely removing 
the metal phase did not affect the activity of the car- 
bon, but did affect the rate of FeO reduction. As 
pointed out by Richardson and Jeffes, the Si-SiO: line 
intersects the C-CO line (1 atm CO) at a much higher 
temperature (1540°C) than the 1 pct Si in carbon- 
saturated Fe-SiO, line (1260°C) and, therefore, it is 
unlikely that any silicon was reduced from the slag in 
the absence of the metallic phase, but more likely that 
some silicon was reduced from the slag in the presence 
of the metallic phase. This fact might account for the 
difference in the rate of FeO reduction as shown in 
Fig. 1. The reduction of FeO by Si is probably faster 
than reduction by C. When Si is the predominant re- 


ducer, the product formed is in the solid state; whereas 
in the case of the C-FeO reaction, an additional physi- 


cal factor has to be taken into account—namely, nucle- 
ation of gas bubbles. If there are very few nucleating 
sites for the CO bubbles to form, then the C-FeO re- 
action will tend to be very sluggish. This has been 
amply demonstrated by Turkdogan, Davis, Leake, and 
Stevens.” 

In conclusion, it is felt that Philbrook and Kirkbride 
should again be congratulated for conducting this in- 
itial work and it is hoped that they have an oppor- 
tunity in the near future to probe more deeply into the 
kinetics of FeO reduction. 


W. O. Philbrook and L. D. Kirkbride (authors’ 
reply)—Mr. Delve’s interest in our study and his 
thoughtful discussion are appreciated. From experience 
with the slowness of silica reduction in similar experi- 
mental studies, the authors were reasonably confident 
that there could not have been enough silicon intro- 
duced into the metal during the melting process to 
have reacted with even a small fraction of the FeO in 
the slag. Furthermore, the strong gas evolution im- 
mediately after the iron oxide addition was ample evi- 
dence of reduction primarily by carbon, rather than by 
silicon as suggested by Mr. Delve. His proposal, by the 
way, would explain the order of reaction only if the 
process is controlled by chemical reaction rate. Data 
are more persuasive than opinions, however, so a few 
additional heats were made to see whether silicon 
could have been a factor in the apparent order of 
reaction. 


The experiments were carried out by melting 300 g 
of metal and 100 g of slag in graphite crucibles of the 
same size as were employed in the earlier work. Two 
heats were made with a lime-silica-alumina slag of the 
same nominal composition as used previously and two 
with a 53 pct CaO, 47 pct Al.O; slag, from which silicon 
could not possibly have been reduced during melting. 
The only variation from the earlier technique was that 
the iron oxide was added as synthetic FeO made by 
fusing CP ferric oxide in iron crucibles, rather than 
as a prefused iron silicate slag. This was intended to 
avoid the presence of silica in the calcium aluminate 
slags, but it was used for the other two heats as well 
for consistency. The initial FeO addition was larger 
than in the original work and the slags foamed up 
more strongly immediately after the addition. Data 
from the first 2 to 5 min, when the analyses were some- 
what erratic, have been eliminated from the kinetic 
analysis. 

Metal samples for silicon determination were taken 
from all heats just before the FeO addition and at in- 
tervals ranging from 20 to 60 min after. All results 
were of the order of 0.01 pct Si or less and showed no 
significant changes during any of the four heats. Ob- 
viously the reduction of FeO by silicon was not a 
factor in the slightest degree during the check runs. 

The two heats with the lime-silica-alumina slags 
were in good agreement with the previous results as 
to order of reaction and magnitude of k”. The two 
heats made under the calcium aluminate slag also fit 
the second-order kinetics but gave a higher value of 
k” by a factor of three or four; no more quantitative 
statement is justified for the limited amount of data. 

These check runs are thought to demonstrate that 
the second-order behavior is characteristic of reduction 
of dissolved FeO by carbon; that it is not caused by 
extraneous silicon in the metal; and that it is true of 
CaO-Al.0;-FeO slags as well as of those containing 
silica. We are glad that Mr. Delve acted by construc- 
tive criticism to cause this gap in the original publica- 
tion to be filled. 


13 James C. Fulton: The Behavior of Silicon in the Iron Blast Fur- 
nace, Regional Technical Meetings of the AISI, 1954, pp. 113-126. 

4F, D. Richardson and J. H. E. Jeffes: The Thermodynamic 
Background of Iron and Steel Processes, I—The Blast Furnace, 
Journal Iron and Steel Inst., 1949, pp. 397-420. 

6 E. T. Turkdogan, L. S. Davis, L. E. Leake, and C. G. Stevens: 
The Reaction of Carbon and Oxygen in Molten Iron, Journal Iron 
and Steel Inst., 1955, pp. 123-128. 


Relation of Flake Formation in Steel to Hydrogen, Microstructure, and Stress 


by A. W. Dana, Jr., F. J. Shortsleeve, and A. R. Troiano 


JOURNAL OF METALs, August 1955; AIME Trans., 1955, Vol. 203, pp. 895-905. 


A. B. Wilder (United States Steel Corp., Pittsburgh) 
—The authors have presented interesting information 
concerning the relationship of flake formation to hydro- 
gen, stress, and the isothermal transformation charac- 
teristics of austenite. It has been suggested by others 
that flake formation is related to hydrogen concentra- 
tion in areas of untransformed austenite. The data pre- 
sented by the authors indicate this factor is of sec- 
ondary importance, due to the rapid diffusion of hydro- 
gen and also the incubation period for flake formation. 

The relationship of radial cracks (quench type) to 
large amounts of transformed austenite, which trans- 
forms into martensite, and of random distributed 
cracks to smaller amounts of untransformed austenite, 
which also transforms into martensite, may be helpful 
in interpreting the type of flakes obtained in macro- 
etching. 

The results obtained with austempering flake-sensi- 
tized SAE-4340 steel are of particular interest because 
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they suggest the possibilities of shorter cooling cycles 
for the prevention of flakes. For example, the trans- 
formation of steel in the lower bainite region appears 
to be attractive as no flaking occurred when austem- 
pered at 640°F for 22 min or longer. Would it be pos- 
sible to eliminate flaking by austempering at 640°F and 
immediately reheating from 640°F to the quenching 
temper used in the heat treatment of gun tubes fol- 
lowed by quenching and tempering to the desired 
properties? 

R. J. Castro and R. Tricot (Ugine Steelworks, Ugine, 
Savoie, France)—In the very interesting paper pre- 
sented by the authors, it is concluded that in the 
absence of transformation stresses, abnormally high 
hydrogen contents could be tolerated without flaking. 
The experience of the authors is mainly based on trials 
made with bars of limited sections, artificially enriched 
with hydrogen. In the industrial practice, however, it 
often appears that flakes may be present even when 
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the decomposition of austenite is complete, i.e., when 
no transformation stresses remain, and for moderate 
hydrogen levels (2 to 3 cu cm per 100 g). The two fol- 
lowing examples may illustrate these observations. 

1) 5% in. sq billets of 52100 steel are slowly cooled 
after rolling in the 1550° to 1100°F temperature range, 
and then air cooled. The microscopic examination 


shows that the pearlitic transformation has been 
complete. 


2) Billets of the same size are air cooled to 950°F 
after rolling, immediately reheated for a spheroidizing 
anneal at 1470°F, and then air cooled. 

In both cases, and for the foregoing hydrogen levels, 
flakes are present, although in smaller extent than 
when the billets are straight air cooled after rolling. 
It may be that cooling stresses, more important in 
heavy sections, play (to some extent) the role as- 
sumed for transformation stresses in small sections and 
add their effects to that of hydrogen stresses. 


A. W. Dana, Jr., F. J. Shortsleeve, and A. R. Troiano 
(authors’ reply)—Mr. Wilder points out that flake 
formation has been attributed by some to hydrogen 
concentration in areas of untransformed austenite. Al- 
though we have inferred that this phenomenon may be 
of secondary importance, we should like to emphasize 
that this is still an open question. It is hoped that an 
investigation currently under way will help to define 


more clearly the role of hydrogen enrichment in flaking. 

Although we do feel that shorter antiflaking cycles 
are possible, they should be approached with caution. 
For example, cycles which depend upon complete 
transformation to bainite near the M, temperature are 
extremely difficult to achieve in actual practice, con- 
sidering the narrow temperature range for complete 
transformation to bainite, the large section sizes 
usually involved, and the segregation associated with 
these large sections. 

The discussion of Messrs. Castro and Tricot is par- 
ticularly interesting, since it indicates that perhaps we 
did not make ourselves completely clear in the text of 
the paper. We agree that, in the broadest sense, any 
stress of sufficient magnitude coupled with hydrogen 
will produce cracks. To be sure, a hydrogen-embrittled 
steel does not know the origin of the stresses that it 
might experience which cause rupture. We feel that 
the results obtained at the quenched end of the 5145 
Jominy bars attest to this (see last paragraph of Re- 
sults and Discussion in text). On the other hand, the 
type of internal ruptures usually called flakes is, in 
our opinion, largely associated with transformation 
stresses. In the near future we hope to be able to show 
that flaking can occur with externally applied stresses 
alone, which reduces the problem to one of delayed 
failure of steels containing more than normal hydro- 
gen contents. 
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Contribution to the Bi-Mn System 


by A. U. Seybolt, H. Hansen, B. W. Roberts, and P. Yurcisin 


JouRNAL oF MetTats, May 1956; AIME Trans., 1956, vol. 206, pp. 606-610. 


Lawrence Himmel (Office of Naval Research, Wash- 
ington, D. C.) and K. H. Jack (Kings College, England) 
—A few years ago, while we were both employed at 
the Westinghouse Research Laboratories in East Pitts- 
burgh, we carried out a preliminary investigation of 
the Mn-Bi system.* Some of this work has since been 


* Work supported in part by Wright Air Development Center, 
U. S. Air Force. 


reported in a paper by R. R. Heikes® which deals spe- 
cifically with the magnetostructural transformation in 
the phase MnBi. Since Dr. Seybolt and his associates 
do not make reference to this article and since other 
details have not been published, it may be appropriate 
to give first a brief summary of our essential findings. 

1) In accord with the results of the present authors, 
our X-ray and metallographic studies showed that 
MnBi is the only stable intermediate phase in this sys- 
tem, at least at temperatures below about 350°C. More- 
over, the range of homogeneity of this phase was found 
to be extremely narrow. 

2) Thermomagnetic measurements also showed 
that the stable ferromagnetic MnBi phase loses its 
spontaneous magnetization very sharply in the vicinity 
of 350°C and that there is considerable hysteresis as- 
sociated with this transition on heating and cooling. 
These observations are likewise in agreement with 
those previously published by Guillaud*° and by the 
present authors. 

3) However, by quenching a powder sample of 
MnBi (containing some unreacted manganese or bis- 
muth or both) from above the transformation tempera- 
ture, e.g., from 420°C, it was possible to obtain, at room 
temperature, a hexagonal NiAs-type phase having the 
approximate unit cell dimensions: a= 4.334A, c= 
5.965A, c/a = 1.376. According to the authors’ Fig. 4, 
these parameters correspond quite closely to those of 
the high-temperature or supposedly nonferromagnetic 
form of MnBi. In other words, it appears that the mag- 
netostructural transformation in MnBi which occurs at 
approximately 340°C on slow cooling may be sup- 
pressed entirely by a relatively rapid quench. 

4) This high-temperature phase, which is easily 
retained in a metastable state on quenching, is ferro- 
magnetic at room temperature. By measuring the satu- 
ration magnetization as a function of temperature, its 
Curie temperature was estimated to be about 200°C. 
In an independent study, Meyer and Taglang” also 
reported that MnBi quenched from 390°C is ferro- 
magnetic with a Curie temperature of 170°C.+ 


+ We are indebted to J. Samuel Smart for bringing this paper to 
our attention. 


5) When the quenched material is heated or an- 
nealed at temperatures up to about 340°C, it reverts to 
the stable ferromagnetic form, with the c-value in- 
creasing by about 3 pct and the a-dimension decreasing 
by about 1 pct. For example, the lattice parameters 
obtained after annealing in vacuo for 90 hr at 250°C 
were: a= 4.287A, c=6.118A, c/a = 1.427. Although 
it could not be established with certainty from the 
room temperature powder diffraction patterns, this 
transformation did not seem to involve any major 
alterations in chemical composition or crystal sym- 
metry. Only an anisotropic distortion of the hexagonal 
unit cell could be detected. 
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6) The conversion from the metastable to the stable 
form on heating below 340°C did not occur spontane- 
ously. Instead, the reaction was dependent upon both 
time and temperature for its completion. 

7) The transformation was also accompanied by a 
marked increase in magnetization, the stable ferro- 
magnetic phase having a higher saturation magnetiza- 
tion at any given temperature than the quenched or 
metastable material. More recent measurements by 
Heikes® have shown that the saturation moment at 
0°K amounts to 4 Bohr magnetons per manganese 
atom for the stable homogeneous MnBi phase. 

Other pertinent observations should also be men- 
tioned. The interpretation given by Guillaud® is that 
the sudden disappearance of the spontaneous mag- 
netization in MnBi at 360°C is due to a change from 
a ferromagnetic to an antiferromagnetic state. This 
prediction was based largely on analogy with MnAs, 
which does seem to undergo such a transition, as 
shown by magnetic susceptibility measurements at 
temperatures above its transition point* (45°C on 
heating). However, Meyer and Taglang” demonstrated 
that, contrary to the behavior of MnAs, MnBi exhibits 
a normal Weiss paramagnetism in the range between 
360°C and the peritectic temperature, 445°C. This has 
now been confirmed independently by Heikes, and by 
T. R. McGuire at the Naval Ordnance Laboratory.” It 
therefore seems that Guillaud’s interpretation is in- 
correct, although this should perhaps be checked by neu- 
tron diffraction experiments. The evidence strongly 
indicates, in fact, that there are two distinct ferromag- 
netic phases in the Mn-Bi system, one of which is 
stable between roughly 350° and 445°C with a Curie 
temperature of approximately 200°C, and the other 
below 350° with a Curie temperature which lies some- 
where between 400° and 450°C. 

Although both these phases seem to have the nickel 
arsenide structure, it is by no means well established 
that their only distinguishing structural characteristic 
is a difference in unit cell dimensions. The structures 
of these two phases have not yet been studied in 
sufficient detail to rule out the possibility that an 
actual difference in crystal symmetry exists between 
them. If so, however, this difference in symmetry must 
be a rather subtle one, since the X-ray powder patterns 
of the two phases appear to be practically identical, 
except for the expected shifts in the positions of cor- 
responding diffraction lines. Single crystal X-ray 
and/or neutron diffraction work may be needed to 
clarify this point. Nor is it certain that these two 
phases have precisely the same chemical composition. 
From the available data, it seems reasonable to assume 
that the low temperature phase has a composition cor- 
responding very closely to the stoichiometric formula 
MnBi and that it exhibits almost no detectable range 
of homogeneity. Whether or not the same holds true 
for the high-temperature phase is difficult to say. In 
our experiments, for example, different specimens of 
the high-temperature phase were obtained with cell 
dimensions varying from c = 5.975A, a = 4.341A, 
V = 97.5A°*; to c = 5.960A, a = 4.330A, V = 96.842 On 
the other hand, for the low-temperature form, no vari- 
ations within the experimental error of +0.001A were 
found from the values c = 6.118, a = 4.287, V = 97.3A32 
These results give some indication that the high- 
temperature phase may exist over an appreciable com- 
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Fig. 10—Induction-melted Mn-Bi alloy containing both the 
metastable high-temperature phase (clear, gray constitu- 
ent), and the stable ferromagnetic MnBi phase (mottled con- 
stituent) in a matrix of unreacted bismuth (white). 2 pct 
nital etch. X500. Reduced approximately 20 pct for repro- 
duction. 


position range, which may or may not include the 
composition MnBi. 


There is little doubt that the magnetic and struc- 
tural changes which characterize the transformation in 
MnBi are intimately related, but at the present time 
we can only speculate on the true nature of this trans- 
formation. Like the corresponding transition in MnAs, 
which shows a pronounced latent heat effect, the mag- 
netostructural transformation in MnBi seems to have 
many of the characteristics of a first-order phase 
change. As Dr. Seybolt and his co-workers have demon- 
strated, however, this phase transformation is not a 
very orthodox one in the thermodynamic or Gibbsian 
sense. The behavior is also unorthodox in that the 
changes in unit cell dimensions associated with the 
ferromagnetic-paramagnetic transition in MnBi are 
orders of magnitude greater than those observed in 
normal ferromagnetic alloys at their Curie points. 
This is very probably connected with the fact that the 
low-temperature MnBi phase has a higher magneto- 
crystalline anisotropy energy than any other known 
ferromagnetic material.* Even so, it is doubtful whether 
the magnitude of the dimensional changes can be ex- 
plained quantitatively on this basis. Furthermore, if 
the observed structural deformation in MnBi were 
purely magnetostrictive in origin, it would be diffi- 
cult to account for the thermal hysteresis associated 
with this transition and for the observation that the 
structural change can be suppressed entirely by a 
rapid quench. There are thus many points which still 
await clarification, as the authors themselves have em- 
phasized. In view of these arguments we feel it should 
first be established whether or not the transformation 
in MnBi involves any changes in crystal symmetry or 
chemical composition. 

We should also like to comment on the portion of the 
Mn-Bi phase diagram near the manganese-rich side. In 
the early work of Siebe,* thermal arrests were found 
at 1043° and 597°C in all alloys containing more than 
about 15 wt pct Mn, in addition to arrests correspond- 
ing to the monotectic (1252°C), the peritectic (442°C), 
and the eutectic (259°C) equilibria. The arrest at 
1043°C may well be identified with the 6 = y trans- 
formation in manganese which occurs at approxi- 
mately 1100°C in the pure metal. Considering the 
sluggishness of the allotropic transformation in pure 
manganese it is also possible that the 597°C arrest re- 
ported by Siebe corresponds to the a = £B transition in 
solid manganese. On the other hand, we have never 
observed this transition in Mn-Bi alloys which have 
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been slowly cooled after melting the two pure com- 
ponents under argon in an induction furnace. All 
X-ray photographs of such alloys showed a diffraction 
pattern of unreacted 6-manganese. Moreover, the unit 
cell dimensions of this phase were between 0.5 pet and 
1 pet larger than those for pure p-manganese (e.g., 
d = 6.346 to 6.357A as compared to 6.309A for elec- 
trolytic manganese quenched from 900°C). 


Depending on the value taken for the radius of the 
bismuth atom, the solid solubility of bismuth in B- 
manganese may be estimated at between 2 and 3 
atomic pet. This small amount of bismuth stabilizes the 
B-manganese structure to a surprising extent. For ex- 
ample, no apparent decomposition of the 6-manganese 
solid solution could be observed after annealing for 90 
hr at 420°C, whereas a much shorter heat treatment at 
the same temperature will completely transform pure 
b-manganese to the a-form. It is conceivable that the 
8 > a transformation temperature in manganese is 
lowered to such an extent by dissolved bismuth that 
the 6-solid solution which was found to coexist with 
MnBi in certain alloys is actually in thermodynamic 
equilibrium with this phase. Alternatively, the #-solid 
solution may be supersaturated with bismuth and may 
occur only on cooling from the y-region. 


A few notes on the metallography of Mn-Bi alloys 
may also be of interest. By suitable polishing and etch- 
ing techniques it is possible to distinguish the two 
forms of MnBi in the microstructure. This is illus- 
trated in Fig. 10, which shows a large, inhomogeneous 
mass of MnBi in a matrix of unreacted bismuth 
(white). The clear-etching gray constituent has been 
identified as the metastable high-temperature phase by 
X-ray methods; bordering or surrounding this is the 
stable low-temperature form which is somewhat 
lighter in color and has a speckled or mottled appear- 
ance. In the as-polished condition, these two phases are 
indistinguishable from one another, and from the 
bismuth-rich matrix, under ordinary illumination. On 
brief exposure to air, however, the entire mass of 
MnBi acquires a uniform gray color and becomes 
clearly recognizable in the microstructure. Etching in 
nital brings out the fact that this gray constituent is 
not homogeneous but consists of two separate phases. 


B. W. Roberts (author’s reply)—The additional ob- 
servations and comments made in the discussion ap- 
pear in general to be consistent with the measure- 
ments made by the authors. Much of the discussion 
could have been eliminated by more timely publication 
of a neutron diffraction study of BiMn from 4.2°K to 
420°C which is now in press.” Also, the measurements 
of Heikes® were published several months after this 
manuscript was submitted and since no explanation of 
the 340° to 360°C transformation was given, the refer- 
ence was not added during revision. 


The neutron diffraction results made at tempera- 
tures above and below the transformation are best ex- 
plained by a model wherein about 10 pct of the 
manganese atoms have moved at random from the 
normal NiAs sites to the large interstitial positions 
available in the lattice. The manganese atoms are in 
the paramagnetic state. This atomic arrangement 
nicely explains the contraction of the co axis and in a 
qualitative manner will explain the temperature 
hysteresis associated with the loss of magnetization if a 
strain energy is postulated to accompany the movement 
of the manganese atoms to the interstitial sites. The 
quenched-sample results of Meyer and Taglang,” and 
Heikes® may then be interpreted since rapid quench- 
ing prevents the return of displaced manganese atoms 
to their normal sites as witnessed in the cell para- 
meters of the quenched BiMn. Qualitative agreement 
of the lower mean magnetic moment in the quenched 
samples is also obtained. 

The variation of cell parameters observed by Himmel 
and Jack on quenched specimens could be explained 
by variations in the rate of quenching which would 
permit varying amounts of recovery toward the stable 


OCTOBER 1956, JOURNAL OF METALS—1407 


phase. It is known that a very rapid quench is re- 
quired. 

It is interesting that the structure of the high-tem- 
perature phase, which is supported by the neutron 
diffraction measurements, does not give additional 
crystal reflections. Systematic variations in intensities 
are predicted, however. 

The collective movement of a fraction of the man- 
ganese atoms into the interstitial sites may be pic- 
tured as a chemical order-disorder phenomenon which 
nature has allowed to occur in the BiMn system. The 
resulting lack of positional order plus the distortion of 
the lattice leads to loss of the ferromagnetic exchange 
which is then partially recovered at lower tempera- 
tures upon quenching. 


A possible explanation of the unexplained overrun 
of the 340° to 360°C magnetic transformation upon 
heating, as mentioned by Heikes’ (ref. 3), would re- 
quire the inclusion in the interstitial sites of a suffici- 
ent number of gas atoms (say from a protective fur- 
nace gas) to prevent the collective motion of the 
manganese atoms. 


»R. R. Heikes: Physical Review, 1955, vol. 99, p. 446. 

10 A. J. P. Meyer and P. Taglang: Journal de Physique et le Ra- 
dium, 1951, vol. 12, p. 63S. 

iL A. Serres: Journal de Physique et le Radium, 1947, vol. 8, p. 
146. 

R. Private communication. 

13B, W. Roberts: Physical Review, 1956, vol. 104, November 1956. 


Addendum to TECHNICAL NOTE 


Crystallographic Angles for Orthorhombic (Alpha) Uranium 


by R. B. Russell 


JOURNAL oF MetTats, September 1953; AIME Trans., 1953, vol. 197, p. 1190. 


R. B. Russell (author’s correction)—Several arithmetic errors have been detected in this technical note. The 
angles between crystallographic planes hkl and HKL in Table I should be revised to read: 


HKL 
hkl (100) (010) (001) 
312 22.6 81.4 = 
121 48.5 
134 59.9 


The standard (001) projection in Fig. 1 is correct. 


Diffusion in Liquid Lead 


by S. J. Rothman and L. D. Hall 


JOURNAL OF MeTAaLs, February 1956; AIME Trans., 1956, vol. 206, pp. 199-203. 


J. E. Reynolds (Battelle Memorial Institute, Colum- 
bus, Ohio)—The authors have shown in a temperature- 
dependency plot that the intrinsic diffusivities of lead 
and bismuth in liquid lead differ by an amount larger 
than that which could be attributed to experimental 
scatter. The Arrhenius-type equations for the diffusion 
coefficients were given as 


Dp» = 9.15x10* exp (—4450/RT) [11] 
Ds: = 9.63x10“ exp (—4070/RT). [12] 


The authors have stated that the differences in the D,, 
and Ds: values are due chiefly to the difference in the 
frequency factors rather than the difference in the 
activation energies. 

It can be shown, however, that the reverse is true. 
Dividing Eq. 11 by Eq. 12 and simplifying, one obtains 


= (0.95) exp (—380/RT). [13] 


Bi 
For a nominal temperature of 700°K, Eq. 13 becomes 


Dp» 
= (0.95) exp (—0.271) = (0.95) (0.76). [14] 


Bi 
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The frequency factors decrease the diffusivity ratio by 
a factor of (0.95), while the activation energies oper- 
ating through an.exponential decrease the ratio by a 
factor of (0.76). At the melting point of lead (600°K), 
the factor representing the activation energies becomes 
(0.73), and at 900°K, it is (0.81). This clearly shows 
that the activation energies are more potent than the 
frequency factors in affecting the differences in Dp» 
and 


S. J. Rothman and L. D. Hall (authors’ reply)—In 
view of the scatter of the data, it is a moot point 
whether a detailed analysis is worthwhile, but 1t would 
be well to get the statistics straight. 

In our opinion, Dr. Reynolds’ argument misses the 
point entirely. The point in question is the significance 
of the differences between the diffusion parameters, 
and this is determined by standard statistical methods, 
not by taking the ratios of the parameters, or factors 
due to them. These calculations are given, for example, 
by Hald,* who also gives an illustrative example. 

Because of the predominant role of the activation 
energy, one first investigates the statistical significance 
of the difference between the activation energies. In 
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Dp» 


this case, they are not significantly different. Because 
there is no statistically significant difference between 
these activation energies, one makes up a common 
estimate of the slope of the regression line (H/R), 
using the reciprocals of the variances as weights, and 
employs this in the rest of the calculation. This comes 
out to be 2130 (H = 4240 cal per mol). In retrospect, 
we feel that we should have used this single value for 
both activation energies 


D (Pbin Pb) = 9.1510 exp (—4240/RT) 
and 
D (Biin Pb) = 9.64 10- exp (—4240/RT). 


This common activation energy value is then used in 
calculating the significance of the difference of the D, 
values. 

The rest of the calculation is too long to present 
here. We shall give a heuristic argument instead. The 
difference between the Dy values is 0.4810“, the sum 
of the 50 pct confidence limits for the two is 0.80 10~, 
so the ratio of difference to overlap is 0.6. For the 
activation energies the difference is 380, the overlap 
876, and the difference to overlap ratio 0.434, so the 
difference, normalized for the probable errors, is 
smaller for the activation energies than for the D, 
values. 


Influence of Boron on the Rate of Transformation of High Purity Iron 


by M. E. Nicholson 


JOURNAL oF MerTats, May 1956; AIME Trans., 1956, vol. 206, pp. 551-553. 


Owen M. Katz (Westinghouse Electric Corp., Pitts- 
burgh)—As part of some recent work dealing with 
the effects of boron and the identification of boron com- 
pounds in iron and steel, samples of high purity iron 
have been boronized by heating in elemental boron 
powder at 2000°F in vacuo. One sample which had ab- 
sorbed more boron than would dissolve was found to 
have large particles at its center after a long homo- 
genization at 2000°F in a sealed, evacuated, Vycor tube. 
These particles were seen to be idiomorphic and ob- 
viously were nucleated and grew at the high tem- 
perature. Electron diffraction studies and special etch- 
ing techniques have identified as Fe.B these and other 
similar particles at austenite grain boundaries. Upon 
impregnation with boron, no particles were seen with- 
in the grains. 

Professor Nicholson’s work has shown that Fe-B 
samples heated at 950° and 1000°C (1742° and 1832°F) 
contained Fe.B particles at the austenite grain bound- 
aries. It is possible that such particles would strain 
the surrounding austenite regions sufficiently to pro- 
vide enough additional energy to preferentially nucle- 
ate ferrite. Such an effect would be dependent upon 
particle size, with small particles being most effective. 

If Fe.B particles do in fact nucleate and grow during 
austenitizing, then according to the above hypothesis, 
the resultant hardenability of the sample would be 
time and temperature dependent. For short austenitiz- 
ing times which produced small precipitated Fe.B par- 
ticles, the hardenability would be relatively low. At 
longer austenitizing times when the Fe.B particle size 
had increased, there would be an increase in harden- 
ability due to the decreased effectiveness of the pre- 
cipitated particles. Higher temperatures should ac- 
celerate this process. 

The results of Simcoe et al.,’ showing a return of 
hardenability after long heating at 1600°F, can be ex- 
plained by such a mechanism. However, in the case of 


steels, the size distribution and the effectiveness of the 
growing Fe.B particles might be modified by the pres- 
ence of carbon and nitrogen. X-ray studies on elec- 
trolytically-separated constituents from  boronized 
steels, in conjunction with metallographic work, have 
shown that Fe,B and Fe,C were both present at the 
grain boundaries. It would be interesting to know 
whether Professor Nicholson observed a decrease in 
hardenability in his Fe-B samples heated a number of 
times at 1000°C, as well as at 950°C. 


M., E. Nicholson (author’s reply)—The author appre- 
ciates Mr. Katz’s interest in and discussion of this 
paper. 

With regard to his comment that the samples con- 
tained Fe,B particles at the austenite grain bound- 
aries, the paper did not state that the Fe.B was 
located at grain boundaries. The visible iron boride 
mentioned in the discussion was located within the 
grains. It is indeed possible that iron boride was pres- 
ent at grain boundaries, but it is believed that the 
amount was small because of the prior heat treatment. 


Before the quenching experiments were made the 
alloy was slowly cooled. Presumably, during this slow 
cooling, boron in excess of the solid solubility precipi- 
tated on existing Fe.B particles within the grains, thus 
reducing the boron in solid solution to below the level 
of solid solubility at 950° or 1000°C. During the quench- 
ing experiment some boron from the FeB particles 
undoubtedly redissolved. However, it is comparatively 
unlikely that it reprecipitated at the grain boundaries 
in the short annealing time used. 

Mr. Katz asks if the hardenability decreased as a 
function of annealing time. This was indeed observed, 
but the effect was not reversible. It was assumed by 
the author that the loss in hardenability occurred be- 
cause the boron was oxidized during austenitizing, 
thereby depleting the boron in solid solution. 


Influence of Order-Disorder on Creep of Beta Brass 


by M. Herman and N. Brown 


JOURNAL OF MetTats, May 1956; AIME Trans., 1956, vol. 206, pp. 604-606. 


J. Weertman (Naval Research Laboratory, Washing- 
ton, D. C.)—The authors are to be congratulated for 
- having recognized and carried out a fundamental creep 
experiment. We wish to point out that their creep 
data obey a power law stress dependence rather than 
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an exponential one. In Fig. 5, we have replotted the 
gB brass data on a log-log plot. In this figure the log- 
arithm of KT exp (Q/RT), where K is the creep rate, T 
is the absolute temperature, R is the gas constant, and 
Q is an activation energy, is plotted against the log- 
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Fig. 5—Plot of logarithm of temperature compensated creep 
rate vs logarithm of stress. 


arithm of the stress. This plot shows that the creep 
rate is proportional to (stress)**. The important effect 
of ordering discovered by the authors is clearly shown 
by the fact that the ordered and disordered data fall 
on two widely separated straight lines. 

For most pure metals the activation energy of creep 
is about equal to that of self-diffusion. It is interesting 
to compare the creep activation energies with those of 
self-diffusion of 6 brass. Kuper and Tomizuka” find 
for the self-diffusion coefficients Dz = 77 exp 
(—35,600/RT) and Dou = 5.6 exp (—32,900/RT) in the 
ordered range and Dm = 0.013 exp (—21,200/RT) and 
Deu = 0.020 exp (—23,200/RT) in the disordered range. 
The activation energy of Fig. 5 is 38,300 cal per mol, 
which is close to one of the ordered self-diffusion acti- 
vation energies. Unfortunately the temperature range 
of the creep data in the disordered range is too narrow 
to determine a reliable activation energy. It would be 
very interesting to determine the creep activation en- 
ergy in the disordered region and to compare it with 
the self-diffusion activation energies. 

The magnitude of the shift of the two lines in Fig. 
5 presents an interesting problem. It cannot be due 
to a change in the rate of self-diffusion upon ordering. 
If the ordered self-diffusion data is extrapolated into 
the 486° to 506°C temperature region one finds that 
the ordered self-diffusion coefficients are only a factor 
of two larger than the disordered coefficients. A factor 
of about 26 is needed to explain the results. Of course 
the shift can be accounted for if the average distance a 
dislocation loop expands is decreased or if the number 
of active Frank-Read sources are reduced upon order- 
ing. It is another matter, however, to give a convinc- 
ing reason and an order of magnitude calculation 
showing why such a change in the dislocation mechan- 
ics should occur. 


Sheldon Weinig (New York University, New York) 
—In examining the authors’ data, it appears that all 
factors point to a high ratio of grain boundary dis- 
placement to overall strain. If one uses the data of 
McLean on aluminum as a guide, the following com- 
parisons may be made.“ He found that the ratio was 
1/5 at 500 psi and 0.5 Tm. In the authors’ experi- 
ments a stress of 360 psi at approximately 0.65 Tm was 
used. If low stress and high temperature favor the dis- 
placement of the grain boundary, it then appears that 
these experiments represent a relatively large grain 
boundary contribution. Although the authors mention 
certain characteristics of the ratio Egb/Er, they do not 
give its magnitude in this paper. 

One further observation of interest is the authors’ 
report that the ratio is independent of the test tem- 
perature. If the discontinuity in creep behavior at the 
ordering temperature is to be attributed to an in- 
crease in plastic strength in the crystals, the inde- 
pendence of the ratio would not be expected. How- 
ever, if the excess concentration of impurity atoms at 
the grain boundaries is increased due to ordering, the 
boundaries will become more resistant to creep. As the 
increase in impurity concentration at the boundary 
due to ordering is thermodynamically feasible, this 
would explain the discontinuity in creep behavior at 
the ordering temperature and the lack of temperature 
dependence of the ratio. Both boundary and matrix 
will then be strengthened by ordering. 

M. Herman and N. Brown (authors’ reply)—The 
authors agree that Dr. Weertman has presented a more 
concise and comprehensive empirical equation for 
correlating stress, temperature, and creep rate. It is 
most interesting that the change in creep strength 
through ordering cannot be resolved by using the dif- 
ferent activation energies for diffusion as measured by 
Kuper and Tomizuka. 

There is a change in dislocation distribution upon 
ordering. It was calculated that the dislocations of like 
sign form pairs which are joined by an anti-phase 
domain boundary and whose spacing varies inversely 
with the square of the degree of long range order. It 
has not yet been possible to demonstrate that such a 
pairing will account for the greater strength of the 
ordered state. 

In regard to Mr. Weinig’s discussion, the ratio of 
grain boundary displacement to overall strain was 
5x10° in. per 1 pct strain. Within a scatter band of 
+20 pct, this ratio was found to be constant from 450° 
to 501°C. Using aluminum, McLean reported a mean 
grain boundary displacement of about 1x10~ in. per 
1 pct strain. The small difference between McLean’s re- 
sults and the above could be caused by his grain size 
being about one third of ours and his stress being 
greater. 

The authors have shown that the increase in strength 
by ordering occurs in single crystals. This fact rules 
out the proposal that impurity atoms at the grain 
boundary determine the increased strength of the 
ordered alloy. 


1 A. B. Kuper and C. T. Tomizuka: Physical Review, 1955, vol. 
98, p. 244. 

uD. McLean: AIME Trans., 1953, vol. 197, p. 293; JourNaL oF 
Metats, February 1953. 


Interaction of Precipitation and Creep in Mg-Al Alloys 


by C. S. Roberts 


JOURNAL OF Mertats, February 1956; AIME Trans., 1956, vol. 206, pp. 146-148. 


Ervin E. Underwood (Battelle Memorial Institute, 
Columbus, Ohio)—The author is to be congratulated 
on yet another excellent paper on the creep of mag- 
nesium and magnesium alloys. It is unfortunate that 
some of the detail originally present*® in Fig. 2 was 
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lost in reproduction, because it showed the orientation 
relation suggested by Smith* so beautifully. It is also 
regrettable that Fig. 9 (from the original report’) was 
omitted, since those microstructures have a direct 
bearing on the point under consideration here. Perhaps 
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Dr. Roberts would be kind enough to append his Fig. 
9 to this discussion. 


In a study of the effects of creep stress on precipita- 
tion in Al-Cu alloys,’ it was also found that an increased 
stress resulted in an increased volume fraction of pre- 
cipitate. The general experimental setup is depicted in 
Fig. 7, and the effects of time, as well as stress, on the 
amount of precipitation are shown in Fig. 8. Further- 
more, since time was included as a variable in the 
study of Al-Cu alloys, the initial state assumed more 
importance. All alloys were initially single phase. Dr. 
Roberts’ Fig. 5 deals with essentially the final state of 
affairs; nevertheless, in both alloys the effect of creep 
stress is to increase the level of precipitation. Another 
distinction to be drawn between Figs. 5 and 8 is that 
in the latter, the volume fraction of only the precipi- 
tate particles is reported, whereas in Fig. 5 measure- 
ments were made of the two-phase mixture called 
discontinuous precipitation. 

The important point in both of these quantitative 
studies is that the amount of precipitation appears to 
exceed greatly that predicted from the phase diagram. 
The equilibrium volume of CuAl, under the conditions 
of Fig. 7C is less than 1 pct. It can be seen that precipi- 
tation in both the unstressed and stressed alloys re- 
sults in anomalously high amounts of precipitate. For 
the unstressed Mg-Al alloy tested under the conditions 
enumerated in Fig. 5, the total volume of 6 phase 
should come close to 7 pct. Assuming that equilibrium 
conditions prevail in both the discontinuous and the 
general precipitation, there should be about 1.75 
and 5.25 pct 6 phase in the two types, respectively. Fig. 
9 reveals that these amounts are exceeded by a wide 
margin and, if the micrographs are representative of 
the entire structure, a similiar anomaly is found in the 
Mg-Al alloy. 

An explanation of this effect in the Al-Cu alloys? 
was based on the postulate that the initial precipitate 
had a solute concentration less than the equilibrium 
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Fig. 7—Overall view of experimental method for obtaining 
creep, age hardening, and precipitation data from Al-2 pct 
Cu alloys crept and/or aged at 400°C. 
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Fig. 8—Effect of stress on the volume percentage of precipi- 
tate in stressed Al-2 pct Cu alloys aged during creep at 
400°C. Numbers at data points give the duration of the 
creep test in minutes. 


< 

Fig. 9A, LEFT—6.2 pct Al alloy. 
Solution heat treated and aged 
336 hr at 400°C. Electropolished 
after aging. X500. Reduced ap- 
proximately 40 pct for reproduction. 


amount. However, Dr. Roberts’ unstressed alloy was 
aged to completion, so the explanation mentioned 
above is obviously incomplete. The fact that the usual 
phase diagram applies only to infinite sized particles 
may provide the additional basis for a more general- 
ized treatment. In any event, the accumulation of more 
quantitative data on precipitation is indicated, since 
this anomalous behavior has been noted in other pub- 
lished work.” 

In the absence of quantitative measurements of the 
extent of continuous precipitation in the stressed Mg-Al 
alloy, it is suggested that discontinuous precipitation is 
not necessarily increasing at the expense of the con- 
tinuous type, but that the amount of continuous pre- 
cipitation can also be increasing with stress. Although 
the volume available for continuous precipitation is 
decreasing with stress, the theoretical amount of 8 
phase is less than 6 pct at zero stress, leaving ample 
space for precipitation in excess of this figure. 

Another variable that appears to have significance in 
a study of precipitation under stress is the total creep 
strain. Fig. 10 shows the hardness changes in Al-2 pet 
Cu alloys aged during creep under three stresses. Fig. 10 
A gives little indication of any orderly or systematic 
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Fig. 9B, RIGHT—6.2 pct Al alloy. 
Electropolished after 3 pct creep 
in 190 hr at 400°F and 4000 psi. 
Stress axis vertical. 
duced approximately 40 pct for 
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Fig. 10—Total creep strain or time ys the hardness at the 
specimen shoulders of Al-2 pct Cu alloys aged during creep 
at 400°C. Circles represent stress of 1700 psi; triangles, 
1235 psi; and squares, 790 psi. Numbers at data points 
refer to time in minutes. 
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hardness trends with either stress or creep time. How- 
ever, in Fig. 10B the same data points are plotted against 
the total creep strain and order emerges from apparent 
chaos. The hardness levels rise with increasing stress 
and a maximum occurs near the same strain. The creep 
time in over-aged alloys is apparently not as im- 
portant as the strain in rationalizing these data. The 
latter observation was made possible by a fortuitous 
scatter in the data for the individual creep specimens 
tested under a stress of 1235 psi, whereby in some cases 
a greater strain was attained in a shorter time than in 
another specimen at a longer time. 

Thus it appears that the rate of precipitation under 
stress is not merely accelerated, but that the amount 
is augmented over and above that expected on the 
basis of the phase diagram. Also, the time under stress 
and the total creep strain should be considered as im- 
portant variables in any further work on this inter- 
esting problem. 

C. S. Roberts (author’s reply)—As the original re- 


ports of my work show, there were indications that 
precipitation concurrent with strain was occurring to 
a point beyond that expected from the phase diagram. 
However, I was not able to obtain consistent and com- 
plete enough evidence of this effect to merit discussion 
of it in the paper. I am pleased that Dr. Underwood has 
presented convincing results of such behavior from the 
systematic study of a more simply precipitating system. 
He has made a worthy quantitative addition to the 
knowledge of the interesting interaction between the 
deformation and precipitation processes. Perhaps con- 
tinuation of his work will clarify more definitely why 
this puzzling equilibrium shift occurs. 


8 WADC Technical Report 54-295, Interaction of Precipitation, 
Solid Solution Content and Creep in Magnesium-Aluminum Alloys, 
The Dow Chemical Co., June 1954. 

®E. E. Underwood, L. L. Marsh, and G. K. Manning: Creep of 
Aluminum-Copper Alloys During Age Hardening, Summary Report 
to NACA from Battelle Memorial Institute, January 1956. 

1 A, Phillips and R. M. Brick: The Effect of Surface Strain on 
Solid Solubility, Metals and Alloys, 1934, vol. 5, p. 204. 


Intermediate Phases in Binary Systems of Certain Transition Elements 


by Peter Greenfield and Paul A. Beck 


JOURNAL OF METALS, February 1956; AIME Trans., 1956, vol. 206, pp. 265-276. 


K. W. Andrews (United Steel Cos. Ltd., Rotherham, 
England)—The authors have made a further very 
valuable contribution to our knowledge of the occur- 
rence of « phases and other intermetallic constituents. 
They are to be congratulated for increasing the number 
of binary alloy systems in which o phases are formed 
to at least 25 and perhaps 26. This is a surprising total 
when it is realized that only three or four were known 
as recently as 1948. The authors have provided a 
thorough discussion of their results and have shown 
how the facts can be most adequately interpreted at 
present. Their concept of electron vacancies, which 
was so useful in interpreting the compositions of some 
of the o phases, especially those formed by elements of 
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the first long period, appears to be obscured by compli- 
cating factors when other o alloys are considered. This 
does not detract from its ultimate value or lessen its 
importance where it can be satisfactorily applied. 
Although the electron vacancy concept may thus be 
more illuminating, a more general overall picture 
emerges if we consider the existing facts in terms of 
the number of outer electrons—generally, but not 
necessarily, s + d electrons. In this way, the assump- 
tions of an increase of one electron on going from one 
element to the next in each row and of an analogous 
electronic structure for elements in the same group 
lead to the relationships summarized in the diagram 
(Fig. 1). It will be seen that all the o and a-manganese 
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Fig. 1—Chart illustrating formation of o phases. 
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structures lies in a band which includes B-uranium 
(the o structure) at one extreme and a-manganese it- 
self near the other, with mean electron numbers be- 
tween approximately n+2 and n+31/3. This ap- 
proach is similar to that of Bloom and Grant.*® 

The chart, Fig. 1, shows a number of trends, of 
which some can no doubt be connected with the elec- 
tron vacancy concepts or other tendencies referred to 
in the authors’ discussion. Electron vacancies between 
3.4 and 3.6 occur in the region shown between the 
pure metals chromium and manganese. The trends re- 
ferred to include the two series 

Ni V, Co V, Fe V, Mn V (mid-point compositions) 

Coerehe Cr \iniGr 
which are approximately parallel, and likewise the 
three series 

Mn Cr, Mn Mo 
Fe Cr, Fe Mo, Fe W 

Co Cr, Co Mo, Co W 
again approximately, but not exactly, parallel. Some- 
what similar trends in later series are also suggested 
but not as clearly defined. The Ti-Mn o phase reported 
by Elliott and Rostoker“ has not been included in the 
diagram. It does not appear to have been generally 
confirmed and would lie outside the stated range at 
n+ 1.5, which suggests that if it does occur, there 
is an anomaly here. A possible similarity between the 
mode of occurrence of « phases and phases with the 
a-manganese structure has been suggested a number of 
times. The diagram lends further support to this view. 
Ternary x phases also fit in with this conception, as 
shown in Table X. 

Evidently we have reached a very interesting stage 
in the accumulation of experimental facts and prin- 
ciples of interpretation regarding these and other in- 
termetallic phases. We shall look forward to more 
papers by Professor Beck and his colleagues. 


Table X. Ternary x Phases 


Mean Electron 
Composition Electron No. Vacancy No. 
FesCrMo (n+3) —0.2 
Fe;oCrsMos (n+3) + 0.1 
Mn (n+ 3) 3.2 


P. Greenfield and P. A. Beck (authors’ reply) —We 
would like to thank Dr. Andrews for his interesting dis- 
cussion and gracious comments on our work. We cer- 
tainly agree with him that the type of exploration re- 
vealing the occurrence and, in some cases, the compo- 
sition shifts, of intermediate phases as a function of the 
position of the component elements in the periodic 
table is a useful one at the present stage of knowledge 
of the alloying behavior of transition elements. 

Since the theoretical penetration of this field is still 
somewhat limited, any choice of a single number to 


characterize the electronic structure of a transition 
element in the solid state must, of necessity, be tenta- 
tive. Any specific choice of such a set of numbers at 
present can hardly be justified on any other ground 
than its capability of rendering the data. As we have 
shown in a previous publication,’ for the o phases 
formed by the transition elements of the first long 
period, the use of a set of electron vacancy numbers 
largely based on Pauling’s values and reasonably modi- 
fied for manganese gives considerably better agreement 
with the experimentally determined compositions than 
does the proposal of Bloom and Grant“ using the number 
of s+d electrons per atom. The latter scheme leads to 
particularly great deviations in the case of (V, Mn) o 
and (Cr, Mn)oc, as shown in Dr. Andrews’ chart. 

It is certainly true that for the o phases formed by 
second and third long period transition elements the 
situation is more complicated. As indicated in our 
paper, some of the difficulties cannot be relieved by 
any choice of a fixed set of a single characteristic num- 
ber for each element. For example, the « phases formed 
by either chromium or molybdenum with iron and 
cobalt are centered at nearly the same stoichiometric 
ratio, but (Cr, Mn)c is at about 80 atomic pct Mn, 
while (Mo, Mn)zc is at 60 atomic pct Mn. Clearly, any 
otherwise useful set of characteristic numbers, such as 
the electron vacancy numbers, may be retained in the 
face of this situation only by making the additional 
assumption that, for any element, the number may 
change depending on the partner. In the example cited, 
the simplest assumption appears to be that the electron 
vacancy number to be assigned to manganese is about 
3.2, when manganese is alloyed with vanadium or 
chromium, but that this number should be reduced to 
about 2.6 for manganese alloyed with molybdenum. 

If one wishes to point out only roughly the main 
features of the observed composition shifts for o 
phases, it is of course unnecessary to consider such 
details and a fixed set of characteristic numbers may 
be used. However, in such a rough overall picture cer- 
tain correlations that may be significant are lost. For 
instance, as shown in Dr. Andrews’ chart, Fig. 1, the 
use of the number of d-+s electrons puts the a-manga- 
nese structures in the same rather wide band occupied 
by the various « phases. However, in all binary and 
ternary systems in which both the a-manganese (or 
x) and the o structures occur, their sequence remains 
characteristically the same; o occurs at a higher elec- 
tron vacancy number than the a-manganese phase. 
There seem to be similar sequences also for the other 
phases apparently related structurally to o, all of 
which are probably a kind of electron compound. 
These phases are: P, R, D, », and two others now under 
investigation. 


48D. S. Bloom and N. J. Grant: AIME Trans., 1953, vol. 197, p. 
88; JouRNAL OF METALS, January 1953. 

49R, P. Elliott and W. Rostoker: AIME Trans., 1953, vol. 197, p. 
1203; JourNAL oF METALS, September 1953. 


Measurement of Grain Growth Rates in Recrystallization 


by C. D. Graham, Jr. and R. W. Cahn 


JOURNAL OF METALS, May 1956; AIME Trans., 1956, vol. 206, pp. 504-508. 


Grain Growth Rates and Orientation Relationships in the Recrystallization of Aluminum Single Crystals 


by C. D. Graham, Jr. and R. W. Cahn 


JourNaL or METALS, May 1956; AIME Trans., 1956, vol. 206, pp. 517-521. 


‘ Bernhard Liebmann and Kurt Liicke (Brown Uni- 

versity, Providence)—A work quite similar to that of 
Graham and Cahn has been carried out simultaneously 
and independently by Liebmann, Licke, and Masing.* 


TRANSACTIONS AIME 


Surprisingly, the results obtained by the two different 
groups show many contradictions despite the close 
similarity in experimental methods and conditions. 
Since the conclusions of the papers are of great im- 
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portance for the understanding of many recrystalliza- 
tion phenomena, a detailed discussion of the discrep- 
ancies seems to be worth while. 

In both investigations, a new recrystallized crystal of 
controlled orientation was grown into a deformed 
single crystal* and the linear rate of growth was meas- 


* Degree of deformation 10 or 15 pct in the case of Graham and 
Cahn; 20 pct in the case of Liebmann, Lticke, and Masing. 


ured. In both cases, commercially pure aluminum was 
used (Graham and Cahn, 99.6 pct; Liebmann, Liicke, 
and Masing, 99.8 pct), but the materials differed con- 
siderably in their iron content (Graham and Cahn, 
0.19 pet; Liebmann, Lticke, and Masing, 0.09 pct). The 
specimens had, in the case of Graham and Cahn, the 
shape of strips 1x10 mm, while in our case, that of 
wires of 1.5 mm diam. In spite of the difference in 
temperature (Graham and Cahn, 550°C; Liebmann, 
Lucke, and Masing, 615°C), the observed rates of 
growth were not very different (maximum values: 
Graham and Cahn, 5.5xl10* cm per sec; Liebmann, 
Lucke, and Masing, 8x10“ cm per sec). 
The results differ mainly in the following points: 


1) Liebmann, Liicke, and Masing used for the 
measurements the heat—cool—etch method and ob- 
tained rates which decreased strongly with time (Fig. 
A, upper curve). They interpreted this effect as the 
usual recovery of the rate of growth. Graham and 
Cahn reported similar results. They showed, however, 
by the remarkable use of a goniometer furnace, that 
the rate of growth remains constant if the heat treat- 
ment is not interrupted by cooling and etching. These 
results of Graham and Cahn are very convincing, but 
it seems probable that the interrupted heating procedure 
is at least not the only reason for the drop of the rate 
of growth reported by Liebmann, Lucke and Masing. 
While, for example, in the case of Graham and Cahn a 
single interruption had no effect at all, in that of Lieb- 
mann, Liicke, and Masing the growth rate dropped 25 
pet in the first (5 min) heating period, which was in- 
terrupted by only one cooling. 


2) Because of the importance of the orientation re- 
lationships characterized by rotations around a com- 
mon <111> axis for the recrystallization textures, both 
groups of authors investigated the rate of growth in 
such cases. Graham and Cahn found no reproducible 
values and no clear correlation with the amount of 
rotation around the common <111> axis. Liebmann, 
Lucke, and Masing, however, reported good reproduci- 
bility and clear dependency upon the degree of rota- 
tion. In particular they found that it was important to 
know which of the four {111} planes of the deformed 
crystal was parallel to a {111} plane of the undeformed 
crystal.j In the case where the chosen {111} plane 


7+ Since at the deformation of the crystal the slip is not equally 
distributed over the four {111} planes, those planes are no longer 
equivalent, and the deformed crystal has lost its cubic symmetry. 


was the cross slip plane and the amount of rotation 
was 40°, the highest growth rate of all was observed. 
This rate decreased with the decreasing angle of rota- 
tion (see Fig. B) and with increasing deviation from 
the parallelism of the two {111} planes. If another 
{111} plane was chosen in place of the cross slip plane, 
the rate of growth turned out to be extremely small 
(see Fig. A, lower curve). In this case the rate in- 
creased with the increasing deviation from parallelism. 

A reason for the lack of reproducibility of the meas- 
urements of Graham and Cahn may be seen in the 
fact that the initial orientations of their deformed 
crystals were different. They reported only that the 
orientation was always such that the crystals de- 
formed entirely by single slip. There is some new evi- 
dence, however, that the rate of growth also depends 
upon the initial orientation. Liebmann, Licke, and 
Masing used equally oriented crystals by cutting long 
crystals (12 ft) in parts. The orientation was also 
such that single slip should occur. Naturally it may be 
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possible that the high iron content of the material of 
Graham and Cahn which leads to a large amount of 
precipitation even at the highest temperatures may 
contribute to the lack of reproducibility. It is also not 
quite clear if the above mentioned differentiation be- 
tween the four {111} planes of the deformed crystal 
has been considered by Graham and Cahn. 


3) In a second series of tests, Graham and Cahn 
related the two crystals by rotations of different de- 
grees around a common <110> axis which was also 
approximately the tensile axis (within 7°). Here they 
again obtained a very large scattering of the meas- 
ured rate of growth. For the understanding of this, 
new measurements by W. in der Schmitten and B. 
Liebmann may be of importance. They also found 
rather unreproducible results on wire shaped crystals 
with an axis near <100>, which seem to be connected 
with the inhomogeneities of the deformation caused by 
the acting of a large number of slip systems. Since such 
multiple slip occurs also for crystals with the tensile 
axis in <110> direction,” this may explain the results 
of Graham and Cahn. Naturally, the high content of 
iron mentioned previously may be of influence too. 


4) Both groups of authors investigated the orienta- 
tion relationship between the deformed crystal and 
both artificially and spontaneously nucleated new crys- 
tals. While Graham and Cahn in both cases obtained 
randomly distributed orientations of the new crystals, 
Liebmann, Liicke, and Masing obtained those results 
only in the case of spontaneous nucleation. In the in- 
stance of artificial nucleation, they found the success- 
ful new crystals obviously related to the strained 
matrix by rotations of +40° around the normal of the 
cross slip plane (see Fig. C). As mentioned previously, 
the investigations of crystals with this orientation by 
Liebmann, Liicke, and Masing showed the highest rate 
of growth. It seems obvious that orientations of those 
artificially nucleated crystals which finally grew to 
large crystals were the result of a selection of growth 
among many originally nucleated crystals of all pos- 
sible orientations. On the other hand, Liebmann, 
Liicke, and Masing controlled the spontaneous nuclea- 
tion in such a way that the nuclei were separated from 
each other by such large distances that the selective 
growth principle could not operate. 


It should be mentioned here that the replotting of 
the orientation points in one quadrant of the stereo- 
graphic projection as done by Graham and Cahn will 
obscure rather than enlighten a possible orientation 
relationship, since the deformed crystal has lost its 
symmetry and, therefore, the four quadrants their 
equivalency. If, for example, one were to replot all 
the points of Fig. C in one quadrant, one would obtain 
a distribution appearing more random than before. 
Naturally, too, if one constructs the full stereogram as 
in Fig. 4 of the original paper, the same <100> poles 
related to the axis of tension have to be located at the 
same places; otherwise, recognition of the preferred 
orientation will be obscured. 


Since Graham and Cahn did not obtain a clear re- 
producible orientation dependence of the rate of 
growth in their experimental conditions, no selection 
of growth could occur and the orientation distribution 
of the artificially nucleated grains is random (Fig. 4). 
Therefore, the work of Graham and Cahn does not 
necessarily contradict the theory of oriented growth 
emphasized by P. A. Beck. Liebmann, Liicke, and 
Masing concluded from their results that the theory 
of selected growth was verified in their special case. 
They cannot, of course, say anything about different 
conditions where the theory of oriented nucleation as 
emphasized by W. G. Burgess and T. J. Tiedema may 
possibly be more correct.* 


Finally, we wish to thank Drs. Graham and Cahn for 
permitting us to see their manuscript prior to publica- 
tion, and also for the many helpful discussions which 
resulted in our obtaining a far better insight into the 
problems involved. 
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C. G. Dunn (General Electric Research Laboratory, 
Schenectady)—The phenomenon of decreased growth 
rate with cycling from the growth temperature, which 
is ascribed to recovery, is indeed interesting; I hope 
the further experiments of the authors on the mechan- 
ism involved will be successful. The authors also point 
out 1) that a single temperature cycle has little effect 
and 2) that growth rates are unaffected by annealing 
2 hr above 500°C, by which time any normal recovery 
process should be complete. 

_ Regarding the last point, similar but more qualita- 
tive experiments were reported by the writer’ on the 
effect of recovery in deformed Si-Fe single crystals. 
X-ray data showed marked recovery without regard to 
multiple cycling anneals. Representative samples that 
otherwise recrystallized completely if nuclei were in- 
troduced by local straining completely lost the ability 
to support growth of nuclei similarly introduced but 
after a prior recovery anneal. Later Dunn and Daniels’ 
showed further details of the recovery process by 
means of both X-ray and microstructure data. 
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Fig. B—Growth rates 
of new crystals at 
615°C as function 
of the degree of ro- 
tation around a 
common <111> 
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It therefore seems to me that, regarding recovery at 
temperature, an appreciable amount of recovery may 
have occurred during the formation of the growth crys- 
tal, and that such recovery would have tended to 
stabilize the structure for fairly long times at tempera- 
ture. Also, such recovery would tend to make difficult 
the production of any new large grain by local strain- 
ing, since a small nucleus would then have to grow 
with a much smaller driving force. However, I believe 
the authors used such a test only after multiple cycling. 

In connection with the observed drop in the rate of 
growth of a large grain, cycling may have produced 
more impurity segregation at the imperfections in the 
strained matrix than noncycling anneals. If so, such 
segregation might lower the growth rate and therefore 
be another important factor to consider. 

C. D. Graham, Jr. and R. W. Cahn (authors’ reply)— 
First, we want to point out an error in the caption to 
Fig. 6, p. 519, in the second of our papers. The caption 
should read: “Diagram shows a plot like that of Fig. 5, 
for spontaneously nucleated instead of artificially 
nucleated grains. Dotted circles have 10° radii.” 

In reply to Drs. Liicke and Liebmann, we think it is 
remarkable that two sets of experiments so similar in 
purpose and in method should yield such diverse re- 
sults. We have devoted considerable time to a search 
for some simple explanation of these differences, with- 
out success. We feel, however, that the effects of 
thermal cycling, as revealed by the experiments with 
the goniometer furnace, may be of considerable im- 
portance in determining the recrystallization behavior 
of metals. We are undertaking further work in an 
effort to understand this phenomenon. It may also be 
important that our crystals were very heavily etched 
after deformation but before recrystallization; in the 
work of Liebmann, Liicke, and Masing, only a single 
light etch was employed. This difference may be es- 
pecially important in aluminum, where the oxide coat- 
ing is known to affect the recrystallization process.’ 

Beyond this, we can only agree with Drs. Liebmann 
and Ltcke that the discrepancies between the two sets 
of results may be due to differences in purity, initial 
orientation, amount of strain, or some other mysterious 
factor. 

We have brief comments on several specific points 
raised by Liebmann and Liucke: 

1) If our explanation for the decrease in growth 
rate observed in the heat-cool-etch method is correct, 
the extent of decrease should depend strongly on the 
cooling rate employed. Therefore, the fact that Lieb- 
mann, Lucke, and Masing found a decrease in growth 
rate after only one cooling does not necessarily indi- 
cate a different phenomenon. 

2) In the experiments in which growing and 
strained grains were related by rotations about a com- 
mon <111>, there were not enough specimens to deter- 
mine whether the growth rate varied systematically 
according to which of the four <111>s of the strained 
grain was chosen. However, relatively large growth 
rates were observed for rotation about <11ll>s other 
than the normal to the cross slip plane. 

3) The changes in orientation with deformation 
and the observed slip lines indicated that all samples 
with tensile axes near <110> deformed largely by 
single slip, although prominent deformation bands de- 
veloped. 

4) Each individual case represented in our Figs. 4, 
5, and 6, p. 519, was examined separately to see if any 
simple relationship between the recrystallized grain 
and the strained matrix could be found. We particu- 
larly looked for rotations about any of the <111> axes. 
No such relationships could be found. Not until we 
felt that this approach had been exhausted did we go 
on to plot all the points in one stereogram, with the 
results outlined in the paper. 

It occurs to us that the growth anisotropy observed by 
Liebmann, Liicke, and Masing may be related to the 
presence of deformation (kink) bands. The axis of 
rotation relating the material inside and outside these 
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bands is a <112> roller axis, which is only about 20° 
from the normal to the cross slip plane. The roller 
is the one vector which is invariant in direction 
oughout the deformed grain, so that if a recrystalliz- 
grain were related to the strained grain by a rota- 
about this axis, the relation would hold even when 
new grain was traversing a deformation band. To a 
ipproximation the same thing is true if the axis is 
the normal to the cross slip plane; it is not true for 
ions about other <111> axes. Since growth rates 
ear to be more sensitive to parallelism of close- 
gr directions than to the exact angle of rotation 
ee directions, this argument may account for 
mal to the cross slip plane being the favored 


5 


4 


p 


aso oning does not account for the difference 
between the two sets of experiments, in one of which a 
r ferred growth direction was found and in the other 
f which none was found. It is clear that preferred 


> 


owth of the kind required by Beck’s theory does in- 
ed occur in some cases. It is not, however, a general 
phenomenon which occurs whenever randomly ori- 
ited nuclei are present in a textured matrix. If ex- 
periments to resolve the differences between the con- 
flicting results of these two investigations lead to an 
understanding of the conditions under which oriented 
growth is important, we may have made important 


O'D 


progress in understanding recrystallization textures. 

We are grateful to Drs. Liebmann and Liicke for the 
time they have taken in both oral and written discus- 
sion of this problem, and for the stimulation provided 
by their work and ideas. 

Dr. Dunn has pointed out that in Si-Fe single crys- 
tals, a normal recovery anneal does result in the loss 
of capacity to support the growth of a recrystallizing 
grain. We can only say that this does not appear to be 
the case in aluminum. We did check the effect | of 
nucleation by local deformation after normal annealing 
as well as after repeated heating and cooling; only 
after the thermal cycling did new grains fail to grow. 
The suggestion that thermal cycling leads to more im- 
purity segregation deserves careful attention. Bruce 
Chalmers has suggested that the creation, migration, 
and annihilation of vacancies may be important during 
thermal cycling. Our further experiments are intended 
to help decide on the mechanism of thermal cycling. 


0B. Liebmann, K. Liicke and Masing: Ztsch. fir Metallkunde, 
February 1956, p. 57. 

b W. Staubwasser: Dissertation, University of Gottingen, 1954. 
«K, Liicke and F. Haessner: "Acta Metallurgica, 1955, vol. 3, p. 
204. 

4C. G. Dunn: Trans. AIME, 1946, vol. 167, 373. 

«C. G. Dunn and F. W. Daniels: Trans. AIME, 1951, vol. 191, p. 
147; JournaL or MetTats, February 1951. 

t'C. D. Graham, Jr. and R. Maddin: Journal Inst. of Metals, 1955, 
vol. 83, p. 169. 


Mechanism of Intercrystalline Fracture 


by H. C, Chang and N. J. Grant 


JOURNAL OF Metats, May 1956; AIME Trans., 1956, vol. 206, pp. 544-551. 


F. N. Rhines (Carnegie Institute of Technology, 


Pittsburgh)—The authors view crack initiation as re- 
sulting from a hydrostatic tension and a superimposed 
directed tension acting at a triple point. By a triple 
point, the authors appear to mean a three-grain junc- 
tion. Except under very special and probably rather 
rare circumstances, however, it is not possible for a 
hydrostatic tension to develop at a three-grain junction 


Such junctions occur along lines in space and any ten- 
dency to develop a hydrostatic tension there will ordi- 
narily be relieved by grain boundary yielding parallel 
to the lines of junction. Thus, a hydrostatic tension is 
most likely to develop, not at a triple point, but at a 
quadruple point, where four grains meet and where the 
tension cannot be relieved by grain boundary yielding. 
Quadruple points can occur only within the interior of 
the specimen and it may be expected, therefore, that 
cracks will be initiated within the metal, and rarely, 
if ever, at an external surface. There is much evidence 
which indicates that this is true. Studies at Carnegie 
Institute of Technology have shown hole nucleation 
always within the metal and the studies of Wilm and 
others lend support. It appears, therefore, that Chang 
and Grant have not been observing the birth and 
growth of cracks, but rather the bursting of cracks 
through the external surface, after they had been initi- 
ated and had grown extensively in the interior of the 
metal. 

Finally, I should like to add a plea for greater care 
in the assumption of the location of the fracture. There 
is now evidence which argues that the fracture is only 
apparently, but not specifically, at the grain boundary. 
In the past, much confusion has resulted from the as- 
sumption that grain boundary displacement occurs as 
a shear upon the plane of the grain boundary. It occurs 
rather in a zone of real thickness adjacent to the grain 
boundary. In one place, Chang and Grant speak of frac- 
ture at or near the grain boundary. With this I can- 
not quarrel. But elsewhere these authors show clearly 
that they are thinking of shear and fracture as occur- 
ring only in the grain boundary itself. At this stage I 
think that such an assumption ought to be avoided. 
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C. W. Chen (Columbia University, New York)—The 
concept of intercrystalline fracture which suggests that 
microcracks are initiated at grain corners and propa- 
gate under stress along grain boundaries to form mac- 
roscopic cracks has been used by some investigators 
since Zener’ proposed it. The authors of the paper un- 
der discussion have shown experimental evidence to 
support this concept. It may be questioned, however, 
whether one is justified in applying this concept to a 
consideration of the origin of intercrystalline cracking. 
Since Jenkins et al.* reported the formation of small 
cavities at grain boundaries in some copper alloy 
specimens tested under creep-rupture conditions, it has 
been thought that the formation of voids at grain 
boundaries leads to intercrystalline cracking. Recently, 
further experimental observations have confirmed the 
latter theory. 

It should be noted that in a large variety of metals 
and alloys voids are generally found in association 
with cracks at grain boundaries. To date, pure metals 
such as copper, magnesium, silver, and nickel are re- 
ported to belong to this category. The following alloys 
also fall in this. category: Cu-314%4 pct Ni-% pct Si, 
« and £-brasses, stainless steels, Inconel, and Monel. 


Fig. 15—Voids and cracks were produced along the bound- 
ary in a copper bicrystal by an application of shear-stress 
parallel to the boundary at 1200°F for 20 hr. X150. Re- 
duced approximately 35 pct for reproduction. 
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essor Rhines and Dr. Chen 
add ditions. Regarding Professor 
t unt ined that a clear cut 
initia tion of fracture cannot as yet be 
difficult to show proof that hydro- 
either at triple points or at quad- 
opinion has been voiced by Dr. C. 
communication. Isn’t there rather 


2 idence of frequent cracks along a boundary 
netween only two grains (in a sectioned specimen) due 
to small piesa in the grain boundary? These 


ms can be jogs in such a grain boundary or 
re inclusions or second phase exist. While 
undoubtedly looked at many fractures which 
i the interior of a specimen, we have 
‘ rse grained specimens wherein there 
no donb t at all that the intercrystalline frac- 
Bh e surface or possibly immediately be- 


=) 


ystal lline faciares start at quadruple points but 
triple points and, in fact, if conditions are right, 
ries between only two grains. 

ding the location of fracture, again the proof 
en presented as to its exact position with re- 
the grain boundary; but then can we define 
boundary under the conditions of our test? We 


& 

2 Q 


Rega rding De. Chen’s very interesting and welcome 
ieee on and reasoning, we fully concur that in- 
t talline cracks can occur at other than triple (or 
quadruple) points. Our further observation is, how- 
ever, that in the absence of a grain boundary juncture 
or triple point, the cracks or voids along the bicrystal 
boundaries do not result in an intercrystalline failure. 
in polyerystalline specimens, the crack propagation 


Sadly ‘not ea the center of the grain boundary. In this 
DEAL TOMA OCLELES BLE DOL produ regard, the triple points play a significant role. This, of 
r region along the course, will not minimize the contribution of scattered 
inhi Dited is but frequent intercrystalline voids to the rate of propa- 
; gs along the boun gation and direction of the advancing intercrystalline 
grain boundary erack. 
tg 4 ial sites of voids Regarding Fig. 2, the dots may be voids; unfortu- 
o VE I Z to know whether, in Fig. 2 of nately we did not examine them closely enough to con- 
Me GAPE VRORI O on, the dots along all the frm or deny their identity as voids. 
eround the triple point seen under polar- : 
teh, Night ere not voids formed at grain boundaries eigen of Fracture, Fracturing of Met- 
pay Trot The triple point. *C. H. M. Jenkins, E. H. Bucknall, and E. A. Jenkinson: Journal 
Om 6 ond NW. J. Grant (authors reply )—The Inst. of Metals, 1944, vol. 70, p. 57. 


Re-Exomination of Ti-Fe and Ti-Fe-O Phase Relations 


by Elrnars Ence and Harold Margolin 


JovrmsLt or Metars, Mey 1956; AIME Trans., 1956, vol. 206, pp. 572-577. 


W. Bostoker end B. J. Van | Fayne (Armour Research quential stored energy of brittle fracture. It appears 


Chicago)—The case for the existence of a to us equally consistent with the evidence, and prefer- 
has been long ar od invariably ambiguous. It able in some respects, to believe that annealing has de- 
Goyvious thet if wt does exist, its rate of formation is veloped a thin skin of oxygen-enriched alloy in the 
extremity Suazgish. The possibilities of oxygen pickup powder particles revealing the ternary oxide phase as 
sequent oxide ternary Seas formation are an artifact. 
z average. Fig. 2 purports to show It is interesting to note that in one paragraph the 
xount of this gris in a 41.2 authors avow that wedge shaped specimens were not 
the configuration is certainly subject to oxygen pickup on annealing by virtue of 
nsformation. Even the sug- envelopment in titanium capsules. Yet in a preceding 
rea is one of a third phase paragraph they state that wedge shaped specimens 
is stated that the Ti.Fe were electropolished after heat treatment. 
, in annealed powder while The authors note that Polonis and Parr did not ob- 
sample) powder is consis- tain oxygen analyses on their annealed powders and 
iy without evidence of this elusive phase. The state that such evidence, if showing very little oxygen 
authors conduae thet a diffusion-controlled process in- increase, could be taken as proof of the validity of 
Viviane gross Changes in chemical composition and their experimental results. However, it only requires 
long ee es at 200°C een be reversed by the inconse- that the surface of the powder particles be contami- 
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A niilestes that the formetior 4hoir com 
ne deyelogment of cracks hine 

When exemingtior mage aGuring the early for 

I DL Semi- Flatic tensio! 
consequence of the linking together Zener in 2 
Z BELIDE Gl tneny mete 2nd ali«c f 2 

Lia Gi CxPieining tae ieormeation We Nave 
hey er in n with Fs fachilir 

44 4 re 4 re rate i- 

4 LL Mm proposed by the authors for the al<o at 
of microcracks by boundary Ains 27 at he 

? have found that micro- Rac4 

Tin riking lustratior of the formeatior 

hydrogen for 20 hr, yoids and cracks ere 


nated and form the e phase to show a strong dif- 
fraction pattern of it. We would cite some of our ex- 
periences with thorium powder to illustrate this. A 
quantity of thorium powder was produced by filing in 
argon. The powder pattern of this material showed a 
very weak pattern of ThO.. On annealing this powder 
in a Vycor bulb at 1000°C for several hours, the new 
powder patterns showed that ThO. lines were as 
strong as thorium lines. This powder was remelted in 
an are furnace. The total amount of oxide appearing as 
primary dendrites was indistinguishably different 
from the original button melt. Thus the superficial 
oxide formed by annealing is capable of giving an 
exceedingly exaggerated impression of its amount 
when in fact the gross oxygen increase is trivial. 

Table III in the original paper illustrates the diffi- 
culty of using a stain-etching procedure for phase 
identification. By minor variations in procedure (1.2 
vs 2.4 sec total immersion time) the color greenish- 
blue identifies TiFe or the « phase and the color 
violet identifies « or the y phase. Such distinctions are, 
of course, vital to the case presented. 

It might be of interest at this point to recount that 
we have resurrected some of the original Ti-Fe samples 
for re-examination. In one particular instance, an alloy 
containing 18 pct Fe annealed at 575°C for 624 hr 
clearly showed areas of eutectoid in a matrix of un- 
transformed g. A powder pattern of this specimen 
showed positive evidence of a and TiFe. The hypo- 
thetical Ti.Fe phase must therefore form peritectoid- 
ally below 1000°C and decompose eutectoidally above 
590°C. 

The authors suggest that there are two oxide ternary 
phases, y and «. Their case could have been much 
stronger if they had made a few more alloys within 
the single phase fields. Their data points give the im- 
pression of skirting this most important point. Table 
VI lists seven alloys with small amounts of unidenti- 
fied phases in addition to two others. In Fig. 3, six of 
these are designated two phase and the seventh as 
three phase. Fig. 7 shows the microstructure of an 
alloy purported to occur near the corner of a three 
phase field but the apparent proportions of phases be- 
lies this. 

We would object to the practice of taking data 
points from our prior papers and reports to use as 
substantiation of the authors’ isothermal section. The 
data given implied not only the number of phases but 
also phase identifications. For instance, the authors 
would put our 25 pct Fe, 12.5 pct O alloy in a (y+) 
field when, in fact, the phases a + « (T) were identi- 
fied, with the lattice parameter of a indicating about 
27 atomic pct O. Even at that the fit is not too good, 
since at least seven of 32 (alloys) are not in agreement 
with the phase boundaries. The data of the authors 
can be superimposed on our diagram leading actually 
to a somewhat better fit (Fig. 11). 

Table VII lists the diffraction lines of the « and y 
phases. We have re-examined our own powder patterns 
and find that some of the lines for y appear only when 
a is present. That is to say the interplanar spacings 
2.395, 2.248, 1.745A can belong to the a phase powder 
pattern. The strongest line of the hypothetical phase, 
i.e., 2.125A, does not appear in our patterns. 

The authors undertake to revise the constitution of 
two systems in their paper. However, the discussers 
feel that the arguments for their suggested revisions 
are based on tenuous evidence. Although we would 
welcome solidly substantiated contradictions to our 
respective prior publications, the discussers are of the 
opinion that the present paper falls far short of this. 

D. H. Polonis and J. Gordon Parr (University of 
Washington, Seattle, and University of Alberta, Ed- 
monton, Alberta, Canada, respectively)—We are happy 
to learn that this investigation strengthens the belief 
that Ti.Fe exists. Since the publication of our paper” 
on Ti-Fe we have obtained substantiating evidence of 
the existence of this controversial phase, which we 
would like to outline. 
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An as-cast alloy containing 33 pct (atomic) Fe, bal- 
ance titanium, showed no TixFe when examined by 
X-ray diffraction techniques. After 3 hr of heat-treat- 
ment at 1000°C, crushed —200 mesh powders showed 
fairly strong diffraction lines corresponding to the 
phase Ti.Fe. It has in the past’* been implied that the 
phase occurred as a result of oxygen contamination. 
However, when the heat-treated powder (which was 
lightly sintered) was remelted by supporting it on a 
molybdenum wire in an inductive field, the resulting 
ingot showed almost no TiFe present. The remaining 
trace may be accounted for by the fact that the center 
of the sinter did not completely melt during this op- 
eration. Had oxygen been present, the phase TiFe 
would presumably have persisted. 

These results appear to us to be in agreement with 
the observation of Ence and Margolin that Ti.Fe is 
formed by a peritectoid reaction in the vicinity of 
1000°C. 


Elmars Ence and Harold Margolin (authors’ reply)— 
We appreciate the interest in our paper shown by the 
discussers. The added results of Drs. Polonis and Parr 
come into the category of points raised in the detailed 
discussion by Dr. Rostoker and Mr. Van Thyne and we 
will therefore proceed with the points raised by the 
latter authors. 

It is to be expected that Dr. Rostoker and Mr. Van 
Thyne should offer objections to our paper, but it is 
our belief that our results are based not on tenuous 
evidence but on microstructural and X-ray evidence 
which are consistent with one another. 

From Fig. 2 it may be difficult, we agree, to be sure 
that the area marked X is truly another phase. How- 
ever, examination of the specimen itself can leave no 
doubt that a third phase is there. From the amount of 
the X phase in the microstructure one would not ex- 
pect it to show up in the Debye-Scherrer pattern. The 
fact that the photogram revealed lines of Ti.Fe indi- 
cates that the phase precipitating within TiFe is not 
B but X. We agree that the phase does not have the 
usual peritectoid distribution. However, the fact that 
it appears within TiFe, and not within 6 but between 
TiFe and ~s, has led to the conclusion that the phase 
forms peritectoidally. 

We believe that our discussion regarding contamina- 
tion of powders has not been correctly interpreted by 
the discussers and therefore wish to elaborate this 
point in somewhat greater detail. The paper pointed 
out that X-ray evidence of annealed powders revealed 
Ti.Fe, whereas the as-crushed powders did not. One 
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Fig. 11—Isothermal section Ti-Fe-O according to Rostoker, — 
with the data of Ence and Margolin superimposed. 
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would naturally suspect that the difference was due 
to surface contamination. We therefore attempted to 
do all that was possible to exclude contamination by 
oxygen and nitrogen. Wedge shaped specimens were 
sealed in argon-filled titanium capsules and annealed. 
As an added precaution after annealing, the apparently 
uncontaminated surface of the wedge was removed by 
electropolishing before exposure to X-ray. Since X- 
ray evidence for TixFe was obtained under these cir- 
cumstances, we concluded that the X-ray evidence of 
TisFe obtained in the powder was not due to contami- 
nation. It remained, therefore, to explain why the 
crushed powders did not reveal Ti.Fe. We did not 
conclude, as stated by the discussers, that the precipi- 
tate had gone back into solution, but that the operation 
of crushing had obscured the line of Ti.Fe. The g and 
Ti.Fe lines from as-crushed samples were fuzzy and 
lent credence to the belief that lattice distortions were 
responsible for obscuring lines which, under the best 
circumstances, were relatively weak. 

A reply to the discussion of our Polonis and Parr 
reference appears to us to be unnecessary, in view of 
the above reply. 

The discussers apparently are not aware of the 
manner in which the electrolytic stain-etching pro- 
cedure operates. The discussers are referred to an 
earlier publication’ for details of the procedure. What 
need be said is only that the colors of the various 
phases change in a regular and predictable manner at 
different rates as time of etching increases. There is 
no difficulty in interpretation and the method has been 
used successfully in the study of about 25 titanium 
alloy systems. 

Dr. Rostoker and Mr. Van Thyne point out, as did 
our paper, that six alloys showing three phases were 
plotted as two-phase and one four-phase alloy plotted 
as three-phase. The paper indicated that equilibrium 
was attained only in those alloys containing less than 
9 atomic pct O. Each of the alloys referred to by the 
discussers was not in equilibrium (the times used were 
comparable to those employed by one of the discussers 
in his work). The alloys were plotted as two or three 
phases because this interpretation was consistent with 
equilibrium data. 


The discussers suggest that the proportion of phases 
shown in Fig. 7, alloy 3, does not agree with the plotted 
boundaries. The alloy is not at the corner of the three- 
phase field, as stated by the discussers. According to 
the plot, the alloy should show very little p, y as the 
largest constituent, and « in large amounts but less 
than y. The microstructure of Fig. 7 is consistent with 
these requirements. 

Dr. Rostoker and Mr. Van Thyne object to the use 
of their data points to substantiate the diagram pre- 
sented in the paper, because number as well as phase 
identification was implied. The discussers also point 
out that our data can be plotted on their diagram to 
a somewhat better fit. This procedure, if used, would 
leave unresolved why, at compositions where equilib- 
rium can be attained, the discussers have two-phase 
a+ alloys in five cases where their diagram indicates 
they should have three phases, a+8+T7. This conflict 
does not occur in our interpretation which is consis- 
tent with the equilibrium data. 

We can offer no explanation of why the discussers 
have not found the strongest y line, 2.125A. In all cases 
where y was identified by X-ray it was observed in 
the microstructure as part of a two or three-phase 
structure. 

As was pointed out in the paper, we do not know 
the limit of 6+TiFe+e«/s+TiFe boundary. It is con- 
ceivable that the boundary may extend to oxygen con- 
tents below 0.03 wt pct. In such a case the appearance 
of TizFe would be due to residual oxygen in the metal 
plus oxygen picked up during melting. It is this possi- 
bility which prevented us from making the final con- 
clusion that TisFe does exist. The paper also indicated 
that aluminum, molybdenum, and vanadium may ac- 
celerate the formation of Ti.Fe. It is possible that 
the lower limit of oxygen content at which e forms as 
a single phase may be drastically reduced, so that, as 
in the case of Gruhl and Amman,“ the e phase may 
exist at 0.08 pct O. We are still not permitted to con- 
clude thereby that TisFe does not exist. 


17D. H. Polonis and J. G. Parr: AIME Trans., 1954, vol. 200, p. 
1148; JourNnaAL or Metats, October 1954. 

18R, J. Van Thyne: Discussion of ref. 17, AIME Trans., 1955, vol. 
203, p. 718; JourNAL oF METALS, May 1955. 


Tensile Creep of High Purity Aluminum 


by R. W. Guard and W. R. Hibbard, Jr. 


JOURNAL OF METALS, February 1956; AIME Trans., 1956, vol. 206, pp. 195-199. 


M. Metzger (University of Illinois, Urbana, Ill.)—It 
is possible that the grain growth observed by the 
authors in stressed specimens is related to the concen- 
trations of iron (and possibly other impurity) atoms 
in or adjacent to the grain boundaries. The effect of 
the iron present in preventing any pronounced grain 
coarsening in unstressed specimens below tempera- 
tures in the vicinity of the iron solvus has been pointed 
out previously.” It is important to note that the amount 
of the Fe-Al phase visible microscopically is generally 
far too little to account for the inhibition of coarsen- 
ing. It is surmised that concentrations of iron atoms 
in solid solution (e.g., preprecipitation clusters and 
grain boundary segregations) are involved. Wyon and 
Lacombe" “have recently presented striking metallo- 
graphic evidence suggesting that a grain boundary in 
aluminum migrating (in the absence of external stress) 
at temperatures in the general neighborhood of the 
iron solvus had to break away from an iron atmos- 
phere in order to begin or resume its motion. It there- 
fore seems possible that the original grain size in the 
authors’ specimens had been temporarily stabilized by 
iron concentrations and that the grain growth observed 
in stressed specimens was due to the assistance of plas- 
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tic strain enabling the boundaries to break away. Such 
effects would be expected in the temperature range 
of 300° to 450°C used by the authors, since this range 
straddles the iron solvus for their material which was 
in the neighborhood of 400°C. 

These considerations do not detract from the value 
of the authors’ study, which was concerned with the 
phenomenology of the deformation, but do serve to 
emphasize that the creep behavior of high purity 
aluminum should not be considered as that of a pure 
metal substantially uninfluenced by foreign atoms. 

R. W. Guard and W. R. Hibbard, Jr. (authors’ reply) 
—We appreciate the significance of Dr. Metzger’s com- 
ments on the effect of iron on grain size stability in 
aluminum. We cannot say from our data whether such 
an effect is necessary to explain our results or whether 
the effect is simply strain-induced boundary migra- 
tion. We have observed some differences between lots 
of the same nominal composition which may be attrib- 
utable to the effect of iron content. 


17M. Metzer and J. Intrater: AIME Trans., 1953, vol. 197, p. 821; 
JOURNAL or METALS, June 1953. 

18G, Wyon and P. Lacombe: Conference on Defects in Crystal- 
line Solids, The Physical Society, London, 1955, p. 187. 
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Tensile Deformation of Molybdenum as a Function of Temperature and Strain Rate 


by R. P. Carreker, Jr. and R. W. Guard 


JouRNAL OF METALS, February 1956; AIME Trans., 1956, vol. 206, pp. 178-184. 


G. A. Alers and J. H. Bechtold (Westinghouse Elec- 
tric Corp., Pittsburgh)—The authors are to be com- 
mended for the very wide range of temperatures cov- 
ered by their work. Also, reporting observations on 
all the many aspects of deformation makes their paper 
very complete. Our discussion is concerned mainly 
with some additional observations on yielding at low 
temperatures. 

In order to study yielding in body-centered-cubic 
materials at low temperatures, it is necessary to avoid 
brittle fracture which can terminate the tensile test 
before macroscopic yielding takes place. By testing in 
compression, fracture does not occur since there are 
no tensile stresses until some deformation has occurred. 
Thus, by using compression tests we have been able 
to study yielding in molybdenum down to —196°C. 
Since we found excellent agreement between the com- 
pression and tension data in the temperature range 
above the ductile to brittle transition temperature 
(~ —70°C), we concluded that the yielding phenom- 
ena observed in compression were properties of the 
material and not of the testing method. 

The authors report that their data fit the prediction 
of Fisher“ that the yield stress is a linear function of 
the reciprocal of the absolute temperature. We have 
applied this prediction to our data and find that it fits 
only over that narrow part of the temperature range 
in which Carreker and Guard also found agreement. 
Below about —70°C the yield stress deviates markedly 
from the straight line as is shown in Fig. 18. 
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Another interesting observation concerns the effect 
of purity on the discontinuous yield phenomenon. Some 
compression samples were annealed for 4 hr at 
2100°C in a vacuum of 5x10° mm Hg. This treatment 
reduces the impurity content, particularly the gaseous 
impurities.“ Fig. 19 shows a comparison of the stress- 
strain curves of samples after the regular annealing 
treatment with the vacuum annealed samples. It 
should be noted that, in agreement with Carreker and 
Guard, the more impure samples begin to show a dis- 
continuous yielding at about 400°C. However, in the 
purified samples, there was no similar yielding phe- 
nomenon observed until the temperature was —150°C. 
Furthermore, it is interesting to note that as the tem- 
perature decreases, the proportional limit of both sam- 
ples rises even though no yield point occurs in the 
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Fig. 19—Comparison of stress-strain curves for different 
purity molybdenum samples at different temperatures. 


purer samples. This indicates that the rapid rise in 
yield strength with decreasing temperature is not di- 
rectly associated with the existence of a discontinuous 
yield point. 

In connection with the grain size effect observed by 
the authors, we would like to point out that their data 
agree with the results of Petch’* (who has worked ex- 
tensively in iron) in that both show the lower yield 
point to be a linear function of the reciprocal of the 
square root of the grain diameter. Petch shows that 
this dependence is to be expected if yielding is gov- 
erned by the stress concentrations formed when dislo- 
cations pile up against grain boundaries. 


16 J. C. Fisher: Trans. ASM, 1955, vol. 47, p. 451. 

7R. E, Maringer and A. D. Schwope: Final Report on the An- 
elasticity of Molybdenum, Battelle Memorial Inst., July 14, 1953. 

ISN. J. Petch: The Fracture of Metals. Progress in Metal Physics, 
1954, vol. 5, p. 1 


Titanium-Rich Corner of the Ti-Al-V System 


by J. J. Rausch, F. A. Crossley, and H. D. Kessler 


JouRNAL oF MeTA.Ls, May 1956; AIME Trans., 1956, vol. 206, pp. 211-214. 


M. K. McQuillan (Imperial Chemical Industries Ltd., 
Birmingham, England)—The authors present evidence 
to show that curves in which the hardness of quenched 
Ti-Al-V alloys is plotted against aluminum content for 
several different vanadium contents all fall to a mini- 
mum at 16 pct Al, and that the softening which occurs 
at this composition is associated with the a phase. I 
would like to suggest that this is due to ordering of the 
Mg:Cd type occurring in the a phase at 25 atomic pct 
(16 wt pet) Al. Experimental evidence from which 
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the occurrence of this type of ordering in binary Ti-Al 
alloys may be inferred has been obtained in our lab- 
oratory, and experience with TiAl and Ti-Au phases 
has shown that these ordered structures may give 
quite low hardness values without being ductile. The 
aluminum content at which ordering occurs in ternary 
alloys would not be expected to depend on the vana- 
dium concentration, since vanadium would occupy the 
titanium sites in the ordered lattice and not the alumi- 
num sites. 
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Modernization of Bunker Hill 


Presintering Practices 


Charge storage and proportioning plant showing air con- 
ditioned tunnel in which the sinter charge is composited. 
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by Harold E. Lee and Donald Ingvoldstad 


T Bunker Hill the original charge storage and 
preparation system was installed in 1917 to 
accommodate lead-silver gravity mill products. Only 
minor tonnages of wet fines such as vanner and 
flotation concentrates were received. Charge flux 
and diluent requirements were provided by an 
ample supply of siderite middlings and coarse lime- 
rock. While oversize material was crushed through 
¥-in., the use of roll crushers in series resulted in 
a more or less granular, free-running charge of ade- 
quate porosity. Under such conditions, receipts 
could be proportioned directly from receiving bins, 
and suitable blending was obtained by passing the 
resultant layered composite through a small Stedman 
disintegrator. 

This elementary system served well for produc- 
tion and smelting of an extremely lead-rich sinter, 
in the low column blast furnace. Here sinter physi- 
cal quality is less critical, and appreciable quantities 
of raw flux and oxidized ore may be charged directly 
to the blast furnace without seriously impairing 
furnace capacity. 

Prior to 1938 the relative proportions of zinc re- 
ceipts were low and extraneous flux requirements 
at a minimum. However, subsequent war-inflated 
zinc demands brought marked increase in fine con- 
centrate and slimy zinc leach residue receipts and 
an abrupt introduction to smelting a more refrac- 
tory zinciferous charge. The higher temperature de- 
mands of the more refractory zinciferous charge 
required a higher smelting column and the higher 
column, in turn, rendered the blast furnace less 
receptive to improperly prepared feed. Inadequate 
presinter processing facilities prevented the produc- 
tion of acceptable sinter, and blast furnace produc- 
tion declined to 50 pct of former capacity. 

In view of a prevailing contention among lead 
metallurgists as to the deleterious action of high 
zine slag on blast furnace capacity, it was natural 
to overstress this factor and to concentrate on pos- 
sible changes in furnace design. Another inter- 
pretation was that primary correction should be 
sought through expanded sintering facilities. This 
divergence of opinion, together with the extreme 
material shortages of the 1940’s, delayed corrective 


H. E. LEE and D. INGVOLDSTAD, Members AIME, are, respec- 
tively, Manager of Metallurgy and Chief Research Metallurgist, 
Bunker Hill Smelter, The Bunker Hill Co., Kellogg, Idaho. 

TP 4279BD. Manuscript, Jan. 4, 1956. New York Meeting, 
February 1956. 
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Table |. Comparative Lead Blast Smelting Data 


€ Acidity Data 
FeO FeO: 
Slag Type Charge, Tons { CaO CaO Metal- ses 

Plant and Conditions Ingredient Pet per Day* ZnO Ratio Oxide Oxygen 
Tuyere area, 48x100 in. FeO 
Caan 15 ft, blast 46 oz CaO 21.8 635 66.3 1.4 eo oat 0.44 
Charge Pb content: 32 pct 28:07 
Plant B SiO» 22.5 
Tuyere area, 48x180 in. FeO 37.5 FeO eat 0.44 
Column 15 ft, blast 40 oz CaO 20.5 625 66.4 1.8 CaO pe : 
Charge Pb content: 36 pct 
Plant C-1 SiO» 29.8 SiOz ee 
Tuyere area, 52x180 in. FeO 31.5 FeO ie ee 
Column 14 ft, blast 45 oz CaO 20.2 450 60.1 1.6 CaO abe . 
Charge Pb content: 38 pct ZnO 8.4 Zno ee 

RO 10.1 € 
Plant C-2 SiOz 
Tuyere area, 52x180 in. FeO SL: : 
ohm 15 ft, blast 47 oz CaO 16.3 587 65.4 1.9 CaO 285 0.44 
Charge Pb content: 30 pct 
Plant C-3 SiOz 21.6 SiOz ie 
Tuyere area, 52x180 in. FeO 29.4 FeO 2 0.48 
Column 14 ft, blast 47 oz CaO 14.7 550 65.5 2.0 CaO ee 5 
Charge lead content: ? ZnO 21.4 ZnO : 

RO 12.9 € 26.53 
Plant D SiO» 26.4 SiOz pes 
Tuyere area, 48x180+ in. FeO 30.2 FeO 6.7 We 
Column 19 ft, blast 39 oz CaO 22.4 284 60.1 rs CaO 6.38 - 
Charge lead content: 25.4 pct ZnO +7 (015) ZnO 1.48 

RO € 28.66 
Plant D-1 SiOz 25.8 SiOz 13.75 
Tuyere area, 48x180+ in. FeO 30.5 FeO 6.85 we 
Column 19 ft, blast 42 oz CaO 21.6 Suz 61.5 1.4 CaO 6.16 is 
Charge lead content: 21.5 pct ZnO 9.4 ZnO 1.85 

RO € 28.61 
Plant E SiOz 19.5 SiO2 10.39 
Tuyere area, 48x180 in. FeO 37.8 FeO 8.43 Ont 
Column 13 ft, blast 36 oz CaO 8.2 300 67.3 4.6 CaO 2.34 5 
Charge lead content: 37 pct ZnO Zine ZnO 4.20 

RO 13.2 € 25.36 
Bunker Hill smelter, SiOz 22.5 SiO» 11.99 

September 1937 

Tuyere area, 66x252 in. FeO 36.0 FeO 8.03 ; 
Column 7 ft, blast 20.5 oz CaO 15.1 609 67.1 2.4 CaO 4.30 0.44 
Charge lead content: 46 pct ZnO 16.0 ZnO 3.15 

RO 10.4 € 27.47 
Bunker Hill smelter, SiOg 25.2 SiOz 13.43 

August 1940 

Tuyere area, 66x252 in. FeO 30.3 FeO 6.76 
Column 7 ft, blast 16.5 oz CaO 13.6 379 59.6 2.3 CaO Sue 0.50 
Charge lead content: 46 pct ZnO 16.3 ZnO 3.21 

RO 15.2 € 27.11 


* Monthly or longer period averages. 


procedure. During this period, however, opera- 
tional data from many sources were assembled and 
analyzed. 

Table I is a comparative summary extracted from 
this smelting data. It will be seen from this table 
that slag zine content alone is not critical, but the 
type of slag in other respects is indicated to be of 
primary importance in controlling blast furnace 
capacity. In fact, assuming the charge to be pre- 
dominantly sinter of proper FeO:CaO ratio’ and 
containing minor residual (RO) compounds ranging 
from 10 to 12 pct (thus the balance silica) a simple 
rule for attaining high blast furnace capacity ap- 
pears to demand a slag in which the > of FeO -+ 
CaO + ZnO approaches 66 pct. This rule presup- 
poses that all slag forming ingredients and proper 
sulfur diluents exist intimately incorporated in the 
sinter plant feed and that the composite presinter 
charge has been endowed with adequate porosity. 
Under such conditions, fast smelting sinter will 
follow. 

In the period 1948-1949, extensive laboratory ex- 
periments were conducted not only to determine 
related overall smelting requirements, but also to 
select the most promising alternative procedures. 
After all conclusions drawn were checked by actual 
pilot plant operations, 1949-1950, chemical and 
physical presinter charge control was proved to be 
mandatory. 
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To attain such control at a custom smelter subject 
to long periods of adverse weather and dependent 
on coarse flux and a wide variety of ore receipts 
necessitated: 

1) An all-weather system. 

2) Facilities for crushing all oversize materials 
to —%4-in. 

3) Enough bins—designed to permit positive 
flow—to maintain adequate segregation of charge 
ingredients. 

4) Provisions to obtain presinter analysis of the 
composite charge and a means of correcting indi- 
cated deficiencies. 

5) Adequate charge blending and pelletizing 
facilities. 

It was not economically feasible to realize the 
foregoing requirements by renovating the existing 
system, and construction of a new plant was decided 
upon. This new plant, designed and constructed 
under contract by Stearns-Roger Mfg. Co., is com- 
prised of four distinct units: a crushing plant; a 
storage, proportioning, and blending plant; a bed- 
ding plant; and a pelletizing plant. Construction 
was started in the fall of 1951 and completed in 
October 1953. The initial crushing plant unit was 
finished and placed in operation in September 1952. 

Crushing Plant: The crushing plant was molded 
into limited space of not too desirable contour. As 
shown in Fig. 1, it is designed for flexible, multi- 
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purpose service. It is utilized for: 1) crushing and 
grinding, to —%4-in., minor volumes of crude ores 
and major tonnages of charge diluents, fluxes, and 
circulating byproducts; 2) intermediate reduction 
and sizing of both finished byproducts and pallet 
dressing which is required for one-pass sintering. 
As far as dry crushing is concerned, the design is 
unique in employing a rod mill and including a 
dryer in the circuit. It will be noted that provisions 
are made for bypassing both dryer and rod mill and 
for delivery of products to variable destinations. 

Crushing plant feed is received through ten rail- 
road bins of 2600-cu ft capacity, one of which feeds 
direct to the dryer for the processing of wet slimy 
materials not amenable to passage through the more 
devious coarse crushing system. The remaining nine 
bins feed through chutes with arc gates onto a 
mobile apron feeder which regulates the flow via 
belt conveyor to the coarse crushing section. 

Primary crushing is accomplished in a Traylor 
30x36-in. type H jaw crusher. However, the feed 
opening of this unit is restricted to 24x36 in. to 
accommodate tough furnace products such as matte 
and speiss. Jaw motion is 34 in. and a minimum 
open setting of 21% in. is used. 

The —21%-in. jaw crusher discharge is delivered 
to an Allis-Chalmers No. 648 Hydrocone crusher, 
which operates in open circuit with a 4x8-ft (14-in. 
openings) ac rod deck screen. The —%4-in. product 
of this secondary crushing circuit is conveyed to a 
Jeffrey continuous bucket elevator 77 ft high, the 
discharge of which (sampled if desired by a Geary- 
Jennings sampler) can be diverted to multiple des- 
tinations by means of a three-way splitter utilized 
in conjunction with two reversible belt conveyors: 

1) One of the above splitter legs delivers —%4-in. 
sinter to a 4x8-ft Nordberg Symons rod deck screen 
with %4-in. openings. Oversize is returned to the 
sinter plant for pallet dressing and undersize is belt 
conveyed to storage in the proportioning plant for 
use as a sulfur diluent. 

2) A second splitter leg, via reversible con- 
veyor, is employed to bypass the rod mill com- 
pletely (either to the proportioning mill or to rail- 
road cars) and to deliver material of excessive 
moisture content to an 8x60-ft Stearns-Rogers oil- 
fired rotary dryer before it goes to the rod mill. This 
dryer operates on a %4-in. per ft slope and is driven 
‘at 4.45 rpm by a 75-hp motor. The vented dryer gas 
is cleaned in a No. 24 type N Rotoclone equipped 
with an Esperanza-type slime remover. The slime 
is dewatered for circulation along with similar plant 
products and the clean gas exhausted through a 
3-ft diam steel stack by means of a No. 80 Norblo 
fan. The dryer discharge, by means of a heat- 
resistant conveyor system, may bypass the rod mill 
or be delivered to it. 

3) The predominant flow of rod mill feed passes 
through the third splitter leg to a reversible con- 
veyor which feeds either of two steel bins, 12 ft OD 
by 17 ft high. From these surge bins the rod mill 
flow is regulated by variable speed feeders. 

Because’ predesign tests demonstrated its efficient 
open circuit delivery of a —¥%4-in. product from a 
range of feed types containing up to 2 or 3 pct mois- 
ture, rod milling was selected in preference to the 
usual closed circuit roll crushing. A 9x12-ft Allis- 
Chalmers peripheral discharge dry rod mill is em- 

ployed. This mill is fed by an 18-in. diam, 70-rpm, 
5-hp screw feeder and is driven at 17.2 rpm by a 
450-hp synchronous motor. Lorain liners 2% in. 
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Fig. 1—Crushing building at the Bunker Hill Co. charge 
preparation plant. 


thick are employed and a 25 to 30-ton rod load is 
maintained by the periodic addition of 344-in. rods. 

Dry rod mill performance to date has been very 
satisfactory. After three years of operation, the 
original liners are still in service and the lifters 
have only recently been replaced. About once a 
month, broken rods are removed and 15 to 20 new 
rods added. Table II presents feed and discharge 
sizes when the rod mill is operating on two different 
types of feed at a capacity of about 60 tph. 

The rod mill discharge passes successively to a 
36x54-in. Robins Gyrex screen (1 mesh) for scalp- 
ing out broken rods and a Jeffrey double paddle 
mixer (12 ft long by 3 ft 11 in. wide) for wetting 
to prevent excessive dusting before it is belt con- 
veyed to the proportioning plant. 

All conveyors are interlocked and a dust collec- 
tion system serves transfer points as well as crush- 
ing and screening equipment. The dust-laden air is 
filtered through an Aeroturn dust collector contain- 
ing 24 wool felt bags, 18-in. diam by 18 ft long. A 
size 80 Norblo exhaust fan driven at 800 rpm by a 
60-hp motor vents 25,000 cfm through this unit. 

As already indicated, this plant reduces a wide 
variety of products. For operation on large tonnage, 
including flux and diluent requirements (limerock, 
slag, and sinter), an average rate of 55 tph is main- 
tained. For processing smaller tonnages of variable 


Table Il. Dry Rod Mill Grinding Performance 


Feed, Discharge, Feed, Discharge, 

Mesh Pct* Pct* Pct} Pett 
+2 50.9 0.0 69.1 0.0 
+4 30.0 0.8 15.3 0.8 
+8 10.1 L5a7 5.9 9.0 
+14 4.0 24.5 3.2 21.0 
+28 1.8 18.7 1.8 16.5 
+100 1.6 22.0 2.0 17.8 
+200 0.3 6.8 0.5 8.3 
—200 1883 11.5 2.2 26.6 


* —_34-in, dump slag at 61.3 tph; rod load 30 tons. 
+ —%-in. limerock at 57.3 tph; rod load 30 tons. 
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circulating byproducts, average capacity is obvi- 
ously reduced by time lost in switching from one 
material to another. Depending on tonnage, two to 
three shifts per day are required with a three-man 
operating crew. One extra clean-up man is employed 
on day shift. 

Charge Storage and Proportioning Section: Im- 
mediately south of the new plant, adjacent to the 
railroad bins already mentioned, 17 additional bins 
receive fine concentrate and leach residue shipments. 
Starting with these receiving bins and picking up 
the crushing plant load from the east, Fig. 2 traces 
the material flow through the storage and propor- 
tioning section. 

A 64x288-ft building houses this section. Along 
the east wall are 11 concrete bins for storage of 
crushed fluxes, diluents, and circulating byproducts. 
Five of these bins are of 7000-cu ft capacity and six 
of 3500-cu ft capacity. Eight 7000-cu ft bins along 
the opposite western wall store fine receipts which 
bypass the crushing plant. Parallel between these 
bordering storage bins are 19 steel proportioning 
hoppers of 1000-cu ft capacity. Material transfer 
from storage to the hoppers is accomplished with a 
2-yd Blaw Knox clamshell bucket operated from a 
P&H overhead crane with 61-ft span. The hoppered 
proportioning bins are spanned by a steel rail grizzly 
system which is utilized for bucket cleaning and for 
breaking compacted lumps. The grizzly rail spacing 
varies from 6 to 18 in., depending on the character 
of the material being handled. 

The segregation of incoming flux, diluents, and 
circulating byproducts is obvious. According to the 
type of slag-forming ingredients they contain, in- 
coming ores are segregated into five classifications. 
Variations in composition of materials drawn from 
storage are minimized by provision of adequate bin 
capacity and by the practice of bedding the flow 
into storage. Incoming flow is diverted to its proper 
storage bin by a Robins motor-actuated wing trip- 
per. A selector switch is used to locate the tripper, 
and bedding of the discharge is effected by an oscil- 
lating tripper movement between limit switches. 

In an air-conditioned tunnel beneath the central 
proportioning hoppers, a composite charge is formed 
by controlled mechanical discharge of the 19 prod- 
ucts contained. One of these bins, utilized for very 
low feed rates, is screw discharged. All other bins 
employ 4x8-ft pan feeders, of which six are ratchet 
driven and 12 have a variable speed continuous 
drive. Feed rates are controlled by adjustments of 
both gate openings and pan speeds. Gobbing of the 
pan discharge onto the collection belt is minimized 
by use of a hinge-mounted solid flight screw, which 
contacts and cuts the face of the discharge ribbon. 

All proportioning hoppers discharge onto a 30-in. 
gathering conveyor that spills to a cross-belt for 
delivery to a Pennsylvania, size CF-7-38, reversible 
impactor driven at 800 rpm by a 200-hp motor. 
Overall flow rate is limited by the impactor capacity 
of about 200 tph. In view of this limitation, ores are 
proportioned on the basis of receipts, circulating 
byproducts in accordance with production rates, and 
fluxes and diluents on the basis of metallurgical re- 
quirements. Between 5 and 10 pct of estimated flux 
and diluent requirements is purposely withheld at 
this stage to facilitate control in subsequent charge 
correction operations. 

In passage through the impactor, ingredient lumps 
are broken and very effective blending is accom- 
plished. The blended flow is conveyed over a Mer- 
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Fig. 2—Preparation building at the Bunker Hill Co. charge 
preparation plant. 


rick Model E Weightometer and Rateograph, thence 
to a two-stage bucket-type sampler before being 
diverted to the bedding plant. 

Three operators and one clean-up man, working 
one shift per day, composite, blend, and correct the 
24-hr requirement of 1500 tons. The three opera- 
tors, all crane men, rotate between the crane, feeder 
floor, and conveyor stations. The use of small, sepa- 
rate, free-flowing proportioning hoppers originated 
in Port Pirie practice and was later adopted by the 
American Smelting & Refining Co. plant at Helena, 
Mont. It is very effective in obtaining low-cost posi- 
tive movement of sticky concentrate and slimy resi- 
due receipts. Materials compacted in storage are 
broken and fluffed during transfer from storage to 
the proportioning hoppers. These hoppers are shal- 
low enough to minimize further packing and the 
feeders are wide enough to discourage arching. 

Bedding Section: In addition to providing a de- 
sirable weatherized storage of blended charge, the 
bedding section is the key to positive metallurgical 
control. As outlined above, the composite flow is 
weighed and sampled before being bedded. On the 
basis of known -weight and analysis, each bed is 
metallurgically corrected, before reclaiming, to 
target sintering and blast furnace requirements. 

The 64x192-ft bedding section floor area accom- 
modates four 925-ton bedding piles. As may be seen 
from Fig. 3, this area is divided longitudinally by 
a collection conveyor that operates sublevel in a 
central trench. Beds are laid around this trench, 
counter clockwise, by means of overhead trippers 
operating from belts that span each side of the 
building. The trippers are spotted by selector 
switches and oscillate over the bed length between 
limit switches. 

As was mentioned previously, the bedding and 
correction of 24-hr sinter plant requirements is 
completed in a single 8-hr shift. Normally, one bed 
is being laid while a second is delayed awaiting 
assay. A third bed is either ready for, or in the 
process of, metallurgical correction (accomplished 
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usually at the start or close of a shift, . y the propor- 
tioning plant crew over the regular belt system), 
and the fourth bed is being reclaimed. 

Bedding piles are reclaimed at a rate of 175 to 200 
tph and the operation is practically automatic. The 
reclaimer is interlocked with a pressure switch that 
stops the unit when the pelletizer surge bin is full. 
As a safety measure, starting is manual. The re- 
claimer, of Stearns-Roger—Bunker Hill design, 
operates counter clockwise in an orbit about the 
collection trench from overhead rails. This unit con- 
sists of a mobile, triangular, multitoothed, recipro- 
cating harrow coupled to a drag conveyor. It eats 
into and excavates the beds at right angles to their 
formation. The reciprocating harrow, set at the 
angle of slope, continuously loosens material on the 
face which slides into the drag conveyor and is car- 
ried into the collection trench. Forward motion of 
the reclaimer is automatic and intermittent, being 
controlled through a switch actuated by a feeler 
located just above the drag. 

Reclaimed material is delivered by the collection 
conveyor to a surge bin at the head of the pellet- 
izing section. Pelletizing, and thus obviously re- 
claiming, is on a two-shift basis. One part-time man 
per shift is required. 


Pelletizing Section: In the pelletizing section the 
sinter charge is endowed with porosity. This de- 
sirable physical conditioning in preparation for 
sintering, though successfully employed in zinc 
operations, has long been neglected by lead metal- 
lurgists. As indicated by Fig. 4, the reclaimed, 
corrected charge is fed from a 100-ton surge bin by 
a 4x10-ft Jeffrey feeder into the pelletizing circuit. 
Pelletizing is usually accomplished (two-shift basis) 
with a two-man crew at the rate of 110 to 120 tph— 
the reclaimer operator aids in this operation. 

Feed flow is initially conditioned with water in a 
5x9-ft A.O.R. pugmill rotating at 6.5 rpm. Moisture 
addition is controlled manually from an observation 
point at the subsequent pelletizer drum discharge. 
Here a flowmeter is provided for re-establishing 
conditions after shutdowns. 
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Fig. 4—Pelletizing building at Bunker Hill Co. charge prep- 
aration plant. 


Flow from the pugmill is advanced to a 8x15-ft 
rotary pelletizer, which operates at 9 rpm and a 
slope of 4 in. over its 15-ft length. Build-up on the 
drum surface is limited to about 2 in. by a rotary 
cleaner consisting of a pipe shaft into which short 
steel cutting rods have been threaded. 

As might be suspected, the moisture content re- 
quired to initiate agglomeration varies with charge 
character. Charges containing higher proportions of 
fines accept more moisture and are less critical in 
control than more granular charges. Below a cer- 
tain moisture content, agglomeration is ineffective; 
too much moisture results in oversize nodules not 
acceptable for one-pass sintering. As seen from the 
following typical pellet sizing data, an attempt is 
made to limit the maximum pellet size to % in. 
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Mesh Wt Pct 
TO +4 9.1 
PELLETIZING +10 38.5 
BUILDING +20 31.7 
135 12.5 
—35 8.2 
From the pelletizing drum, the charge drops 
CONV through a chute into a 7x30-ft Stearns-Roger rotary 
CONV 


dryer, which operates at 11.3 rpm on a slope of % 
in. per ft. No lifters are used other than six 144-in. 
angle bars welded to the shell. The purpose of the 
dryer is to surface-harden the pellets. Very little 
actual drying is sought, only 1 to 1.5 pct moisture 
being removed. 

The finished surface-set pellets leaving the dryer 
are conveyed via a partially hooded belt system to 
one of two sinter plant surge bins. 

A marked increase in smelting capacity attended 
the start of the new preparation plant operations 
and the charge uniformity and control provided has 
enabled consistent maintenance of all subsequent 
operations at their highest capacity levels. 


Reference 


1H. O. Hofman: Metallurgy of Lead, pp. 307-311. First edition, 
1918. 


Fig. 3—Bedding plant building at the Bunker Hill Co. charge 
preparation plant. 
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Discussion of this paper (2 copies) sent to AIME before Dec. uls 
1956, will appear in AIME Transactions, Vols. 205 and 209, and in 
JouRNAL or Mertats, October 1957, and Mining ENGINEERING. 
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Sulfur Equilibria Between Gases and 
Slags Containing FeO 


FeO slags with additions of CaO, SiO., and MgO were equilibrated with atmos- 
pheres of SO, containing additions of CO and Os. At low partial pressures of oxygen, 
sulfur is present as sulfide, and at higher pressures, as sulfate. At constant oxygen 
and sulfur pressures, sulfur absorption as sulfide is nearly independent of the ratio 
CaO/FeO, but is decreased by addition of SiO. or MgO. The presence of CaO is 
necessary for absorption of sulfur as sulfate. 


by George R. St. Pierre and John Chipman 


M ETALLURGISTS have been studying the chem- 

ical behavior of sulfur in steelmaking for many 
years in order to have a better control of the sulfur 
content of finished steel. During the refining period 
in the open hearth, molten steel is separated from a 
gas phase by molten slag. Chemical reactions occur 
principally at the slag-metal interface and at the 
slag-gas interface. A need for physical-chemical in- 
vestigations of reactions between sulfur-bearing 
gases and steelmaking slags was recognized some 
time ago.** From the early work, it can be qualita- 
tively concluded that increased sulfur content and 
low partial pressure of oxygen in the gas phase 
favor the passage of sulfur from gas to slag. Using 
radioactive sulfur S”, Koch and Fink® have demon- 
strated the rapid rate of exchange of sulfur between 
gas and slag in an open hearth furnace. 

Gurry and Darken® and Darken and Shields (as 
reported by Derge and Marshall’) have equilibrated 
lime-iron oxide slags with SO.—O, gas mixtures. 
The major conclusion from the reported results is 
that sulfur content increases with increasing lime 
content in lime-iron oxide slags equilibrated with a 
gas of high oxygen pressure (10°). The data were 
interpreted as indicating the presence of SO, and 
ions. 

Richardson and Fincham® have conducted the 
most extensive experimental study of sulfur equil- 
ibria between gas and slag. Their results confirmed 
many of the conclusions drawn from calculations of 
Richardson’ and Withers.” Richardson and Fincham’s 
data fitted very well into the sulfur scheme repre- 
sented by the reactions 


1/28. (g) + (O) melt = 1/20.(g)+(S) melt [1] 
1/28. (g) + 3/2 O, (g) + (O) melt = (SO,) melt. [2] 


At oxygen pressures greater than 10° to 10“, they 
found that reaction Eq. 2 was predominant while 
reaction Eq. 1 was controlling at oxygen pressures 
less than 10° to 10°. The slag compositions and gas 
mixtures used in their investigations were different 
from those used in the present study. Wherever 
possible, comparison has been made between their 
results and these, and agreement is excellent. 


G. R. ST. PIERRE, Junior Member AIME, is Supervising Research 
Metallurgist, Inland Steel Co., East Chicago, Ind. J. CHIPMAN, 
Member AIME, is Professor of Metallurgy, Massachusetts Institute 
of Technology, Cambridge, Mass. 

TP 4281C. Manuscript, Noy. 29, 1955. Chicago Meeting, Febru- 
ary 1955. 
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It is evident that the distribution of sulfur be- 
tween slag and gas depends upon the oxygen pres- 
sure of the gas. In FeO slags, a change in oxygen 
pressure produces a change in ferric oxide content, 
and a knowledge of this equilibrium is a prerequi- 
site to studies of sulfur distribution. The data are 
found in the work of Darken and Gurry” on the 
FeO system and the more recent experiments of 
Gurry and Darken* and of Larson and Chipman” on 
FeO slags containing lime and silica. The effect of 
oxygen pressure on the ratio Fe***/(Fe* + Fe’), the 
so-called j-ratio, reported by these investigators will 
be used in interpreting the results which follow. 


Experimental Method 
The purpose of the experimental program was to 
determine the equilibrium sulfur content in slags 
exposed to gases of known oxygen and sulfur pres- 


Table !. Free Energy of Gas Reaction at Steelmaking Temperatures 


Reaction Equation 
2S (g) =Se (g) AF°= — 86,500 + 29.20T 
20 (g) (g) AF°=— 121,800 + 31.85T 
S (g) + O (g) =SO (g) AF°= —122,500+ 29.26T 


Ye Se (g) + (g) =SO (g) 
SO (g) + % (g) (g) 
Ye Se (g) + Ov (g) (g) 
CO (g) + % Ov (g) =COxz (g) 
CO (g) + ¥% Se (g) =COS (g) 
(g) + % Os (g) =SOs (g) 
He (9g) + Se (g) =HeS 
He (g) + S (in Fe) = H2S (g) 
Ye So (g) =S (in Fe) 


AF°=—18,300—1.26T 
AF°=—67,900+18.50T 
AF°=— 86,200 + 17.26T 
AF°— =66,560 + 20.15T 
AF°=— 20,300+18.07T 
AF°=—19,800+ 19.76T 
AFO=— 21,680+11.81T 
AF°= + 6,500+ 8.37T 
AF°= — 28,1804 3.44T 


sures. The slag compositions selected for study were 
from the lime-silica-iron oxide system. Additions of 
magnesia were made to some of the slags. 

Apparatus—The apparatus used by Larson and 
Chipman was modified slightly to accommodate the 
addition of SO, to the gas mixtures. As in their 
work, slag samples of 0.5 to 2.0 g were held at tem- 
perature (+1°C) in platinum crucibles under a 
steady stream of gas, 100 to 200 ml per min, for 
several hours and then rapidly lowered to the bot- 
tom of the furnace where they were quenched in 
mercury. 

Preparation and Analysis of Gas Mixtures—Mix- 
tures of SO.-CO were prepared from Virginia 
Smelting Co. Extra Dry liquid SO, and Pure Co. 
CO,. After removing traces of water vapor with an- 
hydrone, the CO, was passed over graphite at 
1200°C, at which temperature the conversion to 
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Fig. 1—Approach to equilibrium at 1550°C in a lime-iron 
oxide slag containing 12 atomic pct Ca. SO» atm. 


CO is nearly complete. The remaining traces of CO, 
were removed with potassium hydroxide solution 
and ascarite. After removing traces of water vapor 
from the SO, with phosphorus pentoxide, it was 
mixed with the purified CO and the mixture was 
passed into the furnace. The ratio of SO, to CO could 
be varied by means of bleeder columns which, when 
set at a given level, held the gas flows constant. The 
composition of the gas mixture entering the fur- 
nace was determined gravimetrically. Samples of 
the gas mixture were flushed with N, through an 
analytical train consisting of an absorption bulb of 
ascarite, a CuO furnace at 400°C, and a second 
absorption bulb of ascarite in series. The ratio of 
the weight gain in the first absorption bulb to that 
in the second bulb was converted to give the volu- 
metric SO./CO ratio of the gas mixture entering the 


Table Il. Loss of Sulfur in Slags Charged High in Both Ferric Iron 
and Sulfur at 1550°C. SO. Atm. 


Charge Composition, Wt Pct Analysis, Wt Pct 


Time, 
Sample CaO Fe203 Ss Min FeO Fe203 Ss 
K6 29.4 69.5 0.53 10 8.84 64.24 0.06 
K7 29.4 69.5 0.53 22 10.01 63.44 0.07 


furnace. CO, was not added as such to the mixture; 
it was formed in the furnace in amounts calculable 
from thermodynamic data to be given in a later sec- 
tion, Table. I. 

Mixtures of purified SO, and oxygen were also 
prepared. Flow rates were controlled by bleeder 
columns, and room temperature composition was 
established by calibrated flowmeters with accuracy 
of +0.5 pet. Using the free energy values given in 
Table I, the gas composition of heated SO,:O, mix- 
tures was calculated. 

Chemical Analysis of Slags—The quenched sam- 
ples were removed from the crucibles and crushed 
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in a Plattner’s diamond mortar to pass a 40 or 60 
mesh screen with precautions to prevent oxidation. 
A portion of each of the slag samples was dis- 
solved in air-free hydrochloric acid saturated with 
CO.. Usually one portion of a sample was used to 
determine total iron, and a second portion was 
titrated for ferrous or ferric iron using KMnO, or 
TiCl,. The presence of sulfur in the samples com- 
plicated the analysis because not all the sulfur was 
evolved as H.S when the samples were dissolved. 
Some of the S~~ produced on dissolving was oxidized 
to elemental sulfur by ferric iron. It was necessary, 
therefore, to determine the amount of H.S evolved 
on dissolving each sample to correct the Fe***, Fe** 
contents obtained from the titration analyses. 

The sulfur contents were determined by two dif- 
ferent methods: 1) combustion of the slag with CO, 
to remove the sulfur as SO, and titration of this SO, 
with KIO,; and 2) gravimetric determination through 
the precipitation of sulfur as BaSO,. Gravimetric 
analysis of sulfate content was made on some 
samples. 

In addition, analyses for lime, magnesia, and 
silica were made on some samples. These analyses in 
all cases confirmed the calculation of the calcium, 
silicon, and oxygen contents from the analysis of 
ferric iron, ferrous iron, and sulfur and the known 
ratio of lime to silica. 

Approach to Equilibrium—Generally a slag sam- 
ple was charged with a ratio of ferric oxide to fer- 
rous oxide, with a sulfur content added as ferrous 
sulfide close to that which would result from equili- 
bration with the particular gas atmosphere. This 
was done to shorten the duration of the experiments. 
To be assured that equilibrium was being attained, 
the sulfur equilibrium and the FeO equilibrium 
were approached from both sides. A portion of the 
samples was charged slightly high in ferric oxide 
and low in sulfur while the remainder was charged 
slightly low in ferric iron and high in sulfur. It was 
impossible to charge very high in both ferric iron 
and sulfur because, immediately upon melting, the 
slag sample would evolve a sulfur gas which caused 
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Fig. 2—Sulfur equilibria in lime-iron oxide slags at 1550°C. 
SO.:CO atm. 
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Table III. Sulfur Equilibria in Lime-lron Oxide Slags 
Sulfur Analysis, Wt Pct Atomic Pct =i 
Charge Po 
Sample Wt Pct Time, Hr FeO Fe203 CaO Total S+ Ca Ss “i 
Pure SOz at 1550°C 
K8 0.0 0.5 18.80 59.95 21.25 0.01 12.0 0.01 0.741 
K5 0.0 1.0 16.88 61.87 21.25 0.04 12.0 0.04 0.768 
K1 0.0 2.0 18.88 59.85 20.17} 0.02 11.52 0.02 0.742 
K4 0.4 2.0 18.90 59.14 21.96 0.00 12.38 0.00 0.740 
K3 0.0 2.0 27.93 48.33 23.74 0.20 13.42 0.20 0.611 
K16 0.0 6.0 26.4 52.2 21.4 0.10 12.33 0.10 0.637 
K18 0.0 15.0 21.2 57.8 21.0 0.05 11.90 0.05 0.708 
K2 0.0 2.0 19.94 58.74 21.32 0.00 12.08 0.00 0.725 
K20 0.0 5.5 20.15 59.2 20.65 0.034 11.72 0.034 0.726 
K19 0.0 15.0 21.2 57.6 21.2 0.027 11.97 0.027 0.710 3.374 
, 137 0.0 2.0 10.1 52.4 37.4 0.109 20.5 0.105 0.823 2404 
{ 138 0.0 2.0 5.35 53.1 41.3 0.250 22.474 0.237 0.902 e50Y 
139 0.4 2.0 8.63 49.8 41.4 0.212 22.24 0.198 0.839 3404 
150 1.5 4.0 7.91 47.6 44.3 0.220 23.97 0.208 0.845 5D 
156 0.7 3.5 15.13 b5al 29.8 0.044 16.57 0.043 0.767 36 
158 0.7 6.3 10.71 55.9 33.4 0.084 18.38 0.081 0.825 oes 
‘ 1581 0.0 4.0 23.35 59.1 17.55 0.032 10.00 0.030 0.695 oe 
1582 0.0 4.0 23.6 60.95 15.45 0.031 8.90 0.028 0.700 pa 
1583 0.0 4.0 13.5 58.6 27.9 0.046 15.50 0.045 0.797 res 
1586 0.7 4.0 15.75 56.35 27.9 0.032 15.53 0.031 0.763 oe 
" 1587 0.0 18.5 43.15 56.6 0.257 0.014 0.15 0.014 0.542 204 
1588 0.4 18.5 40.85 58.55 0.607 0.016 0.36 0.017 0.564 ay 
1589 0.0 18.5 7.55 56.15 36.3 0.084 19.80 0.080 0.870 2. 5 
is { 1571 0.2 6.0 34.4 59.4 6.20 0.020 3.02 0.021 0.610 ee 
1573 0.0 6.0 17.0 59.4 23.60 0.060 13.22 0.059 0.760 oa 
cd 1574 0.2 13.5 30.0 59.45 10.55 0.017 6.11 0.017 0.641 Di 
1576 0.0 13.5 12.25 54.65 33.1 0.053 18.3 0.051 0.801 Baas 
bs 1577 0.0 3.0 31.55 58.9 19.49 0.06 5.54 0.064 0.627 ret 
1578 0.4 3.0 23.4 59.25 17.3 0.05 9.85 0.050 0.696 2. 
SO2/CO=42.3 at 1550°C 
. 349 0.8 5.0 33.86 43.83 22.1 0.95 12.70 0.96 0.537 aoe 
350 1.0 5.0 26.64 44.18 29.0 0.81 16.42 0.80 0.598 5. “ 
351 0.8 13.7 16.20 48.00 35.6 0.68 19.70 0.66 0.728 4.3) 
418 1.4 6.5 62.5 34.6 0.00+ 0.950 0.00 0.962 0.330 4.16 
419 1.3 6.5 41.65 41.6 16.30 0.952 9.57 0.943 0.473 5.20 
421 0.7 5.9 11.14 40.9 47.50 1.042 25.87 0.995 0.768 4.52 
SO2/CO=34.1 at 1600°C 
Me 409 Tags 4.3 63.4 35.0 0.007 0.776 0.00 0.822 0.333 
410 1.0 4.3 26.4 42.2 31.0 0.926 17.48 0.915 0.590 
411 1.6 4.3 26.8 42.2 30.6 0.979 17.28 0.966 0.587 
SO2/CO=34.1 at 1500°C 
. 316 1.5 6.0 10.2 45.1 43.8 1.25 23.95# 1.20 0.794 4.33 
{ 314 0.50 6.0 33.3 44.8 23.0 1.04 13.47 1.08 0.549 Datel 
315 0.50 6.0 19.4 45.4 33.5 1.06 18.70 1.03 0.672 4.92 
1) epliye 1.6 5.0 29.4 45.4 24.1 1.33 13.80 1.33 0.585 4.78 
1 318 1.6 5.0 44.8 44.6 9.3 1.49 5.52 1.55 0.477 4.45 
319 3.0 5.0 9.6 35.6 54.3 1.25 29.304 1.18 0.776 4.44 
. 320 0.40 6.1 60.9 36.9 0.07 1.07 0.0 1.14 0.362 4.88 
321 0.0 6.1 total Fe=0.08 99.5 0.77 50.00% 0.677 — 
322 8.9 6.1 total Fe=0.15 99.5 0.85 50.00% 0.748 —= 
te 335 1.2 6.8 37.98 42.42 19.1 1.35 11.13 1.38 0.501 5.18 
336 1.2 6.8 20.65 43.94 34.8 1.24 19.43 1.21 0.656 5.08 
337 1.2 6.8 49.61 41.39 8.35 1.48 5.04 1.56 0.428 4.91 
* 341 1:2 11.0 37.15 43.04 19.3 1.27 11.00 1.28 0.511 5.31 
342 12 11.0 20.91 42.29 36.4 1.30 20.2 1.27 0.646 4.93 
343 1.2 11.0 50.56 38.19 10.7 1.34 6.62 1.46 0.404 5.42 
365 1.2 15.1 63.80 34.90 0.00; 1.44§ 0.00 1.55 0.330 5.20 
398 1.2 10.2 23.3 44.3 31.8 1.36 17.89 1.34 0.631 5.05 


* Brackets indicate that samples were equilibrated simultaneously. 


7 Not calculated; all other CaO values were. 
¢t Total sulfur by combustion or gravimetric analysis. 
§ No sulfate was found by analysis. 
3#{ A solid phase was present. 
{ Not included in average log Do- 
2 


** Calcium analysis reported as CaO. 


+7 For samples showing total sulfur; other figure is for sulfate analysis. 


tt Charged lime content. 


foaming and spillage. In Table II data are pre- 
sented to illustrate this point. Two samples of 1.5 g 
were raised individually to 1550°C, held for the 
time indicated in an atmosphere of SO., and 
quenched. Both samples had foamed over the cru- 
cible. The loss of sulfur from the sample held for 
10 min can completely account for the increase in 
ferrous iron content through the reaction S~ + 
3 + 8 Fe** > 8 Fe* + O, + SO.,. 

The time required to reach equilibrium is illus- 
trated in Fig. 1 for a slag containing about 12 atomic 
pct Ca under pure SO, at atmospheric pressure. The 
study did not propose to determine the kinetics of 
sulfur transfer, but was intended to serve as a 
guide in selecting equilibration times. The plot 
shows the change with time of the ratio of ferric 
iron to total iron, hereafter referred to as j-ratio, 
and the sulfur content for three different charge 
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compositions. In series II, the sulfur content rose far 
above equilibrium and then fell off. This is to be 
expected, because the initial iron balance of this 
slag dictated highly reducing conditions which favor 
increased sulfur content. Once the j-ratio neared 
equilibrium with the SO, atm, the sulfur content de- 
creased, probably in accordance with the increase 
in j-ratio. It is impossible to give a complete kinetic 
treatment to the results, which are illustrative only. 
The primary test of attainment of equilibrium in 
this investigation was made by approach from both 
sides. 
Results 

Lime-Iron Oxide Slags—Table III summarizes the 
equilibrium data obtained. The effect of calcium on 
sulfur content of slags equilibrated with SO.-CO 
mixtures is shown in Fig. 2. Analysis for sulfate in 
slags exposed to atmospheres containing CO always 
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Table Ill. Sulfur Equilibria in Lime-lron Oxide Slags (Continued) 


Sulfur 


Charge, Analysis, Wt Pct : Atomic Pct 2h 
Sample WtPct Time,Hr FeO CaO ‘Total Ca j 
SO2/CO=34.1 at 1550°C 
15.0 64.0 34.7 0.00 1.81 0.00 1.94 
0. 
{ 416 1a 15.0 41.2 42.2 14.75¢ 1.76 9.29 1.81 0.480 
15.0 16.1 43.85 39.3 1.74§ 21.80 1.69 0.710 
SO2/CO=34.1 at 1450°C 
7.0 33.57 43.63 22.0 1.81 12.72 1.83 0 
{ 339 12 7.0 26.39 43.78 29.1 1.78 16.57 1.77 0.398 
. 340 14 7.0 18.19 43.81 37.2 1.93§ 20.78 1.88 0.684 
406 2.1 13.0 64.2 33.5 0.0 2.09 0.0 2.24 0.320 
407 2.0 13.0 26.3 42.9 29.9 1.81 17.02 1.80 0.595 
13.0 15.9 43.3 39.8 2.008 22.14 1.94 0.710 
SO2/CO=20.7 at 1550°C 
: 5.6 38.3 41.4 19.3 2.02 11.3 2.05 0.492 
303 1.9 5.6 28.0 42.6 28.4 ate 16.25 2.12 0.578 327 
es 0.0 5.6 16.3 43.0 39.4 2.62 22.0 2.56 0.703 5.25 
. & 304 5.6 15.2 44.0 39.5 2.43 22.04 2.36 0.722 5.10 
424 2.0 23.0 64.38 31.54 0.0 2.40 0.0 2.60 » 0.306 5.43 
425 2.3 23.0 21.8 2.04 12.70 2.08 
2.6 23.0 33.7 2.03§ 19.08 2.01 
SO2/CO=19.6 at 1500°C 
0.0 4.4 34.3 43.4 20.4 1.46 12.34 1.47 0.532 
{ 312 1.9 4.4 26.3 45.0 27.9 1.61 15.89 1.60 0.606 
0.0 4.4 1 45.2 35.9 1.53 20.00 1.49 0.691 
SO2/CO=20.5 at 1450°C 
308 0.0 5.6 3.8 43.3 22.0 1.93 12.73 1.95 0.535 
{ 309 19 5.6 27.3 43.7 27.9 2.01 15.95 2.00 0.590 
310 0.0 5.6 8.2 46. 34.6 1.96 19.38 1.92 0.695 
SO»/CO=5.50 at 1550°C 
300 0.0 4.0 30.4 39.8 26.7 6.51 15.7 6.67 0.541 5.52 
{ 301 oo 4.0 34.4 33.5 29.0 6.11 17.0 6.25 0.468 6.43 
pct O» at 1550°C 
Re 0.0 6.2 28.45 71.3 0.0} 0.0328 0.0 0.033 0.692 
374 0.0 6.2 total Fe=0.12 56.3** 16.674 46.8 24.35 
49.9SO4 
376 0.5 7.0 11.71 68.05 20.2 0.038 11.32 0.029 0.841 
377 0.0 7.0 6.93 64.1 28.7 0.14547 15.90 0.140 0.894 
0.3380, 
378 0.5 7.0 3.04 55.75 38.6 1.067% 21.50 1.03 0.943 
2.90SOx 
pct O» at 1500°C 
“(382 0.0 6.0 28.3 70.8 0.0 0.023 0.0 0.023 0.693 
383 0.5 6.0 8.02 66.7 25.1 0.09544 13.95 0.093 0.883 
1 0.285S0. 
384 0.0 6.0 4.30 59.7 33.7 0.9447 18.80 0.921 0.928 
2.82804 
pct O» at 1550°C 
1.0 10.3 5.42 30.0¢¢ 0.100 
393 0.0 10.3 22.97 71.90 4.23 0.019 2.43 0.019 0.738 


* Brackets indicate that samples were equilibrated simultaneously. 
+ Not calculated; all other CaO values were. 
¢ Total sulfur by combustion or gravimetric analysis. 
§ No sulfate was found by analysis. 
# A solid phase was present. 
{ Not included in average log pp - 
2 


** Calcium analysis reported as CaO. 
++ For samples showing total sulfur; other figure is for sulfate analysis. 
tt Charged lime content. 


For the atmosphere SO./CO = 34.1, the effect of 
additions of calcium on sulfur content at tempera- 


proved negative. Analytical evidence and data for 
SO,-O, atm support the conclusion that, in the slag 


samples close to lime saturation, sulfur was present 
as sulfate under pure SO,.. For the atmosphere 
SO./CO = 34.1, increases of calcium far in excess of 
that required to reach lime saturation were made. 
Beyond 22.5 pct Ca two phases were present: solid 
lime and liquid of constant composition, the propor- 
tion of solid to liquid increasing with increasing cal- 
cium content. Therefore, sulfur content should vary 
linearly between 22.5 and 50 pct Ca, with the inter- 
section at 50 pct Ca corresponding to the solubility of 
sulfur in solid lime. Two samples of powdered lime 
were equilibrated with an atmosphere of SO,/CO = 
34.1. One sample was charged with 8.9 pct S added as 
CaS, and the other with no sulfur. The results indi- 
cated a solid solubility of CaS in CaO of 1.42 mol pct. 
Other aspects of the curves of Fig. 2 will be dis- 
cussed more fully later. 
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tures of 1450°, 1500°, 1550°, and 1600°C was deter- 
mined, Fig. 3. The data for 1500° and 1600°C are 
fragmentary. Fig. 4 shows that temperature varia- 
tions have no effect on the relation between calcium 
content and j-ratio. Increased temperature results 
in the development of greater oxygen pressures in 
this atmosphere, which would give rise to higher 
j-ratios if this were the only effect of temperature. 
Larson also found this behavior under CO,-CO mix- 
tures. It is certain that temperature can have an 
effect on the relationship between ferric iron activ- 
ity and ferrous iron activity, and on the activity 
coefficients of each. It is impossible to isolate these 
several effects here. 

Fig. 5 shows that 3 pct O. added to SO, results in 
increased sulfur contents, indicating that sulfur is 
present as sulfate. The samples containing about 0.1 
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Table IV. Equilibria in Lime-Silica-lron Oxide Slags 


Sulfur Analysis, Wt Pet Atomic Pct 
Charge, j 
Sample Wt Pct Time, Hr FeO Fe203 CaO + SiOz Total S Ca Si 
SO2/CO=42.3 at 1550°C CaO/SiO2=2.235 
354 0.8 4.0 27.86 33.88 25.10CaO+ 0.79 14.59 6.05 0.73 0.522 
12.30SiO2 
SOc/CO=34.1 at 1600°C CaO/SiO2=2.235 
414 0.5 4.0 6.80 12.90 80.20 0.26 25.3 11.33 0.21 0.631 
SO2/CO=34.1 at 1550°C CaO/SiO2z=2.235 
08 
325 0.0 ae) 29.0 33.35 36.3 0.87 L275 Byifal 0.79 0.5 
0.7 15.4 21.5 24.3 53.9 0.55 18.41 8.22 0.49 
360 1.0 15.4 12.70 17.35 69.7 0.45 22.60 10.12 0.38 oe 
362 1.0 5.8 36.25 82.2 31.1 0.97 11.44 5.14 0.93 vee 
* ¢ 400 1-5 14.6 49.8 36.7 8.18CaO+ 1.28 4.75 2.14 1.30 : 
12.11 Total 
401 15 14.6 36.9 34.1 0.99 10.53 4.79 0.95 0.453 
402 0.1 14.6 0.73 8.39 60.4CaO;# 0.33 27.154 12.35 0.26 
29.33SiO2 
SOz:O2—7 pet Ov at 1550°C CaO/SiO2=2.235 
ali 395 0.2 12.0 5.42 44.70 49.4 0.2538 16.78 Tos 0.222 0.882 
1.029SO4 
it 396 0.0 12.0 2.17 21.95 74.3 0.9258 23.80 10.65 0.760 0.902 
3.09SO4 
SOo/CO=42.3 at 1550°C CaO/SiOe=1.275 
348 0.3 5.6 17.14 10.71 72.07 0.16 18.18 14.19 0.130 0.360 
353 0.5 4.0 33.63 25.04 22.48CaO; 0.45 11.58 8.99 0.409 0.400 
18.30SiO»z 
423 (0) 5.9 9.24 Sule 86.8 0.05 20.95 16.35 0.039 0.279 
SOo2/CO=34.1 at 1550°C CaO/SiOz2=1.275 
324 0.0 5} 2 34.35 25.7 39.5 0.53 PL-23 8.80 0.48 0.402 
*( 344 0.5 1A 24.16 18.00 57.4 0.300 15.23 11.94 0.206 0.401 
345 0.5 165) 8.48 4.65 86.5 0.142 20.75 16.30 0.110 0.330 
346 0.0 ae, total Fe=1.20 98.0 0.049 22.74 17.81 0.037 
vl if S535) 0.7 5.9 42.21 29.70 27.6 0.88 8.15 6.41 0.841 0.388 
356 0.3 5.9 16.21 10.01 Wout 0.125 18.44 14.47 0.101 0.358 
be [f 357 0.5 7.0 SL 36.0 12.6 1.35 3.96 3.10 1.38 0.388 
| 358 0.6 67.0 32.1 22.7 44.8 0.58 12.43 9.75 0.518 0.389 
SOv:O2—3 pct O2 at 1550°C CaO/SiOs=1.275 
all (aes) 0.0 14.5 10.30 38.6 51.0 0.095 13.55. 10.60 0.082 0.772 
i 380 0.4 14.5 8.06 32.4 59.5 0.087 15.37 12.04 0.073 0.783 
381 0.0 14.5 0.0 0.0 54.9CaO;+ 0.295$ 23.50 17.60 0.222 
44.0SiOz 1.23S04 
SOv:O2—7 pet Oz at 1550°C CaO/SiO2=1.275 
* ( 388 0.0 26.5 8.84 41.5 26.83CaO}7 0.053 13.27 10.10 0.046 0.809 
21.90SiO2 0.812 
389 0.4 26.5 4.08 19.63 0.210 18.73 14.67 0.167 
390 0.0 26.5 0.0 0.0 76.1 0.480 22.85 17.95 0.360 
SO2/CO=34.1 at 1550°C CaO/SiO2=0.524 
323 0.0 5.2 40.4 16. 43.2 0.26 7.10 13.56 0.225 0.263 
366 0.0 15.1 total Fe=0.16 99.5 0.049 12.95 24.72 0.034 : 
IC Bkaer 0.4 4.3 30.0 6.77 62.7 0.042 9.47 18.15 0.034 0.169 
| 368 0.4 4.3 13.5 3.35 82.7 0.030 52 22.01 0.022 0.182 
* ( 369 0.3 6.0 56.1 30.7 12.6 1.05 2.39 4.59 1.06 0.330 
| 370 1.0 6.0 49.8 23.3 27.8 0.55 4.98 9.48 0.52 0.296 
SO2z:O2—3 pct Ov at 1550°C CaO/SiO2=0.524 
* 7 385 0.0 23.0 15.10 23.43 61.5 0.017 9.15 17.50 0.014 0.583 
{ 386 0.4 23.0 11.43 16.35 72.2 0.026 10.33 19.70 0.020 0.563 
387 0.0 23.0 total Fe=1.69 97.8 0.039 12.73 24.4 0.027 


* Brackets indicate that samples were equilibrated simultaneously. 


7 Individual analyses; all others were calculated. 
t Total sulfur by combustion or gravimetric analysis. 


§ For samples showing total sulfur; other figure is for sulfate analysis. 


# A solid phase was present. 


pet S and higher were analyzed for sulfate, and the 
analyses showed that sulfate content could account 
for total sulfur content. With sulfur present as sul- 
fate, it is to be expected that increased temperature 
would decrease sulfur content because of the greater 
instability of multiatom groupings at higher tem- 
peratures. In contrast to conditions where sulfide is 
predominant, calcium has a very marked effect on 
sulfur content. A sample of powdered lime was ex- 
posed to the atmosphere SO.-O., 3 pct O., for 6 hr at 
1550°C. The sampie fused, and on quenching there 
was no evidence of a solid phase although the sam- 
ple analyzed approximately 50 pet CaO and 50 pct 
CaSO,. It is not known whether or not a longer ex- 
posure would have resulted in the lime being com- 
pletely converted to CaSO,. The data for equilibra- 
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tion with pure SO, is compared with the more ox- 
idizing atmosphere. It is quite conclusive that, 
under pure SO, and SO.-O, mixtures, sulfur is pres- 
ent as sulfate in slags with calcium contents near 
lime saturation. 

Lime-Silica-Iron Oxide Slags—To investigate the 
effect of lime and silica jointly three master slag 
mixtures were used. These were the slags used by 
Larson and Chipman and had molar lime-to-silica 
ratios of 0.524, 1.275, and 2.235. Additions of these 
mixtures were made to cover the entire range from 
pure iron oxide to pure lime-silica mixture. The 
data obtained are summarized in Table IV. 

Fig. 6 shows sulfur equilibria in these slags at. 
1550°C for an atmosphere of SO./CO = 34.1. Sulfur 
content, atomic pct, is plotted against the slag com- 
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Fig. 3—Sulfur 
equilibria in lime- 
iron oxide slags. 
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position parameter (calcium + 3/2 Si), atomic pct. 
This parameter was used because it has the same 
value for a given iron content regardless of the 
calcium-to-silicon ratio. This can be shown by com- 
bining an electron balance with a total material 
balance to give the relation No, + 3/2 Nsi + Nye + 
5/4 Ny. = 5 O, where N is atomic pct. Thus, addi- 
tions of the three lime-silica mixtures can be com- 
pared over the same numerical range. 

Larson has discussed the phase relationships in 
the lime-silica-iron oxide slags investigated here. 
The two lower ratios are single-phase liquid through- 
out the entire range of composition. However, the 
2.235 CaO/SiO, mixture results in the formation of 
a solid phase when present in large quantity. The 
evidence is that the solid phase formed is not pure 
dicalcium silicate. The solid definitely contains iron 
oxide with a j-ratio greater than that in the liquid 
with which it is in equilibrium. The exact point at 
which the solid begins to form cannot be located ac- 
curately. However, the slag sample containing the 
greatest addition of 2.235 CaO/SiO, shown on Fig. 6 
was definitely two-phase. Fig. 7 shows iron equil- 
ibria in these slag mixtures at 1550°C for the same 
gas atmosphere. 

Fig. 8 shows the variation of sulfur content under 
SO.+0, at 1550°C with additions of the three lime- 
silica mixtures. Sulfate analyses again showed that 
the sulfur content of the lime-silica-iron oxide slags 
under the strongly oxidizing atmospheres is present 
predominantly as sulfate. 

Slags Containing Magnesia—The solubility of 
magnesia in FeO at 1550°C is small, amounting to on- 
ly 2.3 atomic pct Mg in slags which are in equilibrium 
with liquid iron. In slags of higher ferric oxide con- 
tent such as those of samples 363, 364, and 403 shown 
in Fig. 6, the solubility is probably higher; even so, 
the two latter slags contained a solid phase. This 
solid is not pure MgO, but a solid solution of MgO, 
FeO, and Fe.O, covering a wide range of composi- 
tion. The j-ratio of the liquid slags is shown on Fig. 
7. The points marked S on Figs. 6 and 7 are for 
samples containing magnesia and 1.275 CaO/Si0,, 
as given in Table V. The molar ratio of (MgO + 
CaO) to SiO, was 2.20 and 2.14 for samples 404 and 
405, respectively. The samples were single liquid 
phase. Two slags of almost exactly the same com- 
position were equilibrated at 1600°C. 
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Discussion of Results 


Thermodynamics of Sulfur Gases—At high tem- 
peratures SO, dissociates into SO and O,. There is 
also dissociation, to a lesser extent, into S., sulfur, 
and oxygen and the possibility for formation of SOs. 
In mixtures of SO, and CO, there is a substantial 
amount of CO, and the possibility of some COS. 
Thermodynamic properties of most of these species 
have been known for a long time, but those of SO 
and sulfur were very uncertain until the data of 
Table III had been determined. These data, in com- 
bination with the oxygen pressure data determined 
by Larson and Chipman” for the same slags, es- 
tablished the oxygen pressures in SO, and in the 
SO.-CO mixtures used. This led to a clear-cut choice 
between several competing interpretations of the 
spectrographic data, thus fixing the dissociation con- 
stant of SO., the heat of formation of SO, and that of 
dissociation of S.. 

A full account of the calculations and a review of 
the data on sulfur gases has been presented by the 
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Table V. Equilibria in Magnesia-Lime-Silica-lron Oxide Slags 


Sulfur Analysis, Wt Pct Atomic Pct 
Charge, Time, : : 
Sample Wt Pct Hr FeO Fe203 MgO CaO+SiOy Total St Mg Ca Si Ss 7 
SO2/CO=34.1 at 1550°C 
363 1.0 4.1 Diao 36.3 oat 0.0 0.87 3.44 0.0 0.0 0.898 0.362 
{ 364 1.4 4.1 52.8 BbYy/ 10.65 0.0 0.36 6.424 0.0 0.0 0.354 0.379 
be 403 0.3 8.1 38.9 32.8 28.40 0.0 0.258 17.13# 0.0 0.0 0.229 0.432 
404 0.4 8.1 10.60 9.37 17.45 62.42 0.107 10.68 14.90 11.63 0.082 0.469 
405 0.1 8.1 10.47 9.20 16.75 63.52 0.097 10.25 155) 11.90 0.075 0.469 
SOo2/CO=34.1 at 1600°C 
*{ 412 0.4 4.0 ip Ba Fa 10.51 16.56 61.75 0.120 10.48 15.28 11.97 0.093 0.486 
\ 413 0.1 4.0 11.68 10.90 15.91 61.46 0.090 9.88 14.85 11.63 0.070 0.483 
SO2:O02—3 pet Oz at 1550°C 
375 0.0 6.2 20.45 73.2 6. 0.0 0.025§ 4.6774 0.0 0.0 0.025 0.764 
SO2:O2—7 pet Oz at 1550°C 
394 0.2 12.0 4.53 71.49 24.00 0.0 0.118 15.227 0.0 0.0 0.105 0.933 


* Brackets indicate that samples were equilibrated simultaneously. 


+ Not analyzed; all other samples were. 

¢t Total sulfur by combustion or gravimetric analysis. 
§ No sulfate was found by analysis. 

jt A solid phase was present. 

§ Calculated by difference. 


authors.” The pertinent data are summarized in the 
free energy equations of Table I, which represent 
the data at 1823°K and are of practical usefulness 
over a wide range of temperatures. The new data 
also required a slight correction“ in the reaction of 
hydrogen with dissolved sulfur in liquid iron; the 
corrected equation and that for solution of S, in 
liquid iron are included. The data show that, in the 
SO.-CO mixtures employed, the principal molecular 
pressures of the more important constituents at 
several temperatures are shown in Figs. 9 and 10. 

Effect of Slag Composition on Sulfide Equilibrium 
—Reaction Eq. 1 can be written in terms of ionic 
constituents 


O~ + 1/28, (g) =S~ + 1/20, (g). [3] 
The equilibrium constant of reaction Eq. 3 is 
1/2 
( ) [4] 


which can be put in the form 


Ps2 
(% = Kx ( [5] 
Pos 
The quantity (%S) (po2)*?/ (ps2)? has been 
given the name sulfide capacity by Richardson and 
Fincham.* It is related to the foregoing equilibrium 
expressions as follows 


1/2 


(ps.)*” 


The experimental data provide direct determina- 
tions of Cs and relative values of the ratio a.--/ys-. 

The experimental results indicate that additions of 
lime to iron oxide slags containing S~ ion, up to lime 
saturation, produce a slight lowering in sulfur con- 
tent. Applied to the data of Figs. 2 and 3, Eq. 6 in- 
dicates that there is no more than a 25 pct lowering 
in the ratio of oxide ion activity to activity coeffi- 
cient of sulfide ion between pure iron oxide slags 
and slags saturated with lime. Thermodynamic 
data are available for the reaction 


FeO (1) + CaS (s) = FeS (l) + CaO (s). [7] 


At steelmaking temperatures,” AI”, = +430+0.16T, 
which gives an equilibrium constant for reaction 
Eq. 7 of 0.82 at 1550°C. This indicates a nearly 
equal distribution of sulfur between iron and cal- 
cium and suggests that ys-- may be essentially inde- 
pendent of calcium content in lime-iron oxide slags. 


dor 


[6] 
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Bardenheur and Geller“ concluded from slag- 
metal investigations that CaO was a better desul- 
furizer than FeO. They found that the distribution 
ratio of sulfur between slag and liquid iron increased 
when lime was substituted for iron oxide, and this 
observation has been confirmed many times. Con- 
ditions of constant gas composition are very differ- 
ent from those in slag-metal equilibrium where the 
oxygen pressure decreases markedly as CaO is sub- 
stituted for FeO; and it will be shown that, for con- 
ditions of equal oxygen pressure, the two oxides are 
approximately equal in desulfurizing power. 

Richardson and Fincham found from their studies 
on silicate melts that, for a given oxygen pressure, 
CaO-SiO, slags have a lower sulfur capacity than 
FeO-Si0O, slags. They attributed this to the greater 
metal oxide activity in the ferrous silicate slags. It 
is only for the rather acid slags containing more 
than 33 mol pct SiO, that this statement is valid. 

The effect of silica additions on sulfide content is 
shown in Fig. 6. The replacement of silicon for 
calcium at constant iron content results in a decrease 
in the ratio ao-/ys--. The high strength of the Si-O 
bond produces low oxide ion activity when silicon 
contents are appreciable. Fig. 11 shows the direct 
relation between sulfur content and silicon content 
at constant oxygen pressure in CaO-SiO.-FeO-Fe.O, 
slags. The data for the three CaO: SiO, ratios are best 
fitted by a single curve, and hence in this composi- 
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tion range and at constant oxygen pressure, FeO and 
CaO are equal in their ability to hold sulfur. The 
interaction of sulfide and silicate to any appreciable 
extent is unlikely since Si-S bonds are far weaker 
than Si-O bonds. 

The actual sulfur capacity of these slags is shown 
in Fig. 12, where log Cs is plotted against molar per- 
centage of SiO.. It must be noted that the data cover 
a wide range of iron oxide content and that within 
this range of composition Cy is a function of the silica 
concentration. The shape of the curve is similar to 
those of Richardson and Fincham, and the values of 
Cs are not greatly different from their data for high 
FeO slags in equilibrium with liquid iron. 

If it is assumed that ys is not varied appreciably 
over the range of sulfur contents shown in Fig. 11, 
then oxide ion activity is directly proportional to 
sulfur content, and Fig. 11 shows the relative change 
in d)~- produced by variation of silicon content. Up 
to 10 pct Si the data of Fig. 11 determine a straight 
line, which means that a ~- is a linear function of 
silicon content in this range. It is significant that 
the linear portion of the curve extrapolates to zero 
sulfur at an atomic fraction of silicon of about 13. 
In any mixed orthosilicate of calcium and ferrous 
ion, the atomic fraction of silicon is 14.3. The differ- 
ence is due in part to the presence of ferric oxide. 
Allowing for the additional oxygen present in 
Fe.O,, the ratio (CaO + FeO)/SiO, becomes 2 at 
about 12 atomic pet Si. Similarly, the metasilicate 
composition, (CaO + FeO)/SiO, = 1, is reached at 
about 19 atomic pct Si. Here the sulfur content of 
the slag has reached a very low figure, correspond- 
ing to a low value of do-. 

From Fig. 6 it is seen that additions of MgO to iron 
oxide greatly lower sulfide-sulfur content both in the 
single liquid phase region and in the two-phase, 
solid and liquid, region. Fig. 7 shows that MgO has 
about one half the effect of CaO on the j-ratio, 
which is in agreement with the conclusions of Lar- 
son. Its effect on this ratio is about intermediate 
between that for additions of 1.275 CaO/SiO, and 
2.235 CaO/SiO,. Its effect on sulfur absorption is 
much greater than this. Accordingly, it must be 
concluded that addition of MgO to iron oxide slags 
greatly increases ys~. This is supported by consid- 
eration of the reaction 


[8] 


At steelmaking temperatures,” AF°,=—21,270+0.26T, 


FeO (1) + MgS (s) = FeS (1) + MgO (s). 
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which gives an equilibrium constant of 2.6x10° at 
1550°C. This indicates that the degree of association 
in molten slags between magnesium and sulfur is 
probably much less than that between ferrous iron 
and sulfur. However, this would only account for a 
lowering of sulfur content caused by dilution of 
ferrous iron with magnesium, which would be 
slight. The data thus indicate that magnesium must 
have an effect on the ability of Fe-S bonds to form. 
In Fig. 6, the two data points marked S represent 
slags of the series CaO/SiO, = 1.275 to which 17 pct 
MgO has been added (samples 404 and 405, Table 
V). The sulfur content of these samples was the 
same as would have been found if an equivalent 
quantity of the 1.275 CaO/SiO, slag had been added 
instead of MgO. The corresponding j-ratios shown 
in Fig. 7 are indicative of a more basic slag. It ap- 
pears, therefore, that MgO contributes to the oxide 
ion concentration, but not to the desulfurizing power 
of the slag. Thus again magnesium increases ys-, 
but the effect is smaller than in the case of the iron 
oxide slags. A possible explanation for this lies in the 
fact that viscosity and surface energy measurements” 
indicate that magnesium can take on a coordination 
number of four in silicate melts. The location of 
magnesium in this manner would prohibit its having 
an effect on the ability of Ca-S or Fe-S bonds to 
form. It seems reasonable that the lessened effect of 
MgO on ys-- in the lime-silica-iron oxide slag might 
have been caused by a portion of the magnesium 
taking a coordination number of four. 

In general, the results of Harders, Grewe, and 
Oelsen® support the observed behavior of MgO, 
showing that magnesium silicate slags were unable 
to desulfurize molten iron, whereas the correspond- 
ing calcium silicate effected an appreciable sulfur 
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removal. Richardson and Fincham found the sulfur 
capacity of MgO-SiO, melts to be far less than that 
of CaO-SiO, melts. 

Sulfate Equilibrium—Reaction Eq. 2 can be writ- 
ten in the form 


O- + 1/28. (g) + 3/2 (g) = [9] 


and the corresponding sulfate capacity according to 
Richardson and Fincham is 


S 
Cur = 


(ps2) (Poe) *” 


measured under conditions where the sulfur is pres- 
ent only as sulfate. 

The effect of calcium content on sulfate equilib- 
rium is entirely different from its effect on sulfide 
equilibrium, as seen by Fig. 5. A thirtyfold decrease 
in the activity coefficient of SO,~, reaction Eq. 4, is 
realized by increasing calcium content from 12 to 
22 pet. This indicates that the degree of association 
between Fe** or Fe*** and SO,” is far less than that 
between Ca** and SO,~. The data also show that, in 
iron oxide slags containing less than about 10 pct 
Ca, sulfate does not form. 

The effect of silicon content on sulfate equilibria 
is shown by the relative positions of the several 
curves of Fig. 8, which indicate that, for a constant 
iron content, the substitution of silicon for calcium 
lowers the sulfate content. The substitution of sili- 
con for iron results in an increase in the fraction of 
positive charge held by calcium and, therefore, in- 
creases the availability of calcium for calcium- 
sulfate bonds. Apparently the net result is that the 
substitution of silicon for iron decreases yso,- in 
exactly the same proportion as it decreases do--. It 
has already been shown that calcium greatly de- 
creases yso,--, and the lime-silica results indicate that 
the presence of silica does not interfere with the 
relation. This means that the bonding of calcium 
ions to silicate ions is not as strong as to sulfate ions. 

Effect of Atmosphere on Sulfur Equilibria—The 
effects of variations in sulfur and oxygen pressures 
are shown by Eqs. 3 and 9. It is convenient to ex- 
press these in terms of SO, and O, pressure through 
combination with the dissociation reaction of SO, 
into S, and O,, Table I. 


[10] 


O~ + SO, = S~ + 3/2 O, 
O~ + SO, + 1/72 0, = SO.. 


[11] 
[12] 
In the present investigation, SO, pressure varied 
from 0.72 to 1.00 while O, pressure was varied from 
1.6 X 10° to 7 ¥ 10°. The equilibrium constants of 


reaction Eqs. 11 and 12 can be rearranged to yield 
the expressions 


(S~) Ao 


[13] 
( ) (pos)?”. [14] 
SOg 


Sulfide and sulfate contents are in terms of atomic 
pet S. These equations show that a plot of the 
logarithm of % S/pso. against the logarithm of 
oxygen pressure for a constant calcium and silicon 
content has a slope of —1.5 when sulfur is present 
as sulfide and a slope of +0.5 when present as sul- 
fate, provided that the effect of oxygen pressure on 
Qo, ys, and yso,- is not great. Fig. 13 shows that 
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the experimental data obey the requirements rea- 
sonably well. Three slags covering an extremely 
wide range of composition are shown. 

The data can be extended to low oxygen pressures 
to include slag-metal data” by means of the free 
energy data given in Basic Open Hearth Steelmak- 
ing.” These are shown by a representative average 
line for oxygen pressures below 10° atm. It is seen 
that a line with slope of —1.5 drawn through the 
experimental determinations of this investigation 
passes through the slag-metal equilibrium data. 

If data were available for oxygen pressures close 
to the intersections of the sulfate and sulfide lines 
on Fig. 13, the values of (% S)/pso. would probably 
be greater than those given by the intersection. At 
these oxygen pressures, both sulfide and sulfate 
would be present in moderate amount, and the 
curves for a given calcium and silicon content should 
join with a smooth minimum. There is a strong pos- 
sibility that pyrosulfate, S.0,~, is formed in the re- 
gion of the minimum as indicated by Darken.*” 

Effect of Temperature on Sulfur Equilibria—lIt has 
already been shown in Fig. 5 that in the sulfate 
range an increase in temperature decreases the sul- 
fur content of the slag. A similar relation for sul- 
fide-sulfur is shown in Fig. 14. It should be noted, 
however, that the conditions of the experiment are 
for a constant ratio of SO./CO, and not for constant 
pressures of O, and S,. The sulfur capacity of the 
slag as measured by the ratio (% S) (po2/ps.)*” in- 
creases strongly with increasing temperature. Hence, 
in these slags, if partial pressures of O, and S. were 
maintained constant, the sulfur content of the slag 
would increase with rising temperature. 


Conclusions 

Sulfur equilibria between gases and slags are ade- 
quately described by the reactions 

O~ (slag) + 1/28.(g) = S~ (slag) + 1/2 O. (9g) 
(slag) + 1/28. (g) + 3/20.(g) = (slag). 
The first is controlling at oxygen pressures less than 
about 3X10” atm, while the second governs sulfur 
content at oxygen pressures greater than about 
3x10“ atm. The equilibria have been studied in gas 
mixtures of SO, with CO or O, in which the partial 
pressures of S, and O, are known. 

In lime-iron oxide slags at constant atmospheric 
conditions, the substitution of CaO for iron oxide 
slightly decreases sulfide content and greatly in- 
creases sulfate content. 

Addition of silica to lime-iron oxide slags lowers 
the sulfur content under a given atmosphere because 
of the lowering in oxide ion activity. In the ternary 
basic slags CaO and FeO have about the same effect 
on sulfur absorption at constant oxygen pressure. 
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Fig. 13—Effect of oxygen pressure on sulfur equilibria in 
iron oxide slags at 1550°C. 
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Fig. 14—Effect of temperature on sulfur equilibria in iron 
oxide slags. SO./CO—34.1 atm. 


Magnesia additions to slags increase the activity 
coefficient of sulfide ion, which favors low concen- 
tration of sulfur in slag. 

For a constant input gas composition, the sulfur 
content of the slag decreases with increasing tem- 
perature. In view of dissociation in the gas, it is 
found that in the sulfide range at constant oxygen 
and sulfur pressures, the sulfur content of the slag 
increases with increasing temperature; in the sul- 
fate range, it decreases. 
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Technical Note 


Matrix Phase in Lower Bainite and 


Tempered Martensite 


by F. E. Werner, B. L. Averbach, and Morris Cohen 


HAT bainite formed near the M, temperature 

bears a striking resemblance to martensite tem- 
pered at the same temperature has been shown by 
the electron microscope.’ By means of electron dif- 
fraction, it has been established that e« carbide and 
cementite are present in bainite formed at 500°F 
(260°C) ; these carbides are also found in martensite 
tempered at 500°F (260°C). 

The investigation reported here is concerned with 
an X-ray study of the matrix phases in lower bainite 
and tempered martensite. These phases have turned 
out to be dissimilar in structure; the matrix of 
bainite is body-centered-cubic while that of tem- 
pered martensite is body-centered-tetragonal. 

A vacuum-melted Fe-C alloy containing 1.43 pct 
C was studied. Specimens of ¥g in. diam were sealed 
in evacuated silica tubing and austenitized at 2300°F 
(1260°C) for 24 hr. One specimen was quenched 
into a salt bath at 410°+7°F (210°+4°C), held for 
16 hr, and cooled to room temperature. The struc- 
ture consisted of about 90 to 95 pct bainite, the re- 
mainder being martensite and retained austenite. 
A second specimen was quenched from the austen- 
itizing temperature into iced brine and then into 
liquid nitrogen. It consisted of about 90 pct mar- 
tensite and 10 pct retained austenite. The latter 
specimen was tempered for 10 hr at 410°+2°F 

The specimens were then fractured along prior 
austenite grain boundaries (grain size about 2 mm 
diam) by light tapping with a hammer. Single aus- 
tenite grains, mostly transformed, were etched to 
about 0.5 mm diam and mounted in a Unicam single 
crystal goniometer, which allowed both rotation and 
oscillation of the sample. Lattice parameters were 
measured by the technique of Kurdjumov and 
Lyssak.* This method takes advantage of the fact 
that martensite and lower bainite are related to 
austenite by the Kurdjumov-Sachs orientation rela- 
tionships.” Thus, the (002) and the (200) (020) 
reflections can be recorded separately, permitting 
the c and a parameters to be determined without 
interference from overlapping reflections. 

According to these findings, the matrix phase in 
bainite is body-centered-cubic and, within experi- 
mental error, has the same lattice parameter as 
ferrite (2.866A). On the other hand, martensite, 
tempered as above, retains some tetragonality, with 
a c/a ratio of 1.005+0.002. 

Most workers in the past have assumed that 
bainite is generated from austenite as a super- 
saturated phase, but the nature of this product has 
not been established. The question arises as to 
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whether bainite initially has a tetragonal structure 
and then tempers to cubic, or if it forms directly as 
a cubic structure. If it forms with a tetragonal 
lattice, it might well be expected to temper to the 
cubic phase at about the same rate as tetragonal 
martensite. 

The martensitic specimen used here was given 
approximately the same tempering exposure, 10 hr 
at 410°F, as suffered by the greater part of the 
bainite during the isothermal transformation. About 
50 pct bainite was formed in 6 hr at 410°F. On 
tempering at this temperature, martensite reduces 
its tetragonality within a few minutes to a value 
corresponding to 0.30 pet C.° Further decomposi- 
tion proceeds slowly, and after 10 hr the c/a ratio 
is still appreciable, i.e., 1.005. Thus, even if the 
bainite were to form as a tetragonal phase with a 
tetragonality corresponding to only 0.30 pct C, which 
might be assumed to coexist with e« carbide,’ it 
would not be expected to become cubic in this time. 
It seems very likely, therefore, that bainite forms 
from austenite as a body-centered-cubic phase and 
does not pass through a tetragonal transition. The 
carbon content of the cubic phase has not been de- 
termined, but it could easily be as high as 0.1 pct, 
within the experimental uncertainty of the lattice- 
parameter measurements. 

It has been postulated® that retained austenite 
decomposes on tempering into the same product as 
martensite tempered at the same temperature. There 
is now considerable doubt on this point. The iso- 
thermal transformation product of both primary 
and retained austenite at the temperature in ques- 
tion here is bainite,’” and the present findings show 
that bainite and tempered martensite do not have 
the same matrix. 
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Rate and Mechanism of the Sulfur 


Transfer Reaction 


The rate of sulfur transfer between carbon-saturated iron and oxide slags has 
been measured in an apparatus which permits concurrent measurement of CO 
evolution. Slag and metal samples were analyzed to observe the movements of other 
elements besides sulfur. The results are interpreted to show that an electrochemical 
mechanism is possible. The mode of CO evolution is clarified by treatment of the 
results in terms of the two-film hypothesis of reactions between two liquid phases. 


by S. Ramachandran, T. B. King, and N. J. Grant 


ANY investigations of the rate of the sulfur 
transfer reaction between carbon-saturated 
iron and blast furnace type slags have been made.** 
It is evident that the reaction is complex, the rate 
being affected by the presence of elements dissolved 
in the metal that are readily oxidized and therefore 
capable of existing in the slag phase. Thus Goldman, 
Derge, and Philbrook*® have shown that carbon, sili- 
con, Manganese, and aluminum, in order of increas- 
ing effectiveness, accelerate sulfur transfer from 
iron containing these elements to blast furnace type 
slags. 

Quantitative information is still, however, not 
available on the relation between what have been 
termed side reactions, such as silicon transfer and 
CO evolution, and the sulfur transfer reaction itself. 
In other words, the stoichiometry of the reaction has 
not been investigated. 

In the present investigation, the transfer of all 
reacting elements and the evolution of CO have 
been measured simultaneously in order to establish 
the mechanism of the reaction which occurs in prac- 
tice. Information of this nature cannot be deduced 
from equilibrium studies. 

It should be pointed out that in kinetic studies of 
this type quantitative conclusions are applicable only 
to the system studied. This restriction should be 
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borne in mind when attempts are made to compare 
results from different investigations. 


Apparatus 

The apparatus used enables slag and metal sam- 
ples to be taken at frequent intervals and also pro- 
vides a continuous record of the amount of gas 
evolved. A sketch of the apparatus is given in Fig. 1. 
It may be considered in three sections: 1) furnace 
section, 2) blank volume section, and 3) pressure 
measuring section. 

The furnace section is shown in detail in Fig. 2. 
It consists of two graphite crucibles, C and D, super- 


pressure 
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Fig. 1—General view of apparatus. 
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Fig. 2—Arrangement of furnace section. 


posed one on the other. Metal is melted in the upper 
graphite crucible C, and slag in the lower graphite 
crucible D. The upper crucible is provided with a 
graphite stopper B, which can be manipulated by 
the sighting tube A. The sighting tube is fitted with 
a magnetically operated shutter and sight glass. The 
sight glass can be removed and samples can be 
taken from the lower graphite crucible. Another 
opening is provided so that samples can also be 
taken from the upper crucible. The lower crucible 
is rotated against the paddle E to achieve active 
stirring by means of a drive shaft from an outside 
motor. The crucible is enclosed in a silica tube which 
is sealed off by the two water-cooled brass heads. 
Static and rotating seals are used to keep the system 
gas-tight. 

The furnace section is connected to the blank 
volume section by means of Pyrex glass tubing. The 
blank volume section, Fig. 1, consists mainly of a 
series of glass volumes which can be included in the 
system so that the total volume of the system may 
be changed. The volumes are placed in a water bath 
to minimize temperature fluctuations. In the blank 
volume section the gas pipette used for calibrations 
and the connections that lead to a mechanical vac- 
uum pump and to a tank of CO are included. 

The pressure measuring section consists of a pres- 
sure transducer which is connected on one side to 
the system and on the other to a blank volume 
where a known pressure of gas can be maintained. 
The transducer is a bellows and electrical resistance 
strain gage combination which converts pressure 
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differences into electrical potential differences. This 
potential difference is recorded by a Speedomax 
recorder. 

The salient features of the design are: 1) the 
metal and slag are melted separately and can be 
brought together at the desired time; thus, uncer- 
tainties introduced by cold additions of slag or metal 
are eliminated, and a true zero time is achieved; 
2) the system is gas-tight and the CO evolved is 
readily measured by the pressure increase in the 
system; 3) the pressure increase is recorded auto- 
matically; thus, a complete record of CO evolved 
during sulfur transfer is available; and 4) samples 
of the slag and metal can be taken at short intervals. 


Experimental Procedure 


One hundred g of the slag and 100 g of the sulfur- 
free metal of the required compositions are melted 
separately in the two crucibles. The choice of weights 
was to simplify later calculations but sample weights 
removed were actually taken into consideration. 
Melting was done under vacuum. The graphite 
crucibles evolve gas and, unless they are baked out, 
the gas evolved introduces an error in the CO evolu- 
tion measurements. The system is filled with CO 
after the crucible has been baked out, which usually 
takes about 2 hr. 

An optical pyrometer sighted through the sight- 
ing tube is used to adjust the temperature of the 
crucibles. The optical reading is checked with a 
Pt—Pt-10 pet Rh thermocouple, which is introduced 
into the lower graphite crucible through the sight- 
ing tube. Fe-S master alloy is added to the metal 
in the upper graphite crucible to bring it to the 
required sulfur content. 

The system is then made gas-tight and the re- 
quired number of blank volumes is included. A 
blank reading of the pressure change with time in 
the system is made. This should be low. Initial 
samples of slag and metal are now taken. With the 
pressure measuring section in operation, the graphite 
stopper B is unscrewed to allow the metal in the 
upper graphite crucible to drop into the slag. Pres- 
sure change in the system is automatically recorded 
by the recorder. Samples of the metal and slag are 
taken at definite intervals after removing the sight 
glass. The metal is sampled with a 7 mm Vycor tube 
fitted with an aspirator bulb. The slag samples are 
solidified on the end of a 4 in. diam copper rod. 
The metal and slag samples are weighed, crushed, 
and prepared for analysis. The slag samples are 
treated with a hand magnet and, lastly, with an 
isodynamic separator to remove metallic iron. 

The runs were made at an initial pressure of 1 
atm CO and the pressure increase did not exceed 
one tenth of an atmosphere. Judicious use of the 
blank volume keeps the pressure increase in the 
system low. Furthermore, since the system is open 
to the atmosphere during sampling, a large increase 
in pressure in the system is avoided. 

From the pressure readings, the amount of CO 
evolved can be calculated, using the proper calibra- 
tion factor. The calibration factor for the system 
was found from the pressure increase resulting from 
the addition of a known volume of gas to the system, 
using the gas pipette, Fig. 1. 


Results 
Rate studies have been made with measurement 
of CO evolution and concurrent analysis of slag for 
sulfur and combined iron, and of metal for sulfur 
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and alloying elements such as silicon and aluminum. 
Earlier measurements’ showed that mechanical stir- 
ring increased the rate of sulfur transfer, but the 
primary object was to ensure representative sam- 
pling procedures. The known effects of varying the 
slag basicity and temperature have been included to 
provide comparison with other investigations. 


In the early experiments attempts were made to 
use slag and metal compositions in equilibrium with 
respect to silicon. These runs involved a slag in the 
CaO-Al,0,-SiO, system and a metal containing sulfur 
(initially about 1 pct) and the equilibrium silicon 
content according to the data of Fulton and Chip- 
man.” It was found that correlation between the 
amount of sulfur transferred to the slag and the 
amount of CO evolved was not exact, especially in 
the initial stages. The amount of CO evolved was 
always less, on an equivalent basis, than the amount 


of sulfur transferred. Accordingly, further experi-- 


ments have involved chemical analyses for other 
elements which might take part in the reaction. 


In Figs. 3a and 4a* the results of runs S-12 and 


* The relevant data on slag composition, temperature, etc. appear 
on the figures and are generally not given in the text. 


K-10 are plotted, with the silicon content of the 
metal close to equilibrium with silica in the slag, 
according to Fulton and Chipman.” The figures show 
the variation with time of the sulfur and iron 
(plotted as FeO to emphasize that this is combined 
iron) contents of the slag, and the sulfur and silicon 
contents of the metal. Slag sulfur analyses were 
often unsatisfactory, largely, as is discussed later, 
because of lack of a suitable standard slag. The gas 
evolved did not contain any sulfur, within the limits 
of error in gas analysis, nor was there evidence of 
sulfur deposition within the apparatus. It may be 
assumed, therefore, that the sulfur lost from the 
metal is contained in the slag. The figures include 
the sulfur content of the slag as calculated from the 
metal analysis. Fig. 3a shows the worst disagree- 
ment experienced in any run between slag and metal 
sulfur analyses. Normally, agreement was much 
better than this, as is apparent in other figures. 


It is evident from Fig. 3a that in run S-12 the 
silicon content of the metal is falling quite rapidly 
to the estimated equilibrium value while sulfur 
transfer is occurring. Fig. 4a shows, however, that 
the silicon content of the metal can decrease initially 
even though the starting silicon content is below the 
equilibrium value. In both cases iron is transferred 
to the slag in the initial stages, but the FeO content 
decreases again before sulfur transfer is quite com- 
pleted. 

The relationship between the various transfers is 
shown in Figs. 3b and 4b; CO evolution is also 
shown in these diagrams. The quantity plotted is 
the number of chemical equivalents of sulfur, iron, 
or silicon transferred to the slag, or the number of 
equivalents of CO evolved. It is evident that the 
sum of the equivalents of iron, silicon, and CO cor- 
responds very closely at all times with the equiva- 
lents: of sulfur transferred to the slag. An exact 
correspondence is not expected in view of the experi- 
mental and analytical errors discussed later. 

Fig. 5 depicts the results for run K-8, in which 
the slag composition is the same as that in runs S-12 
and K-10, Figs. 3 and 4; the initial silicon content 
is again fairly close to equilibrium. Precisely the 
same type of stoichiometric relation as in Figs. 3b 
and 4b is shown in Fig. 5b. Incidentally, the slightly 
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Fig. 3—Sulfur, iron, and silicon transfer and CO evolution 
in Run No. S-12. Initial metal silicon content slightly above 
lime, alumina, silica slag equilibrium. a, TOP, analyses in 
weight percent; and b, BOTTOM, chemical equivalents. 
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Fig. 4—Sulfur, iron, and silicon transfer and CO eyolution 
in Run No. K-10. Initial metal silicon content slightly below 
lime, alumina, silica slag equilibrium. a, TOP, analyses in 
weight percent; and b, BOTTOM, chemical equivalents. 
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higher initial silicon and sulfur contents of the 
metal in run K-8, Fig. 5, make for faster desulfur- 
ization as compared with run K-10, Fig. 4. In run 
S-12, Fig. 3, the silicon content is still higher and 
results in still faster sulfur transfer. This is in 
agreement with previous work.” * It may be noted 
that the amount of iron transferred to the slag is 
less when the initial silicon content is higher and 
CO evolution is decreased considerably. 

These features are better shown by a run in which 
the initial metal silicon content is much higher. Fig. 
6 shows the results of run S-17 with initial metal 
silicon content of 12.7 pct. The temperature is higher 
than in previous runs so that the equilibrium silicon 
content of the metal is about 9 pet. Sulfur transfer 
is much faster than in any of the previous runs, the 
process being completed in 5 min. Iron transfer is 
from slag to metal, though the effect is almost 
negligible. CO evolution is much smaller than in 
the low silicon runs. The stoichiometric relations 
are much less satisfactory in Fig. 6b, largely because 
of the inaccuracy of silicon analysis. The spread in 
the silicon analysis indicated on Fig. 6a shows that 
precise correlation is not possible. 

Fig. 7 shows results of a run with a fairly acid 
slag. A striking feature is that, in the initial stages 
of sulfur transfer, silicon is also transferred to the 
slag, though the equilibrium silicon content (about 
12 pct) is much higher than the initial metal con- 
tent (1.65 pct). In agreement with previous work,” * 
sulfur transfer is slower. 

It seemed desirable to study the reaction in a 
silicon-free system. Figs. 8, 9, and 10 show the re- 
sults of runs S-14, S-26, and S-27, respectively, in 
which lme-alumina slags were used; in two cases 
the metal did contain a little silicon. The effect of 
varying slag basicity is obscured by the different 
temperatures used. However, it is again evident that 
the sum of the equivalent transfers of iron and 
silicon and CO evolution equals the transfer of 
sulfur. 

Fig. 11 is the plot of results from a run in which 
the same slag as in run S-14, Fig. 8, was used, but 
with the metal initially containing aluminum. Sulfur 
transfer is considerably accelerated by aluminum, 
as Goldman, Derge, and Philbrook® have established, 
but the stoichiometric relations in Fig. 11lb are 
similar to those shown in Figs. 3 to 10. CO evolution 
is considerably less than in run S-14, Fig. 8, and 
iron transfer is also smaller. 


Sources of Experimental Error—The final analysis 
of the sulfur transfer reaction depends on numerous 
measurements which are subject to error. The errors 
in each of these measurements are compounded in 
the final analysis of the experiments. The relevant 
errors arise in 1) chemical analysis, 2) sampling, 
3) measurement of the evolved CO, 4) estimation 
of the relative weights of slag and metal, and 5) 
measurement of temperature and temperature varia- 
tions in the crucible. 

The chemical analysis errors are usually within 
+1 pct of the reported analysis, except for low con- 
tents of iron oxide in the slag or very low alloy 
contents in the metal. However, the relative im- 
portance of the errors in analysis of each of the 
constituents is different, as may be seen from the 
stoichiometry of the reactions. This error is not 
appreciable when alloy contents are low, but when 
initial alloy contents are high, an error of +1 pct 
becomes large enough to obscure the results. For 
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instance, when the silicon is at a level of 10 pct, the 
uncertainty in the analysis is 0.2 pct Si, which is 
equivalent to an uncertainty of 0.46 g S. Since a 
total sulfur transfer of the order of 1 g is being 
considered, this error is large enough to make the 
results of run S-17 uncertain. Some difficulty was 
encountered with slag sulfur analysis, since standard 
slags of similar composition were not available for 
comparison. 

The usual sampling errors are difficult to estimate. 
Furthermore, the efficiency of removal of metallic 
iron from slag samples cannot be checked, since 
there is no foolproof analytical method of differ- 
entiating between metallic iron found in the slag 
and the iron which is found combined in the slag. 

The errors in CO evolution can be estimated from 
the check on the calibration system. This check is 
within 3 pct. The major error here is due to the 
blank, since the pressure measuring device is accu- 
rate to within +0.1 pct. 

The other errors that should be considered are 
in estimating the relative weights of metal and slag 
and temperature measurement. The temperature of 
the crucible is checked with a Pt—Pt-10 pct Rh 
thermocouple, and is expected to be within +5°C. 

The errors are many and agreement within +15 
pet for the data plotted in Figs. 3b to 11b should be 
considered reasonable. 


Discussion 
The most important conclusion to be drawn from 
these results is that, while the reaction is proceed- 
ing, CO evolution is not equivalent to sulfur trans- 
fer. Therefore, the reaction 


does not express the stoichiometry of sulfur trans- 
fer. This is especially apparent when the iron con- 
tains silicon or aluminum. 

In fact, the results show that the rate of sulfur 
transfer is equivalent to the sum of the rates of 
transfer of silicon, aluminum (when present), and 


iron, and the rate of CO evolution. If n represents 
rate of transfer or evolution in mol per sec, the 
positive sign being used for metal to slag transfer, 


2 = 2 +4 + 3 + 2 Noor 


This stoichiometry is observed whether silicon is 
transferred from metal to slag or slag to metal, the 
correct sign being inserted in the equation above. 
It should be noted that, as the reaction proceeds, 
iron transfer takes place in the opposite direction 
from that found initially. The same phenomenon 
has been observed for silicon. 

These observations are more readily understood 
if sulfur transfer from the metallic phase to the 
ionic phase is considered as an electrochemical 
partial reaction 

S+2e=S 


To preserve electroneutrality and to correspond with 
the experimental observations, some or all of the 
following partial reactions must proceed concur- 
rently. 

Fe = Fe* + 2e 

Si = Si* + 4e 

Al = Al* + 3e. 


In addition, electrons are furnished by reaction of ~ 


oxygen ions with carbon to give CO, but the relevant 
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reaction is less readily defined. Three possibilities 
may be recognized. 
1) CO may be formed by discharge of oxygen 
lons at the slag-metal interface according to the 
reaction 
Ont C= CO + 2e. 
2) Oxygen ions may react with graphite to form 


’ 


and the electrons may pass through the metal to the 
slag-metal interface. This mechanism is analogous 
to the local cell action in corrosion where the anodic 
and cathodic reactions have different sites. 
3) Oxygen may be transferred from slag to 

metal, 

O-=0 + 2e 
and subsequently the reaction 

Ce Oi CO 


may take place in the bulk metal. A later exam- 
ination of the data shows that this reaction plays 
only a minor part. 

The basis for plotting element transfers in terms 
of equivalents in the b portions of Figs. 3 to 11 may 
now be appreciated. Preservation of electroneutrality 
demands that the transfer of 1 mol of the electro- 
negative element, sulfur, from metal to slag be 
accompanied by the evolution of 1 mol CO or the 
transfer of 1 mol Fe, % mol Si, or 2/3 mol Al to 
the slag. In fact, there is no case where a simple 
equivalence between sulfur and any other single 
element is observed. All the element transfers that 
may occur do in fact take place. Addition of excess 
silicon or aluminum to the metal does not result in 
complete replacement of CO evolution by silicon or 
aluminum transfer, though CO evolution is decreased 
considerably. It is also obvious that in no case is 
iron transfer equivalent to sulfur transfer. Since 
CO is evolved from the beginning, such an equiva- 
lence could not be expected. In this respect the 
present results do not agree with those of Derge, 
Philbrook, and Goldman.’ In line with the work of 
Goldman, Derge, and Philbrook,’ it is expected that 
manganese in the metal would also take part in the 
reaction in a manner similar to that of iron. Attempts 
to duplicate some of the runs have shown that the 
individual element transfers do not remain exactly 
the same. For example, a little less CO may be 
evolved, but this is compensated for by the transfer 
of more iron or silicon to the slag. 

It is evident from the data that there is no single 
step in the overall reaction of sulfur transfer with 
a rate sufficiently slower than those of other steps 
to be regarded as controlling the overall rate. Both 
CO evolution and transfer of electropositive elements 
occur regardless of the experimental conditions used 
here. For this reason it would be unprofitable to 
make deductions regarding the mechanism of the 
reaction from experiments in which sulfur transfer 
alone is measured. Similarly, measurements of the 
rate of CO evolution alone cannot be taken as 
quantitative indication of the rate of sulfur trans- 
fer, as runs S-15 and S-17 indicate. 

The overall reaction appears to be of the first 
order with respect to transfer of sulfur from metal 
to slag. This is shown in Figs. 12 and 13, in which 
the logarithm of the sulfur content of the metal 
plotted against time gives a straight line, within 
the limits of accuracy, for the early stages of the 
reaction. The slope of such a line gives the specific 
reaction rate. This slope is higher for runs in which 
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Fig. 5—Sulfur, iron, and silicon transfer and CO evolution 
in Run No. K-8. Initial metal silicon content slightly below 
lime, alumina, silica slag equilibrium. a, TOP, analyses in 
weight percent; and b, BOTTOM, chemical equivalents. 


appreciable amounts of silicon and aluminum are 
present in the metal. 

Interpretation of the apparent first order is un- 
certain since several mechanisms are consistent with 
such a result, and the complexity of the reaction 
has already been demonstrated. It is possible, how- 
ever, to clarify the mechanism by considering the 
rates of simultaneous reactions, such as sulfur trans- 
fer, iron transfer, and CO evolution in conjunction 
with available equilibrium data. It will be shown 
that some mechanisms considered in the past are 
incompatible with the present observations. In the 
treatment which follows, a process of elimination 
of other possibilities reveals that an electrochemical 
mechanism most likely accounts for the experi- 
mental observations. The treatment is based on the 
two-film hypothesis of reactions between two liquid 
phases developed by Whitman and co-workers,” 
and further considered by Gordon and Sherwood.” 

Since the reactions involve transfer across the 
slag-metal interface, transport of reactants to and 
from this interface must be considered. The system 
is stirred, but the conditions of convection are un- 
known. However, the bulk concentrations may be 
regarded as uniform and the actual concentration 
profiles at the interface may be replaced by sta- 
tionary boundary layers or films across which the 
variation of concentration with distance from the 
interface is linear. These layers have effective thick- 
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nesses across which transport of reactants is sup- 
posed to occur by diffusion. 

The authors are indebted to C. Wagner for the 
following application of the hypothesis to sulfur 
transfer. Concentrations of elements in both metal 
and slag are in terms of gram moles per cubic centi- 
meter in accordance with usual practice in treat- 
ment of diffusion. The symbols used, similar to those 
employed by Whitman et al., and suggested by 


Wagner, are n,, rate of transfer of i from metal to 
slag, mol per sec; D’,, diffusion coefficient of i in 
metal; D” ,, diffusion coefficient of i in slag; 8’;, effec- 
tive boundary layer thickness for element i in the 
metal; 6”,, effective boundary layer thickness for 
element 7 in the slag; C’,, concentration of i in bulk 
metal, mol per cu cm; C”;, concentration of i in bulk 
slag, mol per cu cm; C’;*, concentration of i in metal 
at the interface, mol per cu cm; C”,*, concentration 
of 7 in slag at the interface, mol per cu cm; and A, 
nominal area of slag/metal interface. 

For simplicity those results will be considered 
which are obtained from runs in which sulfur was 
transferred from iron free of silicon and aluminum 
and the slag contained only lime and alumina. The 
stoichiometric plots show that 


2 Ns = 2 Mee + 2 Neo - 


To formulate expressions for transfer rates some 
mechanism for CO evolution must be assumed. In 
the first place it will be shown that if CO is as- 
sumed to be evolved according to the reaction in the 
bulk metal 


the rate of evolution should be quite small, since 
the maximum possible rate of oxygen transfer from 
slag to metal is small compared with the rate of 
sulfur transfer from metal to slag. (Actually the 
rate of CO evolution is comparable to the rate of 
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sulfur transfer, so that the assumed mechanism 
cannot be correct.) 

According to the assumed mechanism, the rate of 
CO evolution cannot be higher than the rate of 
transfer of oxygen to the bulk metal. Transport of 
oxygen ions in the slag need not be considered in 
view of the high concentration, so the rate of oxy- 
gen transfer may be expressed as follows 

No 

Transfer of iron and sulfur are similarly ex- 
pressed; transport of iron in the metal, as with oxy- 
gen in the slag, is not important. 


D's Die 
Dire 
A ( F re) [ 


To maintain electroneutrality the following rela- 
tion must hold, remembering that a positive value 


for n means transfer from metal to slag 
2 =2Ns +2 [4] 


The most favorable conditions for CO evolution 
occur when oxygen transfer is at its maximum rate. 
This will be when C’,* is the equilibrium value in 
reactions taking place at the interface. The follow- 
ing reactions are therefore assumed to be at equi- 
librium 


Fe + O = Fe* + O7— 

K, = [6] 
Crom 


In addition, since the bulk metal is saturated with 
carbon and it is assumed that CO evolution does 
not take place at the interface, the following re- 
action can be written 

AF O = CO 
Peco 
K, [7] 

The use of concentrations instead of activities 
may be justified, since only an order of magnitude 
solution is desired. For the same reason values of 
D/8 will be taken as the same in every case. Al- 
though the value is actually different for each ele- 
ment, there is compensation in the fact that 6 is 
larger for those elements with higher values of D. 


The equations involve seven unknowns in n; and 
C,* and seven conditions in Eqs. 1 through 4 and 
the three equilibrium constants, so that a solution is 
possible. In practice C’, is not measured, so that only 
the initial stages of the reaction when C’, = 0 may 
be considered. It should be noted that this also 
gives the maximum rate of oxygen transport. Sub- 
stituting Eqs. 1, 2, and 3 in Eq. 4, we obtain 

In the initial stages C’o, C”s, and C”». may be set 
equal to zero, so Eq. 8 becomes 


However, the treatment is simpler if it is as- 
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sumed that the rate of oxygen transfer is negligible 
compared to that of sulfur and iron. This asumption 
will be shown to be consistent in what follows. Eq. 
4 would then become 


2 = 2 Ns [10] 


and substituting Eqs. 2 and 3 in Eq. 10, we have, 
considering again only the initial stages of the re- 
action 


Combining Eqs. 5 and 6 and using Eq. 11 
(Ce *\2 Ge 2 
or 


This is a quadratic in C’,", since and are 
known. K;K, may now be estimated. 

From the data of Rocca, Grant, and Chipman,” 
with concentrations in weight percentage 


% Fe: %S 


but wt pct i = C,M, 100/p, where M, is molecular 
weight of i and p is the density of slag or metal, 
equal to 3 and 7 g per cu cm, respectively. Hence, 
with concentrations in gram moles per cubic centi- 
meter 


0.03 


[14] 


K,Ks = 5.5 X 107, [15] 


Substituting Eq. 15 in Eq. 13 and taking C’,.* = C’,, 
= 0.12 mol per cu cm, and C’s = 2.2 * 10° mol per 
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cu cm (corresponding to 1 pct S, which is the initial 
S content), solution for C”;* gives 


[16] 


The oxygen content at the interface, C’.*, may be 
calculated, using Eqs. 6 and 16. 

K’, may be estimated from data given by Rocca, 
Grant, and Chipman” for slags which do not contain 
more than 12 pct FeO. A check may be obtained 
from the data of Bishop.” 


% % O- 
From Eq. 16 and converting to weight percentage 


Using this value and % O-~ = 37.8 for slag contain- 


ing 50 pct CaO and 50 pct Al,O,, we obtain from 
Eq. 17 
% O = 0.014 
Co.) = 0.014 X7 1005176 
= 6.1 X 10° mol per cu cm. 


= 107 mol per cu cm: 


~ 50. [17] 


The ratio No/ Ns may now be calculated. 
Mo (C’o* — 


but the maximum values of No and Ns applying to 
the initial stages of the reaction will be used. 


1x 10° 


Successive approximations show that this result is 
valid. Hence, the initial assumption that oxygen 
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slags. 
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1.0 
0.9 


transfer is negligible compared with sulfur and iron 


transfer, so that ny, = Ns, is justified. 

However, the experimental results show that iron 
transfer is not equivalent to sulfur transfer. Con- 
siderable amounts of CO are evolved from the be- 
ginning. It must be concluded, therefore, that the 
assumption regarding the nature of the CO evolu- 
tion reaction is incorrect and that the rate of trans- 
fer of oxygen to the metal does not determine the 
rate of CO evolution. 

A similar calculation could, in principle, be made 
for those experimental results involving silicon 
transfer, since a new condition may be set for each 
unknown introduced. 

An alternative mechanism for CO evolution may 
now be examined. CO may be formed by reaction 
between carbon and oxygen at the slag-metal inter- 
face; thus transfer of oxygen to the bulk metal is 
not necessary but carbon must be transferred from 
the bulk metal to the interface. The rate of CO 
evolution may then be expressed as follows 


[18] 


It is of interest to examine whether the reaction 
at the interface is at equilibrium. If so, this would 
imply that CO evolution was transport controlled. 
It should be noted that transport of carbon is not 
likely to control the rate of evolution, in view of 
the high carbon concentration, but the reaction does 
not take place independently of sulfur and iron 
transfer. For the reaction C + O = CO, the equi- 
librium constant is then 


Poco 
= 19 
[19] 
In view of the assumed mechanism for CO evolu- 
tion, Eq. 4 no longer applies. Instead 


Ne =F Neo = Ns. [20] 
From Kgs, 6 and 19 
= == = Ken [21] 


This corresponds to the reaction 
C+ + Fe**=CO + Fe. 


C’.* is not known but it may be assumed that it is 
not very different from the bulk concentration. The 
equilibrium may then be written 


Om + Fe* = CO + Fe. 


The iron oxide content of a slag in equilibrium 
with graphite, iron, and CO at 1 atm is 0.03 pct, 
according to the data in Basic Open Hearth Steel- 
making” and the results of Hatch and Chipman.* 

However, the experimental results for those runs 
in which lime-alumina slags were used show that 
much higher FeO contents, 0.2 to 0.4 pct, are reached 
in the bulk slag. The concentration at the interface 
must be still higher, since iron is transferring from 
metal to slag in the initial stages. It is not con- 
ceivable that the assumption that C’.* = C’¢ is so 
seriously in error. Hence, it must be concluded that 
equilibrium in the assumed reaction is not reached, 
and CO evolution is not wholly transport controlled. 

There is no particular reason for this to be the 
case for the reaction C + O = CO. Therefore, it 


would seem that this reaction, contrary to past sug- 
gestions, plays only a minor part in CO evolution. 
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Alternative mechanisms for CO evolution must 
involve reaction of carbon with oxygen ions in the 
slag. This reaction may occur according to the equa- 
tion C + O- + Fe** = CO + Fe, or according to 
one or both of the electrochemical mechanisms con- 
sidered earlier. The latter may be divided into 
anodic and cathodic reactions. The cathodic reaction 
is Fe** + 2e = Fe and, if oxygen ions are discharged 
at the slag-metal interface, the anodic reaction is 
C+ O0O-= CO + 2e. Oxygen ions may also be dis- 
charged at the slag-crucible interface, in which case 
the anodic reaction is Cgrapnitep + O = CO + 2e. 
The external circuit is provided by the metal or 
crucible plus metal. 

The present experiments cannot be used to decide 
whether the electrochemical mechanism plays an 
important part. If it does not, then the reaction in- 
volves the collision of carbon atoms with oxygen 
and iron ions at the same site on the interface and 
might therefore be considered termolecular. How- 
ever, oxygen ions are present in considerable excess 
of iron ions, so that the reaction would almost 
certainly be of no higher than second order. It has 
already been shown that this reaction is not at 
equilibrium, but the reason for this is not obvious 
at present. If the mechanism is electrochemical, it 
would seem likely that the anodic discharge of 
oxygen ions is a slow step. 

A feature of the electrochemical mechanism is 
that a potential difference should exist between 
cathodic and anodic sites which, in part, determines 
the rate of CO evolution. This could be measured 
under experimental conditions different from those 
used here. Further work is necessary to ascertain 
the part played by the electrochemical mechanism 
and suitable experiments are presently being con- 
ducted. 
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Summary and Conclusions 

1) The transfer of sulfur from carbon-saturated 
iron to oxide slags may occur by an electrochemical 
mechanism. 

2) Sulfur transfer from metal to slag is accom- 
panied by transfer of electropositive elements, such 
as iron, silicon, and aluminum, and evolution of CO. 

3) The stoichiometric relations among the vari- 
ous element transfers are those to be expected from 
the system remaining electrically neutral. 

4) The reaction C + O=CO does not occur to 
any important extent during sulfur transfer. In- 
stead, CO evolution occurs by discharge of oxygen 
ions at the slag-metal interface or by local cell 
action when a graphite crucible is used. 

5) Of the various side reactions noted as oc- 
curring during sulfur transfer none exerts a pre- 
dominant influence, to the exclusion of others, on 
the extent of the overall reaction. 
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Equilibria in Reactions of Hydrogen, and Carbon Monoxide With 


Dissolved Oxygen in Liquid lron; Equilibrium in Reduction of Ferrous 


Oxide With Hydrogen, and Solubility of Oxygen in Liquid Iron 


Equilibria in the following reactions have been investigated in the range of 1550° to 1700°C: 
1) (in liquid Fe) H,0, 2) CO (in liquid Fe) and 3) Hs + Fe,O (liquid wiis- 
tite) = H.O + xFe (liquid). Solubility of oxygen in liquid iron is obtained indirectly with a high 
degree of accuracy from the equilibrium data on reactions 1 and 3. The results are expressed in 


thermodynamic functions, and correlated with new data on the standard free energies of H2, H 


O., Co, and CO.. 
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ISCREPANCIES and scattering in the equilib- 
rium data on the reactions of hydrogen, and 
CO with dissolved oxygen in liquid iron are un- 
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duly large. Available experimental results on 
the reduction of liquid ferrous oxide, i.e., wiis- 
tite, with hydrogen and CO are questionable, 
as pointed out by Darken and Gurry.* Direct deter- 
minations of the solubility of oxygen in liquid iron 
are subject to errors which cannot be easily reduced 
by further experimental refinements, and therefore. 
an accurate but indirect method is highly desirable. 
The purpose of this investigation was, therefore, 1) 
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= 


to determine equilibria in the following reactions 
from 1550° to 1700°C 


Pus 
Poo. 
© CO: K, = ——__—__ [2] 
Poo X % O 
H, + Fe,O (liquid wiistite) = H,O + axFe (1) 
Puyo X [3] 


Nre,zo 

where Nre and Nrezo are the mol fractions of iron and 
wustite and the symbols underlined represent dis- 
solved elements in liquid iron in accord with the 
notation used in the Basic Open Hearth Steelmak- 
ing; 2) to establish the solubility of oxygen ac- 
curately from the equilibrium data on reactions 1 
and 3; and 3) to correlate the results by using recent 
thermodynamic data on H., H.O, O., CO, and CO.. 

The paper consists of three parts, each dealing 
mainly with one of the preceding reactions. 


Equilibrium in the Reaction H, + O —H.O 

Experimental Method—The experimental method 
used in this investigation consisted of equilibrating 
6 to 12 g of liquid iron in alumina crucibles with gas 
mixtures of known composition. The metal, through 
which the gas was bubbled to insure intimate con- 
tact, was then quenched and analyzed for oxygen by 
the vacuum-fusion method.* 

The apparatus used in this part consisted of a 
steam-hydrogen mixer and a furnace. 

Steam-Hydrogen Mixer: The gas mixer for ob- 
taining steam and hydrogen mixtures is of all glass 
construction, as shown in Fig. 1. Water-pumped 
hydrogen from a gas cylinder was passed through a 
tube containing platinized asbestos held at 400°C in 
order to convert a trace of oxygen into water vapor. 
A flow rate of 100 ml per min was controlled with a 
capillary-type flowmeter C and a bubbling column 
B’. The gas was then presaturated at D and led into 
a condenser system immersed in a thermostat con- 
trolled to within +0.02°C. The temperature of the 
thermostat was measured with a thermometer certi- 
fied by the Bureau of Standards. Any desired gas 
composition was obtained by adjusting the tempera- 
ture of the thermostat. The presaturator D was 
heated sufficiently to avoid the condensation of an 
excessive amount of water as judged from the rate 
of flow out of the capillary tube E. The resulting 
mixture of H, and H.O was then led to the furnace 
through the resistance-heated glass tubing F kept 
at 100°C in order to avoid condensation. 

Dried argon was passed through pure magnesium 
chips held at 630°C in a stainless steel tube in order 
to remove any trace of oxygen and nitrogen. The gas 
was regulated by the flowmeter A and mixed with 
the moist hydrogen emerging from the thermostat. 
The ratio of argon to hydrogen was kept at 4.5 in 
all runs to prevent hydrogen porosity in the ingots. 

Furnace: The design of the furnace is shown in 
Fig. 2. The furnace core was made with a very pure, 
dense, and impermeable beryllia tube, 1 in. ID, 1% 
in. OD, and 26 in. long, over which a 22 gage Pt+10 
pet Rh wire was wound differentially toward the 
center as follows: 


Inches from end: 1 2 2 1 1% 
Turns: 8 14 12 5 The 


Temperature gradient measurements indicated that 
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P+t—Asb. 


= 


Fig. 2—Design of 


the furnace used in 


the experiments. 


Fig. 1—Steam-hydrogen mixer. 
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at least 3 in. of uniform temperature zone existed 
at 1500°C in the furnace tube. 


The power for the furnace was obtained from an 
autotransformer (Variac) connected to 440 v. The 
temperature was accurately controlled by changing 
the power setting on the transformer. 


The furnace tube was fitted with a brass top 
which was cooled with warm water to avoid con- 
densation. A silicone rubber gasket assured a firm 
seal when the brass top was clamped on the refrac- 
tory tube. A removable glass window permitted 
temperature measurements with an optical pyro- 
meter. The inlet tube, 5/16 in. OD, % in. ID, and 17 
in. long, and made of pure dense alumina* was 


* All pure dense alumina refractories were of Norton Co. RA 7232 
mixture containing at least 99.5 pct Al,O;. 


tightly sealed into the brass top by means of a com- 
pression fitting and a silicone rubber ring. Connection 
between this tube and the gas system was made 
with a 1% in. long heavy wall rubber tubing which 
was changed every week. 


A removable, water-cooled copper bottom pro- 
vided a seat and a fast cooling medium for the cru- 
cible when the supporting rod was pulled out at the 
end of each run. 

Temperature Measurements: Temperature was 
measured with a Leeds & Northrup optical pyro- 
meter calibrated against the Pt—Pt-10 pct Rh ther- 
mocouple. Briefly, the calibration was made as fol- 
lows: The furnace was arranged as shown in Fig. 2 
except that the supporting rod was replaced with a 
pure alumina protection tube into which a stand- 
ardized couple was inserted. Optical readings were 
taken by sighting on the visible tip of the tube when 
temperature fluctuation was negligibly small. Simul- 
taneously, true temperature measurements were 
made with the thermocouple. The results in the 
range of 1300° to 1610°C yielded a correction of 
only 15° to 22°C. It was therefore concluded that the 
extrapolation of this correction to 1700°C would 
introduce a negligibly small error. 

The optical pyrometer was also checked against 
the melting point of 99.96 pct pure Fe. Melting and 
freezing point determinations under argon contain- 
ing 10 pet H. agreed within 3°C and averaged 1537°C. 

The sight window was cleaned every day, though 
calibration without cleaning the window for three 
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days showed that no film or dust interfered with 
temperature measurements. 

The exact magnitude of errors in the optical tem- 
perature measurements was difficult to estimate. Re- 
peated checks with thermocouples at various times 
indicated deviations less than 4° up to 1550°C. 
Therefore, it was believed safe to claim an accuracy 
of +4° up to 1600° and +6° at 1700°C. 

Experimental Procedure—Each day the apparatus 
was prepared for an experimental run by replacing 
the inlet tube, cleaning the sight window, starting 
the purification trains and the thermostat, flushing 
the system, checking for leakage, and increasing the 
furnace temperature to the desired range. A pure 
dense alumina crucible %4 in. OD, 1/20 in. wall, and 
2% in. high was charged with 6 to 12 g of electro- 
lytic iron of specially high purity (National Radiator 
Co. Grade A-104). The crucible was placed into the 
copper bottom which was inserted into and clamped 
on the furnace tube. A supporting rod was then in- 
serted and the crucible was slowly pushed up into 
the thermal center of the furnace. After melting the 
charge, the liquid metal was pushed up further until 
the inlet tube was immersed approximately 2 mm as 
judged by the manometer M in Fig. 1. At this time 
gases purred uniformly through the melt, but when 
the immersion was excessive the pressure fluctua- 
tion was quite irregular. The current input was ad- 
justed to obtain a constant temperature at which the 
metal was held at least 1 hr. A few runs held at 
constant temperature from 20 min to 2 hr indicated 
that equilibrium was reached within less than 20 
min in accord with expectation discussed elsewhere.” 
At the end of each run the crucible was quickly 
lowered into the copper bottom and the supporting 
rod was removed. The melt froze and formed a 
sound ingot within 3 sec. The copper bottom was re- 
moved and the crucible was taken out and broken 
up to recover the ingot. Two samples for analysis 
were obtained by splitting the entire ingot horizon- 
tally or vertically with a hacksaw and then grinding 
at least 1/32 in. off the outer skin. The samples 
were then polished, degreased, and analyzed in a 
vacuum-fusion apparatus whose absolute accuracy 
was determined by a new method.* 

Experimental Results—Experimental results are 
shown in Table I. Heats in series B were made in the 
beryllia furnace tube shown in Fig. 2, whereas those 
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Fig. 4—Comparison with other data on Ki. 
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in series A were made in a pure dense alumina fur- 
nace tube, 1% in. ID, 1% in. OD, and 28 in. long. 
Some of the ingots in series A were quenched in 
granular tin by lowering the crucible quickly into 
a container full of granular tin in such a way that 
the top of the crucible was always kept inside the 
furnace. The results for the tin-quenched heats did 
not differ noticeably from the others. 


Table |. Equilibrium Data on + O 


Pu,0 
Heat (Corrected) Pet Temper- 
No. Pr, Oxygen Ki ature, °C 
Series A 
FN 0.2505 0.0602 4.16 1550 
A2 0.460 0.1080* 4.26 1550 
A3 0.1134 0.0351 3.23 1600 
A4 0.3870 0.1200* 3.10 1600 
A5 0.0910 0.0350 2.60 1650 
A6 0.2154 0.0854 2.52 1650 
AT 0.1353 0.0627 2.16 1700 
A8 0.0346 0.0082 4.22 1550 
AQ 0.1057 0.0250 4.22 1550 
Al0 0.2434 0.0584 4.17 1550 
All 0.4420 0.1100; 4.02 1550 
A12 0.2425 0.0591 4.10 1550 
Al13 0.0456 0.0148 3.08 1600 
Al4 0.1188 0.0372 3.19 1600 
Al5 0.402 0.1275 3.17 1600 
Al6 0.0671 0.0249 2.69 1650 
Al7 0.1667 0.0656 2.54 1650 
Al18 0.1670 0.0779 2.14 1700 
Series B 
Bl 0.3156 0.0775 4.07 1550 
B2 0.1645 0.0402 4.09 1550 
B3 0.1797 0.0551 3.26 1600 
B4 0.2885 0.0897 Bel 1600 
B5 0.1607 0.0755 Zals) 1700 
B6 0.0491 0.0227 2.16 1700 


* Deviation from average +0.0006, all others less than +0.0003. 
+ Triplicate, all others duplicate. 


The second column in Table I gives the ratio 
Pu,o/Pu,. The vapor pressure of water corresponding 
to each thermostatic temperature was obtained from 
the steam tables and corrected for a small deviation 
from ideality in order to obtain Ps,o. The value of 
Pu, was obtained by subtracting Pxs.o from the pres- 
sure over the saturator which is equal to the atmos- 
pheric pressure plus a small back pressure on the 
manometer M. The third column gives the average 
of duplicate analyses by the vacuum-fusion method.’ 
The individual results for series A deviated from 
the average more than those for series B because the 
samples, obtained from the ingots of 6 to 7 g and 
weighing 1.8 to 2.4 g, were too small. Therefore, in 
series B the ingot weight was increased to 10 to 12 g 
to obtain samples weighing approximately 3.5 g. It 
was believed that experimental precautions and 
analytical results were better in series B than in 


series A. 
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The results are plotted in Fig. 3. The straight line 
passes through the points of series B. The average 
points plotted at each temperature in Fig. 4 show 
that there is very little uncertainty in the position 
of the line based on the experimental results. This 
line is represented by 


6670 
log K, = ———— — 3.05 [4] 
AF°, = — 30,520 + 13.96 T. [5] 


The values of K, from Eq. 4 are 4.06, 3.24, 2.62, 
and 2.14 at 1550°, 1600°, 1650°, and 1700°C, re- 
spectively, with a maximum deviation of +4.9 pct 
and an average deviation of 2 pct at 1550°C. 

The results show that the individual values of K, 
in the range of 0.0082 to 0.1275 at 1550°C agree very 
well with one another. If the temperature in series 
A were taken 4° lower at 1550°C, a small discrep- 
ancy with series B would be greatly minimized. At 
1600°C, with the exception of heat A-13, in which a 
small error in oxygen analysis would cause a large 
deviation, the agreement between the two series 
is very good. It is therefore clear that scattering in 
the results is entirely within the experimental errors 
in temperature and in analysis. 

Comparison With Other Data—Results of various 
investigators’”’ are shown in Fig. 4, together with the 
author’s line and the average points. Comparison 
with Fig. 3, drawn to the same scale, shows that the 
scattering in other investigations is considerably 
higher. Possible sources of error are not always evi- 
dent but it is believed that they might be traced to 
1) errors in oxygen analysis by the vacuum-fusion 
method, 2) thermal diffusion, and 3) uncertainties 
in temperature measurements. It is hoped that a 
brief discussion of these errors might explain the 
scattering in other investigations and disagreement 
with the present results. 

1) It seems possible that previous investigations 
suffered to various degrees from errors in vacuum- 
fusion analysis of samples containing over 0.02 pct 
O. When such samples are dropped into a graphite 
crucible not equipped with baffles or a lid, they tend 
to spatter upon melting and yield low and erratic 
oxygen values. It was shown conclusively elsewhere’® 
that the Bureau of Standards’” acceptable range, 
obtained arbitrarily by averaging results from reli- 
able as well as faulty apparatus on the well known 
cooperative steel samples, are especially low in the 
range exceeding 0.010 pct O. It is therefore con- 
ceivable that a faulty apparatus capable of yielding 
results within the lower acceptable range may be in 
error by a substantial fraction. Thus, spattering, 
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which yields low and scattered oxygen values, 
would make the values of K, high and erratic. 

2) When a mixture of H, and H,O encounters a 
thermal gradient, the heavier molecules of H.O con- 
centrate in the colder zone. This phenomenon, 
known as thermal diffusion, is discussed adequately 
by Emmet and Schultz,” by Darken and Gurry,’ and 
by Dastur and Chipman‘ in connection with the gas- 
metal equilibria. A sharp temperature gradient 
above the melt prevails especially when the metal is 
heated by induction and therefore the actual ratio 
of Pi.0o/Px, immediately above the metallic surface 
becomes lower than the inlet ratio used in the com- 
putation of K,. Consequently, when this condition 
prevails the resulting value of K, becomes larger 
than its true value. Bubbling the gas mixture 
through the metal, as shown in Fig. 2, eliminates the 
error from thermal diffusion entirely. The bubbling 
technique used in this investigation is similar to that 
of Morris et al.,”” who successfully investigated 
equilibrium in the reaction of hydrogen with dis- 
solved sulfur in liquid iron. 

It is noteworthy that both analytical and thermal 
diffusion errors make the value of K, high and 
might therefore account for a substantial part of 
the difference between this and other investigations. 

3) Errors in temperature measurements are im- 
portant only when the optical measurements are not 
calibrated within a sufficiently large range and ex- 
cessive extrapolation in the optical vs true temper- 
ature scale is made. Errors might also occur when 
the window through which the metal is sighted be- 
comes dusty or foggy. 

Vacher,’ in his limited investigation, made four 
runs by using an induction furnace in which 100 g 
Fe was held at 1580°C. Mixtures of H, + H.O 
containing not more than 4.3 pct H,O were passed 
over the liquid metal without preheating. The an- 
alysis of his samples containing up to 0.012 pct O 
was not subject to errors due to spattering. In spite 
of the errors from thermal diffusion, his average 
point is not too far from the author’s line. 

Several investigations, by means of essentially 
similar techniques, were carried out by Fontana,’ 
Samarin,’ and Dastur,*° with Chipman. These in- 
vestigators used induction heating to melt their 
charge weighing 70 g or more and minimized the 
thermal diffusion by heating their gases with a plati- 
num resistance coil in a refractory preheating tube. 
A part of their preheater, approximately 14% in. 
from the gas outlet end, was not heated directly by 
the resistance coil. The tip of the preheater was kept 
a certain distance above the melt. Consequently, the 
gases reaching over the liquid metal encountered a 
temperature gradient; hence it is not certain that 
thermal diffusion was entirely eliminated in their 
experiments. It appears that some minor error might 
also have originated from their analytical proced- 
ure,” since the graphite crucible used in their 
vacuum-fusion apparatus could not have prevented 
spattering entirely, as discussed elsewhere in de- 
tail.“ No explanation was given by Dastur and Chip- 
man’ for the large difference above 1700°C between 
their results and those of Samarin and Chipman.’ 


Equilibrium in the Reaction CO + O — CO, 
Several investigators”  ” studied equilibrium in 
this reaction simultaneously with C + O = CO(g). 
The value of pet C X pct O was found to be 0.0025 at 


1 atm of CO and approximately constant within a 
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fairly large temperature range. From this value it 
can be calculated that even in oxygen-saturated iron 
approximately 0.01 pct C must be present. When 
such melts freeze, carbon removes various amounts 
of oxygen and makes the values of K, high and 
erratic. It was, therefore, the purpose of this section 
to investigate reaction 1 without the interference of 
carbon. To accomplish this, the partial pressure of 
CO was decreased 5 to 9.5 times by dilution with 
purified argon and therefore the corresponding car- 
bon content at a given percentage of oxygen was 
also decreased by the same factor. 


Experimental Method and Procedure—The experi- 
mental method and procedure used in this part 
were nearly identical with those in the first section. 
The gas mixer shown in Fig. 5 was similar to that 
used by Darken and Gurry.’ Commercially pure CO, 
was dried and passed through the furnace A, filled 
with broken graphite rods, at 1200°C. All but a trace 
of CO, was converted into CO. The gas was passed 
through the ascarite tower B, 12 in. high and 11% in. 
diam, in order to absorb a small amount of CO., and 
then accurately measured with the flowmeter D. It 
was mixed with CO., which had been dried and then 
passed through the furnace F, containing freshly re- 
duced copper chips, at 500°C, in order to remove any 
oxygen, and delivered accurately by the flowmeter 
E. The bubbling towers G and C and a constant fore- 
pressure in the flowmeter H kept the flow rates, 
hence the ratio of Pco./Pco, constant. The gas mix- 
ture was passed through the flowmeter H and mixed 
with purified argon from I and J and then led into 
the alumina inlet tube shown in Fig. 2. Repeated 
calibrations of flowmeters showed that deviation in 
the values of Pco,/Pco was less than 1 pct. 

A small trace of oxygen in argon, e.g., 0.02 pct, 
could have caused an error of 7.2 pct in CO, when 
CO./CO = 0.05 and A/CO = 9.5. In order to ascer- 
tain that argon contained much less oxygen than 
this amount, a run was made by bubbling a pure 
mixture of one part of hydrogen and 50 parts of 
argon through 15 g Fe at 1550°C for 2.5 hr. For 
this run the apparatus in Fig. 1 was modified so that 
hydrogen from the platinized asbestos train could be 
dried with phosphorus pentoxide and then passed 
through a flowmeter and mixed with argon from the 
magnesium train. Duplicate analysis of oxygen 
yielded 0.0017 pet O, which corresponds to Pu.0/ Px, 
= 0.007 as calculated from the value of K,. Since all 
the H,O was presumably formed from the reaction 
of hydrogen with a trace of oxygen, this value of 
Pu.0/ Pu, corresponds to 0.007 pet O, in argon. Actu- 
ally a part of 0.0017 pct O in iron was due to the 
dissolution of alumina at such low oxygen contents, 
and therefore the percentage of oxygen in argon 
must have been smaller than this indirectly esti- 
mated value. 

Experimental Results—The results are presented 
in Table II. The second and third columns represent 
Pco./Pco as read from the flowmeters and the aver- 
age of duplicate oxygen analysis, respectively. The 
heats in series C were made in an alumina furnace 
tube and quenched in granular tin. The flow rates of 
CO and argon were kept at 70 and 670 ml per min, 
respectively, by using a gas mixer which was simi- 
lar to that shown in Fig. 5. Deviation in oxygen 
analysis was larger than in the succeeding series 
because the samples, weighing 1.8 to 2.4 g, were too 
small. The heats in series D yielded larger samples 
weighing approximately 3.5 g for more accurate 
oxygen analysis. These heats were made in the 
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beryllia furnace tube shown in Fig. 2 by using CO 
and argon at the rates of 160 and 800 ml from the 
gas mixer shown in Fig. 5. In spite of all precautions, 


. especially in series D, the scattering in the data 


were not minimized. It is difficult to account for the 
errors which are larger than the uncertainties in 
temperature and in Pco./Pco values. Any unknown 
source of error affecting the gas composition would 
make a large fractional error in Pco,/Pco because 
this ratio, ranging from 0.055 to 0.113, is much 
smaller than Px.o/Ps, corresponding to the same 
oxygen values in liquid iron. The cracking of CO, 
le., 2 CO = CO, + C(s), in the cooler part of the 
inlet tube could have caused such errors, but in the 
absence of catalyzing metallic surfaces, the gas mix- 
tures used in these experiments could not have 
cracked to deposit carbon according to Juliard, 
Rayet, and Ludé.* The gas inlet tube was replaced 
every morning to prevent the catalytic effect of any 
iron vapor that might have diffused into the tube 
at night, when the furnace was kept at 1200°C. 


The results are shown in Fig. 6. The straight line 
representing a compromise between the two series is 
drawn according to the thermodynamic calculations 
in the next section, from which 


8088 


log K, = — 4.438 [6] 


F = —37,010 + 20.317. 


Actually a line only 0.03 log unit lower and passing 
through the points for series D would have been 
preferable. The values of K, from Eq. 6 are 1.00, 


Table II. Equilibrium Data on CO + O = CO, 


Tem- 
Poo, pera- 
Heat Pct ture, 
No. Poco Oxygen Ke °C 
Series C 
Cis 0.0898 0.0860 1.044 1550 
C2 0.0890 0.08667 1.028 1550 
C3 0.0854 0.1026 0.833 1600 
C4 0.0751 0.1010 0.744 1600 
C5 0.0711 0.1094 0.650 1650 
C6 0.0633 0.1096+ 0.577 1650 
C7 0.0550 0.1320 0.417 1700 
C8 0.0588 0.1328 0.443 1700 
Series D 
Di 0.1128 0.1183 0.954 1550 
D2 0.0874 0.0886 0.987 1550 
D3 0.0671 0.0759 0.884 1550 
D4 0.0496 0.0560 0.886 1550 
D5 0.0492 0.0763 0.645 1615 
D6 0.0631 0.0933 0.676 1615 
D7 0.0657 0.0977 0.673 1615 
D8 0.0529 0.1253 0.422 1700 
D9 0.0418 0.1010 0.414 1700 


* The ratio of argon to CO was approximately 9.5 in series C and 
5.0 in series D. 

+ Deviation of duplicate analyses from average less than 0.0008, 
all others less than +0.0004. 


0.76, 0.586, and 0.46 at 1550°, 1600°, 1650°, and 
1700°C, respectively. 

Thermodynamic Calculations — Thermodynamic 
calculations and correlations in this paper require 
data on the standard free energy and enthalpy 
changes of gaseous reactions involving H., H.O, CO, 
CO., and O.. The thermodynamic functions for these 
gases, such as the free-energy function, (F°—H°,)/T, 
and the relative heat content, H° — H°,, are known 
with a very high degree of precision from the spec- 
troscopic data. The results at various temperatures 
are tabulated in the literature. Carefully interpo- 
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lated values at 1873°K are given in Table III. Com- 
putation of the standard free-energy change AF°® 
and the standard enthalpy change AH° from such 
tables are described in standard texts on thermo- 
dynamics,” and may be briefly outlined as follows: 
AF® for a reaction is calculated from the identity 


in which AH®, is obtained from the calorimetrically 
measured heat of reaction at 298°K, recently com- 
piled by Rossini et al.” by the relation 


AH AM ACH) = [9] 
Further, AH® for a reaction is related to H®, by 
AH? = (H° [10] 


Since AH® and AS° do not vary greatly, their values 
at 1873°K may be substituted in the linear standard 
free-energy change equation 


AF? = —T AS” [11] 


in order to calculate AF° with a reasonably high de- 
gree of accuracy in the range of 200° above and 
below 1873°K. 

Reactions 1 and 2 are related by the well known 
water-gas reaction (wg) 


H, + CO, = H,O + CO 
X Peco 


Ku, = = [12] 
SK IK 
for which, from Table III 
AF® = 6490 — 6.35 T ley) 
1418 
log Ky, = — ————_ + 1.388. [14] 


The straight line shown in Fig. 6 was drawn to 
represent the values calculated from K,,, and K, by 


Kk, 8088 


log — 


— 4.438. [6] 


wg 


This is justified in view of the fact that this equa- 
tion represents the data well and that the scattering 
of data does not permit a slightly lower line pass- 
ing through the average points of series D as men- 
tioned earlier. 

The standard free energy of transfer of gaseous 
oxygen into liquid iron can be calculated as follows: 
For the reaction 


H; + = H.O [15] 
from Table III 
AF° = — 60,090 + 13.84 T. [16] 
Combination of Eq. 16 with Eq. 5 yields 
40. = 0 [17] 
AF° = — 29,570 — 0.12 T. [18] 


Comparison With Other Data—The data of 
Vacher,’ Phragmén and Kalling,” and Marshall and 
Chipman" are plotted in Fig. 7 together with the 
author’s line for comparison. In all these investi- 
gations iron was melted by induction current. The 
mixtures of CO, and CO were not preheated, and 
therefore a small error from thermal diffusion must 
have prevailed in these experiments, although this 
is overshadowed by large scattering in their results. 

Vacher’ held 100 g Fe at 1580°C and passed gases 
containing 10.3 to 16.6 pet CO, over the metal. At 
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the end of each run the induction current was shut 
off to cool the melt and the ingot was sampled and 
analyzed for oxygen. His results, for six runs con- 
taining less than 0.019 pct C, are on the average 
approximately 20 pct higher than the corresponding 
value of K, in this investigation. 


Phragmén and Kalling” used a technique essen- 
tially similar to that of Vacher. They quenched 
their melts by dropping a ring of iron with a small 
amount of aluminum in order to retain the elements 
dissolved in the melt. Although they were essen- 
tially interested in determining the product pct Cc x 
pct O, their runs containing less than 0.04 pct C are 
chosen and represented in Fig. 7. 

Marshall and Chipman™ circulated mixtures of 
CO, and CO around their furnace containing 75 to 
100 g Fe at 1540°, 1600°,. 1650°, or 1700°C. Their 
melts with less than 0.02 pct C were allowed to cool 
in the furnace, but those with higher carbon were 
cooled after adding aluminum and allowing the in- 
duction current to stir the melt for 30 sec. Assump- 
tion was made that aluminum preserved the carbon 
and oxygen which might otherwise have been lost 
by forming CO upon freezing. Their runs with less 
than 0.03 pct C are also shown in Fig. 7. 

Comparison between Figs. 6 and 7 shows that 
scattering in this investigation is considerably small- 
er, though the results are not as accurate as those 
for reaction 1. 


Equilibrium in the Reaction H, + Fe.O (Liquid Wiistite) 
= H,O + xFe(/) and Solubility of Oxygen 
in Liquid Iron 


Equilibrium in the reduction of relatively pure 
liquid wustite with hydrogen or CO above the melt- 
ing point of iron has not been experimentally inves- 
tigated. The reduction of liquid wistite below the 
melting point of iron, however, has been investigated 
by Chipman and Marshall,” and by Darken and 
Gurry, from which indirect results on equilibrium 
in reaction 3 can be calculated. 


Experimental Procedure—The apparatus used in 
this part was the same as that in the first section. 
A magnesia crucible, 114 in. high and % in. ID, 1/10 
in. wall, was charged with 12 g Fe and placed in the 
furnace shown in Fig. 2. The gas inlet tube was 
centered to avoid contact with the crucible and the 
metal. The temperature of thermostat was varied 
at the rate of 0.03°C per min, and the surface of 
melt was observed with a well focused optical py- 
rometer. When the atmosphere over the metal be- 
came oxidizing, a thin film of oxide tended to cover 
the surface, at which time the thermostatic reading 
was taken. The procedure was repeated by grad- 
ually reaching a reducing atmosphere when the 
oxide on the surface disappeared. A distinct differ- 
ence in the brightness of iron and wiustite made 
these observations possible. Heats S1, $3, and S4, 
presented in Table IV, were made by this method. 
It was discovered later that when the amount of 
iron oxide was large, the slag made a ring half way 
toward the center of iron but adhered to both the 
crucible and the metal. When the slag was exposed 
to a shghtly reducing atmosphere, solid MgO-rich 
particles started moving on and across the metal 
and finally covered the entire surface. Heats S5, S6, 
and S10 were made to observe this type of reduction, 
as well as the previous process of oxidation and - 
reduction. Repeated reduction of large amounts of 
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slag was distinctly observable, highly reproducible, 
and rather insensitive to a variation in the cooling 
rate of thermostat from 0.01° to 0.05°C per min. 

At the end of some of the runs, iron was entirely 
oxidized under Pu.o/Px, = 1.8 for 1 hr and then sat- 
urated with MgO under Pua.o/Ps, = 1 for 2 to 3 hr. 
Heat S12 was made by mixing equimolecular 
amounts of pure Fe,O, and iron and holding the 
charge at 1430°C for 4 hr. The slag melts were then 
quenched and samples were obtained in the portion 
away from the walls of crucibles and analyzed for 
MgO in order to determine the composition of slag 
in equilibrium with liquid iron and magnesia. 

Examination of the cross sections of crucibles 
showed that the penetration of slag into the walls 
was less than 1/32 in. 

Attempts were made to obtain additional data by 
using various types of crucibles. Two heats made in 
pure dense beryllia crucibles and one in a porous 
heavy-wall magnesia crucible were not successful. 
Three runs made in pure dense alumina crucibles 
indicated that the slag preferentially adhered to the 
crucibles and dissolved nearly 40 pct alumina at 
1550°C: 


Results—The results on the heats made in pure 
dense magnesia crucibles are given in Table IV. The 
second column gives the average of oxidizing and 
reducing values of Pu.o/Pux, differing by approxi- 
mately 1 pct. In addition, the average of duplicate 
values of Pu.o/ Px, differing less than 0.3 pct for heats 
S5, S6, and S10 for the reduction point of large 
amounts of liquid slag are included. The third col- 
umn, containing the percentages of MgO in satu- 
rated liquid slags at 1430°, 1600°, and 1700°C, are 
represented in Fig. 8. The diagram for the system 
FeO-MgO, proposed by Bowen and Shairer,” pre- 
sumably on the basis of the expected similarity to 
the NiO-MgO diagram, is inserted in the figure. A 
straight line passing through the melting point of 
wustite represents the data well with an average 
accuracy of approximately +0.3 pct MgO. The mol 
fraction of wuistite (Fe...0) in liquid slag was cal- 
culated at 1550°, 1600°, and 1700°C from the straight 
line in Fig. 8 and tabulated in the fourth column. 
Darken and Gurry found that the composition of 
wustite at 1524°C corresponds to Fe,.,.O. It is ex- 
pected that increasing temperature would increase 
the amount of iron in wiistite but the error involved 
in the computation of mol fraction is trivial even 
when a larger variation of 0.96 to 1.00 is assumed in 
the atomic ratio of iron to oxygen. 

The mol fraction of iron in the fifth column, i.e., 
Nye = 1— No where No = mol fraction of oxygen, is 


calculated from the percentage of oxygen obtained 
by substituting Pu.o/Px, in the second column into 
K, of reaction 1. 

The sixth column represents the equilibrium 


constant 


K Puso Nre [3] 


Since x is very close to unity, N*,, is very nearly 
equal to N;,.. The activity of wustite is assumed to 
be equal to its mol fraction because Nre,o is close to 
unity and the FeO-MgO diagram suggests negligibly 
small deviation, if any, from ideality in the range 
of interest. 

The results are plotted in Fig. 9. The solid line 
passes through the more reliable points, shown with 
double circles for the reduction of large amounts of 
slag. The single circles represent the oxidation 
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reduction heats which agree very well with the 
preceding points. The largest deviation, which oc- 
curs at 1700°C, is less than 3 pct in the value of Ks. 
This line is represented by 


908 
log K,= 0.615 [19] 
AF° = — 4155 + 2.814 T. [20] 


It is estimated that the average accuracy of K,, 
based on heats S5, S6, and S10, is of the order of 1 pct. 

Oxygen Pressure of Wiistite in Equilibrium with 
Liquid Iron—The oxygen pressure of pure wiustite 
in equilibrium with liquid iron is calculated from 
AF® obtained by combining Eqs. 18 and 20. 


Fe,O(l) = xFe(1) + 40, 
AF° = 55,935 — 11.026 T. [21] 


The logarithm of oxygen pressure from this equa- 
tion agrees well with that from Darken and Gurry.* 
For example, at 1600°C, log Po. = —8.23 from Eq. 
21, and log Po, = —8.20 from their results. 

Comparison with Other Results—Darken and 
Gurry, in their outstanding paper The System Iron- 
Oxygen, have calculated the values of the equilib- 
rium constant for the reaction 


CO + Fe,O (liquid wistite) = CO. + xFe(l) [22] 


by means of the free energy of formation of magne- 
tite.* The author converted their results into K, for 


* The author did not attempt to obtain equilibrium data on this 
reaction because of the experimental difficulties in varying Pco,/Pco 
very gradually without modifying the apparatus. Further, it may be 
noted that the error in the determination of equilibrium in this re- 
action is higher than that in reaction 3 since Pco,/Pco is approxi- 
mately four times farther from unity than the corresponding Pu,0/PHy. 


reaction 3 by using the values of K,,,+ in their 


+ Darken and Gurry’s objection to a small difference between 
their preferred Kw, and that from the new spectroscopic data can- 
not be settled without further precise experimental investigations. 
The author preferred the new values of Kw, because the results on 
reactions i and 2 correlated better. 


paper because they had converted Pu.0/Px, in equi- 
librium with magnetite into Pco./Pco by using Kwy. 
The resulting equation is 


666 


log K, ~ log = 0472 [23] 


He 


the accuracy of which is within approximately 2 pct 
in K, as claimed by these investigators. Actually, if 
the values of K,,, in this paper were used for con- 


Table III. Free-Energy Functions and Relative Heat Contents of 
Ho, CO, COs, and O.* 


T, °K He H20 co Oz 
(F° — H°o)/T 1873 —37.193 —52.735 —53.563 —61.063 —55.576 
H° — H°%o 1873 13,652 18,212 14,534 22,264 15,082 
H° — H°%o 298.16 2024 2365 2073 2238 2075 
References 19, 20 20 20 21 22 


*Heats of reaction at 298°K, necessary for thermodynamic 
calculations in this paper, are AH°23 = -—67,636 cal for CO + 
%Oo = COs and AH°29s = —57,798 cal for Hz + = H2O(g) 
as taken from Rossini et al. 


verting their data, log K, of Eq. 22 would have been 
larger by only 0.02. The agreement of their calcu- 
lated results with this investigation is unexpectedly 
good, as shown in Fig. 9. 
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Fig. 10—Solubility of oxygen in liquid iron. 


Humphrey, King, and Kelley*® have recently cal- 
culated the free-energy change for the reaction 


Pu, 


H, + Feo.ox0O = H,O + 0.947 Fe K,~ 


and tabulated the values of and at 
298°K, and at 100° intervals and at transition and 
melting points of iron and wiistite from 400° to 
2000°K. For this purpose, they obtained new data 
on the heat of formation of wustite by using com- 
bustion and solution calorimetry and correlated 
their results with the available data. The best choice 
for the heat of formation of wtistite at 298°K was 
found to be —63,800+200 cal per mol. The remain- 
ing necessary thermodynamic data were obtained 
from the literature to perform the calculations. 
Their values of log K;, represented in Fig. 9, agree 
well with this investigation, though a readily pos- 
sible error of 500 cal in AH°,;,,3 could have shifted 
their line considerably on the sensitive vertical 
scale. 

Chipman and Marshall” obtained equilibrium data 
on the reduction of liquid wistite with hydrogen 
below the melting point of iron. Darken and Gurry 
also obtained similar data by using CO and they 
showed that, although their results collated well 
with those of Chipman and Marshall, both sets of 
data were questionable because of the contamina- 
tion of wustite with unknown amounts of silica. The 
values of log K,; calculated from both of these in- 
vestigations are roughly 0.5 lower than those of the 
author and lie outside of Fig. 9. 

Solubility of Oxygen in Liquid Iron—Solubility 
of oxygen in liquid iron is obtained by means of the 
data on reactions 1 and 3. Subtraction of Eq. 4 from 
Eq. 19, and the corresponding reactions lead to 


%OXNve 


Fe,O(l) = «Fe(l) +O [24] 


Nrezo0 


5762 


log Ki = + 2.436. [25] 


For the maximum concentration of oxygen in liquid 
iron the wiistite must be pure, i.e., its mol fraction 
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must be unity. The mol fraction of iron is close to 
unity, and its average value from 1550° to 1750°C 
is 0.990. Hence, the solubility of oxygen in liquid 
iron, i.e., pct O(maximum), is 


5762 


log % O (maximum) = Pie + 2.439. [26] 


This equation is represented by the solid line in 
Fig. 10. The accuracy in pct O (maximum) is esti- 


mated as follows: Error in K; is of the order of 1 pct. 
The effect of errors in temperature on K;, is very 
small. The maximum deviation in K, is +4.9 pct 
and average deviation less than +2 pct. The prob- 
able accuracy is therefore approximately +3 to 5 pct 
of dissolved oxygen. 

The solubility values, calculated from the foregoing 
equation, are 0.190, 0.231, 0.278, 0.331, and 0.391 at 
1550°, 1600°, 1650°, 1700°, and 1750°C, respectively. 

Comparison with Direct Determinations—Direct 
determination of the solubility of oxygen in liquid 
iron consists of analyzing the samples taken from 
the metallic bath in contact with oxide slags at 
various temperatures. The samples, obtained by 
casting directly into a mold from the furnace or 
from a spoon usually coated with a refractory skin, 
contain streaks and globules of slag which are 
trapped in the frozen metal. When the melt is 
allowed to freeze in the crucible, the cooling rate 
is not sufficient to prevent the loss of oxygen by 
precipitation. Sampling by dipping a mold into the 
melt, or by suction into a tube, does not eliminate 
the trapped slag entirely. In addition, various errors 
originate from impurities in iron oxide, temperature 
measurements, and analytical procedures. It is there- 
fore not surprising that scattering in the available 
data is rather large. 


Table IV. Equilibrium Data on He + FezO(/) = H2O + xFe(/) 


Tem- 
Pu,o™ Mol Fraction pera- 
Heat Pct MgO ture, 
No. Pu, in Slag Nre,of Nret Ks °C 
S1§ 0.6580 6.22 0.897 0.993 0.728 1600 
$3 0.5910 8.22 0.857 0.990 0.683 1700 
S4 0.7121 mS 0.919 0.994 0.770 1550 
$5 0.7061 — 0.919 0.994 0.764 1550 
S6 0.6689 6.65 0.897 0.993 0.740 1600 
$10 0.6087 — 0.857. 0.990 0.703 1700 
$12 1.35 — 1430 


* Corrected for a small deviation from ideality. 

+ Calculated from Fig. 8. - 

¢ Calculated from 1-No, and No from pct O obtained by substi- 
tuting values in second column into Ki. rs 

§ All listed heats were made in pure dense MgO crucibles. 


The first result on the solubility of oxygen at a 
known temperature was reported by the Bureau of 
Standards,” which gave a value of 0.21 pct at the 
melting point of electrolytic iron under air. This 
value was later reproduced by Tritton and Hanson,” 
who melted their charge in magnesia crucibles under 
nitrogen. 

Herty and Gaines” melted 50 lb Fe in magnesia 
crucibles under air in an induction furnace, and 
sampled their melts with a fireclay-coated spoon. 
Their results, ranging from 1535° to 1734°C, agree 
with those of Korber and co-workers,” * who used 
an essentially similar technique. The broken line in 
Fig. 10 represents the results of both investigations, 
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whose individual points scatter considerably and 
fall outside of the plot in the range above 1680°C. 

’ Chipman and Fetters* melted 70 lb Fe by induc- 
tion In Magnesia crucibles under pure nitrogen and 
air. The surface of their melts was covered with 
Iron oxide slags containing small amounts of MgO, 
CaO, and SiO.. The slag and the metal samples were 
taken by dipping small split molds % to 2 in. ID. 
The metal samples, analyzed by the vacuum-fusion 
method, indicated no consistent difference for the 
slags containing 90 to 96 pct total iron oxide, hence 
no correction was made for the variation in slag 
composition. In view of the fact that their data dif- 
fered considerably from the previously accepted 
results of Herty and Gaines, and Kérber and co- 
workers, another investigation was carried out by 
Taylor and Chipman® to resolve the difference and 
to obtain additional data. For this purpose they 
used a rotating induction furnace and a copper sam- 
pler into which the liquid metal was sucked. Their 
data, obtained under widely varying conditions and 
procedures, confirmed those of Chipman and Fetters 
and disproved the results of the preceding investi- 
gators. Although both sets of data scatter consider- 
ably, because of the unavoidable experimental 
errors, the agreement with this investigation is good, 
as shown in Fig. 10. It is doubtful that the errors 
in the direct determination of solubility can be re- 
duced sufficiently to attain the accuracy of the indi- 
rectly calculated results presented in this paper. 


Summary 


Equilibria in the reactions of hydrogen, and CO 
with dissolved oxygen in liquid iron, and equilibrium 


in the reduction of ferrous oxide with hydrogen have 
been investigated in the range of 1550° to 1700°C. 
The experimental results are represented by 


6670 
log K, = log = — 3.05 
Pu. X % O 
: 8088 
log K, = log = — 4.438 
Poo X %o 
Puyo X Nre 908 
= loys = — 0.615. 
Pu. X 


Solubility of oxygen in liquid iron, calculated 
from K, and K;, is expressed by 


5762 
log % O (maximum) = — —— + 2.439. 


The result is subject to much smaller errors than 
the direct determinations. 

The related thermodynamic equations are derived 
and correlated by using recent spectroscopic and 
thermal data on H., HO, O., CO, and CO,. 
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Hydrogen in Steelmaking Slags 


A modification of the vacuum fusion method has been used to analyze slags 
for hydrogen. Analyses of synthetic slags brought into equilibrium with atmos- 
pheres containing hydrogen or water vapor show that only water vapor dissolves 
in slags. Slag and metal samples from a number of industrial heats have been 
analyzed and the important role of the slag in determining the hydrogen content 
of the metal has been confirmed. A tentative explanation of the differences noted 
in acid and basic open hearth and basic electric furnace practice is given. 


by J. H. Walsh, J. Chipman, T. B. King, and N. J. Grant 


W ITH the development of adequate sampling 

and analysis techniques, much information 
has been obtained concerning the behavior of hydro- 
gen in the steel bath during the course of steelmak- 
ing operations.** From studies of this type it has 
become clear that the slag has an important role to 
play in determining the hydrogen content found in 
commercial products. A knowledge of the behavior 
of hydrogen in slags is necessary to round out our 
knowledge of hydrogen in steelmaking practice; 
with this information we are better able to assess 
practical methods of control. 

In this paper a method developed for analyzing 
slags for hydrogen content, studies of the solubility 
of hydrogen in synthetic slags, and studies of the 
variation of hydrogen content in slag and steel in 
industrial heats will be described. 

Previous Work—While very little has been done 
in the past to determine the hydrogen content of 
metallurgical slags, measurements have been made 
on such slag-like materials as geologic magmas and 
glasses. Goranson® has made extensive studies of the 
solubility of water in natural and synthetic granites. 
Many workers have investigated the solubility of 
gases in synthetic and commercial glasses,” but the 
recent work of Russell” is the most extensive. Rus- 
sell found that the solubility of water in glass was 
proportional to the square root of the water vapor 
pressure in water vapor-oxygen mixtures. It was 
found that the solubility could either increase or 
decrease with temperature depending on the glass 
composition. 

Wentrup, Fucke, and Rief,* and Piper, Hagedorn, 
and Backes’ have extracted hydrogen by holding a 
slag at 1300° and 800°C respectively in vacuum. 
Wentrup et al. reported hydrogen and water vapor 
as evolved together while Piper et al. passed the 
evolved gases from the hot extraction treatment 
over hot ferromanganese to reduce the evolved 
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water vapor to hydrogen and, therefore, reported 
the analyses in terms of total dissolved hydrogen. 
Yavoiskii” has reported hydrogen and nitrogen 
analyses on steelmaking slags. Dobrokhotov, Povol- 
skii, and Khan™ have studied the hydrogen content 
of basic open hearth steel under slags of varying 
viscosity. These authors reported that the hydrogen 
content of the steel bath increased as the fluidity of 
the slag was increased by the addition of bauxite. 
They recommended that a viscous slag be used and 
the steel tapped without deoxidation in the furnace 
to ensure a low final hydrogen content. 


Analysis of Slags for Hydrogen 

Development of Apparatus—The vacuum fusion 
analysis equipment described by Shields, Chipman, 
and Grant® was modified for the analysis of slags.° 
This method depends upon the reduction of water 
in the slag to hydrogen, which is readily determined 
by the method used for hydrogen in steel. 

Preliminary experiments were made with a eu- 
tectic ferrosilicon melt as the reducing agent. Other 
experiments included the use of graphite and mo- 
lybdenum crucibles. The ferrosilicon alloy bath was 
found to produce a thick coating on the furnace tube 
which could adsorb hydrogen. Graphite produced 
CO by the reduction of FeO, MnO, and SiO, in such 
quantities that analysis for hydrogen was virtually 
impossible. Molybdenum, while giving a low blank 
value, could reduce the slag sufficiently to produce 
a volatile oxide which again was found to adsorb 
hydrogen. 

The arrangement finally adopted is shown in Fig. 
1. The molybdenum sheet served as the induction- 
heated susceptor, and was separated from the escap- 
ing gases by alumina guide tubes. An outer jacket 
of alumina protected the quartz furnace tube, and 
alumina and quartz stools completed the assembly. 

The falling sample is shown wrapped in alumi- 
num foil, 0.002 in. thickness, which acted as the 
reducing agent. This foil was carefully washed in 
acetone and carbon tetrachloride and then dried in 
hot air before wrapping the weighed slag sample for 
charging into the apparatus. Investigation of the 
hydrogen content of the aluminum foil itself showed 
that a small quantity of hydrogen was released in 
vacuum, but had no relation to the weight of the 
aluminum charged. This quantity of hydrogen was 
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found to decrease to a negligible value with suc- 
cessive additions of aluminum. This was taken to 
mean that no large quantity of hydrogen was pres- 
ent in the cleaned aluminum foil itself, but that the 
aluminum vapor which formed in vacuum and coat- 
ed the ceramic assembly caused a release of hydro- 
gen from these surfaces, probably from water vapor 
adsorbed on the refractory. In daily analysis two 
0.1 g pieces of aluminum foil were charged before 
the beginning of the analysis to flush out this 
hydrogen. 

In addition, a blank correction was necessary be- 
cause of the hydrogen released from the refractories. 
This is an appreciable quantity and leads to higher 
blank corrections than are encountered in steel 
analysis. Fortunately the hydrogen content of the 
slags is also much higher than that of steels. 

In the development of the analytical technique 
two separate questions arose: whether all the hy- 
drogen contained in the slag sample had been re- 
leased, and whether all the released hydrogen 
reached the gas analysis section. To answer both 
questions a calibration procedure was adopted. Bo- 
rax, sodium tetraborate decahydrate Na, B,O,-10H.O, 
was chosen as a standard. This salt is stable between 
relative humidities of 0.39 and 0.99 at 25°C,“ and 
contains a high proportion of hydrogen (5.27 pct), 
so that adsorbed water on the surface does not have 
an appreciable effect on the results. Moreover, the 
lower hydrates are easily distinguished, being con- 
siderably whiter in appearance, so that it is possible 
to avoid selecting crystals containing less hydrogen 
than expected. A disadvantage in the use of sodium 
tetraborate decahydrate is the small weight that is 
necessary to provide the proper amount of gas for 
analysis. A typical series of results of calibration 
tests using this hydrate is given in Table I. 

Some difficulty was found in the development of 
a satisfactory molybdenum susceptor. After a day’s 
analysis the susceptor could not be recovered since 
it was usually bound to the refractory by some of 
the liquid slag and the use of welded susceptors was 
costly. A method of crimping thin sheets into a 
cylinder was developed so that when the inductive 


Fig. 2—Apparatus for equili- 
brating slags with gas mixtures 
containing hydrogen or water 
vapor. 
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field was applied, sparking along the lines of the 
crimp would cause it to weld together. The molyb- 
denum embrittled rapidly after even a short time 
at operating temperatures so that it was necessary 
to avoid rapid changes of temperature to prevent 
the weld from cracking from thermal shock. The 
measured temperature was usually 1450°C, with the 
probable true temperature in the reaction crucible 
somewhat above 1500°C. 
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Fig. 1—Furnace assembly for slag analysis. A represents 
three wedges of Alundum; B, areas where deposits form; and 
C, slag sample. 
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Fig. 3—Kinetic study of 40 pct CaO-40 pct SiO2-20 pct Al2O; 
slag at 1550°C; pu.o equals 1 atm. Circled points indicate 
approach from high hydrogen content. 
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Fig. 4—Hydrogen solubility as a function of pu.o’ in a 40 
pct CaO-40 pct SiO.-20 pct Al,O; slag. Closed circles rep- 
resent 1450°; open circles, 1550°; and open triangles, 
1370°C. 
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Fig. 5—Effect of hydrogen gas on solubility of hydrogen in a 
40 pct CaO-40 pct SiO.-20 pct AlsO; slag. Water vapor in 
atmosphere is constant at 25 pct. Line through 42 ppm is 
obtained from Fig. 4. 
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Standard Operation—For the most part, the vac- 
uum fusion apparatus was operated in a two-day 
cycle. On the first day, the furnace assembly was 
taken apart from the previous day’s analysis and a 
new susceptor and alumina crucible installed. For 
the remainder of the day, the system was baked out 
at a temperature of about 1550°C. On the second 
day, after a brief bake-out, additions of aluminum 
foil were made to flush hydrogen from the refrac- 
tories, followed by calibration with borax. From 
10 to 15 separate slag samples were then analyzed, 
each weighing from 0.1 to 1.5 g, depending upon the 
anticipated hydrogen content. Each sample was 
wrapped in about 0.1 g cleaned aluminum foil. At 
the close of an analytical run, a second calibration 
with borax was made. 

On each analysis a check was made for water 
vapor in the collected gas by expanding the gas 
through a cold trap. Within the limits of accuracy 
of this method no evidence of water vapor was 
found in the gases analyzed from the slags. 

The slags that gave the least difficulty in analysis 
were those in the lime-silica-alumina system; those 
that gave the most difficulty (due to crucible attack) 
were high in iron oxide. The variation between sep- 
arate analyses was less for synthetic slags than for 
industrial slags. For synthetic slags, average varia- 
tions were usually in the range of +2 ppm H, while 
for industrial slags variations of +3 ppm were 
found, see Table II. 


Experimental Technique for Equilibrating Synthetic 
Slags with Mixtures of Hydrogen, Water Vapor, And 
Nitrogen 


Apparatus—A gas train was built which could 
produce controlled mixtures of water vapor, hydro- 
gen, and nitrogen. The general arrangement of the 
equipment is shown in Fig. 2. The water vapor con- 
tent of the gas stream was controlled by passing the 
gas through water saturation towers located in a 
controlled temperature bath. For atmospheres con- 
taining water vapor, no purification, except for oil 
removal, was used on the gases of commercial grade. 
For mixtures of hydrogen and nitrogen gases, the 
gases were mixed together, passed over a palladium- 
type catalyst, and then through a tower containing 
Drierite and Ascarite to remove water vapor and 
CO.. The mixed and metered gases were conducted 
to the furnace through copper tubing, which was 
heated when necessary by a resistance winding to 
prevent condensation of water. 

The furnace used in this investigation was of the 
vertical Globar tube type, as described by Larson 
and Chipman.” The gases were led through a Trans- 
ite furnace head down the Zirco furnace tube, which 
provided a gas-tight reaction chamber. A mercury 
seal or a Transite cover was used at the bottom of 
the Zirco tube to complete the assembly. This fur- 
nace was capable of operation at temperatures as 
high as 1600°C for extended periods with a tem- 
perature control of about +2°C. The slags were 
held in a 10 cu cm Pt crucible suspended by Pt-13 
pet Rh wires 0.020 in. in diam. 

Experimental Procedure—The slags were pre- 
pared by mixing the chemically pure constituents. 
To assure approach to equilibrium from both sides, 
the slags were first held at temperature for at least 
an hour, in air or in steam respectively for runs 
with increasing or decreasing hydrogen content. 
The appropriate atmosphere was then admitted and > 
after equilibration the slags were quenched by low- 
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ering the crucible rapidly into either mercury or 
water. No variation in hydrogen content was found 
for a water quench as compared with a mercury 
quench. 

Some experimentation was necessary to deter- 
mine a melt size that would give a slag size suitable 
for charging into the vacuum fusion apparatus. 
Since from 0.5 to 1.5 g was required it was decided 
to charge the slag preferably in one piece or at least 
in not more than three pieces. To remove the slag 
from the crucible it was often necessary to heat 
the crucible in a Bunsen flame to red heat and then 
dip it rapidly into water to crack the slag away from 
the platinum. 

The slag samples so obtained were promptly bot- 
tled and the bottles stored in a desiccator. Samples 
analyzed over a period of three weeks or more 
showed no change in hydrogen content within the 
uncertainty of analysis. On one occasion, a sample 
from one run was immersed in water, air-dried, and 
then analyzed with no apparent change when com- 
pared with slags handled in the normal way. The 
slags were handled with tongs and precautions were 
taken to prevent the contamination of the surface 
with grease or dirt. 


Experimental Results of Synthetic Slag Studies 
The lime-silica-alumina system was chosen for 
the first studies because slags of these compositions 
could be held without difficulty in platinum cru- 
cibles, and because at one composition a 200° tem- 
perature variation was possible. The results of solu- 


Table |. Calibration with Sodium Tetraborate Decahydrate* 


Weight Blank 

of Sample, Uncorrected Correc- Corrected Devia- 
Mg Value, Ppm tion, Ppm Value, Ppm tion, Pct 
3.10 54,700 600 54,100 +2.7 
2.63 55,350 2,050 53,500 +1.1 
2.22 58,100 500 54,600 + 3.6 
2.68 52,100 300 51,800 —1.7 
2.30 51,800 400 51,400 —2.5 
3.23 52,100 800 51,300 —2.7 
2.38 58,300 1,900 53,400 +1.3 


* Taken over a period of one month. Theoretical hydrogen con- 
tent of Na2B;,0O7-:10H20=52,700 ppm. 


bility studies in this system were not complicated by 
the possibility of oxidation. The slags on cooling 
were clear and glass-like. 

A brief kinetic study was made by reacting a slag 
of 40 pet CaO-40 pct Si0.,-20 pet Al,O; composition 
with an atmosphere of steam for different times at 
1550°C after first melting in air for at least 1 hr. The 
results of this work are shown in Fig. 3. Two heats 
approaching equilibrium from the high hydrogen 
side were included to fix the saturated hydrogen 
content line. From Fig. 3 it is evident that a mini- 
mum of between 5 and 6 hr was necessary to reach 
equilibrium. This was an extreme case since the 
hydrogen content changed from less than 10 ppm to 
the highest value obtained, about 80 ppm. 

Solubility of Hydrogen in Lime-Silica-Alumina 
Slags Equilibrated with Water Vapor-Nitrogen 
Atmospheres—Experiments were made with a 40 
pet lime-40 pct silica-20 pct alumina composition at 
three temperatures, 1370°, 1450°, and 1550°C, and 
at six partial pressures of water vapor in nitrogen. 
The heats were held for a minimum of 6 hr, ap- 
proaching equilibrium from both sides. The results 
are shown in Fig. 4, as the square root of the water 
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Fig. 6—Solubility of hydrogen in sodium silicate glass. Line 
is calculated from Russell.” 


vapor pressure (mm Hg) vs the hydrogen content 
(ppm). A straight line relationship was obtained 
which passed through the origin. This line is drawn 
through the points for the three temperatures and it 
is evident that there is no appreciable temperature 
coefficient of solubility for this slag. 

Solubility of Hydrogen in Lime-Silica-Alumina 
Slags Equilibrated with Hydrogen-Nitrogen-Water 
Vapor Atmospheres—With the same slag compo- 
sition as above, the water vapor pressure in the at- 
mosphere was held constant at 190 mm Hg (25 pct), 
with varying quantities of hydrogen diluting the 
nitrogen. In Fig. 5, the hydrogen content of the gas 
was plotted vs the analyzed hydrogen content of the 
slag. Within experimental error, the dissolved hydro- 
gen was independent of the partial pressure of the 
hydrogen in the gas phase, and depended only on 
the partial pressure of water vapor present. 

Dry mixtures of hydrogen and nitrogen gases were 
used to confirm this result. The hydrogen and nitro- 
gen mixtures were purified to remove oxygen, water 
vapor, and CO,. A gas mixture with a partial pres- 
sure of hydrogen of 190 mm Hg (25 pct) was equi- 
librated with a slag of the same composition as 
above, and was held in a molybdenum crucible. 
Nitrogen was used to flush the furnace tube while 
the molybdenum crucible was positioned in the fur- 
nace to minimize the formation of the volatile 
oxides of molybdenum. For the first heat of this 
group, see Table III, the crucible was held empty 
under the reducing atmosphere for 1 hr to remove 
oxygen dissolved in the molybdenum before charg- 
ing the slag, but no difference from succeeding heats 
was noted. The solubility of hydrogen was found to 
range from 4 to 7 ppm and, while this could have 
been due to the hydrogen content of the gas, the 
small quantity dissolved could also be due to water 
vapor in the gas stream not removed by the purifica- 
tion. The solubility of hydrogen in this slag under a 
25 pet water vapor-nitrogen mixture was 42 ppm, 
while under a 25 pet hydrogen in nitrogen mixture 
the solubility was probably less than 4 ppm. 

Using the experimental technique developed in 
this investigation, it was possible to study the hydro- 
gen solubility of glasses. Furthermore, a compari- 
son with the work of Russell,” who used a different 
analytical method, was permitted. 

A glass of the composition 30 pct silica and 70 pct 
soda, from the same batch as used by Russell, was 
equilibrated with a 25 pet water vapor in nitrogen 
mixture at two temperatures (1123° and 1367°C). 
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Fig. 7—Hydrogen solubility as a function of pao’? in a 62 
pct MnO-38 pct SiO. slag. Tests were run in water vapor- 
nitrogen mixtures. Circles represent 1350°C; crosses, 1450°C. 


In Fig. 6 the results of this investigation are plotted 
together with the line calculated from Russell’s 
data, and are found to agree within 5 pct. Soda was 
found to coat the furnace tube of the vacuum fusion 
equipment, which could lead to some uncertainty in 
the results. The slope of the curve indicated that the 
solubility of hydrogen decreased with increasing 
temperature. 

Solubility of Hydrogen in Binary Lime-Silica 
Slags—Slags of compositions corresponding to lime 
saturation, silica saturation, and 50 pct CaO-50 pct 
SiO, were brought into equilibrium with pure steam 
at 1550°C. As Table IV shows, the solubility in- 
creases slightly with basicity, but the effect is small. 

Solubility of Hydrogen in Manganese Silicates— 
The behavior of binary silicates containing a more 
reducible oxide than CaO was studied in the man- 
ganese silicate system. Slags of high silica content 
in the system may be contained in platinum crucibles 
without serious contamination of the platinum. 

Slags containing 62 pct MnO and 38 pct SiO, were 
equilibrated with water vapor-nitrogen mixtures 
over the same range of partial pressures as used in 
the lime-silica-alumina system. Most of the data 
were obtained at 1350°C with a few heats at 1450°C. 
The slags were not glassy on quenching, and from 5 
to 15 separate pieces were required for analysis. 
Again a straight line relationship between solubility 
of hydrogen and the square root of the water vapor 
pressure best described the results, Fig. 7. There was 
no appreciable temperature effect. 

The slags were dark brown in color, presumably 
due to the presence of manganic (Mn**) ion. The 
effect of manganic ion on the hydrogen solubility is 
not known with certainty, but experiments with 
iron silicates at different oxygen pressures suggest 
that the effect is slight.” 

A comparison with binary lime silicates shows that 
at equimolar compositions (64 mol pct basic oxide) 
the manganese silicate has a slightly lower hydro- 
gen solubility (65 ppm as against 75 ppm for the 
lime silicate; both slags equilibrated with pure 
steam). The effect is small but may be significant. 

Solubility of Hydrogen in Other Slag Systems— 
A few heats were made in the MnO-CaO system to 
study the hydrogen content of a silica free slag. On 
quenching, the slags appeared puffed and porous, 
suggesting that gas had escaped. The hydrogen con- 
tent was about 10 ppm under a pure steam atmos- 
phere. On the addition of silica to these slags up to 
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near silica saturation, with two different manganese 
oxide to lime ratios, the solubility of hydrogen ap- 
proached but did not reach values in the lime-silica- 
alumina system (42 ppm at 25 pct H,O). 

Iron oxide slags were held in iron crucibles with 
the water vapor pressure held constant at 190 mm 
Hg. Hydrogen, which is not appreciably soluble in 
slags, was used to control the oxygen pressure to 
prevent reduction of iron oxide in the slag or, alter- 
natively, oxidation of the crucibles. Again, in the 
iron oxide and iron oxide-lime systems, analyses 
indicated a low hydrogen content, while the addi- 
tion of silica to iron oxide caused an increase (near 
silica saturation) to higher hydrogen contents. The 
values for the iron silicates, highest in silica con- 
tent, were very close to those for comparable man- 
ganese silicates. Reproducibility of results was much 
poorer with the slags which contained little or no 
silica. This seems to be due in part to variable loss 
on quenching. 


Table II. Analyses of Synthetic and Industrial Slags 


Hydrogen Content, Ppm 


Actual Mean Range 

Synthetic Slags, Composition, Pct 
40 CaO— 40 SiO2—20 AlsOz 

81.u 80.2 2.0 
50 CaO—50 SiOz 79.5 

79.1 

78.6 79.0 
62 MnO—38 SiOz 40.8 

42.7 41.8 1.9 
Industrial Slags 
Basic open hearth 28.2 

35.0 

34.6 32.6 6.8 
Acid open hearth 10.6 

14.8 

1207 4.2 
Basic electric, oxidizing 20.5 

24.4 

19.1 21.3 5.3 


Results from Industrial Heats 

Both slag and steel were sampled for hydrogen 
during the course of industrial heats of basic and 
acid open hearth practice and from the oxidizing 
stage of basic electric practice. 

Sampling and Handling—Most of the slag sam- 
ples taken from industrial heats were obtained by 
taking a spoon sample out of the furnace and al- 
lowing the slag to cool on a steel plate. Experiments 
had shown that a rapid quench is not necessary to 
retain the slag hydrogen. When the slag had cooled 


Hydrogen 
Content 
Carbon PPM 
Points Steel| Slag Additions 
 HI(H) 
50|/- 5450 ' {50 
40+ 4440 40+4° 
(H) 
2420 20+2 420 
2 3 


Time - Hours 


Fig. 8—Basic open hearth Heat No. 11. Additions: A, burnt 
lime; and C, liquid pig iron. Ti is 2790°F. 
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sufficiently to be handled conveniently (below 
400°C) the sample was wrapped in a numbered 
sheet of aluminum foil and stored in a desiccator in 
the presence of a drying agent (Anhydrone). No 
attempt was made to analyze those slags which de- 
compose in the atmosphere, or slags of the carbide 
type from the reducing stage of basic electric prac- 
tice, which would be expected to absorb moisture 
from the atmosphere rapidly. The steel samples were 
obtained, stored, and analyzed as described by Ep- 
stein, Walsh, and King* and Chipman.® 

Average Value of the Hydrogen Content of Basic 
Open Hearth Slags—Slag samples from basic open 
hearth heats of low carbon steel produced in large 
furnaces (200 tons capacity) were obtained a few 
minutes before tapping. Samples were obtained by 
pouring the spoon of slag onto a steel plate with an 
occasional duplicate onto a copper plate; no signifi- 
cant difference was found. These values, tabulated in 
Table V, range from 20 to 40 ppm with the mean 
value at 33 ppm. The purpose of taking these slag 
samples was to establish an average value for the 
slag hydrogen content for this practice (character- 
ized by a strong boil) at a time in the refining prac- 
tice which would give a basis for comparison with 
other heats. 

Hydrogen in Basic Open Hearth Practice—Four 
basic open hearth heats (Nos. 11, 12, 19, and 20) 
were sampled for hydrogen in slag and steel vir- 
tually simultaneously during the refining period. 
These results, together with the carbon content, are 
plotted in Figs. 8 through 11. In Heats 11 and 12 the 
hydrogen content of the bath was somewhat lower 
than is normally found. Considerable variation oc- 
curred in the slag hydrogen content. Especially in 
Heats 19 and 20, where the initial slag samples were 
taken early in the flush slag stage, the hydrogen 
content of the slag gradually increased as the heat 
progressed. In all cases, the hydrogen content of the 
steel bath was reduced to its lowest value at some 
stage of the carbon boil at a time when the hydrogen 
content of the slag was tending to increase. 

Slag-shaping additions did not seem to have an 
immediate effect on the slag hydrogen content dur- 
ing refining. It is possible that most of the water in- 
troduced with slag-shaping additions is lost to the 
furnace atmosphere as the addition dissolves into 
the slag. The final slag hydrogen content at tap in 
three of the heats was very close to the average 
value at tap as described in the preceding section. 

Hydrogen in Acid Open Hearth Practice—The 
hydrogen contents of the slag and steel bath were 
measured during the course of three acid open 


Carbon Hydrogen 


Points Content oe Additions 

x A,B,0 Ti Te T3 C14 Tap 

50+ 5450 50+5 50 
40;- 4 4 140 
30 20 
Zor 2420 2 
1410 | 10 


Time -Hours 


Fig. 9—Basic open hearth Heat No. 12. Additions: A, burnt 
lime; B, ore; C, liquid pig iron; and D, fluorspar. 7,, T2, and 
T;, are 2800°; T, is 2860°F. 
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Carbon PPM 
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SOF 5750 50+5 50 
740 40+4 40 
30 3430 30 
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Fig. 10—Basic open hearth Heat No. 19. Additions: C, liquid 
pig iron; D, fluorspar; E, limestone; J, end flush slag; and 
K, start lime boil. T, is 2840°F. 


hearth heats, Nos. 13, 14, and 15, shown in Figs. 12 
through 14. Heats 14 and 15 were fired by air- 
atomized fuel oil while the oil used in Heat 13 was 
steam-atomized. The hydrogen content of the slag 
throughout Heat 13 was lower than that found in the 
other two heats, with the general level of the three 
acid slag contents about one third that of the basic 
slags of the previous section. There was no large 
variation of the slag hydrogen content during the 
course of any heat. 

Heat 14 was held for 31 min after blocking with 
ferrosilicon, with no appreciable change of hydro- 
gen content occurring in either slag or steel. This is 
in contrast with the behavior of a basic heat held in 
the furnace for 27 min after blocking, where it was 
found that the bath hydrogen increased at a rate of 
6 ppm per hr.” * 

Hydrogen in Basic Electric Furnace Practice— 
The hydrogen and carbon contents of two basic elec- 
tric furnace heats were obtained during the oxidiz- 
ing stage (Heats 16 and 21, shown in Figs. 15 and 


Table Ill. 40 Pct CaO-40 Pct SiO.-20 Pct Al,O; Slag Equilibrated 
with 25 Pct Hs-75 Pct No Gas Mixture 


Time of Slag Hydrogen Content, Ppm 
Eguilibration 
at 1370°C Actual Mean 
4 Hr 6.1 7.3 
8.4 
6 Hr 
8.3 
4.9 4.6 
4.3 


16). Heat 16 was characterized by a strong carbon 
boil which was reflected in the low hydrogen content 
of the steel bath. In contrast to the basic open hearth 
heats, there was no indication of a gradual rise in 
the slag hydrogen content. In fact, in Heat 16, there 
appeared to be a definite drop, whereas in Heat 21, 
there appeared to be no appreciable change. 

Two other heats were sampled just before slag- 
off. In Heat 17 the slag and bath hydrogen contents 
were 15.5 and 2.6 ppm respectively, and in Heat 18, 
7.3 and 1.7 ppm, indicating that low values in slag 
and bath could be obtained in the oxidizing stage of 
basic electric practice. 

Equilibrium of Industrial Slags with a Water 
Vapor-Nitrogen Atmosphere—Four of the slags 
from acid Heat 15 and two from basic Heat 19 were 
equilibrated with a 25 pct water vapor in nitrogen 
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atmosphere at 1550°C for a period of at least 6 hr, 
see Table VI. The hydrogen content of the acid 
slags was found to increase by a factor of about 
three. Of the basic slags selected, one had a normal 
hydrogen content and the other was abnormally 
low. Both increased to a value higher than that of 
the acid slags. The appearance of the acid slags after 
quenching from the test temperature indicated that 
not all of the slag had melted. This may have been 
due to the change in composition resulting from the 
higher oxygen pressure of this atmosphere, as com- 
pared to the value in equilibrium with the slag com- 
position in the furnace. Consequently, the acid slags 
may not have reached equilibrium, due to their high 
viscosity. 

It seems likely that in the open hearth furnace 
the hydrogen content of acid slags is further from 
equilibrium with respect to the water vapor content 
of the furnace atmosphere than is the hydrogen con- 
tent of basic slags. Furthermore, the hydrogen con- 
tent of the acid slags was found to remain nearly 
constant in the furnace while that of basic slags 
varied widely. The highest value found for basic 
slags in this investigation was 45 ppm, in Heat 20. 
This value compares closely with an equilibrium 
hydrogen solubility in the lime-silica-alumina sys- 
tem of 42 ppm under a 25 pct water vapor in nitro- 
gen atmosphere. 


Discussion 
Synthetic Slag Studies—The straight-line rela- 
tionship between pu.o”* and solubility of hydrogen 
found for the synthetic slags shows that water does 
not dissolve molecularly in slags nor, according to 
Russell,” in glasses. It is not possible to suggest, 
from these results alone, the form of the dissolved 
hydrogen. Either of the following equations would 

be in accord with such a result. 


One — 

In view of the small size of the hydrogen ion it 
would not seem reasonable to expect protons to exist 
as such, but hydrogen bonding in which protons 
resonate between two oxygen ions remains a distinct 
possibility. 

The effect of basicity in the lime-silica system is 
not in accord with the observation that slags con- 
taining little or no silica dissolve very little water, 
and these results are not helpful in a structural in- 
terpretation. Other experimental work is necessary 
to develop further information. 
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Fig. 11—Basic open hearth Heat No. 20. Additions: A, burnt 
lime; B, ore; D, fluorspar; E, limestone; and J, end flush 
slag. T is 2795°F. 
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Fig. 12—Acid open hearth Heat No. 13. Additions: A, burnt 
lime; B, ore; E, limestone; F, sand; and G, —FeO=33.7 pct. 
50 


Industrial Heats—The number of heats from each 
type of practice is not large, but the behavior of the 
steel hydrogen content is typical and there is no 
reason to suspect that the slag samples are not rep- 
resentative. The following discussion is generalized 
from these heats and from the much larger accumu- 
lation of data in the literature on the variation of 
hydrogen content of steel during a heat. 

The hydrogen content of basic slags rises during 
a heat and has a mean value of about 30 ppm; the 
hydrogen content of acid slags is about 10 ppm and 
remains approximately constant; the hydrogen con- 
tent of basic electric slags seems to decline during 
the oxidizing period and has a mean value of about 
20 ppm. 

In fuel-fired furnaces the gases contain about 20 
pet water vapor, so that the equilibrium hydrogen 
content of open hearth slags should be about 40 ppm. 


Table IV. Variation of Hydrogen Solubility with Variation of 
Composition in the Lime-Silica System 


Average Hydrogen 
Content under 
Steam Atmosphere 


Composition, Pct at 1500°C, Ppm 


67 SiOx,— 33 CaO (silica saturation) 74.3 


50 SiO0z—50 CaO 82.9 
43 SiOe—57 CaO (lime saturation) 85.1 


Basic slags approach this value toward the end of 
the heat but acid slags do not. The experiments of 
Table VI show that equilibrium can be reached in 
the laboratory. Presumably, in practice, the high 
viscosity of the acid slag, combined with the poorer 
stirring resulting from lower boil rates, results in 
a much slower transfer rate of hydrogen from gas to 
slag than in the basic open hearth. Some tentative 
laboratory experiments on gas-slag transfer sup- 
port this conclusion. In the basic electric furnace 
the slag is much closer to equilibrium with the fur- 
nace atmosphere. Depending on the humidity of the 
air, the atmosphere may contain 0.3 to 5.0 pet water 
vapor. The corresponding equilibrium slag hydrogen 
contents are about 6 to 20 ppm. However, gas-slag 
transfer is complicated by slag-metal transfer. Thus, 
in the acid open hearth furnace, the constancy of the 
hydrogen content of the slag is to be taken as an in- 
dication that water is being absorbed by the slag 
from the atmosphere at the same rate as hydrogen 
is being transferred to the steel from the slag. 

As has been suggested by many authors’®” and 
demonstrated conclusively by Kalling and Rudberg,” ~ 
the carbon boil gases remove hydrogen from the 
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Table V. Hydrogen Content of Slags Sampled from Basic Open Hearth Furnaces at Tap 


Time from Last Sample 
Carbon, Addition, Min Poured 
HeeuN Approximate Hydrogen Content Mean On Metal 
Oo. Pet To Slag Oxygen of Slag, Ppm Ppm Plate 
0.04 42 (ore) (31.9, 34.9, 36.1) 34.3 Steel 
A 0.07 82 (ore) None (26, 3, 34.1) 30.2 Copper 
0.05 55 (ore) (27.8, 27.4) 27.4 Steel 
0.06 32 (burnt lime) (42.0, 45.0) 43.5 Steel 
2 0.04 27 (Mn) (31.3, 35.9, 33.0) 33.4 Steel 
7 0.05 28 (ore) (35.3, 38.2) 36.7 Steel 
A 0.05 37 (ore) (35.6, 36.6) 36.1 Steel 
0.04 36 (ore + Mn) (35.9, 36.4, 40.2) 38.2 Steel 
(35.8, 30.8, 35.5) 34.0 Copper 
9 0.03 38 (ore) (32.4) 32.4 Steel 
(31.1, 28.2 29.7 Copper 
10 0.04 99 (raw lime + ore) (26.4, 387) 25.0 Steel 
(23.9, 24.6) 24.3 Copper 


Average hydrogen content—33 ppm 


steel by the so-called flushing action. Epstein, Walsh, 
and King,‘ assuming that the escaping gases reached 
equilibrium with the hydrogen content of the steel, 
derived the following expression 


d(ppm) 
Ke 2 
dt (ppm) dt 


where —d(ppm) /dt is the rate of decrease in hydro- 
gen content (ppm per hr), dC/dt is the boil rate 
(points carbon per hr), ppm is the hydrogen content 
of the steel at time t, and the constant K depends 
on the equilibrium solubility of hydrogen in the 
steel and the units used. In practice the hydrogen 
content of the steel may increase, decrease, or re- 
main approximately constant during the boil de- 
pending upon both the practice and the boil rate. As 
Epstein” has shown, this behavior can be explained 
if hydrogen is being supplied from or through the 
slag to the steel at a rate which is also dependent on 
the boil rate. 

In basic practice the gas-slag transfer rate may be 
higher than the slag-metal transfer rate, though the 
contribution of slag-shaping additions such as moist 
ore should not be neglected. In acid furnaces the 
gas-slag transfer rate is approximately equal to the 
slag-metal transfer rate and is much lower than in 
basic furnaces, since it is possible to reach similar 
metal hydrogen contents at lower boil rates. 

In basic electric practice the slag viscosity is 
similar to that of basic open hearth slags. The slag- 
metal transfer rate is, to judge by the boil rates 
necessary to reach a certain hydrogen content in the 
metal, intermediate between that of the acid and 
basic open hearth furnaces. It is possible that the de- 
cline in hydrogen content of the slag during a heat 
is partly the result of a slag to metal transfer, the 
slag acting as a reservoir. Depending on the atmos- 
pheric humidity, the slag may also lose hydrogen to 
the atmosphere, or gain from the atmosphere. 

In all cases the boil gases may also tend to flush 
hydrogen from the slag. This may be the reason for 
the occasional decreases in hydrogen content, ob- 
served in Heats 11, 12, and 19 after a liquid pig iron 
addition was made, causing a short but intense boil. 
In view of the small slag depth it is unlikely that the 
process will be very efficient, and this possibility 
does not affect the above qualitative conclusions. It 
should also be noted that increased boil rates, by 
increased convection, will increase the rates of gas- 
slag and slag-metal transfer as well as the rate of 
removal of hydrogen from the metal. The effect will 
be less with acid slags because of their higher vis- 
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cosity, as may be shown by reference to the blocked 
acid Heat No. 16. Neither the slag nor steel showed 
any increase in hydrogen content after blocking, yet 
an appreciable transfer rate from gas to slag to steel © 
must exist during the boil since the metal hydrogen 
content does not continue to fall. 

Quantitative conclusions are probably not justified 
at the present time. It is of interest that Dobrok- 
hotov, Povolskii, and Khan” have suggested that 
thickening agents, such as heavy limestone additions 
to basic slags, might reduce the hydrogen input rate 
and enable lower hydrogen steels to be produced at 
the same boil rates, or afford greater protection to 
the steel after furnace blocking. 

The potentially favorable position of the electric 
furnace when atmospheric humidity is low might 
be realized by using slag-making constituents, even 
for oxidizing slags, which have been carefully dried. 
The acid furnace does not have a favorable atmos- 
phere but the initial slag hydrogen content is low, 
since essentially no lime is added in the beginning, 
and hydrogen does not transfer rapidly to the steel 
from an acid slag. Hence the acid furnace is capable 
of producing very low hydrogen steel. 


Conclusions 

Analyses of synthetic and industrial slags for 
hydrogen by an adaptation of the technique used for 
steels lead to the following conclusions: 

1) The solubility of hydrogen in synthetic slags 
is proportional to the square root of the partial pres- 
sure of water vapor in the atmosphere in contact 
with the slags. 


Additions 
SiMn 
B 8 B B A Block FeMn Tap 
H rogen j 
PPM 
Steel|Slag = 
5150 H 5015 50 
40 4140 140 
30|- 3430 3013 30 
x, 
2720 2042 20 
(H) 
10 1 +10 | 10 


Time - Hours 


Fig. 13—Acid open hearth Heat No. 14. Additions: A, burnt 
lime; and B, ore. This heat was held under block for 31 min. 
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Block 
Hydrogen 
Points PPM | | | 
H_ (H) Usb) 
60;- 6760 607 
5+50 S07 95/59 
40+ 4440 
40 4740 H 
~ 
Sap He) 30 330 
2740) 220 
(H) 
1710 
| 
| 2 


Time—Hours 


Fig. 14—Acid open hearth Heat No. 15. Additions: A, burnt 
lime; and B, ore. 


Additions 
Content 
PM | 
HH) 
ZO = 50 
1.6 1.6+4 140 
Ss 
(H | | 
0.8F 2720 0.8+2 420 
0.4+1 10 
4 
‘i 2 3 


Time-Hours 


Fig. 15—Basic electric Heat No. 16. Additions: A, burnt 


lime; and B, ore. Oxidizing stage only. T, is 2870°; 
2860°; and Ts, 2910°F. 
Hydrogen 
Content 
Carbon PPM Additions 
Points Steel | Slag T 
H |(H) CoH (H) 
50+ 5015 50 
40} 4440 40 
3430 30+3 30 
60+ 2420 2042 +20 
10k 1410 10 
i 2 3 4 


Time - Hours 


Fig. 16—Basic electric Heat No. 21. Addition: B, ore. Ox- 
idizing stage only. T; is 2940°; Ts, 2890°; and Ts, 3000°F. 


2) Hydrogen in slags results from reaction of the 
slag with water vapor; slags do not dissolve signifi- 
cant amounts of hydrogen from hydrogen gas. 

3) Within the ranges encountered in practice, 
temperature and slag composition have minor effects 
on the solubility. 

4) Acid open hearth slags contain less hydrogen 
in practice than basic open hearth slags. In addition, 
the hydrogen content of acid slags remains far from 
equilibrium with the furnace atmosphere during a 
heat. With basic slags the hydrogen content of the 
slag rises during a heat to almost the equilibrium 
value at tap. 

5) Basic electric slags are closer to equilibrium 
with the furnace atmosphere, and the hydrogen con- 
tent can decline during a heat. 
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6) In all practices the slag is not at equilibrium 
with the steel but the carbon boil prevents the 
hydrogen content of the steel from rising. 

7) Acid slags pick up hydrogen from the atmos- 
phere and transfer hydrogen to the steel at lower 


Table VI. Equilibration of Open Hearth Slags with Water Vapor- 


Nitrogen Gas Mixtures 


Hydrogen Content after 


Hydrogen Content in 2 
Equilibration, Ppm 


Open Hearth, Ppm 


Equilibration 
Analyses Mean Time,* Hr Analyses Mean 
Acid Open Hearth Slags from Heat No. 15 
(13.5, 14.5) 14.0 5.2 (31.4, 32.6) 1 
(10.4, 10.1) 10.3 6.0 (32.4, 36.5) 34.5 
6.0 (26.6, 29.0) 28.8 
(9.9, 10.8) 10.4 14.7 (39.0, 39.9) 39.5 
(16.1, 16.9) 16.6 10.7 (28.5, 29.6) 1 
Basic Open Hearth Slags from Heat No. 19 
(27.7, 27.4) 27.6 6.0 (45.7, 46.2) 46.0 
(14.6, 13.0) 13.8 6.0 (46.6, 45.4) 46.0 


* At pu,o=190 mm Hg. 


rates than basic slags. This is probably to be at- 
tributed to the higher viscosity of acid slags. 
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Self-Diffusion of Iron in Molten Fe-C Alloys 


Self-diffusion coefficients of iron in molten Fe-C alloys have been measured by using the capil- 
lary method. In addition, the samples have been autoradiographed and sectioned to insure that no 
significant convection has occurred during the diffusion. The results can be represented by the 
equation D = 4.3x10° exp (—12,200/RT) for carbon = 4.6 pct and T = 1513° to 1633°K; and D = 
1.0x10~ exp (—15,700/RT) for carbon = 2.5 pct and T = 1613° to 1673°K. The D values are higher 
and the heat of activation for diffusion lower in alloys containing more carbon. Calculation based 
on the Einstein-Stokes equation indicates that the diffusing species is iron ion. 


by Ling Yang, M. T. Simnad, and G. Derge 


Se of diffusion in molten substances is impor- 
tant in at least two respects. Diffusion data, com- 
bined with thermodynamic and kinetic information, 
throw light on the structure of the liquid state. 
Moreover, a knowledge of diffusion coefficients and 
their temperature dependence is useful in ascertain- 
ing the controlling step in many metallurgical re- 
actions. Although diffusion measurements have been 
made on a number of molten salts, slags, metals, 
and alloys,*” the results available are still limited 
and widely scattered, especially for the high tem- 
perature melts. It is the purpose of this investiga- 
tion to establish reliable procedures for the meas- 
urement of self-diffusion coefficients in high tem- 
perature melts and to use these procedures to 
determine the self-diffusion coefficients of iron in 
molten Fe-C alloys of different carbon contents. 


Experimental 

Measurement of self-diffusion coefficients in high 
temperature melts is usually carried out by using 
one of two methods. In the first, diffusion takes 
place between two cylindrical samples of the same 
material, one of which is made radioactive. The dif- 
fusion coefficient is calculated from the radioactivity 
penetration curve in the solidified sample after the 
diffusion. In the second method, samples contained 
in capillaries of an inert substance are immersed in 
an infinite reservoir of the same material. Either the 
material in the capillary or that in the reservoir is 
made radioactive and the diffusion coefficient is 
calculated from the change of the radioactivity of 
the sample in the capillary after the diffusion. The 
second method is simpler because a radioactivity 
penetration curve is not needed for the calculation 
of the diffusion coefficient; however, it is valid only 
when no convection has occurred in the capillary 
during the diffusion. A radioactivity penetration 
curve is therefore always useful in indicating that 
the required conditions for the diffusion are ful- 
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filed. Towers and Chipman” recently studied the 
self-diffusion of calcium and silicon in CaO-Al,O,- 
SiO, melts by using the capillary method. Instead 
of measuring the change of the radioactivity of the 
sample in the capillary, they autoradiographed the 
sample after the diffusion and calculated the diffu- 
sion coefficient from the intensity distribution of the 
autoradiograph. Their method is useful when the 
radioactive isotopes are weak f-emitters, but is very 
difficult, if not impossible, to apply to cases involv- 
ing strong B or y-emitters. For such cases, section- 
ing of the sample according to the method of 
Morgan and Kitchener’ may be used for the con- 
struction of the radioactivity penetration curve. The 
self-diffusion of iron in molten Fe-C alloys has been 
studied in this manner and the experimental pro- 
cedures are described as follows: 

The diffusion apparatus is shown schematically in 
Fig. 1. The bath consisted of about 200 g of an Fe-C 


QYISS— | 


Fig. 1—Experimental 
arrangement for 
measuring the self- 
diffusion coefficient 
of iron in molten 
Fe-C alloy. Letters 
represent: A, Mc- 
Danel crucible; B, 
McDanel jacket; C, 
graphite shields, D, 
molten Fe-C alloy; 
E, McDanel sample 
holder; F, Pt—Pt-10 
pct Rh thermo- 
couple; G, fused 
Alundum capillary; 
H, zircon disk; I, 
rubber yacuum seal; 
and J, Globar 


furnace. 
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Fig. 2—Some autoradiographs of samples after diffu- 
sion. 


alloy of the desired composition in a McDanel 
crucible (4 in. tall and 1 in. ID). The specified alloy 
was made by melting Plast-iron (0.018 pct C, 0.070 
pet O, and less than 0.05 pct other impurities) in a 
graphite crucible and adding this carbon-saturated 
alloy to the necessary amount of Plast-iron. The 
crucible was surrounded with graphite shields in- 
side a McDanel jacket and was heated by a Globar 
furnace. The temperature gradient in the molten 
alloy was found to be negligible and the change of 
bath temperature during a diffusion period of about 
1 hr was less than +2°C. The specimen holder was 
a McDanel thermocouple protection tube (3% in. OD, 
one end closed) with a zircon disk (% in. thick, 
34 in. diam) cemented to it with Alundum cement. 
Holes were drilled in the zircon disk to accom- 
modate four fused Alundum capillaries of 0.050 in. 
5g in. in length. These capillaries were sealed at one 
end with an oxygen torch and cemented to the 
zircon disk with Alundum cement. Temperature of 
the bath was measured with a Pt—Pt-10 pct Rh 
thermocouple in the McDanei thermocouple well. 
After the alloy in the McDanel crucible was melted 
and thoroughly degassed in vacuum (10*mm Hg), the 
sample holder was lowered gradually into the melt 
through the rubber vacuum seal at the top of the 
McDanel vacuum jacket. Argon was then admitted 
into the system to push the liquid alloy into the 
fused Alundum capillaries. The filling of the capil- 
laries was always done at the same temperature as 
that used in the diffusion run, and the latter was 
always above that of the liquidus of the alloy in 
the bath so that no solid phase separated out to 
hinder the diffusion. After the capillaries were 
filled, the sample holder was slowly raised out of 
the melt to the upper part of the McDanel jacket 
and cooled in argon. The filled capillaries were then 
separated from the zircon disk and their open ends 
polished on emery paper until the metal rods ap- 
peared. This was necessary in order to insure a 
good contact between the sample in the capillaries 
and the melt in the bath during the diffusion run. 
The filled capillaries were cemented to a new zircon 


Fig. 3—Radioactivity 
distribution in sam- 
ple after diffusion 

as compared with 
the calculated dis- 
tribution. Curve was 
calculated from Eq. 


2 where [1.22 cm, 
D—9.6x10~ sq cm 


° per sec, and t—2160 


sec. Points were 
obtained experimen- 
X,(cm.) 


tally by sectioning 
the sample. 
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disk on the sample holder and were ready for the 
diffusion run. 

Before the diffusion run, the molten alloy in the 
bath was made radioactive by dropping into it a 
small Armco iron capsule containing the radioactive 
Fe” and the necessary amount of graphite powder 
to maintain the bath composition. After the bath 
was homogenized in vacuum, a capillary sample was 
taken as described previously and used to determine 
the initial specific radioactivity c, of the bath. This 
was a few thousand counts per minute per gram. 
The diffusion was then carried out by first holding 
the capillaries in vacuum in the upper part of the 
McDanel jacket to remove any adsorbed gas and 
then lowering them slowly into the diffusion bath in 
a purified argon atmosphere. After a predetermined 
period of time, the capillaries were quickly raised 
out of the bath to the upper part of the McDanel 
tube and cooled in argon. Care was taken to avoid 
any mechanical vibration of the system during the 
diffusion. Stirring of the bath by rotating the speci- 
men holder once every few minutes did not affect 
the results significantly. The same bath could be 
used for four or five runs with negligible change in 
carbon content and specific radioactivity. 

After the diffusion run, the metal rods were sepa- 
rated by cracking the alumina capillaries with a 
small hammer. They were then weighed on an 
analytical balance and their lengths measured with 
a micrometer. The radioactivity gained by diffusion 
was determined with a Geiger counter, using a 
TGC-2 tube. The self-diffusion coefficient was then 
calculated by the equation 


Cc 8 


Co 
where c is the average specific radioactivity of the 
metal rod after diffusion; c, is the specific radio- 
activity of the molten alloy in the bath; and 6 = 


eo ; D being the self-diffusion coefficient; t, the 


time of diffusion in seconds; and l, the length of the 
capillary in centimeters, evaluated from the length 
of the metal rod corrected for its contraction due 
to solidification and temperature change. To facili- 
tate the calculation, the equation was plotted in the 
form of Dt/l’ against c/c,. The Dt/l’ values corres- 
ponding to the experimental c/c, values were read 
from this curve and the D values calculated from 
the corresponding t and | values. To make sure that 
no significant amount of convection or other dis- 
turbances to diffusion had occurred during the run, 
autoradiographs of all samples were taken, Fig. 2, 


1240°C 1267° 1300° 
ij T 


4.6%C 
3 
2.5%C 
e 5 ° 


| | | | | | 
6.6 65 6.4 63 6.2 6.1 6.0 


104/T°K 


Dx 10° 


Fig. 4—Self-diffusion of iron in molten Fe-C alloys as log D 
vs 10'/T°K. 
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Table |. Self-Diffusion Data for Iron in Molten Fe-C Alloys 


Average Specific 


Diffusion Length of Diffusion Activity c of Specific Activity 
Carbon, Temperature, Capillary, Time, Sample After Dif- co of Bath Dx10°, Sq 
Wt Pct oK Cm Sec fusion, Cpm per G Cpm per G Cm per Sec 
4.6 1513 1.41 1920 626 2244 6.3 
4.6* 1513 1.40 1800 927 2872 8.9 
4.6* 1513 1.48 1800 788 2872 7.2. 
4.6* 1540 1.50 1800 800 2872 7.6 
4.6 1540 ot 2400 1082 3250 8.3 
4.6 1540 1.42 2400 1208 3250 9.1 
4.6 1573 1.45 1500 734 2520 9.3 
4.6 1573 1.26 1500 820 2520 8.8 
4.6 1573 1.42 2400 1016 3034 7.4 
4.6 1633 152 2160 1250 3456 11.0 
4.6 1633 1.22 2160 1460 3456 9.6 
4.6 1633 1.40 1800 1000 3034 9.2 
2.5 1613 1.42 1800 954 3034 8.7 
2.5 1613 1.47 1800 880 3034 7.9 
2.5 1613 1.37 3000 1142 3034 7.0 
2.5 1633 1.52 1800 927 3150 8.7 
2a 1633 1.38 1200 816 3150 8.4 
2.5 1633 1.45 1800 945 3150 8.3 
2:5 1633 1.20 1200 882 3150 7.4 
2.5 1673 1.25 1200 972 3150 9.7 
2.5 1673 1.28 1800 1184 3150 10.1 
225% 1673 1.40 1200 894 3450 8.6 
PAShd 1673 1.38 1200 928 3450 9.0 


* Capillary diameter 0.065+2 pct; the rest 0.050+2 pct. 


and those rods yielding abnormal intensity distri- 
butions were discarded. The good rods were then 
cut into about 1 mm pieces which were weighed 
and dissolved in aqua regia. The solution from each 
piece was spread on a Pyrex planchet, dried slowly, 
and counted. From the counting results, a (c/c.) ~x 
curve was constructed, Fig. 3, c being the mean 
specific radioactivity of each piece; c, the specific 
radioactivity of the molten alloy in the bath, deter- 
mined in the same manner from a sample of about 
the same weight as that of the sectioned pieces; and 
a, the distance between the center of each piece and 
the open end of the capillary. A run was considered 
good if c/c, ~ 1 (within +5 pct) when the curve 
was extrapolated to x = 0 and if the experimental 
points fell within +0.1 unit on the c/c, axis to the 
theoretical curve calculated from the equation 


Cc 4 
— = 1 —— (sin =) e° 
Co T 21 


4- sin ( ) ) 


a Dt 
calculated by using Eq. 1. In these ways, nearly 50 
pet of the runs were disqualified. The results from 
the good runs are shown in Table I and plotted in 
Fig. 4 as log D against 1/T. The equations for the 

experimental lines are ' 
D = 4.3x107 exp (—12,200/RT) for carbon = 4.6 pct 
D = 1.0x107" exp (—15,700/RT) for carbon = 2.5 pct. 


where 6 = , D being the diffusion coefficient 


Discussion 

The results indicate that the self-diffusion co- 
efficient of iron is greater in molten Fe-C alloys of 
higher carbon content. The heat of activation for 
diffusion is slightly higher in melts of lower carbon 
content. It is known ™ that carbon also decreases 
the heat of activation for diffusion and increases the 
diffusivity of iron in austenite. Although the ob- 
served effect of carbon in liquid alloys is much 
smaller than that in austenite, it is of interest to 
see that this lattice loosening effect of carbon per- 
sists in the liquid. The weakening of the interatomic 
force in austenite by carbon is also borne out by the 
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observation” that carbon increases the vapor pres- 
sure of iron over austenite and decreases the heat 
of sublimation, although no corresponding work has 
been done for the liquid alloys. 

The Einstein-Stokes equation, D = kT/6znr, 
though derived under the assumption that the dif- 
fusing particles are very large compared with that 
of the medium, has been found to correlate fairly 
well the diffusivity D, the viscosity », and the ionic 
radius r of the diffusing species in the case of dif- 
fusion of a number of metals in their amalgams,’ 
the self-diffusion of mercury in liquid mercury,* 
sodium in liquid sodium,’ and gallium in liquid 
gallium.” By using D values interpolated from the 
line for the 2.5 pet C alloy in Fig. 4 and the viscosity 
data for the 2.5 pet C alloy” (26.5 millipoise at 
1350°C and 22.5 millipoise at 1400°C), the r values 
calculated are 0.57 and 0.59A for 1350° and 1400°C, 
respectively, as compared to r = 0.75A for Fe", 
0.60A for Fe**, and 1.26A for iron atom. However, 
if the Eyring equation for monoatomic liquids, D = 
kT/2rn, is applied to the present case, the calculated 
r values are 5.4 and 5.6A for 1350° and 1400°C, 
respectively. Thus, while the r values calculated 
from the Eyring equation suggest a large complex 
as the diffusing species, those calculated from the 
Einstein-Stokes equation indicate an ionic form of 
iron as the diffusing species. This seems to be in 
agreement with the suggestion” that in liquid metal, 
the unit of diffusion is the ion rather than the atom, 
which has found support in the self-diffusion of 
mercury, sodium, and gallium in their liquid state. 
There does not appear to be an entirely satisfactory 
understanding of this problem. 


Summary 


The self-diffusion coefficient, D, of iron in molten 
Fe-C alloys can be represented by the equations: 
D = 4.3x10° exp (—12,200/RT) for carbon = 4.6 pct 
in the temperature range 1513° to 1633°K, and D = 
1.0x10° exp (—15,700/RT) for carbon = 2.5 pct in 
the temperature range 1613° to 1673°K. The radius 
of the diffusing species calculated by using the Ein- 
stein-Stokes equation suggests that the diffusing 
species is ionic iron. 
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Diittcion in a Molten Bi-0.255 Atomic Pct Pb Alloy 


by S. J. Rothman and L. D. Hall 


Table |. Diffusion Coefficients 


Diameter of Pb, D, Sq Cm Bi, D, Sq Cm 


Run Capillary Temperature, °C Time, Sec L, Cm Capillary, Mm per Sec x 10° per Sec x 10® 
B-5 2B5 339 +1 2700 1.059 1.16 2.88 5.62 
B-5 2B6 339 +1 2700 0.887 1.53 3.46 6.02 
B-7 2B8 281 +0.5 1800 0.885 1.53 1.637 3.49 
B-7 2B10 281 +0.5 1800 0.991 1.24 2.31 2.78 
B-8 2B14 414 +0.5 1800 0.870 1.16 11.27 13.55 
B10 2B7 300.541 3060 0.752 1.53 3.63 4.33 
B-11 5B9 390 1.5 1800 1.034 1.24 9.15 9.25 
B-11 5B10 390 1.5 1800 1.079 1.53 8.88 12:7 

IFFUSION coefficients of RaD (Pb™) and cm? 

(Bi**’) in a Bi-0.255 atomic pct Pb alloy have. _j sec 
been measured by the methods outlined in a pre- DIFFUSION OF Pb 
vious paper.’ The following changes were made in ; 
the experimental procedures: the bath was made 30 — & - - ec-- 3 DIFFUSION OF Bi 


up of about 400 to 500 g Bi; and no correction was 
made for the volume change of bismuth on melting. 

The data are presented in Table I and Fig. 1. A 
least-squares analysis of the data yielded 

Dp, = (0.120 + 0.09) exp (—9680 + 1070/RT) 

Dz: = (0.0465 + 0.001) exp (—8100 + 466/RT). 

Statistical analysis of the data indicated that the 
activation energies are significantly different at the 
50 pct level, but not at the 75 pct level, while the 
D, values are significantly different at the 97.5 pct 
level, but not at the 99 pct level. The differences 
are thus not as clear-cut as they were for lead. 
However, bismuth diffuses faster than lead in high 
bismuth alloys as well as in lead. 

The high activation energies, more than twice the 
value calculated from viscosities, are in good agree- 
ment with the results of Grace and Derge.” 

No data were obtained at higher temperatures 
because of gas bubble formation in the capillary. 
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Great Falls Billet Plant 


__ A description is given of the construction and operation of a billet plant de- 
signed and built at the Anaconda Co. plant in Great Falls, Montana. The plant 
produces 3 in. diam P-Cu billets with a high phosphorous content from cathode 


copper. 


ie 1948, as part of a program to expand the copper 
tube mill facilities of the American Brass Co. 
plant at Kenosha, Wisconsin, plans were formulated 
to convert the 100 ton capacity anode casting fur- 
nace at the Great Falls, Montana plant of the 
Anaconda Co. to the production of 3 in. phosphor- 
ized billets. The furnace was rebuilt completely and 
construction was started on an addition to the 
building. 

Members of the Great Falls staff visited various 
billet casting plants to draw upon the experience 
of other producers of this type of casting. Many 
features of other plants were incorporated into the 
Great Falls plant but, in addition, many new de- 
signs were made and perfected to make the plant 
the most advanced of its type. 

Construction was begun in 1949, with the inten- 
tion of having the plant in production in the early 
part of 1951. In January 1951, as the plant was be- 
ing rushed to completion, the government placed 
restrictions on the production of copper tubing. As 
a result, work was halted and the plant lay idle for 
two years. Interest was reactivated in May 1953 
with the lifting of restrictions on copper. Plans 
were laid to go into production in July and the first 
charge was taken out July 1, 1953. 

Basically the plant is designed to produce from 
cathode copper a 3 in. diam billet, 50 in. long, 
weighing 110 lb, and containing 0.013 to 0.036 pct 
P, at a rate of 150,000 lb per operating day. These 
billets are to be pierced and drawn into tubing. 


Furnace 


The furnace is a 100 ton capacity reverberatory 
type, gas fired furnace; 21 ft long and 9 ft wide. 
Gas is introduced to the furnace through two 38 
hole Mettler gas burners. These burners are of 
chrome nickel alloy with four jets per hole. The 
furnace is charged with cathodes from the Elec- 
trolytic Copper Refinery plus return scrap from the 
casting operation by means of a Wellman Seaver 
Morgan Co. 7,000 lb capacity charging machine. 
The charge crane has a 20 ft boom and fork peel 
provided with an air ram to push material off the 
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by Roy H. Miller and L. J. Ingvalson 


STORAGE 
HOPPER 


Fig. 1—Schematic 
diagram of auto- 
matic P-Cu shot 
feeder. Action takes 
place each time the 
wheel is moved. 


ADJUSTING NUT 


++ SMALL PIPE 


PIVOT 


COLLECTING HOPPER 


peel. The machine travels on overhead tracks and 
can be moved in any direction. The boom can be 
raised and lowered and swung through an arc of 
180°. With well stacked units of 6,000 lb, an ex- 
perienced operator can put the first charge into the 
furnace in 40 min. 

After charging, the steel framed silica brick 
charge door is put in place and sealed with clay. 
After melting and skimming off the slag, the copper 
is blown until an oxygen content of 0.40 pct is 
reached. The metal is then heated to 2180°F, cov- 
ered with coke, and poled. Poling is continued until 
a 3 in. diam test billet, 8 in. long, shows a flat set. 
The oxygen content is usually 0.030 pct at this time. 
At the end of poling, a temperature of 2160° to 
2180°F is desired. 

In the side of the furnace opposite the charging 
door is the taphole slot, extending 36 in. upward 
from the bottom of the furnace. It is 44% in. wide 
at the outside face and widens to 9 in. at the inside 
face of the furnace. It is filled with a wet mixture 
of sand, fireclay, and crushed coal. Flow of metal 
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from the furnace is controlled by successively cut- 
ting small portions of the taphole clay. 

The location of the taphole, charging door, burn- 
ers, and charging machine caused limitations in the 
space available for the casting machine, presenting 
some problems in design, all of which were even- 
tually overcome. 


Casting Machine 

Copper from the furnace flows down an 8 ft 
launder to a 1,000 lb capacity ladle. The ladle is 
controlled by a hydraulic system made up of two 
Vickers pumps driven by two 2 horsepower ac 
motors which maintain 400 lb of pressure. The ladle 
is raised by a 5% in. hydraulic cylinder controlled 
by a Servo valve. 

The ladle lips are designed to pour simultaneously 
into two funnels, which deliver copper to the two 
pockets of the mold. 

Funnels—Originally, the funnels were hand made 
of a mixture of sharp sand, cement, and a little fire 
clay shaped in a steel shell. The bells of these fun- 
nels were 4% in. sq, with a throat 234 in. long and 
34 in. in diam. The life of a funnel was less than 
one day. Various types of high temperature cements 
were tried, without much success. 

Present funnels are purchased from Harbison- 
Walker Refractories Co., and are made of the same 
material used for the production of Duro brick. 
These funnels have been found to be far superior in 
quality and give a much longer life than any that 
could be made locally. One funnel usually lasts 
from two to three days. 

The Duro funnels now in use have a rectangular 
bell 61% in. long by 4 in. wide, with a 11/16 in. sq 
throat 4% in. long. 

Phosphorous is added to the ladle automatically 
after each pour in the form of a 1/16 in. diam shot, 
85 pct Cu and 15 pct P, in sufficient quantity to de- 
oxidize the copper and leave an average phosphorous 
content of 0.025 pct. 

Phosphorous Feeder—tThe operation of the auto- 
matic dispenser, see Fig. 1, is as follows: 

A storage hopper large enough to hold 1,000 lb of 
shot, slightly more than a day’s supply, is mounted 
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Fig. 2-—General view of casting 
wheel shows the 16 two-pocket, 
water-cooled molds, general 
piping arrangement and, in the 
background, the funnel and 
pouring ladle. Hood over ladle 
is part of exhaust system for 
carrying away dust and fumes. 


above and to one side of the pouring ladle. A short 
length of 1 in. pipe extends down from the conical- 
shaped bottom. A slide similar to a gate valve is 
located at a predetermined distance from the lower 
end of the pipe, and is operated by a 1 in. air cylin- 
der. At the bottom end of the pipe is a plug which 
is operated by a solenoid. 

Normally the slide is open and the plug closed, 
allowing the pipe to fill with shot. Each time the 


Fig. 3—Automatic painting machine sprays a light coat of 
a graphite, bone black oil mixture on each mold. Spray heads 
are lowered into the molds by gravity and are raised by an 
electric motor and chain drive mechanism. A similar machine 
is used for brushing the molds, except that brushes operated 
by Elliot air motors are substituted for the spray heads. 
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Fig. 4—General view of inspection and sorting conveyor. The cropping machine is at the extreme right of the sorting conveyor. 
A pile of 51 cropped billets has been banded and is ready for loading onto an industrial railroad car by a 6,000 Ib capacity 
fork-lift truck. Additional billets have been diverted to the second bin while this action takes place. 


wheel moves, the slide closes and the plug opens, 
allowing the measured amount of shot to drop into 
the collecting hopper and then through a pipe to the 
pouring ladle. Approximately 280 g of shot are 
added for each pour of two 135 lb billets. 

The copper in the ladle is kept covered with char- 
coal to prevent oxidation. 

The ladle operator is stationed above and to one 
side of the pouring ladle and can control the de- 
livery of copper to the mold by tilting the ladle. 
Pouring time for one mold (two billets) is 15 to 20 
sec. The billets are not gated. Casting rate is ap- 
proximately 40,000 lb gross production per hr. 

The molds consist of two steel tubes 3% in. ID 
with % in. walls 62 in. long encased in a steel jacket 
12 in. in diam and spaced 534 in. center to center. 
Both top and bottom of the jacket are welded to the 
tubes and a slip joint is provided to allow for ex- 
pansion of the tubes. Water at 130°F is circulated 
through the molds by a 1000 gpm capacity centri- 
fugal pump. Prior to casting, the water is heated 
with steam to bring it to the proper temperature. 
During casting, the temperature is controlled auto- 
matically by a thermostat which adds cold water to 
the supply tank as needed. 

There are 16 molds on a 16 ft diam casting wheel 
driven by a 10 horsepower ac motor by means of an 
outside ring gear and pinion. Each mold rests on a 
12x6x3 in. copper base plate which is suspended by 
a steel framework from the spokes of the casting 
wheel and is hinged to open and allow the billets 
to drop out, Fig. 2. 

The ladle operator moves the wheel after each 
pouring by a push button control and the wheel 
stops automatically at the next pouring spot. 

At a point 90° from the pouring spot, the base 
plates are partially opened. At 180° from the pour- 
ing spot, the base plates open and allow the billets 
to drop into a water bosh. Then, at the next spot, 


TRANSACTIONS AIME 


the molds are brushed to remove any loose carbon; 
as the mold passes the following spot, the base 
plates are closed. In closing, the molds are raised 
about 1% in. This insures a tight seal between base 
plate and mold. After closing, the mold is painted 
with a mixture of bone black and graphite in light 
fuel oil and is ready for the next pouring. 

Each time the operator presses the button to move 
the wheel, the following automatic operations take 
place. 

1) <A feeder drops a measured amount of 15 pct 
P-Cu alloy shot into the pouring ladle. 

2) As the wheel moves, a base plate is partially 
opened at a point four spots from the pouring spot. 

3) A base plate is closed after passing the brush- 
ing spot. 

When the wheel stops for the next pour, the fol- 
lowing automatic operations take place and must be 
completed before the wheel can be moved again. 

1) The base plate of the mold 180° from the 
pouring spot is opened, allowing the billets to drop 
into a water bosh. They fall into a basket and the 
shock of the billets hitting two striking plates closes 
the contact in two mercury switches. Through a 
series of relays and solenoid valves, an air cylinder 
moves the basket to a horizontal position and rolls 
the billets onto a conveyor, which carries the billets 
out of the water and onto the inspection table. 

2) The mold just past the dumping spot is 
brushed to remove loose carbon by rotating wire 
brushes driven by Elliot air motors. The brushes 
are suspended directly over the mold. When the 
wheel stops, the brushes are allowed to drop into 
the molds and are then driven to the bottom by an 
electric motor, through a sprocket and chain drive. 
When the brushes reach the bottom of the mold, the 
motor reverses and raises the brushes out of the 
mold. To prevent possible damage to the machine, 
the system is interlocked electrically, so that the 
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wheel cannot turn until the brushes are out of the 
mold tube. 


3) The mold three spots past the brushing spot 
is painted with the bone black, graphite, and oil 
mixture. This is done automatically by a machine 
similar to the brushing machine, Fig. 3, except that 
instead of brushes and air motors, the ends of the 
pipes which enter the mold tubes are equipped with 
a spray-head, which atomizes the paint mixture by 
means of low pressure air and sprays a thin coating 
of paint on the mold. The painting is done on the 
upward stroke only. 


Inspecting, Shearing, Sorting, and Loading 


The billets roll past an inspector, who checks each 
one for surface defects. Any billet which would not 
be acceptable to the tube mill is rejected. After in- 
spection, the billets roll on down a table to a cup- 
ping machine. This machine will drill a 1 in. diam, 
1 in. deep hole in the bottom end of each billet in 
3 sec. 


The billets pass on to a shearing machine. As cast, 
the billet is about 60 in. long, but has a 10 in. deep 
shrink-hole in the top. This must be cut off before 
the billet is acceptable to the tube mills. The shear- 
ing machine is a Hill Acme Alligator Shear driven 
by a 7.5 horsepower ac motor, and making 30 strokes 
per min. The operator feeds the billet into the ma- 
chine to a predetermined mark. If the cut billet 
shows no sign of shrink-hole, it is sent down the 
sorting table. If a shrink-hole is visible, the billet 
is cut again to a shorter length. If this does not 
eliminate the shrink-hole, the billet is scrapped. 


After shearing, the billets are sent down an in- 
clined roll conveyor and are automatically sorted 
according to size, counted, and dumped into cradles. | 
Three flag switches are mounted beneath the rolls 
at each dumping station. The switches at the first 
dumping station are arranged and wired to dump 
any billet less than 43 in. long. This is done by 
having two switches 43 in. apart, with a third switch 
in-between. A billet longer than 43 in. will actuate 
all three switches, which simultaneously allow it to 
pass this station and continue along the roll table. 
A billet shorter than 43 in. will actuate only two 
switches and will be dumped into the cradle. These 
billets are scrapped as being too light. 

Billets which pass the first dumping station con- 
tinue on to the second dumping station, where any 
billet between 43 in. and 47 in. in length is dumped 
into a cradle utilizing the same principle as the first 
station. These billets are classed as 100 lb billets. 

Billets longer than 47 in. continue on to the third 
and fourth dumping stations, and are classed as 110 
lb billets. Maximum length of a billet is 52 in. 

The billets are counted automatically as they are 
dumped. When 51 billets have been delivered to a 
cradle, no more can enter until it has been emptied, 
see Fig. 4. A truck operator bands the 51 billets, 
removes the bundle from the cradle with a 6,000 lb 
capacity fork-lift truck, and places it on an indus- 
trial car. The billets are then trammed to a loading 
platform, where they are loaded into box cars for 
shipment to various American Brass Co. plants. 


Discussion of this paper sent (2 copies) to AIME by Feb. 1, 1957 
will appear in AIME Transactions Vol. 209, 1957, and in JOURNAL OF 
Merats, October 1957. 


Low Manganese Steels For Nuclear Applications 


When the radioactive isotope of manganese is not wanted, low manganese steels 
of 0.10 to 0.15 pct Mn have been made by the basic open hearth process and rolled 
into plate, bars, and seamless tubing. The low manganese steels are interchangeable with 
standard grades of carbon steels for many uses. They are superior to standard grades of 
carbon steels in terms of freedom from strain aging, improved high temperature strength 
and ductility, and absence of certain disadvantageous nuclear or chemical properties. 


by H. F. Beeghly 


U NTIL recently the only criteria by which steels 
were judged were their cost and their mechan- 
ical, chemical, and physical properties. The user was 
concerned with such properties as corrosion resist- 
ance, tensile strength, response to thermal treatment, 
hardness, ductility, and, to a growing extent in re- 
cent years, with behavior at high temperature. As 
plans were made to build power reactors, a new set 
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of properties became important—the nuclear char- 
acteristics, which had to be considered by the de- 
signer and engineer in building his plant. 

The nuclear engineer developed methods for the 
rare and new metals and produced them in high 
purity, often at great expense. The pure metals then 
provided the raw materials for tailor-made alloys. 
For more common structural metals, such as steel, 
the nuclear industry depended on commercially 
available materials. Generally, the quantities re- 
quired were small and specifications were rigid. It is 
not surprising, therefore, that difficulty was fre- 
quently encountered in procuring structural mate- 
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Fig. 1—Microstructures of low manga- 
nese steels. Upper left, standard 
A212 as rolled; upper right, standard 


A212 normalized; lower left, RH-1031 
as rolled; lower right, RH-1031 nor- 
malized. Etchant 3 pct Nital. Mag- 
nification X500, reduced approxi- 
mately 15 pct for reproduction. 


rials, and less than the ideal material was obtained 
sometimes for a given application. Today, structural 
materials constitute probably the most serious limi- 
tation to construction of nuclear power plants of high 
efficiency at low cost. 

In designing a steel for nuclear applications, what 
properties need be taken into consideration? First, 
structural integrity is even more necessary here 
than in most other applications. Second, corrosion 
resistance is very important. The corrosion media 
include such diverse materials as water and liquid 
metals. Third, the nuclear characteristics must be 
right. Good thermal conductivity and resistance to 
radiation damage are also important. A more de- 
tailed treatment of the requirements for nuclear 
structural materials may be found in publications 
such as those of Stephenson” and of Hausner and 
Roboff.® 

Table I shows the elements common in commercial 
steels, arranged in order of decreasing cross sections 
for thermal neutrons. Assuming that a large cross 
section is undesirable, manganese is the major 
offender common to all grades and types of steels, 
amounts used being of the order of from 0.25 pct in 
low carbon steels to 2.5 pet in the 18-8 type alloy 
steels. If interest is confined to carbon steels, no ele- 
ment except manganese has a cross section greater 
than that for iron. This is an over-simplification, of 
course, because commercial steels contain residual 
amounts of other elements introduced unintention- 
ally with raw materials and scrap in the steelmaking 
process. These amounts are of the order of a few hun- 
dredths to a few thousandths of a weight percent.” 
Cobalt, counted as nickel in steelmaking alloys,* may 
be 0.08 to 0.10 pct or more of the nickel content. 
Tantalum is present also in the stabilized grades of 
type 18-8 stainless steel. For applications where 
sources of radioactive isotopes must be kept at a 
minimum, carbon steel low in manganese definitely 
would be superior to carbon or alloy steels with 
normal manganese contents. 

It might be concluded from Table I that to obtain 
steel with a small cross section for thermal neutrons, 
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a carbon steel should be chosen and some way found 
to eliminate manganese. For applications where cor- 
rosion resistance is not the primary requisite, such a 
steel might compare favorably with alloy steels both 
on the basis of mechanical properties and cost. Aside 
from any desirable nuclear characteristics, produc- 
tion of such a steel would be a technically feasible 
way to conserve manganese, an element whose 
domestic, high grade deposits are very scarce. The 
American Iron & Steel Institute reports importation 
of slightly more than 3 million tons of metallurgical 


Table |. Microscopic Absorption Cross Sections for Thermal 
Neutrons of Elements Commonly Found in Steel” 


Cross Sections in Barns —10-%4 Cm? 


GroupI Group II Group III 

Ss 0.5 Fe 2.4 B 750 

Al 0.22 Mo 2.4 Co 34.0 

i 0.19 N 1.8 Ta 21.3 

Zr 0.18 Nb WwW 19.2 

Pb 0.17 Mn 12.6 

Si 0.13 

Cc 0.0045 Ti 5.6 

Oo 0.0002 4.7 
Ni 4.5 
Cu 3.6 
Cr 2.9 


quality manganese ore for 1953. Domestic produc- 
tion for the same year was only about 150,000 tons. 
These incentives plus experimental data compiled in 
a research program on the chemistry of sulfur in 
steel led to the production of the carbon steels, which 
are to be described here. 

The success in hot rolling high sulfur-low man- 
ganese steel such as a low manganese SAE/B1113 
grade, and data subsequently published* showing 
that titanium or zirconium could be used to replace 
part of the manganese in steel, led to the decision to 
produce steel in an experimental open hearth with- 
out addition of manganese. The heats were cast into 
7,000-lb ingots. From ingot stage to finished product 
the steels were produced in full size mill equipment 
under customary processing conditions for compar- 
able grades with normal manganese contents. 
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Table Il. Specifications of Normal Manganese Steels for Which Low Manganese Alternates Were Made 
Tensile Requirements 
i Tensile Yield Elongation, Pct 
ASTM Strength, Strength, 
Grade Mn Pp Ss Si Psi Psi, Min. 8 In. 21In. 
A212B-54aT 0.31 0.90 0.035 0.04 0.15 to 0.30 70,000 to 85,000 38,000 19 22 
(max) (max) (max) (max) ; 
A106B-55T .30 29 to 1.06 0.043 60,000 (min.) 35,000 22 
max (max) max min. : 
A242-55 Ee 1.25 — 0.05* —- 70,0000 (min.) 50,000 18 — 
(max) (max) (max) 
* May contain such additional alloys as will give the mechanical properties described. 
Table III]. Composition of Low Manganese Steels 
Composition, Wt Pct 
Heat No. Cc Mn P s Si Al Cu Ti Zr Vi 
A212B in. plate 0.27 0.62 0.012 0.040 0.26 = 
RH-1031 Ladle 0.17 0.08 0.004 0.009 0.15 — — 0.15 —_— = 
¥% in. plate 0.19 0.08 0.010 0.019 0.19 0.012 — 0.17 —_— = 
RH-1032 Ladle 0.23 0.10 0.006 0.014 0.25 — — 0.14 —_— = 
¥ in plate 0.22 0.08 0.008 0.017 0.19 0.009 —_ 0.16 — = 
RH-1055 Ladle 0.33 0.20 0.017 0.011 0.30 — — 0.47 — = 
1 in. plate 0.33 0.19 0.020 0.021 0.25 — — 0.44 — == 
A106B Pipe 0.25 0.66 0.023 0.017 0.24 — — — oa = 
RH-1081 Ladle 0.31 0.12 0.018 0.020 0.14 os — 0.30 —_— —— 
Pipe 0.31 0.13 0.019 0.021 0.16 0.019 — 0.31 — = 
A242 %, in. plate 0.14 1.16 0.008 0.017 0.08 0.012 0.37 — — 0.055 
RH-1050 Ladle 0.12 0.16 0.012 0.013 0.13 = 0.37 0.34 — —= 
Ys in. plate 0.11 0.17 0.009 0.017 0.10 0.12 0.39 0.38 — = 
RH-1051 Ladle 0.08 ONS 0.008 0.020 0.08 — 0.38 0.45 — = 
¥4 in. plate 0.07 0.15 0.004 0.016 0.06 0.048 0.39 0.47 — = 
RH-1053 Ladle 0.06 0.07 0.005 0.022 0.09 — 0.40 — 0.32 = 
% in. plate 0.06 0.08 0.008 0.015 0.09 0.30 0.40 — 0.31 — 


The initial goal for this work was to determine 
whether low manganese steels (an arbitrary 0.10 
pct max Mn content was set) could be made and 
rolled with commercial equipment and processing 
conditions into products that would be acceptable 
commercially when evaluated by standard tests. 
This paper is limited to consideration of steels to 
which titanium or zirconium with aluminum were 


Table IV. Tensile Properties of Low Manganese Steels, 
Grade A212B* 


Hot Rolled 
Property A212B** RH-1031 RH-1032 RH-1055 
Tensile strength, psi 71,350 87,100 82,850 104,100 
Yield point, psi 40,950 67,900; 63,600; 63,000¢ 
Elongation, 8 in. 26.0 whe 7.0 

Stress Relieved—4 Hr at 1150°F 

Tensile strength, psi 66,900 85,850 80,751 104,700 
Yield point, psi 37,600 57,000 50,900 64,000t 
Elongation, 8 in. 26. 16.0 17.0 

Normalized 
Tensile strength, psi 73,200 70,900 70,200 88,000 
Yield point, psi 48,900 56,750 54,800 69,800 
Elongation, 8 in. 27.6 23.0 


* All heats passed bend and homogeneity tests. 

j Yield strength at 0.1 pct offset, psi. 

t Yield strength at 0.2 pct offset, psi. 

** Tests were from % in. plate; RH-1031 and RH-1032 were from 
Y4 in. plate; RH-1055 was from 1 in. plate. 


added in place of manganese and is regarded as a 
progress report rather than a summary of results of 
a completed research program. 


Steelmaking 
The experimental open hearth used for produc- 
tion of the low manganese steels was described by 
Work and Banta in 1939.“ Table II gives the com- 
position and mechanical property requirements for 
the grades for which low manganese alternates 


1666—JOURNAL OF METALS, DECEMBER 1956 


were made. The A212 grade B firebox quality is a 
boiler plate grade, the A106 is commonly used for 
seamless pipe, and the A242 is a low alloy, high ten- 
sile grade. 

The goal of the steelmaking program was to pro- 
duce steels meeting the composition requirements 
for the above grades with a maximum 0.10 pct Mn 
content. Either titanium or zirconium would be 
added to replace the manganese so that mechanical 
properties as good as those of the standard grade 
would result. Seven heats were made, none being 
discarded because of processing difficulties. 

The furnace charge consisted of approximately 50 
pct scrap, and 45 pct pig iron, and the remainder 
of limestone and burnt lime. The scrap was charged 
first along with 3.3 pct limestone. After the bath had 
melted level, the second charge consisting of pig 
iron and 1.7 pct burnt lime was added. The carbon 
content of the bath at melt down was of the order 
of 1 pet. Carbon was eliminated at a rate of ap- 
proximately 0.01 pct per min. Oxygen was used in 
RH-1053 and RH-1055 to promote carbon elimina- 
tion. Table III shows the composition of the heats. 
Heats RH-1031 and RH-1032 were deoxidized in 
the ladle with 3.4 lb per ton of aluminum and 6.2 
lb per ton of titanium in the form of high silicon 
ferrotitanium. A furnace block was not used. For 
the remaining heats a block of 2.75 lb per ton of 11 
pet ferrosilicon was used. The ladle addition of 
aluminum was increased to approximately 5.5 lb 
per ton for RH-1050, RH-1055, and RH-1081. For 
heats RH-1051 and RH-1053, total aluminum addi- 
tions of 11 and 18 lb per ton, respectively, were 
made—in the former case, low silicon ferrotitanium 
containing 6 lb per ton of aluminum was added; in 
the latter case, an aluminum-zirconium alloy pro- 
vided zirconium and 13 lb per ton of aluminum. 
Coal was added to meet the carbon specifications for 
the A212 grades. All heats were fully killed except 
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Fig. 2—Microstructures of low manga- 
nese steels. Upper left, RH-1032 as 
rolled; upper right, RH-1032 normal- 
ized; lower left, RH-1055 as rolled; 


lower right, RH-1055 normalized. 


Etchant 3 pct Nital. Magnification 
X500, reduced approximately 15 pet 
for reproduction. 


RH-1055, which grew in the mold. All were cast in 
16x32-in. big-end-up molds. 

With the exception of RH-1081, the ingots were 
cooled to room temperature, stripped, and shipped 


Table V. Tensile Properties of Low Manganese Steel, Grade A106B* 


RH-1081 
A106B, Annealed 
Hot Hot 
Property Rolled Rolled Subcritical Full 
Tensile strength, psi 73,830 78,540 69,810 61,460 
Yield point, psi 50,990 51,460 46,890 38,750 
Elongation, 2 in. 39.0 24.8 26.8 


* All specimens passed flattening and hydrostatic tests. 


to the Pittsburgh Works, where they were scheduled 
for rolling into slabs and subsequently into %, 4, 
%4, or l-in. plates along with production heats. The 
grade Al06 heat (RH-1081) was shipped to the 
Aliquippa Works where it was rolled via 7x7-in. 
billets into 3%4 in. diam x 3% ft long rounds and, 
subsequently, into 23g in. O.D. schedule 80 seam- 
less pipe in pieces 24 ft long. 

At no stage in the rolling operations were any 
operating difficulties reported. The surface quality 
and appearance of the finished material was fully as 
good as that of the normal manganese grades. 

Following this, portions of all of the plate were 
hot rolled to sheet, and the sheet cold reduced to 
strip as light as 0.015 in. thick. The pipe was re- 
duced to approximately % in. tubing without diffi- 
culty. Surface finishes were equivalent to those ob- 
tained with commercial steel of normal manganese 
content. 

Properties 

Mechanical Properties—The mechanical property 
tests called for by ASTM specification for the re- 
spective grades are: 1) A212: tensile, bend, and 
homogeneity; 2) A106: tensile, flattening, and 
hydrostatic; and 3) A242: tensile and bend. Tables 
IV to VI show these data for the low manganese 
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steels. For each grade, representative data for a nor- 
mal manganese content steel are shown also. 

Low manganese material was generally stronger 
and somewhat less ductile than comparable grades 
with normal manganese content. It will be noted 
that RH-1055 contained more carbon than would be 
permissible for A212B plate of this thickness; also 
the silicon content was maximum. The manganese 
exceeded the 0.10 pct maximum set for the low 
manganese steels. Heats 1050 and 1051 also con- 
tained more manganese than was desired. The car- 
bon contents of RH-1051 and RH-1053 were ap- 
preciably lower than that of the commercial A242 
material tested. 

Figs. 1 to 4 show the microstructures of the low 
manganese steels in the as-rolled and heat-treated 
condition. For comparison, the microstructure of a 


Table VI. Tensile Properties of Low Manganese Steels, Grade A242* 


Hot Rolled 
Property A242+ RH-1050 RH-1051 RH-1053+ 
Tensile strength, psi 71,400 83,150 59,850 59,950 
Yield point, psi 48,300 73,650 None 37,450 
Elongation, 2 in. 31.2 24.2 31.0 35.5 
Stress Relieved—4 Hr at 1150°F 
Tensile strength, psi 71,050 81,800 59,600 54,300 
Yield point, psi 50,210 70,700 None 40,250 
Elongation, 2 in. 29.5 26.5 30.2 36.5 
Normalized 
Tensile strength, psi 66,835 63,550 49,750 54,800 
Yield point, psi 54,440 52,850 None 41,100 
Elongation, 2 in. 35.0 30.5 39.5 34.5 


* All steels passed bend tests. 
+ Tests were from % in. plate; RH-1050 and RH-1051 were from 
Y¥, in. plate. 


specimen of commercial grade A212B material is 
shown also. It should be noted that the carbon con- 
tents of RH-1050, RH-1051, and RH-1053 are con- 
siderably lower than those of the other steels. 
Table VII gives tensile properties and hardness 
values for the low manganese plate after quench- 
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Fig. 3—Microstructures of low manga- 
nese steels. Upper left, RH-1050 as 
rolled; upper right, RH-1050 normal- 
ized; lower left, RH-1051 as rolled; 
lower right, RH-1051 normalized. 
Etchant 3 pct Nital. Magnification 
X500, reduced approximately 15 pct 
for reproduction. 


Fig. 4—Microstructures of low manga- 
nese steels. Upper left, RH-1053 as 
rolled; upper right, RH-1053 normal- 
ized; lower left, RH-1081 as rolled; 
lower right, RH-1081 annealed at 
1650°F. Etchant 3 pct Nital. Mag- 
nification X500, reduced approxi- 
mately 15 pct for reproduction. 


x 100 
90 t t 99 
80 
70 BSE | Z 

~ Fig. 5—Short-time tensile strengths 

4 
40 VA for low manganese and normal manga- 
(is 
a 10 iu CARBON STEEL 10 
| 
n ° ° 
° 200 400 600 800 1000 200 400 600 800 1000 
TEMPERATURE °F- TEMPERATURE °F. 


1668—JOURNAL OF METALS, DECEMBER 1956 TRANSACTIONS AIME 


ail 

| 
\ 


Table VII. Tensile Properties of Quenched and Tempered Low Manganese Steels 


Temperature, °F Yield Strength, Tensile 
0.1 Pct Strength, Elongation, Reduction, in Hardness, 
Heat No. Quenched Tempered Offset, Psi Psi 2In., Pet Area, Pct Rs 
RH-1032 Ye in. plate 1675 600 68,200 92,700 26 65.7 96 
800 64,100 87,300 30 60.3 92 
1000 58,500 81,400 34 65.7 86 
1100 57,900 81,300 28.5 69.8 86 
1200 56,900 79,700 27.5 66.6 85 
2000 600 69,200 91,200 30 71.6 — 
800 66,900 88,400 30.5 71.5 92 
1000 62,900 84,000 30 58.8 85 
85,300 31 62.8 92 
' A 86,600 31 67.3 90 
RH-1050 Ys in. plate 1675 600 48,500 63,000 30.5 79.2 76 
800 50,200 64,700 34 79.2 75 
1000 48,800 62,300 33.5 77.1 73 
1100 47,900 62,100 33 74.5 73 
1200 49,900 62,100 B1s5 76.1 76 
2000 600 73,000 87,900 24 13:2 93 
800 73,700 89,300 26.5 69.1 93 
1000 76,700 90,100 25 thls 92 
88,000 26 67.9 92 
9,300 93,200 21.5 67.9 95 
RH-1051 Y4 in. plate 1675 600 25,900 52,700 37 (ales 59 
800 28,400 53,800 37.5 70.1 59 
1000 27,100 53,100 37.5 70.7 — 
1100 25,600 53,300 57 
1200 26,500 53,600 37.5 77.0 59 
2000 600 68,000 82,400 19 61.3 95 
800 66,300 79,500 18.5 56.7 81 
1000 74,800 87,000 21.5 57.6 —_— 
89,250 21 61.0 90 
3 78,100 22.5 65.0 74 
RH-1053 %4 in. plate 1675 600 34,300 54,900 41.5 65.5 68 
800 34,100 55,200 41 63.0 67 
1000 33,300 54,300 41.5 66.3 67 
1100 31,700 52,900 43 66.0 66 
1200 32,300 53,700 42.5 62.5 60 


ing from 1,675° and 2,000°F and tempering at 
selected temperatures from 600° to 1,200°F. 

Information on the transition temperature and 
impact behavior of plate steels, such as are covered 
by ASTM grade A212B specifications, has been sum- 
marized by McGeady’ who concluded that little in- 
formation was available. McGeady’s study was of 
data on pressure vessel steels. In Table VIII are fer- 
rite (ASTM) grain size and Charpy keyhole impact 
values at room temperature and at 0°F for low 
manganese specimens. The values for the quenched 
and tempered specimens are the average for the 
conditions given in Table VII. Data on the transition 
temperature and impact behavior of the low man- 
ganese steels are incomplete, and the values in 
Table VIII are presented as preliminary information 
only. The ductile to brittle transition temperature 
for the low manganese steels in the as-hot-rolled 
condition are higher than usually obtained on stand- 
ard grade A212B material of the same thickness 
processed in the same way. 

Elevated temperature, i.e., short time, tensile 
tests were made over the range from room tempera- 
ture to 1300°F. The tensile strengths of the low man- 
ganese steels at these temperatures are shown in 
Table IX. Fig. 5 compares the tensile strength and 
elongation of the low manganese with similar data 
for carbon steel and a manganese-molybdenum 
grade. The low manganese material is superior to 
the normal manganese material and as good as the 
1% pct Mo material. Table X shows the change in 
tensile strength from room temperature to 500°F 
for selected low manganese steels. By this criterion, 
the low manganese steels are not susceptible to 
strain aging. RH-1050 was least satisfactory in this 
respect. Data on standard carbon steel plate and 
pipe at elevated temperatures have been presented 
by Enzian,’ by Miller,* and by Simmons and Cross." 

Weldability tests were made by joining the low 
manganese steels to commercial A212 plate and to 
stainless steel of the 347 (Nb stabilized) and 304 
type. Welds were made with the coated metal-arc 
and inert-gas shielded tungsten arc processes. The 
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material welded satisfactorily in all cases with no 
evidence of porosity or cracking. Tests included face 
bend tests, guided side bend tests, and rectangular 
tensile strength measurements on dissimilar weld 
plates. Tests were pulled transverse to the weld 
direction. The composite samples welded together 
with different types of electrodes all had sound 
welds. In every case the specimen failed outside the 
weld and heat affected zone. All data, including 
X-ray examination, indicated the low manganese 
materials welded as well as or better than com- 
parable commercial normal manganese grades. 
Chemical Properties—By proper choice of raw 
materials, carbon steel can be produced with very 
low amounts of residual elements. Data on their 
level in scrap are given by Sullivan.” He does not 
include data for such elements as tantalum or cobalt, 
which are usually very low in carbon steel unless 


Table VIII. Impact and Grain Size Data for Low Manganese Steels 


Keyhole Charpy, Ferrite 
Ft-Lb 


Grain 
Size, 
Room ASTM 
Identity Heat Treatment 0°F Temperature No. 
A212 Normalized 28 34 8 
RH-1032 Normalized 4 28 8 
Quenched and tempered 37 49 — 
RH-1055 Normalized 21 36 8 
A242 Hot rolled 38 53 6 
Stress relieved 33 51 6 
Normalized 65 8 
RH-1053 Hot rolled 30 41 6 
Stress relieved 33 47 6 
Normalized 31 49 6 
Quenched and tempered 35 45 — 


introduced in scrap. Manganese and iron, then, are 
the major constituents of carbon steel and are likely 
to be the major corrosion products in any medium 
to which they are exposed. 

Corrosion tests in water have shown that low 
manganese steels in the as-rolled condition corrode 
at substantially the same rate as the normal man- 
ganese steels. The manganese content of the corro- 
sion product is, however, substantially lower. 
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Table IX. Elevated Temperature Tension Test Results for 
Low Manganese Steels 


Test 
Tempera- Tensile Reduction 
ture, Strength, Elongation, 0° 
Heat No.*¥ oF Psi 2 1In., Pct Area, Pct 
RH-1031 Room 87,400* 47.5* 
250 83,080 20 59.5 
400 83,260 20 60.1 
500 82,880 20.5 61.6 
600 81,580 24 59.2 
700 73,600 S15 66.9 
800 62,500 29 13D 
1100 36,400 26 78.1 
1300 24,700 33 82.5 
RH-1032 Room 89,450* 42* 
250 81,000 21.5 56.3 
400 81,580 20.5 56.2 
500 81,250 23.5 55.6 
600 79,500 25 59.4 
700 72,300 28.5 17.8 
800 62,000 35.5 77.2 
1100 35,000 25.5 76.0 
1300 22,700 41 88.1 
RH-1050 Room 83,150 24 70.5 
250 78,850 21.5 67.1 
400 82,600 20.5 67.2 
500 82,460 Pail 58.9 
600 80,040 30 64.2 
700 70,700 32.5 65.3 
800 61,500 3255. 76.5 
1100 34,800 PALS 66.5 
1300 24,600 30 75.0 
RH-1051 Room 59,900 31 ediatas 
250 48,690 29 
400 46,150 70.9 
500 46,300 27 75.3 
600 44,150 25 70.3 
700 41,900 24.5 69.9 
800 40,400 24.5 75.0 
1100 30,700 25.5 les) 
1300 19,600 26.5 82.8 


8 in. gage; all others, 2 in. 
Heat treatment: as rolled. 


Data on scaling, creep, and graphitization at high 
temperatures are not available for the low man- 
ganese steels. There is reason to expect they will 
prove equal or superior to those for grades with 
normal manganese levels. Manganese, along with 
aluminum, has been reported to lower resistance to 
creep and graphitization, while carbide formers 
such as titanium increase resistance. 

The effect of hydrogen on mechanical properties 
of the low manganese steels at elevated tempera- 
tures and pressures has not been evaluated. Ordi- 
nary carbon steels may be severely damaged by 
such exposure; strong carbide-forming elements in 
the steel will prevent or lessen its severity. Titanium 
is considered one of the most effective.® * * 

Both titanium and zirconium have a strong affinity 
for sulfur. Their presence, together with the low 
manganese content, may make low manganese steels 
resistant to liquid metal attack under conditions 
which would decarburize or desulfurize standard 
carbon steels. Also, the deleterious effect of sulfur 
on welding characteristics may be minimized. 

Titanium and zirconium combine readily with 
nitrogen; their presence in low manganese steels 


may prove of value in applications where gas-metal 
reactions at high temperature are important. 


Summary 
Experimental carbon steels made with no man- 
ganese addition: and residual manganese contents 
of the order of 0.10 to 0.15 pct have heen made by 
standard open hearth practice and rolled with com- 


Table X. Hot Tensile Test Data for Low Manganese Steels 


Tensile Strength, Psi 


Change, 
Identity Room Temperature 500°F Psi 
A212B 71,350 75,240 + 3,890 
RH-1031 87,400 82,880 — 4,520 
RH-1032 89,450 81,250 —8,200 
A242 71,400 69,150 —2,250 
RH-1050 83,150 82,460 — 750 
RH-1051 59,850 47,840 —12,010 


mercial equipment and procedures into plate and 
seamless pipe. These products when tested by ASTM 
methods met the mechanical property requirements 
for comparable grades with normal manganese con- 


tents. 

Elevated temperature tensile data show the low 
manganese steels to be free from strain aging and 
stronger and more ductile at elevated temperatures 
than comparable standard grades. Weldability of 
the low manganese steels is equal to or better than 
that of comparable standard grades. 
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AT ANY investigations have been made of the re- 
sidual gas content of iron and steel. Very few, 

if any, quantitative measurements have been made 
on the oxygen content of cupola-melted iron.’- The 
fact that cast iron is a complex alloy rather than 


TRANSACTIONS AIME 


0.008 0.008 0.012 
= © 1506-1 @ 1506-2F 
= 1506-4) 1506 - 3F 
A 1506-5 1506- 6F 
0.006 J 0.006 = Vv 1506-7 1506-7F 
a 8 0008 
= 0004 ® 0,004 3 
8 oO 00 fo) 0.006 = 
oO v Nw o A Vv 
Sa 
29 3.1 33 35 35 37 39 41 43 


Carbon content, per cent 


Carbon Equivalent, per cent 


Silicon Content, per cent 


Fig. 1—Relation of oxygen content of cast iron to its carbon content, carbon equivalent, and silicon content. Hollow and solid 
symbols refer to two series of heats made at different times according to the cupola practices given in Table I. 


a simple binary alloy, and is melted under the 
dynamic conditions attendant to cupola operation 
makes it worthwhile to determine what the oxygen 
content of cast iron would be under both oxidizing 
and normal melting practice and how close the 
values follow the equilibrium values calculated 
from the deoxidation constant for the Si-O reaction. 

Vacuum fusion oxygen values are presented for 
cast iron melted in the Battelle 10 in. diam cupola 
under normal operating practice and under the 
oxidizing conditions described in Table I. The nom- 
inal composition of the iron at the spout was that 
of a typical automotive grade, about 3.20 pct C and 


2.10 pet Si. Cupola slag and metal samples were 
taken simultaneously from five to seven taps spaced 
through each heat. The metal specimens for vacuum- 
fusion analyses were poured in split steel molds that 
produced a clean pin, % in. in diam and 2 in. long. 
All collected slags were typical of commercial slags 
used in acid cupolas. 

Acceptance of steel deoxidation theory’ leads to 
the following conclusions regarding the oxygen con- 
tent of cast irons of the type involved in this inves- 
tigation: 

1) The oxygen content of the iron can be ex- 
pected to be low, probably about 0.002 to 0.003 pct. 


Table I. Relation of Oxygen in Metal and Slag for Cast Irons Melted in Small Cupola under Different Operating 


Conditions 


Metal Analysis, Pct by Weight 


Slag 

Heat* Tap TC Si CE O» He Nz FeO 
1506-1 6 3.24 2.12 3.95 0.0017 0.00023 0.008 3.47 
10 3.26 2.04 3.94 0.0037 0.00038 0.012 4.50 

17 3.25 2.01 3.92 0.0020 0.00018 0.007 TAS 

21 3.34 1.92 3.98 0.0013 0.00020 0.007 11.30 

Average 3.27 2.04 3.95 0.0022 0.00025 0.009 6.76 

1506-2F 6 3.23 2.28 3.99 0.0012 0.00011 0.007 3.67 
9 3.21 2.29 3.97 0.0013 0.00019 0.007 3.73 

17 3.34 2.23 4.08 0.0017 0.00015 0.010 4.17 

21 3.32 2.12 4.03 0.0021 0.00011 0.011 4.75 

Average 3.28 2.23 4.02 0.0016 0.00014 0.009 4.08 

1506-3F 6 3.18 2.08 3.87 0.0023 0.00033 0.007 4.29 
9 3.17 2.03 3.85 0.0015 0.00033 0.008 5.69 

13 3.16 2.07 3.85 0.0036 0.00056 0.007 5:93 

5 des 3.21 2.06 3.90 0.0021 0.00027 0.006 5.14 

21 3.28 1.90 3.91 0.0015 0.00026 0.007 , 9.05 

Average 3.20 2.03 3.88 0.0022 0.00035 0.007 6.04 

1506-4 6 3.07 2.13 3.78 0.0028 0.00023 0.007 8.49 
9 3.09 2.14 3.80 0.0020 0.00020 0.008 11.50 

13 3.08 2.15 3.80 0.0016 0.00046 0,007 10.00 

17 3.15 2.24 3.90 0.0029 0.00015 0.007 9.80 

21 3.27 2.06 3.96 0.0016 0.00026 0.009 10.50 

Average 3.13 2.14 3.84 0.0022 0.00026 0.008 10.07 

1506-5 9 3.34 1.40 3.81 0.0021 0.00022 0.008 11.50 
13 3.30 1.30 3.73 0.0046 0.00030 0.007 16.40 

16 3.34 1.39 3.80 0.0021 0.00029 0.006 13.50 

19 3.43 1.48 3.92 0.0015 0.00018 0.008 14.70 

Average 3.37 1.40 3.82 0.0026 0.00025 0.007 14.00 

1506-6F 9 3.24 1.53 3.15 0.0020 0.00009 0.009 11.70 
13 3.21 1.33 3.65 0.0021 0.00037 0.013 10.90 

16 3.39 1.32 3.83 0.0020 0.00016 0.007 8.35 

19 3.35 1.32 3.79 0.0019 0.00022 0.009 9.57 

Average 3.31 1.41 3.78 0.0020 0.00021 0.009 9.63 

1506-7 tf 3.09 1.96 3.74 0.0049 0.00031 0.007 8.73 
8 2.98 1.72 3.55 0.0056 0.00020 0.008 8.99 

10 3.06 1.80 3.66 0.0068 0.00057 0.004 10.55 

Average 3.04 1.83 3.65 0.0058 0.00036 0.006 9.43 

1507-7F 20 3.39 2.19 4.12 0.0025 0.00020 0.007 2.69 
21 3.21 2.20 3.94 0.0030 0.00022 0.010 2.50 

23 3.34 2.23 4.08 0.0025 0.00023 0.009 4.62 

Average 3.32 2.21 4.05 0.0027 0.00022 0.009 3.27 

1507-9F 6 3.06 2.28 3.82 0.0024 0.00021 0.007 4.07 
9 3.11 2.32 3.88 0.0015 0.00023 0.008 3.70 

13 3.08 2.26 3.83 0.0022 0.00014 0.007 — 

iy 3.19 2.33 3.97 0.0015 0.00020 0.007 5.30 

21 3.12 2.48 3.95 0.0014 0.00018 0.007 4.38 

Average 3.10 2.33 3.89 0.0015 0.00019 0.007 4.36 


* Heats 1 and 2F—good operating conditions in 10 in. diam cupola. Heats 3F and 4—low tapping temperature and high degree of oxi- 
dation; lowered blast temperature and increased blast volume. Heats 5 and 6F—greater degree of oxidation; use of lightweight, rusty 
scrap and low bed height. Heats 7 and 7F—increased blast rate on low bed height. Heat 9F—recycled scrap used under normal operation. 
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FeO in the Slag, per cent 


Fig. 2—Relation of FeO in the slag to oxygen content of the 
iron. 


2) An increase in the silicon content of the iron 
by as much as 1 pct Si can be expected to have little 
effect upon the oxygen content of the iron. 

3) A change in the operating temperature of the 
cupola, within commercial limits, can be expected 
to have little effect upon the oxygen content of the 
iron. 

Individual vacuum-fusion results for oxygen, 
hydrogen, and nitrogen for each sample analyzed in 
this investigation are given in Table I. The results 


of cupola heats and vacuum-fusion analyses for 
oxygen agreed with deoxidation theory as follows: 

1) With the exception of Heat 1506-7, the average 
amount of oxygen found in irons melted in this in- 
vestigation was about 0.002 pct. 

2) Changes in the silicon content of the iron 
from 1.32 to 2.35 pct had no consistent effect on the 
oxygen content of the iron. This is shown in Fig. 1. 
Also, the oxygen content of the iron had no detect- 
able relationship to either a) the carbon content of 
the iron, within a range of 2.98 to 3.43 pct, or b) the 
carbon equivalent of the iron, within a range of 3.55 
to 4.12 pct, as shown in Fig. 1. 

3) Within a range of tapping temperatures from 
2650° to 2800°F, there was little change in the 
average oxygen content of the iron. 

The data in Fig. 2 show, for the limited range of 
oxygen contents, that FeO contents in the slag had 
a wide range, from about 3 to 15 pct. Also, the re- 
duction of FeO in the slag is not accompanied by 
any marked reduction in the oxygen content of the 
iron, and there is no consistent relationship between 
the FeO content of the slag and the oxygen dis- 
solved in the iron. This means that the partition 
factor in cupola-melted iron does not vary in a 
significant way under the conditions of the data. 


Reference 


1k. A. Loria and H. W. Lownie, Jr.: The Residual Oxygen Con- 
tent of Cupola-Melted Gray Cast Iron. ASM Trans, 1954, vol. 46, 


p. 409. 


Gas Content of Solid Aluminum by Solid 


Extraction and Vacuum Fusion 


The determination of hydrogen in aluminum by two methods, solid extraction and 
vacuum fusion, and the preparation of suitable samples are described. Analyses of 


similar aluminum specimens by the two methods agree. 


In addition, results by solid 


extraction agree with those obtained on duplicate samples exchanged with the Research 
Laboratories of the British Aluminium Co. Little additional hydrogen is evolved in the 
vacuum fusion of a sample already degassed by a solid extraction. 


by James L. Brandt and C. Norman Cochran 


LTHOUGH gas in aluminum and its effect on 

aluminum products have been the subject of a 
number of papers, not many quantitative determi- 
nations of the hydrogen content of solid aluminum 
and its alloys have been recorded in the literature. 
For solid aluminum samples, four investigators have 
reported hydrogen contents which appear reason- 
able compared with the hydrogen solubility of 0.7 
ml per 100 g, STP, in molten aluminum at 660°C 
established by Ransley and Neufeld’ and verified by 
Opie and Grant’ and Ransley and Talbot.* Sloman,‘ 
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who used a vacuum fusion procedure, reported the 
hydrogen content of some high purity aluminum as 
0.66 ml per 100 g, STP. Griffith and Mallett,® employ- 
ing the tin fusion method, reported the internal hy- 
drogen content of six different aluminum alloys as 
ranging from less than 0.1 ml per 100 g, STP, for 
1100 alloy to 0.7 ml per 100 g, STP, for 4043 alloy 
(previously 43S, a 5 pct Si alloy). Eborall and 
Ransley,* using a solid extraction of the gases at 
600°C, reported hydrogen contents ranging from 
0.1 ml per 100 g, STP, to 1 ml per 100° geste 
Ransley and Talbot reported that several thousand 
analyses on 99.2 pct and higher purity aluminum as 
well as Duralumin type alloys indicated hydrogen 
contents ranging from 0.1 ml per 100 g, STP, to 0.5 
ml per 100 g, STP. 
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In a recent article, Kostron’ reviewed the physical 
and chemical methods used in the laboratory for de- 
termining the gas content of light metals, and stated 
that the most accurate and reproducible results are 
obtained by hot extraction in a vacuum. Although 
other investigators have indicated good reproduci- 
bility by either hot extraction or vacuum fusion, no 
investigator has used both methods to determine the 
hydrogen content of aluminum. The apparatus and 
procedures for determining hydrogen content of solid 
aluminum by solid extraction at 550° to 600°C and 
vacuum fusion in a tin bath will be described. 


Apparatus 

Extraction Assembly—For solid extraction the 
sample is heated to approximately 50 Centigrade 
degrees below its melting point in a Vycor extrac- 
tion tube which is connected to the analytical portion 
of the system. 

In the vacuum fusion apparatus, the melting as- 
sembly consists of a graphite crucible insulated 
from an outer quartz envelope by boron nitride 
powder. Into this crucible a second graphite crucible, 
in which the melting of the samples takes place, is 
fitted. Samples are guided into this melting crucible 
by means of a graphite funnel. A Lepel 7.5 kw high 
frequency induction furnace is employed to heat the 
assembly. 

Analytical Assembly—Both systems have essen- 
tially the same analytical arrangement shown sche- 
matically in Fig. 1. Gases extracted from the sample 
are led to the analytical manifold through a cold 
trap, stopcock, and mercury diffusion pump. This 
manifold is evacuated through a large bore mercury 
seal stopcock (hereafter called the main stopcock) 
by a second mercury diffusion pump backed by a 
mechanical pump. Mercury cutoffs in both systems 
make it possible to isolate the analytical portion of 
the system. Beyond the cutoff, condensable vapors 
may be removed by a cold trap. A McLeod gage is 
sealed into the manifold for pressure measurements. 
An arm leads from the manifold to a bulb in which 
a palladium tube is sealed. This bulb is heated to 
between 300° and 400°C by an external furnace, at 
which temperature hydrogen in the gas diffuses 
through the palladium tube and is collected by the 
third mercury diffusion pump. A line leads from 
this pump through the analysis stopcock back into 
the manifold. 

In operation, the gas is collected, the cutoff raised, 
and the pressure read. The analysis stopcock is 
closed, and the hydrogen is allowed to diffuse 
through the palladium tube. The fraction of hydro- 
gen collected is determined from the pressure with 
the analysis stopcock open minus the equilibrium 
pressure with the analysis stopcock closed. The vol- 
ume of the gas from the sample is the total gas col- 
lected minus a correction for outgassing of the sys- 
tem. This correction is the product of the time the 
gas is collected and the rate for outgassing estab- 
lished at the beginning of each run. 

Known amounts of hydrogen diffused rapidly 
through the palladium when the tube was new. 
Continued operation at temperatures above 450°C 
increased the time for hydrogen analysis from 10 or 
15 min to 2 or 3 hr. The palladium tube could be re- 
generated in place, however, by the method de- 
scribed by Lombard, Eichner, and Albert.® This in- 
volved heating the palladium tube in air at 500°C 
for 1 hr, followed by reduction in hydrogen for 1 hr 
at 150°C. Continued operation at 300° to 400°C after 
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Fig. 1—Schematic diagram of solid extraction or yacuum 
fusion apparatus. 


regeneration caused no additional poisoning of the 
tube. Hydrogen analyses are performed in 20 min. 


Procedure 

Solid Extraction Apparatus—The Vycor or quartz 
extraction tube in the solid extraction apparatus is 
outgassed overnight at 850° to 900°C. The tempera- 
ture is lowered to between 550° and 575°C, and the 
blank for the system established. The sample is 
pushed into the hot zone by means of a glass ram 
into which a soft iron piece has been sealed so that 
this may be operated with external magnets. Gas is 
collected until the rate of collection declines to the 
blank value established at the beginning of each run. 
The gas is analyzed for hydrogen, after which the 
system is evacuated in preparation for the next run. 

Vacuum Fusion Apparatus—The melting assem- 
bly is heated at a temperature of 1800° to 2000°C 
for a few hours, and the temperature is lowered to 
650°C. The tin samples are pushed into the hot zone 
to form a heel for the aluminum samples and, after 
a few minutes, the main stopcock is closed. After es- 
tablishing the blank correction, the sample is 
dropped into the hot zone. Melting and gas evolu- 
tion are completed in 10 to 12 min, after which the 
hydrogen analysis is performed. 


Sample Preparation 

Surface Control—One of the most difficult prob- 
lems in determining the true internal hydrogen con- 
tent of aluminum samples is control of the surface 
gas. Early experiments of filing samples in a dry 
box always led to hydrogen values 5 to 10 times the 
true internal hydrogen content. With dry machin- 
ing and subsequent degreasing in CP benzene,* the 


*This method of preparation was suggested by Drs. Smithells 
and Ransley of Research Laboratories, British Aluminium Co. 


surface gas is reduced to low values which do not 
mask out the true internal hydrogen content of an 
aluminum sample. 

Surface Gas Correction—The surface gas correc- 
tion was determined on several cylinders degassed 
in the solid extraction apparatus. The procedure in- 
volved facing off the ends and machining 0.015 in. 
from a cylinder immediately after it had been ana- 
lyzed, followed by standard benzene degreasing. 
These samples were loaded in the solid extraction 
apparatus and analyzed for hydrogen, with the as- 
sumption that any gas evolved would be hydrogen 
from the surface. With improvements in technique, 
the surface gas correction was lowered to the value 
of 3.5x10~* ml per cm’. For a cylinder 5% in. diam 
and 1% in. long, the surface gas correction is 0.04 
ml H per 100 g, STP, i.e., approximately 15 pct of 
the total hydrogen found in samples of low gas 
content. 


Results 
Table I summarizes the results obtained by solid 
extraction and vacuum fusion on electrical conduc- 
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tivity grade rod (99.45 pct minimum aluminum con- 
tent) and 1175 alloy (99.75 pect minimum aluminum) 
gassed and degassed by various techniques. 

In addition to samples run in the Aluminum Co. 
of America Laboratories by the two different meth- 
ods, a section of the electrical conductivity standard 
rod was analyzed in England under the direction of 
C. E. Ransley, of the British Aluminium Co. His re- 
sults on this rod showed the hydrogen content to be 
about 0.20 ml H per 100 g, STP, in comparison with 
values of 0.26 ml and 0.31 ml H per 100 g, STP, by 
the two methods in the Aluminum Co. of America 
Laboratories. 


Table |. Summary of Hydrogen Analyses on Aluminum Specimens 


Average 

Hydro- Standard 

gen Con- Devia- 
No. of tent, MI tion, MI 


Method of Analy- per100_ per 100 
Specimen Determination ses G, STP G, STP 
Electrical conduc- 
tivity rod Solid extraction 31 0.26 +0.08 
Electrical conduc- 
tivity rod Vacuum fusion lyf 0.31 +0.08 
tS" Solid extraction 14 0.29 +0.08 
Vacuum fusion ital 0.24 +0.08 
1175; Solid extraction | 0.86 — 
1175+ Vacuum fusion 3 1.03 +0.07 
1175t Solid extraction 2 0.97 _ 
1175t¢ Vacuum fusion 3 1,00 +0.13 


* Specimen was degassed with chlorine. 
+ Specimen was gassed with ammonia. 
t Specimen was gassed with steam. 


Samples prepared at the Research Laboratories, 
British Aluminium Co., were analyzed with the ob- 
jectives of checking the authors’ solid extraction 
procedure and sample preparation. Half of these 
British Aluminium Co. samples were machined dry 
and degreased in benzene in England and sealed in 
evacuated glass vials, and the other half were pre- 
pared in the Aluminum Ceo. of America Laboratories. 
For the two samples prepared in England, hydrogen 
contents in the Aluminum Co. of America Labora- 
tories were 0.27 and 0.23 ml H per 100 g, STP, in 
comparison with the British Aluminium Co. results 
on similar specimens of 0.27 ml H per 100 g, STP. 
For the samples machined and degreased in the Al- 
uminum Co. of America Laboratories, the hydrogen 
contents were 0.24 and 0.28 ml per 100 g, STP, still 
in good agreement with the results obtained at the 
Research Laboratories, British Aluminium Co. 


Discussion 

Using a diffusivity*® for hydrogen in aluminum at 
550°C of 1.6x10™ cm’ per sec, a cylinder 5% in. diam 
should have 99 pct of the hydrogen removed in 65 
min. Since the sample must be heated in vacuum 
from room temperature to the extraction tempera- 
ture and the natural oxide film may slow down dif- 
fusion somewhat, 3 hr or longer is used in actual 
practice for gas determinations. 

To test the effectiveness of solid extraction, a re- 
sistance furnace was placed around the sample arm 
in the vacuum fusion apparatus so that samples 
could be degassed by the solid extraction procedure 
and melted without the necessity of breaking vac- 
uum between runs. In these experiments, the speci- 
mens of 1175 aluminum, which had been gassed with 
either steam or ammonia, were placed in the sample 
arm and degassed 6 hr at 500°C. (The hydrogen con- 
tent of these specimens is shown in Table I to be 
about 1 ml per 100 g, STP). Four specimens degassed 
in this manner showed residual hydrogen contents 
of 0.02 ml per 100 g, 0.04 ml per 100 g, 0.04 ml per 
100 g, and 0.05 ml per 100 g on fusion. This is a 
convincing demonstration of the effectiveness of 
solid extraction for aluminum samples. 


Conclusions 

1) With properly prepared specimens, repro- 
ducible hydrogen contents of aluminum alloy sam- 
ples can be secured by either solid extraction or 
vacuum fusion. 

2) Exchange of samples with the Research Lab- 
oratories, British Aluminium Co., gives additional 
evidence for the reproducibility of the results. 

3) Because of the rapidity with which analyses 
can be obtained, vacuum fusion has a decided ad- 
vantage over solid extraction. 
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Method for Spectrochemical Determination 


Of Aluminum in Fe-Al Alloys 


by Edward F. Runge and Ford R. Bryan 


ECAUSE of the need for ductile heat resistant 
alloys of non-strategic composition, there has 
been metallurgical development of Fe-Al alloys 
possessing improved ductility and hot strength, to- 
gether with high oxidation resistance. Iron and alu- 
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minum form solid solutions up to approximately 35 
pet Al. Alloys in the 8 to 12 pct Al range are 
characterized by excellent oxidation resistance, high 
electrical resistivity’ and, when appropriately al- 
loyed, have creep rupture strength equivalent to 
that of the austenitic stainless steels.” At higher 
aluminum levels, the magnetic properties are of 
considerable interest. Nachman and Buehler’ have 
recently reported on the desirable magnetic charac- 
teristics of the 16 pct alloy. 
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Fig. 1—Littrow 
spectra identifying 
aluminum analytical 
line and internal 
standard iron line. 


(12.42 — 


16.04 


Dependency of physical properties upon the exact 
aluminum content requires that production control 
analysis be provided in order to maintain optimum 
aluminum concentration for the intended purpose. 
A rapid analytical method is therefore necessary 
for the commercial success of these alloys. There is 
no procedure given in the literature for the analysis 
of these Fe-Al alloys. 

This paper describes a straightforward spectro- 
chemical procedure exhibiting high precision and 
adaptable to either photographic or direct reading 
instruments. The method provides for the deter- 
mination of aluminum in the concentration range 
between 8 and 16 pct, and is designed for routine 
control purposes. A photographic version of the 
method is described here in detail. 

Samples in the form of 5.0 mm diam rods are 
excited by a high-voltage controlled spark using a 
counter electrode of pure iron. The analytical gap 
is flushed with nitrogen during the excitation 
period. After the spectra are recorded on a photo- 
graphic plate, the intensity ratios of a pair of lines, 
one from aluminum and one from the internal 
standard iron, are determined with a microphoto- 
meter and standard transposing equipment. The 
photographic emulsion is calibrated by means of a 
set of standard iron are lines for which relative 
intensities have been previously determined. The 
concentration of aluminum is read from an ana- 
lytical curve, prepared from standard samples, 
which relates the log intensity ratio of the line pair 
to the log of the aluminum concentration. 

Equipment used in the method is described below, 
and is commercially available from various instru- 
ment suppliers. Excitation is by means of a high- 
voltage condensed ac spark unit. The discharge 
circuit consists of the usual transformer, inductor, 
condenser, resistor, and an auxiliary air gap by 
which the frequency of the discharge can be varied. 
The spectrograph employed is a Bausch and Lomb 
large quartz Littrow prism mounting having a plate 
factor of 4.5A per mm at 3000A, and covering the 
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Fig. 2—Analytical curve relating log intensity ratio of the 
line pair to log of the aluminum concentration. 


spectral region from 2680A to 3950A in this method. 

The spectrum is recorded on an Eastman Spec- 
trum Analysis No. 1 plate, and the transmittances 
of the spectral lines are measured on a non-record- 
ing, projection-type microphotometer. A calculat- 
ing board upon which the Hurter-Driffield emulsion 
calibration curve’ is plotted is employed to convert 
microphotometer readings to intensity ratios. 

Plates are processed in a thermostatically con- 
trolled developing machine, washed in running 
water, and dried in a stream of warm air. 

The standards used to prepare the analytical 
curve were prepared from material which had been 
vacuum melted and poured into the form of small 
15 lb ingots. The ingots were sampled and analyzed 
chemically for aluminum content. The chemical 
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Table |. Emulsion Calibration Lines 


Wavelength, A Relative Intensity 


3142.4 0.945 
3153.2 1.111 
3157.0 1.345 
3157.8 1.225 
3160.6 1.428 
3165.0 0.690 
3214.0 2.360 
3215.0 1.796 
3230.9 1.600 
3239.4 1.955 


Table II. Coefficient of Variation* 


P 


ct Pet 
No. T3015.7 Fe Tsos2.2 Al 


Log I/Io Pet Al d 

1 60.0 62.0 ‘1.98 10.90 0.31 
2 60.0 63.0 ‘1.97 10.70 0.11 
3 62.0 65.5 ‘1.97 10.70 0.11 
4 64.5 67.5 ‘1.97 10.70 0.11 
5 65.0 69.5 1.96 10.54 0.05 
6 69.0 72.0 ‘1.97 10.70 0.11 
7 70.0 75.0 1.96 10.54 0.05 
8 70.0 75.0 ‘1.96 10.54 0.05 
9 70.0 75.0 ‘1.96 10.54 0.05 
10 71.0 76.0 1.96 10.54 0.05 
11 73.0 78.0 ‘1.96 10.54 0.05 
12 74.0 78.5 ‘1.96 10.54 0.05 
13 74.0 78.5 1.96 10.54 0.05 
14 74.0 78.5 ‘1.96 10.54 0.05 
15 75.0 79.5 ‘1.96 10.54 0.05 
16 75.0 80.0 ‘1.96 10.54 0.05 
Tey 75.0 80.0 ‘1.96 10.54 0.05 
18 77.0 80.5 ‘1.96 10.54 0.05 
19 77.0 81.0 ‘1.96 10.54 0.05 
20 78.0 82.0 ‘1.96 10.54 0.05 


Spectrographic concentration avg 10.59 
Chemical concentration avg 10.54 


*From the equation 
100 = d2 = 0.93 pct. 


where C equals concentration; d equals deviation from the mean; 
n equals number of determinations; and y is the coefficient of 
variation. 


procedure employed in analyzing the spectroscopic 
standard is the cyanide-oxine method and requires 
3 to 4 hr for a determination, which far exceeds the 
time available for production control, but is suit- 
able for occasional standardization. 

A representative sample for spectrographic anal- 
ysis is prepared by machining the metal into a rod 
of a few inches length and 5.0 mm diam. The rod is 
further prepared for analysis by grinding a conical 
point of 140° included angle on one end. The elec- 
trode system consists of two rods, the sample rod 
and a rod of pure iron having the same diameter 
and conical tip. The rods are placed in spring 
clamps and spaced to a gap of 2 mm, A cylinder of 
compressed nitrogen is used to produce a jet of inert 
gas, which is directed between the electrodes and 
onto the electrode tips at a flow rate of 20 cu ft 
per hr. 

Excitation parameters of the spark discharge cir- 
cuit are as follows: peak secondary voltage, 14,000 
Vv; capacitance, 0.007 microfarads; inductance, 10 
microhenries; resistance, 2.0 ohms; average second- 
ary current, 8.5 amp; auxiliary gap, 3.6 mm; and 
No. of discharges per sec, 360. Spectrograph set- 
tings and exposure conditions are as follows: spec- 
tral region, 2680 to 3950A; entrance slit width, 20 
#; entrance slit length, 3 mm; prespark period, 20 
sec; and exposure period, 25 sec. 

Calibration of the emulsion (normally only once 


1676—JOURNAL OF METALS, DECEMBER 1956 


for each emulsion lot No.) is effected by separate 
stepped exposures of an iron are spectrum. These 
exposures provide a group of lines of known rela- 
tive intensities’ which are plotted against their 
corresponding transmission values to produce the 
characteristic Hurter and Driffield curve. ‘The lines, 
together with their assigned relative intensities, are 
presented in Table I. 

Any conventional photographic processing pro- 
cedure is appropriate. The conditions listed below 
were used for convenience in this work, although 
much faster processing can be accomplished, if 
necessary, by employing Eastman D-8 developer 
together with shorter washing and drying times: 
emulsion, Eastman Spectrum Analysis No. 1 plates; 
development, Eastman D-19 developer agitated for 
3 min at 68°F; stop bath, dilute acetic acid for 30 
sec; fixing, Eastman Rapid Liquid Fixer for 1 min; 
washing, running tap water for 3 to 5 min, followed 
by distilled water rinse; and drying, warm air blast 
for 34% min. 

Spectral line transmittance measurements are 
made on the projection-type microphotometer for 
the analytical line Al 3082.2A and the internal 
standard line Fe 3075.7A. These two lines are iden- 
tified in the spectra shown in Fig. 1. Exposure con- 
ditions are selected to provide transmittance meas- 
urements between 20 and 80 pct. The transmit- 
tances of the analytical and the internal standard 
lines are converted to log intensity ratios by means 
of the emulsion calibration curve. Carrying this 
procedure through for the standard materials serves 
to establish an analytical curve, Fig. 2, relating log 
intensity ratio to log concentration for the pair of 
lines. The corresponding log intensity ratios from 
the spectra of unknown samples are converted into 
known concentrations by referring to the analytical 
curve. 

The repeatability of determinations made on a 
single sample exposed under identical conditions 
provides a measure of precision. The coefficient of 
variation obtained in this manner on a sample mid- 
way in the concentration range proved to be 0.9 pct 
of the amount of aluminum present. Table II illus- 
trates individual determinations from which devia- 
tions were calculated. The values shown agree 
favorably with repeatability data on other elements 
analyzed in similar fashion and occurring in alloys 
in like concentrations. Deviations were more than 
double those shown when the nitrogen jet was 
omitted from the procedure. 

The accuracy of the method can be established 
by comparison of the spectrographic results with 
results obtained by other methods of analysis. When 
cross checking against hydrostatic density, electrical 
resistivity, and chemical results, spectrographic 
values should agree within +0.10 to 0.15 pct Al in 
the 8.0 to 16.0 pet concentration range. 


References 


LC, Sykes and J. W. Bampfylde: The Physical Pioperties of Iron- 
Aluminum Alloys. Journal Iron and Steel Institute, 1935, vol. 130, 
pp. 389-418. 

2E. R. Morgan and V. F. Zackay: Ductile Iron-Aluminum Alloys. 
Metal Progress, 1955, vol. 68, No. 4, pp. 126-128. 

8J. F. Nachman and W. J. Beuhler: Sixteen Percent Aluminum- 
Iron Alloy Cold Rolled in the Order-Disorder Range. Journal of 
Applied Physics, 1954, vol. 25, pp. 307-313. 

4F, Hurter and V. C. Driffield: Journal Soc. of Chemical Indus- 
try, London, 1890, vol. 9, p. 455. 

5G, H. Dieke: Study of Standard Methods for Spectrographic 
Analysis. War Production Board Report No. W-90, March 20, 1944. 


Discussion of this paper sent (2 copies) to AIME by May 1, 1957 
will appear in AIME Transactions Vol. 209, 1957, and in JourNaL oF 
METALS, October 1957. 


TRANSACTIONS AIME 


| 

Cc n-1 


Metals Transactions 


January-December 1956 


Index to Volume 206 


American Institute of Mining, Metallurgical, and Petroleum Engineers, Inc. 


Transactions of the Metals Branch 


A binary alloys: et phase relations.................... 
Aaronson, H. I., and Wells, C.:_Sym- 1102 Ti- 
a-o transformation, Cr-Fe ......... May 614 vapor pressure Fe-Cu. 
Oc aluminum in Fe-A1 ........... ..Dec 1674 ray Zr-H 
E. P., II and Grant, N. J.: cold-worked Al-Mg “Oct 1247 
Beta Chromium Aug 975 CsCl-type ordered structures... Feb 148 creep b 
Absorption: cube textures, Ni-Fe tapes ........ 593 LOW 
cetate: diffusion in Bi-Pb . 1580 i 
solutions, amMMoniuM Aug 1096 Fe-Si order-disorder . “Oct 1290 
Activation energy: fracture Zm-Al ..Oct 1241 hardenable steels i 
OL COPPER Feb 156 friction, viscosity, silver Aug hardness 
creep polycrystalline nickel ..Oct 1223 grain boundary ‘viscosity Eee es Aug 881 high damping ferro g 
diffusion, liquid lead ....... 199 heat treatment, proper- hot-rolled textures, titanium Fe 
discussion 1408 ties May 521 hydrogen embrittlement, titanium Aug 
rate of oxidation of sphalerite ...... 257 high temperature, Ti-Al base ....Oct 1348 hydrogen on # titanium Oct 
self-diffusion, solid nickel ............. May 483 hydrogen embrittlement Ti-Mn ‘Aug 907 magnesium, corrosion .....0., ot 
solute diffusion, nickel-base solid so- Aug 977 magnet, properties, Aug 
May 567 intermediate phases, transition ele- oxidation-resistant molybdenum....Feb 
Activation Energy for High Temperature Feb 265 oxygen in cupola-melted iron........Dec 
Creep of High Purity Aluminum GISCUSSIONN Oct 1412 oxygen in liquid Fe-Ni Se 
Oct 1385 martensitic transformation, Fe-Ni phase trans 
Activity Coefficient of Copper in Liquid Oct 1393 MANSANESE Oct 
Iron, Fe-C, and d Fe-C- Si martensitic transformation plastic, deformation, aluminum erys- 
2 Liquid mechanical properties Ti-Mo ...... Oct 1388 quaternary alloys: 

1024 metastable phase, Fe-Ni .......... 585 phase, CreNi-Mn-Mo Feb 
rin Sy steng 562 properties, manganin-type 
sing: microstructure Fe-S .. 950 Fe 

strain, AISI 4340 . orientations in Zr-Cb..... .Feb 122 self-diffusion, iron in Fe-C..............Nov 

Alcock, C. B., Hudson, R. G., and Mc- oxidation Cu-Al ......:..... Oct 1252 steels, low, hardenability... . Aug 

Cabe, C. L.: Sulfur Pressure oxygen in liquid Fe-Ni Sep 1195 tempered titanium ................ . Aug 

Measurements above in phase transformations May 531 tensile magnesium.......... Aug 
Equilibrium with Iron ........ May 693 precipitation, creep in Mg-Al.....Feb 146 ternary alloy 

Allotropic Transformations in Titanium, GISCUSSIONMe Oct 1410 activity coefficient of copper in Fe- 

Zirconium, and Uranium Alloys precipitation Ti-Cu...May 512 Aug 

Feb 162 properties, pond Fe-Au Aging Oct 

Alloys: retained-§ phase, Ti- Nieuwe, May 514 magnetic interactions, Fe-Ni-Al Oct 

activity coefficient of copper in Fe-C ine hase relat Ti-Mo-V 

Aug 1102 solidification u i-Fe-O phase relations........ ay 

2 system Zr-N . 98 CGISCUSSIOD 

502 tensility, zirconium with iron...May 486 Ti-rich corner, Ti-Al-V Feb 


aluminum in Fe-Al 


572 
1417 
790 
1086 
528 
1450 
106 
497 
1580 
288 
589 
770 
454 
1295 
113 
923 
1235 
1354 
962 
171 
1670 
1195 
1324 
477 
210 
203 
1356 
1577 
1008 
961 
936 
1102 
1378 
1285 
491 
572 
1417 
211 
1420 


Ti-V-Mo ........... 959 
vapor pressure Fe Aug 1086 
yielding, solid solutions Oct 1229 
Aluminum: 
Al-Cu, Al-Zr, bonding. Discussion 
May 619 
cold-worked Oct 1247 
fracture Zn-Al .... Oct 1241 
grain growth, orientation. ..May 517 
grain growth, recrystallization....May 504 
growth copper layers during oxida- 
high temperature creep.. Oct 1385 
influence on properties, steel. Oct 1269 
intercrystalline fracture ...... May 544 
discussion Oct 1416 
magnetic interactions, Fe-Ni-Al..... Oct 1285 
nonoctahedral slip Oct 1344 
precipitation, creep in Mg- Al Feb 146 
recovery, cold-rolled crystals.......... Oct 1226 
recovery, recrystallization. Discussion 
Ma 618 
recrystallization, zone-melted ...... Au 958 
single crystals, plastic deformation 
May 477 
solid solubility lithium in... May 553 
solid solution alloy, yieldi Oct 1229 
solidification Al-Zn ............ Aug 972 
solute diffusion in nickel May 567 
tensile creep 195 
discussion ..... Oct 1419 
Ti-rich corner, Feb 211 
CUISCUSSION Oct 1420 
Ammoniu 
Anaconda Co., Great Falls billet plant 
Dec 1661 
Anisotropy: 
plastic, zinc 
Annealing: 


collapse, dislocation loops 

magnet alloys 

neutron diffraction, metals 

strain rate, tungsten 
Antimony: 

crystallographic angles 
Arc melting: 


Arora, O. P., Beck, P. A., and Darb 
Big: Occurrence of Cs 
Type. Ordered Structures in Cer- 
tain Binary Systems of Transi- 
Atkins, - F., and Rogers, B. A.: Zir- 
onium-Columbium Diagram. 
Atkinson, R. H.: Study of the Effect or 
Gases on the Melting, Casting, 
and Working of Palladium Aug 1029 
Atmosphere: 
interaction during sintering........... Jan 49 
Aust, K. T.: Relative Interfacial Ener- 
gies of Symmetrical Tilt Grain 
Boundaries in Silver.............. Aug 1026 
Austenite: 
influence, boron on _ transformation 
May 551 
discussion ............. Oct 1409 
self-diffusion of iro Oct 1336 
Averbach, B. L., Cohen, M., and Werner, 
F. E.: Matrix Phase in Lower 
Bainite and Tempered Marten- 
B 
Bainite: 
matrix phase in 1484 
transformation Ni-Cr steel. 989 
Bakish, R., and Robertson, Dy 
Structure Dependent Chemical 
Activity of Polycrystalline 
CuzAu—Experiments Relating 
to the Mechanism of Stress-Cor- 
rosion Cracking of Homogene- 
ous Solid Solutions.................. Oct 1277 
Basal Plane Development in Electrode- 
posited Hexagonal-Close-Packed 
Metals: Zinc, Titanium and Zir- 
Beaver, W. W., Wikle, K. G., and Klein, 
Fabrication of Thorium 
Bechtold. Strain Rate Effects in 
Beck, P. A., and Greenfield, P.: Inter- 
mediate Phases in Binary Sys- 
tems of Certain Transition Ele- 
ments 265 
Beck, P. A., and Luits, A. H.: Tem- 
perature Dependence of Recov- 
ery Phenomena in a _ Cold- 
Aluminum Single 
Beck, P. A., Darby, J. B., Jr., and 
Arora, O. P.: Occurrence of 
CsCl- Type Ordered Structures 
in Certain Binary Systems of 
Transition Elements .............. Feb 148 
Beck, W., Klier, E. P., and Sachs, G.: 
Constant Strain Rate Bend 
Tests on Hydrogen-Embrittled 
High Strength Oct 1263 
Beeghly, H. F.: Low Manganese Steels 
for Nuclear Applications....Dec 1664 


Beneficiation: 
flocculation mineral suspensions... Aug 
leaching of molybdenite.................. June 
precipitation metal from salt 
reaction zones, iron ore sintering 
July 

amma Loop Studies in the 

Iron-Silicon Iron-Silicon- 

Titanium Systems 

Beta Phase Parameters in the System 

Bever, be B., and Jaffe, D.: Sclidifica- 

on of Aluminum- Zinc Alloys 
Aug 

M. B., Suoninen, E. J., and Gene- 
vray, os Effect of Stress on 
the Martensitic Transformation 
in the Cu-Zn System............. Feb 

Binary alloys, see alloys. 

Birchenall, C. E., and Condit, R. H.: 
Effect of ’Noncollimated Radia- 
tion on Surface Activity Meth- 
ods for the Determination of 
Diffusion Coefficients in Sole 

c 


Bentle, 


Bever, 


Birchenall, C. and Mead, H. W.: 
Growth of Graphite in Cast Iron 


Self-Diffusion of Iron 


in Austenite 


Birchenall, 


C., Mehl, R. F., and Lan- 
dergren, 


Diffusion and 


Marker Movements in B Brass” 


Feb 
Birks, L. S.: Characteristics of the Bain- 
ite Transformation in a Ni-Cr 
Birtalan, be ., and Bloom, R. A.: Occur- 
ence of Chi Phase in a 16 Pct 
Cr. 15 Pet Ni-7 Pct Mn-6 Pct 

Mo Alloy F 
Bishop, 
Sulfur and Oxygen 
Liquid Iron and Open Hearth- 
Type July 

Bismuth: 

Bi-Mn system 
GIscUSSION! 
erystallographic angles . 
diffusion in lead alloy ... 
removal from lead 
Bitsianes, G., Joseph, T. L., and Burlin- 


game, TDs Reaction Zones in 
the Iron Ore Sintering Process 
July 

Blast furnaces: 
presintering, Bunker Hill.................. Oct 
rate of FeO reduction in slags..... Mar 
sulfur transfer reaction, slags........ Nov 


Bloom, R. A., and Birtalan, J.: Occur- 
rence of Chi Phase in a 16 Pct 
Cr-15 Pct Ni-7 Pct Mn-6 Pct 
Mo Alloy Feb 
Blooming 
cavity, reheating ep 
Blooming, see also Mechanical working. 
Blumenthal, H., and Silverman, R.: In- 
filtration OF Skeletons.. Aug 
G.: On the Rate of Sinter- 


a 
and Rosenthal, P. C.: 


Bokros, Ce 
Liq uid Emulsion Auioradiogra~ 
Bonding: 
Al-Cu, Al-Zr. Discussion................ May 
Boni, R. E., and Derge, G.: Surface 


Structure of Nonoxidizing Slags 

Containing Sulphur van 

Surface Tensions of Silicates.........Jan 
Boron: 

doped silicon, solubility of 

eb 


hardenability mechanism ................ Aug 
influence on transformation, iron....May 
Oct 


removal from silicon 
treated steel, hardenability.. 
vanadium boride ic 
Boulger, F. W., Lorig, C. H., and Fra- 
zier, R. He: Influence of Silicon 

and Aluminum on the Proper- 

ties of Hot-Rolled Steel........ Oct 
Brandt, J. L., and Cochran, C.: Gas 
Content of Solid Aluminium by 
Solid Extraction and Vacuum 


Brass: 
discussion . 
diffusion, 


Bratina, 


+, and Winegard, W. C.: 
Internal Friction in Zirconium 


Feb 
Bridge, J. R., and Vaughan, D. A.: High 
Temperature X-Ray Diffraction 
Investigation of the Zr-H Sys- 

m 


Bridge, 


of of Alpha 
Bromley, L. A., and Petersen, A. W.: 
Preparation of Metallic Tita~ 
nium by Film Boiling ... Feb 
Bron, W. E., and Machlin, E. 
Boundary Mobilities 


in High 


Brown, N., and Herman, M.: Influence 
of Order- Disorder on Creep of 
GISCUSSIONG Oct 
Interaction of Dislocations and Long- 
Range Order. Oct 


1092 
794 
695 
853 


t 1345 


975 


1341 


1004 


t 1336 


73 


989 


210 


1269 


1672 


604 


186 
528 
1282 


284 


513 


604 
1409 
1353 


Bruch, C. A., McHugh, W. E., and Hock- 
enbury, . W.: Variations in 
Radiation Damage to 

Bryan, F. R., and Runge, E. F.: Method 
for ‘Spectr ochemical Determina- 
of Aluminum in Fe-Al 

ec 


Bunker rei Co 


tsianes, G., 
T. L.: Reaction Zones in 
the Iron Ore Sintering Broce’ 


uly 

Cc. H., and Dillon, 
: Contribution to Mathe- 
aes of Zone Melting. Discus- 


ices 
Burlingame, R. D., 
seph, 


Burris, L., Stockman 


ay 

Burt, R. D. J., and Whitten- 
berger, E. J. Hardenability Fac- 

tors for Hypereutectoid Low- 

Alloy Steels 


Busby, Se C., and Paxton, H. 
ging of AISI 4340 une 
Busby, P sgn Hart, D. P., and Wells, Css 
Diffusion of Nitrogen in Iron 
May 

Cc 
Cadmium: 

separation from _ zinc 
ay 
Cahn, and Fullman, R. L.: On 
he Use of Dances ‘Analysis for 
Particle Size Distri- 
bution Functions in Opaque 
Cahn, R. W., and Graham, C. JT 
Grain Growth Rates and Orien- 


tation Relationships in the Re- 
crystallization of Aluminum 
Single Crystals 
discussion 
Measurement of Grain Growth Rates 
in Recrystallization 
discussion 
Canadian a Copper Refiners Ltd.: 
developments. 


Carbon: 
brittle fracture, cemented TiC........ Aug 
effect on ductility, cast 
Fe 


effect." Ti-Mo ‘alloys... 
graphite in cast iron. . 
infiltration TiC Aug 
low, sheet coils, mechanical works 

e 


monoxide, equilibria in reactions 
ov 

saturated iron, FeO reduction in aes 
ar 

self-diffusion, iron in Fe-C.............. Nov 
Carew, we Be Crossley, F. A., and Kess- 


D.: Evaluation of the 
‘Stability of Ti-Mo-V 
Carlson, O. N., et al.: Thoriwm-Colum- 
bium and  Thorium-Titanium 
Alloy Systems Feb 
Carney, D. J., Whittenberger, E. J., and 
Burt, Hardenability ’Fac- 

tors for Hypereutectoid Low- 
Alloy. .Steels is Aug 
Carreker, R. P., Jr.: Tensile Deforma- 
tion of Germanium Single Crys- 

Carreker, R. P., Jr., and Guard, R. W.: 
Tensile’ Deformation of Molyb- 
denum as a Function of Tem- 
perature and Strain Rate...... Feb 

Oc 


GISCUSSION. 
Casting: 

gases on, palladium... Aug 

graphite growth, iron.. Aug 


Great Falls billet 
oxygen in cupola-melted iron....... Dec 
Casting, see also Fabrication. 
Cech, E.: Evidence for Solidification 
of Metastable Phase in Fe-Ni 
Alloys 
correction 
Cech, R. E., and D. Turnbull: 
geneous Nucleation of the Mar- 
tensite Transformation ........ Feb 
Cellular structure: 


crystal structure plutonium phases 
Oct 

transition elements, binary systems 
Feb 

Chang, H. C., and Grant, N. J.: Mech- 


anism of Grain Boundary Slid- 


ing eb 
of Irttercrystalline Frac- 


Some Observations on the Structure 
of Grain Boundary Fracture 
Characteristics of the Bainite Trans- 
formation in a Ni-Cr Steel 
Chatterjee, G. P.: Hardness of Metals 
an Alloys Apr 
Chemical analyses: 


Chemical Polishing of Pure Zinc... May 
Chiotti, G. A., and Wilhelm, 
: Magnesium- Uranium Sys- 

and Koros, P. J.: 
Coefficient of Copper in Liquid 
Iron, Fe-C, and Fe-C-Si Alloys 


Chipman, J., and St. Pierre, G. R.: 
Sulfur Equilibria between Gases 

and Slags containing Fe....... Oct 


Chipman, J., and Wriedt, H. A.: Oxygen 


1362 


1674 
1469 


853 


615 


1008 
788 


686 


682 


610 


1008 


856 
511 


1102 


1474 


ll 
., The, presintering prac- a 
|| 
959 = 
972 
|| 
517 
1413 
= 504 
1413 
1081 
862 
1259 1406 150 
142 176 790 
1580 1004 
1169 
853 1558 
1469 351 
351 1577 
1549 
491 
210 
1199 132 
977 
580 
286 
619 
178 
1420 
59 
53 1029 
1004 
1661 
1670 
1316 
1091 
1325 
124 
1256 
265 
1412 
209 
1 169 
73 
544 
1416 
Schwartz, C. M., and 989 
Vaughan, D. A.: X-Ray Diffrac- 
454 
562 


in Liquid Iron-Nickel Alloys 
: Sep 
Chipman, J., et al.: Equilibria of Sulfur 
and Oxygen between Liquid 
Iron and Open Hearth-Type 
Sla, ags July 
Hydrogen in Steelmaking Slags .... Nov 
Chiswi H. H., and Lloyd, L. T.: De- 
‘formation Mechanisms of Alpha- 
Uranium Single Crystals. Dis- 
Chloride: 
corrosion CusAu by ferric................ Oct 
Chlorine: 
purification of May 
Chromium: 
a-o transformation, Cr-Fe.............. May 
bainite transformation . Aug 
Aug 
binary system of.. Feb 
Giscussion 
x phase, Cr-Ni, Feb 
Cr-N terminal solid solution : 
ferromagnetic 
Chu, W. L.: 475°C Embrittlem 


Chromized Coatings on 
Carbon Steel. Discussion .... 
Cobalt: 
sulfur embrittlement May 
Cochardt, A. W.: High Damping oe 
magnetic Alloys 
Cochran, C. N., and Brandt, J. L.: ca 
ontent of Solid Aluminum by 
Solid Extraction and Vacuum 


Cohen, M., and Kaufman, L.: Marten- 
sitic Transformation in_ the 
Iron-Nickel System. ................ Oct 

Cohen, M., erner, FE. E., and Aver- 
bach, B. L.: Matrix Phase in 
Lower Bainite and Tempered 

Coils: 


low carbon sheet 

temperatures, hot strip mill... 
Cold rolling: 

recovery, aluminum 

Si-Fe 

structural changes, molybdenum....Oct 
Cold rolling, work, see also Fabrication. 
Cold work: 


1195 


Columbium: 
orientations in Feb 122 
Th-Cb, -Ti 132 
Zr-Cb diagram. Discussion ............. May 619 
Comparison of Techniques in a Study 
of Zine Self-Diffusion............ Feb 137 
Composition: 
r-N terminal solid solution........... May 556 
Concentrates: 
zine, separation, germanium and cad- 
Condit, R. H., and Birchenall, C. E.: 
Effect ’ of Noncollimated Radia- 
tion on Surface Activity Meth- 
ods for the Determination of 
Diffusion Coefficients in Solids 
Oct 1341 
Constant Strain Rate Bend Tests on Hy- 
drogen Embrittled High 
Constitution: 
partial diagram, Ti-TiAuze................ Aug 930 
Constitution of Nickel- Rich Quarternary 
ous of the Ni-Cr-Ti-Al Sys- 
to the Bi-Mn System....May 
Contribution to Mathematics of Zone 
Melting. Discussion ............. May 615 
tit: alloys 
hardness commercial titanium 
Feb 288 
Co 
coefficient ..... pect Aug 1102 
activity coefficient in liquid iron 
Zr bonding. Discussion May 
Al-Cu, Al- Foy 156 


diffusion, B-brass 
electrical properties, 


grain boundary viscosi 
Great Falls billet plant 
growth external layers... 
magnetite in Hurley smelter. 
martensitic transformation ... 
ordering in corrosion CuzAu... 
precipitation hardening, Ti-Cu .M 

recent developments, refining........ Aug 
recrystallization. Discussion ... 
roasting, cuprous sulfide 
structure-dependent chemical 


figures . 
ran an iene 
tion and of 
Correlation of the Tensile Properties 
of Pure Magnesium and Four 
Commercial Alloys with Their 
Mode of Aug 
Corrosion: 
gallium, magnesium alloys....... 
ordering, 
stress cracking, 3. 
Craighead, C. M., Jaffee, R. I., and Len- 
ning, G. A.: Effect of Testing 
Variables on the Hydrogen Em- 
brittlement of Titanium one. a 
Ti-8 Pct Mn Alloy... ug 
Hydrogen Embrittlement of. 
ized Titanium ALLOYS............ Aug 


.... May 
‘June 800A 


923 


Creep: 
aluminum alloy ..... 
aluminum crys 


ay 
c deforma- 


tion ... .... May 

and precipita Feb 
discussion ......... 
high purity aluminum Feb 
discussione. 
order-disorder, 8 brass .May 
discussion 
polycrystalline Oct 
Creep of Copper at Intermediate Tem- 

Creep of Polycrystalline Nickel.......... Oct 


by Vacancy Condensa- 
Feb 


Crossley, F. A., Kessler, H. D., and 
Carew, W.F:: Evaluation of the 
Structural Stability of Ti-Mo-V 

Crossley, F. A., Kessler, H. D., and 
Rauseh,’ J. J.: Titanium-Rich 
Corner of the Ti-Al-V System 

Feb 

Crucibles: 


Crystal Structure of Delta-Prime Plu- 
tonium and the Thermal Expan- 
sion Characteristics of Delta, 
and Epsilon 


Crystallographic Angles for Orthorhom- 
bic (Alpha) Uranium. 


q@-uranium. Discussion .... 

aluminum, plastic deform: ay 

annealing temperature, cube texture 
A 


collapse, dislocation loops .............. 
CsCl-type ordered structures 
cubic textures, Ni-Fe tapes ........... May 

deformation, recrystallization Si- Fe 


dislocations, germanium 
grain boundary fracture ... 
grain boundary mobilities, silver . May 
grain boundary sliding .. Feb 
grain growth rates 


GISCUSSION 
hot-rolled textures, titanium alloys 
intercrystalline fracture .................. May 


iodide titanium 
magnet alloys 
neutron diffraction, 


nonoctahedral slip, aluminum ........ Oct 
orientation in Zr-Cb alloy .............. EF 
plastic anistropy zinc 
plastic flow in titanium ... 
recovery, cold-worked Al-Mg 
recovery phenomena, aluminum....Oct 


211 
1420 
562 


recovery, recrystallization aluminum. 
DISCUSSION ay 618 
recrystallization textures Si-Fe ...Aug 1017 
rolled, annealed titanium ee 80 
self- diffusion, magnesium . 918 
self-diffusion, zine) 164 
structure, plutonium phases ine. Oct 1256 
structural changes, molybdenum ....Oct 1298 
sublimation May 515 
sympathetic nucleation, ferrite ..... Oct 1216 
tensile deformation, germanium ...Feb 111 
titanium hy uly 861 
zinc, etch pits, dislocations .. Aug 998 
zinc, self- diffusion ..... .Feb 137 
zone-melted aluminum Aug 958 
Cube texture: 
temperature ........... 967 
Cubic Texture in Ult 
Pet "Alloy! 593 
Cutler, I. B., and Wadsworth, M. Mey 
Flocculation of Mineral Suspen- 
sions with Cuoprecipitated Poly- 
D 
Dana, A. W., Jr., Shortsleeve, F. J., and 
Troiano, elation of 
Flake Formation in Steel to 
Hydrogen, Microstructure, and 
Stress. Discussion Oct 1404 
Danko, J. S., and Griest, A. J.: ‘Sub- 
limation Figures in Nickel, Cop- 
Darby, J. B., Jr , Arora, O. P., and Beck, 
Occurrence of CsCl- Type 
Ordered Structures in Certain 
Binary Systems of 
Davey, T. R. A.: Debismuthizing of ijead 
Deardorff, D. K., and Hayes, E. T.: Melt- 
ing Point Determination of Haf- 
nium, Zirconium, and Titanium 
May 509 
Debismuthizing of Lead ...............0.5 Mar 341 
DeCarlo, 5 and Gilman, (Us 
‘Chemical Polishing of Pure Zinc 
May 511 
Deformation: 
collapse, dislocation loops ............ Feb 189 
germanium single crystals ... Feb 111 
grain boundary sliding ......... Feb 169 
graphite growth, cast iron ...... Aug 1004 
martensitic transformation, titanium 


neutron diffraction, annealed metals 


Oct 1259 
plastic, aluminum single crystals .May 477 
plastic flow in titanium .................. Feb 115 


precipitation, solid solutions 
tensile creep, aluminum .... 


1419 
ZANC “Au 998 
Deformation and Recrystallization 
Deformation Mechanisms of Alpha-Ura- 
Single Crystals. Hops 
im a Substitutional 
Solid Solution Alloy ............. Oct 1229 


Demmler, A. W., Jr.: Recrystallization 
of Zone-Melted Aluminum Aug 958 
Density Distribution in Metal Powder 


Compacts Feb 215 
Deoxidation: 
Derge, G., ‘and Boni, R. E.: Surface 


Structure of Slags 
Containing Sulphw a 
Surface Tensions of Nilicates ee Jan 53 
Derge, G., Simnad, M. T., and Yang, 
L.: Direct Measurement of Fer- 
rous Ion Mobility in Liquid Iron 
Silicate by a Radioactive Tracer 
Lie CHOU May 690 


Derge, L., and Pound, G. M: 
Mechanism’ of Electrical _Con- 


duction in Molten CuS-Cu Cl 


an 

Dickerson, R. F., Gerds, A. F., 
Vaughan, 4p), Metallographic 
Identification of Nonmetallic In- 


clusions in Uranium .... 456 
Dickinson, J. M., et al.: 
olumbium and Thorium-Tita- 
nium Alloy Systems ............. Feb 132 
Diffraction: 
neutron, annealed metals ............... Oct 1259 
nitride of uranium ........... Feb 
titanium hydride ........... July 86 
vanadium boride, X-ray . Oct 1325 
-ray, a uranium .......... Oct 1282 
Diffusion: 


coefficients Oct 1341 


nitrogen in iron 
self-diffusion: 


creeproLicopper Feb 1 

iron in austenite ..Oct 1336 
magnesium ....... . Aug 918 
solid nickel ..May 483 


solute, nickel-base solid solutions May 567 
Diffusion and Marker Movements in 


Beta Brass Feb 73 
Diffusion in a Molten Bi-0.255 Atomic 
Pct Alloy Nov 1580 


Diffusion in Liquid Lead .Feb 199 
discussion Oct 1408 
Bit of Nitrogen in Iron ............ May 686 
Dillon, 1. G., Burris, L., and Stockman, 
H.: Contribution to Mathe- 
matics of Zone Melting. Discus- 
SION. May 615 


Direct Measurement of Ferrous Ion 
Mobility in Liquid Iron Silicate 
by a Radioactive Tracer Tech- 
Dislocation’: 


nd long-range order .... 
interfacial energies, silv 
collapse during anne: 


ne 
Dislocaii lastically Bent 
nium Crystals 
Disorder: 
order, influence, 6 brass 
discussion! 
Dissociation: 
oxidation: \CusAl Oct 1252 
Domagala, R. F., McPherson, D. J., and 
Hansen, M.: System *Zirconium- 
Domains: 
configurations, 


grain-oriented Si-Fe 
Oct 


Dorn, J. E., and Shepard, L. A.: De- 
layed Yielding in a Substitu- 
tional Solid Solution Alloy .Oct 1229 
Dorn, J. E., and Tietz, Creep of 
Copper at Intermediate Temper- 
atures Feb 
Dorn, J. E., Huang, H. I-L., and Sherby 
O.D.: Activation Energy 
High Temperature Creep of 
High Purity Aluminum” ......... Oct 
J. E., Hauser, F. E., and Landon, 
P.’R.: Fracture of Magnesium 
Alloys at Low Temperature May 589 
Dresher, W. H., Wadsworth, M. E., and 


1385 
Dorn, 


W. r.: A Kinetic 
Stu of the Leaching of 
Ductility: 
influences on, molybdenum ............ Feb 150 
Dunn, C. G., and Koh, P. K.: Primary 
Recrystallization Textures in 


Cold Rolled Si-Fe Crystals Aug 1017 
Duwez, P., and Martens, H.: Heat 
Evolved and Volume Change in 
the Alpha-Sigma Transforma- 

tion in Cr-Fe Alloys ........ May 614 
Duwez, eo Pietrokowsky, P., and Frink, 
E.: Investigation of the Partial 
Constitution Diagram Ti-TiAuse 

Aug 930 
Dwight, A. E.: Allotropic Transforma- 
tions in Titanium, Zirconium, 

and Uranium Alloys .......... Feb 162 


lasti 
477 
146 
1568 928 
195 
1419 
604 
616 1409 
1326 
1340 
156 
688 1223 
614 106 
989 
975 
265 
1412 491 
210 
556 
1295 
1356 | 
616 
578 
1295 1256 
176 
1672 783 
Srystallography: 
1393 616 
477 
967 
1484 189 
1169 
1174 593 
1247 Au 901 
1226 
1017 
1298 
169 
May 517 
1413 
113 
544 
1416 
annealed metals 
Oct 1259 
1344 
122 
1326 
115 
1247 
1226 
Aug 1026 
ling ....Feb 189 
881 
1661 
1252 
1182 
283 
1340 
512 
1081 
1277 
515 
1086 
901 
936 
1354 
1340 
1277 
907 


IV 


E 
Effect of Carbon on Some Properties of 
Effect of Cooling Rate on Hardness of 
Commercial Titanium Alloys 
Feb 288 
Effect of Gallium on Resistance to Cor- 
rosion of Magnesium Alloys Oct 1354 
Effect of Hydrogen on Alpha Titanium 
CAT OUGS et. 1235 
Effect of Mo, W, and_V on the High 
Temperature Rupture Strength 
Effect of Noncollimated Radiation on 
Surface Activity Methods for 
the Determination of Diffusion 
Coefficients in Solids ............ Oct 1341 
Effect of Plastic and Elastic Stresses on 
the Losses and the Domain Con- 
figurations of Grain-Oriented 
Effect of Prolonged Heating at High 
Temperature on the Harden- 
ability of Boron-Treated Steels 
Aug 1091 
Effect of Stress on the Martensitic 
Transformation in the Cu- a 
Effect of Testing Variables on the ie 
drogen Embrittlement of Tita- 
nium and a Ti-8 Pct Mn Alloy 
Aug 907 
Effect Annealing Temperature on 
of the Cube Tex- 
Effects or PAoutNG Elements on Plastic 
Deformation in Aluminum Stay 
Effects of Alloying Elements on ae 
lectrical Properties of Man- 
ganin-Type Alloys ............... Feb 203 
Effects of Oxygen, Nitrogen, and Carbon 
Ductility of Cast 
Elbaum, We (Cr and 
Ojal fa, T.: Nonoctahedral Slip in 
Oct 1344 
Electric furnaces: 
Great Falls billet plant 1661 
hydrogen in slags ....... 1573 
recent developments, 
1081 
Electrical conduction: 
molten CuS-Cu Cl, mattes ........... June 783 
Electrical properties, see properties. 
Electrochemistry: 
JON May 690 
Electrodeposition: 
basal plane development in ............ Sep 1192 
Electrolysis: 
molten CuS-Cu Cl, mattes ........... June 783 
Electrons: 
solubility of lithium in boron-doped 
Ellinger, F. H.: Crystal Structure of 
Delta-Prime Plutonium and the 
Thermal Expansion Characteris- 
tics of Delta, Delta-Prime, and 
Epsilon Plutonium Oct 1256 
Ellingsaeter, B., and_ Rosenqvist, T.: 
Silicothermic Reduction of Mag- 
and Ferrosilicon Activi- 
Elsea, A. a) Manning, G. K., and Sim- 
coe, "CG. R.: Further Work on the 
Boron- Hardenability 
Embrittlement: 
chromized coatings, steel. Discussion 
May 616 
hydrogen, qa-f titanium ................. May 502 
hydrogen, in zirconium ....... May 536 
hydrogen, strain rate, steels weaOct. 1263 
hydrogen, Ti-Mn ......... .Aug 907 
of cobalt, sulfur ......... 
Ence, E., and Margolin, e-Examin- 
ation of Ti-Fe “and Ti-Fe-O 
PROSE May 572 
Energ 
level, electron, molten alloys ....... June 783 
Equilibria in Reactions of Hydrogen, 
and Carbon Monoxide with Dis- 
solved Oxygen in Liquid Iron; 
Equilibrium in Reduction of 
Ferrous Oxide with Hydrogen, 
ad Solubility of Oxygen in 
Equilibrin Sulfur and Oxygen be- 
tween Liquid Iron and Open 
Hearth-=Type Stags: ............. uly 862 


Equilibrium, equilibria: 
alloy systems 
FeS in, with iron. ..... 
lithium in aluminum 
sulfur elimination, 


copper 


May 
emelting 
Ss 


ep 1182 
sulfur, @ases and- slags: Oct 1474 
Equilibrium Considerations in the Roast- 
ing of Metallic Sulfides ........ Aug 1105 
Etching: 
chemical polishing, zine May 511 
Etch Pits and Dislocations in Ane 
of the Stability 
Ti-Mo-V Alloys ............. ay 491 
Evidence Solidification of a Metas- 
table Phase in Fe-Ni Alloys 
ay 585 
Expansion: 
coefficient, q uranium. t 1282 


phases 
mental Determination of Oxygen 


in Cupola-Melted Cast 
ec 
Experimental Observations Concerning 
the Collapse of Dislocation 
Loops During Annealing ....Feb 
Experimental Planning oer Rapid De- 
termination of Optimum Proc- 
ess Conditions. Discussions Oct 
Experimental techniques: 
chemical polishing, zinc 
collapse, dislocation loops 
density distribution, metal 
compacts Feb 
determination optimum process condi- 
tions, Discussion Oct 
diffusion, 6=bDrass) 
diffusion coefficients, solids . 
diffusion, liquid lead 
discussion 
hydrogen embrittleme 
hydrogen water vapor Bad 
lineal analysis, opaque samples ....May 
liquid emulsion of metals, 
lithium solubility in aluminum ... May 
marker movements, diffusion, B-brass 
e 


quenching, dilatometer Feb 
recrystallization copper. 


solidification Al-Zn 
strain rate bend, 
stress- corrosion, 
zine self-GiffUSION 
Exposure of Shrinkage Cavity during 
the Reheating of Open Top 
Killed Steel! Ingots Sep 
Extractive metallurgy: 
equilibrium considerations in roasting 
Aug 
..Dee 


gas content, aluminum 
Great Falls billet plant .. .De 
magnetite in Hurley copper pd 


metallic titanium by ae boiling Feb 
purification of GeCl b; May 


F 


Fabrication: 
cast iron, graphite in 
cold- rolled, Si-Fe . : 
cold rolling molybdenum 
cold work, silver 


1670 


dislocations, bent germanium Aug 946 
gases on palladium ..Aug 1029 
low steels, nuclear applica- 
recovery, cold: rolled aluminum ....Oct 1226 
rolled, annealed magnet alloys Aug 962 
tempered titanium alloys Aug 961 
thorium powders .................... Apr 445 
Fabrication of Thorium Powd Apr 445 
Factors Affecting Coiling Temperatures 
Hot Stripe Sep 1174 
Farrar, e A., Stone, L. P., and Margo- 
lin, Titanium-Molybdenum- 
Oxygen USCCTI May 595 
Fassell, Jr., i Dresher, W. H., and 
Wadsworth, . E.: A_ Kinetic 
tudy of he Leaching of 
Fassell, Jr., ~ MES, M. 
and Ong, J. pase Kinetic 
Study of the ” Oxidation of 
Sphalerite’ Feb 257 
Ferrite: 
sympathetic nucleation ............0....... Oct 1216 
Ferrosilicon 
activity, silicothermic reduction .Aug 1111 
Filtering Apparatus for Study of Liquid- 
Equilibria in Alloy 
Finch, D. I., and Pollock; D..D.: Effects 
of "Alloying Elements on the 
Electrical Properties of Man- 
ganin-Type Alloys .............. Feb 203 
Fishel, W. P., and Bentle, G. G.: Gam- 
ma Loop Studies in the Iron- 
Silicon, and Iron-Silicon-Tita- 
MEUNY SUSCCIIS) Oct 1345 
Flocculation of Mineral Suspensions 
with Coprecipitated Polyelec- 
Forbes, S. S.: Recent Developments in 
Electrolytic Copper Refining 
Aug 1081 
Forscher, F.: Strain-Induced Porosity 
nium 536 
of Chromized Goat: 
ings on Low Carbon Steel. Dis- 
CUSSION? Met May 616 
Fracture: 
brittle, cemented: TIC Aug 98 
hydrogenated vanadium Oct 1213 
May 54 
structure of grain boundary ...........Oct 1241 
tensile properties magnesium ... Aug 936 
Fracture of Magnesium Alloys at Low 
orig. Cw of Sili- 
con and on the 
Properties of Hot-Rolled Steel 
Oct 1269 
French, H. J.: Some Aspects of Hard- 
enable Alloy Steels ........... June 770 
Friction: 
internal, copper .. 881 
internal, Silver . 894 
internal, silver .... 993 
internal, zirconium .... Fe 186 
Frink, P., Duwez, P., and Pietro- 
kowsky, 1359 Investigation of the 
Partial ’ Constitution Digram 


Frye, J. H., Jr., Holder, S. G., Jr., and 
Stansbury, BE. E.: Internal. Fric- 
tion Studies on Silver and Cer- 
tain Silver-Base Solid Solutions 


Aug 993 
Fuller, C. S., and Reiss, H.: Influence 
of Holes and Electrons on the 
Solubility of Lithium in Boron- 
Doped Feb 276 
Fullman, R. and Cahn, J. W.: On 
the Use of Lineal “Analysis for 
Obtaining Particle Size Distri- 
bution Functions in Opaque 
Fuming: 
zine concentrates, separation ........ May 682 
Further Studies of the Properties of 
Rhenium. Metal...) A 913 
Further Work on the Boron- NE 
ability Mechanism. Aug 984 
G 
Galena: 
kinetics .of oxidation! Aug 1096 
Gallium: 
resistance to_corrosion Oct 1354 
Gamma Loop Studies in the Iron-Silicon 
and Iron-Silicon-Titanium Sys- 
Gartner, tls On the Relationship Be- 
ween Resistivity and 
612 
Gas Content of Solid Aluminum by Solid 
Extraction and Vacuum Fusion 
Dec 1672 
Gases: 
effect on, palladium 1029 
sulfur equilibria NES, 1474 
Geisler, A. H., and Ke 5 
ferred’ Orientations in Rolled 
and Annealed Titanium. ....... Feb 80 
Geisler, A. H., and Swalin, R. A.: Neu- 
tron Diffraction Study of An- 
nealing Textures in Drawn 
Body-Centered-Cubic Metals Oct 1259 
Genevray, R. M., Bever B., and 
Suoninen, E. J.: Effect of Stress 
on the Martensitic Transforma- 
tion in the Cu-Zn System ...Feb 283 
Gerds, A. F., Vaughan, D. A., and 
Dickerson, R. F. Metallo- 
graphic Identification of Non- 
metallic Inclusions in Uranium 
Apr 456 
Germanium: 
in semiconductors ..... 276 
purification of GeCla May 688 
resistivity, lifetime, semiconductors ree 
ay 
separation from zine concentrates May 682 
single crystals, tensile deformation 
Feb 111 
Gilman, J. J.: Etch Pits and Disloca- 
tions in Zinc Monocrystals Aug 998 
Plastic Anisotropy of Zine Mono- 
CTYSEGLS) Oct 1326 
Gilman, J. J., and DeCarlo, V. J.: Chem- 
ical Polishing of Pure Zine May 511 
Gjostein, N. A., Levinson, D. W., and 
Mondolfo, L. F.: Structural 
Changes During the Aging in an 
Al-Mg-Zn Alloy ... Oct 1378 
Glaser, F. W., and Ivanic : Study 
of the Fe-Si Order-Disorder 
Glide 
polycrystalline zinc, creep 
Goettge, and Robinson, E. L.: 
"some Effects of Hot Strip Mill 
Rolling Temperatures on Prop- 
erties of Low Carbon Sheet 
Gokcen, N. A.: Equilibria in Reactions 
of Hydrogen, and Carbon Mon- 
oxide with Dissolved Oxygen in 
Liquid Iron; Equilibrium in Re- 
duction of Ferrous Oxide with 
Hydivuyen, and _ Solubility of 
Oxygen in Liquid Iron ....... Nov 1558 
Gold: 
ordering in corrosion CusAu 1340 
properties, solid Fe-Au ................. Feb 91 
structure-dependent chemical activity 
Goldhoff, R. M., Speiser, R., and Spret- 
nak, J. W.: Effect of Prolonged 
Heating at High Temperature 
on the Hardenability of Boron- 
Treated. Aug 1091 
Gordon, P.: Microcalorimetric Investiga- 
tion of the Recrystallization of 
Copper. Discussioni... May 618 
Graham, C. D., Jr., and Cahn, R. W.: 
Grain Growth Rates and Orien~ 
tation Relationships in the Re- 
crystallization of Aluminum 
Single Crystals) May 517 
GISCUSSION) Oct 1413 


Measurement of Grain Growth Rates 
in Recrystallization .. 
GUESCUSSIO 

Grains: 
creep- nore by vacancy condensa- 
tio Feb 


alloys 
oriented Si-Fe 
Grain boundaries: 
interfacial energy, silver .... 
internal friction, zirconium 

SLICING 
viscosity, copper .. 
viscosity, silver 
Grain Boundary Mobilities 
Purity Silver 


189 
1401 
511 
189 
215 
1401 
73 
1341 
199 
1408 
907 
1316 
610 
286 
553 
73 
ay 618 
972 
1263 
1277 
137 
1199 
1105 
1672 
1661 
1182 
284 
688 
| 
AU 1004 
LOLT 
553 
504 
1413 
106 
May 589 
Oct 1319 
Oct 1241 
Aug 1026 
Feb 186 
. Feb 169 
Aug 881 
Aug 894 
igh 
513 


Grain Growth: 


instability, interface. Discussion — May 617 
recrystallization, aluminum ......... ay 517 
recrystallization, iodide zirconium pet 1304 
Grain Growth Rates and Orientation Re 
lationships in the Recrystalliza- 
tion of Aluminum Single Crys- 

Grant, N. J., and Abrahamson, E. P., 

II: Beta Chromium. ....... Aug 975 
Grant, N. J., and _ Chang, 

Sha of Grain Boundary 

Mechanism of Intercrystalline Frac- 

Some Observations on the Structure 
of Grain Boundary Fracture 
Grant, N. J., and Wang, C.-C.: Trans- 
poration of the TiO Phase Feb 184 
Grant, N. J., et al.: Equilibria of Sulfur 
and’ Oxygen Between Liquid 
Iron and Open Hearth- Type 
Hydrogen in Steelmaking Slags .. Stat 1568 
Grant, N. J., Ramachandran, S., and 
King, T. B.: Rate and Mechan- 
ism of the Sulfur Transfer Re- 
Graphite: 

PLOW. Cast. ION. Aug 1004 
Billet Plant Dec 1661 
Greenfield, P., and Beck, P. A.: Inter- 

mediate Phases in Binary Sys- 
tems of Certain Transition Ele- 
Griest, A. J., and Danko, J. C.: Sub- 
limation Figures Nickel, 
Copper, and Zine ......... ay 515 
Griffith, W. .. Experimental Planning 
for Rapid Determination of Op- 
ey Process Conditions. Dis- 
Growth of Seicternal Copper Layers Dur- 
ing the Internal Oxidation of 
Dilute Cu-Al Alloys in_a 
CUcOnC Oct 1252 
Growth of Graphite in Cast Iron ...Aug 1004 
Guard, W., and Carreker, R. P., Jr.: 
Tensile Deformation of Molyb- 
denum as a Function of Tem- 
perature and Strain Rate ..Feb 178 

Guard, W., and Hibbard, W. Jr. 
Tensile Creep of High Bae 
Guinier, A.: Precipitation Phenomena in 
Supersaturated Solid Solutions 
ay 673 
H 
Hafnium: 


L. D., and Rothman, S. J.: iff 
oe sion in a Molten Bi-0.255 Atomic 
Pct Pb Alloy 
Diffusion in Liquid 


d, P., Holland, J. R., and 
Textures of Titanium 


nsen, H. et al.: Contribution to _the 
Bi-Mn System May 
Hansen, M., Domagala, R. F, and Mc- 
Pherson, Js: System Zirco- 

nium- -Nitr ogen Feb 
Hardenability, hardness: 
aging, Al-Mg-Zn 
alloy steels ......... 


cooling rate, titanium................ _ 

effect, heating, steel....... Aug 
metal powder compacts, density. . Feb 
precipitation, solid solution 


recipitation, Ti-Cu 
Hardenability "Factors for 


oid Low-Alloy Steels............ 


Hardness of Metals and Alloys........... Apr 
Hart, D. 33 Wells, C., and Busby, P 1DRe 
Diffusion of Nitrogen in ae 

a 


F. E., Landon, P. R., and Dorn 
Fracture of "Magnesium 


Alloys at Low Temperature 
p. 
E. T., and Deardorff, 
meee Melting Point Determination of 
Hafnium, Zirconium, and Tita- 

Heat, heat treatment: 
orolonzed, effect on Aug 
cavities, steel ingots ..... Sep 


stee 

ed and Volume Change in 

Alpha- -Sigma Transforma- 
tion in Cr-Fe Alloys........_... ay 

Heat Treatment and Mechanical Proper- 
ties of Proper 

ent an echan 

Treatmen (AWOUS Oct 
Herman, M., and Brown, N.: Influence 
of Order- Disorder on Cr gen of 

Beta Brass... May 


Hibbard, W. R., Jr.: Preferred Orienta- 
‘tions and Magnetic Properties 

en agne OUS A 962 

Hibbard, R., Jr., fe 


discussion ........... 
High Damping F 


High Speed Quenching Dilatometer.. ron 191 

High temperature data, see Temperature 

High Temperature X- -Ray Diffraction In- 
vestigation of the Zr-H Sade 


Hockenbury, R. W., Bruch, C. A. ae 
McHugh, W. E.: Variations in 
Radiation Damage to Metals 

Oct 1362 

Hoffman, R. ee Pikus, F. W., and Ward, 

R. A.: Self- Diffusion in Solid 


Nicke 
Holden, A. N., and Seymour, W. E.: In- 
termediate Phase in the Ura- 
nium-Zirconium System .... Oct 1312 
Holden, F. Ogden, H. R., and Jaffee, 
R. L: Heat Treatment and Me- 
chanical Properties of Ti-Fe 
Heat Treatment and Mechanical Prop- 
erties of Ti-Mo Alloys.......... Oct 
Holder, S. G., Jr., Stansbury, 
and Frye, 18 Internal 
Friction Studies on Silver and 
Cer Silver-Base Solid 


tio 
Holland, McHargue, C. J., 
Hammond, ._P.: Hot-Rolled 
Textures "of Titanium Alloys 
Feb 113 
Hot-Rolled Textures of Titanium Alloys 
Feb 113 


Hot Rolling: 
Hot rolling, see also Fabrication 
Howe, M., Saarema, E., and Parr, 
Huang, I-L., Yok D., and Dorn, 
E.: Activation Energy for 


High Temperature Creep of 
High Purity Aluminum.......... Oct 1385 
Hudson, R. G., McCabe, C. L., and Al- 
cock, Sulfur Pressure 
Measurements above FeS in 
Equilibrium with Iron... ..... May 693 
Hurley copper smelter, Kennecott Cop- 
Hydrides: 
titanium, crystal symmetry............ 
Hydrogen: 


boron removal from silicon . 
embrittled, strain rate, steels. 
embrittlement, titanium .... 
embrittlement, 
embrittlement, zirconium 
equilibria in reactions . Sy 
flake formation steel. Discussion....Oct 1404 
gas: content; 
reduction wit 
vanadium, propeities .. 
X-ray diffraction, Zr-H May 
Hydrogen Embrittlement of Beta- Sta 
bilized Titanium Aiitoys........ Aug 923 
Hydrogen Embrittlement of a Commer- 
cial Alpha-Beta Titanium Alloy 
May 502 
Hydrogen in Steelmaking Slags.......... Nov 1568 


I 


Ikeda, G. M., and Sibakin, J. G.: Fac- 
tors Affecting Coiling Tempera- 


tures in the Hot Strip Mill...Sep 1174 
Inclusions: 

nonmetallic in uranium.................... Apr 456 

Infiltration of TiC Skeletons................ Aug 977 


Influence of Boron on the Rate of Trans- 

formation of High Purity Iron 

May 

Influence of Holes and Electrons on the 
Solubility of Lithium in Boron- 

StU Feb 276 
Influence of Order-Disorder on Creep of 

Beta Brass 

discussion. 

Influence of Silicon and Aluminum on 
the Properties of Hot- ole 


Ingots: 
shrinkage CAVITIES Sep 1199 
Ingvalson, and Miller, Roy 
Great Falls Billet Plant..... Dec 1661 
Ingvoldstad, D., and Lee, H. E.: Mod- 
ernization of Bunker Hill Pre- 
sintering Practices ............. Oct 1469 
of a Smooth Solid-Liquid 
Interface during Solidification. 
Biseusslon' May 617 
Institute of Metals Di 
GiISCUSSION ..Oct 1405 
1956 annual ..May 6 
Institute of Metals Lecture, 19 May 673 


Interaction Between Metals and At- 
mospheres During Sintering Jan 49 


Interaction of Dislocations and Long- 
Interaction ies Precipitation and Creep 
ener liquid. Discussion 
a 
Intermediate phase, see also Phases. 
Intermediate Phase in the Uranium-Zir- 


Intermediate Phases in Binary Systems 
of Certain Transition Herons 


Feb 

Internal Friction and Grain Boundary 
of Copper and of Bin- 

y Copper Solid Solutions....Aug 

Internal and Grain Boundary 
Viscosity of Silver and Binary 

Silver Solid Solutions ........... Aug 
Internal Friction in Zirconium ....... Feb 
Internal Friction Studies on Silver and 
Certain Silver-Base Solid Soles 


Investigation of the Partial Constitu- 
tion Diagram Ti-TiAuz.......... Aug 
Ions: 
exchange, uranium extraction....... Aug 
mobility. ay 
ron 


activity coefficient of copper in liquid 
Au 


a-o transformation, Cr-Fe 
aluminum in Fe- De 
carbon-saturated, FeO reduction in 


ar 

corrosion CusAu by ferric oe 

ct 

cube’ textures, Ni-Ne May 
deformation, recrystallization Si-Fe 

ug 


diffusion on cre eep, a, ug 
dissolved oxygen in 


properties, 


Ov 
manganin-type 
Feb 


Oys 
equilibria, slags 
ion mobilit 
ferromagnetic alloys .... 
Fe-Si, Fe-Si-Ti, y loop 
Fe-Si order-disorder .... 
grain-oriented Si-Fe .... 
graphite growth in cast... 
heat treatment, mechanical p 


influence boron on 
discussion 
liquid, activity coefficient 
magnetic interactions, Fe-Ni-Al 
martensite transformation 
martensitic transformation Fe-Ni... 
metastable phase, Fe-Ni 
microstructure Fe-S 
neutron diffraction, annealed. 
oxides inl slags! 
oxygen in cupola-melted cast. 
oxygen in liquid Fe-Ni a 
properties, solid Fe-Au 
reaction zone, sintering process.... 
recrystallization textures, Si-Fe.... 
rupture strength, ferritic steels...... 
self-diffusion in Austenite............ 
self-diffusion in Fe-C 
sulfur pressure measurements 
Ti-Fe, Ti-Fe-O phases........... 
discussion 


vapor pressure Fe-Cu.... 
zirconium with, tensility 
Iron and Steel Div: 
discussion 
1956 Howe Memorial Lecture 
Ivanick, W., and Glaser, F. W.: Study 
of the Fe-Si Order “Disorder 
Oct 


J 


Jaffe, D., and Bever, M. B.: Solidifica- 
tion of Aluminum-Zine PALES) 
ug 
Jaffee, R. I., and Sims, C. T.: Further 
Studies of Ae Properties of 
Rhenium Metal ug 
Jaffee, R. I., Craighead, C. M., and Len- 
ning, G. A.: Hydrogen Embrit- 
tlement of Beta-Stabilized Tita- 
Jaffee, R. I., Holden, F. C., and Ogden, 
H. Heat Treatment and Me- 
chanical Properties of Ti-Fe 
ALLOYS? May 

Heat Tr caine and Mechanical Prop- 
erties of Ti-Mo Alloys........ Oct 
Jaffee, R. I., Lenning, G. A., and Craig- 
he ad, C. Mi: Effect of Testing 
Variables on the Hydrogen Em- 
brittlement of Titanium and ie 

Ti-8 Pct Mn Alloy. Au 
Jaffee, R. I., Lenning, G. A., and Spree 
nak, J. W.: Effect of Hydrogen 
Ga Alpha Titanium Alloys Oct 
Jaffe, L. D.: Metallographic Identifica- 
tion and Crystal Symmetry of 
Titanium Hydride .............. July 
Microstructural Differences in Tem- 
pered Titanium Alloys........ Aug 
Jaumot, F. E., Jr., and Smith, Liz 
Comparison of Techniques in a 
Study of Zine 


e 
Self-Diffusion in Single and Polycrys- 


Joseph, Burlingame, R, D., and 
Bitsianes, G.: Reaction Zones in 

the Iron Ore Sintering Process 

July 

JOURNAL OF Mertrats Award Paper 1956 
July 


K 


Kaufman, L., and Cohen, M.: Marten- 

sitic Tr ansfor mation in the Iron- 
Nickel System ......... Oc 
J. H.: Preferred Orientations in 
a Meta-Stable Body-Centered 
Cubic Zr-Cb Alloy . 
Tensile Characteristics of 


Keeler, 


. Feb 
Particle- 


265 
1412 
881 


894 
186 


972 


913 


923 


521 
1388 


907 


1235 


861 


961 


137 


164 


853 
853 


t 1393 


122 


Vv 
erromagnetic Alloys 
993 
930 
1068 
690 
1102 
614 
1674 
351 
1340 
593 
901 
686 
928 
1558 
203 
862 
May 690 
OCt 1345 
OCt: 1290 
L....... Aug 1004 
roperties 
May 521 
ion 
ay 551 
Oct 1409 
ug 1024 
Oct 1285 
Feb 124 
Oct 1393 
585 
ug 950 
Oct 1259 
Oct 1474 
ec 1670 
Sep 1195 
Feb 91 
uly 853 
ug 1017 
Oct 1373 
Oct 1336 
ov 1577 
ay 693 
ay 572 
Oct 1417 
1086 
486 
1401 
770 
1580 1290 
199 
1408 | 
606 
1406 
98 
1378 
770 
984 
288 
1091 
215 
674 
512 
1008 
454 
686 
589 
509 || 
1091 
1199 
777 
614 
1388 
604 
Dislocations and Long- 
sterogeneous Nucleation o he Mar- 
Transformation Feb 124 


Vv! 


Strengthened Alloys of 


CONTA ay 486 
Keeler, J. H., and Geisler, A. H.: Ba 
ferred Orientations in Rolled 
and Annealed Titanium 80 
Keh, A. S., and Van Vlack, L. H.: 
structure of Iron-Sulfur Alloys 
Aug 950 
Kellogg, H. H.: Equilibrium Considera- 
tions in the Roasting of Metal- 
Excnngcott Copper Corp., Hurley copper 
enWorthy. H., Starliper, A. G., and 
lar, A.: Separation of Germa- 
nium and Cadmium from Zinc 
Concentrates by Fuming... May 682 
Kessler, H. D., and McAndrew, af 
1-36 Pct Al as a Base for High 
Kessler, H. D., Carew, W. F., and Cross- 
le, F, A.: Evaluation of the 
Structural Stability of Ti-Mo-V 
VALI OU S May 491 
Kessler, H. D., Crossley, F. A., and 
Rausch, J. J.: Titanium-Rich 
Corner of the Ti-Al-V System 
Feb 211 
Kinetic the Leaching of 
Kinetic Study fhe Oxidation of Sphat- 
Inydrogen TEGUCtION: May 700 
leaching molybdenite ...................... June 794 
Kinetics of the Oxidation of Galena in 
Ammonium Acetate Solutions 
under Oxygen Pressure........ Aug 1096 
King, T. B., Grant, N. J., and Rama- 
chandran, S.: Rate and Mechan- 
ue of the Sulfur Transfer Re- 
ov 1549 
King, T. ee Grant, h, 
and Chipm lan, Hydrogen in 
Steelmaking Slags Nov 1568 
Kirkbride, L. D., and Philbrook, W. O.: 
Rate of "FeO Reduction from a 
CaO-SiOv-Al,O3 Slag by Carbon- 
Saturated Iron .... 351 
Klein, J. Hee Beaver, W. 
"of Thorn 
Klier, E. P., Sachs, G., and Beck, W.: 
Constant Strain Rate Bend Tests 
on Hydrogen-Embrittled High 
Koh, P. K., and Dunn, C. G.: Primary 
Recrystallization Textures in 
Cold Rolled Si-Fe Crystals... Aug 1017 
Koros, P. J., and Chipman, J.: ctivity 
Coefficient of Copper in Liquid 
Iron, Fe-C, and Fe-C-Si Alloys 
at 1600° Aug 1102 
Kuczynski, G. C., and Zaplatynskyj, I.: 
Density Distribution in Metal 
Kuo, K.: New Intermediate Phase in 
Burnt Tungsten Steels............ Fe 97 
L 
Lad, R. A., and Papazian, H.: On the Or- 
dering Effects in the Corrosion 
of CusAu by Aqueous Ferric 
Lander, H. N., et al.: Equilibria of Sul- 
fur and Oxygen between Liquid 
and Open Hearth-Type 
S., Birchenall, C. E., and 
Mehl, R, F.: Diffusion and 
Movements in Beta 
Landon, P. R, Dorn, J. E., and Hauser, 
F. E.: Fracture of Magnesium 
Alloys at Low Temperature 
ay 589 
Langenberg, F. C.: Activity Coefficient 
fo) Copper in Liquid Iron at 


in Molten Stee 


Predicting the of 
ug 


Leaching 
of, molybdenite 
Lead: 
Gebismuthi zing 
diffusion in bismuth alloy.. ’ 
liquid, (diffusion 
Giscussion 
presintering, Bunker Hill..... 
ee, H. E., and Ingvoldstad, Mo 
ernization of Bunker Hill Pre- 
SUNLETING PNOCUCES Oct 
Lenning, G. A., Craighead, C. M., and 
Jaffee, Effect of Testing 
Variables on the Hydrogen Em- 
brittlement of Titanium and a 
Hydrogen Embrittlement of Beta-Sta- 
bilized Titanium Alloys.......Aug 
Lenning, G. A., Spretnak, J. W., and 
Jaffee, R. I.: Effect of Hydrogen 
on Alpha Titanium Alloys... Oct 
Some Transient Effects During 
Creep and Tensile Tests of an 
ALOU! ay 
Levinson, D. W., Mondolfo, ig. 
Gjostein, ING Structural 
Changes During the Aging in an 
Al-Mg-Zn Alloy Oc 
D. W., Rostoker, W., and 
amamoto, A.: Effect of Car- 
bon on Some Properties of tee 
Mo Alloys .. 
Liquid Autoradiography 
Metals 


Lequear, 


Levinson, 


1235 


497 


t 1378 


790 
286 


Lithiu 
solid 1 solubility in aluminum.......... May 553 
solubility in boron-doped silicon ...Feb 276 
Littmann, M. F.: Cubic Texture in Ul- 
trathin Tapes of 48 Pct Ni-Fe 
Liu, Y. C.: Martensitic Transformation 
in Binary Titanium Alloys....Aug 1036 
Lloyd, L. T., and Chiswik, H. H.: De- 
for mation Mechanisms of Alpha- 
Uranium Single Crystals. Dis- 
cussion May 616 
Loria, E. A., Lownie, H. W., and 
Mallett, M. W.: Experimental 
Determination of Oxygen _in 
Cupola-Melted Cast Iron....... Dec 1670 
Lorig, C. H., Frazier, R. H., and Boulger 
F, W.: Influence of Silicon and 
Aluminum on the Properties or 
HOt=ROUeCd Steele Oct 1269 
Low Manganese Steels for Nuclear Ap- 
Low, J. R., Jr.: Observations on the 
Brittle Fracture of Cemented 
Lownie, H. W., Jr., Mallett, H. W., and 
Loria, Experimental De- 
termination ‘of Oxygen in Cu- 
pola-Melted Cast Iron............ Dec 1670 
Lubahn, J. ., and Lequear, 
Some Transient Effects During 
Creep and Tensile Tests of an 
Lunt, H. E., et al.: Thorium-Columbium 
and Thorium-Titanium Alloy 
Lutts, A. H., and Beck, P. A.: ‘Tem- 
perature Dependence of Recov- 
ery Phenomena in a Cold-Rolled 
Aluminum Single Crystal ....Oct 1226 
Lytton, J. L., and Sherby, BeOS= 
sible’ Role of Diffusion ‘in the 
Creep of Alpha and Gamma Iron 
Aug 928 
M 
Macgregor, E. R., Peters, B. F., and 
Parr, J. G.: Phase Transforma- 
tions in Titanium-Rich Alloys 
of Titanium and Manganese 
ct 1324 
Machlin, a S.:_Creep-Rupture by Va- 
ney Condensation b 106 
Machin, S., and Bron, W. E.: Grain 
Boundary Mobilities in High 
Maddin, R., and Ujiiye, N.: Structural 
Changes in Molybdenum Single 
Crystals Due to Cold Rolling 
Oct 1298 
Magnesia: 
silicothermic reduction Aug 1111 
solubility in slags.......... 86 
Magnesium: 
aging, Oct 1378 
alloys, corrosion. ...... Oct 1354 
cold-worked Al-Mg . Oct 1247 
fracture 589 
Mg-U system 562 
precipitation, creep in Mg-Al .....Feb 146 
self-diffusion ..... ..Aug 918 
tensile ‘properties . Aug 936 
Magnesium-Uranium System ............ May 562 


Magnetism: 
aluminum in Fe-Al.... 
Bi-Mn system .... 
discussion: 
diagrams, Fe-Ni-Al ... 
plastic, elastic Ae Si-Fe 


properties, magnet ailoys... . Aug 
ultrathin tapes May 
Magnetite in the Hurley Copper Smetes 
ep 


Mallett, M. W., Loria, E. A., and Lownie, 
W., Jr. Experimental De- 
termination of Oxygen in Cu- 


pola-Melted Cast Iron............ Dec 
Manganese: 
Bi-Mn system May 
discussion 


x. phase, Cr-Ni-Mn-Mo................... Feb 
manganin- 


electrical 


Manning, Gs 
Elsea, A. R.: Further Work on 
the Boron- Hardenability Mech- 


Margolin, H., and Ence, E.: Re-Exami- 
nation of Ti-Fe and Ti-Fe-O 

Phase Relavons May 


Margolin, H., Farrar, P. A., and Stone, 
Titanium- Molybdenum- 
May 

Marsh, L. L., Jr., and Underwood, E. E.: 
E Fects of Alloying Elements on 
Plastic Deformation in Single 
May 

Martens, TL: Effect of Cooling Rate on 

Hardness of Commercial Tita- 

nium Alloys 

H., and Duwez, P.: Heat 
Evolved and Volume Change in 
Alpha-Sigma Transformation in 


Martens, 


Martensite: 
hardenability, steels ..... Aug 


matrix. phase im. 
stress in the Cu-Zn system. 


transformation Fe-Ni .... Oct 
transformation, nucleation ........ Feb 
Martensitic Transformation in Binary 


572 
1417 


595 


477 


Martensitic Transformation in the Iron- 
Martin, A., and Swalin, R. A.: Solute 
Diffusion im Nickel-Base Sub- 


1393 


stitutional Solid Solutions...May 567 
Martin, D. L.: Sulfur Embrittlement oF 
Martin, F. E., and Raring, R. H.: High 
Speed Quenching Dilatometer 
Matrix Phase in Lower Bainite and 
Tempered Martensite ............ Oct 1484 
Mattes: 
electrical conduction. ...................... une 783 
McAndrew, J. B., and Kessler, H. D.: 
Ti-36 Pct Al as a Base for High 
Alloys. Oct 1348 
McCabe, C. Alcock, C. B., and Hud- 
son, Ge Sulfur Pressure 
Measurements above FeS in 
Equilibrium with Iron.......... May 693 
McCabe, C. L., and Morgan, J. A.: 
Mechanism of Sulfate Forma- 
tion During the Roasting of 
McHargue, C. J., Holland, and 
Hammond, Hot-Rolled 
Textures of Alloys 
Feb 113 
McHugh, W. E., Hockenbury, R. W., and 
Bruch, °C. A.: Variations in Ra- 
diation Damage to Metals ... Oct 1362 
McPherson, D. J., Hansen, M., and Do- 
magala, R. F.: System Zirco- 
nium-Nitrogen Fe 98 
Mead, H. W., and Birchenall, C. E.: 
Crewe of Graphite in Cast 
EP OW ug 1004 
Self- Diffusion of Iron in Austenite 
Oct 1336 
Measurement of Grain Growth Rates in 
Recrystawization ay 504 
discussion... Oct 1413 
Mechanical properties, see properties. 
Mechanical working: 
coiling temperature, hot strip mill 
Sep 1174 
shrinkage cavity during reheating wae 
strip mill rolling temperatures, effect 
Sep 1169 
Mechanics: 
hydrogen reduction .... .............. ...May 700 
Mechanism of Electrical Conduction in 
Molten Cu-S-Cu Cl and Mattes 
June 783 
Mechanism of Grain Boundary Sliding 
Feb 169 
Mechanism of Intercrystalline Fracture 
Ma 54 
Mechanism of Plastic Flow in Titanium 
at Low and High Temperatures 
Feb 115 
Mechanism of Sulfate Formation Dur- 
ae the Roasting of Cuprous 
MIRAE June 800A 
Mehl, R bi Landergren, U. S., and 
Birchenall, C. E.: Diffusion and 
Marker Movements in Beta 
Brass Feb 73 
Melting: 
gases on, palladium Aug 1029 
Melting Point Determination of Haf- 
nium, Zirconium, and Titanium 
May 509 
Merlini, A.: Effect of the Annealing 
emperature on the Formation 
of the Cube Texture............, Aug 967 
Metallics: 
liquid-solid equilibrium, alloy systems 
Feb 263 
titanium by film boiling.. Feb 284 
Metallographic Identification dad Crys- 
tal Symmetry of Titanium 
Metallographic Identification of Nonme- 
tallic Inclusions in Uranium 
Apr 456 
Metals: 
liquid emulsion, autoradiography of 
Feb 286 
powder metallurgy Jan 49 
precipitation from salt solution May 695 
radiation damage Oct 1362 
Method for Spectrochemical Determi- 
Ghion of Aluminum in Fe-Al Al- 
Investigation of the 
Recrystallization of Copper. Dis- 
Microstructure: 


Microstructural Differences in Tempered 
Titanium Alloys A 

alloy steels 

a titanium 

Bi-Mn system ..... 

cold-worked Al-Mg 


electrodeposits 
fabricated thorium powders 
ferrite 


flake formation steel. Discussion....Oct 
hydrogenated Oct 
inclusions in uranium....... Apr 


intercrystalline fracture 
discussion) 
iodide zirconium . 
low alloy steels........ 
low manganese steels 


magnesium ........... Aug 
Mg-A1 ........ ..Feb 

discussion 
Mg-U system . .May 


palladium 
properties Ti-Mo . 
retained $-phase, EING May 


Dee 1674 
May 606 
1406 
Oct 1285 
1295 
OCC: 
962 
593 
1182 
1670 
606 
1406 
1099 
203 
794 hydrogen embrittlement Ti-Mn Aug 907 
phase transformations 1324 
341 solute diffusion in nickel...............May 567 
199 
1048 
1469 
984 
1469 961 
1235 
610 
1249 
907 || effect finishing temperatures of steel 
Sep 1172 
923 Sep 1193 
Apr 452 
Oct 1219 
1404 
1213 
288 457 
Oct 1416 
614 woo Aug 1009 
1008 937 
Oct 1484 146 
1410 
1393 565 
| 124 1030 
1388 
1036 515 


133 

Aug 931 

May 524 

e- .May 574 

discussion ......... Oct 1417 
Ti-Mo-O system 598 
U-Zr system ... SLs: 

Microstructure of Iron-Sulfur Alloys 
Au ug 950 
Miller, O. O., and Sands, J. W.: Som 
Aspects of Hardenable 
Miller, R. H. and Ingvalson, L. J.: Great 
Falls Billet Plant... Dec 1661 
Minerals: 
Modernization of Bunker Hill Presin- 
tering Practices Oct 1469 
Molybdenite: 
kinetics of leaching June 794 
Molybdenum: 

x phase, Cr-Ni-Mn-Mo ........... Neb 210 
rupture strength stee Oct 1373 
influences on ductility......... Feb 150 
neutron diffraction, anneal Oct 1259 
oxidation-resistant ‘alloys ..Feb 171 
structural changes on cold rolling . 

ct 129 
structural stability, Ti-Mo-V.......... May 491 
system Ti-V-Mo : 959 
TiS 595 
titanium alloys 790 
Mondolfo, L. F., Giostein, N. A., and 
Levinson, W.: Structural 
Changes een the Aging in 
an Al-Mg-Z Oct 1378 
Morgan, E. R., Shyne, J. and 
of High Ni- 
CLOG b 216 
Morgan, J. A., and McCabe, L 
echanism of Sulfate Forma- 
tion During the Roasting. of 
ne 800A 
Morris, J. P., and Zellars, G. R.: Wao or 
Pressure of Liquid Copper aaa 
Activities in Liquid Fe-Cu Al- 
Moskowitz, D.: New Vanadium Boride 
of the Composition V3B......... Oct 1325 
Mossman, H. : Magnetite in the 
Hurley Copper Smelter... Sep 1182 
N 
Nelson, B. J.: Effect of Gallium on Re- 
sistance to Corrosion of Magne- 
Neurath, P. W.: Effect of Plastic and 
Elastic ‘Stresses on the Losses 
the Domain Configurations 
of Grain-Oriented 3 Pct Si-Fe 
Oct 1319 
Neutron Diffraction Study of Annealing 
in Drawn Body-Cen- 
ered-Cubic Metals ................ Oct 1259 
New Phase in Burnt Tung- 
New geese oride o e Composi- 
Nicholson, M. E.: Influence of Boron on 
the Rate of Transformation of 
High Purity Iron May 551 


discussion 
Nickel: 
bainite transformation 
base, solid solutions ...... 
x phase, Cr-Ni-Mn-Mo 
creep polycrystalline 
cube textures, Ni-Fe .... 
electrical properties, 
alloys 
ferromagnetic alloys. ......... 
magnetic interactions, Fe- Ni-. ; 
martensite transformation ................ Feb 
martensitic transformation Fe-Ni Oct 
metastable phase, Fe-Ni 
Ni-Cr-Ti-Al 
orientation, Ti-Ni ... 
oxygen in liquid 
phase transformations, Ti-Ni 
retained-8 phase, Ti-Ni 


self-diffusion in Solid ....... .... May 

sublimation figures May 
Nitrides: 

Nitrogen: 

terminal solid solution ........ May 


effect on ductility: cast 
e 

solubility in molten steel 
Nonmetallics: 


metallographic, identification ........ Apr 
Nonoctahedral Slip in Aluminum ....Oct 
Norton, J. T.: Interaction Between Met- 
als and Atmospheres During 
Sintering 

Soiubitity of Lith- 


ium in ALUMINUM 
Nuclear metallurgy: 
diffusion coefficients in solids ........ 
expansion coefficients, uranium ... 
internal friction, 
low manganese steels 
neutron diffraction, annealed metals 


nonmetallic inclusions in uranium “pe 


radiation damage metals ............... 
resistivity, lifetime in 


elf-diffusion, magnesium ........... Aug 
solidification Al-Zn 


Nucleation: 
martensite transformation 

o, stainless steels 


Observations on Mechanical Properties 
of Hydrogenated Vanadium Aug 1213 
Observations on the Brittle Fracture of 
Cemented Titanium Carbide Aug 982 
Occurrence of Chi Phase in a 16 Pct Cr- 
15 nie Ni-7 Pct Mn-6 Pct Mo 
Occurrence ‘Ot CsCl-Type Ordered Struc- 
tures in Certain Binary Systems 
of Transition Elements ........ Feb 148 
Ogden, a R., Jaffee, I., and Holden, 
C.: Heat "Treatment and Me- 
chanical Properties of Ti- 


and Rengstorff, G. W. P.: 
Effects of Oxygen, Ni trogen, and 
cer bon on the Ductili 


Olds, L. 


Molybdenum ......... 150 
Olar, A., A. G., and K 
worthy, H Separation of Ger- 
manium and Cadmium from 
Zinc Concentrates by Fuming 
May 682 
Ong, Jr., J. N. Wadsworth, 
Fassell, W. : Kinetic 
Study of the of Sphal- 
On the Ondciing Effects in the Corro- 
Se of CusAu by Aqueous Fer- 
On the Rate of Sintering 580 
correction 1289 


On the Relationship Between Resist- 
iwity and Lifetime in Semicon- 

On the Use of Lineal Analysis for Ob, 
taining Particle Size Distribu- 
ape Functions in Opaque Sam- 


Open Hearth furnaces: 
equilibria, slags July 862 
ny slagsic.. Nov 1573 
low manganese steels, nuclear appli- 
Cations Dec 1664 


Opie, W. R.: Basal Plane Deccioniment 
in Electro- -deposited Hexagonal- 
Close-Packed Metals: Zinc, Ti- 
tanium, and Zirconium......... Sep 1192 
Order: 
influence, disorder, B brass 
GISCUSSION ..Oct 1409 
long-range, and dislocations....... ...... Oct 1353 
Oriani, R. A., and Seybolt, A. U.: Pres- 
sure- ‘Temperature- -Composition 
Relations in the Cr-N Termi- 
nal Solid Solution .............. May 556 
Orientation: 
interfacial energies, silver.. = 
lineal uae: opaque sample 
magnet allo 
martensitic 


recrystallization, aluminum . 
GISCUSSION 


structural changes, molybdenu 
Zr-Cb alloy 
Orientation Between Ate 
pha Se and Beta Phases in 


Oxidation: 


growth copper layers during.. Ba 

kinetics, galena 
resistant, molybdenum alloys. 


Sphaleritem ..Feb 257 

sulphur on surface tensione........... Jan 59 
Oxides: 

calculated surface tension................ Jan 57 


reduction in slags. Discussion. . 


transformation, Feb 184 
Oxy 

in eaola melted cast iron............... Dec 1670 

effect on ductility, cast 

equilibria in reactions........................ Nov 1558 

equilibria with sulfur, slags........... July 862 


pressure, kinetics, oxidation of Bera 


1096 
Ti-Fe-O phases 572 
discussion 
Ti-Mo-O ...... "May 
Oxygen in Liquid ‘Iron-Nickel 
Sep 1195 
P 
Palladium: 
gases on fabrication of .................... ug 1029 
Papazian, H., and_Lad, R. A: On ane 
Ordering Effects in the Corro- 
sion of CusAu by Aqueous Fer- 
Parameters: 
TH-V=Mo, B Aug 959 
Parr, J. G., and Polonis, D. H.: Orienta- 
tion Relationships Between Al- 
pha Prinve and Beta Phases in a 
Phase in Titanium- 
Rich Alloys of Nickel and Tita- 
nium . 531 
Substructures a ase 


, Perryman, E. C, 


Vil 


Parr, J. G., Macgregor, E. R., and Pe- 
ter, rs, B. F.: Phase Transforma- 
tions in Titanium-Rich Alloys 


of Titanium and 
Oct 1324 
Parr. os Saarema, E., and Howe, 
M.: Precipitation Hardening 
a Ti- May 512 
Particles: 


size, lineal analysis, opaque samples 
Ma 


610 

Paxton, H. W., and Busby, C. 

Aging of 4340 788 


Pearson, S., and Rotherham, 
nal Friction and Grain Bound- 
ary Viscosity of Copper and of 
Binary Copper Solid Solutions 
Aug 881 
Internal Friction and Grain Boundary 
Viscosity of Silver and Binary 
Silver Solid Solutions............ ug 
Perkins, Ee C., Rosi, F. D., and Seigle, 
Mechanism of Plastic 
Fiow in Titanium at Low tes 
High Temperatures .............. Feb 115 
W.: Recovery of Cold 
ee High Purity Al-Mg Al- 
Oct 1247 


894 


Peters, B. F., Parr, J. G., and Macgregor, 

E. R.: Phase Transformations im 
Titanium-Rich Alloys of Tita- 


um and Manganese.............. Oct 1324 
W., and Bromley, L. A:: 
Preparation of Metallic Tita- 

nium by Film Boiling............ Feb 284 


Phase diagrams: 

Bi-Mniisy stem 

debismuthizing of lead... 
magnetic Fe- Ni 
partial Ti-TiAuz.. 
solid Fe-Au 


system Zr-N 


Phases: 
burnt tungsten 
x, Cr-Ni-Mn-Mo .. 
chromium, B 
Cr-Fe, a-g transfo 
crystal structure, plutoniu. 
Cs-Cl-type ordered structures. 
diffusion on creep, a, ¥, iron.... 
expansion coefficients, a uraniu 
Fe-Si, Fe-Si-Ti, y loop 
hydrogen, titanium 
intermediate, U-Zr 


matrix in bainite, martensite 
metastable, Fe-Ni ................... 
orientation, Ti-Ni . 
properties Ti- 
o nucleation, stainless steels .. 
ee: pelained B, Ti-N 
titanium, 6=stable) 
Ti-Fe, Ti-Fe-O ..... 
discussion 
Ti-V-Mo, 8 parameters.. 
transformations, Ti-Ni 
transformation, ‘TiO! 
Phase transformations: 
dilatometer: for study: 


precipitation, supersaturated solid so- 
lutions. May 
Ti-rich corner, Ti-Al-V. 
discussion 


Phase Transformations in Titanium-Rich 
lloys of Nickel and ee 


531 
Phase Transformations in Titanium- Rich 
Alloys of Titanium and Manet 


ne 
Philbrook, Ww. O., and Kirkbride, L. D.: 
Rate of FeO Reduction from 
a Slag Car- 
bon-Saturated Iron .... 
discussion 
Phosphorus: 
Great Falls billet plant... 
Pietrokowsky, P., Frink, an 
Duwez, P.: Investigation of the 
Partial’ Constitution Diagram 
Pikus, F. ee Ward, R. A., and Hoffman 
E.: Self- Diffusion in Solid 


Ricki May 483 
Planes: 
basal, development .............0:::::cccee: Sep 1192 
Plastic “Anisotropy of Zinc 
Oct 1326 
Plutonium: 
erystal structure, phases.................. Oct 1256 


Pollock, D. D., and Finch, D. I.: Effects 
of Alloying Elements on the 
Electrical Properties of Manga- 
Polonis, D. H., and Parr, J. G.: Orienta- 
tion Relationships Between Al- 
pha Prime and Beta Phases in 
Phase Transformations in Titanium- 
ich Alloys of Nickel and Tita- 


in Retained-Beta Phase 
Porosity: 
strain-induced, zirconium .............. May 536 
Powder metallurgy: 
Drittle tracwiney Aug 982 


erties of Ti-Mo Alloys ...........Oct 1288 
Ojala, T., Elbaum, C., and Winegard, W. 
C.: Nonoctahedral Slip in Al- 
elationship Between Recovery and 
ay 606 
Oct 1406 
Mar 341 
Oct 1285 
Oct. 1356 
Aug 930 
Feb 91 
491 
210 
Aug 975 
....May 614 
Oct 1256 
Feb 148 
Aug 928 
..Oct 1282 
OCU 1345 
.OCt 1235 
Joke 
martensitic transtormation fe-Ni...Oct 1393 
1484 
ay 585 
ug 892 
1388 
ay 600 
ay 514 
ug 923 
ay 572 
LOct 1417 
ug 3 ug 959 
rolled, annealed titanium..................Feb 
Diet 
593 673 
211 
1285 
124 
1393 
585 
1356 
892 
et Oct 1474 
514 Oct 1403 
483 
515 
78 
556 
686 
150 
1099 
216 
98 
456 
1344 
49 
51 
553 
1341 
1282 
993 
1664 
1259 
456 
1362 
612 
918 


Vill 


density distribution, compacts ........ Feb 215 
embrittlement, chromized coatings on 
steel. Discussion May 616 
fabrication of thorium... 445 
martensite transformation . Feb 124 
reactions during sintering. Jan 49 
retained-8 phase, Ti-Ni...... .May 514 
Sintering? .May 580 
ClEtONS Aug 9177 
Powder Metallurgy Symposium, 1955 
Jan 49 
Powers, A. E.: Effect of Mo, W, and V 
on the High Temperature Rup- 
ture Strength of Ferritic Steel 
Oet 1373 
Possible Role of Diffusion in the Creep 
of Alpha and Gamma on Aug 928 
Pound, G. M., Derge, G., and Yang, L.: 
Mechanism of Elechical Con- 
duction in Molten Cu S-Cu Cl 
metal from salt solution. » 695 
itation: 
Hardening in a Ti-Cu Al- 
Precipitation of Metal from Salt Solu- 
Bon by Reduction with Hydro- 5 
edicting ithe of Nitrogen in 
Preferred Orientations and Magnetic 
Properties of Rolled and An- 
loy 962 
Preferred One ble 
Preferred. in Rolled and 
mnedled. Feb 80 
OLURO Feb 284 
Phenomena in Super- 
saturated Solid Solutions ...May 673 
Pressure- Temperature- Composition Re- 
lations in the r-N Terminal 
Pressure: 
measurements, SUIEUP May 693 
Primary Recrystallization Textures in 
Cold Rolled Si-Fe Crystals Aug 1017 
Production of High Nitrogen Steels Feb 21 
Ereperties: 
Cr-N terminal solid solution ........ May 556 
effect carbon on, Ti-Mo alloys ..June 1790 


electrical properties: 
manganin-type alloys 
high nitrogen, steels 
influence on ’steel, silicon, aluminum 


low carbon sheet coils 

magnetic, magnet alloys ... 

mechanical properties: 
fabricated thorium powders .... 
hydrogenated vanadium ...... 


strain rate, tungsten .. Feb 
Oct 


-Mo 
Ti-36 pct Al 
metal radiation damage 
Mg-U system .. 
recovery, Al- 
rhenium ...... 


solid Fe-Au 
tensile, magnesi 
Purification: 
metallic titanium by film boiling Feb 284 
of GeCl, by Extraction with 
Pyrometallurgy: 
debismuthizing of lead .................. Mar 341 
recovery from zinc concentrates May 684 
Quaternary alloys, see alloys 
Quenching: 
R 
Radiation: 
Oct 1362 
self-diffusion, Mg . 918 
tracer techniques 690 
Ramachandran, S., Kin ng, TB and 
rant, N. J.: Rate and Mechan- 
ism of the Sulfur Re- 
Raring, R. H., and Martin, F. E.: ‘High 
Speed Quenching Dilatometer 
Feb 191 
Rate and Mechanism of the Sulfur 
Transfer Reaction ............ Nov 1549 
Rate of FeO Reduction from a CaO-SiOo- 
AlzOs Slag by Carbon-Saturated 
discussion. Oct 1403 
Rausch, J. J., Crossley, F. A., and Kess- 
ler, H. D.: Titaniwm-Rich Cor- 
ner of the Ti-Al-V System Feb 211 
Reaction Zones in t Ore eae 
Recent Developments in Electrol 
ug 1081 
Recovery: 
phenomena, aluminum .................. Oct 1226 
econo. “of ‘Cold Worked High Purity 
Recrystallization: 
aluminum single crystals ............. May 517 


copper. Discussion ..... .May 618 
deformation and, Si-F Aug 901 
grain grow rates in ...... May 504 
GISCUSSION] Oct 1413 
recovery, aluminum. Discussion ey, 618 

with hydrogen, precipitation metal 
from! Salt solution! ay 695 

Beery and Grain Growth in 

of Zone-Melted Alumi- 

Re- Exnminaion of Ti-Fe and Ti-Fe-O 
ase Relations: May 572 
Refining: 
recent developments, electrolytic cop- 
silicothermie reduction of magnesia 
ug 1111 

Reiss, H., and Fuller, C. S.: Influence of 
Holes and Electrons on the Sol- 
ubility of Lithium in Boron- 

Relation of Flake Formation in Steel to 
Hydrogen, Microstructure, and 
DISCUSSION Oct 1404 

Relationship between Recovery and Re- 
crystallization in Superpurity 
Aluminum. Discussion. ........ May 618 

Relative Interfacial Energies of Sym- 
metrical Tilt Grain Boundaries 

Removal eh Boron from Silicon by Hy- 

rogen Water Vapor Treatment 
Oct 1316 

G. W. P.: Search for Oxida- 
tion- Resistant Alloys of Molyb- 
denw 

Effects of ‘Oxygen, Nitrogen, 
and Carbon on the Ductility ee 
Cast Molybdentm Feb 150 

Resistivity 

and lifetime: semiconductors ....... May 612 

Rhenium: 

Ripling, E. J.: Hydrogen Embrittlement 

a) a Commercial Alpha-Beta 

Ripling, E. J., and oan, M. W.: Corre- 
lation of the Tensile Properties 
of Pure Magnesium and Four 
Commercial Alloys with Their 
Mode of Fracturing .............« Aug 936 

Roasting: 

CUPLOUS SUIMGEe June 800A 
equilibrium considerations ............ Aug 1105 

Roberts, B. W., and Rogers, Cr 
Observations on Mechanical 
Properties of Hydrogenated 

Roberts, B. W. et al.: Contribution to 
the Bi-Mn System May 606 

Roberts, C. S.: Interaction of Precipita- 

tion and Cr eep in Mg-Al Alloys 
Feb 14 

Robertson, W. D., and Bakish, R.: Struc- 
ture Dependent Chemical Ac- 
tivity of Polycrystalline CuzsAu— 
Experiments Relating te the 
Mechanism of Stress-Corrosion 
Cracking of Homogeneous Solid 

Robinson, E. L., and Goettge, D. T.: 
Some Effects of Hot Strip Mill 
Rolling Temperatures on Prop- 
erties of Low Carbon Sheet 

Roesler, U. H.: Study of Ferrous Ter- 
nary Diagrams in Relation to 
Interactions: Fe-Ni-Al 

Rogers, and Atkins, D. 
conium-Columbium 
Discussion) 619 

Rogers, H. C., and Roberts, 
servations on Mechanical 
erties of Hydrogenated Vana- 

Rolling: 

magnet: alloys: Aug 962 

Rolling, see also Fabrication. 

Rosenqvist, T., and Ellingsaeter, B.: 
Silicothermic Reduction of Mag- 
mesa and Ferrosilicon Activi- 

Rosenthal ahd Bokros; J: 
Liquid Emulsion Autoradio- 
OF MELAS Feb 286 

Rosi, F. D., Perkins, F. C., and Seigle, 

L. L.: Mechanism of Plastic 
Flow in Titanium at Low and 
High. Temperatures 115 

Rostoker, W., Yamamoto, A., nd 
Levinson, D. W.: Effect Of Cae 
bon on some Properties of 

Rotherham, L., and Pearson, S.: In- 
ternal Friction ...and Grain 
Boundary_ Viscosity of Copper 
and of Binary Copper Solid 

Internal Friction and Grain Bound- 

ary Viscosity of Silver and 
Binary Silver Solid Solutions Ae 

ug 

Rothman, S. J., and Hall, L. D.: Diffu- 
sion in. a Molten Bi-0.255 
Atomic Pct Pb Nov 1580 

Diffusion in Liquid Lead . ea 


Runge, E. F., and Bryan, F. R.: Method 
for Spectrochemical Determina- 

tion of Aluminum in Fe-Al 


Sherby, O. D. 


Rupture: 
creep, by vacancy condensation . 
strength ferritic steel 

Russell, .. Crystallographic Angles 


Oc 
for Orthorhombic (Alpha) 

um, 

Rutter, ae W., et al.: Instability of a 
Smooth Solid- Liquid _ Interface 

during Solidification. Discussici. 


106 
t 1373 


t 1408 


May 617 
Ss 
Saarema, E., Howe, L. M., and Parr, J. 
Gi Hardening in a 
Sachs, ce Beck, W., and Klier, E. P.: 
onstant Strain Rate Bend Tests 
Hydrogen-Embrittled High 
Steels Oct 1263 
St. Pierre, G. R., and Chipman, J.: Sul- 
fur Equilibria between Gases 
and Slags containing FeO ....Oct 1474 
Salkovitz, E. I.: Crystallographic Angles 
for Bismuth and Antimony Feb 176 
Salt: 
solution, precipitation metal from May 695 
Sainans, Cc. H., Tisiani, F., and Stan- 
ley, Sigma Nucleation 
Times in Stainless Steels -May 600 
Samis, C. S., and Seraphim, Dierks 
Kinetics of the Oxidation of 
Galena in Ammonium Acetate 
under Oxygen Pres- 
Aug 1096 
Sands, ne “N.. and Miller, O. O.: Some 
Aspects of Hardenable’ Alloy 
Schaufelberger, F. A.: Precipitation of 
Metal from Salt Solution by 
Reduction with Hydrogen .May 695 
Schwartz, C. M., Vaughan, D. Awe and 
Bridge, J. R.: X-Ray Diffrac- 
tion ‘Determination of the Co- 
efficients of Expansion of Alpha 
Search for Oxidation-Resistant Alloys a 
Feb 171 
Seigle, L. L.: Thermodynamic Proper- 
ties of Solid Fe-Au Alloys Feb 91 
Seigle, L. L., Rosi, F. D., and Perkins, 
Mechanism of Plastic 
Flow in Titanium at Low and 
High Temperatures ............... Feb 115 
Self-diffusion, see Diffusion. 
Self-Diffusion in Magnesium Single 
Crystals ... JA 918 
Self-Diffusion in y 
tals of Zine at Low Temperatures 
Fe 164 
Self-Diffusion in Solid Nickel ......... May 483 
Self-Diffusion of Iron in Austenite Oct 1336 
Self-Diffusion of Iron in Molten Fe-C 
Semiconductors: 
dislocations, germanium ................ Aug 946 
mathematics zone melting. Discussion 
May 615 
purification of GeCla May 688 
recrystallization, zone-melted alumi- 


removal, boron from silicon 
resistivity, lifetime 
solubility, lithium 
silicon 
Separation of Germanium and Caan 
Concentrates by 


Fu 
Seraphim, Die and Samis, C. S.: 
Kinetics of the of 
alena in Ammonium Acetate 
under Oxygen Pres- 
Seybolt, and Oriani, R. A.: Pres- 
sure- Temper ature-Composition 
Relations in the Cr-N Terminal 


Seybolt, os et al.: to 
Bi-Mn Syste May 


Seymour, W. E., N.: 

termediate Phase in the Ura- 

nium-Zirconium System .... Oct 

Shahinian, P., and Weertman, J.: Creep 

of Polycrystalline Nickel ... Oct 

Shepard, L. A., and Dorn, J. E.: De- 

layed Yielding in a Substitu- 

tional Solid Solution Alloy . Oct 

and Lytton, J. L.: Pos- 

sible ‘Role of Diffusion in the 

rece of Alpha and Gamma 

Iro Aug 

Sherby, Os De Dorn, J. E., and Huang, 

H. I-L.: Activation Energy for 

High Temperature Creep of 

High Purity Aluminum ..... 

Shewmon, P. G.: Self-Diffusion in Mag- 

nesium Single Crystals Aug 

Shortsleeve, F. J., Troiano, A. R., 

Dana, Relation of 

Flake Formation in Steel to 

Hydrogen, Microstructure, and 

Morgan, E. and Zackay, 

of High Nitro- 

Sibakin, and Ikeda, G. M.: Fac- 

tors Affecting Coiling Tempera- 

tures in the Hot Strip Mill. Sep 

Sigma Nucleation Times in Stainless 


Shyne, J 


Silicates: 
liquid iron, May 
surface tension studies 
Silicon: 
boron-doped, solubility of lithium in 
e 
Si-Fe 
Aug 


deformation, recrystallization 


1096 


556 
606 
1406 


1312 
1223 


1229 


928 


1385 
918 


1404 
216 


1174 
600 
690 

53 
276 
901 


203 
216 
i269 
Sep 1169 
Aug 962 
Oct 1235 
Apr 445 
1213 
142 
521 
1388 
1348 1316 
OCT abs 612 
.. May 562 
682 
|| 
1408 
1674 


Fe-Si, Fe-Si-Ti, y Oct 
Fe-Si order- disorder 
grain-oriented Si-Fe 


influence on properties, steel. Oct 
recrystallization textures, Si . Aug 
removal! boron» Oct 
Silicothermic Reduction of Magnesia and 
Ferrosilicon Activities .......... Aug 

Silver: 
grain boundary mobilities................ May 


grain boundary viscosity.. 
interfacial energies ....... at 
internal friction A g 


filtration OF TiC. Skeletons 
Simcoe, ce So) Elsea, A. R., and Man- 
(eh eg Further Work on 

the. ~Boron- -Hardenability 

ug 

Simnad, MI. T, Yang, L., and Derge, G.: 
Direct Measurement of Ferrous 
Ion Mobility in Liquid Iron Sili- 
by a Radioactive 


CORRAGUC 
Self- Diffusion of Iron in Molten Fe- ol 
Sims, oie T., and Jaffee, R. I.: Fur- 
ther Studies of the Properties of 
Aug 
Sintering: 
interaction between metals, atmos- 
pre, Bunker Hill Co. practi 
Of 


reaction zones, 
Slags: 

activity coefficient of coppev......... Aug 

diffusion, iron in Fe-C 


Ju 
equilibria in reactions, 
equilibria, open-hearth type... 
ferrous ion mobility.............. 
hydrogen in steelmaking..... 
methods of surface tension 
rate of FeO reduction........... 
reduction. Discussion . 
sulfur equilibria ................. 
sulfur on surface tensions 


sulfur transfer reaction................... ‘Nov 
Slip: 

nonoctahedral, aluminum ................ Oct 
Smelters, smelting: 

magnetite in Hurley coppetr............. Sep 
Smith, R. L:, and Jaumot, F. E., Jr.: 


Comparison of Techniques in a 

Study of Zinc 

e 

Self-Diffusion in Single and Polycrys- 
tals of Zine at Low Tempera- 

Solidification, solids: 
Al-Cu, Al-Zr. Discussion ............... 
diffusion coefficients in........ 
filtering apparatus for study e 
instability, interface. May 
metastable phase, Fe-Ni ay 
Solidification of Aluminum-Zinc 


ug 
Solid Solubility of Lithium in Aluminum 


May 
Solid solutions, solid solubility: 
aluminum in i 

aluminum, plastic deformation ..... May 

Cr-N terminal 
friction, viscosity, silver 
grain boundary viscosity, copper.. Aug 

homogeneous, stress-corrosion ...... 
internal friction, silver-base... 
nickel-base substitutional .. 
nickel self-diffusion 
precipitation phenomena in sup rsatu- 

rated M. 

properties, Fe-Au = 
Solubility: 
hydrogen in 
lithium in boron-doped silicon 
nitrogen in molten steel 
oxygen in liquid iron 
Solute Diffusion in Nickel-Base 
tutional Solid Solutions...... 
Some Aspects of Hardenable Alloy Steels 


770 
Some Bees of Hot Strip Mill Rolling 
Temperatures on Properties of 
Low Carbon Sheet Coils ....... Sep 1169 
Some Observations on the Structure of 
State Discussion May 619 
Some Transient Effects During Creep 
and pee Tests of an Alumi- 
Specimen preparation: 
na an - 
a ho: ff, R Effect of Prolonged 
High Temperature 
on the Hardenability of Boron- 
Sphalerites: 
Sprays 
Spretnak: J. W., Goldhoff, R. M., and 
Speiser, R.: Effect of Prolonged 
Heating at High Temperature 
on the Hardenabitity of Boron- 
Treated Steels 1091 
W., Janes R. I., an en- 
Effect of Hydrogen 
on ‘Alpha Alloys 1235 
Samans, C. H., and Tisi- 
F.: Sigma Nucleation 
Times in Stainless Steels.....May 600 


Stansbury, E. E., Frye, J. H., Jr., and 
Holder, s. G., Jr.: Internal Fric- 

tion Studies on Silver and Cer- 
tain Silver-Base Solid Solutions 
Aug 

aes G., Kenworthy, H., and 
llar, A.: Separation of Germa- 
an and Cadmium from Zinc 
Concentrates by Fuming..... May 


Stariliper 


Steel: 
bainite transformation .................... Aug 
boron-hardenability mechanism ....Aug 
boron-treated, hardenability .......... Aug 
embrittlement, chromized 


Discussion 
equilibria, slags ...... 
ferrite nucleation 
ferritic, 


matrix phases in bainite, 
Oc 


oxygen: in) liquid Sep 
production, high nitrogen ..... 
reduction in slags. Discussion. 
shrinkage cavity, reheating . 5 
o nucleation, stainless...................... M 
solubility of nitrogen in molten... 
strain aging Ju 

strain rate, hydrogen-embrittled... ‘Oct 

Steelmaking: 
coiling temperatures, 


hot strip mills 
Se 


diffusion, iron in Fe-C 

FeO reduction in slags Mar 

hot strip mill rolling temperature 
e 


solubility, equilibria, slags........ ... Nov 
sulfur equilibria, slags and gases . 
sulfur transfer reaction: 
surface structure containing sulphur 

an 


surface tension, molten silicates... Jan 

Stockman, C. H., Dillon nA and Bur- 

Tiss ‘Contribution to Mathe- 

matics of Zone Melting. Discus- 

Stone, Margolin, H., and Farrar, 

Oxyger Systems. 

S.: Some Studies of Al- 

Al-Zr Solid State Bonding. 


Strain: 
aluminum alloy 
| a-B titanium............ 
molybdenum, tensile deformation... Fey 


993 


rates, hydrogen- probrtiee steels... Oct 1263 
Strain ‘Aging of AISI 4340............... June 788 
Strain-Induced Denes and Hydrogen 
Embrittlement in Zirconium 
ay 536 
Strain Rate Effects in Tungsten......... Feb 142 
Strength: 
rupture, ferritic steele Oct 1373 
strain aging, AISI 4340.. . June 788 
tensile, sintering .......... .May 580 
Stress: 
corrosion cracking, CusAu. 
creep, aluminum... ..Oct 1385 
creep, polycrystalli 1223 
flake formation steel. Discussion....Oct 1404 
molybdenum, tensile deformation....Feb 178 
GISGUSSIOND Oct 1420 
plastic, elastic, Si-Fe...... Oct 1319 
tensile creep, aluminum Feb 195 
yielding, solid solution alloy........... Oct 1229 
Strip mills: 
coiling temperatures in hot............. Sep 1174 
effects of temperatures...............0... Sep 1169 
Structural Changes During the Aging in 
an Al-Mg-Zn Alloy........ Oct 1378 
Structural Changes in Molybdenum Sin- 
gle Crystals Due to Cold Rolling 
Oct 1298 
Structure: 
crystal, plutonium phases........... .-Oct 1256 
grain boundary fracture surfaces. Oct 1241 
hydrogen tolerance, titanium alloys 
Aug 923 
sulphur on surface tensions....... . Jan 59 
Structure Dependent Chemical Activity 
of Polycrystalline CuzAu—Ex- 
periments Relating to the Mech- 
anism of Stress-Corrosion Crack- 
ope of Homogeneous Solid Solu- 
Study Ternary Diagrams in 
Relation to Magnetic Interac- 
tions: Fe-Ni-Al System......... Oct 1285 
Study ey the Effect of Gases on the 
Melting, Casting, and 
OF Palladium, Aug 1029 
Study of the Fe-Si Order-Disorder Trans- 
Sublimation Figures in Nickel, Copper, 
Substructures in Retained-Beta Phase of 
Sulfides: 
CUDLOUS, TOASTING June 800A 
equilibrium considerations in roasting 
Aug 1105 
sulfur pressure measurements........ May 693 
Sulfur: 
elimination, copper smelting Sep 1182 
embrittlement of cobalt.............. ..May 578 
equilibria with oxygen, slags......... July 862 
microstructure Fe-S .. . Aug 950 
surface tension measurements.......... Jan 59 


IX 


transfer reaction Nov 1549 
Sulfur Embrittlement of Cobalt........ May 578 
Sulfur Equilibria between Gases and 

Slags containing FeO we Oct 1474 
Sulfur Pressure Measurements above 
eS in Equilibrium with Iron 

693 
Suoninen, E. J., Genevray, R. nd 


Bever, M. B.: Effect of eyes 
on the Martensitic Transforma- 
tion in the Cu-Zn System .. Feb 283 
Surface Structure of Slags 
J 


Containing Sulphur 59 
Surface Tensions of Silicates ........... 53 
Swalin, R. A., and Geisler, A. H.: Neu- 

tron Diffraction Study of An- 

nealing Textures in Drawn 

Body-Centered-Cubic Metals 

1259 


Swalin, R. A., and Martin, A.: Solute 
Diffusion in Nickel-Base Substi- 
tutional Solid Solutions ...... May 


567 
Sympathetic Nucleation of Ferrite... Oct 1216 


System Zirconium-Nitrogen .............. Feb 98 
T 
Tankhouses: 
schedule, copper refinery................ Aug 1082 
Tapping: 


chromium 
brittle fracture, TiC... 
coiling, hot strip mill 
ereep, 
creep, polycrystalline nickel. 
Cr-Fe, a-g transformation... 
Cr-N ‘terminal solution. 
dittusion; G=brasse 
embrittlement, titanium. 
Fe-Si, Fe-Si- Ti, vy loop........ 
Fe-Si order-disorder ......... 
fracture, magnesium alloys..... 
grain gr owth, 
iSCUSSION. 
hardenability, steels . 
heat treatment Ti-Fe......... 
high rupture strength steel 
hot strip mill rolling......... 
hydrogenated vanadium . 
influence boron on tra 
discussion . 
intermediate, c 


lithium solubility in aluminum... May 553 
low, zinc Feb 1 
martensitic transformation Fe-Ni....Oct 1393 
mechanical properties Ti- MO! Oct 1388 
melting point, hafnium, zirconium, ti- 
tanium May 509 


Mg-U system 
molybdenum, tensi 


order-disorder, B brass. 
GISCUSSION) Oc 
plastic nor, of titanium at low and 
embrittlement in zirconium 
ay 536 
prolonged heating at, steel.............. Aug 1091 
properties, hot- rolled steel.. Oct 1269 
properties, rhenium ....... Aug 913 
quenching dilatometer ... Feb 191 
recrystallization, deformation,  Si-Fe 
ug 
self-diffusion iron in austenite........ Oct 1336 
o nucleation; ..May 600 
solid nickel, self-diffusion . May 483 
solid solution alloy, yielding Arie Oct 1229 
solute diffusion, nickel solid solutions ae 
strain rate, tungsten 142 
950 
tempered titanium ...... 961 
tensile creep, aluminum 195 
tensile properties magnesium... Aug 9 
tensility, zirconium with iron.. May 486 
Ti-Mo-V, structural stability... May 491 


Ti-rich corner, Ti-Al-V .. 
discussion 
transformation Ti-Au 
X-ray diffraction, Zr-H.. 
Temperature Dependence 
henomena in a_Cold- Rolled 
Aluminum Single Crystal...... Oct 1226 
Tempering: 


Tensile: 

properties magnesium ...................... Aug 936 

strength, sintering. May 580 
Tensile. Characteristics of Par rticle- 


Strengthened of Zirco- 


Tensile Creep of High Panes Aluminum 
Feb 195 
Tensile of Germanium Sin- 
VEN CTU Feb 111 
Tensile Deformation of Molybdenum as 
a Function of Pemperarnne and 
din: Rate Feb 178 
GISCUSSION Oct 1420 
Tension: 
surface.) silicates’ Jan 53 
Ternary alloys, see alloys. 
Texture: 
cube, annealing temperature Aug 967 


1319 
1269 
1017 
1316 
612 
682 
989 
513 984 
1081 
993 616 
977 Oot 1216 
OCH 
ake formation. Discussion................O0ct 1404 
hardenability, low alloy...................Aug 1008 
984 hardenable alloy 770 
hot rolled, properties..........................0et 1269 
intermediate phases, burnt........ Feb 97 
low manganese, nuclear applications 
690 1664 
1577 1195 
216 
1403 Hurley copper smelter.......................Sep 1182 
913 1199 Taylor, A.: Constitution of Nickel-Rich 
600 Quarternary Alloys of the Ni- 
1099 Cr-Ti-Al System ........ Oct L306 
49 7188 Taylor, J. L.: Beta Phase Parameters in 
1469 1263 the System Ti-V-Mo ...........Aug 959 
m 580 Temperature: 
853 activity, copper in Fe-Cu ............... Aug 1086 
1174 activity, copper in liquid iron.......Aug 1024 
1102 1577 alloys, Li-36 pet S48 
1577 351 annealing, cube texture. 
873 
1558 1169 AUS 
862 1568 Aug 982 
690 1558 Sep 1174 
1568 1474 1385 
53 1549 OCC 
351 ...May 614 
1403 59 May 556 
1474 53 73 
59 rete May 502 
1549 
atl May 
May 504 
1182 OCHA STS 
Sit 595 . Aug 1008 
May 521 
LLG: 
1213 
mation 
497 May 551 
164 502 Oct 1409 
178 
619 
1341 
263 
617 
585 
972 
le deformation...Feb 178 
1674 
477 
556 
894 
881 
1277 
993 
567 
483 
673 
91 
1229 
1568 
276 
1099 
1558 
567 


X 


recrystallization, Si-Fe Aug 
Ther Properties of Solid 

Theuerer, H. C.: Purification of Gecl, 
by Extraction with HCl Hee 
Chlorine 
Removal of Boron from 
ater Vapor Treatment..........O0ct 

Thorium: 

fabricating powders. 


Thorium-Columbium and Thorium- Ti 
Alloy Systems............ Feb 


Tietz, T. E., d Dorn, J. E.: Creep of 
Intermediate Tem- 

Tiller, W. A. et al.: Instability of a 


Smooth Solid- Liquid Interface 
during Solidification. Discussion 


May 

Time: 
grain growth, recrystallization........ May 
high temperature creep, 
sulfur in iron Aug 


Stanley, K., and Sa- 
mans, Sigma Nucleation 
Times in Stainless Steels....May 
Titanium: 
allotropiec transformations ................ 
a-B, hydrogen embrittlement 


Tisinai, 


basal plane development, electrode- 
brittle Peraeture cemented TiC Aug 982 
cooling rate ..Feb 288 
diagram Ti-TiAup .. .Aug 930 
Fe-Si, Fe-Si-Ti, y loop ..Oct 1345 
film boiling, metallic....Feb 284 
heat treatment, mechanical properties 
i- May 521 
hot-rolled textures .... .Feb 113 
hydride, crystal symmetry . July 861 
hydrogen embrittlement ... .Aug 907 
hydrogen embrittlement Aug 923 
WVGROLEN ..Oct 1235 
martensitic transformation Aug 1036 
melting “point: .May 509 
molybdenum alloys . June 790 
Ni-Cr-Ti-Al ..Oct 1356 
orientations, rolled and annealed . Feb 80 
phase transformations’ Oct 1324 
phase transformations, Ti-Ni May 531 
precipitation hardening, Ti-Cu ...May 512 
properties Ti-Mo ............. ... Oct 1388 
retained-f phase, Ti-Ni ... .May 514 
solute diffusion in nickel ... May 567 
structural Ti-Mo-V 491 
system Ti-V-Mo ..Aug 959 
tempered alloys Aug 961 
Ti- Fe, Ti-Fe-O p May 572 
discussion 1417 
184 
Titanium-Rich Corner of the Ti-Al-V 
Ti-36 Pct Al as a Base for High an 
Toaz, M. W., and Ripling, E. J pct 
lation of the Tensile Properties 
of Pure Magnesium and Four 
Commercial Alloys with Their 
Mode of Fracturing, Aug 936 
Tracy, G. A., Wilhelm, H. A., and 
Chiotti, P.: Magnesium- Urani- 
Transformation: 
bainite, Ni-Cr steel Aug 989 
creep, tensile test, aluminum May 497 
Cu- Zn, martensitic ty ..Feb 283 
diagram, Ti-TiAuz ........... . Aug 930 
Fe-Si, Fe-Si-Ti, 7y loop . Oct 1345 
Fe-Si order-disorder ..Oct 1290 
hardenability, low alloy steels ..... Aug 1008 
influence boron on, iron May 551 
discussion Oct 1409 
internal frictio Feb 186 
martensitic, Fe-Ni ................. Oct 1393 
martensitic, titanium ... ..Aug 1036 
metastable phase, Fe-Ni 585 
nucleation of martensite Feb 124 
phase, nickel, titanium ...... May 531 
structural stability, Ti-Mo- May 491 
Ti-Mo AUOVE 790 
Zr-Cb diagram. Discussion .. .May 619 
Transformation of the TiO Phase ....Feb 184 
Transition elements: 
binary systems, intermediate phases 
Feb 265 
Treco, Recrystallization and 
rey Growth in Iodide Zir- 
Trilli, jee J.: Exposure of Shrinkage 
Cavity during the Reheating of 
Open Top Killed Steel Ingots 
Sep 1199 
Troiano, A. R., Dana, A. W., Jr., and 
Shortsleeve, F. J.: Relation of 
Flake Formation in Steel to 
Hydrogen, Microstructure, and 
Stress. DISCUSSION Oct 1404 
Tungsten 
burnt, ipterniediate phase, steels Feb 97 


effect, rupture strength steel 
solute diffusion in nickel 
strain rate effects ..Feb 
Turnbull, D., and Cech, R. E.: Hetero- 
geneous Nucleation of the Mar- 
tensite Transformation Feb 
Twinning, twins: 
grain growth, aluminum 
discussion 


Ujiiye, N., and Maddin, R.: Structural 
Changes in Molybdenum Single 
Crystals Due to Cold Role 

Underwood, E. E., and Marsh, L. L., Jr.: 
Effects of Alloying Elements on 

Plastic Deformation in Single 


Uranium: 
allotropic transformations ............ Feb 
deformation, _ crystals. Discussion 


diffraction, nitrides of 
expansion coefficients, a uranium Oct 
intermediate phases, U-Zr 


Mg=U) ‘system! “May 
nonmetallic inclusions . Apr 
Vv 
Vacuum fusion: 
Grogen vin, slags! Nov 
gas content, aluminum ..................... Dec 
Vanadium: 
binary, “systems Of Feb 
effect, rupture strength steel Oc 
mechanical properties, By 


structural Ti-Mo-V ..May 491 
system? Tis Aug 959 
Ti-rich corner, Al-V ..Feb 211 
Van Viack, H., and 
Microstructure of Iron-Sulfur 
Vapor pressure: 
determinations, germanium 
Vapor Pressure of Liquid 
Activities in  Liqui 
ALLOYS: ug 1086 
Variations in Radiation to 
Metals Oct 1362 
Vaughan, D. A.: X-Ray Diffraction 
Study of the Nitrides of ECR 
Vaughan, D. A., and Bridge, J. ne 
High Temperature X- Ray Dif- 
fraction of the 
=H a 528 
Vaughan, D. A “Bridge, J. R., and 
Schwartz, C. M.: X-Ray Dif- 
fraction Determination of the 
Coefficients of Expansion of 
Alpha Oct 1282 
Vaughan, D. A., Dickerson, R. F., and 
erds, A. F.: Metallographic 
Identification of Nonmetallic 
Inclusions in Uranium. ........ Apr 456 
Viscosity: 
diffusion, diquid: Feb 199 
discussion ..Oct 1408 
grain boundary, copper Aug 881 
grain boundary, silver ..........00 Aug 894 
Vogel, F. L., Jr.: Dislocations in Plas- 
tically Bent Germanium Crys- 
COALS Aug 946 
Voids: 
Volume: 
a-g transformation, Cr-Fe ............ May 614 
Wadsworth, M. E., and Cutler, I. B.: 
Flocculation of Mineral ‘Suspen- 
sions with Coprecipitated Poly- 
electrolytes Aug 1092 
Wadsworth, M. E., Fassell, W. M., Jr., 
and Dresher, H.: Kinetic 
Study o he Leaching of 
Molyodentte une 794 
Wadsworth, M. E Fassell, W. M., Jr., 
and Ong, J. r.: Kinetic 
Study of the ” Oxidation mo 
257 
and Grant, N. ‘Hydrogen in 
Steelmaking Slags Nov 1568 
Walton, D. et al.: Instability of a 
Smooth  Solid- Liquid Interface 
during Solidification. Discussion 
May 617 
Wang, C.-C., and Grant, N. J.: Trans- 
et As of the TiO Phase Feb 184 
Ward, R. A., Hoffman, R. E., and Pikus 
F. Self- Diffusion in Solid 
Washburn, Experimental Observa- 
tions Concerning the Collapse 
of Dislocation Loops During 
Weertman, J., and Shahinian, P.: Creep 
of Polycrystalline Nickel ..... Oat 1223 
Wells, C., and Aaronson, H. I.: Sympa- 
thetic Nucleation of Ferrite FS. 1216 
Wells, C., Busby, P. E., and Hart, D. 
Diffusion of ‘Nitrogen in tee 
May 686 
Werner, F. E., Averbach, B. L., and 
Cohen, M.: Matrix Phase in 
Lower Bainite and Tempered 
Whittenberger, E. J., Burt, R. R., and 
Carney, D. J.: Hardenability 
Factors for Hypereutectoid 
Low-Alloy Steels Aug 1008 


Wiener, G., and Corcoran, R.: Deforma- 
tion and Recrystallization of 


Wikle, ae G., Klein, J. G., and Beaver, 
jPabrication of Thorium 
Wilhelm? chiotti; P., and Tracy, 
G. Magnesium- -Uranium 
Wilhelm® et al.; Thorium-Colum- 
bium Thorium-Titanium 
Willey, L. A.: Filtering Apparatus for 
Study of Liquid-Solid Equilibria 
Alloy Feb 263 
Winegard, W. C., and Bratina, W. J.: 
Internal Friction in Zirconium 
Feb 186 
Winegard, W. C., et al.: Instability of a 
Smooth | Solid- Liquid Interface 
during Solidification. Discussion 
May 617 
Winegard, W. C., Ojala, T., and EL 
baum, Slip 
in ALUMINUM Oct 1344 
Wood, D. L.: Growth of External Cop- 
per Layers During the Internal 
Oxidation of Dilute Cu-Al Al- 
loys in a CuzO-Cu Pack ....... Oct 1252 
Wriedt, H. a and Chipman, J.: Oxygen 
in Liquid Iron- Nickel Alloys 
Sep 1195 
x 
X-ray data: 
Bi Au 976 
diffusion, coefficients in solids ...... Oct 1341 
electrodeposits, patterns ................. Sep 1193 
grain growth, recrystallization ..May 504 
discussion Oct, 1413 
transformation; "TIO Feb 184 
X-ray diffraction: 
intermediate phase, burnt 
steel .. Feb 97 
orientations, titanium ...Feb 80 
boride ...... ..Oct 1325 
May 528 
X- Ray Diffraction Determination ‘of the 
oefficients of Expansion of 
Alpha (UT Oct 1282 
X-Ray Ditractiot: Study of the Nitrides 
Y 
Yamamoto, A., Levinson, D. W., and 
Rostoker, W.: Effect of Carbon 
on some Properties of Ti-Mo 
Yang, L., Derge, G., and Simnad, M. T.: 
Direct Measurement of Ferrous 
Ton Mobility in Liquid Iron 
Silicate by a Radioactive Tracer 
Technique, May 690 
Self- Diffusion of Iron in Molten Fe- ro 
Yang, ie es G. M., and Derge, G.: 
Mechanism of Electrical Con- 
duction in Molten Cu S-Cu er 
and Mattes Ju 783 
Yielding 
Yurcisin, P. et al.: Contribution to the 
p Bi-Mn Syst em May 606 
Z 
Zackay, V. F., Morgan, E. R., and 
J. C.: Production of 
gh Nitrogen Fe 216 
I., and Kuczynski, 
Density’ Distribution in Metal 
Powder Feb 215 
Zellars, G. R., and Morris, J. P.: Vapor 
ressure of Liquid Copper and 
Activities in Liquid Fe-Cu 
Zine: 
aging, Al Oct 1378 
basal plane development,  electro- 


chemical polishing . 
creep, 6 brass ...... 
discussion 
crystals, self-diffusion ......... 
.Cu-Zn system, martensitic tran: 
tion 
diffusion, B-brass 
etch pits dislocat: 
VARIN 
intercrystalline fracture 
plastic anisotropy . 
self- 


solidification Al-Zn . 

sublimation figures 
Zirconium: 

Al-Cu, Al-Zr bonding. Discussion May 

allotropic transformations 


Feb 
basal plane development, electro- 

intermediate phase, U-Zr Oct 


melting point 


orientation in Zr-Cb ...... 
porosity, embrittlement ................ May 
recrystallization, grain growth in 

iodide Oct 
system: Zr=N) Feb 
tensility, with iron .......... .May 
X-ray diffraction, Zr-H ... .. _ May 
Zr-Cb diagram. Discussion May 


Zirconium-Columbium Diagram. Discus- 


Zone melting: 
aluminum recrystallization ............ Aug 


mathematics. Discussion 


| 
1373 
1017 567 
91 142 
688 124 
517 
1316 1413 
913 
445 U 
132 
132 
1298 
156 
617 162 
504 616 
1413 73 
1282 
1385 1312 
600 562 
950 456 
600 
1568 
162 2 
167 
265 
1412 
1373 
1213 
1325 
May 604 
......Oct 1409 
Feb 164 
sforma- 
eb 283 
Feb 73 
.. Aug 998 
Oct 1241 
May 544 
.. Oct 1416 
....Oct 1326 
..Feb 137 
hdmium 
682 
972 
515 
619 
162 
1192 
1312 
186 
509 
122 
536 
1304 
98 
486 
528 
619 
619 
May 615 


‘ 
= 
AN 
: 
~ 


4 
= 
— 
= 
= > 2 
at - 
7 
\ 
~ 
— 


DATE DUE 


Reser 


serye/Rertodidal Materia 


VE/Periodidal Desk O 


DEMCO 38-297 


JAN 9D 
RET DIpER aon 1992 
Must the. 


THE UNIVERSITY OF ILLINOIS AT CHICAGO 


ATE 


309 _ 333 


cde, 


